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Abstract

Abstract

A set of Mnbased maraging TRIP steels waessigned byMax-PlanckInstitut flr
Eisenforschung GmbH (MPIE) for lighweight and safeutomotive applications.
According to their research, these Mased maraging TRIP steels exhibited a
simultaneous increase in both strength and ductility upon aging. They attributed this
surprising effect to the combination of precipitation strengthemeghanism and

TRIP effect of reverted/retained austenite.

This thesis carried out a further study on this type of steels with minor modification
of chemical composition (I2 wt.% Mn, with additional ~ 1 wt.% Al). The
unknown precipitates were charactedzas Lz-ordered NiTiAl intermetallic phase

for the first time. This type of precipitates is not only coherent but also coplanar with
the martensite matrix. Their special orientation relationship together with the small
lattice misfit (1.24%) led to thprecipitates remaining coherent with the martensite
matrix even after a lonterm aging for 10080 min. Analyses on precipitate size
revealed that the coarsening rate constants follows the diffasiunolled
coarsening kinetics formi [* 0 ¢predicted byLSW theory, but the experimental
precipitate size distributions (PSDs) is much broader than the theoretical PSD
function. In addition, a core/shell structure was observed within the precipitates, but

the exact structure of this structure is still not clea

The formation of reverted austenite nanolayers initiated at the onset of aging by a
diffusionless shear mechanisgince the critical Mn concentration for austenite
reversion at the interface is velgw. The accumulated Mn segregatiat grain
boundaris in the following aging led to the austenite nanolaytdrat grewto lath

like reverted austenit@vhich meanstte lateral growth of austenite was supported by
the diffusion of Mn. Due to the low diffusion rate of Mn and the thermodynamic
resistance to @escence, the growth rate of Hitke reverted austenite is slow and
thus the austenite maintained in the rarg®200 nm for a long time.The
segregation ofi and Mo on grain boundaries in the initial aging stage resulted in the
Mn concentration of awsnite nanolayers being far from that indicated by the

equilibrium FeMn phase diagranThe segregation of Ti and Mo gradually vanished
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with the enrichment of Mn during the succeeding aging procdss. TEM-EDS
analysesevealed the Mn concentration ofHdike austenite was at the level of ~24
at.% which is higher than that of retained austeni®1@ at.%) reported in
conventional Mrbased TRIP or Q&P steelslanoindentatiortesting revealed that
the high stability of reverted austenite in Mased maragg steels was mainly
attributed to the high Mn concentration of austenite. The 4s&® of reverted

austenite was also considered to b@aasible for the high stability.

Severe embrittlement oceed in samples aged at lower temperatures or for short
times. Increasing aging temperatures and duration can significantly imgreve
embrittlement phenomena. Auitimate tensile strength (UTS) of 1120 MPa with
total elongation (TE) of 18.4% was obtainedhe 12% Mn alloy by aging at 50C

for 5760 min. It was demonstrated that the dense precipitates contributed to the
increase in vyield strength whereas the work hardening of reverted austenite
contributed to the enhanced strength and ductility after yigldihe TRIP effect of
reverted austenite reported by Raabe et al. does not occur to any significant amount

owing to the high stability of reverted austenite in-Masednaraging steels
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Chapter 1 Introduction

Chapter 1 Introduction

Steels possessing a good balance of mechanical properties (tensile strength
elongation) are of great importance to their applications. Specifically in the
automotive industry, they are regarded as the future key materials fowkggttt
strategies and related fuel and car emissions savings. The huge commercial demand
therefore has driven both industry and academia to make great progress in
developing various high strength steel (HSS) grades and corresponding processing

technology.

High-strength lowalloy (HSLA) steels, as the most conventional HSS group, have a
microstructure ofine ferrite grains strengthened by carbides and/or nitrides of Ti, V

or Nb. Generally their strength is at the level of -BO® MPa. As this type of steels

can be manufactured by simple processing paths, they have been widely used in
automotive applicatins. In order to further improve the combining properties of
strength and ductility, other alloying elements have been added and hence more
sophisticated alloy systems have been designed, such as Dual Phase (DP) steels,
Transformation Induced Plasticity RTP) steels, Twinning Induced Plasticity (TWIP)
steels and martensitic (MART) steels. Global tensile stregigiihgation profile of

those steel families is displayed kgure 1-1 [1]. Dual phase steels are mainly
consttuted of soft ferrite with dispersed islands of hard martensite. Their strength is
dependent on the amount of martensite and its morphology and distribution
[2][3][4][5]. TRIP steels are multiphase grades which utilize specially designed
alloying additions and processing paths to retain certain amount of austenite down to
room temperature within a ferritic matriThis metastable austenite transforms to
martensite when subjected to plastic deformation, which leads to a volume and shape
change of the resulting martensite and matrix to accommodate the transformation
misfit and thus increases the ductil[B][7][8]. TWIP steels normally have a fully
austenitic microstructure at room temperature. The formation of mechanical twins of
austenite during deformation induces high strain hardening and prevents necking,
which maintains a very high strain capacity and achieves a better balance of strength

and ductility[9][10][11]. Another group of HSS is martensitic (MS) steels, among
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which maraging steels is the most widely studied category. Maraging steels are
known for its ultrahigh strength which is attributed to the heavily strained martensite
matrix upon quenching anfdirther precipitation strengthening by aging treatment.
These precipitates act as highly efficient obstacles against dislocation motion via
Orowan mechanism. The detailed microstructure and properties of maraging steels

will be introduced irSection2.2
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Figurel-1 Global tensile strengthlongation profile for various kinds of ste§l§.

It is recognized that deformationduced martensitic transformation plays an
important role in improving the mechanical properties of TRIP steels.
Conventionally, high level of carbon content is added to retain austenite at room
temperature, but the poor weldability resulting from high carbon addition restricts its
application in the automive industry. Hence, Mn, as another effective austenite
stabilizer, is used to substitute carbon. In 1960s, Goldshtein et al. first reported an
excellent toughness obtained in a foarbon TRIP steel (0.1 wt% C, 8 wt.% Mn)
with a considerable amount of aesite [12]. Since then many researches on
medium Mn steels have been carried [d3][14][15][16]. A recent study by Luet

al. [17] reported a 5Mn s&, which contained more than 30 vol.% austenite,
exhibited an ultimate tensile strength (UTS) ef.b GPa with total elongation (TE)

of 31-44%.

On the other hand, it is generally accepted that the superior mechanical properties in

maraging steels are abtuted to the formation of strengthening ngrecipitates
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upon aging. In fact, as the aging process is normally performed at thhase field,
another phase transformation reaction, the partial reversion of martensite to austenite,
is expected to ocecu Evidence has demonstrated that austenite reversion can
significantly affect the mechanical properti¢s8][19][20]. The most classical
maraging group isiickelbased maraging steels (18 wt.% Ni) with considerable
additions of elements such as Co (8 wt.%), Ti, Cr and Mo. Owing to the sharp drop
of the availability of Co since the 1960s, many researchers have focused on
developing alternatives to expensive @nd Ni containing maraging steels. Among
them, studies on Mbased maraging steels have made great progress in minimising
the strength sacrifice resulting from the absence of Co and Ni.

Based on the above discussion, the strategy of combining the tamtbiening
mechanisms in the form of fén alloys was proposed. According to this strategy, a
microstructure including hard martensite strengthened by -peewpitates and

ductile austenite in which transformatiomduced plasticity can occur should be
atained. Raabe et dl18] designed a type of low carbon content (0.01 wt.% €1)2 9

wt.% Mn steels with minor additions of Ni, Ti and Mo-ZWt.%). Contradictory to

the common knowledge that the increase in strength is accompanied by a decrease in
ductility (Figure1-1), those steels exhiieid a simultaneous increase in strength and
ductility. A UTS of ~1300 MPa with a tensile elongation of 21% was reported in a
12 wt.% Mn maraging TRIP steel.

This great achievement opens a new approach to develophigltrasteels at
relatively lean alloyig costs. However, there are still some unsolved questions about
this new type of steels, e.g. the nature and composition of precipitates are debated.
The respective formation mechanisms governing the austenite reversion and
precipitation are not clear. Gan that the chemical composition, morphology and
grain size of reverted austenite are different from those of retained austenite, the
deformation mechanism of reverted austenite in these steels is supposed to be
different from that of retained austeniténelstrengthening mechanism of this type of
steels is also worth studying. Therefore, it is necessary to carry out a detailed study
on this type of steels and based on the study, the optimal microstructure and related

processing paths can be proposed.
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The pesent work is undertaken in collaboration with Tata Steel. The aim was to
proceed with a further study on a series ofl2Z¢0 Mn maraging steels.
Characterization of the unknown precipitates is the primary task of this work. Then
the formation mechanism gbrecipitates and reverted austenite are discussed,
respectively. Based on the investigation on the strengthening mechanisms, optimal

chemical composition and processing techniques are determined.

This thesis continues withapter 2which presents a general survey of relevant
literature for the study on Mhased maraging steels. After the introduction on the
development of Mn TRIP steels and Mn maraging steels, uarprecipitation
behaviours in different maraging steels are reviewed. Subsequently, the basic
knowledge about precipitate coarsening is given. Then, the discussion on the
mechanical stability of austenite and its formation mechanism is followed by a brief

overview of grain refinement in maraging steels.

Chapter Jprovides the information about the materials studied in this thesis and the
relevant processing pathgarious sample preparation methods and characterization

techniques are also described.

Chapter 4oresents the results of some basic analyses on these steelsthe gnaest
straightforward understanding about Mased maraging steels, e.g. the
thermodynamic calculation results, phase identification baydiffraction (XRD),

hardness and tensile testing results, etc.

In Chapter 5 microstructural evolution of narsrale precipitates during aging is
described. Based on the observation, the precipitate coarsening kinetics is discussed.
Then the chemical composition and crystalicture of precipitates are studied to
identify the precipitates. In addition, their orientation relationship with martensite

matrix and the core/shell structure are also investigated.

Chapter 6mainly focuses on the austenite reversion in maraging steels. Apart from
the microstructural observation on reverted austenite in various aging conditions, the
guantity and chemical compositi of reverted austenite are measured to provide
information about its mechanical stability. Then, the analyses of nanoindentation
results of different samples are given. Based on these results, the factors which are

normally considered to affect the menkl stability of reverted austenite, such as
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morphology, orientation relationship, grain size and chemical composition etc., are

discussed successively.

After a brief comparison of the mechanical properties ofddsed maraging steels
in this work with aher medium Mn steels reported in the literature, the focus of
Chapter 7is concerned with the definition of strengthening mechanisms mainly
involving solid-solution strengtheninggrainrefinement strengthening, precipitation

strengthening and phase transformation strengthening mechanisms (TRIP effect).

Chapter &raws conalsions of this thesis based on the results and discussion of all

chapters and future work are proposed as well.
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2.1 The development of Mn TRIP steels

Two primary motivations have been dng the development of advanced high
strength steel (AHSSJor automotive applications The first motivation is to
decrease the consumption of fuel and car emissions by mass reduction. The second is
the increasing requirement for comfort, safety and spéedhicles. From this point
of view, AHSS with high strength to weight ratio are the key materials for
automotive manufactusd1][21][22]. The firstgeneration automotivgrade AHSS
(Figure 1-1), such aDP steelsTRIP steelsand complexphase(CP) steels which
possess mulphase microstructuresomprised ofdifferent percentages of bainite,
martensite and carbeich austenite, ave been extensively investigated in paest
[1][22]. The secondieneration AHSSarethe twinninginduced plasticity (TWIP)
steels. Thsehigh Mn (> 15 wt.%) austenitibased stels yield a combination of
strength and ductility superior than those of the-fgesteration AHSS[10][11], but
the high alloying addition (e.g. Mn, Al and C) and complicated processing
technology limited their application in automotive industrj23]. Recently the
development of thirdyeneration AHSSwith mediumMn contentg5-12 wt.%)have
been designed andeveloped In these steels, arying fractions of metastable
austenite withfine grain sizewere producel by adusted intercritical tempering
[16][24][25][26]. It is reported that the medium Mn steels containing-raidso
austenite grains can achieve a high ultimate tensile strength xaedtest total
elongation[27][22][26]. This is because the plasticity tife austenite is not only
dependent on the mobiléislocatiors, two other plastic modes.e., straininduced
martensitic transformation and mechanical twinpiage also involved in the
deformation of austenite. The operation of specific deformation modesesmined
by themicrostructual characterists of austenitevfhich will be discussed iBection
2.4). This feature is significanin the design ofmedium Mn steels containing
austeniteRecentstudeson 57 wt.% Mn steelsevealed thaelongation ofup to 45%
can be achiexd by optimized intercritical tempering. However, so far the yield
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strength of thisteelgradehardly goesbeyond 1 GPawhich obviously cannot meet
the demandor the various intrusion application of hedgpanded components in
automotive industry26]. Thereforestrategiedo improve the strength of these steels

in which theexcellentductility can be retainedrethe focus of current study.

2.2 The development of maraging steels

Maraging steels are a special group of ultratgggength martensitic steels which are
hardened by intermetallic precipitates instead of universal carbide precipitates.
Therefore, the carbon content imaragingsteels is controlled to be as low i&s
commercially practicabl28]. The term dmar agi magensite. ef er s
The supersaturatechartensite is obtained by fast cooling frahe austenitephase

field andthe martensite withow carbon content is very soft but heavily dislocated
This microstructural feature is believed to benefit the hardenaliitighnessand
formability before agind29], and more important/yprovide an excellent nucleation
condition for precipitationThe subsequent aging treatment leads to the formation of
intermetallic precipitates. Theatureof precipitates largely depends on the &gy
compositios and aging parameter§he detailed dicussion abouhe precipitation

in maraging steels Wibe given inSection2.2.3 On the other handhe excessive
softening of martensite matrix by recovery agriaging should be avoided if a good
balance between strength and toughness is required.

The development of maraging steels initiated in 1962 with the publication of a paper
by Decker et al[30] on 18 wt.% Ni steels containing significant levels of Co (8
wt.%) and Mo (5 wt.%) but low carbon content (G@D3 wt.%) According to their
report, ensile strengths of up to 2068 MPa, 12% elongation, 60% reduction in area,
low ductile-brittle transition temperatureDBTT) and notch tensile strengths of
~3034 MPa were achieved. Additionally, excellent stssosion resistance and
weldability were inherent in these alloyi80]. The following researches led to the
devdopment of the welknown maraging systems, such as 18Ni (2¢5)), 18Ni

(250) and 18Ni (300) alloys. However, the costly alloying additiohsnaraging
steelsrestricted their applicatiain the most critical industryl he sharp drop of the

availability of cobalt during the period 1978980 promoted theexploitation of



Chapter 2 Literature review

alternativesto Co-containing maraging steel$ntensive efforts were directed at
reduéng the concentration of expensive afilog elements, such as Co and Ns a
result, a new class @o-free maraging steetontaining Fe, Ni, Mo and merged
These Cdree steels generally presented infenmechanicaproperties compared to
Co-containing steels, but themechanicalproperties appeared sufficient for typical
applications of maragm steels[31][32]. Moreover due to the similarity of the
equilibrium phase diagrambetween FeNi and FeMn systems,the partial
substitution of Ni by Mn was applied thedevelopment of lean maraging steds.
excellent combination of strength and ductility was reported in ar2@:8Ni-
2.13Vin-0.8Ti maraging steel afteaging at550 °C for 1 h which exhibited ayield
strength (YS: 1371 MPa) and total elongation (TE: 18.838). It should be noted,
however steels with high Mtontents were found tasuffer fromembrittlement after

aging for short times.

The main strength of maraging steelgémerallyattributed to the dense precipitation
of fine intermetallic compounds insaft but heavily dislocatechartensite matrixin
some caes, reverte@ustenite may formvhen aging at high temperatures or for a
long period The effect of reverted austenitn the mechanical properties is
controversial. It is generally accepted thahe toughness ofguenching and
partitioning (Q&P) steels for lowtemperature service can be improved the
formation of metastable reverted austenite after fast cooling frormtercritical
tempering(holding in the temperature range where the austenite and ferrite phases
coexist) [27][34][26]. However,in maragingsteels, differenbpiniors exist onthe
effect of reverted austenite omechanical propertiggvhich will discuss in detail in
Section2.4.1) [19][35][36][37].

Maraging steels are known for their excellent combinationtadhigh strength with
an acceptable ductility. Due to the low carboontent, they exhibit excellent
machinability and weldability in the solutigneated condition. Besides, they also
possess high strength to weight ratio and dimensional stability during agingf. All
these attractive properties make maraging steelslassof promising materialand
numerous researches have been carried otitexevelopment of maraging steels
More recently, a nely-developed 12vt.% Mn maraging TRIP steel with minor

addition of Ni, Ti, Mo and Al was reported pmossess&n excellent cmbination of
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strength and ductilityY TS (ultimate tensile strengthl.3 GPa, TEtotal elongatior)
21%)due to precipitation strengthening mechanism and TRIP effect of ausBartite
there are some unsolved questions about this new materialshe.eature of
precipitates the formation mechanism ofretained/reverted austenitand its
contribution to strengthenir{d8].

2.2.1 The role of alloyin g elements in maraging steels

The high Ni content in maraging steelsvhich significantly lowers both the
equilibrium; A transformation temperatur® () and martensite start temperature
(0 ), ensures the formation of martensidter quenchingfrom solidsolution
treatmentPrecipitation gengthenindoy agingis subsequentlgcquiredvia agingat
480510 °C for a range of timgR9]. Ni, Co, Ti, and Moare normally addedas
essential elements tgenerateintermetallic precipitatesin recent stuiés on Cu
bearing maraging steels, Cu precipitates were demonstrated to accelerate the
nucleation of itermetallic precipitate$38][39][40]. In some maraging steels, the
additiors of high levels of Crarerequired to achieve effeg® aging hardening in
stainless grades resistant to corrod][42][43]. As nentionedabove the price

jump of Co and Ni drove extensive researctedevelop lean maraging steels.
recent years, the development of lean maraging steels by substituting Ni with
cheaper elementwich advin (the price of Ni: 14410 USD/t, Co: 27750 USD/t, Mn:
2200 USD/t by Aug 2013) has made remarkable progkesan alternative austenite
stabilizer, Mn can take over the role of Ni in conventional maraging steels. Besides,
experimental evidencendicatedtha Mn was alsoinvolved in the precipitation of
Mn-containing maraging steeld4][45] andMn additions were found to accelerate
the age hardening proceg6]. However, high maraging strength at the expense of
dramaticloss in ductility was found in severabiNi-Mn seels[33][47][48]. Some
researchers suggestidt the segregation of Mn to grain boundawesresponsible

for the embrittlement phenomena in those allayilsi¢h will discuss inSection2.2.4
[47][49]. While further study on these Mrontaining maraging steels revealed that
the embrittement vanished byroceeding segregation of Mnt grain boundaries

leading tothe austenite reversigi0].
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2.2.2 Behaviour of intermetallic precipitates in conventional

maraging steels

Since the development of maraging steelshim1960s, numerousresearchesave
beencarried out on the precipitation behavioun this steel gradeThanks to the
development of advanced characterization techniques, sudhighsresolution
electron microscopy (HRM) andatom probe tomography (APWhich enables the
characterizatiorof extremely fine precipitateshe nature and composition of those
intermetallic precipitatesy maraging steelsave beemenerallyunderstoodMost of
studies agreedhat in conventional 18Ni maging steels,NisTi(Mo,V,W)-type
phasesgenerally appearat the very early aging stage, wheremsmore stable

FeMo(W)type phase iformedafter longterm agingd51].

The formation of NTi(Mo)-type phases at the initial aging stagecanventional
maraging steels had beemoposed since this type of steels was invented. The
modern technigues whicilow atomicscale resolutiomake the direct obseation

on the nangorecipitatespossibleand finally confirm the existence of Rlii(Mo)
phase(d-phase)in thosesteels The morphology of NiTi precipitates was found to
be needldike [31][52], platelike [53] or rod-like [31]. The NgTi phase exhibits

hexagonal lattice with a = 0.255 nm and ¢ = 0.42[88]. Selected arealectron

diffraction (SAED) analyses indicate that the orientation relationship betvaeen

NizTi and| -martensite matrixistp p~ T pppp & p @n [54]. There

was debate about the formation mechanism @fiNohase inthe literature. Most
studies suggested the heterogeneous nucleation on dislsdatiowed by growth

via pipe diffusion[48][54]. Other researchers insidtéhatthe precipitate nucleation
occurs homogeneously, or at larger undercooling, by spinodal decomp@s§jon
There were alsdivergentopinions about the dominant strengthenieffect of each

type of precipitatesin these steelsSome tudies revealed that imaraging steels
where both Ti and Mo were present, Ti was much more active in the beginning due
to its rapid diffusivity in martensite #te specificaging temperature. Apart from the
kinetic adwantage, the smaller lattice misfit betweensTliand martensite and

consequently a lower barrier for nucleation is another reason fdoitimation of

10
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NisTi in the early stage of aging (just a few minutes or even faster). Therafore,
sharp risen hardnes shortly after the onset of agingas usually observed in Ti
containing maraging steels D0 and T300 steels)51]. At this stage, Mo is more
likely to be incorporate into the NisTi phase and partially substitute atoms. As
the substitution is limited, there are still sufficient Mo atoms for the following
formation of FeMetype phases. Conversely, the growth of FeMo phase would
consume the Mo atoms in fi(Mo) phase andhereforethe stoichiometry of
NizTi(Mo) become more closeto that ofNisTi. The activity of Mo has been shown
to be strongly affected by other elements. The presence of gamésallyfound to
promote the formation of Mach precipitates. When Co is absent, the driving force
for the precipitation of Maich precipitate is significantly reducebh this case, e
precipitation of Merich phases would take 3 to 8 hours to od&é]. Thus the
major precipitates in Glree maragingsteelsare entirely NgTi phase andhus
higher Ticontentis requirel to adieve the same level of precipitation strengthening.
In addition, the stoichiometry dfeMotype phase is still debatePreviousTEM
and SAED studies suggested it as ,M® Laves phasd54][56], whereas the
compositioral result by a more recent ATP analysis correspondedddsa. phase.
Moreover, the possibilities of FeMo and;M®, cannotbe excludeds well

Apart from the primary Niri(Mo)-type and FeMdype phase, severabther
intermetallic phases maglso form as well due to the composition variation of
maraging steels. In Ffree maraging steels, the role of Ti is taken over by Mo. A
precipitation sequence of Mo followed by equilibrium FeMdype phase was
reported inRef. [56]. Besides, a type of metastabte p h(ardeeed isothermal
phase enriched in Ni, Co and Measalways generated before the formatiorthad
more stable NMo phaseResearches revealed that this p hhadsadiigher level of
coherency with the matrix anttencewas easier to fornfs7][58]. In addition, he
precipitation of T§SizNiie (G-phas¢ was found to be responsible for the

precipitation hardeningf Cr-containing highSi steel459].

11
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2.2.3 Precipitation behaviour in newly -developed maraging

steels strengthened by other intermetallic phases

Maraging $eels strengthened by intermetallic phases have compkoippation
behavious, which vary with the chemical compositienin this section, some less

knownintermetallicprecipitatesn steels are befly introduced.

2.2.3.1 NiAl-strengthened Fe-Cr-Ni-Al steels

Precipitationstrengthened ferritic steels ar@ndidatenaterials forapplicatiors such
as high-pressure steam piping and heatersliratsupercritical fossienergypower
plants [60][61][62]. These applicationgenerallyrequire a creep strain ratey

p Tt | attemperatures of60°C and stress of 35 MH&3][64]. Therefore, ceep
resistance is one of the most significant propertsrently, most creepesistant
ferritic steels are strengthened by carbidéswever, the coarsening of incohete
carbidesin longterm high temperature applicatiaiten leads to the decreasd¥
creep resistand®5][66][67][68][69]. Consequentlya number oktudies have been
carried out to improvehe creeppropertiesof steels[70][71][72][73][74]. On the
other handthe investigationon the strengtbning behaviouiof high temperature
materials suggestsa uniform disper®n of coherentprecipitatesis beneficial to
enhancing the strengtfr4]. The mostclassicalgroupis thenickel-based speralloys
where coherent Llordered precipitates ageneratedo strengthen the fcc marix.
Analogously in steeld32-ordered(CsCkype) NiAl phase & =0.2887 nm) [75] is
known to have a similacrystal structur¢o U-Fe matrix (a = 0.2866 nm) [75]. Its
orientation relationshipwith matrix is pntmnm™ pnm hnnp” nnp
which meangshe NiAl phase isiot onlycoherentout alsocoplanamwith U-Fe matrix
[76]. NiAl-strengthenederritic steelshave been found tpossess better thermal
conductivity, lower thermal expansion ammoduction costcompared toother
materials applied in high temperaty#®]. Besides, it is believedthat theadditiors
of Al which variesfrom several to more than 1086ntributego thefeatureof lower
density (~7 gcm®) [60]. All theseadvantagesllow the NiAl-strengthened ferritic

steels to benominatedas a promising substitutiofor carbidecontaining ferritic

12
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steels,austenitic steels and nickel superall@gplied inthe high temperaturdéeld.

Therefore, aeries of NiAlstrengthened ferritic sepalloys have been designed

High strength and toughness wahimproved creep resistantave beerachieved
by the formationof B2-orderedNiAl precipitates in these alloy$1][62][73][76].

Tailard[76] reported a Fe-20Cr4 Ni-2Al alloy aged at 550-650 °Cwhich hardened
rapidly in the initial stageowing to the precipitation of B2ordered NiAl phase.
Maximum hardeningof ~420 HV was achieved at around 1000 minute§50 °C
followed by the decrease in hardnehse to precipitate coarseningn terms of
morphology,NiAl phasenitially remairs coherent with thé}Fe matrix angresents
a spherical shape Then it gradually transformsto a norequiaxed cuboidal
morphologyup to 150 nmand eventuallylose coherencyat thedimension of 150
300 nmafter an extremelylong time aging This continuous groth in size during

aging indicates that the resistance to coarsening of NiAl phase needs to be improved.

In addition, he hgh volume fraction of NiAl precipitateseads to a better creep
resistance, wheredbe ductilityis inverselyrelated to the volume fraction of NiAl
precipitate460][61]. Moreover the ductility is found todecreasevith the increasig
addition of Al in UFe matrix. Therefore, an improved microstructure which
possesse (1) a volume fraction of 20% NiAl precipitates, (2) a solubility of Al
below 4% in thel-Fe matrix and (3pppropriateNi and Al addtions to avoid the
austenite reveisn, has been proposéd achievea betterbalance between the creep
resistance and ductilif1][62].

On the other handpme dher studiesveredevoted to developing potential stainless
maraging steelalsostrengthened by NiAprecipitatedor application in machinery,
aircraft and sports fields8][79][80][81][82]. Ultra-fine NiAl precipitates(1i 6 nm)

with a high number density (> m™) were found homogenously distributéd
martensitematrix at the early stage when aging at 4620 °C [82]. The size and
elemenal concentratias of precipitates were found increag moderately with the
aging temperature while the number density decreased. A maximum vyield strength
(YS) of ~1500 MPa was reported in an-EF&Cr8Ni-2.5 Mo-2Al stainless maraging
steelaged at 510 °(82]. It has beerdemonstrated that B@rdered NiAl phase

formed in stainless maraging steels remained fully coherent with the matrix even
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after a significantcoarsening80][81][82]. According toSeetharamains cal cul at i
the critical diameter of losinthe coherency betweeNiAl phasea n dFe hatrix
was 150 nm[80].

2.2.3.2 The co-precipitation of NiAl and NisTi phasein Fe-Cr-Ni-Ti-Al steels

Ti is one of the most active elements in maraging stietdo its rapid,andstrong
precipitationeffect during aging[56], hencea number ofstudieshave beercarried
out to investigatethe influence of Tiaddition on the precipitation evolutiom
maraging steelf32][78][83][84]. Accelerated hardeningasobserved in & Fe-Ni-
Al-Ti-Cr stainless steelgedat 525°C where ~86% of the total increase in hardness
was achieved within0.25 h[32]. The uniformly dispersed clusters faethat the
initial aging stagavereenriched inNi, Al and Ti. At the peak hardnes$25°C / 3h),

a splitting of the clusters ocaed and twoindependenintermetallic phaseB2-
ordered NiAl phasandd-Nis(Ti,Al) which were both responsible for precipitation
hardeningwereformed In addition, he enrichmentof Fe and Cr at the expense of
Ni and Alwasfound in NiAl precipitates byAtom Probe tomographyAPT), butthe
concentration®f Fe and Ciprogressively decreagevith aging time In contrastno
substituing elementswere found in NgTi precipitateswhich indicate the NisTi
phasehad a low solubility of other elements and maingdrihe chemically stability
during aging32].

Lately Leitnerand ceworkersfurther reported aupplemenof Siin Fe-Cr-Ni-Ti-Al
steels[78][84]. A heterogeneous nucleation sequence at dislocationwiasfound

in the very beginning of aging which resdtin a more significant increase in the
cluster formation and hence the hardness of the .allbys undefined precursor
phasethenactedas nuclei for the formation of precipitataiter a long-time aging
treatment. Thereforewb intermetallic precipitates, a spherical phasgdiTis (G-
phase)and a roeshapedd-Nis(Ti,Al) phasewere generatedduring aging either
simultaneously or separately depending on the chemical compositi@logs
[78][84]. Both of thetwo precipitags were demonstrated to beorrelated to the
precipitation lardening Despitethe strong increasm strengthat the early aging

stage the alloy suffeed from sevee intergranular embrittiemerEigure 2-1). It is
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speculatedhat the higher numberedsity of undefinedprecursorprecipitateswas
correlated to the embrittlement sinoeither precipitationnor segregatioron the
prior austenite grain boundariesas found at this stage The embrittlement
phenomenonwas improved after prolonged aginglue to the evolution of the
precipitates anthereversion of austenite.
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Figure2-1 Stressstrain curves of samples with different heat treatment conditions in Ti

containing alloy84].

2.2.3.3L2;:-ordered Ni2TiAl type precipitat esin Fe-Cr-Ni-Al-Ti steels

In contrast to the co-precipitationof NisTi and NiAl described irSection2.2.3.2
somestudiesdemonstrate that the additiorof Ti to Fe-Cr-Ni-Al steelsled toatype

of precipitats which hal rarely been reported e-based alloy$62][85]. Thenanc
sized precipitatewhich wereobserved in the aguenched stateresentda cuboidal
morphology withanaspect ratiof ~ 2 andan average width of 15 nm. The structure
wasdetermined as Li2orderedandwasfully coherent with theJ-Fe matrix(Figure
2-2(a) and (b)[85]). The precipitation of Lzordered NiTiAl phase from a
supersaturated B2 TiNi matrbxas beemeported in several Nii-Al shapememory
alloys [86][87][88][89][90], but it was seldomobservedin Fe alloys.During the
further aging, theprecipitates gw to an elongated shape with an average width of

40 nm anddecomposeinto a substructure with a network of B2deredNiAl zones
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in L2;-ordered NiTIAl precipitatesas shown inFigure 2-2(c). The L2/B2 two-
phase systemwith ordered structures based on a bcc lattice is analogous to the
classical 1t ﬁsystem with an fcc lattice in Niased superalloy89][90]. Evidence
showed that NpTiAl phaseexhibited a better creep resistance than Npkase In

most creegesistant form, the creep strength ofiiNA, TiAl between 1026 and 1273

K was about three timegshat of NiAl [91]. Further investigation revead that the

best creep properties Ni-Al-Ti alloys wasobtained by a twgphase microstructure

of NiAl phaseembeddedn Ni,;TiAl matrix [85]. Therefore the formation ofa
similar two-phase precipitat which is composed of B@rdered NiAl and L2;-

ordered NiTiAl is a potentialstrategy to optimie the mechanical properties of

precipitationstrengthened ferritic alloys.

mrw boo-Fe L2-NLTIA
matrix

Figure2-2 (a) An atomic resolutimhigh-angle annular darkeld (HAADF)-scanning
transmission electron microsco&lEM) image along the [0044).re zOne axis; (b)
magnified HAADFSTEM image of the precipitate/matrix interface in (a); (c) Efaekd
image of the precipitates using the unigpe reflection of L2-ordered NiTiAl phase
where the Bzordered NiAl zones are indicated by arrd@s].
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2.2.3.4 Effect of Mn on the precipitation in Fe-Ni-Mn-Ti-Al steels

As discussed in Sectioh.2.], efforts of partial substitution of Ni by lean element
such as Mn, which provides similar effects upon the austeratgensite
transformation, have led to tldevelopmenbf FeNi-Mn-Ti-Al alloys. The increase
of Mn contentat the expense oNi contentis correlated toa considerable
acceleration of the ageatdening A significant increasef hardness by ~200 VHN
within 5 s was reported in an 26Ni-1.8Mn-1.5Ti-0.59Al alloy agedat 550°C and
the yield strength increased by ~215 MPa to above 900 [MBalnitially the co
clusteringinvolving the Ti+Al and Mn+Fewas observed befor¢ghe formation of
plateshaped (Ni,FeYi precipitates and spheroidal (NeE(Al,Mn) precipitatesafter
aging for ~60 secondgl6]. Out of these foualloying elements, Ti possessthe
highest diffusion rate followed by Mn and AlhereasNi has theslowest rate.
Therefore, e Tirich clustersnormallyacedas nuclei for the subsequent formation
of d-Ni3Ti precipitated46]. On the other handhé (NiFe)x(Al,Mn) precipitatesvere
found predominantly at two sites: homogeneously within the mairtke periphery
of plateshapedNi,Fe)Ti particleswhich indicatel the segregation of Al and Mt
the interfacebetween the (Ni,FeJi phase and surroundimgatrix (Figure2-3). This
segrgation of Al+Mn atomswas attributed tothe high thermodynamic affinity
betweenAl andMn [92][93][94] and the tendency of Matomsin steelso segregate
ontheinterfaceq95][96].
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10nm

Figure2-3 (a) Three dimensional atom probe tomographic reconstructions-shegkd
precipitates after treated for 3600 seconds and (b) corresponding Ni+Ti isoconcentration
surfaceg46].

2.2.3.5 Curich precipitation  strengthened steels

As Cu has limited solubility in Fe[97][98], Cu precipitatescan serve as
homogeneousucleation sites foother precipitate§39][99]. It is alsodemonstrated
that Cuacceleratethe nucleationprocesslue to a redutbon in the activation energy
when Cuis incorporatedinto precipitates[38][39]. Therefore, ancosized Cu
precipitatesare extensivelyutilized in the developmerf precipitationstrengthened
steels and rumerous studies have been carried owgtimlythe hardening effedty
Cuand Curich precipitate§38][39][40][45][97][99][100][101][102][103][104].

Investigatiors on the Cu-containingsteels reveald that Cu precipitates daa wide
size range froml nm to 30 nmduring aging[105][106]. Precipitation sequenseas
initiated withthe rapid formation ofmetastabldocc copperphasewhich exhibiteda
spherical shape due the coherency with bcc matrigl07]. The maximum hardness
was achievedbefore Cu precipitategrew to the critical diameter of ~ 5 nnafter
which the precipitatesgradually lost the coherency andtransforned to an
intermediateOR structure[106][107]. The precipitate/matrix orientation relationship
wasproposed agopT)orcul®011)3re [PP Torcu@PPP]ire [45][108]. Thetwinned9R
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precipitatesnaintaired a spherical shapkeforecoarseningo ~ 17 nm[105]. Thena
more stable 3Rtructurefollowed byan equilibrium fccstructurewere observedn

Cu precipitatesduring further aging. The relike fcc Cu precipitatesregaired the
untwinned structureand were aligned alongthe KurdjumowSachs orientation
relationship ((111)ccu®1103re, [110)ccc@11l]yre wWith the bcc  matrix
[100][102][105].

Despite of the advantageliscussed aboyesteels strengthened I§u precipitates
suffered from low hardness and rapigrecipitate coarsening during annealing.
Therefore, nmor additions ofNi, Ti, Al andMn are introducedo developthe co-
precipitation strategyso asto ultimately enhancehe strengtbBning effect of Cu
precipitates[38][40][102]109][110]. Two types ofintermetallic precipitates B2-
ordered NiAl andd-Nis(Ti,Al), were generatednto Cu-containingmaraging steels
[38][39][40][45][102][103]. Experimental @idence revead thatthe addiion of Cu
acceleratd the nucleation of the two precipitatesna in turn, the two phases

restrairedthe coarsening of Cu precipitates.

It is worth discussinghe differenteffecs of Cu on the nucleation of the two
precipitatesIn the case oB2-orderedNiAl phase approximately 10 at.% Cwas
detected within the MNAI clustersin the asquenchedstate [39] and this level
remaired constant during the following aging treatmehtis commonly believed
that the incorporation of Cu redutéhe nucleation energy by reducing the lattice
misfit and thus promotkthe precipitation of NiA[38][39]. Moreover,Cu-rich NiAl
precipitats exhibied a stability in both the size and morphology compared to the
NiAl precipitats in Cu-free FeNi-Al alloy [40]. In view of he rapid coarsening of
both Cu precipitatesand NiAl precipitates whepresentseparatelyit is supposed
that there is an interaction effect between Cu and Nisein terms ofthe

resistance to coarsening

On the other handadifferent Curich precipitation behaviouvasreported inother
Fe-Ni-Al alloys [45][102][103]. The initial precipitationwas similar as described
above: bortrange ordering occted before aging followed by the formation of B2
orderedNi-Al-Cu precipitates at the beginning of agiag shown inFigure 2-4(a)

[45]. Thena decomposition of the primary precipitatiesl to a kind of core/shell
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precipitateswith Cu-rich core surrounded by a periphegpriched inNi and Al
(Figure 2-4(b) and (c). The thermally stableB2-ordered shedl hindeed the
diffusion-controlled growth of Curich cor, and more importantly, redutehe
misfit between thefcc Cu-rich core and the bcc matr Figure 2-4(d) and (e)
[45][102]. The low interfacial energy together with thtoraic ordering of B2
ordered shedl allowed the precipitates to grow moderately without sacrificing the
high-density feature during further aging, amdreovemprovided a complex obstacle

for dislocationmotion[103].

®Iron * Copper * Nickel *Aluminum *

Figure2-4 Atomic distribution of representative precipitates in the (a) 1 h, (b) 4 h and (c)
1024 h aging stagg$02]; (d) HAADF image of the core/shell precipitates and (e) Enlarged
HAADF image of yellow rectangle part in (E§5].

In terms of the NiTi-strengthened steelss the solubility of Cu in N§Ti phase is
much lower thanthat in NiAl phase the independent Crch clusterswere usually
observedn the beginning of agingnd actd as nucleation sites for Nii,Al) phase.
The precipitation ofNi3(Ti,Al) occured mainly adjacent tadhe Curich clusterd39].
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Other studks reported thathe formation ofd-NisTi in Cucontaining maraging
steelswasrestrainedvhen NiAl precipitatesverealsopresentasCu could only be
incorporated iMNiAl phaseand thereby, to a larger exteatcelerahg the formation

of NiAl phasein the initial aging stagas].
2.2.4 The Mn embrittlement in Fe-Ni-Mn and Fe-Mn alloys

As mentioned inSection 2.2.1, attempts have been made to develop cheaper
alternatives to the conventiondi-based maraging steels. Experimental studies on a
series of FeNi-Mn steelsrevealedthat this type of steels exhibited remarkable
maraging strengthening owing to the formation foie f.c.t d-NiMn phase
[111][2112]. In some caseshé addition of Ti to FNi-Mn alloys was found to
generate very fine and thermally stablgMiprecipitated33]. Other phases sues
MnNi, fcc NisMn and orderingwere also considered gsossible precipitation
strengthening contributof113][114]. Therefore this grade of steelsused to be

regarded as a promising alternative to conventional maraging steels.

Unfortunately,serious grairboundary embrittlement was observed to occur at the
very begnning of aging treatment iRe-Ni-Mn steels[95][115][116][117]. A lot of
researchswerecarried at on the source of grain boundary embrittlement and some
possibilities have been proposed. It is generally acceptedhthajrain boundaries

act not only as barriers against dislocation motion but also as zones where interface
segregation may occumMore specifically, Raabe et .al[50] summarizedthe
conceivable pathways by whicthe solute segregation could behag the
segregation mighincreasethe coherence and preferential bonding at the interface
(grain boundary s¢éngthening); (ii) the reverse could lead to a further loss of
coherence and unfavourably directed bonding at the interface (grain boundary
weakening); (iii) phase transformation might occur at the grain boundaries (grain
boundary phase transformation))(the formation of one or more second phases at
the decorated interface could be initiated (grain boundary precipitation); (vi)

discontinuous precipitation might be promoted.

Squires and WilsofB5] first stated that the intergranular fracture obedrin an Fe

12Ni-6Mn alloy was associated with the segregation of embrittling elements like Mn
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and P to prior austenite grain boundariés.later study on a similar alloy
complementally reported that the Ni and N were also found at the fractured grain
boundaried115]. Heo and Leg117] tracked the segregation and desegregation of
Mn at the prior austenite grain boundaries on the fracture surfaces of8\mnF&Ni

alloy in the embrittled condition. They pointed out that ¢#mebrittlement and de
embrittlement of the alloy was directly correlated to the segregation and
desegregation of Mrbut they also suggested that considering the low enrichment
level of Mn, such serious embrittlement was not likely tesbkely attributedto the

Mn segregation alon@2].

In contrast Suto and Murakami argued that the slight segregation of MrNaadl

grain boundaries detected would not result in the transitiooritde state[116].

Raabe and his colleagufs0] also hold an opposite opinion about the correlation
between Mn segregation at grain boundary and mechabelahviours They
believed that the embrittlement was associated with the susceptible crack penetration
owing to the low mutual misorientation between adjacent lath bound&i@gs
Unfortunately, as theredominaninterfaces in quenched martensite, a large amount
of lath boundaries existed. Howevaiyven that the variation of bulk grain free
energy was negligible, the primary thermodynamic driving force for solute
segregation at interfaces was to minimize theriate free energy. As the decrease

of the interfa@l free energy reduced the driving force for grain growth, materials
with reduced grain boundary energy were considered to have a finer and more stable
grain size. Thereforghey proposedhat the solutesegregation at grain boundaries
contributes to both strength and toughness by refining grain size, if the specific type

of segregation does not lead to grain boundary embrittlement.

On the other hand, other studmgygestedhe intergranular embrittlemem FeNi-

Mn system ashe result of the interaction of mobile dislocation with precipitates at
grain boundaries. These researchers insistedlbatrecipitation on grain boundary

was the main source of grain boundary failure ilNiFMn maraging steeld_ee et

al. [118] found d-NiMn intermetallic precipitates at the grain boundaries in an Fe
10Ni-5Mn alloy when aging at 753 K for short time and this type of precipitate was
initially suspected to be responsible for the embrittlement. Later studies conducted
by Nedjad et al.[119][120] on FelONi-7Mn maraging steels confirmed the
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correlation betweerthe intergranular failure and precipitation reactions at grain
boundaries. They further pointed out that the formation of coarse precipitates at grain
boundaries resulted in the soft soldi&pleted precipitatbee zones at grain
boundaries. Then the largerah localization resulting from the grain boundary
weakening triggered the microcracks initiation under negligible macroscopic strains.
Alternatively, Mun et al[113] observed the precipitation of austenite particles along
grain boundaries in an F&Ni-8Mn steel and itvasassumed that the austerigerite
interface boosted the intergranular fracture. However, Wilson and his cokeague
[37][121] argued thathe driving force for Mn segregation to prior austenite grain
boundaries was indedd form precipiaites and reverted austenitaut the primary
factor of grain boundary embrittlement was still the segregati Mn rather than

precipitationor austenite reversion

Binary FeMn alloys in the range of-40 wt.% Mn, which possess a soft but heavily
dislocated lath martensite after quenchiggnerallyexhibit similar microstructural
features to F&i-Mn maraghg steels. Studies otheir mechanical behaviours
revealed that F&n alloys suffeed from brittlenessas well [121][122]. After
cooling fromthe austenite phase field, brittle fractuvecurredmainly by cleavage.
While tempering at 25600 °C increased th®BTT and the failure mde below
DBTT was intergranular fracture. The maximum embrittlement was reported at
450 °C [121]. Elevated temperature, e.g. 60Q, has shownto overcome the

embrittlement due to a fastemkitics to form ductile austenifg0][28].

Therefore, the embrittlememd of keyimportancein the mechanical behaviour of
FeNi-Mn and FeMn alloys. To understand the embrittlement mechanism can
provide not only an insight into the alloying element interaction in these alloys
during thermal treatment but algathways to improve thepossible commercial
exploitation. However, to t he aut hor 6s
intergranular fracture in FHRi-Mn and FeMn systems is still not clear yet and

remainsthe subject of debata the literature
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2.3 Evolution of precipitates

Generaly, the precipitation process generally describeds successivenucleation
andgrowth followed by coarsening. In thisection the discussion aboytrecipitate

evolutionwill mainly focus on the growth of nigi and then orthe coarsening.

2.3.1 Critical size in precipitation

The real precipitation process is always complicalteid. worth introducing several
critical sizes during thevolution ofprecipitationbefore discussing the precipitat
mechanism.The critical precipitate radiusi() below which the precipitate will

dissolveis usuallydetermined by29]:
I cOro (2.1)

where® is the stute concentration in the matrix phase during agigs the solute
concentrationin the matrix before agingrhe capillarity constanti is described as
[29]:

w T 0 P W
Y™

(2.2)

where, 5 is the interfacial energy per unit area between the precipitate and matrix,
O is Avogadr oisshe atamiovodume of precipitates,is the solute

concentration in the precipitat® is the idea gas constant and is the absolute
temperésure.

The first critical precipitate radius is defined to distinguish the a@wth
mechanism of precipitatebovewhich the interfacialimited growth is taken over
by the diffusionlimited growth. After that, drther precipitationresults in another
critical precipitate radius above which the diffusietimited coarseningccurs In
Section2.3.2 the detail abouthe growth and coarsening of precipitates will be
discused

As the interfacial freenergy, r (Equation(2.2)) varies depending cthe nature of

coherency,two more critical size,i andi , are introducedi is the critical
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radius below which precipitates Wdissolve when the interface is coherent and
Is the critical radius below which precipitateill dissolve when the interface is

incoherent.

Another two criticalsizesrelating to the precipitation strengtheniage also taken
into considerationi stands for the critical radius above which the coherency
strengthening starts to decreasbereas indicatesthe critical radiusbovewhich

the interactiorbetween dislocation and the precipitatnsforns from sheaicutting

mechanisnto loogng mechanism

In order to better understand the precipitation process, €fffare been made to sort
out the order of these critical sizésis not difficult tounderstandhati i and

i i i . Asi andi are very small, theyra usually considered as zero
[29]. In mostcasesthe Orowan looping occurs when precipitades incohegntwith
the matrix,thuswe can obtain i (dislocation looping maylso occur when
the coherent precipitate is too large or straagbe cut through)Thus what is
uncertain is the relationship bf with the other three critical sigé ,i andi

and thiswill be furtherdiscussed irbection2.3.4

2.3.2 Growth and Coarsening of precipitate s

During the early stage of precipita, the nucleus is surrounded by a supersaturated
matrix with a solute concentrationaglient which provides the driving force for
solute diffusion andnemotes the precipitate growthhere are two factors which are
considered to affect the growth rathe interface reaction and the lattice diffusion
[123]. When the average size of precipitatebelowi , as the distance of diffusion
field is rather shortthe interface reaction theratecontrolling stepThe precipitate
size is proportional tdhe agingtime: i i “O0 (Figure 2-5), whereO is the
growth rate during the interfacéimited growth In the case of largeprecipitates

(i 1 ), the driving force for lattice diffusion gradually decreasegng to the
continuous depleting of solute atoms in the mathe, difusion becomes the rate
controlling sted123][124]. The relationship between the precipitate size and growth
time follows the equatiof29][125]:
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where O is the diffusion coefficient in the matrixp is the initial solute
concentration( is the equilibrium salte concentration in the mati is the

solute concentration in the precipitaedo is the time the diffusiofimited growth

starts

At the end of the diffusiofimited growth periodEquation(2.3) cannot describe the
dynamic evolution of precipitate size anymore which indicates that the diffusion
limited coarseningnitiates It is difficult to accurately distinguish the diffusion
limited growth and diffusiodimited coarsening. Generally, the diffusitbmited
growth process is defined as a stage when the solute is from the surrounding matrix
whereagshe solute for diffusiodimited coarsening is from the dissolving of smaller
precipitates.According to the Gibb3homsonequation, the solubility of smaller
precipitates which possess a largaio of surface area to volumehgherthan that

of larger precipitates.This sizedependent solubility results in a furthsize-
dependentriving forcefor coarseningBased on th&ibbsThomsonequation the
growth rate is positive for large precipitates wifh @ and negative for small
precipitates \th of @, namely, larger precipitates grow at the expense of smaller
precipitates which dissolMgackinto the matrix Therefore, he coarseningrocesss
featured by the decreasé number density and the broadening of siidribution

But in reality, coarsening may take place simultaneously with the growtessor
evenin the nucleation stagé the initial solid solution supersaturat¢s24]. In
addition,due b the increase in thelistances of diffusion fieldthe size increment
ratein the coarsening stage is slower than that in the growth dtaged2-5). The
precipitate size in most coarsening process obeys the LSW (Lifshitz and Slyozov
[126] and Wagne[127]) theorywhich suggestthe time exponent is 1/Figure2-5).
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Figure2-5 The evolution of precipitate size during aging in terms of precipitation kinetics
after[29].

2.3.3 Precipitate coarsening theory

Although it is difficult todescribethe coarsening of randomly dispersed precipitate,
Lifshitz and Slyozov [126] and Wagnel{127] developed aheory attempting to
interpretthe diffusion-limited coarseningThe theory whichis referred to as LSW
theory ha later achieved great success the experiment applicationCertain
assumptions anmadeto confine the applicatiof124][128]:

1. Dilute solution theory applies anthe linearized version of the Gibbs
Thomson equatiois valid

2. Diffusion fields of precipitates do not overlap and the particles only interact
with the matrix thereby limiting theprecipitate volume fraction to zero

3. Coarsenindakesplace in a stresfgee matrix.

4. Precipitategpossess spherical morphology

5. The compositionof precipitates is the samas given by the equilibrium

phase diagram

Based onthe aboveassumptionsthe LSW theory provides three equationgo
descrbe the diffusion-limited coarsening. The first equatipnedictsthe increasef

the average precipitate radiu§with respect tahe coarsenindime according to:
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L yow, 7
i g0 (2.4)

where D is the diffusion constamb, is the molar volume df phase, ¢ is the
interfacial energy per unit area between the precipitate and mataxnd® arethe

equilibriumsolute concentratioim the matrix and precipitates respectivé(ﬁis the

second derivative of the molar Helmhod#tzergyof the| phase.

The second equatiaevealsthatthe decrease ithe precipitate number density, ,

follows:
e ———G (2.5)

where'Qis the volume fraction of precipitaté, is the coarseningate constantin
Equation(2.4) andQis the third moment of the timadependent precipitate size

distribution function'Qi 7i [ whenw © 11 (will be discussed later)

The relationshipbetween thesolute concentrationwithin the matrix,0 , and

coarsening time is derived:

9 %0 To 7 (2.6)
Numerous experimental studie®n twophase alloyshave beencarried out to
examine the LSW coarsening theofylvanced techniquesuch asCTEM([76][129],
HREM, STEM and HAADF-STEM [45][130] provide direct observations ofhe
local structural characteristicén some studies nsall-angle Xray scattering (SXS)
and smalangle neutron scattering (SANSpproacks are applied for the
guantitative analyss of average precipitate size, interparticle distance and volume
fractionbased orhuge numbers girecipitate§97][131][132]. Moreover,SAXS can
also providanformation abouthe chemical heterogeneity of precgnes[133][134].
Recently,stateof-the-art APT offers not onlyan accuate quantitative measurement
of precipitates[130][135] but alsoa three dimensional observation on the atomic
distribution withinthe materiallf combired with the @mplementarystudes on the
resistivity and hardnessgvolution, global information abouthe coarseningof

precipitatexanbe obtained.
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Most of heseexperimentaktudies revealethatthe experimental plot off or 0
vs.0roughlyfitted the straight lines given by LSW theoiowever,experimetal
resultsalsoindicates that the shaps of size distribution functiorare much broader
thanthat ofthe theoreticalQi #i [. This deviationhas later beedemonstratedo be
associated witlthe non-zero volume fraction of precipitate in realityherefore,
many studies have been carried outiadify the LSW theoryfor better applicatios

in cases where thevolume fractionof precipitatehas to be taken into considecati
The major challengeof this work is to determine the effects of interparticle
diffusional interactions on the coarsenibghaviourof a precipitate with @pecific
size.Modified theoried136][137][138][139] areall in agreement that the exponents
of the Equations(2.4), (2.5) and(2.6) and thetime-independece of precipitate size
distribution will notchange when the volume fraction of precipitates is taken into
consideration. However, the values f and0 along with the shape ofize
distribution functionwill change According to the modified theories, with the
increase of precipitated volume fraction, theeragedistance of diffusion field
becomeshorter and thus the concentration gradinlisbe larger,thereby resulting
in the increase dahe coarsening rate. Besgl¢éhe local diffusional interactions give
rise to spatial correlations betweadjacentprecipitates whicHurther leadsto the

broadeningand symmetryf size distribution function.

2.3.4The effect of precipitate size on precipitation

strengthening

It is easyto getconfused when discussing the relationsbfigoherencygcoarsening
and strengtheningechanismit is generallythoughtthatin theunderaged stagethe
growth of coherent precipitates le#d an increase ithe strengthwith shearcutting
mechamsm While in theoveragd stage, theoarseningf precipitates results ithe
incoherencyand thus activates thdooping softening mechanismlthough most
precipitationstrengthened alloys obey thigle, there are several concepts whae

confusing

First, the term O0str edegctibeteerstrengthdncréease inu s u a l

the underagd stageand 6 s o f t meamsthg decreasef strength duringthe
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overaged stage. But it is worth noting thathe strength at both of the two stages
higher thanthat before aging, therefore both twio termsare actually defined as

strengthening mechanisms.

Secondly although the softening durirthe overagd period is generally considered
to result fromlose of the coherency a number ofstudieshave shown that the
extremdy large coherent precipitatand the modulus differencébetween the
precipitate and matrigan also lead to the decreadestrength In the caseof large
precipitates considerabldlexing of dislocation occurs owing to the increas the
interparticle spacinglassuming the volume fraction of precipitate is conjtant
thereby resulting in the coherency softeniNgumely, the coherencysofteningmay
occur before the lose of coherencyAnother possibleis the modulus difference
which is suggested to result ithe softeningas wel|l but so far there isno

experimentaévidenceo support thiziewpointyet [29].

Thirdly, the strengthening mechanism is only associated with the precipitate size
regardless of how the precipitate approaches dhecal size, by growth or
coarsening. It means thiat andi are irrelevant td . But acording toSha and

Guad s ¢ 0 n[29], thesvalue of should be somewhere betwderandi

Based on the discussionyj@re comprehensivgrecipitationstrengthening process

is comprised othree stagesvhenthe precipitate is small, coherency strengthening
takes effective by cutting mechanism, the strengthening effect increases with the
precipiate size; with the growth of precipitate size, the stress required to cut through
precipitate is so high that Orowan looping mechanism takes place. Orowan
strengthening is inversely related to the interpartical spacing, so initially the
precipitate growthwhich reduces the interpartical spacing lead to the Orowan
strengthening. The following coarsening of precipifatgured withthe decrease of
number density and thuke increase of interpartical spacing results in the Orowan
Softening mechanism. On tlmher hand, the structure of the interfacalsovery
important. For example, if the precipitates are small but have incoherent interface,
the looping mechanism take place. Conversely, if the precipitates have a large size
but coherent interface and mall misfit strain, the shearing will be the dominant

mechanism.
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It is worth emphasizing that apart from the coherency mechanism and modulus
mechanismthere are more strengthening mechasjssuch as chemical (softening),
stackingfault (strengthening), rder (strengthening), etc. Athe effecs of these
mechanism®n the strengtheningreirrelevant to theprecipitate sizethey are not

taken into consideration when discussing the relationship between the strengthening

and precipitate size

2.4 Austenite reve rsion in maraging steels

As previouslystated engineeringsteels suffer fromthe factthat the increase of
strength generally corresponds to a decrease in ductility. This inverse strength
ductility relationship largely limg their applicationas structural materialsin order

to overcomethis problem, duaphase microstructuresuch as hard martenswéth
ductile ferrite or austeniterhich can coordinate during deformatipis developed
Moreover, br steels containing austenite the deformationinduced martensitic
transformationof austeniteunderexternalload canprovide additionalstrength and
elongation This type of stee$ hasnow found wide applicatiogiin the body frame
sector of automotive manufacture. Their high strenigtiveight ratio,low yield-to-
ultimate strength ratidhigh initial work hardening rate and good formability make

them particularly suitable for this applicatifi®O].

Austenite in steels is generally derived from two diffeqarticessing technologies

The austenite phase retained after cooling fremphase fields known as retained
austenite and it has been investigated extensively in TRIP steels
[141][142][143][144]. Austenite phase whicis formed by a partial reversion from
martensitewhen aging at two phase fieldbut a lower temperatures definedas
reverted austenitg145][146][147]. Compared to retained austenite, reverted
austenite normally provides more significant microstructural synergy with martensite,
asit creates thin compliant interlayers alohgth prior austenitegrain boundaries
andmartensitdath boundaries.

The influence ofeverted austeniten the mechanical properties of maraging steels
has been investigated hyanystudies.Conventionally the intermetallic precipitates

in maraging steelsare thought to be the main contributor tdhe strength
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enhancement upon agin[$1][48][148][149][150][151]. However it has been
graduallyrecognized thatevertedaustenitdormedin some maraging steels alsesha
a pronounceceffect onthe mechanical propertigd 8][19][20][145][152][153]. It is
proposedhat[121]:

1. Austenite can act as a sink for impurities; in this case, reducing N and P

embrittlement during heat treatment

2. The duct i | @Unmieasig) snay a¢t asompliance layers or
mechanical buffer regions impedingackpropagatiorotherwise prevalent along the
{100} planes of martensite lathghich has been consideretb improve toughness
and reduce DBTT36].

3. Transformation of austenite to martensite may occur dudiei@prmation

which alsoimprovestoughness.

2.4.1 Influence of reverted aus tenite on mechanical properties

Many researches have been carried out to stinel\effects of reverted austenion
mechanical propertieim maraging steelsvylezhnev et al[153] proposedhat the
poor ductility at low temperaturés a 18Ni maraging steeésulted fronthe fracture

of reverted austenite along martensite lath bounda¥esvanathan et al[19]
noticed that the austenite reversionairil8Ni maraging steetorresponded tthe
decrease in both yield strengémd ultimate tensile strength bthte increase n
ductility at the initial oveaged stage.Vijay et al. [54] attributedthe high strength
after long-term aging in a Co-free, highTi 18Ni maraging steel tdhe high
coarsening resistance of precipitates anémall amount of revertedustenite
whereasn the case of &o-containing, lowTi 18Ni maraging steel, the high volume
fraction of reverted austenite considered toesult inthe loss of strengtht long
aging timesOverall, the deéite on this issue has been chafticyears.However
recent researchetend to hold the same opinion thidte formation of reverted
austenite anlead totheincreaseof strength and toughnessCo-free maraging steel
Nakagawa et al[20] reported a significant improvement in the balance of sthrengt
and dudglity during the oveaged stage m Cucontaining maraging steels, and they

suggestedhis improvement is due the increase in the amount of reverted austenite.
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Raabe et al[18], reported a significant increase in both strength and ductility upon
aging in a 9 wt.%Mn maraging TRIP steel with the ultimate tensile strength
increagd by 25% (from 810 MPa to 1 GPa) and total elongaimmneasedy more
than 150% (from @ to 15%) which isconsideredhs a resulbf naneprecipitation

and nanescale austenite reversion.

As revealed by thee researchethe mechanical properties is directly associatitil
the quantity of austenitén appropriatequantity of reverted austenitanlead to a
good balance between strength and toughi@&sserally, he quantity of austenite is
determined by the chemical composition, aging temperatureduaatons[27][18].

In addition to the quantity, the stability of revettaustenite also plays a critical role
in the mechanical properties maraging steelsAs the literature abouhe stability
of reverted austenitis limited, retained austenitmay be discussed alternatively in
this study In TRIP and Q&P steels, retashaustenite witlproperstability to induce
martensitic transformatiors desirable Retained austenite with low stability would
transform at small stragrand cannot improve the ductilitwhereasextremely high
stability does not lead tthe TRIP effect and contribwgéttle to ductility either.The
stability of austenite is generall\governed by the chemical composition
[154][34][155][156][157][158][159], temperature [160][161], size
[154][34][158][159][162][163], morphology [164][165], adjacent microstructure
[157][159][165] and crystallographic orientation relationshi66][167][168][169].
The following part will discuss reverted/retained austenite in terms of these factors.

2.4.1.1 Composition

The chemical driving force for martensitic transformatifrausteniténvolving the
most potentiahustenite stabilizinglements, carbon and manganéselescribed as
[170]:

y'o XOUWp pRC@P QwTtdX oPxXR @b
K Ygpod Y

whereY"O is the chemical driving force for martensitic transformation, is the

2.7)

mole fraction of manganes®, is the mole fraction of carbon afds the absolute

temperature. Asshown in Equation (2.7), the increase in the mole fraction of
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manganese and carbon Iedd the increaseof the driving force for martensitic
transformation at specific temperature namely, the addition of carbon and

manganeses beneficial to thetability of austenite

Similarly, Ni, as another efficient austenite stabilizer, contributethe austenite
stability as well whereaslementsvhich aredefinedas ferritic stabilizersuch as Ti

and Al,aredemonstratetb decrease the austenite stahility

2.4.1.2 Temperature

The effect of temperature can be expressed by the eq{i4i®h

T?’—?Y G WC o8 G (28)

According to theEquation(2.8), a positive fluctuation iY'O is expected when a
positive fluctuation in temperature occuvgth a constant carbon contente.
austenite is more stable at higher temperaflings view point has been confirmed
by tensile tests conducted a range of temperatures which revehksvariation of

austenite stability depending on temperat(ité€][161].

2.4.1.3Size

Yang and Bhadeshia described the relationship between austenite grain dize and

temperature as:

R I To Q
%A@de— P p (2.9)

b
&

—

0 Y

where the constambis 0.2689 for F‘-malrtens.ite[162] and 0.1%or - -martensitg26],

w is the average grain volume of austeritiejs the volume fraction of martensite,

& is the aspect ratio ohé martensite (ﬁ-martensite: 0.05;-martensite: 0.03), arY

is the temperature at whicR is measured. In this equatiot, “Ybecomes

0 0 if "Q is set to be the first detectable fraction of martengit€, Hband so

0 © 0 . Accordng to their conclusion, the small size of austenite suppresses the
0 temperature and therefore contributes to the stability of aust&hitesize effect

on theaustenitestability in steels has been extensively investigaiedxperiment as
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well. In carbon TRIP steels, bo#xperimental results and thermodynamic minaig|
have demonstrated thatls temperature decreases th® carbon concentration of
retained austenite increases or the mean size of retained austenite d¢tBahsies
Mn-containing TRIP steels, it hownthat the size effect of ultrafine austenite grain
and the partitioning of Mn to austenite durimgercritical annealing were the two

primary reasons for the high mechanical stability of retained ausfa4]te

In contrast recent work by Wang et dl171] reportedthat small austenite grains
were less stable against the deformatimuced martensitic transformatiom a 9

wt.% Mn TRIPmaraging steel. They suggested the deformahdnced martensitic
transformation was suppressed by the mechanical twinning in larger austenite grains
while in smaller austenite grains, mechanical twinning is less favoured. Other work
[166] proposed that because the intrinsic strength of austenite is lower than that of
the martensite matrix, a parabolic distribution of then Mises stress exists in
reverted austenite, naaty the stress in the artlayer is higher than that in the centre.
Besides, there is na inverse distribution of austenite stabilizing element
concentrations in the reverted austegitains Hence, it is easier for the enlayer

of reverted austenit® transforminto martensite during the deformation. Generally,
the fraction otthe outer layer region is smaller in the reverted austenite with a larger
dimension andoit is proposed that thiargerreverted austenite is more stable than

the smaller one

2.4.1.4 Morphology

Reverted austenite, which is distinguished from retained austexitibits different
morphologied146][147]. Evidence indicates th#te morphologies are correlated to
the alloy compositions anprocessing pathfl47]. Reverted austenite in maraging
steelsgenerallyappearseither an elongated or granular shape. More specifically,
reverted astenite is classified into three types, i.e. matrix austenite;likath
austenite and recrystallized austenjfigl6]. Matrix austenite is defined as an
austenite phase that either develops fretained austenite and thus has the same
orientation, or grows at the prior austenite grain boundaries and forms a single
austenite graiifFigure2-6(a)). Lath-like austenite cabe generatd along and within

the martensite laths, therelggneratinga lamellar structure of alternate austenite
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laths and residual martensleghs Eigure2-6(b)). Recrystallizegustenitenormally
nucleates at high aging temperaturegafterlong aging imesandit is characterized

by a polygonal shape i low dislocation density, ashown inFigure 2-6(c). In
addition in high Ni alloyed and Tcontaining maraging steels, a type of
Widmansétten austnite was reported to become dominant when aging at high
temperatures faalongtime [52][172]. In terms of its effect on the austenite stapijlit

the morphologydoes not directly affect the mechanical stabibfyaustenitgit is
actually the adjacent microstructure that determines the mechanical stability of

reverted austenitend thiswill be discussed in the next section

Figure2-6 (a) Matrix austenitat prior austenite grain boundarigst7] (b) the lamellar
structure ofalternatdath-like austenite and residual marten$#té] and (c) a recrystallized
austenite grain free of defe¢ist6].

36



Chapter 2 Literature review

2.4.1.5 Adjacent micro structure

Many studies on TRIP and Q&P steedweal that the stability of retained austenite

IS also associated with the adjacent microstructliré?][164][165][173]. For

examplein TRIP steelsretained austenite in bainitic ferrikefound more stabilized

than that in polygonal ferrite. Two possible mechanismesgiven to explain this

phenomenonGrajcar[173] stated thathe retained austenite surrounded by bainitic

ferrite had a shorter diffusion path to carbon atoms and thus wastheonedly

stable. Another explanation is that the bainitic ferrite can stabilize retained austenite

by stress partitioning. The stress partitioning mechanism points out that a harder

phase adjacent to retained austenite can decrease the hydrostatic stress withou

affecting the equivalent stress, which in turn decietise mechanical driving force

for transformation as followinflL55]:
TYQ
T,

where, is the hydrostatic stress apds the equivalent stress. The harder bainite

T P LT ¢ TH¢ (2.10)

may restrain the phase transformation of retained austenite as the adjacent bainite
would have to deform so as to coordinate the volume expansion resulting from the
martensitic transformation. Therefore, congmhrto polygonal ferrite, the harder
bainitic ferrite can better shield the retained austenite located nearby and suppress
phase transformation. It is worth noting that the morphology of retained austenite in
bainitic ferrite is different from that in polggal ferrite which may alsbe a reason

for the difference in stress partitioning.

A similar mechanism wagroposedon the stability of retained austenite in a Q&P
steel[164]. According to their study, the martensitic transformation cgeclat the
onset of deformation in btky retained austenite surrounded by proeutectoid ferrite;
while film-like retained austenite in lath martensite, desp&einga lower carbon
content, is more stabilized against deformati@part from the martensite/bainite
shielding effect, Jacques &t [157] speculatedhat the small size effecf film-like
retained austenitenay also contribute to the higher mechanical stability of retained
austenite.The discussion on mulphase steels is never sim@sthe mechaical

stability of austenite igenerallydetermined by more than one factor.
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2.4.1.6 Crystallographic orientation relationships

Different crystallographic orientation relationships have been found between fcc and
bcc crystals. Three relationships,e., Kurdjumov-Sachs (KS) relationship
[52][146][174][175], NishiyamaWassermann (NV) relationship[146][176][177]

and Pitschrelationship[178] are the most commonknown relationships in steels.

A summary of these orientation relationships is displage@iable 2i 1 [169]. The

Bain orientation relationship is the simplest one among those relationships, but has
rarely been observed in steels. It sShownhere as a reference relationship when
discussinghe orientation relationshiprhe Pitsch orientation is usualkggardedas

01 nver oeentaNowdo better explain these orientation relationshithe
crystallographic structures are illustrated Figure 2-7 [179]. The orientation
relationships are interpreted by presenting the crystallographic planes anaimsrecti

of the twophasesFor example, in the case of Kurdjum8achs (KS) relationship,

it is specified as onep p p plane being parallel to one 1 1 plane and a

p rt t direction within the p p p plane being parallel to a p p p direction

within the p 1T Tt plane.

The numbers of variants for each orientation relationship are alsoigiVable2i 1.
For examplan K-S relationship, there are four differept p p planes, eachp p p
plane has three differentp p 1 directions and each p p 1t has two different

p p p directions which are parallel to it. Therefore, there are 24 variants-®r K
orientation relatnship in total. The variants of orientation relationships between fcc

and bcc phases are important when analysing the twinned austenite in bcc ferrite.

<uvw>kyin in the last columrof Table 2i 1, are the parameters to describe the
misorientation between two crystallographic orientations. As the most reported
orientation relationships, the difference in angular betwees Knd NW
relationships is smhalso distinguising the two relationshipby misorientationin
experimentis difficult. As shown inFigure 2-7, the p p p plane is parallel to the

T p p plane in the two types of orientation relationshigsS: Figure2-7(b); N-W:
Figure 2-7(c)) and the misorientation between the NW variants and any of the two
neighbouring KS variants @nly 5.26°.

38



Chapter 2 Literature review

Table2i 1 Overview ofthedifferent orientation relationships between fcc and bcc crystals
[169].

Orientation relationship Number of <UVW>/¥ min

variants
Bain (B)[180] PTIT PTT 3 <100>/45
pmT ppm

KurdjumowSachs PPP PPT 24 <0.97 0.18 0.18>

(K-S)[174] op T 0pp 142.85
NishiyamaWasserman PPP PPT 12 <0.98 0.08 0.20>

(N-W) [176][177] 0o oo 145.98
Pitsch (P)178] PTITT PP T 12 <0.08 0.20 0.98>

PP ppp 145.98

Given that the only difference between the two orientation relationships is the
rotational angle, it iproposedhat the kS and NW relationshipanay co-exist in
steels But studies are in debate on the reldiv@ominant position between-8 and

N-W relationships in steelgl43][168][181][182][183]. Katz et al.[184] reported

both of the twoorientation relationships existd between reverted austenite and
martensite matrix in 18Ni maraging steels. Shiang and Wayji¥s], who also
noticedthe two relationships, suggested that tleeninant orientation relationship
was correlated to the aging temperatures. Suk eflélf] found that reverted
austenite had a specific orientation relationship not only with the surrounding
martensite but also with the adjacent precipitates. In additientwinned austenite,
which ha been observed inoth maraging stedl185][186] andduatphase stainless
steel [187], was found obeying the KS orientation relationshipl67]. The NW
orientation relationship, however, has not been found yet between the twinned

austenite and martensite.
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Although some researdsestated thathe orientation effect of fcc phase on the
strengthis negligible [188][189][190], there areotherswho held a different view
[166][191]. It is accepted that the local stress is heterogeneous at the microscopic
level when thephase orientations and activated slip systems are taken into
consideration. Wang et al., who studied the mechanical stability of reverted austenite
in a 13%Cf4%Ni martensitic steel, suggested that the stress atfthinterface

with N or K-S relationsips was much lower than that without N or -8
relationships[166] and they attributed the difference to the activatiorthef slip
systems. The activation of slip system is normally affected by two factors. One is the
external load, the other one is the interaction between phases. In the case of
austenite/martensite, plastic strain occurs in the austenite earlier than ieartens
during deformation due to its lower critically resolved shear stress. WandEa6jl.

stated that when the slip sgstwasactivated in reverted austenite, it can penetrate
the boundaries and activate the slip system in the adjacent martensite easily with the
assist of N or KS relationship. It means that if the special N o6 Kelationship
exists, a smaller slip strain austenite is required to activate the slip systems of the
surrounding martensite, and thus the local stress of austenite will decrease to a lower
level. On the other hand, when the/Mor K-S relationship is absent, it needs higher
stress and strainceumulation in austenite to activate the slip system of nearby
martensite. However, the accumulated stress in austenite is highly likely to induce
martensitic transformation and hence result in a lower mechanical stability of

austenite.
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(a) {100}, {100}, < 100 >, I <110 >,

Yo *
e ..ﬂ..
® ® xj

(b) {111}, 1{110},, < 110 >, I < 111 >,

Figure2-7 Different orientation relationships between fcc and bcc phases: (8)(BeiS,
and (c) NW. Blue atoms belong to bcc unit cell and green atoms belong to fcc unit cell
[179].

2.4.2 The formation mechanism of reverted austenite

It has beenacknowledgedthat the formation of granular reverted austenite is
associated with a diffusiecontrolled processThe ganular reverted austenite is
deemedo result from the dissolving of cementite or precipitates wheelds tothe
enrichment of austenite stabilizing elements in localized &4EL47][192]. On
the other hand, the formah mechanism of latlike reverted austenite is
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controversial[146]. Plichata and Aaronson supposed ttieg growth of lathlike
austenite wasilso controlled by diffusion[193]. Sinka et al.[194] further pointed
out that, instead of precipitate dissolutidhe diffusion ofNi atoms in matrix to
dislocations or other defecgeneratedhe local enrichment of austenite stabilizing
elements. Schnitizer et §l47], Nakagawa et 420] and Sinha et a[194] reported
the valueof activation energyor reverted austenitormation was abou234-250
kJ/mol which is in the range of the activation energy otlifusion in pure F&(246
kJ/mol [195]). Conversely some researchers sug@gesthe formation of latHike
reverted austenite to be a shdaminated process but assisted by a diffusion
mechanisn{52][146]. They believed that due to the segregatiorsofuteelements

to preferential locations, the reversartsformation startemperaturgAs) at these
sites reduces tbelow the aging temperature. Phase transformation involving shear
deformations, which is also referred as displacive phase transformation, is
expected to occuin the similar way adainitic transformation[172)]. The lattice
correspondence forthis phase transformation normally obeys-SK or NW
relationships. Besideghe twinned lathlike austenite in somenaragingsteels is
another evidencdor the occurrence ofa shear motionin austenite reversion
[146][172]. Lee et al., who studied the austenite reversion in boiBSF&3Cr7Ni
(wt.%) martensitic stainless steel and medium Mn stemlgjgestedthat the
formation mechanismof reverted austenitevas heatingate related. Below the
critical heating rate (10 K/s for RESF13Cr7Ni martensitic stainless steel and 15
K/s for medium Mn steels), the austenite reversion process was difiemibrolled
and thereverted austenite presedf globular shape with a dreeter of 200250 nm.
Besides, a loer dislocation densitanda higher Mn concentrationere observedn

this type of reverted austenite. When the samples were heated faster than the critical
heating rats the phase transformation occurred by a diffugssishear mechanism.
Reverted austenite presented a-#th shape with 200800 nm in width and 400
700 nm in length. They also mentiondgtlat despitethe diffusionless reverted
austenite ha a high density of dislocatignt yielded lowermechanicalstability
owing tothe lower Mn concentration anldrgergrain size.In addition, it is worth

noting that| ho t transformationas well as bainitic transformatigri96] is not

42



Chapter 2 Literature review

universally accepted to be she&antrolled. Further studies on the mechanism of

| ho ¢ transformation areeededo support this viewoint

It is suggested that some transformatiiotuced deformatiomay beinducedduring

the formation ofevertedausteniteandthe stored strain energgay actas a driving

force to cause recrystallizatiqi46]. For steels in which retainedustenitealso
exists, austenite reversiasm governed by the competition between the nucleation of
new reverted austenite and tigeowth of existingretained austenite. There are two
mechanisms relating to the "0 1 transformation, i.e. abnormal Mo ¢
transformation and normal"o transformation [192]. The abnormal ho ¢
transformatiorproposeghat the retained austenite grains within one prior aiiste
grain normally have the same orientation, therefore their growth may result in the
coalescence and further, a reconstruction of the original prior austenite grain
boundaries(Figure 2-8(a)). This process is called as the austenite grain memory
effect (also known as austenite recrystallization). While the nofmh8l
transformation proposes that newly formexvertedaustenite cannot coalesce as
these austenite gra have different orientations.

As cast Between A, and A ; Above A,

globular y nucleated on
ior austenite grain boundyries

(@)

retained y

¥ unified by coalescence

BE‘llnll'-‘ O_T martensite | impingement and coalescence
with retained y on lath boundaries of retained ¥

(b) As cast Between A, and A Above A,

globular ¥ nucleated on
austenite grain boundarses

Bainite or martensite / |
with large amount of cementite globular y nucleated

- . by dissolution of cementite
and small amount of retained y v Qs emene

Figure2-8 Schematic illustration of (a) abnormal© t transformation and (b) normal

| ho t transformatior192].
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2.5 Grain refinement in maraging steels

It is commonly known that there is an inverse relationship between strength and
toughness.One of the method to improve both simultaneously is the grain
refinement. The famous HaHetchequationexpresses the relationship between yield

stress and grain sif&97]:
N o Yo R (2.12)

where,, is the yield stress, is the intrinsic friction stress of an undeformed single
crystal oriented for multiple slipQ is the Petch constant representing the resistance
against tke slip propagation across grain boundary and is generally specific to

materiak, ‘Qis the grain siz§198].

The fracture strength, which is derived from dislocation thd@89][200] and
classical Griffith theory201], is an indication of the resistance to the propagation of

a crack around a dislocation pilg grain boundry:
, 1O Q7 (2.12)

where, is the fracture strengtiQis the shear modulus, is the surface energy

According toEquation(2.12), it is apparent that both the yield stress and fracture
strength increase when the grain size is refined.

In addition, since, is strongly dependent on the temperatyre,increases
significantly as the temperature reduces; whegeas much less affected by the

temperature. Consequently, the critib®8TT, Y, is introduced whenp , as:

Y 6 118QQ 1 O 1 (2.13)

whereo, 6 andf are constant§202]. According to Equation(2.13), "Y canalso be

decreased by refining grain size.

2.5.1 Conventional m ethods to refin e grains

Thermomechanical procesg, as one of the mostell-known methods for grain

refinement, has been intensively studied in various alloys. It has been demonstrated
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that the extraordinary improvement in both strength and toughness can be obtained
in steels by refining grain size to <yin via thermomechanicagrocessg [203].
However, inthe steel industry it is difficult to perform a uniform plastic deformation
through the thickness of platée produce uniform ultrafine grain siZ@04].
Therefore,in the case ofhick plate steels (or bars and weldments,) etath high
strength alternative methodsuch as cyclic heat treatmeante introduced to refine

grain size.

2.5.2 Effective grain size in lath martensitic steels

In ferritic steels, as the cleavage normally occurs alpng 1t planes[204], the
effective grain size, in terms of transgranular cleavage fracture, is determined as the
coherent lendt on p 1t 1T planes, or the average free path of crack propagation

along p 1 1 planeq203].

In martensitic steels, the definition of effective grain sizentge complicated.The
interfaces in quenched martensite can be classified into séygeal prior austenite,
martensitepacket, block and lath boundaries. They generally possess different
energies, structures, misorientations, mechanics and segregation pr¢pe}ti€ae
effective grain size is correlatetb the prior thermal processes. A typical
microstructure of martensitic steel is illustratedFigure 2-9. The prior austenite
grains are divided into packets of fine, parallel distributed martensite (Rthse
2-9(b)). The thickness of laths is geneyadlt nanescale.Electron dffraction studies
revealed that the laths within a packet are in close crystallographic alignment and the
lath boundaies are low-angle boundaes [204]. It means that thenartensitepacket

is actually a single crystal. Therefore, the size of the packet is defined as the
effective grain size dhth martensite
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Figure2-9 (a) The typical microstructure of a martensitic steel constituted by packets of
martensite laths, (hedislocated laths which is at nasoale in thickness. Both are the

micrographs of a 10% Mn maraging steel after water quenching from solutiondadateint.

2.5.3 Methods of grain refinement in lath martensitic steel

If taking account ofhe effective grain size of lath martensite, there are mainly three
approaches to refine the grain safemartensitic steelThe most common @hod is

by refining the prior austenite grain size. The practical heat treatment to realize it is
by quenching from austenization before the austenite grassenbutit has been
demonstratedhat this method can hardly refine the prior austenite grain size further
below10 pm [203].

A more direct method is to generate higigle misorientation between the adjacent
laths and therebyreaking upthe crystallographic alignment of laths within the
packes [205]. Although this method seems to be the most direct way to completely
refine the effective grain size, it is difficult to control in production. This isa\gwo

the difficulty to design the martensitic transformation and the crystallographic

relationships of martensite lathg thermal treatment

Based on the second approadte thirdapproach for grain refinemers to form a
new phaseat boundariessuch as austenitep asto separate the martensite laths.
This type of austenite islands required to be very thin and remain stable during

heat treatment. This is generally achievedribgrcritical temperindin most cases, a
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temperature just above is desirabl® This mechanism of improving toughness
via austenite reversion ia matter ofdebate. One possible explanationthat the
formation of austenite, which generally hasSKor NW orientation relationships
with adjacent martensite, introdes highangle misorientation betweg@masesEven
when the metastable austenitansforms intomartensi¢ duringdeformation, the
fresh martensite with different variant can still disruptchestallographic alignment
of laths This method has been wvely used to in mediumli andmediumMn steels
[27][24][156][206] by Q&P treatmentor in maraging steels by aging process
[18][19][145][146].
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3.1 Alloys and processing details

3.1.1 Alloys and Composition Analysis

The present study is mainly focused on investigating the microstructure and
mechanical properties of Moased maraging TRI steels and hereby developing
new alloy compositions to improve the properties. Threeaas steels, namely, two

(10 wt.% Mn, 12wt.% Mn) based on the compositions mentioned in R&f with

minor addition of Al (1 wt.%)and one with lower Mn content (7 wt.% Mn) were
provided by Tata Steel. The chemical compositions of alloys are iisteable 3i 1.

The low carbon content (<0.04 wt.%) is to achieve a soft but heavily dislocated
martensite after water quenching. Minor elements, such as Ni, Mo, Ti and Al are
added to form precipitates. Coamed with the conventiondl8Ni maraging steels,

the main difference exists in tlentent of austenite stabilizer Mn.-Z2 wt.% Mn

are added to ensure that an appropriate amount of austenite is obtained with
appropriate stability and yet being substahtigdwer than the Mn contents in the
twinning-induced plasticity (TWIP) steels.

Table3i 1 Chemical compositions (wt.%) of the investigated-based steels

Materials C Mn Ni Mo Al Ti Si Cr Co Fe

7% Mn 0.033 7.07 203 103 1.04 1.05 0.07 <0.005 <0.001 bal.
10% Mn  0.015 997 203 119 1.00 0.84 0.07 0.02 0.008 bal.

12% Mn  0.022 11.77 197 117 1.00 0.82 0.08 0.03 0.009 bal.

3.1.1 Hot rolling and heat treatment procedure

The equilibriuma / tlansformation temperaturgées) of 7%, 10% and12% Mn

alloys were calculated as 722 °C, 644 °C and 614 °C, respectively. In order to
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minimize the detrimental effect of coarse carbide the three ingots were first
homogenized under argon gas atmospheld s °C for 1 h and hot rolled between
1140 °C and 850 °C. The thickness of ingots was reduced from 20 mm to 3 mm with
six passes and the corresponding reduction redi®85%. Interstage reheatng to

1150 °C wvas performedafter every two passes. Thetaieed parameters for hot
rolling process are presewtin Table 3i 2. The subsequent solution heat treatment
(SHT) was carried outwith argon protectionat 1050 °C followed by water
guenchingAfter SHT, the samples werthenaged at 420 °C, 460°C and 500 °C for

a range of times from 10 minutes to 168 ho&igure3-1).

Table3i 2 Parameters fdnot rolling process

Temperature (°C) 1140 1040 1090 950 1030 860
Thickness reduction
20-14 14-10 10-7 7-5 5-4 4-3
(mm)
Reduction ratio 30% 28.6% 30% 28.6% 20% 25%
Ih 0.5h
hot rolling
2
g water waterh.
2 quenching quenching
5 CTTTTTITET oo
T e

Time

Figure3-1 Schematic diagram of processing conditions
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3.2 Sample preparation

3.2.1 Mircopreparation

All hot-rolling and heatreatment pieces for characterization were cut from bulk
samples after each processing procedure. To aslefdrmationinduced phase
transformation, all the aged materials were cut by I1sB&000 with feeding

speed of 2-4 mm/s. Small pieces of samplegn then hot mounted with Bakelite

for optical and scanning electron microscopy (SEM) observation. Samples without
Bakelite were prepared for -May diffraction (XRD) and transmission electron
microscopy (TEM) analygs. The subsequent mechanical grindingl golishing

process neeatlto be carefully controlled as any inappropriate operation may induce
undesired phase transformation. The grinding operation was carrisdamatssively

on 240, 400, 800 and 1200 grade silicon carbide papi#h running water. The
manual polishing operation was puwithf or med
corresponding diamond suspensioBsme techniguesuch as nanoindentati@nd

electron backscatter diffractioEBSD) demand an excellent sample suefdinish,

in thesecass,0. 04 em col |l oi dal silica (silco)
polishing. Silco suspension has a slight etching efteeteby being able to remove

the residual strain layer from the manual grinding and polishing procechedodd,

rotation speed and duration for each step of grinding and polishing varied depending
on the surface condition. Generally a small load (10N) for approximately 5 minutes
was desired for final polishing. All the samples were rinsed and dried with

isopropanol after each step and final cleaning was done using ultrasonic agitation.

3.2.2 Etching

The 2% nital is the mostwidely used etchant for general steels. In this study, 2%
nital worked effectivelyon hotrolled and solutiofireated sampledyut failed to

reveal the reverted austenite in aged sampl@gadeventually found that picric acid

can clearly distinguish reverted austerfitem martensitematrix. The picric acid
etchant was a mixed solution of 75 mL saturated picric acid and 25 mL wetting agent.

The etclng process was performed at-80 °C for a few seconds. The eituip
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temperature and duratiowas depenént on the amount of reverted austenite.
Normally, a lighter etch than the conventional picric acid etcthi@robservation of

prior austenite iin boundaries observatimasmore appropriate in this study.

3.2.3 TEM thin foil preparation

TEM thin foil samples were prepared by two methaalsyhich electropolishing was

the mainly usednein this study. The bulk samples were manually ground to foils

belowl 5 O thacknDisks with a diameter of 3 mm were then punched and further
thinnedto 58 0 & m. El ectropol i % penchlorievaeid, 35660 n d u c t
butoxyethanol and 60% methanol solution (maintained at approximéd®RC by a

liquid nitrogencooling system) running through a twet electropolisher operated at

25-35 V (being adjusted to ensure the current4® mA). The whole process lasted
approximately 23 minutes depending on the operation parameters (such as
temperature, jet speed arghsitivity, etc.) and stopped once the foil was perforated.

Then the foil was cleaned immediately and stored by methanol.

High quality TEM thin foil can be obtained with carefully controlled parameters for
most of steel samples. However, in this studyered austenite in aged samples
was found disappearedafter electropolishing. In this case, a combination of
electropolishingwith ion milling techniquesvasemployed. Thin fod werethinned

by electropolishing and stopped manually before perforation. Then ion milling was
performed on Gatan model 600 or Fischione model 1010 for a few hours. Usually a
voltage of 3 kV and milling angle of 6° were used for final thinning. milling can

be utilized to remove contamination and oxide layer before TEM obsenagiwell

3.2.4 Carbon extraction replicas

Precipitates, which are normally at the n&oale size range, can be easily
recognized under TEM by using carbon extraction replica, andothgbaracterized

by selected area electron diffraction (SAED) and endigpersive Xray
spectroscopy (EDS) in the absence of bulk matrix. The matrix is generally
considered to absorb or overlap the faint signals of precipitates due teradir

amount.In order toconductaccurate investigation on nase precipitates without
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interference from the surrounding matrix (especially in this study the electron beam
was distracted by the magnetic field introduced by martensite), carbon extraction
replicas wee prepared and examined by TEMirstly, the polished sample was
cleaned carefully by ultrasonic agitation to exclude the particles retained from
diamond polishing suspension. Precipitates embedded in the matrix were revealed by
etching lightly with picrc acid (at 6670 °C) for approximately 10 seconds. The
sample was then coated with amorphous carbon film, usually a thin carbon film is
desired for TEM analysis. The carbon film which evaporated small particles from the
matrix was scratadd into 2mm square Then the sample was immersed into 10%
nital to dissolve the matrix until the carbon film started to bubble and left the surface
with the particlesKigure 3-2) [207]. The 400 square copper medwerethenused

to catchthose carbon film squares.

Bulk sample Etch surface

/ Extraction replica
e,

Coat surface
Remove bulk

Figure3-2 Schematic steps of making the carbon extraction replicE2.

3.3 Characterization techniques

3.3.1 Qualitative and quantitative analyses by X-ray diffraction
(XRD)

Samples of hetolled, solutiontreated and aged steels were examineXIRip for
phase identification and evaluating the volume fraction of austenite. Samples were
cut into pieces with a size of 20 mm 20 mm 3 mm. The subsequent

metallographic preparation has been described in Se&fton
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X-ray diffraction work was performed on Siemens D500 Diffractometer usinggCo K
radiation (& = 1.78897 j) and Siemens D5
A). Both two diffractometers were oged at the condition of 40 kV and 40 mA.

Samples were step scanned (0.02° per step) by a beam size of 0.2 mm covering a
range of 2—angles For quantitative phase analysis, more than two sites of each
sample were scanned. XRD data were collected WinXPOW (D500) and

DIFFRAC plus XRD commander (D5000), respectively. The analyses were
undertaken using ICDD PD&+.

X-ray diffraction (XRD) measurement was applied to identify the austenite- (face
centred cubic, fcc) in martensite matrix (beohntred tetgonal,bct). It is worth

noting that, to simplify the discussignmartensite was treated as ferrite (body

centred cubichcg thermodynamically and kinetically in this study. But elevated
elemental diffusivity should be taken into consideration whadying the kinetics

of phase formation. The XRD patterns were compared to standard diffraction
patternsby softwareto identify phases. Analogous to the illustration in Section
3.3.4.2 each phase has characteristicay peaks which allow them to be identified.

The accurated paci ngs were cal cull agtAeQdf Tou siisn gt hBer

wavelength of target radiationeas).d d i s |

XRD technique is considered as one of the most accurate and convenient methods to
evaluate the volume fraction of austenite in steels. In this study, the volume fraction

of austenite was calculated via comparison method described by Yand2§84l.

and the ASTM standard E9 [209]. Specific XRD patterns for each crystalline

phase were produced during irradiation. For examﬁlmartensite (211) crystalline

plane peakat 82° while austenite (220) crystalline plane peaks at 74° when a Co
target is usedThe volume fraction of austenite was measured by comparing the
integrated intensity of austenite an@martensite For a randomly oriented sample,

the integrated intenst i es of the austenite (92) and
determined by:

(3.1)
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(3.2)

whereK is the constant related to the instrumentation geometry and radiation. R is
proportional to the theoretical integrated intensity which depends on the interplanar
spacing Kkl), Bragg angle—crystal structure and composition of the phasis. the

volume fraction of each phase and ¢ 1is
Therefore, ay pair of ferrite and austenitkl peaks can be written as
oy 33)
(@] Y
For steels which contain carbides (or intermetallic precipitates in this study),
W 0w 0w p (3.4)
The volume fraction of austenite can be described as
P W
Y O (3.5)

It is implied by Equation(3.5) that the volume fraction of austenite is not much
influenced by the presence of carbide. For example, when the volume fraction of
carbide is 10 vol.%, the volume fraction of austenite isutaled as 9 vol.% by
Equation (3.5). While if the carbide is ignoreda{ ), the volume fraction of
austenite is calculated as 108ut the volume fraction of carb&dhas to be taken

into account when it is over 15 vol.%. In this case, the volume fraction of carbide is
normally measured by chemical extraction and metallographic methods or currently

TEM and APT techniques are utilized to obtain a more accurate result.

In this study, the integrated intensities of ferrite peaks (200) and (211) and austenite
peaks (200), (220) and (311) were measured I®GRPD PDF4+. Calculated

theoretical intensity ratios— using Co K radiation are illustratedih Table 3i 3

[208].

If assumingw Tin Equation(3.5), the volume fraction of austenite can thus be

averaged from 6 pairs of ferrite and austenite peaks.
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Table3i 3 Calculated theoretical intensity raties— using Co k;radiation[208]

(200), (220), (311),
(200, 2.46 1.32 1.78
(211)g 1.21 0.65 0.87

3.3.2 Grain size analysis by optical microscopy

Hot-rolled and solutiosireated samples for optical observation were prepared as
described in Sectio.2.1and3.2.2 Optical observation wathenundertaken on a
Polyvar Optical Microscope to image the goriaustenite grains and martensite

packets.

Grain size in this study was measured using the linear intercept method. The
principle of this method is to count numbers of grain boundaries per unit length. First,
parallel lines are drawn on the image of thierostructure as illustrateish Figure

3-3. The number of times each line cross grain boundaries is counted. Thus, the

average grain sizeéis givenby:

Uve o oo
3 (3.6)

Line Number Totals

1 D 5 e 0 0 W (D P O R e T | P

25

3
5 25
T 26

23

| G ) i = e e i R N @Y

200 pm

Figure3-3 Schematic diagram of linear intercepts for the measurement of grain size.
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For the grains which are equiaxegarallel lines can be drawn along random
orientation as long as there is sufficient space larger than the grain size between lines.
When the grains are not equiaxed, such as deformed materials, lines should be drawn
in the rolling direction and the shomahsverse direction separately. The average

grain size should be measured in two separate directions as well.

3.3.3 Scanning electron microscopy

The aged samples for SEM observation were manual prepared with the same
standard as samples for optical observafidre picric acid etch was used to reveal
reverted austenite and precipitates. The fracture behaviour of the threeimlloys
different conditionswas also investigated by SEM. The fresh fracture surfaces of
samples after tensile testing were examined toigeowmformation about the fracture
modes and the cause of fracture. In order to further study the damage mechanisms in
microscopic level, the microstructure of the fractured samples was also observed by
SEM. In addition, he volume fraction of reverted danite after tensile tests was

analysed by Xay diffraction.

A FEI InspectF FEGSEM equipped with EDS was utilized for both imaging and
EDS analysis. The working conditions were dependent on the characterization
purposes. An operating voltage of 15 kV swasually used for microstructlr

observation and EDS analysedereaslO kV was usually set for fractography.

3.3.4 Transmission electron microscopy

TEM technique was mainly used to analyse the nanoscale features like precipitate
and reverted austeniten this study The morphology, size distribution and
composition of precipitates and reverted austenite were examined by conventional
transmission electron microscopes. Due to the overlap of diffraction spots between
fine precipitates and bcc matrix, highsolution electron microscopy (HREM) was
used to explore precipitates. TEM observation was conducted on four different
microscopes which are Philips EM 420 operatet?0 kV (for SAED analysis), FEI
Tecnai operatdat 200 kV (for microstructad observéion and EDS analysis), JEOL
2010F at 200 kV (HREM and TEMDS) and aberraticnorrected FEG JEOL
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Z3100R05 at 300 kV (HREM and scanning transmission electron microscopy
(STEM)).

3.3.4.1 |dentification of the crystal structure by SAED

The crystal structure ofprecipitates is of vital importance for the study of
precipitationstrengthenednaterials as the structure of precipitates, to a large extent,
determines their properties and thus their roles in precipitatr@mgthened
materials SAED is one of the mo$tequently used experimental tools to identify the
crystal structure of ultrafine phases which cannot be detected by XRD or SEM.
Electron diffraction pattern is unique to the crystal structure and the patterns can
provide information about the size anéph of the unit cells and atomic positions in

the unit cell as well.

|t i's known that Braggdbs conditions are

reciprocal lattice point specified by the indices of the reflecting peesigure3-4.

(hkl) plane.
I : Ispecimen
20
1A < ’_,o""
L 9n P

\

Figure3-4 The construction of Ewald spheaéter[207].

The Braggbs |l aw is given as
RO (& _
i Q¢ —, —/— 3.7
i Q¢ oF @ (3.7)

whereO is the origin of the reciprocal lattice;

Pk IS the points of reciprocal lattice;
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ais the wavelength of the electrons, which is determined by the accelerating

voltage.

dni is the crystal lattice spacing between atomic planes;

—is the angle between the incident beam and the reflecting planes.
As Figure 3-5 reveals the distancer] between the transmitted beam and diffracted
beam as measured on the screen is determined by the camera. Jength

l
0 GE— 5 (3.8)

when-1 "Qit can be expressed as,

r

O Gxe— | Q& ¢— (3.9)
combined with the Bragg equation (Equat{81¥)), dncan be obtained

Q — (3.10

L as known as camera constant.

After measuring the nearest, rp, rs, crystal lattice spacingl;, d,, d3 can be
calculated using EquatiqB.10).

(hkl) plane

[ " Ispecimen

Figure3-5 The geometric relationship between reciprocal lattice and electron diffraction
patternafter[207].
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3.3.4.2 Quantitative EDS analysis

It is known thatthe most straightforward method to study an unkn@ase is to
identify its elemental constituents. The first step is the qualitative EDS analysis. The
further quantitative analysis would be meaningless if the identification of element is
inaccurate. The principle of qualitative enedjgpersive Xray andysis is simple.

When the incident beams interact with the host atoms, the secondary electrons
escape and leave holes in the electron shells. To stabilize the energy of atoms,
electrons from outer shells transfer into the inner shells, thus theysXwith
characteristic energy are emitted from the atoms. For example in an iron atom, when
the K shell electron is replaced by an electron from L shell, a 6400eXtridy is
emitted from the sample, or a 704 ey X-ray is emitted if L shell electron is
replacel by the M shell electron. Namely, each element has characterisiiy X
peaks which allow them to be identified. In addition, since elements with lower

atomic number have fewer filled shells, normally they have feweryXpeaks.

In general, it is necessato remove Bremsstrahlung-bays and spectral artefacts in
order to obtain the integrated intensities for quantitative analysis. -tallsal
standardless quantitative or seguiantitative analysis, a Gaussian fit of the
elemental peaks is preformed tbtain the peak intensities. The most popular
algorithm is ZAF where Z is the atomic number of the element, A is the absorbance
coefficient and F is the fluorescence efficiency. The peak intensities are then
converted into weight or atomic percent by seévigjt factors created by taking
account of the accelerating voltage of the beam. Instead of fitting a Gaussian profile,
fully standardized quantification compares the areas under the peaks to standard files
which are reference spectra of the elements aellbunder the same conditions on

the same instrument. As it requires the additional standard spectra, the fully
standardized quantitative analysis is tiomsuming. It is commonly considered that

the advantage of this form of analysis is evident onthésituation when the peaks

of the elements overlap or when quantifying the trace elements. Therefore, the
guantitative analysis in this study was performed by the standardless analysis which

has been proved reliable.

59



Chapter 3 Materials and Experimental Methods

3.4 Mechanical property testing

3.4.1 Vickers h ardness measurement

Vickers indentation was performed to measure the hardness of samgiffsrent
conditions Hardness tests were carried out on a-430AAT Manual Vickers
Hardness Tester with a load of 294 N (30kg) and indentation time of 15 s. Each

result was averaged from at least eight measurements.

It is commonly accepted that the strength is in a diregpgrtion to the Vickers
hardness values. Therefore, the strength can be roughly predicted by the Vickers
hardness results which are easier to obtain. Di@#0] reports the conversion

equation by which the yield strength can be evaluated:
— (3.11)

Cahoon[21l]] presented the expression relating
hardness:
0 ¢
B TR pX
where H (MPa) is obtained by multiplying the Vickers hardness values by 9.807;

(3.12)

nis the strain hardening coefficient.

3.4.2 Tensile testing

Tensile testing was performed to examine the mechanical response of materials and
to further study the deformation mechanisms, damage mechanisms and their
relationship to the microstructure. All the nsile tests were conducted at room
temperature on a Zwick Roell Z050 tensile testing machine at a constant cross head
velocity corresponding to an initial strain rate of 0.002 Blat rectangular tensile
samples were machined along the longitudinal dwacbased on ASTM standard.

The dimensions of tensile test samples are giweRigure 3-6. The thickness is
thinned to approximately 1.5 mm in ord&r remove the oxide surface from the

preceding heat treatment. The tensile strain was recorded by an attached video
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extensometer. Two special stickers attached within the gauge portion of the tensile
samples were constantly captured in the video and #tande between them was

tracked in real time.

c‘é’/

1.5
f T

(o]
"\ 5 ||
= =
32 295
100

Figure3-6 Geometry of the standard rectangular tension test sample.

3.4.3 Nanoindentation

As phase are deemed to have different strength, the mechanical response of
different phases in the steels wagaminedby nanoindentation. This technique is
based on indenting the selected area with a small load by an indentathtip
specific geometry. The Berkovidip is commonly used with the tip radibsingat

the range of 500 nm for a new indenteseeFigure 3-7(a). Since identifyinghe

small area foindentation can be quite difficult, atordiorce microscopy (AFM) or

SEM is usually used to image the microstructure and indents. Different from
calculating the contact area by measuring the dimensions of indents in the
conventional indentation tests, teize of residual impression in nanoindentation is
on the order of nanometres and is too fine to be accurately measured even with
microscopes. Therefore the depth of penetration is alternatively recorded during
nanoindentatiorf212]. Together with the recorded force, a la#igplacement curve

can be obtained as showm Figure 3-8 and different mechanical properties can

therefore be evaluated:
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(@) (b)

>

Figure3-7 (a) a standard Berkovich indenter where a = 65.03°; (b) a standard cube corner

indenter where a = 35.26°.

In this study, reverted austenite displays an elongated shape with the width of
approximately 50100 nm which is diftult to measure with conventional hardness

testing. Thus nanoindentation was used to reveal the effects of aging parameters on
martensite and austenite phases, respectittrelgddition the contribution of each

phase to the strength can also be evaluafen nanoindentation testing, aged
samples were manually polished and etched with picric acid to reveal the
microstructure under AFM. A cube cornigp (Figure 3-7(b)) wasused for testing

the ultrafineaustenite grains A 10 ON/ s up to a maxi mum i
was employed in this study.

!}” .................

max

2

Loading

Load. F

Unloading

S=dP/dh

h

1 'max

Displacement, &

Figure3-8 A typical schematic of loadisplacementurve for nanoindentation test.
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Chapter 4 Brief study on microstructure and
mechanical properties of Mn -based maraging

steels

The Mnbased maraging steels studied in this work contain Ni, Ti, Al and Mo which
are deemedto form intermetallic precipitates. The precipitation, which occurred
during aging, is expected to increase the strength of martensite, and consequently is
referral as martensite aging hardening or maraging. On the other harnighhén

content in this type of steel promotes the formation of reverted austhrritey
agingwhich is believed to affect the mechanical properties as well. In this chapter,
the mechanil behaviour of Mrbased maraging steels in various conditions is
evaluated by hardness and tensile testing. The mechanical differences among the
three alloys are compared and analysed. The equilibrium phases as a function of
temperature are predicted byaMalc software and XRD analyses are conducted to
identify the phase constitutions. Based on these studies, a general concept about the

newly-developed maraging steels is presented.

4.1 Thermodynamic calculation

Figure 4-1 presentsthe equilibrium phase volume fractions as a function of
temperature, which was calculated MatCalc using MC_FE_V2.0 databas&he
dominant equilibrium phases at the aging terapees of 426600 °C are ferrite and
austeniteAccording to MatCalcThe only precipitate phasermed in the twephase
field is Laves phase with a composition close tgTH&10). This type of precipitate
forms from ~800 °C and the fraction maintainsiestn 3.45 vol.% to 4.42 vol.% at
the temperature 42600 °C. Another phasehich isformed abovehe equilibrium
9/ U transf or mat)isdéaTiQ Ehispaideid thermally stable over

a large temperature range up to 1300 °C.
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4.2 The effect of Mn content on grain refinement

The grain size distribution of 7%, 10% and 12% Mn alloys in the SHT wiate
characterized by EBSD and the resultsdisplayed inFigure4-2. The ldt column
presents the martensite phase (blue) with grain boundaries (black linékg, ik

EBSD phase maps show that in the solutr@ated condition, only martensite was
present. This result disagrees with the EBSD observation by Raabe [@8]al.
suggesting that a small amount of austenite was retained after quenching in 12 wt.%
Mn alloy. Apart from the EBSD resolution limit, there aheee possible reasons
about this deviation(i) Raabe may have usedsbwercooling rateby which some
austenitevasretained rather than transformed temartensite (i) Both experiment

and model simulation demonstrated the dependence of nthgensitestart
temperatureNls) on the prior austenite grain sig@4][162][213]. It is reported the
ultrafine prior austenite grain isne of the reasoffor the presence of retained
austenite. The small grain size suppresses the martensitic transformation, and thereby
contribuing to the austenite stability during caudj [34][213]. (iii) The addition of

Al in the present study increased tdmperature.

The right column presents the inverse pole coloured orientation maps of the same
area, in which the packets l@th martensite can be clearly observed. It is evident
that these martensite packefiormed via water quenching possessed -higie
misorientation with adjacent packeEachprior austenite graiwassub-divided into
severalmartensite packets. In other words, the effective grain size was refined owing
to the dense highngle boundarginduced by martensite packets. In addition, it is
noticed that the effective grain size waluced as the Mn content of the alloy
increasedwhich meansthat the Mn additiorcontributed tothe grain refinement in
these alloys. It is known that the aduolt of Mn lowers both th® and0
temperatures. The reduction @f provides an increased driving force for phase
transformation and thus a decreased driving force for grain growth. Similarly, a
lower 0 temperature leads therefined packets dfth martensite. Therefore, finer

prior austenite grains and martensite packets were observed in 12% Mn alloy in the

SHT state compared to other two alloys.
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(a) 7% Mn alloy

I - = M 294 $169=05 p GrSOE50

(c) 10% Mn alloy

I ) M2, S1e=05 pn, Gid55055)

(e) 12% Mn alloy

I | 1201515505y, G505

Figure4-2 Microstructure othe three alloys in the SHT state by EBSD analyses. Left
column: phase maps showing martensite phase (blue) with grain boundaries (black
lines, >18). Right column: inverse pole maps of the same area, showing the orientation

distribution of the martensite.
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4.3 Phase identification by XRDand SEM

X-ray diffraction (XRD) analyses were conducted on all the sokitesied and
agedsamplesFigure 4-3 displaysthe XRD results of the three alloys in the SHT

state which confirms only martensite could be detected in the three samples.
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Figure4-3 X-ray diffraction patterns of solutietneated 7%, 10% and 12% Mn alloys.

Although both XRD and EBSD analyses did not show any evidence of carbide
formation, the SEMmicrographs inFigure 4-4(a) and (b) reveals the existence of
carbide in the SHT stat#he SEM-EDS and TEMEDS analysesKigure4-4(b) and

(c)) confirm that this type of carbide is-flich as MatCalc predicts. It is shown in
Figure 4-4(a) that both the size and thmumber densityof TiC particlesare small
(0.150.22 vol.% provided by MatCalc) and this is the reason why the XRD and
EBSD failed to detect carbide. In addition, MatCalc indicated this kind of carbide is
very stable and cannot be totally dissolved even heating up to 3080 in this
work the carbides wereetained and could be observed both SHT andaged

sampleskigure4-4(d)).
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! Fe M
Ti
Momzeiiimadan

(c) TiMoC

Figure4-4 (a) SEM micrograph of Fiich carbide present in 10% Mn alloy in the SHT state
with (b) EDS line scan and (c) EDS spot detection results; (d) TEM micrograptriohTi
carbide existing in aged 7% Mn alloy in 580 / 10080 nn state.

Further aging treatment is supposed to lead to the precipitation and the formation of
reverted austenite. However, therdy diffraction patterns of most aged samples
only reveal the existence of martensite. Distinguishable austenite peaksnamehe
observed in 10% and 12% Mn@jk in the oveaged stageat 500 °C, seeFigure4-5.

At 460 °C, the presence of austenite was only obseaftedlong-term aging(not
presented)while at 420 °C, there was no evidence tbe formation ofreverted

austenite in the three alloys (not presented).
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Figure4-5 X-ray diffraction patterns of (a) 10% Mn and (b) 12% Mn alloys aged atG00

for various durations.

Apart from peaks of martensite and austeraigditional peaks were noticed in the
samples aged at 500C for a long duration(Figure 4-5), which were later
demonstrated to bé&}martensite phase. Th&martensitic transformation upon
cooling has been interpreted by Schumann in his study evinFsteels[214]. The
Schumannoés martensitic transfhgurend® i on

[154][215]. According to Schumann, the martensitic transformation #VResteels
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can be summaries as: (i) when the Mn concentration of austenite is below 10 wt.%,
[ © | martensitic transformation occurs during cooling and pnlgnartensite can

be obtained at room temperature, (ii) when the Mn concentration is betwee®d.0 wt
and 15wt.%, theMs temperatures af © | andf © - transformations are close
(Figure 4-6(a)). Although part of the -martensite may still transfim into |
martensite, the presence of bpth and--martensite along with untransformied
phase is expected after cooling, (iii) when the Mn concentration is between 15 wt.%
and 25 wt.%, the thermally stable phases at room temperatureragensie and

phase which is retained due to fast cooling rate, (iv) when the Mn concentration is
over ~25 wt.%, both th#¥ls temperatures ¢f © | and’ © - transformations have
been reduced to below room temperature. In theory the alloy at room temperature
should be constituted Hully austenitecontent but some studies reported a trace of
--martensite in alloys with Mn concentration higher than 25 J2%6]. In addition,

it has been demonstrated thatthe - martensitic transformations is controlled by

a displacemenmechanism and thus thei® no change in the concentration after
phase transformatidi214].
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Figure4-6( a) Schumannodés martensit i-MnsystedIb4;f or mat i
(b) schematic map of the phase fractions after cooling to room temperature based on

Schumannoésiblescri ption

It is worth noting that no peaks corresponding to precipitates were detected by XRD.
But a large number of uniformly distributed precipitates were noticed in aged

samples under mioscope observation, ahown in Figure 4-7. The elongated

70



Chapter 4 Brief study on microstructure and mechanical properties of Mnrbased
maraging steels

islands with brighter contrast are the reverted austenite phase, whereas the nano
scaled pherical phases are the precipitates. A possible explanation is that the
diffraction peaks of precipitates are overlapped by thogse-ofartensite matrix. A

more detailed study on precipitates will be give&hapter 5

Figure4-7 SEM micrographs of (a) latlike austenite and precipitatkecorated martensite
matrix and (b) homogenously distributed precipitates in 12% Mn alloy in 500 °C / 2880 min

State.

4.4 Hardness evolution

The hardness curves of precipitatisirengthened alloys gerally exhibit four
regions: (i) incubation; (ii) a @d increase in hardness (undaed region); (iii)) a
plateau of hardness (peaked point) and (iv)a decrease in hardness (oxgzd
region).Figure4-8 displaysthe hardness evolutiast 7%, 10% and 12% Mn allesy
agedat different temperatuse

It is apparent that aging at 420 for alimited timeup to10080 minuteslid not lead
to the peak hardnesdn the three alloysAs presentd in Figure 4-8(a), the three
alloys experienced a long incubation and uratpng processvhich indicatel avery
slow hardening kineticen Mn-based maraging steelghen aging at 420C. It

should be noted thahigher hardnesf alloys with higher Mn conten(i.e.

0O » 0 , 'O p» )can be observelbr eachstate Figure4-8(a)).

Aging at 460°C led to thepeakhardness in 10% Mn and 12% Mn alofFigure
4-8(b)). Although the oveiaged region was not that evident in 7% Mn alloy, a

71



Chapter 4 Brief study on microstructure and mechanical properties of Mnrbased
maraging steels

decreamg slope of hardness curve leading doplateau indicates that the peak
hardness of 7% Mn alloy adat 460°C was achieved within 10080 minstas well

As expected, 12% Mn alloy was the firgho reacted the maximumhardness (453
HV, 480 mir), followed by 10% Mn alloy approaching theak(457 HV, 1440 mir)
and then 7% Mn alloy (454 H\6760 min).

Figure4-8(c) displaysthe hardness curves of the three alloysdag 500°C, which
exhibit a typical hardness evolution of precipdatstrengthened alloys. A very
rapid increas®f hardnessvasvisible in theearly aging regionof the 10% Mn and
12% Mn alloys, over 90% of the total increase in hardness was achieved thwth
first 30 minutes While an incubatiorin the first 30 minutesvas evidenin 7% Mn
alloy followed by a sluggish hardenimgocess leading to the hardn@ssak On the
other hand,lte maximum hardnesx the three alloysrevery close 7% Mn alloy:
418 HV at 240 min; 10% Mn alloy: 421 HV at 240 min; 12% Mn alloy: 432 HV at
120 min. It is worth notingthat in the overaged region, what appears to be
secondary hardeningasobservedn both 10% Mn and 12% Mn alloy. Actually, a
less evident secondary hardeninghe overagd stagecouldalso be observed in the
two alloysat460°C. Thissecondarhardening indicates there ghit be anewphase

formed duringhis period
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Figure4-8 Vickers hardness as a function of aging time at (a)°€2@b) 460°C and (c)

500°C for Mn-based maraging steelespectively.
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4.5 Tensile results

4.5.1 Tensile behaviour of solution -treated samples

Figure 4-9 displaysthe engineering stressrain curves of 7%, 10% and 12% Mn
alloys in the SHT statena the summarized data are listed'able4i 1. It is obvious

that the yield strength (YS), ultimate tensile strength (UTS) and tensile elongation
(TE) increase with the Mn content of alloys, but the differences among the three
alloys are small. It is believed that the more prominent solid solution strengthening
owing to higher Mn content is responsible for the higher UTS and TE of 12% Mn
alloy. In addiion, the Mn addition leading to the refinement of both prior austenite
grains and martensite laths which contributes to the improvement of strength and
ductility. It should be notedhat after reaching the yield point, the increase of
engineering stressag small. Instead, an evident decrease of engineering stress as a
function of strain was observed. This indicates that thebled maraging steels in

the SHT statelid not possesa goodwork hardening during deformation.
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Figure4-9 Engineering stress vs. strain of 7%, 10% and 12% Mn ailiolysee SHT state.
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Table4i 1 Summary of the mechanical properties of 7% Mn, 10% Mn and 12% Mn alloys in
the SHT state.

YS (MPa) UTS (MPa) TE (%)
7% Mn 770 852 6.9
10% Mn 790 882 7.1
12% Mn 820 931 7.5

4.5.2 The embrittlement of aged samples

After aging,thethree alloys suffered from poor ductility at lower aging temperature
or at higher temperature but for short time. Most of them failed before approaching
the yield point (seéigure4-10(a)). The images of the fracture surface reveal that
therewasno visible necking (reduction of area), and cracks along grain boundaries
can beclearlyobserved Figure4-10(b) and (c))Aging at higher temperatures or for
longer timesnveredemonstrated to significantly improve the embrittlement. Besides,
the Mn content of alloywas also found to affect the ductility. Ithe following
section the tensile behaviour of Mbased maraging steels will be studied in terms
of theaging time, aging temperature ahe Mn content, respectively.
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Figure4-10 (a) Engineering stressrain curves 010% Mnalloy in 460 °C / 10080 min
state and 7% Mn alloy in 500 °C / 60 min state with their corresponding fracture images: (b)
10% Mn alloy in 460 °C / 10080 min state and (¢) 7% Mn alloy in 500 °C / 60 min state.

4.5.3 The improvement of mechanical properties in overaged

samples

The engineering stresdrain curves of 10% Mn alloys aged at 500 °C where the
plastic deformatiorwas clearlypresent are displayed Figure4-11. The samples
showing early embrittlement are not displayed here. After aging at 500 °C for over
2880 minutes, both UTS and TE were considerably improved. The UTS was
increased from 832 MPa in théd$ state to 1113 MPa in 500 °C / 2880 min state,
whereas the TE increased from 7.0% to 12.1%. Further aging for 5760 sriglte

the TE gradually increasing up to 17.0% but the UTS slightly reducing to 1062 MPa.
Aging up to 10080 minutes unexpectedlpuked in a decrease in TE to 13.7%,
whereas the UTS stayed at the same lévesummaryof YS, UTS and TE are listed
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in Table4i 2. It is worth notinghat, compared to the engineering stigtsain curves
of the solutiortreated samples, the engineering stress of aged sampligsiia4-11

reacheda plateau after the yield point and stayed at the plateau over a wide strain

range.
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Figure4-11 Engineering stress vs. engineering straitt@ Mnalloy aged at 500 °C for

different durations.

Table4i 2 Summary of the mechanical properties of 10% Mn alloys aged at 500 °C for

different durations.

YS (MPa) UTS (MPa) TE (%)
2880 min 1010 1113 12.1
4320 min 920 1074 13.8
5760 min 860 1062 17.0
10080 min 970 1032 13.7
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Similarly in the 12% Mn alloy agedt &00 °C, the aging teto the increase in
strength but uncertain changes in ductili§jglre4-12 andTable4i 3). In the early
aging stage, samples failed withaexhibiting any ductility (not displayed). After
aging for 240 min, an improved TE 5% with a remarkable UTS of 1306 MPa
was noticed. Longer aging improved the ductility but Weasd detrimental to the
strength (e.g. the sample in 50Q / 2880 min state: UTS of 1142 MPa, TE of
17.8%). However, furtheextenad aging did not result imny obvious variation in

the mechanical properties ( in Figure4-12). What is worth emphasising

is thatsimilar but more flattened engineering streain curves than 10% Mn alloy
was presentin 12% Mn alloy. It is evident that the decrease of engineering stress

during the necking periosvas smaller than that in 12% Mn alloyfor the same

conditions
1400 ]
12% Mn
1200
| —
T 1000 | % x
= ] @
2 ] ( @®
@ 800 |||
& 18
o 1 @ SHT
£ 1§
; 600 ] (
s 18
£ ]
g .| ® @) 2880 min
| |
200 1 (&) 5760 min
g
]
0 1 T T T T T T T T T T T T T T T
5 10 15 20

Engineering strain (%)

Figure4-12 Engineering stress vs. straink#% Mn alloyaged at 500 °C for different

durations.
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Table4i 3 Summary of mechanical properties of 12% Mn alggd at 500 °C for different

durations.
YS (MPa) UTS (MPa) TE (%)
240 min 1250 1306 55
1440 min 1015 1137 7.6
2880 min 940 1142 17.8
4320 min 910 1126 17.0
5760 min 870 1120 18.4
10080 min 960 1162 15.1

In terms of the effects of agingmperature, all the three alloys exhibited poor
ductility when aging at 420 °C even for 10080 minutegre 4-13 exhibits the
tensile curve of 12% Mn alloy in 420 °C / 10080 min state). Increasing aging
temperature to 460 °C improved the embrittlem&hte 12% Mn alloy in 460 °C /
10080 min state attained a limited TE of 7.7% with a UTS of 1330 MPa.
Significantly improved ductility but decreased strength existed when aging &500
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Figure4-13 Engineering stresstrain curves of 12% Mn alloy aged for 10080 minutes at

different temperatures.

Increasing the Mn content of alloy is consideredatmther effective method to

improveboth the strength and ductility. As stated above, at lower aging temperatures
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(420 °C and 460 °C), 7% Mn and 10% Mn alloy failed before plastic deformation
initiated. Only the 12% Mn alloy in 460 °C /10080 min state exhibited an acceptable
combination of strength and ductilityFigure 4-13). At the aging temperaturef

500 °C where the embrittlement was supposed to be much improved, 7% Mn alloy in
500 °C / 10080 state yielded a TE of 6.6%, while both the 10% Mn and 12% Mn
alloys yielded even better ductility (13.7% and 15.3%, respectively). Moreover, the
UTS was alsoncreased from 1005 MPa of 7% Mn alloy to 1162 MPa of 12% Mn
alloy (Figure4-14). Figure4-15 further compares the UTS and TE between 10% Mn
and 12% Mn alloys aged at 500 °C for different duratiovisch reveat that both

the UTS and TE of 12% Mn alloyerehigher than those of 10% Mn alldgr the

same conditions
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Figure4-14 Engineering stresstrain curves of 7% Mn, 10% Mn and 12% Mn alloys in
500 °C / 10080 min state.
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Figure4-15 Comparisn of UTS and TE between 10% Mn and 12% Mn alloys aged at
500 °C for different durations.

4.6 Fractography analyses

4.6.1 The fracture surface after solution heat treatment

Figure 4-16 displays the SEM fractographs of fracture surfaces in the SHT state.
Figure 4-16(a) reveals a mixed fracture mode in soluticzated 7% Mn alloy.
Specifically, the flat facets exhibiting river patterns are typical of cleavage brittle
fracture while cupandcone dimples are the characteristic feature of good, ductile
fracture. Increasing Mn contergd to the improvement of dudity. As shown in
Figure4-16(b), the proportion of dimple fracture in solutieated 10% Mn alloy is
much higher than that in 7% Mn alloy. 12% Malloy exhibits a complete
transgranular dimpled ductile fracturBigure 4-16(c)). Compared to the uniform

and shallow dimples in 7% Mn and 10% Mn gBothe dimples in 12% Mn alloy are
relatively larger and deeper. Besides, bimodal dimples, i.e. both large and small

dimpleswereobserved irthe12% Mn alloy.
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Figure4-16 The fracture surface of solutigreated (a) 7% Mn; (b) 10% Mn and (c) 12%

Mn alloys.

4.6.2 Intergranular brittleness in aged 7% Mn alloy

As the intergranular brittleness was most severe in 7% Mn alloy, the 7% Mn alloy
was taken as example to study the effect of aging parameters on bsttlegese
4-17(a) reveals a nearly complete intergranular brittle fracture surface when aging at
420 °C for 10080 min. Clear cracks along grain boure$a can be observed.
Increasing aging temperature to 460lé@to a small amount of cleavage fracture as
shown inFigure 4-17(b). But the intergranal brittlenesswas still the dominant
fracture mode. When subjected to the aging temperature dfQQ@e intergranular
brittlenesswas still evidentin the initial aging stage Figure 4-17(c)), then the
fracture mode graduallyransforned into cleavage fracture as the aging time
increasesKigure4-17(d)).
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Figure4-17 The fracture surface of 7% Mn alloy aged at: (a) 42@ 10080 min; (b) 460C
/ 10080 min; (c) 500C / 60 min and (d) 500C / 10080 min.

4.6.3 Improved fracture behaviour in aged 12% Mn alloy

As both the tensile result and microstruatuwbservation indicated, 10% and 12%
Mn alloys revealed similar mechanigalopertiesand microstructure with a small
variation in austenite fractionhe 12% Mn alloy is represeatively studied here to
explore the effects ohging parametersn the fracture behaviour. At the aging
temperature of 420C, the 12% Mn alloy revealed severe intergranular brittle
fracture like 7% Mn alloy shown iRigure4-17(a). Increasing the aging temperature

to 460 °C led to the improvement of fracture behaviour. The fracture mode
transformed from cleavage fracturethre 460 °C / 4320 min statéFigure 4-18(a)

and (b)) to quasi cleavage fracture modehia 460 °C / 10080 min stateF{gure
4-18(c) and (d)). The quasi cleavage is similar to the cleavage fracture but with an
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increased ductile proportion. As illustratedRigure4-18(c) and (d), small dimples

seem to become dominant although intergranular fracture can still be observed.

Figure4-18 The fracture surface of 12% Mn alloys agedt60°C for (a)(b) 4320 min and
(c)(d) 10080 min. The right column is the enlarged fractographs.

Although intergranular brittleness occurred at the onset of aging proces¥J500

min state,Figure 4-19(a)), further aging at 500C significantly improved the
fracture performance of 12% Mn alloy. After aging for 1440 min, a microvoid
coalescence fracture mode related to dimplas present wih a small amount of
river pattern Figure 4-19(b)). In 500°C / 10080 min state, obvious necking and
large reductions in areavere clearly observed @t displayed here) and the
fractogiaph is fully occupied by dimpleflacture modeKigure4-19(c)). It is found
that the proportion of intergranularatture increased immediately at the start of
aging andwith prolonged aging igraduallydecreased. Besides, granular inclusions
in the size range 16800 nmwerefound at the bottom of some dimples as shown in

Figure 4-19(d). It is worth noting that compared to the dimpiessolutiontreated

84



Chapter 4 Brief study on microstructure and mechanical properties of Mnrbased
maraging steels

stage Figure 4-16), dimpleswere smoother and smaller in ductile aged samples
(Figure4-19(c) and (d)).

Figure4-19 The fracture surface of 12% Mn alloys aged at 8D@or (a) 10 min; (b) 1440
min and (c)(d) 10080 min.

4.7 Summary

1. Themodynamic calculation by MatCalc confirmed that the dominant
equilibrium phases at aging temperature-820 °C are ferrite and austenite.
The only precipitate phase predicted by MatCalc was Laves pha&éM®).

A trace of fcc phase TiC was found theripatable over avide temperature

range upto 1300°CChe equi |l i brium o9/ U tr)ansfor
are calculated as: 7% Mn alloy: 7ZZ; 10% Mnalloy: 644 °C;12% Mn
alloy: 614 °C.

2. The addition of Mn has been demonstrated to refine bothribe qustenite

grains and martensite packets via redu@ngand0 temperatures. This
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grain refinement is partially responsible for the higher strength and ductility
in 12% Mn alloyin the SHT state

3. Phase identification by XRD confirmed the formation of reverted austenite
during aging.Besides XRD analyses revealed the existence -ofiartensite
in overaged samples, but no evidence of precipitates was found in XRD
patterns.

4. Aging at 460°C or 500 °C exhibited a typical hardness evolution of
precipitaton-strengthened alloysHigher aging temperaturéed to a more
rapid hardening towards peak hardness followed by a nieddearease in
hardness inthe overaged region. A sower hardening kinetics but are
significant hardening effeexisted at 420 °C. In terms of the Mn content of
alloy, a quiclerresponse tthermal treatmerdnd more significant hardening
effect were observed in 12% Mn alloy when compared to oteealloys.

5. Embrittlement occurredni the samples aged at lower temperatures or at
higher temperatures but for short times. Increasing aging temperatures and
durations could significantly improve the embrittlement phenomenon. Higher
Mn content was also demonstrated to benefit the ductsityell. The 12%

Mn alloy aged ab00 °C for 5760 min exhibited@dTS of 1120 MPa with TE
of 18.4%.

6. The fracture mode of solutieineated samples is a mix of cleavage brittle
fracture and dimples fracture. Higher Mn content corresponded to an increase
of the proportion of dimples fracture. Intergranular brittle fracture was
observed in the early aging stage. The embrittlement phenomena were much
improved after prolonged aging process and the fracture mode gradually
transformed to a transgranular dimpled dacfracture. Both higher Mn
content and higher aging temperature were found to accelerate the
improvemenof ductility.
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Chapter 5 Characterization of L2,-ordered
Ni>TiAl intermetallic phase and its precipitation

behaviour

5.1 Introduction

The previous hardness study Bection 4.4 revealed a rapid and signifidan
hardening during aging in the three Mased maraging steels and evidence has
suggested that the hardening is mainly attributed to the formation of an unknown
type of precipitate. Therefore, the primary objective addressed in this study is to
investigatethe nature othe precipitate. In this chaptethe chemical composition,
coarsening behaviour, crystal structure and coherency of precipitates will be studied
aiming to understand their effects on tlstrengtheningbehaviour of Mrbased

maraging steelsespectively.

5.2 Experimental details

The precipitates formed in 7%, 10% and 12% Mn a&llapder different aging
treatments were investigated. The soluticgated samples were aged at 421

460 °C andb00°C for 10, 30, 60, 120, 240, 480, 1440, 2880, 4%7®B0 and 10080
mins. Various TEM techniques including bright field, electron diffraction, dark field
and EDS were employed to obtain the information about size, compositicheand
crystal structure of precipitates. Most of these investigations were ccamieon
overaged samples as the ultrafine precipitates formed prior to the peak strengthening
were difficult to be identified under conventional TEM observation. In this case,
carbon extracted replicas were used for the investigation of early precipitatio
Complementary studies on the crystal structure and core/shell structure were
performed on HREM and HAADF.
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5.3 Microstructural evolution

5.3.1 The effect of Mn content on the precipitation

Figure5-1 presents the brigtiteld TEM micrographs of precipitates in 7% Mn and
12% Mn alloys aged at 50@. The microstructual evolution of precipitates in the 7%
Mn alloy aged at 500C is illustrated in the left columnThe 480 min aged sample
(Figure5-1(a)), corresponding to the peak aging hardening, exhibited a fine, highly
disperseddistribution of precipitates withveak contrast. Further agingdl to the
increaseof the size of precipitates, as shown in the 2880 min ageatple Figure
5-1(c)). Precipitate coarsening, which resulted in a significant decrefgsbe
number density, was obvious in the 10080 min eggedple Figure5-1(e)). Forthe

12% Mn alloy the precipitates the 480 min aged sample have a larger average size
and higher number density compared to the precipitates in the 7% Mn alloy for the
same aging condition. Analogous to the 7% Mn alloy, further agi2§80 min and

then 10080 min resulted in a significant increase in the precipitate size but a decrease
in the numbedensity Figure5-1(d) and(f)).
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Figure5-1 Bright-field TEM micrographs of precipitates formed at 3@ Left: 7% Mn
alloy for (a) 480 min (c) 2880 min and (e) 10080 min; right: 12% Mn alloy for (b) 480 min
(d) 2880 min and (f) 10080 min.
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5.3.2 The effect of aging temperature on precipitation

The aging temperature is one of the key factors to determine the population and size
of precipitates. It is believed that lower aging temperatures can introduce a high
number density of fine precipitateand thus a better strengthening contribution. On
the other hand, the kinetics of precipitation is, to a large extent, also associated with
the aging temperature. A relatively high temperaturegémerally desired by
steelmakers to reduce the cycle timeaging process. Therefore, investigation is
needed to determine the optimuraging temperature meeting both the

thermodynamics and kinetics requirement.

The representative 12% Mn alloy subjected to different aging temperatures was
studied. As showin Figure5-2(a), theprecipitates experienced an extremely slow
growth process when aging at 420 °C. A small average size of ~5.5 nm was achieved
after agingfor 10080 min. A more rapid growth was observed at 460 °C where the
average size grew up to ~7.5 nm after aging for 100B0(Figure 5-2(b)), and a
moderate increase in the number density is also visible. Further incrélasmgng
temperature to 500 °Cdeto a significant increase in the size but a decrease in the
number density: the precipitates in the 10080 min aged sample have an average size
of 19.4+ 6.4nm (Figure5-2(c)).
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(@) 12% Mn 420 ° C/10080min  (b) 12% Mn 460 ° C /10080 min
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Figure5-2 TEM micrographs of precipitates on carbon extraction replicas of 12% Mn alloy
aged at (a) 42€C, (b) 460°C and (c) 500C for 10080 min

5.4 Coarsening of precipitates

5.4.1 Size distribution of precipitates

Based on the TEM observation of precipitates, pinecipitate size distributions
(PSDs)were analysed and the representative resultdigpéayed inFigure5-3. Due

to the limitation of the resolution of extraction replioasder TEM observation
precipitates with an equivalent radius below 1 nm could not be counted. The PSD
function (g) was plotted as a function of reduced precipitate radiusi(fi] to

allow comparison with the LSW model expresse{i7és
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"R QY i—” (5.1)
where” "Q” is the theoretical distribution function. As displayed-igure5-3, the
experimental PSDs results roughly agree with the theoretical PSD function
superimposed on the histograms and the agreement in the early aging stage is better
than thatafter longterm agng. Despite the variation of the average precipitate size,
the PSDs of the three allogxhibit a similar shape for the same aging condition,
which means that the effect of Mn conterdsnot that significant on the precipitate
size distributionsin ternms of the aging time, the PSDs of the three allogse all
narrow in the beginning (50TC / 480 min and fited well with the PSD function
predicted by LSWtheory Figure5-3(a), (d) and (g)), but after aging for 2880 min
the PSDs yieldd a broader shape than the theoretical RE®ribution Eigure
5-3(b), (e) and (h)), and this discrepanmyaintaired at this level to the end of aging
process (10080 min state), as showkigure5-3(c), f)and (i).
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Figure5-3 Examples of PSDs plotted for various aged samples: 7% Mn alloy (850880 min, (b) 500C / 2880 min and (c) 50C / 10080 min;
10% Mn alloy (d) 500C / 480 min, (e) 500C / 2880 min and (f) 50 / 10080 min12% Mn alloy (g) 500C / 480 min, (h500°C / 2880 min and
(i) 500°C / 10080 min. The histograms of the PSD function, g, are plotted as a funatesluoéd precipitate radius ( i i |. Theoretical LSW

distribution is presented as well for comparison.
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5.4.2 The growt h and coarsening kinetics of precipitate

Thegrowth kinetics at theaty stage of precipitation was studied. It is found that the
size of early precipitates follad a linear increase with aging timafter whichthe

rate of increase appeato change idicating the initiation of the coarsening process
(Figure 5-4). The trend of curves is consistent with the description of precipitate
sizetime relatioxship inFigure 2-5. Besides, the growth rate of precipitates in 7%
Mn alloy is found slower than that in 12% Mn alloy.
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Average precipitate radius (nm)

Figure5-4 Evolution of the mean precipite sizeJas a function of aging time at 500 °C in
(8) 7% Mn alloy and (b) 12% Mn alloy.
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The pecipitate coarsening in the 7%, 10% and 12% Mn alloys aged &iCo0@s
assessed by plotting mean precipitate radjuy@able 5i 1) as a function of aging
time 0 (Figure 5-5). Except the point of 500C / 10080 min state in 12% Mn alloy,
the linear slopes irFigure 5-5 confirm to the relationship between the mean
precipitate radius and aging time:

ir o Vo) (5.2
This indicates that the coarsening kinetics of precipitates in the three alloys follows
the diffusioncontrolled coarsening kinetics predicted by LSW theory. The slopes in
Figure5-5 reveal that the coarsening rate constants increase with the Mn caritents
alloy. Besides, thel of 12% Mn alloy aged a&00 °C / 10080 min, which shows a
deviation from the expected value by LSW model. This cauditate a change in

coarsening mechanism or possibly a change in precipitate structure. Further work

would be required to understand this change.
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Figure5-5 Evolution of the mean precipitate radiysasa function of aging time, in 7%
Mn, 10% Mn and 12% Mn alloys aged at 5@
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Table5i 1 Experimental mean size of precipitateFgnd coarsening rate constant J of different aloys aged at 500C.

Aging time 7% Mn 10% Mn 12% Mn

(min) 1 [(nm) 0 (m’s) i [(nm) 0 (m’sh i [{nm) 0 (m’sh)
480 2.52+0.72 - 3.39+ 1.28 - 3.71+ 1.43 -
1440 443+ 1.14 - 4.66+ 1.56 - 5.15+ 1.94 -
2880 5.2+ 1.79 - 5.99+ 2.41 - 7.28+2.21 -
4320 5.76+ 1.9 - 7.22+2.44 - 8.74+3.15 -
5760 6.29+ 1.8 - 8.29+ 2.78 - 9.63+ 3.17 2.83 10%

10080 7.81+2.38 0.76 10% 9.5+ 3.33 1.48 10% 9.71+ 3.19 -
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5.5 Chemical composition of precipitates

The chemical composition of precipitates in Mased maraging steels is under
debate in the literaturd 8][44][135][217][218]. Apatt from the commonly reported
d-NiMn precipitates in FeMn-Ni maraging steels, Heo et §17] found a type of
precipitate with the chemical composition agreeing witBMWiAl phase in an Fe
8.3Mn-8.2Ni4.2Al alloy. The investigation of the newly developedZ% Mn
maraging steels with minor additions of Ni, Al and Mo, which are chemically
similar to the materials in our study, reported the precipitates were enriched in Ni, Ti
and Al [18][44]. It wasinitially speculated the precipitates mightrbeNis(Ti,Al)

phase which is the most common precipitatesomventional 18Ni maraging steels.
Later, APT analysis, revealed that the average chemical composition was close to
Nisg(Al, Ti,Mn)so [135]. However, amore recent study proposed the formation of
NiMn or/and NpMnAl precipitates depending on the Al contents tirese Mn
maraging steel219]. Moreover, in a ternary FEOMn-1Pdbiodegradable maraging
steel, the addition of Pd was found to promote the formation of (Pehjibin)
precipitates. All the evidence suggests that the chemical compesifiprecipitates

in Mn-based maraging steetge variable and, to a large extentep#nd on the

elemental concentratiornd alloys.

TEM-EDS analyses were conducted on thin foil samples and the representative
spectra of both precipitates and matrix (7% M0 °C / 12960 minare presented

in Figure5-6. The spectrum ifrigure5-6(b) indicates that the precipitate contained

Ni, Ti and Al when compared to the surrounding matmeigure 5-6(c)). The major
elements of the matrix, Fe and Mn, were also detected by the EDS analysis of
precipitates (Figure 5-6(b)). Some researchers suggektthat the Fe and Mn
concentrationsveredue to the residual matrix above or below precipitfé§ but

this viewpoint is doubtable as the Mn/Fe mass ratiBigure 5-6(b) is much higher

than that inFigure5-6(c).
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(b) precipitate

Ni

Ni

Figure5-6 (a) Brightfield TEM image of7% Mn alloy aged at 500 °C for 12960 naind
TEM-EDS spectra oftl) precipitate andd) matrix

In order to minimize the interference from the matrix, carbon extraction replicas
were utilized for further compositiah analyses. Representative STHNDS
analysis was conducted on 12% Mn alloy aged at “&8D@r 2880 minalong the
horizontal line crossing a precipitate, as shawrFigure 5-7. The corresponding
concentration profiles of Al, Ti, Mn, Fe and Ni are plottedotethe STEM

micrograph.
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Figure5-7 STEM micrograph of precipitates in 12% Mn alloy aged at ®D€or 2880 min

and EDS results of concentration profiles measured along the red line.

As displayedn Figure5-7, theSTEM-EDS analysis on replica sample confirms that
the precipitates mainly comprised Ni, Ti and Al with some segregation of Fe and Mn.
The casiderable Fe and Mn concentration detected demonstrates that the
segregation of Fe and Mn in precipitates is not an artefact. The APT study conducted
by Millan et al. [135] also confirmed the existence of Fe and Mn atams

precipitates and 20 at.% Fe and 25 at.% Mn were detected by APT in the precipitates
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in a 9% Mn alloy aged at 45 for 192 h As mentioned irfbection2.2.3.1 similar
phenomenon of matrix elements segregating to precipitates has been reported in
several NiAtstrengthened steelf32][40][60][78][81]. It is worth noting that in an
Fe-Ni-Al-Ti-Cr alloy, two independent precipitates, NiAl andsNj were formed

after a splitting of the precursor clusters. NiAl precipitates were found to cantain
significant amount of Fe while §lii precipitates were Fiee [32]. It is generally
believed that NiAl precipitates which are formed out of the salateclusters have

a high solubility of Fe, thus the Fe atoms in precursor clusters tend to be retained in
NiAl precipitates rather tham NisTi precipitateg38][82]. Therefore, the presence

of Fe atoms in the precipitates Mn-based maraging steefsthis study implies that

the precipitate is more likely to be NiAl phase or similar phases with high Fe
solubility, rather than the RIli phase in the conventional maraging steels. On the
other hand, another possibility proposes that the existing of Fe and Mn in
precipitates is associated with the lateral diffusion of Fe and Mn atoms from the
matrix during aging135]. Therefore, @irther investigation is needed to determine

which viewpoint is more reliable.

In order to quanty the elemental constituents of precipitates, standardless
guantitative analysisn at least 10 precipitates within each sample was undertaken
and the results are summarized Tiable 5i 2. As discussed irSection 3.3.4.2
standardless quantitative analysis cannot provide accurate quantitatiite, rfesu

given that the precipitate forming elements in this study are not trace and their
atomic numbers are not small, the standardless quantitative results should be

acceptable.

The datain Table 5i2 did not reveal significant variation in the chemical
composition of precipitate among the three alloys. This suggests that the precipitates
are quite chemically stable within the aging tinpeta 10080 minThe 7% Mn alloy

is chosen to study the Fe evolution in precipitate in order to eliminate the
interference from austenite reversidm.the 500 °C / 480 minstate 15.8 at.% Fe is
detected in the precipitate followed by a decrease to 9BF.after aging for 2880

min. Further aging to 10080 min did not further change the Fe concentration which
suggests that the Fe in precipitates had reached its equilibrium concentration after

prolonged aging. Owing to the limitation of the TEHAMDS technige, compositional
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analysis was not carried out on the precipitates in the very beginning of aging
process.But Millan et al. [135], who employed APT to measure the chemical
composition of precipitates in a 9% Mn maraging stegdorted the precipitates with

an average composition ob &t.% Ni, 11 at.% Mn, 2 at.% Al, 2 at.% Ti, and 50 at.%
Fe after aging for 0.5 hours. The evolution of Fe concentration in precipitates
confirms our speculation that the Fe atoms in the precipat&eetained from the

precursor clusters rather than th& diffusion from the Fe matrix during aging.

Owing to the partitioning of Fe and Mn, the precipitates have astwchiometric
composition which can be described agTv\ or Ni(Ti,Al) phase. This deviation
from the stoichiometric composition due teethlement substitution is proposed to
increase théocal disordering and dislocation climb or cutting, thereby enhancing the
ductility of phase$103].

It is important to emphasize that in Raabe & al A P T[135]tthe Ayand Ti
concentration of precipitatesvere relatively low and these low levels maintained up
to aging for 196 h whiclvas contradictoryo the present results. On the other hand,
as the Ni and Mrtoncentratiosin their study increased moderately with the aging
time, the composition of the precipitates in their work wagRdoMn2AleTig
which, in their opinion, wamoreclose to Nig(Mn,Al, Ti) s0.
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Table5i 2 Average chemical composition in at.% of the naized precipitates evolved at 500 measured by TENEDS.

Al-K Ti-K Mn-K FeK Ni-K
7% Mn 480 min 30.2+ 1.4 174+ 1.0 4.3+0.6 15.8+ 0.6 32.4+0.8
2880 min 33.1+1.2 17.2+1.3 5.6+ 0.5 9.8+ 0.6 34.3+£0.9
10080 min 33.4+0.4 149+ 0.5 7.1+ 0.5 9.8+0.3 35.0+ 0.3
10% Mn 480 min 30.4+0.5 15.6+ 0.8 6.5+ 0.6 147+ 0.4 32.8+0.8
2880 min 33.0+ 0.7 17.7+£ 0.6 5.4+0.5 12.2+ 0.4 31.8+0.7
10080 min 33.5+0.7 18.1+ 0.9 4.7+0.5 13.4+1.3 30.3+ 1.5
12% Mn 480 min 30.2+0.9 15.6:1.1 6.7+ 0.4 151+ 0.9 325 1.1
2880 min 32.9+0.2 16.8+ 0.5 5.7+0.4 12.2+ 0.3 325+ 0.5
10080 min 33.4+0.8 173+ 1.1 5.4+0.9 12.7+1.0 31.2+ 1.3
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5.6 Crystal structure of precipitates

5.6.1 Determination of crystal structure

According to the compositional study, the intermetallic precipitates irbad&ed
maraging steelsnay be NpTiAl or Ni(Al, Ti). XRD analyses of the aged samples
(seeSection4.3) did not reveal any diffraction signal of the precipitates even when
the microstructurabbservationclearly showed a significant amount mfecipitaes
which further suggests that the precipitates are highly likely to bNi@4, Ti) or
L2:-Ni,TiAl phase as most of their diffraction peaks overlap with the pealk§ of
martensite matrix. Sge the crystallographic constitution thie phase determines its
electron diffraction behaviour which plays an important role in the precipitate
characterization, the crystallographic detadf B2-NiAl and L2;-Ni,TiAl are

discussed.

1 B2-ordered NiAl
Figure5-8 displays the crystal structure of BBAI phase and its simulated electron
diffraction patterns along loandex zone axis directions. The B2 pbdss a CsCl
type crystal structure. It is constituted by two primitive cubic lattices which are
stacked alternatively along the vector 1/2<111> [17]. This structure can also be
described as a boeyentred cubickicc lattice of Ni with the centre positisrbeing
replaced by Al atoms. The lattice parameter of the stoichiometric composition is
0.2887 nm which is very close to that d¥fmartensite (0.2884 nm3ée Appendix
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Figure5-8 Crystal structure ofrie B2ordered NiAl phase and simulated electron diffraction

patterns along lovindex zone axis directions simulated using ICDD RDBFsoftware.

1 L2;-ordered NiTIAl
The L2 structure simply involves a further ordering of the Al and Ti atoms on the
Al sublattice in B2 structure. The structure can be regarded as possessing three sets
of sublattice Figure 5-9(a)), among which two interpenetrating face centred cubic
lattices are occupied by Al and Ti atoms respectively and a primitive cubic lattice of
Ni atoms is shifted by the vector 1/4<11EFgure5-10(a) is an equivalent way to
illuminate the L2 structure but easier to understand. The unit cell is built up by eight
small bcc lattices. The corners of each small clditece are occupied by Ni atoms
with the centre positions being orderly occupied by Al and Ti atoms. Thus, two
different types of B2 structure are arranged successively in each direction. The

lattice parameter of the small body centred cubic lattice $0n29) is half that of the
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entire unit cell and is close to that of BRAI phase (0.2887 nm). When the centre
positions are fully occupied by one type of atom, for example Al, the phase is
transformed to Bardered NiAl phase; when the Al and Ti atoms eardomly

arranged, the phase is degraded teoBfered Ni(Al, Ti) phase.

Figure5-9 Crystal structure of the Lzbrdered NiTiAl phase and its simulated electron
diffraction patterns along loandex zone ad directions simulated using ICDD PEIF

software.

The phase with the fully ordered L 3tructure is named as Heusler phaBEee
Heusler phases become strongly ferromagnetic after quenching froifCgqQQo].

The structure is bodgentred cubic but with a face centred superlattice, as illustrated
in the electron diffraction patterngigure 5-9(b), (c) and (d)). Comparing their

standard electron diffraction pattern, it is found that the B2 andsttdctures have
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similar diffraction patterns along the [001] armp[p zone axes. In the [001] zone
axis, the {220} and {002)eflections of L2-ordered NiTiAl coincide with the {110}
and {001} reflections of Bzrdered NiAl, respectivelyHigure 5-8(b) andFigure
5-9(b)). In the [pp @ zone axis, the {220} reflections of Lzdrdered NiTIAl
coincide with the {110} reflections of Bardered NiAl Figure 5-8(d) andFigure
5-9(d)). Although the theoretical intensity flifence exists between the two phases,
it is difficult to distinguish it under the real beam condition. The characteristic
reflectionsto distinguish the two phasare only visible along the [011] zone axis.
Figure 5-10 presents the electron diffraction patterns of both-di2lered NiTiAl

and B2ordered NiAl along the [011] zone axis for a better comparison. The {222}
and {002} reflections of L2ordaed NpTiAl coincide with the {111} and {001}
reflections of B2ordered NiAl, whereas the {111} and {311} reflections exclusively
exist in the LZ-ordered NiTiAl phase. Therefore, the {111} and {311} reflections
along the [011] zone axis are considered as the characteristic diffractionf@pots

L2, structure.
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Figure5-10 (a) Eight unit cells of the BBrderedNiAl for a better comparison with (b) the
unit cell of L2-ordered NiTiAl; diffraction patterns along the [011] zone axis of (c) B2
ordered NiAl and (d) L2Ni,TiAl simulated using ICDD PDH+ software.

A HREM study was carried out to identify the crystaucture of the precipitates.
Figure5-11 shows the HREM micrographs of precipitate along the [011] ppdp[

zone axes, respectively. To betteardly the crystalline structure dhe precipitate,

fast Fourier transform (FFT) analysis is displayed as inset. The characteristic {111}
reflections along the [011] zone axis of;k@dered NiTiAl phase are indexed (see
inset).Figure5-11(b) and (d) reveal the inverse fast Fourier transform (IFFT) image

by removing the background noise. The atomic arrangement is coincident with that
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of Ni,TiAl; theindexed dspacing of 0.3335 nm for the {111} planes and 0.206 nm
for the {220} planes are very close to the standaspakcing of NiTiAl phase
(0.3377 nm for{111} plane and 0.2068 nm for {220} plane) given by the ICCD
database. The slight deviation mag &#ssociated with either the nstoichiometric

composition or the error from the measurement and/or equipment.

Figure5-11 HREM micrographs of precipitates in 12% Mn alloy aged at*&Dfdr 10080
min, (a)[011] zone axis; (b) IFFT of (a); (cpp pzone axis; (d) IFFT of (c).

More information about the crystal structure is obtaine@B¥D analyseqFigure
5-12). The {111} and {311} reflections along the [011] zone axis, which are unique
to the L2 structure, are displayed the inset ofFigure 5-12(b). The presence of
L2,-ordered NiTiAl phase in the darfield images (white spherical phaseFigure
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5-12(b)), which was acquired by usittige p p superlattice spots, further confirms

the precipitate is, or at least consists ofi-b®lered NiTiAl phase.

Figure5-12 (a) Brightfield TEM micrograph of 7% Mn alloy aged at 5800 for 10080 min
along [011] zone axis and (b) corresponding daald micrograph using thep p
superlattice spots of precipitates (inset is the corresponding diffraetitern).

5.6.2 The orientation relationship between the precipitate and

martensite matrix

Representative selected area diffraction patte3dPEs) along lowindex zone axis
directions (10% Mn alloy, 500C / 10080 min state) are shownkigure5-13.
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Figure5-13 Selected area diffraction patterns taken on thin foil samples®(G0Q0080 min,
10% Mn alloy) along (a) [001], (b) [011] and ([ pzone axes.

110



Chapter 5 Characterization of L2-ordered Ni,TiAl intermetallic phase and its
precipitation behaviour

The coherency between precipitates anadrtensitematrix was investigated. The
SADPs reveal that the orientation of jk@dered NiTiAl precipitate is exactly
coincident with thaof thel tmartensite matrixKigure5-13). In both the [001] and
[011] zone axesHigure 5-13(a) and (b)), the {040} and {220} reflections of {-2
Ni,TiAl phase are overlapping with the {020} and {110} reflections of the bcc
matrix, respectively; in thegp @ zone axis, the diffraction pattern of JViAl
exactly matches that of the matrix, so no extra spots originating from the precipitate

wereobserved Figure5-13(c)).

The lattice parameter of2.-ordered NiTiAl phase was determined according to the
SADPs. The camera length was calibrated using the lattice paramatéT- of
martensite matrix obtained from the XRD analysis. Based on this calibration, the
lattice parameter of the Lrdered NiTIAl phase was calculated as 0.5819 nm.
Half of the lattice parameter of k-&rdered NiTiAl, which is the dimension of the
smallcubiclattice inFigure5-10(b), is close to the lattice parameter Sfmartensite

matrix. The misfit between them is calculated as

¢ LA A
1 : primibpg 1 P (5.3
E - ~
A A
C
whereA is the lattice parametef Ni,TiAl and A s the lattice parameter of

the martensitic matrix measured by XRD. Owing to the small misfit of the lattice
parametes and the special orientation relationship between the two phases, it is
proposed that the Lzrdered NiTiAl precipitate is coherent and coplanar with the
martensite matrixFigure 5-14 presents the nargcale precipitatesere uniformly
dispersed imarensitematrix in both the 7% Mn and 10% Mn alloys aged at $D0°

for 10080 min. Thedumbbeltshaped precipitates reveal that they remain coherent
with the matrixeven after aging at 500C for 10080 min, according to Ashby
Brown contrast theorf221].
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Figure5-14 Two-beam bright field micrographs of (a) 7% Mn and (b) 10% Mn alloys after
aging at 500C for 10080min.

5.7 Core/shell precipitates

Figure5-15 showsthe represerdtive bright-field TEM micrographs (left column) of
precipitates formed when aging at058C for 10080 min in 7% Mn alloyRigure
5-15()), 10% Mn alloy Figure 5-15b)) and 12% Mnalloy (Figure 5-15c)),
respectively. Corresponding highagnification TEM micrographs obtained from
carbon extraction replicas are correspondingly displayed in the right column. As
shown inFigure5-15, precipitates with a wellleveloped core/shell structure can be
distinguished by the darker central region surrounded by a periphery with brighter
contrast. For the 7% Mn alloy aged at 5@ for 10080 min Figure 5-1%a)), the
average size of precipitates ranges from less than 10 nm to ~20 nm with shells being
2-3 nm thick. Similar microstructure feundin the 10% Mn alloy aged at 500 °C

for 10080 min (Figure5-15(b)). The thickness of the shell is approximately constant
at 23 nm despite the sizes of precipitates varying from 12 nm to 24 nmh whic

indicates that the thicknesstbi shell did not increase with the growth of the core.
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Figure5-15 Left column:representative brigkiteld TEM micrographs. Right column:
magnified carbon extraction riéga TEM micrographs of precipitates. (a) 7% Mn alloy,
500°C /10080 min; (b) 10% Mn alloy, 500C / 10080 min andc) 12% Mn alloy, 500 °C /
2880 min
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