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Abstract

The rapid solidification othe Ni47xF&Siks3 (X = 0, 10 and 15 at.%) alloywas

studied by the drop tube technique aiming to investigate the formation of
intermetalic compounds and microstructural/olution at high cooling rate§he

particles of different diameters were obtainedth 758 50 e m p atheNir c| es f
25at.% Sialloyand 58 50 & m p aheNiisGHe8Ls3(xI= a0 and 15 at.%)

alloys. Several characteristic techniques werged to analyze the -aslidified

samples, including optical microscopy, SEM, THM A and XRD.

For the Ni25.3 at.% Si alloys, the metastable phasg3W formedas the dominant
phase in allsize rangesof the particles,with 2-Ni3;Si;> and b;-Ni3Si also being
present.Threetypical microstructureswere observed: (1) regular lamellar and (2)
anomalous eutectic structures comprising thes3 and b;-NisSi phases; (3)
heteroclite structure with the matrix of bis. The formation of the eutectic
structures indicates that there is a possible eutectic reaction for 1figNind b;-

Ni3Si phases. With increasing cooling rate, an increasing fraction of the droplets
formed the entire heteroclite structure.

The solidified phases and microstructures of tieFe-Si alloys were deeply
influenced by the cooling rate. At low cooling ratesly o9-Ni3;Si;» and a compound

with the same structure &s were obtained, while the additional metastable phase
NiysSig formed in the smalparticles (53212 em). Three tpical microstructures
were observed with increasing cooling rate: (1) regular structure comprising the
singlephases-Ni3;1Sip2 and eutectic structure ofNisiSipo and b;-NisSi; (2) refined
lamellar structure with the wide band ®Ni3;Sii,; (3) anomaloustructure with the
matrix of NisSig. It is suggested that there is an extendegdS¥istability field in the
Ni-rich part of NiFe-Si ternary system. With increasing cooling rate, an increasing
fraction of small droplets experience high undercoolingd, dherefore, can be

undercooled into the B§Sig stability field forming the entire anomalous structure.
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1 Introduction

Intermetallic materials have been pagigatattention for their potential application

as high temperature structural and #stmactural materials, due to the possibility of
combiring the ductility of metals and the strength and oxidation resistance of
ceramics One such ighe b Ns&i compound forts high melting poin{1443 K)
excellent oxidation resistanc|l] and great hardness(789HV) [2] at elevated
temperature However, like many other intermetallics, ig also brittle at room
temperaturg which restricts its application owing to fabricating difficultiggs7].

One potential route to overcome this difficulty is to form intermetatietal matrix
composites by incorporating a ductile phase into the brittle matrix or solidifying a
ductile plase from original melts, like in situ composites due to eutectic
transformation[2, 8, 9. Another potential route to improve this weakness is-non
equilibrium processing via rapid solidification, with the resulting fine grain structure
[10-12] and the presnce of antphase domains and disordeder structures

increasing room temperature ductiljt3, 14].

Rapid solidification can be achieved atow cooling rates by the reduction of
heterogeneous nucleation, e.g. melt fluxing and levitation techniquesrew
slowly-cooled but deephundercooled melt can be obtained. These experimental
designs provide the possibility for detailed fundamental investigations of the
processes occurring during the early stage of crystallization and direct observation of
the microstructures at different levels of undercooling and measurement of the
crystal growthvelocities. Another way to achieve rapid solidificationingolving

rapid cooling methods directly, like melt spinning, rapid quenclaing drop tube
techniqueswheein the norequilibrium phasesan be formed and retainethese
experimental designs provide a good way to develop new materials and study the

phase formation and microstructural development with increasing cooling rate.

The direct study of the solidifation properties ob-Ni3Si was firstly carried out by
Ahmad et al[15], who performed tla undercooling experiments dh-25.3 at% Si
alloy using a mekHfluxing technique.However, despite obtaining the required
undercooling(the maximum value bein@60 K) they were unable to obtain the
singlep h a sN&Si. finstead, at all undercoolings, the solidification was always to a

lamellar eutectic structure dhe singlep h a sNes;Si and super-Niatur at

1



l amel | ae with t h®i. TeewwphEree s/phade mas drdm tHe N i
decomposition o-Ni phaseein theeppst sdlidifitatior prddess.
Meanwhile, the growth velocities detected were extremely low, with a maximum of
0.018 m & at maximum undercooling, 160 K, which is consisterthwie general
trend revealed by previous studies on theSNalloys that the solidification velocity
drops with increasing Si concentratipt6, 17]. In addition, small amounts of the
metastable phase, M8i; a n d, wére retained in which a cooling eaf <10 K &
would be expectedRecently, extension studies on-R8.8 at.% Si eutectic alloy
were carried out by Lu et dl18], who obtained a small amount of amorphous phase
at an undercooling in excess of 240 K with a low cooling rate of > T Kvkich

gave a significant low cooling rate for amorphous phase formation in a binary alloy.
The formation of the amorphous phase here might also be bectuke high
viscosity of the Ni29.8 at.% Si melt, which has higher Soncentration in
comparisorwith the Ni25.3 at.% melf15, 19].

Meanwhile, from the NFe phase diagram, it is clear that the elements Fe and Ni can

form a continuous solid solution phase in some temperature rdg§@in€hemically,

Ni and Fe are very similar, so direct substitutddire for Ni would be expected with

small amount of Falloyed Experimentally, the stability of the Lbrdered phase

has been studied by Himuro et [@0, 21] on the N§Fe-Ni3Si pseudebinary system

wherein they observed the Lpr eci pitate from th#&i all oy
stability field.

In the present workthe drop tubetechnique was used to solidify droplets of the Ni
25.3 at.% Si and Nj 7xFeSixs 3 alloys at high cooling ratesA new solidification
pathway at high cooling rates and the influence of the cooling rate on the phase
formation and microstructural evolution will be investigatediuding the formation

o f-NifSip h a sebsa n d) infNi-Si dloys and L% (b1-NisSi) phase in NiFe-Si

alloys.



2 Fundamental Theory

The structure of engineering materials (metals and alloys) is very important as it is
directly related to its properties. Metals and alloys are usagjitalline in the solid

form andnormally consist of many very small crystaisd thus ar@olycrystalline.

This chaptercontains two partsncluding some essential theories and concepts that
are useful to accomplish the researthe first partconcens the basic theory of
crystallographyThe secoml sectionencompassethe main knowledge of the whole
solidification process, comprisingpe thermodynamis of undercooled liquig the

kinetics of nucleatiomndcrystal growth irarapid solidification proess.

2.1 Fundamentals ofCrystallography

Crystak aredifferent from gases and liquids because the atoms, ions or molecules in

a crystal arrange in a periodic pattern in three dimensions. Ignoring the actual atoms,
ions or mol ecul es, t he cryst atlimeosoomal be r €
array ofpoints (lattice points). Each of the points has identical surroundings. Here,

some basics about crystallography are introduced in brief, such as a unit cell, Mill

indices, crystal symmetry, crystal systems and §@2jn
2.1.1 Unit Cell

In order to avoid draing down a greater number of atoms to describe one crystal,

the conceptohbuni t cel | & the smalless gralip ofvdtdms possessing

the symmetry of the crystal which will develop into the crystal lattice when the unit

cell is repeated in allirections.Unit cells can be defined using six scalar lattice
parametersthe lengths of the three lattice translation vecéptsandc and the three

i ncluded anglamds) ,U b( b(entedtpneeremd o agndbbgt we e n

areshown inFigure 2.1.
2.1.2 Miller Indices

Miller indices,definedas the reciprocals of the fractional intercepts which the plane
makes with the crystallographic axesre widely used in crystallography and
crystallization for indexing the orientation of a plane in a laft&. Miller indices

of one plane is usually represented &8 , which means the plane makes fractional



intercepts of Xa/h, Y=b/k and Z=¢/I with the axes, as shown igure 2.2. As for a
given plane with the intercepts X, Yi@é Z, the corresponding Millendices can be

calculated in reverse as follows:

0= S TQ: &= (2_ 1)

£l
£l g

There exists a whole set of parallel edistant planes in any lattice, therefore,
Miller indices "(X& usually refer tathe plane in the set which is nearest the origin
and this whole set of equivalent planean be indexed byX& writtenin a curly
brackets Miller indices commonly use integeasd for the plane parallel to a given
axis, the corresponding Miller index israe

2.1.3 Crystal Symmetry

The crystallographic unit could appear identical to itself by performing certain
symmetry operationgzor examplea reflection occurs when @&ystal structure on
one side of a plane passing through the center of a crystal is the imiage of the
structure on the other side. The plane across which the reflection occuirsois
plane, as shown ifrigure 2.3a. There are four kinds of symmetry operations:
reflection, rotation, inversion and rotatiomversion. If a structure has-fold
rotational symmetry aboutaaxis, it means that a rotation of 380brings it into
self-coincidence. As fothe cubic crystal shown ifrigure 2.3b, it has a 4old axis
normal to each facefId axis along each body diagonal aa@-fold axis joining
the centre othe opposite edge. Central inversion and rotatiorersion operatiosn
arealso shown irFigure 2.3c and d22].

2.1.4 Crystal Systems

The parameters of a unit cell could vary from one to another, but actually there are
only practically seven different types of cells including all the possible point lattices.
They are known as seven crystal systems, as can be s€&ablén2.1. Except for
seven different point lattices, theestill some other arrangements of points which
fulfil the requirements of a point lattice that each lattice poirgt iantical
surroundings. In 1848, Bravais worked on this problem and demonstnate¢dere

are fourteen possible point lattices which can be used to describe any crystal

structure, as shan in Figure 2.4.



2.2 Thermodynamics of undercooled liquid

Rapid solidification technology has great practical potential for material science and
engineering. During this neequilibrium solidification process, refined
microstructures, extended solid solulyilénd new metastable phases can be obtained
at high cooling rateor at high undercoolingvhich in turn can improve the fatigue,
wear, or corrosio resistance of materials. Whatmore, ifthe cooling rate is further
increagd, the undercooled liquid caie transformedlirectly into the glass phase
[10]. In this section, some concept$ thermodynamics, e.g. Entropynthalpy,

Gibbs free energwill be introduced.

2.2.1 Enthalpy

Enthalpy is a measure of the heat content of the system and is given by

H=E+PV (2-2)

whereE is the internal energy of the systelis the pressure, andis the volume.
Usually, in asystem related to sohkbuid phase transition, changestbé PV term

are very small in comparison wify that is,H & E [23].

During the solidificiion process, the system transfarimom liquid to solid. The
enthalpy changes usually comprise two pgi®: (1) the decrease in enthalgye to

the transformation fromduid to solid,which is equal to the latent heat of fusion,
gH: (2) the decrease in the enthalpy of the liquid or solid, due to cooling, which is

given by:

()

YO=_ 6,Q9Y (2-3)
whereC, is thespecific heat capacity.

2.2.2 Entropy

Froma macroscopic point of viewf @ system, entropy describes the heat exchanges

that occur in themal processes via the relation:

QY= "W q/"Y (2-4)



whereQey denotes the amount of heat aht the absolute teperature at which the

exchangeakes place.

While from a microscopic point of view, entropy is a measure of the randomness of

the system.The entropy associated with a system in equilibrium is given by

SvzkelnW (2-5)

where kg is the Boltzmann constant andf is the frequencyof occurrence of a

macrostate
2.2.3 Gibbs free energy and equilibriumphase diagram

If a liquid is cooled below its equilibriutmelting temperaturéTy,), it would have a
tendency to solidify under the driving forc& (Gs). At constant temperature and
pressure, we can introduce Gibbs free ene@ytd denote the relative stability of

the system.

G=H-TS (2-6)

If one system is in its most stable state, it is said to be in equilibr&onat constant
temperature and pressure, a closed systeasiable state means it has the lowest

possiblevalue of the Gibbs free energy, satisfies the condition

dGs=0 (2-7)

whereGsis the overall Gibbs free energy of the syst&guation(2-7) only shows a

necessarybut not sufficient condition for equilibrium.

FromFigure 2.5, we can easily find that the Gibbs free energghefA state is much
lower than that othe B state, althouglioth of them meet Equatiof2-7). Sothe
states like A wold be the stable states, whitbe states like B can be called

metastable states, whics less stable thahe A state.

For a multiphase system, if the chemical potential of each component is equal in all

phases, it is in equilibrium condition, that is:

o= H=E=h=E (2:8)



Any transformationaccompared by a decrease in Gibbs free energy is possible.

Therefore, a necessary criterion for any phase transformation can be given by

YO="Q "Q<0 (2-9)
whereG; andG; are the free energied theinitial and final statesespectively.

Take abinary system consisting of A and B componenith two phases)andb at a
certain temperature, as shownHFigure 2.6. For an alloy with initial composition,
Xo, the equilibrium can be reached only if ttamgents to each Gibbs free energy

curve at the equilibrium composition lie on a common line.

N and ‘6 = (2-10)

In such cases, the equilibrium compositiondJaindb phases aréL andbe, and the

free energy of the system is minimu@, reduced by’ "®).

According to this equilibrium condition, a phase diagram can be constructed, and the
calculated process for one simple binary phase diapasrbeen shown iRigure

2.7. At a hich temperaturd;>Tp>Tg, the Gibbs free energy curve of liquid is lower
than that of solidJandb, so the liquid will be the stable phase at all compositions as
shown inFigure 2.7a. Decreasing the temperatureTig the Gibbs free energy
curve of liquid andJphase has one intersection, while the Gibbs free energy bf the
phase is still higher than that of liquid. In such cases, the common tangent line
indicates that the alloys with a composition lower th@nare solid at equilibrium,

with composition higher thaXy are liquid, while betweeXy andXy are a mixture

of Uand liquid. T4 is the eutectic temperature of this binary system and eutectic
reaction [=U+b) will take place if the alloy with compositioKg is as shown in
Figure 2.7d and f. Phase diagrams are very useful because they illustrate the
conditions at which specific phases can exishatmodynami@quilibrium[23].

2.3 Nucleation Kinetics

Theoretcally, if the temperature of metaldrops below itanelting temperature, it
would have a tendency to solidify under the driving forGe-Gs). However, in
many cases, the meWill stayin theliquid state belowts melting temperature.in
order to sodify, melts need to achieve gemperature lower than their malj



temperature, which is known as undercooling phenomenon, and the diffefghce (
T.) is the socalled undercooling.Here, nucleation phenomenowill be
demonstratedirst. It is clear thatextra energy is needed to ovemnte the energy
barrier to form a new interfacbetween a solid nucleus and the liquid when
solidified. With increasing undercooling, the driving force masesand if it
exceeds the energy barrier, a sdiked cluster can thereby transform into a solid.
Thew Q4 in Figure 2.8 can be used to represent this energy bariircleation is

the initiating process of solidification, whids followed by subsequentrgwth and

there are two classical nucleation theories to describe the crystallization from an

undercooled liquid, homogeneous nucleation and heterogeneous nudl&gtion

2.3.1 HomogeneousNucleation

Homogeneous nucleation means that the diél clusters transfon into solid
without contacting withthe container, other phases or molecular species during
solidification. If a small volume of solid forms from its liquid, it will cause
differencein free energy and generate a new interface between the solid and the
liquid. The change associated with the formation of the solid can release energy, but
the change associated with the creation of the interface needs to absorb Boéngy.

of them are related to the size of the solflssuming that the solid is a spharke

radiusr, the free energy change can be seehigure 2.8, andis given as

Q= SAIYQ+ Ani 2y (2-11)

whereY'Q is Gibbs free energy difference between the liquid and solid per unit

volumeand' -, is thesolid/liquid interfacial free energy

As can be seen fromigure 2.8, for a given undercooling, there exists one critical
radius,r’, which is associated with maximum excess free energy. It is clear that, if
the particle if critical size, therare two opposite paths to decrease its free energy,
dissolution and growthThat is to say, only if the size of soliie clusters exceed,

orare at least equal to the critical radius, they can transformaingw solid phase.

In order to formacrystalnucleus, the clusters have to overcome the energy barrier of
the interface. The maximum excess free energy can be given by diffexerti of
Equation(2-11):



2 = 4125Q+ 8115 = 0 (2-12)

S0, the criticalsize is given by

vz 2y
| = m (2'13)

Also, the maximum excess free energ\d, is:

e _ 16ArS
VG = 350 (2-14)
substitutingequation:
Q= (2-15)

to the former equation®-13) and(2-14), gives:

N Z Zr " l

i? = (#) o (2-16)
o 16A7 3" 1
Y = (D 7 2-17)

whereLy is the latent heat of fusion per unit volume.

So, if the temperature decreadeelow Tn, theY'Gy, andi’ will decrease rapidy
due to increasing undercooling,Y That is tosay, the tendency towards nucleation

increases sharply.
2.3.2 Heterogeneous nucleation

Homogeneous nucleation rarely occurs itunaas it needs a very pure albystem.
When the melt contains impurities, or is in contact with a crystalline crucible or
oxide kyer, nucleation may be facilitated if the activation energy required for
nucleation is decreased.his is known as heterogeneous nucleation. From the
Equation (2-17) it can be seen that nucleation develops more easily at small
undercoolings by reducing ghinterfacial energy termSimply, considera solid
embryo forming in contact with a perfectly flat mould wall as depictdeignre 2.9.
Assumingosy is isotropic, it can be shown th@3], for a given volume of solid, the
total interfacial energy of the system is minimized if the embryo has the shape of a



spherical cap widtgihen ly thé woaditioni tmaygtbe interfagidl e

tensionsoy, 9sv, andas. balance in the plane oféhmould wall.

ovL = Osm + s cosd (2-18)
or

cosf = (qwL - 9sm) / JsL (2-19

The Gibbs free energy change of the system in heterogeneous nudtegitien as

Yap= 3 13WQ+ 417y 3 (2-20)
where

(d) = (2 + cos)) (17 coxl)?/ 4 (2-21)

As can be seen from thEquation(2-20), except foithefactor §(d), it is the same as
the Equation(2-11) for homogeneous nucleatioBy differentiation of Equation
(2-20) it can be shown that

vz o 2y
| = m (2-22)
and
oz _ 16T

Combining Equatiori2-14) and(2-23) gives

Y Q= Y G (2-24)

The value ofS (d) varies between 0 and 1, whichrelated to the wetting angte
Therefore, if §d) is smaller than the energy barrier for herogeneous nucleation

is lower than that for homogeneous nucleation.

2.3.3 Nucleation rate

The growth of theeritical nucleus requires the transfer of atoms from the liquid to

the nuclei. The steadiystate nucleation rate is given by:
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= Gexp( ) (2:29

WhereY'@ is the free energy of the crititnucleus containing n atom$@, is the

activation energy for transfer ttwgh the solid/liquid interfac&gisBo |l t z manné s

constant andis thepre-exponential factor

With decreasingTl, the viscosity of the undercooled liquid increases and fewer
atoms will transfer from liquid to nucleiHowever,as can be seen from Equations

(2-16) and(2-17), it is clear that the critical nuclei size and critical maximum free
energy decrease with thencr eas e of Tuwhidhemeans thatimorg , (04]
nuclei wil satisfy the growth conditio@and in turn, the nucleation rate increases.
Thesetwo opposing tendeies are illustrated ifigure 2.10a, but time factor is
neglected herélaking time into account, thieT diagram can be easitygansformed

into aTTT (Time-Temperaturel ransformation) diagranf{gure 2.10b).

When liquid metals are cooled normally, the cooling curve will generally cross the
nucleation curve (curve 1).However, & very high cooling rate, there may be
insufficient time for the formation of nucleus, and the glassy (amorphous) solid

results (curve 24, 5].

2.4 Crystal growth in undercooled metallic melts
2.4.1 Heat and solute redistribution

During the solidification processthe liquid must be cooled down to the
solidification temperature, and then the heat releasdtidsgolidification process at
the solid/liquid interface must be extract&igure 2.11 shows the temperature field
in front of the solid/liquid interface. Fno Figure 2.11 it is clear that columnar
grains grow into the hot liquid from the modtdm theopposite direction to the heat
flow (Figure 2.11a and c), while in the process of eaggd grains growing into the
undercooled liquid, the growth direction iset sameas the heat flow direction
(Figure 2.11b and d)[19]. Specific to the drop tube in this project, the equiaxed
growth illustrated in(b) and (d) are relevant to the solidification situatjomiile the
situation in (a) and (c) are used tmmparison

In most casg solidification involves alloys but not pure metals. From the example

binary phase diagramFigure 2.12a), it is clear that there shoulde a local

11



composition difference ahe solid/liquid interface due to the smaller solubiliy

the U phase. In order to simplify the analysis process, the liquidus and the solidus
lines of the relevant part of the phase diagram are treated as straight, as can be seen
from the lower right diagram iRigure 2.12b. Duringthe equilibrium solidificaion

process of an alloy, trequilibriumdistribution coefficientks), the ratio between the

solid composition and the ligumbmposition at the interfaggves the equation:

Q=2 (2-26

here we just take the left hand corner of a phase diagram as an example. The liquid

solidus temperature interval @, gdlo, can be given by:

Y¥="Y0 %06 = avYo, (2-27)

wherem is the slope of the liquig line am giCy is the composition difference

between liquid and solid a4Co), which is given by:
Ve _ 601 Q) )
¥0q = —a (2-28)

During the solidification of an alloy, the excess solute rejected from the sdtwhin

of the interface will form an enriched boundary layer within a certaitance. With

the solid solidifyingfrom the liquid continuously, the composition of the liquid
ahead of the interface will rise gradually. After a transient period, the composit
distribution will stabilize in a steady state condition. The formation process can be
described byrigure 2.13. Under theseircumstancg the solid composition is equal

to that oftheliquid value far ahead of the interfac®,, while the solute composition

in the boundary layer decreases from the maximum vélyk,, at the interface to

the initial compositionCy, and follows the equation:

8y = 09 + YOoexp( %’Q) (2-29)
Q

whereVy is the grow velocityx is the distance ahead of the interface Bnds the
diffusion coefficient intheliquid. The liquid composition is inversely proportional to
the growth rate, and the composition curve becomes steeper at high growth rate
(V2>Vy), as shown irfrigure 2.14.

12



2.4.2 Undercooling

According to Euation (2-15), if gI=0 under the equilibrium temperature, the
system is at equilibrium, and no transformation can occur. So undercooling is the
necessary condition itme solidification process. Gendlypunder constant pressure,
undercooling consists of four parts: kinetic undercoolingly), curvature
undercooling @), thermal undercoolinggdlt) and constitutional undercooling
(pl). To reveal the nature of undercooling, kinetic considerations rbast
introduced.

1) Kinetic undercooling

When a solid/liquid interface moves forward along with crystal growth, tiretevo
processesthe 6 me | t i n gwheperatonesdransfé from solid to liquid aride
6sol i di f i cwhereatoms trgnsfer fmoeligusddo solid.Underequilibrium

conditiors, the rate of atoms transfergifromthese two processes must be equal,

()5 = () (2-30

As shown inFigure 2.15 it is clear that the two curves intersectTat It is not
difficult to understand that more atoms must jump floto Sthan that fromSto L
for solidification to occur Theaefore, the actual temperature e solidifying
interface must bdower thanT,, and this temperature difference is called kinetic

undercooling gy
2) Curvature undercooling

In the real solidification process, the liqusblid interface is not planar (flat) ithe
beginning, because solidification occurs at discrete points iigtid or at the walls
of the container. The surface/volume ratio of a solid particle increases with the
volume of the particle in Aquid decreasing which will giveise to the iorease of
the total free eneggof the particle. Therefor¢he increase dbtal free eergy of the
solid caused by particle size decreasing will result in a decrease of the melting point
compaed with the equilibrium temperature. The melting poifit(r) for a small

crystal with radius can be predicted by the Gibhtomson equatioff4].

Y=Y AYI(AYR) (2-31)
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whereTy is the normal melting poinT,(r) is the melting point of crystal with radius
r, qHs is the bulk enthalpy of fusiomg, is the surface energy of ti®. interface and

} sis the density of the solid.

Curvature undercooling gff;) is the difference between the normal melting
temperature of the metal and actual melting point of the samd wmigtaa finite
radius ¢l is a function of the interface curvature. In two dimensions, the curvature
of a circle with radius is K (=1/), whereas, in three dimensions, the curvature of a
sphere with radius is K (=2/r). In order to simplify the calcation, here the solid
particle is assumei bea sphere with radius So when the particle increasesdry

the net increase dfienew surfacenergy d(4” r*)/dr, mustbe equal to the decrease

of the free volumetric energyi(4’ r3qG/3)/dr, whichgives:

YQ=1g2= 10 (2-32)

whereos, is the liquidsolid surface energy arid is the curvature. Introducing the

equation,

yy= 22 (2-33)
Equation(2-33) can be revised as:
yy="Y "Y()=5e0=a (2-34
where] is the GibbsThomson coefficient.

3) Thermalundercooling

Thermal undercooling arises from the existing thermal gradient in the liquid, which
happens if nucleation is difficult or if the growth thie solid lags the heat transport
out of the liquid. The relationship is shownRigure 2.16 and equabn below[25]:

orr=T-Tp (2-35)

whereT* is the interface temperatuend Tp is the liquid temperature far from the

interface

4) Constitutional undercooling
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As mentioned abovethe dendrite grains growing into the undercooled liquid are
expected in rapid solidification process.is$ clear that solute atoms shoube
rejected from the solidified solids, which induces a difference in the solute
composition in front of the dendrite tip and builds up a diffusion boundary layer, as
shown inFigure 2.17. The steadystate diffusion boundary layer is shownFigure

2.17a. The liquid composition decreases with distarndem Cy/k. to Co, while the
corresponding liquidus temperatuiie will increase as indicated by the phase
diagram.In the drop tube process, the heat is flowing out from the solid into the
undercooled ligid. The thermal gradient ifront of the dendrite tipG;, should be
negative. Therefore, the actual temperature of the liquid in front of the interface is
always lower than the equilibrium freezing temperatusdich is known as

constitutional undercoolm

2.4.3 Interface structure

The subsequent growth of the initial nucleus needs atoms adding to the solid/liquid
interface continuouslyThere aretwo kinds of solid/liquid interfacewhich are
faceted and nefaceted at the atomic scale, as showRigure 2.18. Generally, the
solidification of metal usually takes place along with 4fi@ceted interface
development, while that of nemetal, intermetallic compounds or minerals

commonly develops intafaceted interface.

The kinetics of atomic addition play anpartant role irthe crystal growth process.
The ronfaceted interface always expogseanyfavourable sites for the attachment

of atoms from the liquid because it is rough and uneven atomiéagjyré 2.18b).

So atoms can readily be added to many siteab@isurface facilitating crystal growth
rapidly, and such kirglof interface carbe exhibitedat low undercooling. In contrast,

an atomically flat interfaceF{gure 2.18a) only offersa few favourable sites for
atom attachment, which has a tendency to elagp any gap in its solid/liquid
interface atomically. Hence the growth is more difficult and requires surface

nucleationor surface defectst an additional high undercoolipg9].

The roughness of a surface at the atomic scale depends on the valuepyf efthe
fusion, and a factdtt ( =S#R) has been introduced here. Nfaiteted crystal growth
is a priority if the valuesolJ are | ess than 2 \wwhle | ow

faceted growth forms with highék values. The roughness of a surface depends on
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U as shown inFigure 2.19, which shows the surface @giite smooth for hightl,
whereas the transition from liquid to solid takes place over several atomic layers
with small U. Due to the greatattifficulties experienced in attaching atoms to the
atomically flat surfacesyndercooling is required. In this case, surface defects are of
particular importance, such as, screw dislocatiamnén boundariesand rotation
boundaries. All of these suppke-entrant comers that cannot be eliminated by
growth and can increase the numbers of bonds between the atoms and crystal, which

reduces the kinetic undercoolifi@f].

2.4.4 Departure from local equilibrium

In order to overcome the energy barrierifotial nucleationandsubsequent growth

in solidification, a certain amount of undercooling is necessagnerally,a high
cooling rate or undercooling are always involved in rapid solidification, which will
causedifferent degrees of departure from full diffusional equilibrjuae shown in
Table 2.2.

Under equilibrium conditiog) the chemical potential of each componewist be the
same in all phase#\ziz [27] has developed a simple relationship to describe the
transformation from local chemical equilibrium to diffusionlesBd#facation. The
equation can be given by

y — @t (icedO)

Q= 1+ g O) (2-36)

whereD; is the interfacial diffusion coefficient} is thediffusion length andVy is
solidification velocity. The nomquilibrium distribution coefficienty,, is defined by

the ratio between the solute concentration in the growing solid and that in the liquid
at the interface, and the equilibrium distribution coefficiggtis ddined by the ratio

of the solid and liquidtoncentrations on the phase diagram.

According toEquation(2-36), it can be concluded that\W<< Di/ [k, is equal td<,
which corresponds to the interfaceudidprium condition in Figure 2.20a. With
solidification velocity increasing the concept of the local equilibrium at the
solid/liquid interface will be no longer valid. In this situation, different degrees of
solute trapping (1k>ks) will occur due to the competitiobetween the rate of

interfacedisplacement and the rate of atomic diffusion.
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If solidification velocity is at an extremely high raté,¢> Di/ i)J the solid/liquid
interface will sweep through the metallic melt. In this case, the atoms have no time
to rearrange themselves for nucieatand subsequent crystal growth like normal
equilibrium solidification process. Sindbe distribution coefficientk, is almost
equal to 1,the chemical potential of both phases cannot be equalised, therefore
complete solute trapping occui®hus, the skd will possess the same composition

of the liquid, as shown iRigure 2.20b.

Once the complete solute trapping happens, a crystal can be formed from its melt
without a change in composition. In order to achieve such transformatvon,
conditions need tdoe fulfilled: firstly, the liquid and solid composition at the
interfacecan converge at high cooling rate, and secondly the interface temperature
should be below th&, temperature of the corresponding compositieigire 2.21).

At temperature]s, the gstem just stastto solidify andthe equilibrium composition

of the alloy should b€ and C, for solid and liquid phases respectively. Therefore
solid phaselJ, forms first from its melt with a composition @%. Decreasing the
temperature, the tangent line tbk liquid Gibbs free energy line at compositiGg

will cross witha curve Gs. The hatched regiorfF{gure 2.21b), represents the range
that the Gibbs free energy tife Uphase is lower than that tife liquid phaseand
therefore theUphase can form from its melt in this composition reg&imilarly, at
temperatureT;, therewas also one such hatched region. However, the maximum
composition allowedthe U phase formationto rise to Co, the nominal alloy
composition.The Ty line impliesthe highest temperature at which complete solute
trapping can take place, as showrfigure 2.21d, which isachievedoy combining

the hatched region witthe same propeigs at a different temperaturandwith the

same cmposition. Each composition has one corresponding temperature, and the

locus ofTp over a range of compositioran constitute @y(c) curve[19].
2.4.5 Dendrite growth

Nearly all of the microstructure from the solidification process of a pure metal or an
alloy can be divided into two groups: single phase primary crystals and polyphase
structures. The formestructure dendrite will be introduced here and thettier will

be described in the follamg sections including eutectic and peritectic

microstructure.
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The teelike primary crystal is one of the most common growth forms in
solidification, especially immetals and alloys, which isalled dendrite. Therare
three types of dendrite: (1) Equiaxed dendrites of pure substdngase(2.11b), (2)
Equiaxed dendtes of alloys Figure 2.11d); and (3) columnar alloy dendrites
(Figure 2.11c). The growth of dendrites in pure metals is Hkmav-controlled while

the growth in alloys is mainlgtsolutediffusion-controlledprocess

During growth, the solid/liquid intéace will be disturbed randomly due to insoluble
paricles, temperature fluctuatiomasdgrain boundariesas well as surface tension of
the interfaceUndersome conditiog the perturbations will be amplified if a marked
difference inthe growth of thetips and depressions of anstable planar solid/liquid
interfaceoccurred which will then develop as the onset of dendrite growibure
2.22illustrates the continuous growth thie unstable interface iapure substance. If

a crystal grows into an uedcooled melt freelythe latent heat will also flowown

the negative temperature gradient in the undercooled liquid. Assuming a perturbation
exists in the sphere, it is cleahat the tip will be subject to a steeper negative
temperaturegsolid line compared ta dasled line). Therefore, heat extraction will

be more effective from the tip of the perturbations allowing its growth preferentially.
As a result, the local growth rate is increased and the solid/liquid interface is thus
inherentlyunstableln the alloy systensince the tip ofhe marked perturbations can
reject solute intahe surrounding liquid in its right head as well as in the lateral
direction, it will tend to grow more rapidly than a depression, and then perturbations
of sinusoidal shape will grovinto the form of cells.The solid phase with lower
solute composition kesmgrowing into theundercoolediquid and rejecting solute to

the surrounding liquid. In addition, the direction of the primary arms (cellular growth)
is always consistent with the direction of heat flow, whitewill follow the
crystallographically preferred directions. Some preferred dendrite orientations of
various materials are listed ifable 2.3 [19]. The oppositesituation takes place in

the conditionshown inFigure 2.11a, inthis case, the perturbation will melt back and

thus the planar interface is stabilised.

2.4.6 Eutectic solidification

Eutectic solidification is one very common transformation in alloy solidification

processes. Taking the binary phase diagramFigure 2.7f for example, the
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solidification of the liquid with compositiorXg, will involve simultaneous growth of

the U and b phases at eutectic temperatufe, Considerable theoretical and
experinental attention has been paidth® natureof eutectic growth, because the
fine periodic microstructures give rise to improved mechanical properties. Here only
binary eutectic systesn are involved inthe discussion. Typical eutectic
microstructures formednderdifferent conditiors are generally classified as regular

and irregular (anomalous) structures.

Based on the previous discussion, phases having loopésg of fusion are prorte
solidify with a nonfaceted interface, while phases having high entropies of fusion
are prone to solidifyith afaceted interface. Regular eutectic microstructure can be
formed if both phases possess low entropy of fusion, because the growth of the
crystals is straightforward following all crystallographic directions forming-non
faceted/non faceted eutectic structure. While if one phase has high entropy of fusion,
the eutectic morphology often transfeto an anomalous noiaceted/faceted
structure. Moeover, in addition to the entropy of fusion, the volume fraction of the
two phases also has a great influence on the resultant structure. tegthar
eutectic microstructuradystem, the eutectic will probably be fibrous if the volume
fraction ) of one phase is between 0 and 0.28, while the eutectic will tend to be
lamellar with higher volume fraction (0.28<<0.50). When faceting occurs, the
regular eutectic structure will be anomalous, that is, fibres in regulgectic
structurewill become facetd and regular lamellar structure will become anomalous
[10, 19].

As discussed above, during the solidificatiorasingle phase with a plane front, the
solute is rejected from the solid/liquid interface and transports along the growth
direction forming dong-range diffusion boundary layer in the steady state, as shown
in Figure 2.13. During lamellar eutectic growthhe Uphase will reject B atoms into

the melt, while théd phase will reject A atoms, as shownFigure 2.23a. Sincethe
Uandb phass are placed sidby-side, B atomsejected byJ phase is in favour of

the growth ofthe b phase, and vice versa. Therefore, the dominant diffusion
direction should be parallel to the solid/liquid interface which will reduce the solute
accumulation ahead dibth phases compaa with the large solute buidp in single
phase growth. Sideways diffusion is thus the reason to form alternative lamédllae of

andb phases.
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There are three dominant variables involvedhia eutectic solidification process:
undercoal n gT), grawth velocity {y) and interlamellar spacing)( Jackson and
Hunt [28] have firstly analyzed the growth of regular eutectics and derived their
relationship as:

VY= 0,_cp+ 2 (2-37)

whereK; and K, are materialependent constants. This relationship waduced

with some assumptiongrdtly, the lamellar fronts are locally flat and the growth rate
is slow. Secondly, the interlamellar spacing is much smaller than the diffusion
distance aheadf the interface. Thdly the interface composition in the liquid is

supposed to be close to the eutectic composition.

With the suggestion that the lamellgrow with a spacing which gives a minimum

undercooling at the interface, Equati(37) can be simlified as:

_&n= 05/ 04 (2-39)

in such case

(37Y)?/ &= 40,0, (2-39)
whereql. andas are the extremum undercooling and extremum lamellar spacing.

Later study by Seetharaman and Trivg2B] has verified this model thaBoy,is
constant under most experimental conditions. However, their experimental
investigations indicate that there is no sharp selection criterion for eutectic
intermellar spacig. Instead a band of interlamellar spacings between the extremum
& and a somewhat largey, are stable at a given growth velocity.

For irregular faceted/nefaceted eutectic structure, the lamellar spacing cannot be
estimated by Equatien(2-38) and (2-39), and the extremum criterion is not
sufficient to explain it. Actually, the mean spacing is much larger, even with the
existing local spacing whicltorrespond to the extremum condition. Kurz and
Fisher[19] developed one convergent and divergent grawdthanism to explain
such phenomenomue to its atomic structure or defect growth, faceted phase does

not freely change growth direction and thus grows in a highly anisotropic manner. In
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convergent growth, the curvature of both phases will increase thwthspacing
decreasing. Therefore the growth will stop if the spacing is close to the extregnum,
On the contrary, in divergégrowth, the spacing becomes larger and larger, leading
to increasing solute accumulation ahead of both phases. This will lead to the
formation of depressions at the centre of the major lamellar phase and then minor
phase and primary lamellar branching jpeps. Then the spacing decreases again.
Therefore, the spacing anirregular eutectic is always within the extremagand a
certain valuea, at which the depression afminor phasas formed, as shown in
Figure 2.23b.

In the rapid solidification proess, the preconditions proposed by Jackson and Hunt
are no longer valid, because the diffusion distance should be quite small and the
undercooling can be quite large. Therefore, further study by Trivedi ¢8@l.
corrected this eutectic growth model fage underrapid solidification conditions.

The key different parameter used by Trivedi is the solute Peclet number,
Pe=Vge(2D;), which can be larger than 1 at high growth velocity, while Pe was much
less than unity under normal solidification conditiofken Trivedi et al. concluded

that there s a maximum velocity beyond which a cooperative lamellar structure
cannot be grown, and the relationshﬁﬁvg:constant, is not true but shows a

function ofVy andPe:

_26n= "Qa, O (2-40)

Directional solidification of eutectic or neautectic alloys is one good way to form
regular lamellar structure, such as@gSi alloys[31], Ni-NisSi alloys[32] and so

on. The transition of redar eutectic to anomalous eutectic structure with increasing
undercooling has also been reported as a common phenomenon under rapid
solidification of eutectic alloys, such as-CasGe; alloys[33] and NiNizSn alloys

[34, 35].

2.4.7 Peritectic Solidification

Peritectic solidification is also very common in the solidification of metallic alloys,

which can be classified into two different mechanisms, peritectic reaction and
peritectic transformation. A hypothetical peritectic phase diagram is shown in
Figure 2.24.
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The peritectic reaction is the formation of peritectic or secondary phase by the

reaction between the primary phase and liquid at peritectic temperature:

Liquid +bf U (2-41)

Since decomposition of thé phase is involved in this process, the liquid
composition should exceed compositiog to ensuraghe formation of the primarfy
phase. The compositidDy, located at poinP is secalled the peritectic composition
at which all of the liquid and primafyphase are consumed completely to fahaU
phase Generally, all three phased @ and liquid) are expected to contact with each
otherin a peritectic reaction so that the liquid and theghase can react directly to
form the U phase. The thickness of thiephase increases with lower solidification

velocity.

The peritectic transformation occurs directly after the peritectic reaction process. In
this process, primarfy phase is coated Hyphase and the process becomes diffusion
controlled through the secondddyphase. ThéJ phase can be precipitated directly
from the primaryb phase by longange diffusion and from the liqui®6]. Initially,

the thickness of the secondanyphase layer over the primabyphase surface only
neead to be a few atoms thick, so its growth rate should be very quick cechpar
with the following growth rate durinthe peritectic transformation process because it

is a diffusion controlled procedure and thelute diffusion rate ithe solid is much

slowe than that in the liquid.
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Figure 2.1: lllustration of lattice vectors and includedn g1 es ( a,
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Figure 2.2: Plane designation by Millendices[22]
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(a) (b)

(c) (d)

Figure 2.3: Some symmetry elements in a cubic crystal. (a) Reflection plane (b)
Rotation axes4-fold axis; 3fold axis; 2fold axis(c) Inversion centre. (d) Rotatien
inversion axis,A; becomesA; (4-fold axis) and themA; becomesA; (Inversion

centre)[22]

Table 2.1: SevenCrystal §stems and Bravaisattices

. Bravais Lattice

Crystal system Axial lengths Angles lattice symbol
5 Simple P
Cubic a=b=c U=Db =2 = ¢ Body-centred I
Face centred F
. - Simple P

= = = = ¢

Tetragonal a=blc U=Db=2={ Body-centred |
Hexagonal a=bicdU=b=96A7 Simple P
Simple P
Orthorhombic ai bic U=p=o =g Bodycentred |
Basecentred C
Facecentred F
Trigonal a=b=c U=b=219¢ Simple P
- ot - Simple P
Monoclinic alblc¢ U=2=90/ Basecentred C
Triclinic al bic¢d Uibliol¢ Simple P
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Figure 2.4: TheFourteen Bravait attices[22]
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Figure 2.6: A schematic diagram of chemical potentigd.is the mole fraction of A.

GyandGy, are Gibbs free energy tfandb phase$23]
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Figure 2.11: Temperature distribution and solid/liquid interface morphology. (a) and
(b) show the solidification of the pure metals, while (c) and (d) show the
solidification of the alloys. (a) Planar interface; (b, d) Equiaxed growth; (c) Dendritic
growth[19]

(@ L

Liquidus line

—Solidus line

C, C/k,

Figure 2.12: Schematic diagram of solid/liquid equilibriunThe equilibrium

distribution coefficientke, and the liquidus slope), are constartl9].
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Figure 2.13: Solute distribution for noequilibrium solidification. No diffusion in
solid, limiteddiffusion in liquid[25].

C,/k,

Figure 2.14: Steadystate boundary layer at a planar solid/liquid interface. The
composition of the liquid decreases fr@gke at the interface to the nominal value
Co, far from the interfacq19]
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Figure 2.15: Description otthe requirements for kinetic undercoolifp]
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Figure 2.16: Thermal undercoolin{25]
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Figure 2.17: Constitutional undercooling in alloy$, (Cop) andT5(Cop) are the liquid

and solid temperature corresponding to the indilaly compositior]19].
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Faceted Non-faceted

b mesmssans /. T

10pum

0.5nm

Figure 2.18: Two different kinds of solid/liquid interfaces. (a) Faceted interface with
an atomically flat interface (lower diagram), which shows jagged and faedtgs

at the microscopic scale (upper diagy); (b) Nonrfaceted interface with an
atomically rough interface (lower diagram), which shows microscopicallyflges

with a slight depressiofi9].
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Figure 2.19: Roughness of a crystal surface for various valuds 6f is the fraction

of sites in layer which is occupied by atoms of the cryqt28)].
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Table 2.2: Hierarchy of equilibriuni19]

Full Diffusional Equilibrium
1 No chemical potential gradients ( phasenposition are uniform)
I No temperature gradients
9 Lever rule applies
Local Interfacial Equilibrium
1 Phase diagram gives compositions and temperatures only at
liquid/solid interface
9 Corrections made for interface curvature (GibA$homsonreffect)
Metastable Local Interface Equilibrium
Il i Stable phase cannot nucleate or grow sufficiently fast
I Metastable phase diagram gives the interface conditions
Interface NorEquilibrium
1 Phase diagram fails at the interface
v 1 Chemicalpotentials are not equal at the interface
1 Free energy functions of phases still lead to criteria which preq
impossible reactions

Increasing solidification rate/undercooling

U, H u,

s H

(a) Interface equilibrium (b) Complete solute trapping

Figure 2.20. Interface composition and chemical potential for equilibrium and

diffusionless solidification (complete solute trappih2g]

33



G

G

#(C,)

G

Figure 2.21: The importaceof Ty for diffusionless transformatigi9]

Figure 2.22: Unstable planar development of equiasetidification in a pure
substanc§l9]
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Table 2.3: Some preferred dendrite orientations of example mat¢fig]s

Structure Dendrite Orientation Example
facecentred cubic <100> Al
body-centred cubic <100> U-Fe
body-centred tetragonal | <110> Sn
hexagonal clospacked | <10-10> H,0O (snhow)
<0001> Co;7Smp(Cu)
(a) (b)
:\\\\ //’ E\\\\ ; i/— >\;.
~ 0\ \\ L e

raSSVINIASS

1
N\
SN\Us

Figure 2.23: Growth models of regular eutectic (a) and irregular eutectic (b)

structure[19]

¢, B

Figure 2.24: A hypothetical peritectic phase diagr@&i]
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3 Literature Review

In this project the studies will focus on rapid solidification of intermetallic
compounds. Therefore, the formation of the +egulibrium solid states will be
introduced firstly. Thenhte basic concept of intermetallics, their properties and the
trials to overcome their @akness are introduced briefly well. The main purpose of
this chapter is to summarizieet norequilibrium studies in the Nich portion ofthe
Ni-Si binary system and NFeSi ternary systemas well as some similar alloy
systems. Finally, the aim dfis project is presented.

3.1 Possible phase state under neaquilibrium condition

Normally, the possible phase state and morphology can be predicted by using the
equilibrium phase diagram. However, rapid solidification always causes departure
from equilibriumduring the sdidification process. Such nesquilibrium conditions,

due tohigh underooling and high cooling ratdavour producing supersaturated
solid solutions, grain refined microstructures, metastable crystalline phases,
quasicrystalline alloys aneven metallic glasses, which will be further reviewed in

this section.

3.1.1 Supersaturated solid solutions

During rapid solidifcation, it is very common that aextended primary solid
solution forms fromthe liquid. In this processpartial solute trapping oegs in
which the solid phase contains more solute than that from equilibrium cosgdition

that is,a supersaturated solid solution.

As can be seen frofigure 3.1, for an alloy of nominal compositiozy, U-phase of
concentratiortsmay be formed in tTheT itTewmereliat ur e i
the eutectic temperature, durirtbe solidification processing. Moreover, fifphase

nucleation is avoided (e.g) and b have different crystallographic structures), the
remaining meltwill undercool at a temperaturé; (T:<T,) and solidify to a
supersaturateds solid solution with the concentration corresponding to the

metastable extension tfesolidus.

Due to recalescence, the fgenature will riseto Ty (Figure 3.1b) and the

supersaturated solidks will transform into a stablél crystallite. On the contrary, if
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the melt could be undercooled below its hypercooling temperafugge(Figure
3.1¢), the metastable supersaturated phase will be frozen even at modetatg co
rates[10].

3.1.2 Grain refinement

Refined grain microstructure isonsidered as one of the factors controlling room
ductility of the intermetallic compounds and their benefits have long been
appreciated in metallurgical and materials science fields ad ghoduction is of

continuing technological interest.

Conventionally, grain refinement is achieved by extrinsic mechanical or chemical
means. In the first case, grain multiplication results from a fragmentation of the early
primary dendritic skeleton usj te methods of vigorous stirring during
solidification, e.g.vibration [38]. In the second case, some inoculants watded

into the liquid in order to increase the density of the nucleation sites and their
potency within the liquid39]. In rapid solidification processing, grain refinement is
just one form of microstructural refinement, which includes reductions in dendrite
arm spacing, eutectic spacing, and the scale of chemical inhomogeanelityere, it

is intrinsic to solidification processing itself by contrast with conventional

solidification processing.

Several mechanisms have been discussed to explain the physical origin of the grain
refinement at the critical undercoolingsrain refinement in undercooled melts was

first reportel in pure Ni melts in 1956. The grain size abruptly decreased by about 1

2 orders of magni tude wh e priorhoenucleationt i a |
exceedech cr i t i clg h sharmtransgign region between 140 and 150 K.
Since the occurrenad the grain size reduction was accompanied by the emission of
sound waves, it was concluded that the refinement resulted from the copious
homogeneous nucleation, which is induced by the pressure pulse generated from the
collapse of shrinkage cavities. tea, Horvay[40] studied and provided numerical
(theoretical) estimates involving the pressures, flow velocities, and time scales, and
concluded the grain refinement resuliedopious nucleation due topressure pulse.

However, these experiments coulat be repeated.
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More complex behaviour was foundtire Ni-Cu alloy sysem. As can be seen from
Figure 3.2, the microstructure changes if the undercooling of N, sample is
varied [41, 42]. At small undercoolings a grain refined equiaxed microstructure
appears, which changes at a critical undercodfittyto a coarseyrained dendritic
microstructure, andthen the structure +enters thegrain refined equiaxed
microstructure exceeding aitwal undercoolingY’¥ . This widely observed
transitionin solidification from a coarse grained dendritic to a grain refined equiaxed
microstructure isttributed to the fragmentation of dendrites by remelting during the
period following recalescencen Ithis case, a simple modbly Karma[43], is
presented to predict the occurrence of these transitions, which involves two
characteristic ime scales: the dendrite break (,,) time, corresponding tdhe
recalescence time, and the thermal plateau tiomegresponding to the pest
recalescence solidification perioth). According to this model, the transition is
possible when it satisfiethe condition oft,( ) = ty( @), and grain refinement

can be expected when the thermal plateau time for sodéitidic ¢,) exceeds the
time required for breakip of dendritestf,). As this model considers only the case of
an isolated dendrite, Mullis and Cochrgdd] have presented an extension to this
mo d e | and pointed out Kar ma &esinclooed teel cant
array of dendrites into their study, and found that the wavelength of the instability is
a function of the array spacing. According to this relationship, if the array spacing is
decreased below a certain value the system is stabilisedhich wase the instability

of Karma gmodel is replaced by uniform coarsening. Under these conditions,

dendritic fragmentation and grain refinement would have to be considered unlikely

The microstructure evolution in undercooled@e alloy, similarto that in pure Ni,

is simpler than the changes in the undercoole@NiBiswas et a[45] reported that

the grain size dropped suddenly for the samplee-19 at% Ge undercooled by 130

K. Neither copious nucleation nor dendrite fragmentation has beenasaglain

the grain refinement hereOne EBSD grain map wagproduced from the
solidification of undercooled F&e alloy with undercoolingt 130 K, in whichthere
werea large number of lovangle grain boundaries in the high undercooled samples.
This phemmenon is inconsistent with the dendrite fragmentation model, in which
the orientation of the fragments should be randomized by the convective flow. They

show that the lowangle boundary clearly indicates a recovery process and the
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presence ofjrowth twirs indicates a recrystallization process. Also,aiprevious
study, Dragnevski et aJ46] reported the microstructural development in pure Cu
samples usinga meltfluxing technique. They found that grain refined
microstructures in pure Cu ¢O< 60 ppm) ocarred at the highest achieved
undercooling, about 352 K, but the segregation pattern was predominantly dendritic
with no presence of spherical elements in individual grains at high undercooling,
which would suggest recrystallisation, rather than fragmentatAlso they
measured the microhardness under different undercooling, and found that the
microhardnessroppedsignificanty at undercooling@und 315 K, which supported

thededuction.

Furthermore, Mullis and Cochrane presented an analysis of thetgtabd dendrite
against a small perturbation to the tip velocity, which demonstrated that dendritic
growth should be unstable below a lower critical undercooling and above some
upper critical undercoolinfd7]. Also, they proposed a model for spontanegnasn
refinement based on repeated multiple tip split{idg], and got the experimeait
evidence in deeply undercooled ultrahigh purity &ua undercooling 0280 K.
Numerous ridges or channesistedthat can be associated with dendrite tip splitting
[49].

3.1.3 Metastable crystalline phases

In equilibriumsolidification processesthe componestin the assolidified materiag
should be irthemost stable stat@-igure 2.5), while inrapidsolidificationprocesses,
e.g. high cooling rate or higlmdercoahg, the metastable crystalline phasesght

be favourable As can be seen fronfigure 3.3, the temperaturely is the
equilibrium temperature. If the temperature decreases uhgdethe U phase will
form. If nucleation ofU is suppressedhe b metastat# solid will form while the
temperaturés lower thanTe. Similarly, if nucleation of bottJandb are suppressed,
metastable phase forms under high undercooling. That is, undercooling is
necessary for metastable crystalline phases to f@sh Metastable crystalline
phases can form ianundercooled melt not only relying on spontaneous nucleation,
but also by using a particular substrate as a seed to trigger solidification, by which a
desied phase can be formed. In tlesearch othe Fe-Ni sysem, at low nickel

concentrations, the metastable bcc phase crystallizes primarily, followed by a
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secondary fcc sadlification, which can be revealethy the detected rapid
recalescenseéAt higher nickel content, using a nucleation trigger made frosiMée

alloy, with a bcc structure, metastable bcc phase can also be formed, although the fcc
phase is stable and can nucleate spontaneously in this [B@jon

There are also lots of high temperature phases existing in the phase diagram, e.g.
peritectic phases Cu-Sn alloy systems arfeh andbs phases in NBi alloy systems

These phases might be attained in the solidified alloys due to lower solute diffusion
rate in solid, however they will disappeann a reasonable heating process. At
increasing cooling ta, new phases with different crystal structure might be
solidified and retained as well, e.g.2b8is (or Ni74Sixg), which is not labelled ithe
equilibrium phase diagranBy means of heat treatment, the metastable phase
transbrms into stable phased:-NisSi and Ni3Sii,. Such a kind of phase
transformation is not reversible and detailed experimesgsrdingthis and the

resultingproperties will be introduced in the later chapters.

3.1.4 Quasicrystalline alloys

Quasicrystalline phases haattractedmuch interest in recent years, and have special
symmetries, which are forbidden for normal crystdtosahedral ¢phase) and
decagonal 0T phased are two iepad maoyo mmo n
liquid metals show short range icosahedmalering. The Icosahedral symmetry is
quasiperiodic in three dimensions, and the decagonal one is quasiperiodic in two
dimensions and periodic in the thircthe required critical cooling rate for the
formation of a quasicrystallinephaseis lower than thatof metallic glass, and
therefore should be slow enough to permit its formation but rapid enough to prevent

crystallization[51].

For the first time, Shechtman et §bkl] formed a metallic solid with lorgange
orientational order, but with icosahedralqagroup symmetry in rapid cooledAl-

Mn alloy. Furthermorethey found thathe icosahedral phase was stable at 300 €
for 6 h and at 350€C for 1 h and transformed to the stabiAlphase at 400 € for

1 h. Many quasicrystalline phases are metastabl® mostly formed by peritectic
reactionsHowever, not all of the quasicrystalline phases are metastable. The DSC
result of quasicrystals of @dg-Zn formed by Ohashi and Spaegdé@g] shows no

exothermal peaks at low temperature, and the endothermic pesented at high
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temperatures correspond ttee peritectic melting temperature. Moreover, after heat
treatment at 638 K for 52 h, the icosahedral phase did not induce any transformations
and the electron diffraction pattern remained unchanged. Likestis#ies by Tsai et

al. [53, 54] on Al-Cu-Fe, AFPdMn and AlPdRe alloy systems also support the

stable property of some quasicrystals.

3.1.5 Metallic glasses

Further increasing the cooling rate of the liquid alloy, exceediegtical value,
whenthee e mper ature i s | ower than its0gdsass
a vitreous solid without appreciable crystallisation, that is, metallic glass, or

amorphous alloy. The cooling rate must be high ehpagd therefore cannot cross

the nucleatin line Figure 2.10b) . Just as described by Te
less brittle than oxide glass alwbks like a metal opaque,grg, shiny, and s
[55].

Amorphous alloys are necrystalline materials, so they possess better resistance to
wea and corrosiomwing tothe absence of grain boundaries which remove the weak
spots of crystalline materials. Also, the amorphous metals are much tougher and less
brittle than oxide glasses and ceramits. addition, for crystalline magnetic
materiab there exist crystallographic directions along which the magnetic moments
try to align, which subsequently makes it more difficult to switch the direction of the
magnetisation. In a glass, with no preferred orientation direction the switching is
easier. Morewer, the grain boundaries can act to pin domain wall motion, again
preventing switching of the magnetisation direction. In a glass there are no grain
boundaries.Therefore, some amorphous aboypossess softhagietic properties,
specificallythe alloys ofglass formers (B, Si, P) and femagnetic transition metals

(Fe, Co, Ni)[54]. High electrical resistance leads to low losses by eddy currents,
which allows for transformer magnetic cores. Compared with the crystalline alloys,
the metallic glasses of sitar chemical composition tend to be stronger and have
high elasticity but low plasticitywith the discovery of bulk metallic glasses and the
development of the composites, the most useful property is that they soften and flow
upon heating, which allosvmaterial for easy processing. As a result, amorphous
alloys have been commercialized for use in sports equipment, medical devices, and

even for electronic equipment, information storage materials and biomafgéials
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According to thermodynamic analysemetallic liquid is unstable at temperatures
below its melting temperature, andshthe tendency to solidify int@a crystalline
solid. So the preondition of glass forming is keeping the metallic liquid stabla
supercooled stat@ hereforeto forma glass, crystallization must be suppressed, no
matterwhether it ishomogeneous or heterogeneous. So, the first thingh need

to be doneis to circumvent potent nucleation sitsuch as the container walls and

impurities, to avoid heterogeneomscleationand achieve high undercooling.

Eutectic regions in the phase diagram are the most likely area for metallic glass
formation due to the requirement of lerenge diffusion to form the stable phases.

At high solidification velocity,solutetrapping wil occur, and ifk=1, partitionless
solidification will occur. Asis indicated fromFigure 2.21, Ty is the upper limit
temperature for partitionless solidification. For the eutectic composition, there exist
two Ty lines, as shown ifigure 3.4. With a small solid solubility, th&, lines drop
steeply and cross the glass transition temperature of the systaddition, eutectic

alloys usually possess the low melting temperature and therefore can be easily frozen

to glass transition temperatyrE).

In 1960, Duwez produced the first metallic glass of3alloys, near the eutectic
composition, using rapid quenching with high cooling rg&&$. Later,Chen[58, 59]
cooledalloys of the Au-Ge-Si systemto an amorphous solid using splat cooling.
With the presence of theelt spinningprocess for commercial manufacture of
metallic glass ribbons, lines, and sheets, metallic glasses developed more quickly in
theearly 1970s and 1980#lowever, the requireemt of high cooling rate constrains
the dimension odmorphous alloybeingthin sheets or linesGreat development of
metallic glass has been boosted by strengthethiaglassforming ability in multk
component systems due to increased compleBiagedon this,the bulk metallic
glas®swith large critical dimensions wefermed,such as Pd/-Si(with M=Au, Ag,

or Cu)[60], PdNi-P[61, 62], La-Al-TM (TM = Ni, Cu or Co)[63-65], andZr-based
alloys [66-68]. Some examples oamorphous alloys and their corresponding
experimental parameters are listedrable 3.1. In particularthe PACu-Ni-P alloys
were proved tdhawe good glasgorming ability, especially for RPdsCusoNi7 sP2o,
since ithas the lowest critical cooling ratabout 0.067 K §) for glass formation
[69].
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Duwezalsoobtained an amorphous phase in$tdlloys which werestable at room
temperature and no crystallization ocearafter one month at 258 [70]. Later,
Yao and Fand71] producedbulk PdSi metallic glasses witlthe diameter being
aboutémm even at a slow cooling rate about 8K Also, amorphous powder of Ni
Ti alloy has been formed by higinergy ballalloying, as well as some amorphous
alloys formed in Nibased alloy systesnsuch as NP, NiFe, NiB and N+Zr [72-
76]. As for the CuZr alloy system, the critical casting thickness o§Ztss metallic
glass is 2mm by the copper ol casting metho77].

The element, Fe, is also farromagnetic transition metabnd some Fbased
amorplous has been also reported, such agFsiP14B6Si, and Ferich FeB-Si

alloy [78]. Febased amorphous metals, especially for bulk metallic glasses (BMGS),
are more attractive for engineering application, because they possess many good
properties, such agtra-high strength, good magnetic property, good-aatrosion
property and so on. In addition, they are much cheaper than other BMGs. Especially,
the critical size of Féased BMGs has been significantly increased recently, which

will promote their aplication as structural and magnetic materjai-82].

Compared to polycrystafie metals, amorphous alloys havigh elasticity and low
plasticity. Since the absence of grain boundaries enhances the shear band
propagation, their industrial and structuaglplications have been limited. Therefore,

in order to improve their properties, the metallic glass composite emerges, which is
reinforced by increasing a ductile crystalliplkease into the amorphous phase- (so
called matrix). This carbe achieved in two ays: one byaddng some metal,
ceramic fibresor particles into the matrix, and the other is inducing new phase
forming from the melt duringhecooling process directlyb5].

3.2 Intermetallic compound

Intermetallic compounds are solid phases containingomwmnore metallic elements,
sometimeseven withonly one or more nometallic elements. Different frorthe
solid solution phasevhere the various elements substitute randomly, different
elements in intermetallic compounds are ordered into different sité® istructure
forming a new crystal diffemt from that of anyother constituentMoveover,the
bonds in theintermetallicstake on a mixed character, becoming partly metallic,

partly covalent and partly ionic, which also gives rise to their propertedsatie
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intermediate between those of metals and ceramics. Intermetaiten hae a
stoichiometric or near stoichiometric composition, e.g. bdisSi phase aa
homogeneity rangef 22.624.5 at.% Si andhe Si composition 0f2-Ni31Si; IS
preciseat27.91 at.%, as shown Kigure 3.5.

For at least the past four decadesermetallic compound materials have been paid
greatattention for their potential application as high temperature structural and non
structural materials, wk to the possibilitypf combinng the ductility of metals and

the strength and oxidation resistance of ceranse suchintermetallic is the

b Nsbi compound for its high melting point, excellent oxidation resistanceyeaad
hardness at elevated temperasukdowever, likemany other intermetallics, i$ also
brittle at room temperaturevhich restricts its application owing to fabricating
difficulties[3-7].

One potential route to overcome this difficulty is to form intermetatlietal matrix
composites by incorporating ductile phase into the brittle matrix or solidifyirg
ductile phasdrom original melts, like eutectic transformation. The latter isalted

in situ compositef8, 9] and directional solidification is an optional methocdbbtain
the layered compositetractures[83]. Another potential route to improve this
weakness is neaquilibrium processing via rapid solidification, with the resulting
fine grain structurd10-12] and the presence of ainase domains and disoreer

order structures increasing roonmigerature ductility13, 14].

The thesisfocuses on the rapid solidification of \N@5 at.% Si alloyn 6.5 m drop
tube, which allowsstudy of the solidification propelies of bNizSi, microstructure
evolution and phase formation at high cooling sale the subsequent stagie
alloy will be extended tdhe Ni-Fe-Si ternary system witiO and 15 at.%-e to

investigate the possible differesmaused by Fe.

3.3 The Ni-Si binary and Ni-Fe-Si ternary alloy systens

The NiSi phase diagram is one thfe very complex phase diagranespecially on
the Ntrich part, and has been corrected many times. The evaluated phase diagram
compiled by Massalski et gl84] is shown inFigure 3.5. Thereare two eutectic
reactiors in the Nirich part, with the alloy compositns being Ni21.4 at.% Si and

Ni-29.8 at.% Si.The eutectic, peritectic and eutectoid reactions in thdadNipart
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are listed inTable 32.According to the phamecatbeagr am,
precipitated via d& bpetrill&NiSkanbefarmadi on L
via the peri-Niecf dpati1035 € and tlsoahrough the eutectoid

d e composfi byi+o @hvibusly the NiSi phase diagranndicates a more

complex equilibrium solidification path for the 48b6.3 at.% Si alloy. A the melt

cools down, the primary phase would beNi3;Sii», which wouldtransformt os- b

Ni3Si via a peritect reaction below 1443 K. Theiie an ordered and disordered
transfor mat BNigsi b aiNkSi ebelow 01388 K, before rially

transbrmi n g 1-NigSi abd 9-Ni3;Si;» via a subsequent eutectoid reactidm.

addition, thereis one metastable pha$85], Ni»sSis, which is notincluded in the
equilibrium phase diagram and generally can be obtained at rapid solidification
process, e.g. rapid quenchif@$] and melt spinning87].

The rapid solidification experiments in the second staigihis investigationwere
concermed withthe Nigs7Fe10Sixs5.3and Nig #€15Sip5 3 alloys (with the substitution of

10 and 15at.% Fefor Ni in primary Ni25.3 at.% Si alloy). Fronthe Ni-Fe phase
diagram Figure 3.6), it is clear thaFe and Ni carform a continuousolid solution
phase irsome temperature regi@rChemically, Ni and Fe are verynsiar, so direct
substitutionof Fe for Ni would be expected at such levefl Fe doping.The Ni-Fe-

Si ternary phase diagraoan be calculated using MTDAT Aofware [88], and the
Ni-rich part ofthephase diagram is shownkigure 3.7. Al | of the U, b
have their stable regions the Ni-Fe-Si ternary phase diagram, which also supports
the substitution possiity between Fe and Nihe equilibrium solidification process
of Nigs #€0Sizs 3and Nig #€e5Sis zalloysis to the primary growth of the-Nis;Sii»
phaseThecomposition of theemaining liquidwould depart from the N&i axis due

to Febeingrejected from the solid arelentuallysolidify into the Uando phases via

a eutectic reactiorMoreover, the vertical section tfeisopleth phase diagmwas
calculated using MTDATA aftware as wellEigure 3.8). The melting temperatures
of NigsF€0Sis3 and Nig #€5Sixs 3 alloys are confirmed to be about 1444and
1402 K.From Figure 3.8 it is clear that the final phases in the solidified sample
should behe Uando phass. If the undercooling is extremely high, the solid solution

of theBCC phase might aldeeformed, e.gqdl > 496K for Nisg #€5Six5 3alloy.
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3.4 Crystal structures of the potential phases

In this project, the phasgmssibly involvedare Usolid solution, théd p H &s.eb

an @), NSi,andthe metastable NiSis and Ni74Sizs phasesSolid solutionU-

Ni has the same structurasthe pure Ni (Fcc)[89]. There are three different kinds of

NisSi, thel ow t emper a)tand kigh fempenature( form$,(a n d3). b

I nt er meNis8ilhds the orded L1, crystal structure with the similar structure

and cell parameters d#Ni, as shown irFigure 3.9. Generally,the ordered Li

phase -Naard treBted as eexising in solidified NiSi alloys with Si
compositionlower than 27.9 at%The ;m |l vy <c| ear di #Niz® thasnce i
additional XRD diffraction peaks, e.g. (10&80d (110), which present as the super

|l attice spots in TEM diffr acitNizg®iaccupyat t er n
different lattice pointsThe origin of the difference will be explained ihe next

chapter. Si mi | ar | y,-NizlBip taid metdsble MpsSiy are hexagonal

structure giving rise to complex diffraction patterns. Although it seems easy to
identify the Ng1Sih2 and NpsSig from XRD results, it is very difficult to distinguish

them using TEM diffraction patterns unless the diffracipats corresponding to the

largest dspacing are presenThe diffraction patterns of phases -NU ,;Nis%i,

NizsSig a n dNiz®i;, are simulated by Crystal Maker software, as illustrated in

Figure 3.10 andFigure 3.11 The structures and standard diffraction data of all these
phases are listed in Appendix The lattice constant cdd the NisSié phase
(c=28.8554) is three times of that of the NBi;phasgc=9.6184), wi t h t he sa
and Oc6 v al bestsctureohtre metdstableghaseiSlibs is a stacking

variant of NpsSig which gives rise to the difficulty to distinguish these two phases

[85]. Moreover, the structure and diffraction data of the,3ljs arenot complete to
date.Therefore, these twmetastablgohases are treated as the same phase in this

project
3.5 Recent progresses

Considerableattention has been patd the Ni-rich part ofthe Ni-Si binary alloy
system and many experiments hdeen carried out to reveslicrostuctures and

properties.The microstructural and mechanical characterization eSNalloys with

'The diffractij onrind MNgSis tcanmon ke preskented due to the lack of structural
information
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increagedS i composition have bee[9)]. Byrusingtset i gat e
arc-melting technique, four N&i alloys were produced with Si compositohO,

21.4, 25 and 35 at.%, indicatimgnd showinghat the micrehardness increases with
increased Si content. The eutectic microstructurgaridb; phasesvasobservedn

the solidified Ni21.4 at.% SiA similar structurehas also beereportedby Eran
Karak@&e[91]. Moreover, sveralstudies particularly focus on the eutectic alloy; Ni

21.4 at.% Si, aiming to forra-Ni and b;-NisSi composite matéls. The drectional
solidification method is used and regular eutectidNNSI structures are formd@82,

92]. Directional solidificationexperiments were performed at relatlwiw cooling

rate oracontrolled codhg rate.

Non-equilibrium processing, such as rapid solidification, gives rise to a number of
effects including grain refinement, metastableage formation and production of
non-crystalline phases due to high cooling rate and undercooling, which provides
one new possible route to improve the microstructure and properties of metals and
alloys. Rapid solidification can be achieved not only byidamuenching using an
external substrate, but also by rapid growth into bulk undercooled liquid and
containerlessapid solidifying inprotective atmosphere idrop tube. Up to now,
many norequilibrium studies on the Mi1.4 at.% Si alloy haveeenrepated. After
achiewng the highest undercoolingt 550 K using a glass fluxing and cyclic
superheated method, Liu et gB3] and Lu et al.[94] observed a complex
microstructural evolution from regular lamellar eutectic, via irregular lamellar
eutectic, carse directional dendritic to quaspherical eutectic colonies, and fine
directional dendrite to superfine anomalous eutectic. The significant grain refinement
wasattributed to enhanced nucleation rigd8]. Conversely, a study by Goetzinger et

al. [96] revealed a gradual transition from lamellar eutectic microstruatpire30 K)

to anomalous eutectic microstructure as the undercooling increased, with the
transition being complete gif>150 K. Similarly to the former studies performed by
using the arc meting technique or directional solidificatiomethod, one common
featur e her e-Niwa a#NiSheete foomed iy theSe alloys, a result
also found inthedr op tube exper i [Bg Howederynanhgngéer | é
high cooling rate throughouhe entire solidification process, the formation of the

metastable phase Nbiy was observed by Leonhardt et fl7] by quenching the
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undercooled sample onto a chilled substrate and Dutra ¢87l.using a mek

spinning techniquéo cool down the samadloy.

Recently, Lu et al[97] have extended their study to include29.8 at.% Si eutectic
alloy, wherein they observeal sacalled interlaced morpholog¥his they attributed

to the mechanism that the initial formation o0fNi3;Siip, Which subsequelyt
remelted during recalescende be replaced by an ordered-Ni,Si phase. A
transition from a regular to a quasigular structure was observed when the
undercooling exceeded340 K, which was attriied to the evolution from a
faceted/faceted eutectic nonfaceted/non faceted eutecf®8]. Particularly, a small
amount of an amorphous phasasformed at an undercooling in excess of 240 K
with a low cooling rate of > 1 K*§18], which gae a significant low cooling rate

for amorphous phase formation in a binary alloy.

In order to study the properties the b-Ni3Si phase, it might be better to perform
direct rapid solidification experimentsf this specific composition.The first
undercooling experiments dhe hypereutectic alloii-25.3 at% Si werearried out

by Ahmadet al.[15] using a meHluxing techniqueHowever, despite obtaining the
required undercooling they were unable to obthasinglep h a sNgSi. fieven so,
theyreported thathe detectedrelocities were extremely low, with a maximum value
of 0.018 m & at maximum undercooling, 160 K. Indeed, these exceptionally low
growth velocities are consistent with the general trend revealed by previdies stu
of the NiSi alloys. Figure 3.12 shows the various growth velocities of the
undercooling experiments of Mi alloys, which indicates that the solidification
velocity drops with increasing Si concentratiofhe hghest velocities were
measured by Cochne et al[16] on pure Ni and NBi alloys with Sicomposition <
4.09 at.%, withgrowth velocities of 580 ms' ( T =250 K) . Wit h Si

increased to 11.77 at.%, the growth velocities decreased gradually to about’24 m s

(pB 260 K). Furthermar, the maximum growth velocity of Ni1.4 at.% Si
eutectic alloy measured by Leonhardt et[&l] was only 1.5 m$(pT =2 2.0 K
Recorded low growth velocity by Ahmad et [dl5] provedthat the growth velocities

are strongly dependent on the Si composition. SecoAtiipad et al[15] observed

a eutectic structure at all undercookngomprising alternating lamellae of single

phasen-Ni3;Sii> and Nirich lamellae containing a mixestruc t u r NizSif a&bn d U

48



Ni. The sdidification pathway experiencetivo stagesfirstly, different from the
thermodynamic equilibrium anNzbijrem tlse, t he
melt was suppressed, with@o eut ectic structure being
stage ofthenoe qui | i bri um processing. Se-tiondl vy,
decomposN:8i t @M daaldubsequent eutectoid reaction, whiithrubt

change the original lamellae wtture morphology of the samples. This tstage
solidification correspondetb the observed double recalescenctheexperimental

process. Another important resuwitas that small amounts of metastable phase,
Ni-sSis a n d, wére retained in fluxed sangsl in which a cooling ratef < 10 K s'

would be expected.

In order to reveal the mechanism of the peritectic system, a unidirectional
solidification technique has been used in which the samples can be quenched and the
peritectic reaction interface canre bfrozen for further investigation. Study by
Fredriksson and Nyléj99] observed the typical microstructure corresponding to the
classical peritectic reaction in the Q0.wt% Sn system, that primaty}Cu is
surrounded by a fairly thick layer @ Cu gsSm 15 intermetallic phase. At a small
range of undercoolinggff<12K) and a slow solidification rate (1 mm rit)n the
volume fraction of primary}-Cu increases again followiran initial reduction, while

the fraction of secondar phase increases very quickly after the start of the
peritectic reactiorand decreased agaigol{ > 8 K). Increasing the solidification rate

to 100 mm mift, the fraction ofprimary U phase declined steadily and the fraction
of secondaryb phase monotonicdly increased with increasing undercooling
However, in experiments on the same alloy system but for7Qwt.%Sn, the
primary Uphasekeeps thenitial solidification structureand only a thin layer of the
peritecticd phase precipitated on thgplates eve at slow solidification rate. The
peritectic reaction can take place only at near equilibrium solidification conditions
(small undercooling) and the thickness of the secondary layer depends not only on
the solidification rate butlsoon the solute diffumn rate in solidsThe reduction of

the thickness of secondafy phase supported that the peritectic transformation
should be diffusion controlledn addition, primary precipitation of thb phase
(peritectic phase) has also been observed, indicatingjriet nucleation and growth

of secondary phase in the liquid without contact with the theoretically prich@ty

phase. This result has bessnfirmedby StJohn[37] for the same alloy, GdOwt.%
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Sn,who indicates thahe necessamndercoolingor solidification also favouedthe
direct crystallization of the secondary phase from thermodynamic an&ysts; of

the PBBi system by Barker and HellawgllOQ concluded that the primary Rlzh
phase is inefficient as a heterogeneous nuclefiihe secondary phase, and the
nucleationof the peritectic phastook place at many other sites in the liquid
Therefore,the peritectic reaction and diffusion controlled peritectic transformation
are not expected in a normal casting process while the préopitd the peritectic
phasefrom the meltmight be dominate. Such a situation might be more serious in

rapid solidification due tenhanced shorange diffusiorat high cooling rates.

The results by Ahmad et 4lL5] also prove thatit would be difficut for aperitectic
reaction to occur, as well as the subsequent peritectic transformétiotme
solidification process of undercooled 446.3 at% Si mejt 2-NizSip, and
supersaturated solid solutiob-Ki) formed via a pseudougectic reaction, with the

UNi following the extension of the equilibrium liquidus linds a matter of fact,
similar behaviourhad been observed in INxSi (x=21.027.0 at.%) alloyg101],
where soldification of the perite¢ic phase N§Si from the meltshould be observed
underundercooling in excess of 270 K (based on the thermodynamic equilibrium
analysis). Bertero et dl101] revealed a alternative solidification mechanism of the
growth competition betweeb-NbsSi; and NRSi: in levitated drops of these alloys
(containerless solidification processintje solidification was to a metastableNb
andb-NbsSi; eutecti¢ without any evidence of the M phase. Direct formation of

the NbsSi phasdrom the melt was onlpbserved irthe splatquenched alloys, no
matter the undercooling prior to splat quenching. They attributed this phenomenon to
difficulty in nucleating the N§Si phase, which can grow at high cooling rate due to
enhancedshortrange diffusion and possiblaeterogene sites on the splat.
Moreover,a thin layer of amorphous phase of-Rb at.% Si alloy was produced
adjacent to the chill surface due to the extremely high cooling rate in this region
[102].

The stability of the L1ordered phase has also beevestigatedy Himuro et al[20,
103, 104], who performed several experimentsNisFe-NisSi pseudebinary system
One of the studies focused on thesNe;7sSiz 5 alloy, which was austenitized at
1100€ for 3 hours in an evacuated quartz tube ageld at 600 and00C for ten
days andhenrapidly quenched into ice watefhe specimen quenched from 700
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had the disordered FCC structure, which is consistent with the result at the
equilibrium experimental conditiofl05]. However, the specimen quenched from
600€C showedsuperlattice reflections from the 4 érdered structure. TEM analysis
also observed that the nanoscale tfddered phashad precipitated in the austenite
matrix. Similar results were also observadhe Nirich sideof the NiFe-Si alloys.
From the thermodynamic equilibrium phase diagram, the equilibrisotidified
phase of théi;sFesSiio alloy should behe alphasolid solution. Howevertiimuro

et al.also detected the superlattice reflections from thedrdered structure ithe
NizsFesSipp alloys quenched from 80& , while the specimen quenched from
850 € hadno superlattice reflections.h& transition temperature of these ordered
precipitateswas foundto be 840€C using electrical resistivity measurement.
Particularly, the single L phase structure was obtained by quenching the
NizsFe3Sipo alloy that was austenitized at 1100 and thenaged at 55CC in
advancg20Q].

3.6 Project aims and objectives

The aim of this project is to perform the rapid solidification experiments using drop
tube technique for understanding the phase formation and microstructure evolution at
high caling rates. Two alloy systems, 48i and NiFe-Si, are selectedlhe study
onNi-25.3 at.% Salloy extends the previous wodf the samailloy by flux-melting

experiments, withhte specific objectives:

1 To assess the different microstructure solidified at high cooling rates in
comparison wi toh etuhtee cd b e rswenderctbledr e i n
samplegcooling rate < 10 K'§).

1 To assess the formation of the metastable phasésgh cooling ratese.g.

supersaturated solid solution, metastable phase and metallic glass.

Chemicdly, Fe and Ni are very similar. They can form a continuous solid solution
phase in some temperature rangee objectives of the study of the-Re-Si alloys
(10 and 15 at Fe substituting for Ni) are:

I To assess whether the substitution of Fe for Ni can occur, or whether there is
other behaviours ofd-in the solidification process.

1 To assess the formation thle metastable phaaéhigh cooling rates
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1 To assess the microstructure evolution with decreasing particle size and to
study the microstructure difference in comparison with the predicted

structure by the phase diagram.
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Figure 3.1: Eutectic phase dggam showing the thermodynamic and Kkinetic
constraints for solute trapping and segregation free crystallisation under conditions
of rapid solidification10]
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Figure 3.2: Grain diameter d as a function of undercooling for aQlikg Sample42]
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Figure 3.3: Variation of the free energy of the liquid and solid with tempergfje

a+p B

Tx'

Glass
formation

Figure 3.4: Eutectic phase diagram of a gldesming alloy. The § lines depend
strongly on the two sides of the phase diagram. In the intermediate concentration

range, solidification is either by eutectic crystallization or by glass formgt@n
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Table 3.1: Some examples of the amorphous alloys and their corresgpndin

experimental parameters

Critical
Author Alloy system cooling Scale
rate (K &%)
PdM-Si 1 mm
Chen et a[6() (M=Au, Ag or Cu) 100 (thickness)
Turnbull et al[61, . lcm
62] PdioNiaoP20 1.4 (thickness)
LassAl 25(Ni/Cu)zo 3mm (diameter
Inoue et a[63] LassAl 25Nip¢Clhg 55120 7mm (diameter
LassAl 25Ni1oCusCos 9mm (diameter
Inoue et al[66] ZresAl7 5NioCly 15 16. mm
6 7.51N110 7.5 . (d'ameter)
. . 14 mm
Peker et al[67] Zr41.2T1138C U2 NijoBezs | 10 (diameter)

L Ni-25.3 at.% Si
‘ .‘
1400 - ) [
A (1/ B;% Y 5
1200 - T
Ni,Si,
B,
1000 T T T T
15 20 25 30 35
Ni at.%—-Si —>»

Figure 3.5: Ni-rich part of NiSi binary phasdiagram with metastable phase4Sig
[17]
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Table 3.2: Reactions in the N&i Phase DiagrarfB9, 106]

Reaction Compositions of the re'spectlw Temperature, € Reaction
phases, at.% Si type
L Y UGN| 214 15.8 25.0 1143 Eutectic
U( Ni,Y +B 14.7 25.1 23.7 1035 Peritectoid
b,Y B0 25.2 24.5 27.9 990 Eutectoid
L+2 3Y b 22 27.9 25.2 1170 Peritectic
L Y o9+ 29.8 27.9 33.3 1215 Eutectic
1600+
1400-M
(Fe)rt
1200+
% 1000 (Fe,Ni)
i 800+
E
600 B
Sy \FcNi,‘rt
200 ' ' , ‘ : : . ; ‘
0 10 20 30 40 50 60 70 80 90 100
Ee at.%-Ni Ni

Figure 3.6: Ni-Fe phase diagran®4]
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Figure 3.7: Ni-rich part of NiFe-Si equilibrium phase diagraat 1400K. 1, 2 and 3
represent the composition ofd)iFe;Sis 3 Nigs F7€10Six5.3and Nig #€15Si5 3[88]
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Figure 3.8: Vertical section of the NiFe-Si quasibinary phase diagram at 25 at.% Si
[88]
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Figure 3.9: Crystal structure diagrams BfNi andb;-NisSi
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Figure 3.10: The diffraction patterns diNi and intermetalli;-NizSi (mass
fraction ratio 1:1)
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Figure 3.11: The diffraction patterns dheintermetallics, NisSig and Ng3Si;2 (mass

fraction ratio 1:1)
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Figure 3.12 Velocity-undercooling curve for the solidification of 48i alloys[15-

17]
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4  Equipment and Methodology

In this project,an arcmelting furnace and drop tube equipment were used. The
former wa used to prepare master alloys and the latgeyused to cay out the
nonequilibrium experiments and produce the solidified samples. Therefore, both of
these pieces of quipment are introducedncluding the key constructions and
experimental procedures and conditiofifie main task of the projeatias the
microstructural characterization for the specific alloys formed the rapid
solidification process.Details concerning sample preparation, characterization
techniques andhe relative anfysis method are also described. These include the
Optical Microscopy, Scanning Electron Microscopy (SEM);R4y Diffraction
(XRD), Transmision Electron MicroscopyTEM), Differential Thermal Analysis
(DTA).

4.1 Equipment

Two mainpieces of equipment weresed in this projecianarc-melting furnace and

a 65 m drop tube The formerwas used to melt the high temperature materials Ni
(T=1782 K) and S(T,=1687K) together. The latteras used to melt and spray the
master alloys produced lilge arcmelting furnace to obtain thearticles of different
diameters, which are paropriate to investigate the relationship between the

microstructure and cooling rate.

4.1.1 Arc-melting equipment

An arc-melting furnace provides a low pressuiaert atmosphere environment in
which to prepare refractory metals and other high meltergperaturealloys,
especiallyfor protectiveatmosphere melting of easy to oxidize metBlscause of

its simplicity, ease of internal access and small volumearcmelting furnace is
easily purgedbefore using for melting samples andickly evacuated The arc
melting furnace used to prepare master alloys for drop tube experiments in this
project is shown irFigure 4.1. The chamber and upper bell jar are fabricatexn
stainless steel with copper cooling coils bonded to the outer surface. A hifnge at t
rear of the unit permits access to the specimen materials by swinging the entire bell
jar backward. The electrodehandlg shaft peetrates the top of the bell jaandthe

handle shafts sealed at the top of the bell jar by means of a ball jointrailler
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bellows. The ball joint allows the electrode to be pointed in any direction and
provides a sliding seal for moving the electrode into and out of the chantieer. T
hearth isfabricated from pure copper for efficient coolingwaterjacket covers the

lower surface under the entire active area of the hearth. A swaged tungsten striker on
the tip of the electrode is provided for starting the Yerious cavity configurations

can be providean the copper heartlas can be seen from the insetFojure 4.1.

Light and window ports facilitate inside observation. Pressure eonsgtionis
incorporated into the seal desigmcontrol pressure in the chamb@ne twastage
vacuum pump located beneath the furnace frémneevacuation and the furnace
chamber areonnectedy one screw valve which makége repeated evacuation and

backfill ing operatiorsimge and convenient

Using a twestage, oil sealed pump the chambesevacuatedo about 5« 10* Pa
and backfilled the chamber to about 3410° Pa with Ar. This procedure was
repeaed 5 times beforghe melting processin order to ensure the homogeneity of
master alloys, the alloy buttonwere turned over and melted four times before

elongaion usingacentre roeshaped cavity.
4.1.2 Drop tube

A 6.5m drop tube s involved inthe presentproject with nitrogen acting asthe
protective inert gas throughout the experimdntcept forthe 6m stainless steel
tubewhich permits fredall solidification and rapid ifflight cooling, there arehree
othermain subsystems: 1) Top furnace for heating and spraying samples, as shown

in Figure 4.2; 2) Pumping system; 3) Gas supply and cooling water system.

The <hematic diagram irFigure 4.2(a) shows the core part of the drop tube,
designed for sample heating and nsgtaying.A crucible with 3 laser drilled holes

(300 em di ameter) i n the base is | ocat e
melting and spraying samples. The graphite susceptor here is fixed beneath the steel

lid by clamping both engborts of the lid andthe susceptor. Theres alsoa 10 mm

hole in the basef the susceptor, aiming to provide channel for spraying melt

beamsAn adumina shell hung up by steel wires was lechbetween the susceptor

and copper coilacting as a radiation shietd prevent heat loss from the susceptor

via thermal radiation
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The rtcoil was woun around the outer side of thiimina shell to heat samples by
induction through the graphite susceptor. The coil was nfrate 5 mm external
diameter copper td) which wa comectedto the RFgenerator, and the blank
copper pipe gives access to a chilled water supply. THgpge thermocouple was
fixed on the top steel lid and extended into the crucible, which was hung up on the
top of the melted sample. The other side of the thermocouple was conteettied
digital montor for temperature output. In order to spray the melt sample, the crucible
Is also connectetb asmall gassupplystore which ispressuriseavith pure rntrogen

after the alloy is melted completel@ne solenoidvalve was placed betwee the

furnace and th gas sta to achieve this manipulation.

During the exprimental process, the sample wpte into the crucible first and then
core components eve assembled together benetta furnace, as shown Figure
4.2(b), which wasfixed onto thedrop tube, ast®wn inFigure 4.2(a). During the
evacuation process, the systemswinallyfilled to a pressure of 4kPa with dried,
oxygen free N gas, having previously been flushed three times withahd
evacuated to a pressure of14° Paachieved bya mechanicatotary pump and
turbomolecular pumpAfter the protective atmosphere conditisinave beenreate,
the turbepump was switched off Thenthe alloy sample \as heated by induction.
Onceit had reacled the exeded temperaturethe gas stoe was pressurisedvith
nitrogen (usually 810° Pg and then the melt sampleawsprayed. The rapig
solidified particleswere collected at the bottom of the drop tube after system

temperatur@roppecdo room temperature
4.2 Sample preparation

The alloy particlesvereclassifed into different size groups. The sz the sieves
usedwere8 50 & m, 500 & m, 300 &m, 212 & m, 150
Then, the particks wee hot mounted in suitableediums, Bakelite for XRD and
conductive powder filled with carbon fGEM. After mounting, the samples were

ground down using a series of progressively finer SiC grinding papers starting with

240, 400, then 800 and lastly 1200 grit. During this process, some of the ®iIG pap

with 240, 400 and 800 grit we not needed fasmaller particles. For examplir

the particlesof diameter 10675 m1200 grit SiC paper v&aenough, since coarse

paper may grind the fine particles away from the medium. Thautghis process,
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optical microscopywas usedto check the diameter of erage particle grinding
crosssection, to avoid over mrding, which might damage th&nished polished
quality. Well groundsamples were then polishedth diamond compounds using 6
em, 3 &m, 1 em and O0.25 em polislking
samples were washed using dilute detergent and methanol, and thern daied
electrical drier.An optical microscopavas used for checking surface scratches to
confirm whether the samples are well polishétll polished samples are good for
SEM-EDX andysis to identify thecomposition.To reveal the microstructure the
well polished samples were etched with suitable etchant to obtain SEM high
resolution imagesThe etchants for N6i and NiFeSi alloy particles are listed in
Table 4.1. The etching timevaried, so the optical microscopeas alsousedduring

the etching process.

The optical microscope used here has a 10 times eyepiece with six objectives (5, 10,
20, 50 and 100 times). In addition, th@croscope can be used to obsesample
surface topogphy using plarized light and Differential Interference Contrast (DIC).

An Axiocam MRC5 Zeiss digital camera is installed on the top of the microscope
and isusedfor taking images.

In this project, TEM wa also used to identify the phases of the refined
microstructure. The technique for preparing the T&dvhpleswill be introduced in a

latter section.
4.3 Microstructure and composition analysis

Scanning electron microscopy (SEM) is similar to optical microscopy but offers
much higher resolution at higher m#gration. The reason for its high resolution
can be explained bihe Rayleigh citerion, as shown in Equatiqd-1) [107].

= 5= gt (1)
where d; is the limit distance between the two centres of Airy rings fitora
neighbouring pinholesyy is the wavelength of the electron beams the refractive
index of the medium between the object and the objective lens. The presiddis
usually calledhe numerical aperture. So it is clear that the limit of resolution or the
smallest distance between two points (i.e. the small¢sis proportional to the

incident wavelength.
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Both wave and particle properties can be applied to light and electroris thveit
wavelength being about 400 nm and 0.000.01 nm respectively. The limit of
resolution for | ight microscogy400nm) 150
for example, whereas electrons can achieve a resolution of approximately 0.02 nm
usingreasonable values ef, = 0.0037 nm (the wavelength of 100 kV electrons) and
U= 0.1 radiang107]. However, electrons are very much more strongly scattered by
gases than by light. Thereforey order to use electrons imicroscopy all the

electronoptical paths must be evacuated.

The interaction of electrons with a specimen can result in various secondary
emissions from the specimen, as shownFigure 4.3. Normally, all scanning
electron microscopes have facilities for detecting secondary and backscattered
electrons. Secondary electrons are emitted by atoms excited by the incident electron
beamwith low energies< 50 eV), and these electroneme froma $hort distance
belowthe specimen surfacBy far, the secondary electrosignalis the most widely

used signal in SEM fothe study ofspecimen surface featsreBack scattered
electrons are reflected electrons from the sample by elastic scattdiveg.
relationship of the secondary electron coefficiel} &and the backscattered electron
coefficient ¢s) and the atomic number of the specimen is showkigare 4.4. ds is
strongly dependent on the average atomic number, wWhils not dependent.
Therefore,BSE images can provide information about the distribution of different
phases with different average atomic nursherthe sample. Frorfigure 4.4b it is

clear that the total electron yield is a complex function of the accelerating voltage,
with a maximumbetween 1 and 5&¥. This voltage is much lower than the normal
operating voltage omost SEMs. For clean metal specimens (like the alloys and
conductive resin) there is no difficuliy imaging. However, if the specimen as
nonconductive one, normally the sample will charge due to electron aggregation and

coating withathin conducting layer (like gold or carbon) is necessary.

If one electronof inner energystate has been knocked out of an atom and then a
single outer eldgcon jumps into this inner shell vacan@/characteristic Xay is
emitted. The energy of the-pay is the difference between the energies of the two
excitedelectronstates. Because the energies and wavelengths ageedifffor each
atomic speciesthey can be measured to determine thferent elements in the

speamen which is chemical analysis in SEM.
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The etched sample surface was further examined using a LEO 1530 Gemini
FEGSEM operated at 3 kV accelerating voltage withr8 working distance to take

high resolution imagesThe samples were placed on the aluminium stub using
adhesive carbon disc, sometimes also using additional conductive carbon paste, to
gain better conductivity and avoid the charging eff&®X and BSE detections

were carried outat 8 mm working distanceBesides the area scanning, point

scanning is also allowed to check the element composition of the specific phase.

Meanwhile, the composition of the gie phase was also checked bPMA
(electron microprobe analysis) to verify thdiability of the EDX results.The
electron microprobe is a close relative of the SEM but is designed primarily for
analysis, by which, accuracy approachind % is obtainable and detection limits
down to tens of parts per million can bbtaired [108]. All of the EDXor WDX
results are from the polished but-etthed samples.

4.4 Phase identification

Two main techniques are ushere to identify the phases solidified in harticles:
XRD and TEM. The former can provide general information of the phasemgxist
in the particles, while the latter allos/the specific phases of the structucebe

checked
4.4.1 X-ray Diffraction (XRD)

The X-ray diffraction technique ia simple and effective method to characterise the
structure of crystalline materials. It is clebatX-rays are electromagnetic radiation

of exactly the same nature as light but of very much shorter wavelength, and the
wavelength used in diffraction is apprmately in the range of 085 A. The
geometry of crystals has been discussetheprecedig chapter, which, together

with X-rayillumination, constitute the foundation of the crystal diffraction.

Diffraction occurs at such a condition that two or more waves of electromagnetic
radiation are oOreflectedo6, waweahd réfleaegy pat h
wave is equal to an integer number of wavelesgiihis condition was discovered

by W. H. Bragg and his son, W. L. Bragg,

E_y = 200l ©— (4-2)
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wheredyy is the distance between successive planesdasndhe incident/diffracted

angle of the Xray beam, and its geometricalationship is shown ikigure 4.5.

When anX-ray beam encounters an atom, each electron in it will scatter part of the
radiation. Hee the relationship between the intensity of the beam scattered by a
single electron and the mass of scattering particle can be given by

1

| (4-3)

scattered radiation 2
r‘r‘lscattering particle

The nucleus has an extremely large mass relative to that of the eleaircaraot
be oscillate to any appreciable extent. So scattering by an atom is due only to the

electrons contained in that atqg?].

In fact, if the scattering is in the forward directiord (2 0) an atom of atomic

numberZ scattersZ times the amplitude of the incident wave because the waves
scattered by all the electrons of the atom are in phase, subbasave front X
shown inFigure 4.6. However, it is not true for other scattering directions, since the
electrons ofinatom aresituated at different points in space giving rise to differences

in phase in between the waves scattered by different electrons Higore 4.6 it is

clear that the other scattered waves have a path diff=egual to (CBAD) and are
somewhatoutofplsae al ong a wave front sudh as Y)Y
0) partial interferences take place and the net amplitude of the wave scattered in
these directiomis smaller tharZ times of amplitude. The scattering efficiency of a

given atom is thereforéescribed by the atom scattering facfgy, (vhich is defined

as a ratio of amplitudes:

@ _ RO £"Q0M0 QI @S M G (E G
CB REOTQ £"QOTN0 CUQ T GBHSA 0 (X0 £2'Q ' £¢

(4-4)

The dructure factor is the resultant wave scattered by all the atoms of the unit cell,
describing the atom arrangement. It is obtained by simply adding together all the
waves scattered by the individual atomsegioy fractional ceordinatesu, v andw

for each atom. I f a unit cell contains a

thehkl reflection is given by:

F = f gt ) g 2ot oy bw) g @oilusrios ) 3 (4-5)
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or

N .
Fhkl — a fne2p| (hu, +kv, +w,) (4-6)
1

This equation s a very important relation iiX-ray diffraction crystallography,
because it can be used to calculate the intensity ofildmgflection from the atomic

positions.

Rietveld refinement is a technique for use the characterisation of crystalline

materials based on a fAxurauetswr € ofmpat er Ipe dPIr «
Hugo Rietveld[109, 110]. The programme takes into account the overall isotropic
temperature factors, scale factors, background, atomic coordinates, scattering factors

and instrumetal factorsto refine a theoretical line profile until it matches the
measured profile.

Several software packages have been writieranalyze the powder diffraction
results The two most popular examples arefiteeware packages, General Structure

and Analysis Software (GSAS)L11] and the FullProf suitfl12]. The quality of the
agreement between the observed and simulated profiles can be expressed in terms of
the weighted profile factoR;) and expected weighted profilBe(;), both of which

are determined by functions of profile intensity, standard deviation of the profile
intensity, calculated countsnd number of points. Ideally, the finaR(,) should
approach the statistically expected valBg, which reflects the quigy of the data.

The conventional indicator di g 0 0 d n e sis chfe {Ryy/Reint Which should

also approach [113].

In this work, only one result was analyzed by Rietveld refinement method in order to
estimatethe phase fractionThe analysis wasatried out using theoftwareX&ert
HighScore Plus (PANalytical B.V., Almelo, The Netherlands), which is packaged as
part of the XPert MPD Xray diffractometer used at the University of Leetlke
automatic seraquantitative analysis can be performeddahen the RIR (Reference
Intensity Ratio) method. The RIR method scales all diffraction data to a standard.
Generally, corundum is used as the international reference. By using ratios and

measuring peak areas, the RIR method can be used to determindrediocsn
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In this project, tk quantities of particles for each size group are limitXRD
analysis, including XRD with hsitu heating, was conducted to identify the phase
constitution of the samples (CwK adi at i on, P6Analytical X6
Netherlands). fie particles we first mounted in transoptic resin and theepared

as describedin Section4.2. Then the well-polished samplesvere fixed on the
bracket, whichwas clamped on the XRD instnuent for scanning, as shown in
Figure 4.7. Before that, XRD detection hdxeen carried out on two blank matrixes
made by Transoptic powder andkgdite respectively, as shown iRigure 4.8. The
Bakelite matrix produces lots of sharp diffraction peaks whih strongest one at
about 307 which mightcomplicatethe XRD diffraction pattern and influence the
following analysis process. On the contratige transoptic resin hasnly three
relativdy weak smooth peaks at low angle without anyrstaand strong difaction
peaks. ThereforeTransoptic powder is chosen #se sample holder for XRD
detection hereA detected diffraction patterfrom a samplewill be analyzedand
compaed with the standard diffraction carda a large database of patterns for
knowncrystalline materials to identify the target phases in the solidified alloys.

Insi tu XRD was carried out in a §ealed ch
in which the sample is allowed to be heated up to 1200'Kx sample was heated

from 25 to 450€C , which wasnot calibrated Data were collected at room
temperature 25 €, then at high temperatures 300 €, 400 €, 450 € and finally at

room temperature again after the sample cooled down, wherein slow scanning was
performed. With the considerationaththe time of the slow scanning might be too

long to observe the precise transformation temperature, the detection was repeated
using quick scanning. The sample was heated from 250 € to 325 €, wherein data

were collected several times at each tempezagtap (every 25 €C).
4.4.2 Transmission Electron Microscopy (TEM)

The transmission electron microscope (TEM) is also one of the most important tools
for the microstructural characterization of materials. In faetay technique can
obtain more quantitative ffliaction patterranalysisthan electron diffraction patterns,

but electros can be focusedore easily. Also compaed with SEM, both of them
employ the same electron beam systerg, an electron gun, condenser lenses and

vacuum system. However, the wais form the images are entirely different,
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because TEMis a transmission technique amaovides information about the

internal structure of thin specimens, whereas the SEM is primarily used to study the
surface structure of bulk specimdii€7]. When one kectron beam passes through a

thin specimen, variations in the intensity of electron diffractieaultinf di f f r act i o
c o nt inattetindage which is useful to characterize the microstructures and
defects such as second phase particles, dislocatieghstenfaceq114]. Selected

area diffraction (SAD) is also one common and useful technique which allows
observation of diffraction patterns from small areas of the specimen. In addition,
high-resolution transmission electron microscopy (HRTEM) can be tsddrm

images of columns of atoms.

Diffraction in TEM also occurs when the reflected and tiedent electron beams
me et B r a gqgabion (4-))a Details Bf the diffration pattern are shown in
Figure 4.9.

From Br afgrgmalid: | a w,

[("Q——= _,/2Qu (4-7)

According to the gometrical relationship iRigure 4.9,

'Yo/ 00 = (:'I;Lﬁz—" 2— (4-8)

Combination of equatia(4-7) and(4-8), gives

Qg Yo = _o Uo (4-9)

_u Ug is known as the camera constant, which can be calibrated in the operation
process The dspacing corresponding to the reflection can be calculated directly

onceR has been measured

Infact, thedi f r act i on a kiguteel id quisetsrmal. Takingha crystal

plane with dspacing of 0.5 nm for example, the Bragg angle for 200 kV electrons is

0. 14¢e. Therefore, the diffrasaredmos| ectr
parallel to the electron beam. If there are several planes parallel to the electron beam,

a set of diffraction spots with a distance ofnl/dill occur from the centre of the
diffraction pattern in the normal direction to the plane. Thetiogiship is shown in

Figure 4.10, in which the formed lattice o$pots bears a reciprocal relationship to
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the real lattice of the crystal, knownther eci pr oc a l l attice.
the angle between the normal directions to the plahles.is the basis of EM

analysis to identify the phase, with the related equations listeahie 4.2.

As mentioned above, polycrystalline materials are very common, comprising lots of
small crystalswith random orientatiorDifferent from the diffraction p&trn from a
single crystal Figure 4.11a), if the specimen contains several crystals of different
orientations, the diffraction pattern is more complicated and a sum of individual
patterns. As shown ifigure 4.11b (right), the spots are not randondistributed

but fall on rings (dshed ring). If the grain size is much smaller, ibathe detected
area containsnany crystals of random orientatioRiure 4.11c), the spots on the
dished rings Figure 4.11b) are so close together that the rings appeatinuous.
Therefore, rather than individual diffraction spots, the diffraction pattera fofe

polycrystallinematerialis composed of a series of concentric circkagiyre 4.11c).

Accompanying the advantages of the TENREre arestill some drawback Firstly,
theprepared sample for TEM detection must be saradl thin which is only a small

part ofthe sample. Therefore, general structural information is better to be examined
with other techniques under low magnification, like optical microscogysaanning
electron microscopy. Secondly, the specimens for TEM have to be thin enough to
transmit sufficient electronpghat enougtransmittedintensity falls on the screen

to form an interpretable imadé&15]. Drop tube particles are fine with dianstén

the range 78 50 €& m, and the microstructudures
crystalline phase grains as well. In order to make the TEM specimens from the
specific areas accurately, the precise Focus lon Beam (FIB) linked to the FEI Nova
200 NanoLab EGSEM was used. The length and width of the rewulamella

The

a |

specimen are 15 em and 8 em respectively

A brief sequence of this operagitechnique is shown iRigure 4.12. The first step
wasto find the detected aredhen athin, narrow layer of Pt was coated on the
surface of the target area in order to protect the surface dimergutting session.
After the desired lamelfaspecimenwas producedit was welded on the tip &
tungsten ngro-manipulator before it was completely broken away from the particle.
Once the lamella was fixed on the TEM grid (Qbg central area of the lameNeas
sliced to ensure the thicknesssalawer than 100nm. Well prepared speciswere

stored ina vacuum vessebeforeTEM analysis The TEM usedin this project was a
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Philips CM 2@ FEGtransmission electron microscopgerating at 20KV fitted
with an ISIS EDX system analysis facility.

4.5 Differential Thermal Analysis

Differential thermal analysis (DTA) isne of the most widely used thermal analysis
techniques, which works based on the difference in temperature between a substance
and a reference material as both samples are subjected to theheatimey
programme. The classichkatingprogramme is a liree temperature change with
respect to time. Changes in the sample, either exothermic or endothermic, can be
detected and recorded to report the resulting thermal analysis Euguee(4.13),
showing the relationship between the temperature diffefeetmeen the sample and
referenceand temperature (or time). Generally, there are a series of peaks in a DTA
curve which provide data on the transformations that occur in the heating or cooling
process, such as phase transformation and melting. In a DTA, ¢bevposition is
determined by the properties of the detected matermalshe heating ratevhile the

area is related to the energy involved in the corresponding reddtiéh In the
present projecD TA measurements were performed using a Pdgkimer DTA 7 to
determine the onset temperature of the metastable phase transformation.
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Figure 4.1: Arc-melting equipment for meltingigh meltingmetak or alloys. Inset

is the chamber of the amelting furnace.

Digital Thermocouple Solenoid
Monitor valve
( - Thermocouple
ﬁ %—vf Pressured
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Hole

Generator
Drop

() (®)

Figure 4.2: (a) the schematidiagramof the top furnae part of the drop tubé)) the
detailed configuratio of thered rectangular part itme left diagram
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Table 4.1: Etchants used for each material

Alloy Etchant Time’
Ni-Si HF (5ml), O, (5ml) and HO (10ml) 20-30 second
Ni-Fe-Si HF (5ml), O, (5ml) and HO (30ml) 10-20 second
Incident beam
X-rays Backscattered electrons
Cathodoluminescence Secondary electrons
F —— EBIC
N Specimen current
Transmitted electrons
Figure 4.3: Some of the signals which may be used in JENT]
0.5F (@ (b)
= 04F Backscattere %
2 ' electrons g ol
= 0.3} 5
2 0.2} %
Secondary electrons =
QA frrmmmammms=ans =
0 20 40 60 80 E, E,

Atomic number (Z)

Accelerating voltage

Figure 4.4: (a) The effect of atomic number on the yield of backscattered electron
(ds) and secondary electrots); (b) Therelationship of the total electron yields
Us) and the accelerating voltafE07].

2 The sample needs to be checked using the optical microscope every 5 seconds.
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Figure 4.5: Diffraction of X-rays by a crystdl22]
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Figure 4.6: X-ray scattering by an atof@2]

Figure 4.7: Schematiof the XRD backet and sample holder
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Figure 4.8: XRD diffraction patterns for Bakelite and Transoptic resin.
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Figure 4.9: Geometry of the formation of an electron diffraction pattern. On the film,
the diffracted spot A occurs at a distangefi@m the central spot, O in a direction

perpendtular to the planes.glis known as the camera lengii7].
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<«—— Plane 1
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Figure 4.10: Geometry of the formation of an electron diffraction pattern from a
single crystal in TEM. The beam is parallel to a zone axis including two planes (1
and 2). The isequdl to theahgleatwegr tike ndrmal directions of

the plane$117].
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Figure 4.11: Types of diffraction pattern which arise from different microstructures.
(a) A single crystal; (b) A small number of graihgive grains circled here; (c) A
large number of fine grains with random orientation. Dashed ring of diffraction

pattern in (b) des not actually exist and is just placed here for explangtiaf.

3. Sectioned lamella

4. Lamella moved by 5. Welded lamella on 6. Lamella was sliced
fine needle the TEM grid by Ga ion beam

Figure 4.12: FIB operation technique for TEM sample preparation

77



Exotherm

AT

Endotherm

\4

Temperature (or time)

Figure 4.13. A schematic of a typical DTA curve aftdrl8]
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5 Experimental results

This chapter contains all of the experimental results relathiil$0.,FeSis < (x = 0,

5, 10 and 15 at.%lloys. Firstly, the cooling rategas a function of droplet diameter
in thedrop tube are calculated according to the referenceiegaathenthe results

of the characterisation of thalloys producedusing thearcmelting techniqueare
presentedThe mainemphass is placed on the phase formation and microstructural

evolution inthedrop tube processl samples

5.1 Calculated cooling rate inthe drop tube

During the rapid solidification processtime drop tubeit is not possibléo measure

or record the temperature of droplets with different diametersioé in the
micrometerrange Neverthelessthere are two methods &stimatethe cooling rate

in the drop tube process. Firstly, the cooling rate can be calculated tihem
mathematical models based on the balance of thermal f[®Gs Secondly, the
cooling rate can be determined from the mathematical models based on the
measurments of the secondary dendrite arm spacing of solidified microstructures
[19, 119]. Here, we use¢he first method teevaluate the cooling rate. The second
method will be discussed in detail in the next chapter.

Falling through thenitrogen atmosphere, theooling rate of droplets depends
strongl on their sizesTherearetwo mechanisma for heat transfer: heat radiation
and heat conveidn. According to the referendd20], the cooling rate of freely

falling droplets can be expressed as:

V= % .Y QY Y] (5-1)
wherey is thedensityof themetal C, is the heat capacity of undercooled mBltis
the droplet diametek)is the surface emissivityj is the StefarBoltzmann constant,
T is the droplet temperature during free fall,is the ambient temperature, ands
the heat transfer coefficient of droefssuning thatthe falling droplet is spherical,

the value of heat transfer coefficient can be determined by

% The subscripts in the formula denote the nominal compositions in at % of the corresponding metals
in this thesis.
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Cew 12
0= P[2+06 T (FLHYI (5-2)
whereay, } 4, dy andcy are the thermal conductiy, density, dynamic viscositgnd
heat capacity othe ambient inert gas respectivend v, is the relative velocity
betweenthe droplet and gasThe hermal conductivity, dynamic viscosity and heat
capacityare not directly related to the pressure at low pressure. Therdfesedata
for N, are obtained from the refereng&21] at 300 K andl atnosphere pressure
However, he density of the gas hastrong relationship with the pressuvdjich is
calculated by:

D= ¢YY (5-3)
and

=g (5-4)

®

whereP, V andT are the pressure, volume and temperature of the champerand
M are themass,mole numberand mole mass of the nitrogen, aRds the gas

constant.The pressure and éhtemperature in therop tube wee around %10* Pa

and 300 K, respectivelyn the present projectheé melt & 12 g) was ejected from

the crucible with 3 drilled holes (300
would estimate the initisdveragevelocity of the particlesway from the crucible to

be about 1.1 m's The maximum velocity at the bottom of the tube would be about
12.4 m s' on the assumption that the particle dropped under vacuum condition
(gravitational acceleration being 9.8 if) sThe instantaneous velocity is omlated

to the heat convection term in Equationl{s The error of thealculatedcooling rate

is estimatedn the basis othe calculated results with the veléeitbeing 1.1 m 3

and 2.4 m s! respectively The phydcal parameters uset calculae the cooling

rate and the hedtansfer coefficient are presentedliable 5.1 andTable 5.2.

Since Ni and Fe are similar chemically and have close properties, the calculated
cooling rates of NiuzxFeSkss (x = 0, 10and 15at.% are also close. Here the
cooling rate of théNigs 7€0Sis 3 alloy is calculated: 1he minimum and madnum
calculateddropletdiametes are50 em and 850em; 2) the meltingtemperatureof

Nigs 7-€10Six53 alloy is 1444 K. The calculated rests of cooling rate as a function of
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droplet diameterare shown inFigure 5.1. It can be seen that the cooling rate
increases when the droplet diameter decreaSesesponding to the maximum,
medium and minimum dropebdf Nigs #€10Sizs 3 alloy with diametes 850em, 210
em and 50em, the calculated cooling rates reé&.88<10%, 3.38<.0° and4.11x1.0* K

st
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Table 5.1: Thermal physicapropertiesof nitrogengasat room temperatufd 21-

124]

a@m'stKY 0.024F

14 (kgm®) 05671

dg (kgm™sh 0.000017F
c (Jkg K™ 1038310
M (kg mof?) 0.028

R (J mol' K™ 8.314

4The parameters are approximate values at 300 K and 1 atmosphere pressure.

P The density is calculated by EquatiqBs3) and(5-4) (P=5xL0* Pa,T= 300 K)

Table 5.2: Physical parameters dlig; F€10Six53 alloy?

Mass density, kg m”® 6.45810°°
Heat capacity,, J kg' K™ 743.78
Surface emissivity) 0.4002
StefanBoltzmann constani, W m~ K™ 5.67 x10°
Relativedrop velocityV,, m s 1.1
Themeltingtemperaturef alloy T, K 1444
Ambient temperatur@,, K 300°

®The parameter are calculdtby pure elements according to their atomic fractions

and the data of pure Ni, Fe and Si.
P Metal Reference BooklL25].
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Figure 5.1: Calculated coofig rate versus droplet diameter
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5.2 Ni-Fe-Si arc-melted samples

Four Niz47xF6Sis3 (x = 0, 5, 10 and 1@t.% alloys were produced in tharc
melting furnaceAll of these alloys were melted 10 times to ensure thorough mixing
of the constituent elementXRD and SEM (BSE and EDX) detection techniques
were carried out to reveal thphasesand microstructure of the alloy. The
solidification process in tharcmelting furnacecorrespond to moderate cooling
rates, with expectedhigh cooling rate in the regn adjacat to the chilled copper
hearth All of the resultresentedhere will be useful to understand the solidification
behaviourat moderatecooling rateand act as the comparative experiments relative

to later drop tube experiments.

5.2.1 X-ray diffraction analysis

XRD analysis was performed to identify the pleasiethe Ni25.3 at.% Si arenelted
alloy. The XRD result of théi-25.3 at.% Si alloyvasanalysed by the technique of
Rietveld refinement to estimate the amounts of different phases\ifRe Si* arc
melted alloys showed regular and coarse microstruct(ses section 5.2)2
Therefore,the aremelted NiFeSi alloys were crugtd manually to destroy the

texture of the regular lamellar structures

The diffraction pattern of the N25.3 at.% Sis shown inFigure 5.2. It showsthe
presence of three phasés:NisSi, 2-Ni31Si;2 and metastable phase,2§$i95. Besides
the structural similarity, the cell parametersheiNisSi andU-Ni arealsoquite close
(Figure 3.9). Therefore, th@ositions (2heta)of their characteristic diffraction peaks
occurring are also very closd-igure 3.10), which leads to the difficulty to
distinguish them. So, the formation tENi cannot be confirmedy XRD. The
amounts of different phases were analyzed by Rigtafinement technique with
two differentassumptios about whethek}Ni formed in the arenelted sampler
not The simulated resgliare shown inFigure 5.3 and Figure 5.4. The quality of
fitting is assessed from the simulatBd parameters, includingveighted residual
error Ry), expected errorRexy) and good of fit (GoF)which ae alsoshownin

Figure 5.3 and Figure 5.4 revealing good fitting{113]. No matter whethet}Ni

4 Here, NiFe-Si arecmelted alloys denote the anceltedNi4 7 F&Sis3(x = 5, 10 and 15 at.%glloys.
® Ni;4Siys is @ stacking variant of BiSig, S0 only NjsSig is referred for further discussion.
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formed, both of the simulated res(lisdicate thab;-NisSi formed as theominant

phase(> 61.9 %) Even ifU-Ni formed in the sample, the fraction is low, beihg %.

In both cases, the fractions Mfs;Si;,» are almost the same, being 22.0% (withdut
Ni) and 22.3 % (with-Ni), while the fraction oNi»sSis is 8.8 %.

The XRD resultsof these threearcmelted NiFe-Si alloys are similar, showing the
presence 0b-NizSiip, as shown inFigure 5.5(b, ¢ and d). Similarly, due to the
difficulty to distinguishU and b; phases, the phase here-eoasting with theo-
Ni31Sii2 phase cannot be confirmed by XRD results, which will be further discussed
in the next chapteMeanwhilethe observed microstructureseasimple and clear
(see section 5.2.2k0 the quantitative analysis has not been donthdéRietveld

refinement metha.

5.2.2 Composition and Microstructure

EDX analysis was carried out to check the compositionsthe polished but
unetched samples and several regions wesasuredandomly to gain the average

composition.

The EDX resultsof thes four arcmelted solidified sanplesareshown inTable 5.3,
indicating thedetectedcompositionsare close to the nominal compositi@rFigure
5.6 represents the genenalicrostructure of the armelted Ni25.3 at.% Si alloy,
showing aquite irregular and refined microstructungth the dominantphase(M)
dispersing randomly in the samplBhe measured Si composition of the M phase
was 24.08t 0.33 at.%.Therefore, M phase is identified BsNi3Si (22.624.5 at.%
Si), which is consistent with the XRD analysis of thalNi3Si is thedominant phase
Figure 5.7 shows the microstructures of the areltedNiz4 2.xF&Sixs 3 (=5, 10 and
15) alloys, which are quite different from that of the-mmelted Ni25.3 at.% Si
sample.Even with 5 at.% Fethe microstructureshowsa regular lamellaistructure
comprising alternating lamellae of single phase emécti¢eutectoidstructuré, as
shown in Figure 5.7c. Similar structures wera@lso observed in the solidified

Nigs 7F€10Shs3and Nig #7€15Sikhs3samplegFigure 5.7d ande).

® The fitting results by Rietveld analysis are mass fraction.
" Thesolidification mechanism isot studiedhere,soit is referred as the eutectic/eutectoid structure.
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The averagecompositions of theinglephasdamellarand eutectieutectoidareain
the aremelted NiFe-Si samplesvere alsaanalysedoy EDX and aregivenin Table
5.4. Here, the singléamellaein the NiFe-Si samples can be consideredtias o-
Ni31Sii, phase for the following two reasons.Firstly, the XRD analysis has
suggestedhepresence f  tNp:Siio. $econdly, e Si compositiors of the single
lamellaewer e c |l ose t o t h eNizSigp@paatdo Si)iirotme NeBF t h e
binary system. The or mat i on e\f3Sih phase willalsobda deature of
later drop tube processed-Re-Si samplesThe Si compositions of the eutectic
areas are also close to the binkry + eufectic composition (21.4 at.%i) (Table
3.2). Moreover,The Fe oncentrationin the o0 phase increaskewith the increasef
the nominal Feomposition but itwas always lower than the nominal valy&sble
5.4). The surplus Fepartitioned segregateid the eutectiteutectoidareas as well
whichis consistent withthe elementX-ray map(Figure 5.8). Lamellarstructurewas
perpendicular to the copper hearth and roughly opposite taditbetion of heat

conduction.
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Figure 5.2: XRD results of the armelted Ni25.3 at.% Si alloy
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Figure 5.3: Quantitative analysis of the 5.3 at.% Si alloy using Rietveld

refinement with the assumption thaNi did not form in the sample.
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Figure 5.4: Quantitative analysis of the Mi5.3 at.% Si alloy using Rietveld
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Figure 5.5: XRD results of the armeltedNi-Fe-Si alloys: (b) Nkg #76Sizs.3 (C)
Nigs7€10Siz5.3 (d) Nisg F~€15Sis3
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Figure 5.6: SEM micrograph (a) showing thine microstructure of Ni25.3 at.%Si
arcmelted sample; Magnified image (b) from the areahighlighted bythe black
square
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Figure 5.7: SEM images showing the structures of theF&iSi aremelted samples

(c) Nigo.#76&Sizs3 (d) NigsF€10Shss (€) NisoF€sSisz The compositionof the
coarse phase and eutefgittectoidarea are shown ihable 5.4.

Table 5.3: AverageEDX compositionof thearcmelted samples

Compositions
Sample : :
Ni (at.%) | STDEV | Fe (at.%)| STDEV | Si (at.%) | STDEV
Ni74.7Sizs.3 76.00 0.16 0 - 24.00 0.16

Nigg #65Sizs 3 70.14 0.12 5.17 0.24 24.69 0.30

Niga F€10Shs 3 64.85 0.26 10.19 0.48 24.97 0.32

Nisg #€15Shs 3 59.67 0.22 15.57 0.20 24.75 0.14

The samplesvere measured by EDXefore being etcheandseveral differenareas
werecheckedandomly for eaclsample
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Table 5.4: Average EDX composition of coarse lametlaphase and

eutecti¢eutectoidarea for araneltad samples

Compositions (at.%)
Coarseo phase Eutectideutectoidstructure
Ni Fe Si Ni Fe Si
(STDEV) | (STDEV) | (STDEV) | (STDEV) | (STDEV) | (STDEV)
Nigo #6Sir55 | 70.500.17) | 2.91(0.19) | 26.590.13) | 69.7q0.10) | 10.7Z0.31) | 19.5§0.38)
Nigs Fe10Shs3 | 6627(0.28) | 6.82(0.23) | 26.91(0.14)| 61.89(0.28)| 17.96(0.55)| 20.15(0.62)
Nisg Fe1sShs 3 | 61.98(0.28) | 10.98(0.41)| 27.04(0.22)| 56.06(0.55)| 22.83(0.78)| 21.11(0.38)

Similarly, several different areas have bebackedandomly for each sample.

Sample

Si Fe

Figure 5.8: The elemenk-ray map of the Nj; #e10Sizs5 3alloy and SEM imageThe
areas of (1and (2) correspond to the eutectic/eutectoid area and single lariibkae.

element compositions are in proportion to the intensity.
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5.3 Ni-25.3 at.% Sidrop tube samples

The drop tubeexperimentsof the Ni25.3 at.% Si alloywere performd twice to
obtain eough particle (75-850¢ m)The first batch of thgarticles was used to do
some trial test and training, so the results weeenly obtaine from the second
batch of the particke Firstly, EDX analysis was carried out to check the
compositios of all ranges of the particledHere, the average composition was
achieved byanalysing particles randomlyusing area scanningnd at least 10
particleswere analyseth each size rang&.he measurecompositionsvere within
the range 24.925.46 at.% foiSi, as illustrated ifrigure 5.9. Therefore, all ranges
of the particles have the average compositions close to the nominal composition.
Then, gveral analysis techniques warged e.g. XRD, SEM and TEM, to identify
the solidified phases, study the mistrwictural evolution and confirm the specific

phases of the typical microstructures.

5.3.1 X-ray diffraction

X-ray diffraction analysis was carried out on gwidified particles(second batch)
with diameers in the range 7850 ¢ mas shown inFigure 5.10. All diffraction
patternsshowed the sameresult even for the smallestange ofpatrticles (highest
cooling rate), the presenceof three phasesamely: 2-NizSipo, bi-NisSi and
metastable NESis. In comparisonwith the aremelted N+25.3 at.% Si alloy, hte
metastable NiSig in the drop tube samplénstead ofthe b;-NisSi phasesolidified

as the dominanphase herewhich will be discussed in detail lateAs mentioned
earlier, it is difficult to distinguish betweet}Ni and b;-NisSi phases due to tine
similar structure and diffraction patterrisortunately, forwo batches of the 56850

€ mparticles, the XRD diffraction patterns shesvt he exi st eNigSie of
according to the presenoécharacteristic peaks corresponding to the (100) and (110)
planes Figure 5.11). The UNi phase might exist in the solidified particles.

It has beementioned earliethat the mixed metastable phases{8iy and NisSize)
are referredo as NpsSig. Due to thdack of structural informatiofior Ni-4Siog, the

XRD patterns have not been analyzedlmReitveld refinementechnique
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5.3.2 Microstructural characterization

The microstructures of thdi-25.3 at.%Si particles were mainly studied by SEM at
high magnification due to the refined microstructuresummarythere wee three
typical microstructures, as shownkigure 5.12: (1) regular lamellastructure; (Il)
heteroclite structure (I11) anomalouseutectic structure. Figure 5.13 shows the
microstructure of ongéypical particle which includes these typical aictures(l, I
and 1ll) and one single phase (MFigure 5.14 andFigure 5.15 show the detailed
microstructures of A and B areas kigure 5.13. It is clear thatthe structure (1)
displays a regular lamellar morphology, whihee structurglll) is alwaysobserved
in severalsmall isolatedregiors with anomalous morphologyn addition, Figure
5.16 showstwo anothertypes of theparticles, with one hawg entire heteroclite
structure Il and the other hiag the mixed structure (Il, lll and singfghase MP).
Moreover, there are two other phases @id M?), as shown irFigure 5.17 and
Figure 5.18. The phase Mis surrounded by the regular lamellar structure (), while

the phase Mgrows continuously throughout the whabarticle

In order to stugl the micostructuralevolution as the cooling rateas increased, the
Ni-25.3 at.% Salloy particles were clagfied into two different categories (A and B)
according to the microstructure difference, as listedable 5.5. The particles of
type A presentednly the heteroclitestructure (II) This kind of theparticles was
quite easily distinguishable, even with optical microscopy, oncepénecles hal
been etched.The restof the particles belonged to type B, which presented
complicated marostructurs, including severabf the structures |, Il, 11l, M, M, and
Ms.

The fractiors of the type Aparticlein all sizeranges of thearticles were counted.
The numbers otountedparticles were 230 (36800 em), 295 (212300 em), 304
(150-212em), 428 (106150em) and 394 (78.06em). The results are illustrated in
Figure 5.19, showing that the fraction of thgpe A particle with the entire
heteroclitestructure (I) increaseds the particle size dexasedfrom 13.91% (300
500 em) to 40.1% (75L06 em). There wa no particle with only the heteroclite
structure in the 50850¢ nparticles.

8 The regions M, M, and M; will subsequently be identified as the different phdseSEM.
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Although the microstructures of type farticles (75-850 em) were complex,the
formation ofthe regular lamellar sicture changedegularly. Fistly, it was easy to
be observedn big particles (21850 em). As the diametewas decreased, the
diffi culty to observe this structurecreasedyradually.Finally, the regular lamellar
structure almost disappeared in all of thelD®em particles. Figure 5.20 gives the

general informatioshowingthis decreasing trenalith decreasing patrticle size.

5.3.3 Phase confirmation

In order to determine the origin of thetbeee typicalstructures(l, Il and Ill), TEM
specimes (12x 8 em) werepreparedusing thesite specificcocuslon Beam (FIB)

lift -outtechnique.

It is clear thathe regular lamellar structure (I) compss®o phass, which were

also observed with TEM bright fieldmaging. Figure 5.21a shovg alternating

regular lamellae comprising widé (200nm) and narrowd 20 nn) bands. Because

of the similar structures &#Ni andb;-NisSi, direct confirmation of the narrow band
phase has not baachieved. However, froffigure 5.21a andFigure 5.22it is clear

that the thin bands are continuous with, and therefore the same phase as, the single
phase regions embdeld within the lamellar structure. A selected area diffraction
pattern confirned this single phase region, and therefore the thin lamel&e the
intermetallic phaseb;-NizSi (inset of Figure 5.21a). A similar selected area
diffraction pattern confms that the wide lamellar phasethe metastable phase
Ni2sSig (insetin Figure 5.21b).

The heteroclitestructure(ll) also comprises two phes, with a small fraction cd
fine phasewith a curved morphology dispersed the matrix. A bright field TEM
micrograph is shown ifrigure 5.23. Selected area diffraction confired that the
coarsegrain (the matrix)is the metastable phase Nbiy (Figure 5.24). Twinned
growth was also confirmed by TEM analyshige to the typical diffraction pattern of
the twinred structure The thickness dthe fine phasavas less tharR0 nm, so itwvas
difficult to confirm thisfine phase However, it has beeshownby XRD and TEM
(Figure 5.21) thatb;-NisSi can form even in 30600 em particles withan average

coolingrateof 1.20x10° K s (400em), sothe fine curved phaseight be b;-NisSi.
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The anomalous eutectic structure (Ill) and the single phagevwie also analyzed
by TEM, as shown inFigure 5.25. The TEM selected area diffrdon patterns
confirmed that the anomalouseutectic structurglll) comprisedthe metastable
NiosSip and stableb;-NizSi phases.Therefae, the structures, | and Ill, we
composed of the same phases. The differences are that the structure Il displays
anomalous morphology anthn be only observed isomeisolated regioa The
single phase Mwas identified as the stabfeNisz;Si, phase Meanwhile, he phase
M, surounded by lamellar structungas identified as NkSig (Figure 5.26a), while
the single phase Mwas identified a$;-Ni3Si (Figure 5.26b). The identification of
b;-NizSi provides the direct evidence thbf-NisSi can form directly from the
undercooled liquid at high cooling ratdoreover, thephase formeahext to theb;-
Ni3Si was identified as NisSis (Figure 5.26b), which supports the cgrowth

mechanism of the MSi; andb;-NisSi under norequilibrium conditons.

The results of the phase identification by TEM are summarizédlie 5.6. The
structures,| and lll, consist ofthe NisSiy and b;-Ni3Si phases The coarse phase
(matrix) in the heteroclitestructure(ll) is NizsSig. In addition, the formation of the
single phase-Ni3;1Sii2 (M1), NisSi (M2) andbi-NisSi (M3) are alsoconfirmed

All the particles hadfine microstructures, indicating that the XRD patterns would be
close to he non-orientedpowder diffractionpattern.Thus,the relative intensitiesf
the peakshould depend strongly on the fractai the corresponding phasét has
been identified thall, is the metastable BiSiy phase andNi»sSis is included in all
these three structureSherefore,according to its strong relative peak intensitiig
metastable phaseiNSiy should be the dominant phaseaith ranges of théi-25.3

at.% Siparticles.
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Figure 5.9: AverageEDX compositiors of Ni and Siof the N25.3 at.% Sparticles.
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Figure 5.10: XRD results of théNi-25.3 at.% Spatrticles with diameters in the range
of 75850 m
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Figure 5.12: SEM images ofttreetypical microstructure of Ni-25 at.% Si drop tube
samples: g regular lamellar strcture |; (b) heteroclitestructure II; (c) anomalous

eutectic structurdll.
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Figure 5.13: The DIC image o& particle fromthe 300-500em size range oNi-25.3
at.% Siparticles. The microstructures of the rectangular af@aand B)are shown
in Figure 5.14 andFigure 5.15. The extendedsingle phase (M;) wasanalysed by
TEM. Inset is the SEM image of the anomalous eutectic structure.
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Figure 5.14: SEM image of themcr ostructure of Fglrve ar ea

5.13. The clearer lamellar structure is also showRigure 5.15.
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Figure 515 The microstr @Gc mar EBigue b.13tshowingghee a 0B

lamellar structurél).

Figure 5.16: (a) SEM image of thel50-212 em particle with entire heteroclite
microstructure; (b)SEM image of the75-106 em particle with the structures of I
and IIl and the single phase (M

102



