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Abstract

Bulk metallic glass (BMG) materials have become one of the hot topics in the field of advanced materials because of their unique physical, chemical and mechanical properties. So far, however, BMG alloys have not been utilized much in structural applications, owing to a highly localized nature of plastic flow that leads to catastrophic failure during mechanical loading. In this thesis, 2 new alloy composition groups based on Cu and Zr were developed to synthesize phase-separating BMGs by copper-mold suction casting. The glass-forming ability (GFA), microstructure, and formation mechanism of Cu−Zr−Al−Nb and Zr−Cu−Ni−Al−Nb BMGs were systematically investigated. It was found that the Cu47.2Zr46.5Al5.5Nb0.8 and Zr60Cu17.5Ni13.5Al8.5Nb0.5 alloys can be cast into a fully amorphous rod of 2 mm in diameter. Both alloys had undergone metastable phase separation by nucleation and growth mechanism in the liquid state and subsequently solidified into two distinct amorphous phases. Under uniaxial compressive loading, the designed Cu- and Zr-based BMGs demonstrated a remarkable macroscopic plastic strain of 16.3% and 19.7% respectively at room temperature. Theoretical calculation revealed that the enhanced plasticity in phase-separated alloys may attribute to the small difference in shear modulus (G) between two glassy phases. This may create similar dynamics for shear transformation zone (STZ) formation, permitting shear banding to develop throughout the whole microstructure rather than just in the low G phase. This work may provide guidelines for the improvement of the ductility of BMGs through careful compositional and structural design by microalloying. 
Besides, we also investigated the GFA, thermal, kinetic and mechanical properties of high-zirconium-based alloys. The results showed the Zr68Cu13Ni10.5Al8.5 alloy exhibits the best GFA with a critical casting diameter of 2.5 mm among the alloy series. The alloy displayed a significant compressive strain of 11.2% at room-temperature. The large plasticity was considered to originate in more free volume and lower icosahedral population induced by increasing the fraction of Zr−Zr atomic pairs. It was also found that the fracture strength of the Zr68Cu13Ni10.5Al8.5 BMG decreased with increasing strain rates in the range of 2×10−4 and 2×10−1. The decrease in fracture strength was mainly attributed to the creation rate of the free volume increases with the strain rate increases.
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Chapter 1 
Introduction

Metallic glasses, also known as glassy alloys or amorphous metals, are non-crystalline metallic alloys with a disordered atomic-scale structure. They represent a new emerging field of materials which can be prepared by solidification of liquid alloys at cooling rates sufficiently high to inhibit the nucleation and growth of competing crystalline phases.  Since the early 1990s, a large number of BMG systems, such as Mg-, Fe-, Co-, Ni-, Zr-, Pd-, Cu-, Ti-, Ca-, and La-based multicomponent systems, have been successfully produced by conventional copper-mold casting method. Due to their unique random structure, BMGs exhibit high elastic strain limit, superior strength, relatively low Young’s modulus, excellent corrosion resistance and wear resistance, good soft magnetic properties, and broader solubility for alloy elements, making them attractive for certain structural applications. 
Although exploring new alloy compositions for glass formers continues to be important, more and more attention is now being turned towards the development of BMGs with a good combination of mechanical properties. Unlike crystalline metals, the plastic deformation of monolithic BMGs is dominated by the formation of shear bands and is confined almost entirely in narrow regions near the shear bands. As a result, BMGs usually display limited plastic strain of 0−2% in compression and nearly zero in tension at room temperature. Great efforts have been made to improve their plasticity by developing a composite microstructure consisting of crystalline phases such as fibres, particles, or in-situ formed precipitates dispersed in the glassy matrix. The second phase can act as an obstacle to the propagation of the shear bands and prevent a single shear band from propagating through the whole specimen. However, some disadvantages, such as reducing significantly the compressive strength and requiring relatively complex casting techniques, inevitably appear along with the synthesis of amorphous/crystalline composites. Recently liquid phase separation has been reported in several alloy systems and is considered as a promising method to enhance the ductility of BMGs. The present project is mainly focused on the development of ductile BMGs by designing a two-glassy-phase structure through careful selection of composition. 
Chapter 2 gives a general review of the literature relevant to this study.  In Chapter 3, experimental procedures including sample preparation, characterization and mechanical testing are described. Chapters 4 and 5 present phase-separating alloy systems based on Cu and Zr, respectively. Chapter 6 discusses the GFA and deformation behaviours of high-zirconium-based alloys. Finally, an overall conclusion is drawn and possible further work is given in Chapters 7 and 8, respectively.
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Chapter 2    
Literature Review

[bookmark: _Toc381374253]2.1 Historical Overview

It is commonly accepted that a metallic glass can be realized when an undercooled liquid congeals into a solid at sufficiently high cooling rates without crystallization. In the early 1960s, the first metallic glass of micron-sized sheets of an Au−Si alloy was formed by Duwez and his co-workers at Caltech using a very high cooling rate (~106 K/s) [1].  Although this Au−Si glass was produced in very small quantity and verified to be unstable at room temperature, the achievement has stimulated widespread study because of their fundamental scientific importance and engineering application potential.
For the early developed metallic glasses, the requirement of extreme high cooling rates limit their geometry to sheet, ribbon or wire of micron size [2]. In order to obtain enough size for structural applications, groups working in amorphous alloy research have endeavoured to improve the processing technology for higher cooling rates and exploring new composition with good GFA. Chen demonstrated in 1974 that mm-diameter glassy rods of Pd−Cu−Si could be produced by suction-casting methods with a relatively low cooling rate of 103 K/s [3]. Turnbull [4] pointed out that it could be possible to bring alloys with a high glass transition temperature and a low liquid temperature into the glassy state at very low cooling rates if the heterogeneous nucleants were eliminated. He also proposed that a parameter Trg =Tg/Tl (Tg−glass transition temperature; Tl−liquids temperature), termed as the reduced glass transition temperature, can be used as a key criterion to determine the GFA of the alloys [5]. Based on this criterion, the GFA should increase as Trg increases. In practice, a liquid becomes very sluggish on laboratory time scale if Trg ≥ 2/3, crystallization therefore could be significantly depressed during cooling. Then in 1982, Turnbull and coworkers successfully prepared the well known Pd−Ni−P system with a critical thickness of 1 cm at a cooling rate below 100 K/s using boron oxide fluxing method, which announced the birth of the first bulk metallic glass (BMG) [6, 7]. However, these pioneering works did not make a big impact in the materials science community because of the high cost of palladium metal. 
In the late 1980s, the break-through work of Inoue demonstrated the noble metals (Pd, Au, Pt) were not the essential constituent elements in the BMGs. In 1989, Inoue’s group in Tohoku University of Japan reported high GFA in the rare-earth based system such as La−Al−Cu and La−Al−Ni ternary alloys. They prepared fully glassy La55Al25Ni20 samples with diameters of up to 5 mm by casting the alloy melts in water-chilled Cu molds [8]. In 1991, Mg-based system was demonstrated to have high GFA in the form of Mg65Cu25Y10 by the same group [9]. In the same year, Inoue’ group developed a family of Zr-based Zr−Cu−Ni−Al alloys having a high GFA and thermal stability. The critical thickness up to 15 mm and the supercooled liquid region was extended to 127 K for the Zr65Al7.5Ni10Cu17.5 alloy [10]. In 1993, Johnson et al. [11] developed a quniary Zr41.2Cu12.5Ni10Ti13.8Be22.5 metallic glass with a critical cooling rate of 1 K/s. This alloy became the first commercial BMG and is known as Vitreloy 1. Based on the various glassy alloy systems with high GFA, Inoue proposed three famous empirical rules [12]. The rules stated that (1) Multi-component system of three or more elements increases complexity and size of the crystal unit cell reduces the energetic advantages of forming an ordered structure of longer-range periodicity than the atomic interactions; (2) Atomic size difference between the main constituent elements greater than 12% leads to a higher packing density and smaller free volume in the liquid state, requiring greater volume increases for crystallization; (3) Negative heat of mixing between the main constituent elements increases the energy barrier at the solid−liquid interface and accelerates atomic diffusivity to three orders of magnitude; this retards local atomic rearrangements and crystal nucleation rate, extending the supercooled liquid temperature. They suggested that the alloys satisfying these rules have special atomic configurations in the liquid which are significantly different from those of their crystalline counterparts. The atomic configurations favor BMG formation for both thermodynamic and kinetic reasons. As a result, many new BMGs in a variety of multi-component alloy systems consisting of common metallic elements were developed with low critical cooling rates in accordance with these rules, which make them possible to be used as structural materials. Table 2.1 shows the representative BMGs and their developed year.
Since the first metallic glass developed by Duwez [1], the critical casting thickness has been increased by more than three orders of magnitude and metallic glasses components weighting several kilograms have been produced over the last four decades. To date, more than a thousand different BMGs have been produced in Pd-, Zr-, Cu-, Ni-, Pt-, Fe-, Mg-, Ca-, Co-, Ti-, and rare earth-based systems. Metallic glasses are currently among the most actively studied metallic materials. Many research groups are focusing on designing new compositions and investigating structural, mechanical, magnetic, thermophysical, and chemical properties of BMGs. Various symposia on BMGs are organized by the Materials Research Society (MRS) [29] and the Minerals, Metals and Materials Society (TMS) [30]. The thriving BMGs have opened a new door for the development of the next generation of metal industry technologies.




Table 2.1 
 Representative BMG alloys with critical size and their developed year [13].
	System
	Composition (at. %)
	Critical diam. (mm)
	Production method
	Year
	Ref.

	Pd
	Pd40Ni40P20
	10
	Fluxing
	1984
	[16]

	
	Pd40Cu30Ni10P20
	72
	Water quenching
	1997
	[14]

	Zr
	Zr65Al7.5Ni10Cu17.5
	16
	Water quenching
	1993
	[15]

	
	Zr41.2Ti13.8Cu12.5Ni10Be22.5
	25
	Copper mold casting
	1996
	[11]

	Cu
	Cu46Zr42Al7Y5
	10
	Copper mold casting
	2004
	[16]

	
	Cu49Hf42Al9
	10
	Copper mold casting
	2006
	[17]

	RE
	Y36Sc20Al24Co20
	25
	Water quenching
	2003
	[18]

	
	La62Al15.7Cu11.15Ni11.15
	11
	Copper mold casting
	2003
	[19]

	Mg
	Mg54Cu26.5Ag8.5Gd11
	25
	Copper mold casting
	2005
	[20]

	
	Mg65Cu7.5Ni7.5Zn5Ag5Y5Gd5
	14
	Copper mold casting
	2005
	[21]

	Fe
	Fe48Cr15Mo14Er2C15B6
	12
	Copper mold casting
	2004
	[22]

	
	(Fe44.3Cr5Co5Mo12.8-
Mn11.2C15.8B5.9)98.5Y1.5
	12
	Copper mold casting
	2004
	[23]

	
	Fe41Co7Cr15Mo14C15B6Y2
	16
	Copper mold casting
	2005
	[24]

	Co
	Co48Cr15Mo14C15B6Er2
	10
	Copper mold casting
	2006
	[25]

	Ti
	Ti40Zr25Cu12Ni3Be20
	14
	Copper mold casting
	2005
	[26]

	Ca
	Ca65Mg15Zn20
	15
	Copper mold casting
	2004
	[27]

	Pt
	Pt42.5Cu27Ni9.5P21
	20
	Water quenching
	2004
	[28]
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Figure 2.1.
 
Typical long-range disorder
 
atomic configuration of BMG [32].
)


Conventional metallic alloys have a crystalline structure in their solid state with grains of varying shapes and sizes, which formed by the nucleation and growth of crystalline phases from molten alloys during solidification.  By contrast, the atoms in the metallic glasses are randomly arranged, like in a liquid, and therefore lack translational or orientational long-range order compared with their crystalline counterparts [31]. Figure 2.1 shows typical long-range disorder atomic structure of Ni−P BMG by Reverse Monte Carlo modelling [32]. Because of their unique atomic configurations, BMGs present many desirable and particular properties such as large elastic strain limit [33, 34], high strength [35, 36], low Young’s modulus [37−39], excellent wear resistance and corrosion resistance [40, 41], and super plasticity under supercooled liquid region [42−44]. Some BMGs have been successfully commercialized, with applications including sporting equipment, pressure sensors, micro-gears for motors, and magnetic cores for power supplies, medical components and luxury goods [12, 45, 46]. Figure 2.2 summarizes commercial applications of some BMGs.

 (
Table 2.2 Properties of Vitreloy compared to metal alloys
 [47]
.
)
	
Properties
	Vit 1
	Al alloys
	Ti alloys
	Steel alloys

	
Density (g cm-3)
	6.1
	2.6−2.9
	4.3−5.1
	7.8

	Tensile yield strength, σy (GPa)
	1.9
	0.10−0.63
	0.18−1.32
	0.50−1.60

	Elastic strain limit, εel (%)
	2.0
	~ 0.5
	~ 0.5
	~ 0.5

	Fracture toughness, KIc (MPa m½)
	20−140
	23−45
	55−115
	50−154

	Specific strength (GPa g−1cm−3)
	0.32
	< 0.24
	< 0.31
	< 0.21




The first application to be found was as golf club heads. Compared to crystalline alloys, Zr-based amorphous drivers are twice as hard and four times as elastic as Ti drivers (Table 2.2), about 99% of the impact energy from BMG head is transferred to the ball compared to 70% for Ti. This ability to elastically store large amounts of energy makes the alloy an excellent spring. Combining high strength and low density, they are also used for other sporting goods such as baseball bats, tennis rackets, fishing equipment, scuba gear, bicycle frames and marine applications.  
The most common applications of amorphous alloys are their novel magnetic properties of some BMGs based on iron and cobalt. For example, Fe-based BMGs in Fe−Co−Ga−P−C−B−Si and Fe−Co−B−Si−Nb systems have been commercialized as consolidated magnetic cores for power supplies such as common mode, choke coils, and noise filter [12, 45]. With no crystal defects, the advantages of soft magnetic BMG alloys in Fe- and Co-based systems are as follows [48]: 1) Lower coercive force of 0.2−4 A/m (no grain boundaries to hinder the motion of magnetic domain walls); 2) Higher electrical resistivity of 220−250 µΩ cm at room temperature (reduces eddy current losses); 3) Better high-frequency permeability; 4) Controllable arrangement of domain wall structure; 5) High initial permeability. In addition to the good soft magnetic properties, Inoue reported a Co43Fe20Ta5.5B31.5 glassy alloy exhibiting ultrahigh fracture strength of ~ 5,200 MPa and high Young’s modulus of 268 GPa at room temperature [35]. In the supercooled-liquid region at 930 K, the amorphous alloy presented excellent formability with a large tensile elongation of 1,400% and a large reduction ratio in thickness above 90% at a strain rate of about 0.1 s−1. Therefore, Co-based BMGs are promising for advanced structural materials applications with good soft magnetic properties and good deformability.
In the biomedical field, titanium and stainless steel are widely used as biomaterials to replace tissues in the load-bearing parts of the body, such as screws, pins, plates, knee joins, artificial hip joints and dental implants. In practice, bone fractures are routinely fixed in place with these metal implants to promote healing, but have to be removed in a second surgery once the bones have healed. Recently, Mg−Zn−Ca BMGs have been designed to perform as biodegradable implants by Löffler et al. [49] at ETH Zurich in Switzerland. Mg-based BMG is the ideal biomaterial because of its high strength, excellent biocompatible and non-allergic properties. They also found a distinct reduction in hydrogen evolution in the Zn-rich Mg−Zn−Ca amorphous alloys, which is a common problem in many biomedical applications that occurs due to corrosion reaction in physiological solution. Furthermore, BMGs exhibit a very high elastic limit of 2%, and lower Young’ modulus than crystalline alloys. They distribute stresses more homogenously since amorphous alloys have a unique ability to flex elastically with the natural bending of bone. Therefore, a shorter recovery time can be realized as a result of reduced stress shielding effects [50].
In aerospace and defense applications, NASA’s genesis spacecraft was launched to collect samples of the solar wind. Genesis is expected to capture 10−20 μg of solar wind particles and ions using five, 1 m diameter circular passive collector arrays. Each array consists of 55 pieces of 10 cm hexagonal tiles and is coated with Zr−Nb−Cu−Ni−Al, which absorbs and retains noble gases He and Ne [47, 51, 52]. The surfaces of metallic glasses will be dissolved evenly, allowing the captured ions to be released in equal layers by sophisticated acid etching techniques. This helps Genesis investigate ions with energies higher than the solar wind. Under a contract from the US Army Research Office, researchers are making efforts to produce tungsten reinforced BMG-composite kinetic energy penetrators. This can replace the current depleted uranium penetrators because of their similar density and self-sharpening behaviour. Unlike most crystalline metal projectiles that flatten on impact, the side of BMG-composites sheers away under dynamic loading. 
The BMGs exhibit unique softening characteristics in their supercooled liquid regions. Therefore, they can be shaped by Newtonian viscous flow under very small applied forces.   Recently, BMGs are exploited this outstanding thermal formability for application in micro-electromechanical systems (MEMS) and nanotechnology [53, 54]. Therefore, in the near future, BMGs or composites materials will become more and more significant for basic science and engineering applications.







[image: Golf clubs made of bulk metallic glass.][image: http://media360d.files.wordpress.com/2010/08/omega-seamaster.jpg] (
(b
)
)
 (
(b
)
) (
(c)
)


 (
(a)
)
 (
(c)
)
[image: http://www.arcmg.imr.tohoku.ac.jp/en/topics/images/inoue02.jpg]






 (
(e
)
)[image: Full-size image (125 K)] (
(d
)
)[image: http://www.arcmg.imr.tohoku.ac.jp/en/topics/images/inoue03_en.jpg]




 (
(e
)
)

 (
Figure 2.2.
 Comme
rcial applications of some BMGs:
 (a) Golf clubs made of 
Zr−Cu−Ni−Al BMG 
[12]
;
 (b) Omega watches whose numbers and sc
aling made of Zr-based BMG [46];
 (c) Microgeared motor con
structed by a Ni-based BMG [55];
 
(d) Ni-based BMG diaphragm [56];
 (e) Solar wind
 collector, which is made of Zr−Nb−Cu−Ni−
Al BMG [46]. 
)




[bookmark: _Toc381374255]2.3 Plastic Deformation Mechanism

Plastic deformation is closely related to the internal microstructure of materials. For conventional crystalline alloys, dislocations and twinning play important roles in plastic deformation. However, crystal defects like grain boundaries, dislocations, twinning and stacking faults do not exist in amorphous alloys, indicating classical dislocation slip mechanism may not be possible in amorphous alloys. To date, a number of mechanistic theories have been proposed to describe the plastic flow and deformation behaviour of metallic glasses. Although the exact nature of local atomic motion in deforming metallic glasses is not fully resolved, there is a general consensus that the fundamental unit process underlying deformation must be a local rearrangement of atoms that can accommodate shear strain [57]. In this section, we will revisit the fundamental mechanisms of plastic deformation and fracture of metallic glasses.

[bookmark: _Toc381374256]2.3.1 Free-Volume Model

The idea of free-volume (FV) goes back a long time, and it has been known that the viscosity of a liquid was strongly related to its volume [58]. The FV models reviewed here are based upon the theories of Cohen and Turnbull [59, 60], originally developed for the self-diffusion of a penetrant in an ideal liquid of hard spheres. They considered the diffusion of a molecule from one atomic cage into another when a large enough void exists for it to pass through. 
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Figure 2.3.
 Two-dimensional schematics illustrating the atomistic deformation mechanisms for glassy alloys based on free-volume model, where 
λ
 is one jump length, Δ
G
m
 is the activation energy of motion, Δ
G
 is the free energy of the atom and 
Ω
 is the atomic volume [61].
)





The classical definition of average FV per molecule vf was then given by:

                                        
                                                                                                                
where ῡ is the average volume per molecule in the liquid and v0 is the Van der Waals volume of the molecule. In 1976, a breakthrough has been made by Spaepen. He first applied the FV theory to model shear band localization process in metallic glasses [61]. The basis of the theory suggests the deformation as a series of discrete atomic jumps in the glassy alloys, as described schematically in Figure 2.3.  In this case, the sites with more FV will preferentially become the area for jumps.  
The general flow equation can be written as: 
                                                                


where γ0 is the fraction of the sample volume in which potential jump sites can be found; χ is a geometrical factor between 1 and 1/2; vf is the average free volume of an atom; v* is the effective hard sphere size of the atom; f0 is the frequency of atomic vibration (~ Debye frequency); τ is the shear stress; Ω is the atomic volume; kB is the Boltzmann constant; ∆Gm is the activation barrier. This equation can describe both homogenous flow and inhomogeneous flow of metallic glasses. 
The creation of FV can lead to work softening during plastic deformation because of a decrease in viscosity. The shear bands are assumed to form due to the generation of free volume; this induces a decrease in the viscosity of the glass and then leads to local softening of the material [62−64]. Some limitations still exist in the use of the FV theory. For example, the theory is valid only for hard-sphere models, and elastic bodies can undergo local shear without volume change. Moreover, this theory only considers the movement of a single atom, but a single atomic jump does not accommodate shear strain [57]. However, this FV model is still the most popular theory to describe the plastic flow of the metallic glasses, and provides a basis for further analysis of the strain localization process in BMGs. 



[bookmark: _Toc381374257]2.3.2 Shear-Transformation-Zone Model

Based on insight gained from two-dimensional bubble rafts, Argon et al. [65] subsequently proposed the 'shear-transformation-zone' model (STZ) in 1979. It has emerged as a useful mechanistic picture in which the unit process of deformation is a small cluster of closely-packed atoms that spontaneously and cooperatively rearrange to accommodate a characteristic shear strain under an applied shear stress, as shown schematically in Figure 2.4. The STZ is considered as a thermally activated and stress-biased event, permitting simple rate laws for STZ activation to be written in terms of state variables, including stress, temperature, and local structure order parameters [66].
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 (
Figure 2.4.
 Shear transformation zone (STZ) proposed by Argon [6
5
].
)


The first quantitative model of STZ behaviour was developed by Argon himself, who further treated the shearing of an STZ as an Eshelby inclusion problem. In this approach, he argued an isolated STZ is not free but confined to the surrounding elastic glass matrix. In essence, the STZ is a local cluster of atoms that undergoes an inelastic shear distortion from one relatively low energy configuration to a second such configuration, crossing an activated configuration of high energy and volume. Argon calculated the free energy for STZ activation as 
    

                                                        
Here the first term is the strain energy of an STZ sheared by the characteristic shear strain, γ0 (of order ~ 0.1). The second term is the strain energy for a temporary dilatation to allow the atoms to rearrange into the sheared position. The third term is the energy required to freely shear an STZ. The material properties ν and µ(T) represent Poisson’s ratio and the temperature-dependent shear modulus of both the STZ and surrounding matrix, respectively. Finally, τ0 is the athermal shear stress at which the STZ transforms, β is the ratio of the dilatation to the shear strain (of order ~1), γ0 is the characteristic strain of an STZ, and Ω0 is generally believed to encompass a few (perhaps ~ 100) atoms, as observed by simulations and a variety of indirect experiment measurements [67−70]. This indicates the STZ is the fundamental unit for plastic deformation in metallic glasses; however, the detailed size, structure and energy scales of STZs may vary from one glass to the other. One STZ's operation creates a localized distortion of the surrounding material, which triggers the autocatalytic formation of more STZs. The shear band is formed by a collective operation of many STZs because of the stress localization and local shear softening. 
The STZ model has been proved valuable for describing most of the important deformation physics of metallic glasses. In spite of the differences, the free-volume model and STZ model share many common features [57]: (1) both mechanisms exhibit characteristics of forward jumps or STZ operations compete with backward ones; (2) both mechanisms are thermally activated, and exhibit similar energy scales; (3) both mechanisms are associated with mechanical dilatation.

[bookmark: _Toc381374258]2.4 Plastic Deformation Behaviour
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 (
Figure 2.5.
 A schematic of Spaepen's deformation map showing temperature and strain rate regimes when homogeneous and inhomogeneous deformation occur in metallic glasses [61].
)




The plastic deformation of metallic glasses can be classified as either inhomogeneous or homogenous deformation. Inhomogeneous deformation usually occurs at relatively low temperature or high strain rate, and is characterized by the formation of localized shear bands, followed by their rapid propagation, and sudden catastrophic fracture. Upon yielding, metallic glasses usually show brittle deformation behaviour because of absence of strain hardening [55]. Homogeneous deformation in metallic glasses usually takes places at high temperatures in or near the supercooled liquid region, and each element of the glass is contributing to the deformation, resulting in uniform deformation for a uniformly stressed specimen. The deformation behavior can be Newtonian or non-Newtonian, depending on temperature and imposed strain rate [71, 72].
In 1977, Spaepen [61] first developed the deformation map of melt-spun metallic glasses on basis of his free volume theory, as described schematically in Figure 2.5. In this deformation map, he illustrated how the transition occurs from the homogeneous mode to inhomogeneous mode. Homogeneous flow takes place at low stress and high temperature, which is close to Newtonian viscous flow. Inhomogeneous flow takes place at high stress. Since then, Lu et al. [73] revised the deformation map with strain rate versus temperature, based on the study of the deformation behavior of Vitreloy 1 BMG. Recently, Schuh et al. [57] have reconstructed deformation maps accounting for the deformation of Zr-based BMG, as shown in Figure 2.6. The first one (Figure 2.6 (a)) is in the coordinates of stress and temperature and follows the original form developed by Spaepen. The second one plots the strain rate as a function of temperature, and follows the idea proposed by Megusar et al. [74], as shown in the Figure 2.6 (b). The main division on the map separates homogeneous deformation at high temperatures and low stresses/rates from inhomogeneous flow (shear localization) at lower temperatures and higher stresses/rates. Besides, the map also contains sub-regimes such as elastic, Newtonian and non-Newtonian deformation in the homogeneous flow regime. The strength of the glass is rate independent, as indicated in the low temperature inhomogeneous regime. It is noted that both the maps indicated the transition from inhomogeneous to homogenous flow; however, Spaepen considered the transition based on free-volume model and Schuh examined this in terms of the STZ operation.
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 (
Figure 2.6.
 Deformation map for metallic glasses in (a) stress–temperature and (b
) strain rate–temperature axes [57].
)




[bookmark: _Toc381374259]2.4.1 Inhomogeneous Deformation 

Compared to crystalline materials, however, metallic glasses usually show inhomogeneous deformation behaviour at larger applied shear stresses and lower temperature (i.e. room temperature) due to localized shear bands and absence of strain hardening. Under compressive mode, the metallic glass shows very limited plasticity (< 2%) before fracture. The fracture occurs along one dominant shear band and fracture angle, θc, between the compressive axis and shear plane is in the range of 40−45°. Under tensile mode, this material usually shows extremely brittle behaviour and only the elastic region without yielding can be observed in the stress-strain curve. The shear-off angle is in the range of 50−65°. Figure 2.7 is typical stress-strain curves of Zr-based metallic glassy alloys under compressive and tensile test at room temperature [75]. To date, a lot of potential causes are considered for localization and strain softening in metallic glasses such as the local formation of free volume because of flow dilatation, local structure change because of STZ operations, the redistribution of internal stresses associated with STZ operation, and local heating. However, Spaepen’s free-volume model and Agron’s STZ model remain most popular for describing inhomogeneous deformation of metallic glasses. 
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Figure 2.7.
 Stress-strain curves of Zr
59
Cu
20
Al
10
Ni
8
Ti
3
 metallic glassy specimens for different strain rates under (a) compressive loading and (b) tensile loading
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Figure 2.8.
 Different loading modes for 
metallic glasses
: (a) compression
 
[76]
; (b) tension
 
[77]
; 
 
(c) 
indentation 
[78]
;
 (d) bending 
[79]
.
)



In the inhomogeneous mode, plastic strain is localised several nano-scale shear bands, and these bands play a crucial role in the deformation and fracture process. Figure 2.8 are room-temperature mechanical tests of BMGs under different loading modes. It is observable that limited shear bands appear on the material surface after loading, and those metallic glasses under constrained mode such as compression, bending and indentation usually display more shear bands than under unconstrained mode (e.g. tension). The difference may originate from the effect of normal stress acting on the shear band plane. The compressive normal stress tends to close the microcracks while the tensile normal stress would promote the structural damage and the initiation and growth of microcracks. Therefore shear bands exhibit less stability under tensile normal stress, which results in nearly zero tensile ductility. 
[bookmark: _Toc381374260]
2.4.2 Shear-Banding Nucleation 

The plastic deformation of BMGs occurs in the form of shear bands due to the lack of dislocation system and grain structure. Thus, the evolution process of shear band is critical to understanding the failure mechanisms, determining the ductility, and improving the ability of BMGs. It is generally believe that shear band nucleation is related to a local viscosity change in the glass, and two hypothesises are commonly used to explain this change in viscosity. 1) Free volume model [62−64]. During the shearing of small groups of atoms, the local viscosity of glass decreases due to the generation of free volume; this then in turn induces local softening of the material, and subsequently forms a localized shear band. Li et al. [80] used quantitative HRTEM and fluctuation microscopy to compare the structure of shear bands in a metallic glass with that of undeformed regions. A large number of voids of approximately 1 nm diameter in the shear bands were observed, and they suggested these voids are the result of coalescence of excess free-volume upon cessation of plastic flow in the shear band.  2) Local adiabatic heating model [81, 82]. This theory for the formation of shear bands is that local adiabatic heating exceeds the glass transition temperature or even melting temperature, which decreases the viscosity by several orders of magnitude. Under high strain rate conditions, fractography from tensile experiments strongly indicates that local melting occurs during unstable fracture (Figure 2.9) [83]. Even under slower loading rates, a vein-like pattern is observable on the fracture surface for most metallic glasses; this pattern is the result of adiabatic heating in the shear bands which leads to the softening of the glass. Lewandowski et al. [84] used a novel method based on a fusible coating, which has better temporal and spatial resolutions. They calculated that the temperature rise within a shear band during its operation can be as high as a few thousand Kelvin for a few nanoseconds. This experimental work indicated that the local heating should be considered in analysing shear band nucleation.
Calculations in Figure 2.10 from Argon [65] and Steif et al. [85] suggested that shear band nucleation begins with strain responding elastically to applied stress until the yield point is reached, where plastic flow is activated in a locally free-volume perturbed region. A mismatch in strain rate between the perturbed (shear band) and unperturbed (matrix) zone occurs and continues to become exacerbated, leading to a large strain in the perturbed zone and then a shear band appears. Recently, Jiang and Dai [86] reported that free volume creation and local thermal softening can jointly promote the formation of shear bands in metallic glasses. Moreover, the shear-banding instability originating from free-volume softening occurs easier and faster than that due to thermal softening, and dominates in the coupling softening.
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Figure 2.9.
 
Failure surface from a tensile sample whi
ch showed cup- and cone-type 
fracture. The droplets are indicative of localized melting
 [83].
)


[image: ]

















 (
Figure 2.10.
 
Calculati
ons from the work of (a) Argon [65]
 
and (b) Steif [85]
 illustrating the
 
process of strain localization in metallic glasses. In (a), a history of strain rate is shown
 
for both the forming shear-band and the surrounding matrix; these quantities
 
are normalized by the applied shear strain rate. In (b), the history of strain in the shear
 
band
 
is shown.
)




[bookmark: _Toc381374261]2.4.3 Shear-Banding Propagation
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Figure 2.11
.
 
Compressive stree−strain curve for Zr
40
Ti
14
Ni
10
Cu
12
Be
24
 BMG with an enlarged view of the flow serration region [87].
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It is well known that serration flow is commonly observed in the compressive stress-strain curve, which is considered to be related to the formation of shear bands [87], as seen in the Figure 2.11. The displacement rate of the material in the band exceeds the displacement rate imposed on the sample when a shear band propagates. Consequently, the load drops, and the load train and the sample elastically recover. Numerous repetitions of these events cause the characteristic “serrated flow”. 
BMGs commonly fracture in a catastrophic manner, indicating that the shear bands propagate with an extremely fast speed. Due to insufficient spatial and temporal resolution of the instruments, it is very difficult to accurately measure the propagation velocity of a shear band using a conventional Instron machine. In 1978, the earliest attempt at measuring shear band velocity in a Fe-based metallic glass ribbon under bending was made by Neuhauser [88] who used high-speed cinematography to record the development of shear bands during deformation. However, a maximum frame rate of only 600 frames per second (fps) was available for his in situ observation at that time. As a result, detailed information of the shear band propagation cannot be captured because most of shear bands fell within one frame even at 600fps. Wright et al. [87] employed two linear variable differential transducers (LVDTs) equipped with conditioners of 400 Hz active low-pass filters to estimate the time duration of a strain burst in a Zr-based BMG. This technique can provide 100 measurements per second and an elapsed time for the emission of a shear band was estimated to be about 5 ms. In 2004, Vinogradov et al. [89] estimated the elapsed time for a propagating shear band to be in the order of milliseconds with the help of acoustic emission technique. Recently, Song et al. [90] carried out in situ observation of the localized shear band propagation during compressive deformation of a Zr-based metallic glass by a high-speed camera. The shear band propagation consisted of three steps: the acceleration, steady-state and deceleration steps, indicating the continuous dissipation of kinetic energy carried out by a travelling shear band. They also found a viscosity (1.1×104–5.3×105 Pa s) within a propagating shear band which is in the similar range for homogeneous deformation. The free volume accumulation was further concluded to be the origin of shear band propagation using a self-consistent Vogel-Fulcher-Tamann (VFT) equation.
In particular, Schuh et al. [91] reported that the character of serration flow is strongly dependent on the indentation loading rate (seen in Figure 2.13). It is clearly shown that lower indentation rates promote more obvious flow serration, and rapid indentations suppress serrated flow. Moreover, a high number density of shear bands with smaller shear offsets were found at higher rates on deformed samples [92]. Kinetically, a single shear band may operate to swiftly accommodate applied strain at low rate, while a single shear band cannot 
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Figure 2.12.
 Displacement as a function of time in serrated region obtained from the Zr
64.13
Cu
15.75
Ni
10.12
Al
10
 BMG at a strain rate of 2×10
−
4
 s
−
1
 
in
 compression; (a) and (b) show typical serration profiles in stage 1 and stage 2, respectively [90].
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Figure 2.13
.
 
The effect of deformation rate on shear banding for Pd
40
Ni
40
P
20
, as captured in serrated plastic flow curves [91].
)

accommodate the imposed strain rapidly enough. Meanwhile, loading stress is not quickly relieved in the surrounding matrix and still satisfied the yielding conditions in other locations. As a result, multiple shear bands must operate simultaneously in order to accommodate the applied strain.

[bookmark: _Toc381374262]2.4.4 Failure and Fracture Characteristics

In conventional crystalline alloys, atomic bonds are susceptible to break in shear or tension along certain crystal planes and directions, resulting in ductile or brittle fracture behavior. Unlike dislocation slip in crystals, the ductile fracture of metallic glasses occurs via the formation of shear bands ahead of the crack, in which the blunt tip moves by preferentially breaking local atomic clusters instead of atoms. Commonly, a local cluster of atoms undergoes an inelastic shear distortion to dissipate energy, leading to local softening ahead of the propagating crack tip. For relatively ductile metallic glasses, a characteristic “vein” pattern can be commonly observed on the final fracture surface, which is attributed to adiabatic heating during unstable fracture. The scale of vein pattern can be estimated by determining the critical wavelength of the instability, λc [93]:

                                                                                                                                

where γt is the surface tension and ζ is the pressure gradient ahead of the crack tip. Therefore, the length scale of vein pattern can be a good indicator of the toughness for a certain metallic glass. Usually, a tough glass usually exhibits a rough fracture surface with deep vein morphology while a brittle glass has very fine vein pattern. 
Recently, a new fracture pattern, nanoscale periodic corrugation (NPC), has been widely observed in ideally brittle metallic glasses such as Mg-based [94, 95], Fe-based [96] and Co-based alloy systems [97]. Jiang et al. [98] suggested that the NPC forms via periodically activation of tension transformation zone (TTZs) with local plastic flow in the background ahead of the crack tip, as illustrated by the schematic shown in Figure 2.14. Through TTZs, stored energy is dissipated mainly by forming new surfaces, leading to local quasi-cleavage. Fracture via TTZ operation occurs if i) high levels of tensile stress at the crack tip and ii) the time scale of crack propagation must be much less than that of structural relaxation. Compared to a STZ, a TTZ can be regarded as the elementary process of quasi-cleavage, during which tension stress concentrated in the small area ahead of the crack tip is rapidly alleviated by formation of new surface. 
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 (
Figure 2.14
.
 
Schematic illustrating the atomic scale process of tension transformation zones that can dominate the fracture behavior in metallic glasses [98].
 
)



Obviously, failure occurring via the continuous operation of STZs or TTZs can create different fracture patterns in various metallic glasses. Figure 2.15 presents the fracture behavior of a Zr41.2Ti13.8Cu12.5Ni10Be22.5 (Vit 1) BMG after compression under a strain rate of 1.0×10−4 s−1 [98]. The macroscopic side-view of the fracture surface (Figure 2. 15 (a)) shows two distinct regions (I and II) with fracture angles of 44° and 50°, respectively. The inset compressive stress-strain curve reveals a perfect elastic deformation and a subsequent yielding with an appreciable ductility of ~ 0.5%. Figure 2.15 (b) illustrates the top-view of the fracture surface, where the boundary between regions I (flat surface revealing typical shear fracture) and II (randomly distributed flat and mirror zones) is marked by a dashed line. The fracture pattern in region II indicates that material experienced a rather complex stress state and obvious bifurcation preceded final catastrophic failure. Therefore, the authors speculated that the failure of Vit 1 BMG under compression was initially by a slow mode II crack, which was then transformed to fast mode I at the final stage of the failure. This was further supported by the observance of typical vein patterns (Figure 2.15 (c)) and nanoscale dimples (Figure 2.15 (d)). Figure 2.15 (e) also shows that dimple structures can transform to river patterns. This transition occurred via a sequence of the coalescence of free volume leading to void formation (dashed circles in Figure 2.15 (e)). The river pattern is considered as the result of crack-branching at high crack-propagating velocity. Both the size and number of voids increased progressively during transition, and finally formed honeycomb structure as shown in Figure 2.15 (f). Besides, vein patterns can be also observed on the fracture surface of Vit 1 alloy tested under dynamic compressive loading, indicating failure occurs via shear (mode II) similar to that during quasi-static compression. 
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Figure 2.15
.
 Fracture characteristics of Vit 1 BMG under the quasi–static compression. (a) Macroscopic side-view of the fracture specimen with a sketch of fracture angles; (b) SEM image showing a top-view of the fracture surface with the boundary between Region I and II; (c) Typical vein patterns on micrometer scale in region I; (d)−(f) Details corresponding to the areas circled in (b). (Adapted from [98].)
)
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Figure 2.16.
 SME micrographs revealing the tensile fracture feature of Zr
59
Cu
20
Al
10
Ni
8
Ti
3
 metallic glass. (a) Shear fracture of the tensile specimen; (b
)−
(e) tensile fracture surface at different magnification; (f) shear band on the specimen surface. (Adapted from [75].)
)





Figure 2.16 displays the fracture behaviour of Zr59Cu20Al10Ni8Ti3 metallic glasses under tensile testing [75]. The material fractured in a shear mode with a fracture angle of 54°, as seen in Figure 2.16 (a). The fracture process is dominated by on major shear band. Besides vein-like morphology on the fracture surface, many round cores with different diameters are observable on the whole surface, as shown in Figure 2.16 (b)−(d). The coexistence of vein-like and cores structure indicates that the fracture mechanisms of metallic glasses should be different under compressive and tensile testing. In the region of core area, the fracture occurs in a normal fracture mode rather than a pure shear mode. Thus, the authors suggested that the fracture of material should first originate from these cores induced by normal tension stress on the plane, and then rapidly propagate towards outside of the cores in a shear mode driven by the shear stress. Moreover, only 3−4 shear bands can be observed on the sample surface, as seen in the Figure 2.16 (f). This indicates that the limited shear bands do not contribute much to the overall tensile plasticity. 
Over the past several decades, much effort has been made to reveal the fracture mechanism of metallic glasses because of their critical importance. However, a comprehensive picture combing macroscopic mechanical measurement, microscopic observation and energy dissipation is still lacking. Therefore, there is a need to develop a deeper understanding of the deformation and failure mechanisms of metallic glasses and these may be exploited to derive alloying strategies for the development of ductile BMGs. 

[bookmark: _Toc381374263]2.5 The Improvement of Plasticity 

The desirable properties of BMGs, such as high strength and hardness, large elastic strain limit, and excellent wear resistance and corrosion resistance make them potentially useful for a variety of structural and functional applications [33−41]. Unfortunately, the most significant drawback of BMGs is their poor room-temperature plasticity, which has strictly limited them as engineering materials. Even though the development of alloys with high GFA continues to be important, more and more attention is now focused on the discovery of BMGs with a good combination of mechanical properties [99]. To date, many approaches of enhancing plasticity have emerged from extensive studies of the deformation of  metallic glasses, including deformation-induced nanocrystallization [100−102], composition modification (a large Poisson ratio) [103−108], phase separation [109−111], in situ/ex situ  formation of second phases (composites) [112−117], nanolamination [118, 119] and introduction of more free volume [120, 121]. In this section, we will review some representative metallic glasses with large room-temperature plasticity using above strategies.

[bookmark: _Toc381374264]2.5.1 Deformation-Induced Nanocrystallization 

In 2006, Chen et al. [101] reported deformation induced nanocrystallization within shear bands in glassy alloy Cu50Zr50, and suggested that this leads to large plasticity and strain hardening. Figure 2.17 shows TEM observations of shear bands in the deformed Zr50Cu50 BMG. A shear band with 3−10 nm width appears in the thin region of a TEM sample and gradually vanishes in the thick region (Figure 2.17 (a)).  It can be seen from Figure 2.17 (b) that a number of nanocrystallites with sizes of 5−20 nm in diameter were observed in the deformed amorphous Zr50Cu50. Although the detailed mechanism of the deformation-induced nanocrystallization is still not clear yet, the authors speculate that both the temperature rise and the mass transport via significant plastic deformation result in the formation of nanocrystals within the shear bands. HRTEM image shows that maze structures within the shear band appear slightly coarser than those in the region outside (Figure 2.17 (b)), which may be related to the STZ by atomistic simulation. The morphology changes of shear bands provide evidence for the strong interaction between shear bands and nanocrystallites. Figure 2.17 (d) shows that a shear band gradually becomes wider from 2 mm to 5 nm when the band approaches a nanocrystal. Since both the elastic shear stress and shear strain are in inverse proportion to the band width, the width increase of a shear band would reduce the elastic shear stress and strain near the particles, and thereby impedes the catastrophic failure along a single shear band. Besides, crystal defects such as dislocations, deformation twins, and stacking faults were also observed in the nanocrystals. The formation of these ductile crystal defects can compensate the strain softening from shear bands, causing final extraordinary plasticity in the Cu50Zr50 amorphous alloy. 
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Figure 2.17
.
 
TEM observations of shear bands in the deformed Zr
50
Cu
50
 BMG.
 (a) BF-
TEM image of a narrow 
shear 
band
. (b) 
HRTEM image of a shear band with precipitate nanoparticle. (c) HREM image taken from the region 
“
S
”
 in 
Fig. 2 (b). (d) FT-
HREM image showing that a shear band gradually becomes wider as approaching a nanoparticle.
 
(Adapted from [101].)
)




Fornell et al. [100] recently reported a Zr62Cu18Ni10Al10 BMG with a remarkable room-temperature plasticity under compression (true strain up to 120% before fracture). TEM observations of the compressed specimen demonstrate the occurrence of deformation-induced nanocrystallization which is responsible for the observed large plasticity. During nanoindentation, strain hardening was observed until the maximum applied load reaches 100 mN and decreases for higher loads. Interestingly, the formation of nanocrystals is also found within the dents.
In fact, most BMGs do not exhibit strain hardening due to shear localization. The existing shear bands can be reactivated because prior deformation has changed the internal structure of the shear band (generation of free volume), reducing its flow stress. In the case of “deformation-induced nanocrystallization” glass, however, the formation of nanocrystals within shear bands might raise the flow stress inside an operating shear bands, causing the flow in the band to cease. This will impede the reactivation of existing shear bands and initiate new bands elsewhere in the undeformed area.

[bookmark: _Toc381374265]2.5.2 Composition Modification (A Large Poisson’s Ratio)

Based on limited hardness measurements, Chen et al. [103] first proposed that the ductility of metallic glasses might increase with increasing Poisson’s ratio. However, this relation can mot be verified due to the historical lack of sufficient quantities of material for valid mechanical property testing. In 2004, Schroers and Johnson [104] reported that monolithic metallic glass Pt57.5Cu14.7Ni5.3P22.5 exhibits large plastic strains in compression and bending, and has a high fracture toughness of approximately 80 MPa m1/2. They attributed this large macroscopic plasticity to a high value of the Poisson ratio (or a low ratio of shear 
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Figure 
2.18.
 The correlation of fracture energy 
G
 with ratio
 µ/B
 
for all the collected data on metallic glasses, as well as for oxide glasses. (Adapted from [105].)
)
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Figure 
2.19.
 The correlation of fracture energy G with Poisson’s ratio 
υ 
for all the collected data on metallic glasses, as well as for oxide glasses. 
(Adapted from [105].)
)


modulus to bulk modulus, µ/B), which restricts crack nucleation and or propagation. Lewandowski and his co-workers [105] demonstrated a link between the critical fracture energy Gc of metallic glasses and their elastic properties by the competition between shear and dilatational fracture. Glassy alloys with µ/B < 0.41 are tough, whereas those with µ/B > 0.43 are brittle, as seen in Figure 2.18. This correlation was also expressed equivalently in terms of critical values for υ (Figure 2.19). (
µ/B
) Liu [106] later reported that the intrinsic ductility of BMGs can be correlated with ratio µ/B. The physical meaning behind the relation was explained in terms of atomic bonding and connectivity. A low value of µ indicates a less compact structure and may lead to a more homogeneous distribution of shear stress. Thus, shear bands may activate simultaneously in many sites, which is beneficial for distributing macroscopic plastic strain over a large volume. While, a high value of B indicates strong resistance to the dilatation required for mode I crack propagation. In 2007, Wang’s group [107] has made a significant breakthrough in developing ductile BMGs. They reported that super-plasticity was achieved in quaternary Zr−Cu−Ni−Al BMGs by adjusting the compositions to maximize υ. The materials can be compressed into flakes without fracturing.
Recently, Park et al. [108] investigated the relationship among fragility index (m), GFA, and plasticity in a number of BMGs, and found that m value is closely related to both characteristics. In particular, m can be expressed with Poisson’ ratio, as seen in Figure 2.20. Obviously, high m values correspond to large υ. For an amorphous alloy with a high m value, the viscosity of liquid can be quickly decreased, exhibiting a fragile behaviour. This will reduce the stress concentration in the shear bands and thereby inhibits the propagation of the bands, resulting in a ductile deformation behaviour.  



[image: ]








 (
Figure 2.20.
 
Correlation between the Poisson’s ratio (
υ
) and the fragility index (
m
)
 [108]
.
)


[bookmark: _Toc381374266]2.5.3 Phase Separation 

The phase separation in amorphous alloys was first reported by Chou and Turnbull [122]. Based on small-angle X-ray-scattering (SAXS) experiments, they considered that the metallic glass Pd74Au80Si18 undergoes a phase separation into two glass phases at a sufficiently high temperature. Several papers later reported that phase separation occurred in some BMGs by small-angle neutron scattering (SANS) technique [123−125]. However, no direct experimental evidence can be provided for the presence of two glassy phases with different compositions in the amorphous structure until the quinary La−Zr−Cu−Ni−Al alloy system was developed by Hono’s group [126]. Since then, many metallic glass systems have been demonstrated to exhibit phase-separating structure, including Cu−Zr−Al−Ag [109], Zr−Cu−Ni−Al [110], Cu−Zr−Al−Y [111], Y−Ti−Al−Co [127], Ni−Nb−Y [128], Zr−Ce−La−Al−Co [129] and Zr−Gd−Co−Al [130]. Generally two types of microstructure can be observed: droplet-type structure by nucleation and growth mechanism; and interconnected-type structure by spinodal decomposition. In metastable region, an infinitesimal composition fluctuation will lead to an increase in free energy which must therefore occur by nucleation of a new phase to lower its free energy. However, in unstable liquid region no activation barrier exists and spinodal decomposition occurs. It can be seen in Figure 2.21 that the as-melt-spun Y28Ti28Al24Co20 alloy shows spinodally decomposed interconnected-type microstructure with bright and dark contrast. EDS measurements reveal that the bright and dark phases are Y rich and Ti rich, respectively. The characteristic length scale for the two glassy phases is 25−250 nm. The DF-TEM further confirms that the inner and out rings correspond to Y-rich and Ti-rich glassy phases, respectively. 
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 alloy, (b) corresponding SADP, and (c) 
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Figure 2.22.
 (a) 3DAP elemental map, (b) concentration depth profiles obtained from a selected volume of 1.7×2.3×25 nm
3
, and (c) frequency distribution diagrams for each element obtained from the entire volume of the as-cast Cu
43
Zr
43
Al
7
Ag
7
 alloy [109]. 
)




In 2005, Oh et al. [109] first reported that the large room-temperature plasticity of Cu43Zr43Al7Ag7 BMG was attributed to the nanoscale phase separation from the melt into Ag-enriched and Cu-enriched amorphous phases. The chemical inhomogeneity in the metallic glass was investigated by a three-dimensional atom probe (3DAP), as shown in Figure 2.22. The data for constructing concentration depth were collected from the selected region (Figure 2.22 (a)). It can be seen from Figure 2.22 (b) that the concentration depth profiles exhibit Ag-enriched regions with 2−3 nm scale. Moreover, the value of χ2 deviates completely from the random distribution (Figure 2.22 (c)), indicating a tendency to phase separation. Although the deviation of χ2 values for Cu is not as large compared to those for Ag, the χ2 values suggests that the probability of compositional fluctuation in the Cu distribution is greater than 99.9%. Thus the liquid phase separation is mainly between Cu and Ag which is consistent with their positive heating of mixing (∆HCu−Ag = +5 kJ mol−1). SEM observation revealed that a large number of shear bands appeared on the side surface of the deformed Cu43Zr43Al7Ag7 BMG alloy. They suggested the presence of the chemical inhomogeneities in the as-cast state might serve as nucleation sites for shear bands and continuous multiplication during deformation. These shear bands carry the plastic deformation, and their large number leads to observed global ductility.

[bookmark: _Toc381374267]2.5.4 In-Situ / Ex-Situ Formation of Second Phases (Composites)

Although the strength of most monolithic metallic glasses is very high, they usually exhibit very limited plastic deformation without strain hardening. Once single shear band is operating in a metallic glass, it will rapidly propagate due to the absence of intrinsic barriers, leading to catastrophic failure. In order to overcome this limitation, more and more attention is now being paid to the development of composite structures combining the glassy matrix with ductile crystalline second phase. During the past few years, a variety of methods have been developed for producing in situ [112−115] and ex-situ [116, 117, 131−133] bulk metallic glass composites (BMGCs) with the aim of improving plasticity. Eckert et al. [134] organized a useful classification scheme for BMGCs as shown in Figure 2.23. These two different types of BMGCs will be discussed in the following paragraphs.
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Figure 2.23
.
 
 
Schematic illustration of the different processing routes for BMG composites [134].
)


In-situ BMGCs are achieved by precipitation or chemical separation during solidification to from a second phase in the glassy matrix. In case of crystalline/amorphous composites, the original composition of the BMG is altered toward the composition of the primary crystallizing phase. This primary phase crystallizes first upon cooling and the remaining liquid then shifts the composition toward the original glass so that this liquid solidifies as a glassy matrix. The resultant crystalline/amorphous composites are usually composed of dendritic or spherical crystalline precipitates in the glassy matrix. The two-glassy-phase BMG alloys which form by liquid phase separation during rapid solidification can also be classified into in-situ amorphous/amorphous composites. The alloy composition and the cooling rate control the morphology, characteristic size and distribution of the second phase as well as their volume fraction. The advantages of in-situ BMGCs are the easy and economical fabrication routes, but more importantly, in-situ composites exhibit excellent interfacial bonding of the reinforcement phase and matrix phase thereby resulting in desirable mechanical properties. For example, Hofmann et al. [113] reported that the tensile ductility of Ti-based BMGCs can be significantly improved by introducing a ductile dendritic phase into glassy matrix. Composites containing ~ 50 vol% dendrites show a maximum engineering tensile plasticity of ~ 13% and a high yield stress of 1.2−1.5 GPa. Moreover, fracture toughness values (KIC) as high as 173 MPa m1/2 and fracture energies (GIC) up to 341 kJ m−2, which are close to that for ductile alloys, such as aluminium alloys and steels. The authors suggested that the shear bands initiated in plastically soft regions can be arrested in surrounding regions of higher yield stress or stiffness, which is the consequence of the enhanced tensile plasticity. 
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A novel method has been adopted for improving poor ductility of BMGs using the shape memory effect [135−138]. By partially crystallizing the BMG into a composite with a shape-memory phase, a good combination of mechanical properties, i.e. large plasticity and high fracture strength, can be achieved in tension. This method was originally demonstrated for a two-phase shape memory/metallic glass composite in Cu47.5Zr47.5Al5 by annealing at high temperatures to partially crystallize the matrix into the ductile crystalline phase (B2 CuZr) [136]. The B2 CuZr shows a martensitic transformation from a B2 to a B19’ structure, which is the reason for the pronounced work hardening behaviour found in the composites.  Pauly et al. [137] reported strain-induced polymorphic nanocrystallization of Cu−Zr−Al BMGs and twinning in these nanocrystals, both of which can contribute to the global deformation behaviour. Figure 2.25 shows schematic of the deformation process in the CuZr-based alloys. The precipitation of nanocrystals and their subsequent twinning alleviate stresses in the surrounding matrix, and reduce the possibility of the formation of STZs. Thus, the hampering of STZ operation is not beneficial for developing a shear band through percolation of STZs. Recently, new Ti−Cu−Ni shape memory BMGCs were fabricated by carefully controlling the cooling rate upon quenching [138]. This technique allows for the generation of a metastable microstructure consisting mainly of ductile, spherical martensitic Ti (Ni,Cu) precipitates embedded in an amorphous matrix, as well as a small volume fraction of TiCu and Ti2Cu precipitates. These composites show large ductility and high strength combined with a strong work hardening behaviour. Finite-element simulation results indicate that stress concentrations occur around the precipitates, which leads to a heterogeneous stress distribution and the formation of multiple shear bands. The heterogeneous stress distribution, the blocking effect of the precipitates and the work-hardening effect of the martensitic phase are considered as the main reasons for the excellent mechanical properties. Therefore, shape memory-reinforced BMGCs open up a new direction to synthesise composite materials with enhanced mechanical properties, which are promising for structural applications.
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Figure 2.25
.
 
Schematic of the deformation process in th
e CuZr-based alloys
 
[137].
)


Aside from in-situ composites, ex-situ composites also obtain a series of successes. The most typical BMGCs are based on Zr-based alloys because of their high GFA and strong resistance to heterogeneous nucleation at surfaces or interfaces [139]. Thus, numerous efforts have been done to investigate the comprehensive mechanical properties of this alloy reinforced with particles, fibers, or wires (graphite, W, SiC, Ta, Nb, steel) [117, 131−133]. For example, continuous 1080 steel wires as well as tungsten were used as reinforcing phase based on Zr41.25Ti13.75Cu12.5Ni10Be22.5 metallic glass (Vitreloy 1) [131]. All of the tungsten composites exhibited desirable mechanical properties, with engineering compressive strains of up to 19%. The enhanced ductility was attributed to the fibers blocking shear band propagation, promoting the generation of numerous shear bands and additional fracture surface area. Steel reinforcement increased engineering tensile strain to failure and energy to break of 13 and 18%. The volume fraction of reinforcement phase is also playing an important role for the mechanical properties of ex-situ composites. A Zr52.5Cu17.9Ni14.6Al10Ti5 (Vit 105) BMG reinforced by different volume fraction of graphite exhibited a significantly improved combination of yield strength and plastic strain [132]. Compressive testing indicates the engineering plastic strain has increased from 3% for monolithic Vit 105 to about 7% for 3.5 vol.% graphite, 13% for 5 vol.% graphite and 15% for 10 vol.% graphite, but with only a slight decrease in yield strength. Pan et al. [116] have shown that as a Mg-based BMGCs deforms, a large number of shear bands are generated, indicating different underlying deformation mechanisms as compared to that of the monolithic metallic glass. They concluded that the reinforced Nb particles can distribute the load uniformly to the surrounding glassy matrix to promote the initiation and branching of abundant secondary shear bands. Besides, appropriate residual stress caused by thermal expansion mismatch can cause cracks propagating towards the particles and thereby prevent the crack from catastrophically transecting across the matrix. For ex-situ composites, however, one important factor need to be considered during the fabrication is the interface between the glassy matrix and the reinforcement. In composite materials, load is commonly transferred from the matrix to the reinforcing material through shear at the matrix/reinforcement interface. Thus the poor interfacial strength would cause weak shear stress of transformation.  
Schroers et al. [140] recently reported a novel strategy, which enables them to optimize microstructural architecture for MG heterostructures and thereby achieving tensile ductility. MG heterostructures were synthesized through Si lithography to form negative moulds. The moulds were subsequently replicated through thermoplastic forming-based compression moulding. The desired tensile sample was finally released from the mould by selective KOH etching (Figure 2.26). The authors concluded that the ratio of pore diameter (d) to spacing (s) is a prominent factor in determining the mechanical behaviour of MG heterostructures. For d/s≈1, maximum toughness was achieved under tensile test. FEM analysis revealed stress concentrations are confined to small, non-percolating regions adjacent to the pores. Thus, a large number of shear bands form between the pores throughout the whole gauge section. However, for d/s=4, FEM results indicated that resultant von Mises stresses are extremely higher for an applied stress of 1,000 MPa, and stress concentrations overlap between pores. As a consequence, only a few shear bands form before crack formation. These approaches, though different, do show that careful and considered design of BMGs can and does lead to significant breakthroughs in mechanical behaviour in common with more conventional crystalline alloys.  
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Figure 2.26
.
 
Fabrication procedure of metallic glass heterostructures [140].
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3.1 Samples Preparation

[bookmark: _Toc381374272]3.1.1 Preparation of Alloy Ingots

For this research, constituent elements (in sheet, ribbon or lump form) with a purity ≥ 99.8% were selected to prepare the alloy ingots. The oxides and dirt on the surface of the elements were carefully removed by wire wool, and each was cleaned in acetone using an ultrasonic technique. The prepared elements were weighed out with a Precisa XB 120A precision electronic balance accurate to 0.1 mg. 
The ingots were prepared by arc-melting the constituent elements on a water-chilled copper crucible under a purified argon atmosphere. The chamber was pumped down to 4.0×10−5 torr and then backfilled with 1/3 atmosphere of high purity argon. In order to minimize the residual oxygen in the chamber, a Ti “getter” button was melted prior to melting the ingot alloys. The alloys were turned over and remelted at least four times to ensure chemical homogeneity. The desired samples were approximately 8 g, and the mass loss of each alloy during preparation was less than 0.1 wt.%.
[bookmark: _Toc381374273]  



3.1.2 Suction Casting 
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Figure 3.1. Photograph of the copper die suction casting facility.
)
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Metallic glass rods with a diameter of 1−3 mm were prepared by a copper mould suction casting setup. The facility is composed of a vacuum system, a water-chilling system, a DC power supply and a self-designed copper mould. Before casting, the mould was carefully polished with 1 micron diamond paste and washed with acetone. A sample was remelted and subsequently suctioned into the water-cooled mould by means of a pressure differential between the melting chamber and the copper mould. The rapidly quenched molten alloy resulted in the generation of the large-sized metallic glass rod.

3.1.3 Melt Spinning
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             (
Figure 3.2.
 Schematic of the melt-spinning equipment.
)
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Rapidly quenched ribbon samples were produced by a chill block melt-spinner. This technique involved forming a melt jet by the expulsion of molten alloy through a hole and running it against a rapidly rotating copper wheel surface (Figure 3.2). In the process, the ingot alloy was fragmented into several small pieces and loaded into a quartz crucible with a 1 mm diameter hole. The chamber was evacuated to a pressure of 4.0×10−5 torr via rotary and diffusion pumps, and then backfilled with 3/4 atmosphere of helium. Induction coils were used to remelt the alloy in quart crucibles, after which the molten alloy was ejected with an overpressure of 40 kPa through a nozzle onto a Cu wheel rotating with a surface velocity of 45 m s−1. The resulting ribbon specimen had a thickness of ~ 40 µm and a width of ~ 3 mm.

[bookmark: _Toc381374275]3.2 Characterisation 

[bookmark: _Toc268454436][bookmark: _Toc381374276]3.2.1 X-Ray Diffraction (XRD)

X-Ray diffraction (XRD) was widely used to identify whether the structure of a prepared specimen was amorphous, partial crystalline or crystalline. The melt-spun ribbons were mounted on a glass slide using double-sided sticky tape. The bulk specimens were cut into thin slices (~ 1 mm thickness) with a precision diamond saw and mounted on a glass slide using double-sided sticky tape. In both cases, each specimen was required to cover an area of at least 1 cm2 in order to get good results for each scan.
XRD examination was carried out by a Phillips D500 diffractometer with CuKα radiation. The operating voltage and current of the instrument were 40 kV and 30 mA, respectively. The diffraction angle (2θ) ranged from 25 to 80 degrees with a scanning speed of 1°/min and a step size of 0.02°.

[bookmark: _Toc268454437][bookmark: _Toc381374277]3.2.2 Thermal Analysis

[bookmark: _Toc268454438]It is well known that the GFA of a metallic glass is generally evaluated by three parameters: ΔTx=Tx−Tg, Trg=Tg/Tl and γ=Tx/(Tg+Tl) [1, 2]. Low to medium temperature analysis, e.g. the glass transition (Tg,) and crystallization (Tx) temperatures, was carried out by a Differential Scanning Calorimetry (Perkin Elmer DSC-7) at a heating rate of 20 K/min under a continuous flow of purified nitrogen gas. Approximately 10 mg of samples was weighed and placed inside an alumina pan. An empty aluminum pan was used as a reference. A baseline run with two empty aluminum pans under identical conditions was subtracted from each measurement. 
High temperature analysis (e.g. the melting (Tm) and the liquidus (Tl) temperatures) was carried out using a differential thermal analysis (Perkin-Elmer DTA-7) at a heating rate of 20 K/min. Sample weight of ~ 20 mg was used for each measurement. The DTA unit was calibrated using strontium carbonate, giving an estimated error of ± 10 K.

[bookmark: _Toc381374278]3.2.3 Mechanical Testing

3.2.3.1 Compression 

[bookmark: _GoBack]Compression testing is widely used to evaluate some basic mechanical properties of BMGs and BMGCs, such as Young’s modulus, plastic strain and yield strength. It is relatively easy, requires only a few specimens, has a simple sample geometry and does not need any expensive grips [3]. 
Compression testing was performed on a universal testing machine at room-temperature. Bulk samples with an aspect ratio of 2:1 were cut from the rods, and the ends were carefully polished with 2400−grit SiC paper to ensure parallelism. Five specimens were measured for each composition to ensure that the results were reproducible and statistically meaningful. Samples were sandwiched between two BN platens, with graphite grease used as a lubricant to reduce the friction at the specimen−platen interface prior to each testing. 
[bookmark: _Toc268454439]3.2.3.2 Elastic Modulus Measurement

Basic material properties such as shear modulus (G), bulk modulus (B), Young’s modulus (E) and Poisson’s ratio (υ) are of interest in many manufacturing and research applications. Recently, the ratios of the shear modulus to the bulk modulus (G/B) and the Poisson’s ratio have been suggested as good indicators of the potential of a BMG to undergo plastic deformation. 
In our study, the elastic constants were determined through computations based on measured sound velocities and material density. The acoustic shear velocity (νs) and longitudinal velocity (νl) of the glassy samples were measured using an Olympus EPOCH 600 digital ultrasonic flaw detector with a resolution of 10 ns. The carrying frequency of the ultrasonic is 5 MHz. Based on Archimedean method, the density of the sample was determined using distilled water as a standard. 
 (
(3.1)
)  
                                                                                                                                                   

Here, ρw is the density of the water while mw and ma are the sample mass in water and in air, respectively. The elastic moduli can be derived from the sound velocities and the sample’s density using following equations [4]:
 (
(3.2)
)
 (
(3.3)
)                                                                                                                                                   
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)
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(3.5)
)                                                                                                                                                   

[bookmark: _Toc381374279]3.2.4 Microscopy

[bookmark: _Toc381374280]3.2.4.1 Scanning Electron Microscopy (SEM)

Before performing the experiment, the samples were cleaned with acetone using an ultrasonic technique. The fracture morphologies of the BMGs were observed in a Scanning Electron Microscopy (SEM, JEOL 6400) operated at an accelerating voltage of 20 kV and a beam current of 45 µA. The microscope has a resolution of 3.5 nm in SE mode, and the equipped energy dispersive spectrometer (EDS) system enables qualitative and quantitative compositional analysis.

3.2.4.2 Transmission Electron Microscope (TEM) 

The thin-foil specimens for TEM observation were prepared using the conventional method of slicing and grinding, followed by ion-milling (Gatan, Model 600) at a beam energy of 2.5 keV and a milling angle about 8−10° under liquid nitrogen cooling. Sun et al. [5] suggested that crystallization induced by heating or radiation cannot occur under such ion milling conditions. 
A high-resolution transmission electron microscope (HRTEM, JEOL 2010F, Japan) linked with an energy-dispersive spectrometer (EDS, Oxford Instruments Link Isis, UK) and an electron energy loss spectroscopy (EELS, Gaten GIF 2000, USA) were employed to examine the detailed microstructure and chemical compositions of constituent phases. Composition data and EELS spectrum imaging were obtained in scanning transmission electron microscope (STEM) mode with a nominally 1.0 nm electron probe.

3.2.4.3 Three-Dimensional Atom Probe (3DAP)

The three-dimensional atom probe (3DAP) is a very powerful device which can quantitatively measure the spatial distribution of the constituent elements of a metallic material with a spatial resolution on an atomic level. Recently, it has been successfully applied to identify the presence of nano-scale phase separation in a metallic glass alloy [6, 7]. The preparation of needle samples for the 3DAP is a critical step in the analysis process. The desired specimen shape is a smoothly tapered needle with a circular cross section and an end radius of 50−100 nm. 
Electropolishing is the main technique used for our atom probe specimen preparation. This is the process by which a specimen is obtained by immersing the sample in an electrolyte and applying a voltage, thereby crafting a tip via electrolysis. The process usually involves a two-stage etching. Initially, a rod is placed as the anode in an electropolishing cell. The electrolyte in the cell is then floated over a dense, inert fluid such as perfluoropolyethers. Once a voltage is applied, material is gradually removed from the mid-section of the specimen to create a necked region. This produces two need-like specimens (Figure 3.3 (a)). The etching rate can be controlled through the selection of electrolyte concentration, applied potential difference and temperature. The end radius of the tip is approximately a micron after the first stage of etching. Further thinning is carried out by a drop polishing method. This stage comprises suspending a film of electrolyte on a gold wire, with a diameter of around 3.5 mm. The specimen is inserted into the electrolyte film and monitored under an optical stereomicroscope. Once a voltage is applied, finer electropolishing occurs on the parts of the specimen in the electrolyte film. As the milling proceeds, the radius of tip is reduced until a very sharp point is formed. Figure 3.3 (b) displays a schematic of drop-polishing method.
 (
(a)
Gold rod
(Cathode)
Heavy fluid
(Perfluoropolyethers)
Electrolyte
(80% 
Acetic
 acid + 20% Perchloric acid)
Specimen
)








 (
(b)
) (
Electrolyte
(4% Perchloric acid+96% 2-Butoxyethanol)
Specimen
Gold loop
(Cathode)
)







 (
Optical microscopy
)

 (
Figure 3.3.
 A schematic of electropolishing technique for atom probe specimen preparation: (a) stage 1 used to create a necked blank and (b) stage 2 used to form a sharp point of the specimen.
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Figure 3.4.
  
The FIB technique of specimen preparation [8].
)


In practice, focussed ion beam (FIB) milling is an alternative way to prepare needle-like specimens for atom probe analysis. Although electropolishing is considered to be a simple and efficient method for fabricating sharp tips, FIB-based techniques do exhibit some distinct benefits. For example, FIB has been used not only to prepare brittle specimens that are difficult to prepare using electropolishing, but also to obtain specimens from a wide range of site-specific structures such as grain boundaries, precipitate interfaces and thin films [8]. The detailed preparation process is illustrated in Figure 3.4.
3DAP analyses were performed on a LEAP 3000 HRTM instrument at the University of Oxford. The analyses were conducted at a specimen temperature of 50 K, a voltage pulse fraction of 20% and a pressure in the specimen chamber below 10−8 Pa. Visualization and quantitative evolution of the 3D atom-by-atom datasets were performed with the IVAS software package.
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[bookmark: _Toc381374282]Chapter 4
Phase-Separation-Enhanced Plasticity in a Cu47.2Zr46.5Al5.5Nb0.8 Bulk Metallic Glass 

[bookmark: _Toc381374283]4.1 Introduction

BMGs have emerged as a new class of materials with many desirable properties, such as high strength and hardness, a high elastic strain limit, and excellent wear and corrosion resistance, giving them great potential for a wide variety of applications [1−3]. Unfortunately, the most significant drawback of BMGs is their poor room-temperature plasticity, which has severely impeded their use as structural materials. In order to circumvent this limitation, more and more attention is now being paid to the development of composite structures combining the glassy matrix with a second ductile crystalline phase. The purposes of designing a composite are threefold: (i) generating multiple shear band propagation (to distribute macroscopic plastic strain over as large a volume as possible; (ii) inhibiting shear band propagation (to reduce the shear stain on any one shear band); and (iii) creating additional fracture surface area [4].
Recently, liquid-phase separation has been observed in several alloy systems [5−10]. As a composite metallic glass, phase-separated alloy has been demonstrated to exhibit much enhanced compressive plasticity [9, 10]. It has been suggested that structural perturbations, such as those formed by phase separation, do not only serve as nucleation site for shear bands, but can also retard the propagation of shear bands during deformation. From the data reported thus far in the available literature it is notable that when the liquid phase separation occurs it may, in many instances, be related to the introduction of elements possessing positive heats of mixing with respect to the other constituents in the base alloy system. Examples of this include the atomic pair La−Zr (+13 kJ mol−1) in La−Zr−Al−Cu−Ni [5], Nb−Y (+30 kJ mol−1) in Ni−Nb−Y [6], Y−Ti (+15 kJ mol−1) in Y−Ti−Al−Co [7], and Nd−Zr (+10 kJ mol−1) in Nd−Zr−Co−Al [8]. However, according to Inoue's empirical rules, addition of elements with positive heats of mixing could reduce the GFA. Therefore, the geometry of most phase-separated alloy samples is limited to ribbon form of micron size [5−8]. In such conditions, two aspects have to be considered to design a two-glassy-phase composite, namely a high tendency for phase separation and a good GFA. It has been reported that the Cu-Zr-Al alloy system exhibits high GFA (~ 5mm diameter of critical size) [11]. Following the observations made above, minor Nb was considered for addition into this system as it has a small positive heat of mixing with Zr (ΔHZr−Nb =+4 kJ mol−1) and Cu (ΔHCu−Nb= +3 kJ mol−1), while having large a negative heat of mixing with Al (ΔHNb−Al = −18 kJ mol−1) [12]. Thus, a phase-separated structure can be potentially formed in this Cu−Zr−Al−Nb quaternary alloy system. 
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4.2 Experimental

Alloy ingot with a nominal composition of Cu47.2Zr46.5Al5.5Nb0.8 (at. %) was prepared by arc-melting elements of high purity in a Ti-gettered argon atmosphere. As-cast rod samples with diameters of 2 mm and 3 mm, and a length of 30 mm, were obtained by copper-mould suction casting. Rapidly quenched ribbons were produced by remelting the alloys in quartz crucibles, and ejecting with an overpressure of 40 kPa through a nozzle onto a Cu wheel rotating with a surface velocity of 45 m s−1. The structures were examined by X-ray diffraction (XRD, Phillips D500) with Cu-K radiation. Thermal stability was investigated with a differential scanning calorimeter (DSC, Perkin-Elmer DSC 7) at a heating rate of 0.33 K s−1. The thin-foil specimens for transmission electron microscopy (TEM) observation were prepared using ion milling (Gatan, Model 600) at a beam energy of 2.5 keV and a milling angle of about 8−10° under liquid nitrogen cooling. Under such ion milling conditions, no radiation or heating-induced crystallization can occur, as suggested by Sun et al [13]. The detailed microstructures were examined by high-resolution (HR) TEM using a JEOL 2010F equipped for energy-dispersive spectrometer (EDS) and electron energy loss spectroscopy (EELS). Chemical composition data and EELS spectrum imaging were obtained in scanning transmission electron microscope (STEM) mode with a nominally 1.0 nm electron probe. Compression specimens with an aspect ratio of 2:1 were cut from the rods, and the ends were carefully polished to ensure parallelism. During compressive testing, samples were sandwiched between two BN platens, and the mechanical properties obtained at a strain rate of 1×10–4 s–1 at room temperature. Scanning electron microscopy (SEM, JEOL 6400) was employed to investigate the fracture surface morphology after compression testing. 

[bookmark: _Toc381374285]4.3 Thermodynamic Calculation 
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Figure 4.2.
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It is well-known that the phase separation phenomenon has been widely observed in the oxide glass materials. To date, many studies have already reported on various scientific and engineering issues on phase-separated oxide glasses such as structural and chemical properties, thermodynamic and kinetic aspects and industrial application [14, 15].  However, the first recognition of phase separation in metallic glasses has been reported much later compared with the case of oxide glasses. In 2004, Hone’s group provided the first direct evidence of liquid phase separation occurring in the La−Zr−Al−Cu−Ni ribbon alloy [5]. Generally, two distinct microstructures can be synthesized in the phase-separated metallic glasses by careful control of the cooling rate and the appropriate choice of the composition: interconnected structure by spinodal decomposition and droplet-like structure by nucleation and growth mechanism. In the first case, discrete particles of the second phase nucleate and grow with fixed composition, and the formation of this phase is thermally activated; in the second, sinusoidal fluctuations of composition appear and grow in intensity at a wavelength which depends on the temperature. Figure 4.2 shows a sketch of the relationship between Gibbs free energy and composition for a phase separating alloy. Physically, the spinodal line separates two distinct microstructural mechanisms in a phase diagram. In the spinodal region (i.e. the compositional regions between Cs' and Cs), where d2G/d2x is negative, no activation barrier exists and phase separation occurs by a spinodal decomposition mechanism. While the compositional regions are between C1 and Cs' and between Cs and C2, the solution is in a metastable state and there is an activation barrier to phase separation, which must therefore occur by a nucleation and growth mechanism.
In this section, the thermodynamic properties of Cu−Zr−Al−Nb liquid solution were calculated by the Mathematica program. Based on a sub-regular solution model, the Gibbs free energy of the liquid (Gmix) can be obtained from the expression [17]
                                                                                                                                      
                                                                                                                                  (4.1)

The first term refers to the contribution purely from elemental properties without interaction, xi  is the atomic fraction of the component i (Zr, Cu, Al, and Nb), and Gi is the free energy of component i in the reference state; the second term refers to the ideal mixing contribution, and R is the gas constant (8.314 J mol−1k−1); the third term refers to the excess free energy, υ is the order of the term considered, and ωij is the interaction parameter between the i and j components, which can be obtained from Thermo-Calc software.
The stability of a multi-component solution can then be assessed by a stability function ψ in terms of Gibbs free energy Gmix of the system and mole fraction of i component xi [18]. In this study, the stability function for the Cu47.2Zr46.5Al5.5Nb0.8 alloy can be written as 

                                  

                                                                                                                                                  
                                                                                                                                         (4.2) 



If ψ is negative, the solution is unstable with respect to small composition fluctuations. Since any compositional fluctuation is accompanied by free energy decrease, the liquid will undergo phase separation by a spinodal decomposition mechanism. If ψ is positive, however, the solution is stable or metastable. The spinodal composition can be determined by the criterion ψ = 0. A phase separation generally occurs at a temperature between the glass transition temperature (Tg) and the liquid temperature (Tl) of the alloy [5]. During cooling the liquid melt crosses the critical temperature and separates into two compositions along the miscibility gap. Once the undercooling is up to Tg, the two liquids solidify into phase-separated metallic glass. The stability parameter ψ can be calculated to be a positive value at temperatures between 650 and 1250 K, as shown in Figure 4.3 (a). Compositional dependence of dG/dx ≠ 0 is confirmed as well, indicating that the alloy composition is not at the position with the minimum free energy (Figure 4.3 (b)). The thermodynamic calculations suggest that the solution is under a metastable state and would potentially undergo phase separation by a nucleation and growth mechanism during rapid solidification.  
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Figure 4.4 shows the XRD patterns of as-spun ribbon and as-cast rods with diameters of 2 mm and 3 mm for the Cu47.2Zr46.5Al5.5Nb0.8 alloy. For the rapidly-solidified ribbon alloy and as-cast rod alloy with a diameter of 2 mm, no appreciable diffraction peaks were observed on the main broad maxima, indicating that both alloys have a fully amorphous structure. However, it can be seen that a small amount of crystalline phase (CuZr) was present in the amorphous phase matrix for the 3 mm diameter rod alloy. Thus, the critical casting size of Cu47.2Zr46.5Al5.5Nb0.8 BMG lies between 2 mm and 3 mm.
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Table 4.1. The thermal stability of the 
spun ribbon and 2 mm diameter rod alloy.
)
	Cu47.2Zr46.5Al5.5Nb0.8 alloy
                (at. %)
	     Tg
    (K)
	                 

	 Tx                   ΔTx
(K)                   (K)

	           As-cast rod 
	    680
	
	752                   72

	         As-spun ribbon 
	    662
	
	739                   77








Figure 4.5 shows DSC traces obtained from as-spun ribbon and as-cast rod with a diameter of 2 mm for the Cu47.2Zr46.5Al5.5Nb0.8 alloy. It can be seen that both alloys display a large ΔTx of 77 and 72 K respectively (summarized in Table 4.1). Under a lower cooling rate, both Tg and Tx of the rod alloy move to high temperatures in comparison with the ribbon alloy.
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Figure 4.6 shows the TEM and HRTEM images of the ribbon and 2 mm diameter rod of Cu47.2Zr46.5Al5.5Nb0.8 metallic glasses. The ribbon alloy exhibits a uniform structure, and in the selected-area diffraction pattern (SADP) diffuse halo rings can be seen (Figure 4.6 (a)), indicating that the microstructure is fully amorphous, in good agreement with the XRD results. In contrast, two distinct phases with bright and dark contrast are evident for the as-cast 2 mm diameter rod alloy (Figure 4.6 (b)); it is observable that a darker phase is surrounded by a white matrix, with the size scale of the dark phase being 15−35 nm. The corresponding SADP for Cu47.2Zr46.5Al5.5Nb0.8 rod alloy confirms the glassy state of both the bright and dark phases within the resolution range of the TEM. The characteristic size of the two glassy phases has been reported to depend not only on the alloy system, but also on the local cooling rate, i.e. 25−250 nm in as-spun Y28Ti28Al24Co20 ribbon [7], ~ 50 nm in as-spun Cu46Zr22Gd25Al7 ribbon [8], 0.5−1 µm in as-cast Zr63.8Ni16.2Cu15Al5 rod [10], and ~ 20 nm in as-cast Cu45Zr47Al7Fe1 rod [19]. Figure 4.6 (c) exhibits a clear phase-separated structure of Cu47.2Zr46.5Al5.5Nb0.8 BMG 2 mm diameter rod in STEM bright-field (BF) mode. The average particle spacing can be estimated by [20]
                                              
                                                                                                                                   (4.3)

where d is average particle diameter, and f is volume fraction of particle phase. If considering that d=25 nm and f=0.43, the average particle spacing is calculated to be 33 nm. 
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                 Table 4.2. Chemical results for two glassy phases by STEM-EDS analysis. 

	Phase
	Composition (at. %) 

	
	   Cu                 Zr                Al                Nb

	Bright matrix
	 48.09            50.78            1.13                −

	Dark particle
	 58.90            36.07            5.04                −          



Chemical composition data was obtained in a STEM mode with a nominally 1.0 nm electron probe. Characterisations for two distinct phases were performed in Figure 4.7. STEM-EDS results reveal that the dark phase is rich in Cu while the bright phase is rich in Zr. Table 4.2 summarises the average chemical compositions of the two glassy phases in the Cu47.2Zr46.5Al5.5Nb0.8 BMG alloy. Greer [21] suggested that the diffusivity of Cu in the Cu−Zr alloy system is up to 105 times that of Zr, and this can facilitate the formation of a nanoscale dispersion of Cu-rich particles, further growth of which is inhibited by the low diffusivity of Zr. In EDS mode, however, the Nb element cannot be accurately detected due to it being a very minor addition (0.8 at. %), and energy-filtered TEM (EF-TEM) was therefore carried out to clarify Nb element distribution, as shown in Figure 4.8. The zero-loss image exhibits a clear contrast, suggesting the presence of two chemical compositions in the Cu47.2Zr46.5Al5.5Nb0.8 alloy. The Cu map shows that the Cu element is rich in the dark phase, while the Zr map shows that the Zr element is rich in the white matrix phase. These observations are consistent with the above STEM-EDS results. The Nb map shows a higher concentration in the Cu-poor areas (white matrix). It can also be seen that the Al element is rich in the dark area from the Al/Cu map. EELS measurements were also performed in STEM mode with a 1.0 nm electron probe. It was further demonstrated that both Zr and Nb signals are higher for the bright matrix phase than for the dark phase, as shown in Figure 4.9. It should be mentioned that although Zr−Al (−44 kJ/mol) exhibits the largest negative heat of mixing, the chemical characterizations show some difference. The reason is that Al content is very low in this quaternary alloy, and Zr and Cu are the major constituent elements, which completely dominate the chemical environment in the liquid state. The minor addition of Nb can lead to significant difference in Zr and Cu in both separated phases but small variation in Al.  Thus, the final compositions of two glassy phases are not necessary to follow up the relationship of heat of mixing. 
Based on STEM-EDS and STEM-EELS analysis, it is concluded that the bright matrix phase is rich in Zr/Nb while the dark particle phase is rich in Cu/Al, indicating that the liquid phase separation occurs in the Cu47.2Zr46.5Al5.5Nb0.8 BMG alloy during rapid solidification. One may expect that the hardness (modulus) of these two distinct phases should be different because of their different chemical compositions, different coordinate numbers and different closest neighbours [10]. It was found that the thickness of the dark phase is generally thicker by about a factor of 1.8 than the adjacent bright matrix phase as estimated from the EELS measurement. The results suggest that the Cu-Al phase has a larger coherence energy of the atoms and reduces the ion-milling rate (Zr-Nb bright matrix was selectively sputtered). Therefore, the dark phase is believed to be the hard phase while the bright matrix phase is the soft phase. 
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For the Cu47.2Zr46.5Al5.5Nb0.8 BMG alloy, a large-scale chemical fluctuation in the liquid state appears very difficult because of a minor addition of the Nb element and a low segregation force induced by the small positive heats of mixing of Zr−Nb (ΔHZr−Nb = +4 kJ mol−1) and Cu−Nb (ΔHCu−Nb= +3 kJ mol−1). When the alloy solution in the metastable region (outside the spinodal region) was cooled to low temperatures, small fluctuations in composition would initially lead to an increase in the Gibbs energy, and the separation of the original homogeneous solution must occur by nucleation of a new phase to lower its free energy. The phase-separated structure in the current Cu-based BMG alloy can be understood by the phase diagram, as shown in Figure 4.10. Initially, the alloy solution is homogeneous at high temperature. During cooling, the solution crosses the critical temperature (Tc) and separates into numerous Cu-enriched and Zr-enriched liquid droplets along the miscibility gap, which start to grow by diffusion. With further rapid cooling, the two undercooled liquids transform into different amorphous phases at the corresponding Tg. In most cases, the liquid-state phase separation occurs by nucleation and growth mechanism rather than by spinodal decomposition because of low interfacial energy between the liquid/liquid interface and high atomic diffusion rate in the liquid state.
Interestingly, it is also found that the cooling rate is a crucial factor for the phase separation in a metallic glass. A relatively low cooling rate could provide sufficient time for the nucleation of the droplet-like phase by diffusion, such as with the 2 mm diameter rod in this study. The melt-spun ribbon alloy, however, could bypass the nucleation stage due to the extremely high cooling rate, and directly solidify into a homogeneous amorphous structure. The current work suggests that the Cu47.2Zr46.5Al5.5Nb0.8 alloy could move to the metastable liquid immiscibility gap with a suitable cooling rate, followed by separation into Zr/Nb-rich and Cu/Al-rich liquids. The two liquids then solidify into two different amorphous phases due to the high GFA of Zr/Nb-rich and Cu/Al-rich liquids. 
 (
T
g
 
T
c
 
T
l
S
Zr/Nb-rich                
 
Cu/Al-rich
Composition
)








 (
Figure 4.10.
 
Sketch of phase 
diagram in the Cu−Zr−Al−
Nb alloy system.
)


The room-temperature compressive stress–strain curve of the as-cast Cu47.2Zr46.5Al5.5-
Nb0.8 BMG alloy is given in Figure 4.11. The alloy displays a high elastic strain limit of 1.95% at a yield stress of 1678 MPa under quasi-static loading. After yielding, the BMG initially shows work hardening up to a maximum compressive strength of 1933 MPa, and then the stress gradually decreases with further increase in strain until final fracture, suggesting that strain softening dominates this deformation stage. The fracture strength and total plastic strain are 1662 MPa and 16.3% respectively. Figure 4.12 displays the fracture morphology of glassy alloy after failure in compression. It can be seen that a large number of shear bands distribute homogeneously on the side surface of the deformed sample, quite different from the inhomogeneous deformation due to formation of localized shear bands for most metallic glasses. The shear bands are composed of primary and secondary shear bands. Most of the primary shear bands are highly intersected or interconnected with each other, a typical pattern of formation of multiple shear bands. These observations strongly suggest that the
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accommodation of large plastic strain in the Cu47.2Zr46.5Al5.5Nb0.8 glassy alloy is a result of enhanced shear band activity.
A complete understanding of why a two-phase glassy structure facilitates the accommodation of significant plastic strain in certain alloys remains elusive. Some phase-separated BMGs exhibit rather modest plasticity [22, 23]. It appears therefore that simply having a two-glassy-phase structure is not the only requirement for plasticity to be observed in compression. Elastic moduli are known to provide the effective activation barrier to yielding in amorphous media, which is proportional to the shear modulus, G, in the case of both thermal [24] and mechanical [25] yielding. In a phase-separated glass the activation barrier to shear will be different in distinct phases, as a result of differing chemistries which alter the local atomic environment. To consider the differences in elastic properties between distinct phases in two-glassy-phase metallic glasses, we theoretically determine G for those alloys that have been chemically characterized in the literature. It should be pointed out that the compressive plasticity of Zr−Gd−Al−Ni BMG was obtained by reproducing the alloy in the Ref. [26]. Based on the uniform-strain model, Zhang [27] suggested that the elastic properties (G, B and E) of BMGs can be estimated by the average of the elemental moduli:

                                                                                                                                   (4.4)       

where Zi, Vi and xi are the elastic constant, molar volume, and atomic percentage for the i-th constituent element;                     is the average molar volume. Table 4.3 summarizes the elastic properties (G, B, G/B ratio, Poisson’s ratio (υ) and molar volume (Vm)) of some pure elements [28].
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[bookmark: _Toc381374431]It can be seen from Table 4.4 and Figure 4.13 that for those glasses exhibiting the largest deformation prior to failure, the difference in theoretical elastic moduli (most notably G) between glassy regions is low. Since a calculation of G/B (considered an indicator for intrinsic plasticity when less than ~ 0.29–0.33, evidence would suggest [29]) reveals that neither of the two-glassy-phase nor the nominal compositions in those alloys exhibiting significant plasticity are in themselves intrinsically ductile; the large plasticity may result from near-identical elastic properties between each phase, and therefore similar propensities for yielding. It should be noted that determination of the chemistry of the different regions will contain a degree of error, as will theoretical calculations of moduli, and so ∆G values here represent an estimate. However, the magnitude of the differences, and the correspondence between small ∆G and plastic strain, suggests that a real correlation exists.   
  According to the STZ model, the plastic flow of metallic glass occurs through the formation and cooperative shearing of unstable STZs. When a metallic glass is subjected to a shear stress that is larger than a critical value, one single STZ will first nucleate in the glass at a site where the energy barrier is lowest. In a phase-separated glass it may be anticipated that this has the highest probability of occurring at the interface between phases, since these are possessed of a higher energy state due to the association of surfaces in condensed matter being of higher energy than the bulk. With the aid of the local heterogeneous strain field and free volume created by the generation of the first STZ, the secondary STZs subsequently emerge in the neighbourhood of the first STZ. When a critical amount of STZs is generated, they transform into a nascent shear band. The impetus for shear band movement will be along the plane of maximum applied shear stress with their direction dependent on the local stress state. It may be driven into the low G phase in which it was generated, or it may be directed towards the adjacent phase. In a situation where the difference in G is pronounced, and brittle behaviour is observed, an interfacial STZ can only propagate as a shear band into the low G
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	Glassy alloys
(at. %)
	Two-glassy-phase
composition (at.%)
	G
(GPa)
	B
(GPa)
	G/B
	ν
	ΔG
(GPa)
	ΔB
(GPa)
	εp
(%)
	Ref.

	Zr63.8Ni16.2Cu15Al5
	Zr68.5Cu8.1Ni21.3Al2.1*
	38.4
	109.9
	0.349
	0.345
	1.0
	2.0
	30
	[10]

	
	Zr62.4Cu16.7Ni14.6Al6.3
	37.4
	107.9
	0.347
	0.344
	
	
	
	

	Cu45Zr47Al7Fe1
	Cu47.62Zr45.08Al5.54Fe1.76*
	38.6
	112.6
	0.343
	0.346
	0.3
	1.1
	9.5
	[19]

	
	Cu50.45Zr44.65Al4.15Fe0.75
	38.9
	113.7
	0.342
	0.346
	
	
	
	

	Cu46Zr22Y25Al7
	Cu53.4Zr31.8Y8.3Al6.5*
	37.8
	100.3
	0.377
	0.333
	5.7
	1.5
	0
	[22]

	
	Cu35.7Zr12.8Y44.3Al7.2
	32.1
	98.8
	0.325
	0.353
	
	
	
	

	Fe-based +Ni-based
	Fe73Si7B17Nb3*
	92.5
	167.4
	0.553
	0.267
	38.1
	16.9
	0.5
	[23]

	
	Ni52.5Nb10Zr15Ti15Pt7.5
	54.4
	150.5
	0.361
	0.339
	
	
	
	

	Zr35Gd20Al23Ni22
	Zr9Gd61Al14Ni16*
	26.8
	55.5
	0.483
	0.292
	5.9
	32
	1.2
	[26]

	
	Zr45Gd12Al28Ni15
	32.7
	87.5
	0.374
	0.334
	
	
	
	

	Zr65.8Ni15.8Cu8.4Al10
	Zr65Ni20.3Cu5.2Al9.5*
	37.8
	106.1
	0.356
	0.341
	1.8
	2.8
	16
	[30]

	
	Zr66.4Ni10.6Cu12.7Al10.3
	36.0
	103.3
	0.349
	0.344
	
	
	
	

	Zr61.9Ni16.7Cu11.4Al10
	Zr61Ni23.3Cu5.2Al10.5*
	38.6
	107.5
	0.359
	0.340
	2.1
	2.9
	15
	[31]

	
	Zr63.4Ni10.6Cu16.7Al9.3
	36.5
	104.6
	0.349
	0.344
	
	
	
	

	Mg60 Cu10Ni16Nd14
	Mg61.5Cu4.2Ni18.1Nd16.2*
	20.2
	49.9
	0.405
	0.322
	1.1
	4.0
	2.5
	[32]

	
	Mg58.4Cu18.7Ni11.3Nd11.6
	21.3
	53.9
	0.395
	0.325
	
	
	
	

	Cu47.2Zr46.5Al5.5Nb0.8
	Cu58.90Zr36.07Al5.04*
	39.1
	114.4
	0.342
	0.346
	1.4
	4.0
	16.3
	Current

	
	Cu48.09Zr50.78Al1.13
	37.7
	110.4
	0.341
	0.347
	
	
	
	





phase in which it was nucleated, and cannot transfer to the high G neighbouring phase, as a result of it possessing insufficient energy to allow its propagation in that direction. If the direction in which the shear band would be driven is blocked by a neighbouring phase then the STZ cannot propagate; neighbouring STZs may coalesce and their high free volume content agglomerate, leading to the potential formation of cavities, crack generation and final failure. Should the difference in G in neighbouring phases be limited, however, thereby creating an approximate matching of STZ activation energies, such as in the instance of the ductile phase-separated alloys, the STZ may be able to propagate into the neighbouring phase, mitigating potential STZ concentration and crack formation. The composite nature of the microstructure will still provide a barrier to shear band propagation, though it may be able to transfer between phases at a slight energy penalty and so promote their controlled multiplication and propagation, thereby leading to the observed enhancement in ductility. Therefore, similar activation energies for shear events in distinct phase-separated regions in a BMG may be the source of their pronounced plastic strains, as shear band migration can occur throughout the entirety of the deforming material, rather than concentrating in just one phase.   
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[bookmark: _Toc381374432]4.5 Conclusions

 In this chapter, we reported the observation of a phase-separation structure in a Cu47.2Zr46.5Al5.5Nb0.8 BMG. The EDS and EELS measurements confirmed that the bright matrix phase is rich in Zr/Nb while the dark particle phase is rich in Cu/Al. The Cu47.2Zr46.5Al5.5Nb0.8 BMG with two-glassy-phase structure exhibits a large room-temperature plasticity of ~16% in compression. Theoretical calculation reveals plasticity to be enhanced in phase-separated materials when the difference in G between the two glassy phases is low. It is suggested that the small difference in G between phases may create similar dynamics for STZ formation, permitting shear banding throughout the whole microstructure rather than just in the low-modulus phase, and so preventing a concentration of STZs around an interface, which might otherwise coalesce and nucleate a crack. 
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[bookmark: _Toc381374434]Chapter 5
Enhanced Plasticity in the Zr−Cu−Ni−Al−Nb Alloy System by In-Situ Formation of Two Glassy Phases

[bookmark: _Toc381374435]   5.1 Introduction

Of all the BMG formers, those based on Zr are the most promising to become a new type of engineering materials because of the achievement of many desirable engineering properties, together with their high stabilization of supercooled liquid against crystallization [1, 2]. Despite these various advantages, deformation in a monolithic Zr-based BMG is usually localized within shear bands that may suddenly propagate and lead to the catastrophic failure of the glass under mechanical loading. To overcome the brittle nature of this material, great efforts have been made to develop composite materials by in-situ precipitation of a crystalline phase during solidification [3, 4] or by addition of second-phase particles/fibers into the liquid BMG [5, 6]. However, some weaknesses also inevitably appear along with the preparation of composites such as reducing significantly the yield strength and requiring complex casting techniques [7−9].
Apart from forming amorphous/crystalline composites, in-situ formation of two glassy phases has recently been observed in a variety of alloy systems through liquid phase separation [10−16]. It has been shown that two types of structure can be synthesized by tailoring the alloy composition of the phase-separated alloys: interconnected-type structure by spinodal decomposition and droplet-type structure by nucleation and growth mechanism. Thus, the phase-separating system provides a great opportunity for designing composites with favorable microstructures at different length scales. Some studies have demonstrated that this kind of heterogeneous glassy structure can promote initiation of a large number of shear bands and impede their propagation, leading to enhanced macroscopic plasticity [14−16]. The phase separation phenomenon is determined by the thermodynamic properties of the liquid phase of the corresponding alloy system, i.e. the presence of a miscibility gap in the liquid which is associated with positive heat of mixing between constituent elements. However, based on the empirical rules for high GFA, it is generally understood that addition of elements with positive heats of mixing could deteriorate the GFA. Therefore, in this study, the strategy for designing Zr-based metallic glasses with a two-glassy-phase structure is: (1) selection of base alloy system with high GFA; (2) introduction of atom pairs with positive heats of mixing by microalloying.

[bookmark: _Toc381374436]5.2 Experimental 

Alloy ingots with nominal composition Zr(60.5-x)Cu17.5Ni13.5Al8.5Nbx (x = 0, 0.3, 0.5, 0.7) were prepared by arc-melting high purity elements under a Ti-gettered Ar atmosphere. For convenience, we labelled them as Nb0, Nb0.3, Nb0.5 and Nb0.7, respectively. Minor addition of Nb was substituted for Zr as it has small positive heats of mixing with Zr (ΔHZr ̶ Nb= +4 kJ mol−1) and Cu (ΔHCu ̶ Nb= +3 kJ mol−1), while having large negative heats of mixing with Ni (ΔHNb−Ni= −30 kJ mol−1) and Al (ΔHNb−Al= −18 kJ mol−1) [17]. Meanwhile, the Zr−Cu−Ni−Al alloy system has been reported to exhibit high GFA [18]. Rods with a diameter of 2 mm and a length of 30 mm were produced via an in-situ suction casting setup. Rapidly quenched ribbon specimens were prepared by remelting the alloys in quartz crucibles, and ejecting with an over-pressure of 40 kPa through a nozzle onto a Cu wheel rotating with a surface velocity of 45 m s−1. The resulting ribbon specimen has a thickness of ~ 40 µm and a width of ~ 3 mm.
The structures of the as-cast specimens were examined by X-ray diffraction (XRD, Phillips D500) using Cu-K radiation. The thin-foil specimens for transmission electron microscopy (TEM) observation were prepared using ion milling (Gatan, Model 600) at a beam energy of 2.5 keV under liquid nitrogen cooling. The detailed microstructures were examined by the high-resolution TEM (HRTEM, JEOL 2010F) linked with an energy-dispersive spectrometer (EDS). Chemical compositions were obtained in scanning transmission electron microscope (STEM) mode with a nominally 1.0 nm electron probe. An energy compensated three-dimensional atom probe (3DAP) equipped with the Oxford Nanoscience delay line detector was used. Atom probe analyses were conducted at a specimen temperature of 50 K. Thermal analysis of the specimens was carried out using a differential scanning calorimeter (DSC, PerkinElmer DSC 7) with a constant heating rate of 0.33 K s−1. The specimens with an aspect ratio of 2:1 were tested in compression under a strain rate of 1×10–4 s–1 at room temperature. Scanning electron microscopy (SEM, JEOL 6400) was employed to investigate the fracture surface morphology after compression testing. 

 (
         Table 5.1 Heats of mixing (kJ mol
−1
) for the binary systems of the elements Zr, Cu, Ni, 
         
Al and Nb (from [17]).
∆
H
mix
Zr
Cu
Ni
Al
Nb
Zr
0
−23
−49
−44
+4
Cu
0
+4
−1
+3
Ni
0
−22
−30
Al
0
−18
Nb
0
)
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Figure 5.1.
 
XRD patterns of as-cast Nb
0
, Nb
0.3
, Nb
0.5
 and Nb
0.7 
alloys.
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  Figure 5.1 shows the XRD patterns obtained from the as-cast Nb0, Nb0.3, Nb0.5 and Nb0.7 alloys with a diameter of 2 mm. When the addition of Nb is within 0.5 at.%, no appreciable diffraction peaks are observed on the main broad maxima for each alloy, indicating the formation of a fully glassy structure. However, with further increases in Nb content to 0.7 at.%, a small amount of crystalline phase is present in the amorphous matrix. Since the aim of this work is to develop BMGs with a two-glassy-phase structure, we will only focus on the Nb0, Nb0.3 and Nb0.5 alloys in the following section.
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Figure 5.2.
 DSC traces obtained from the as-cast Nb
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 and Nb
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rod samples with a heating rate of 0.33 K s
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Table 5.2.
 
The critical casting diameters, 
d
c
, and thermal properties for the 
Nb
0
, Nb
0.3
, Nb
0.5
 and Nb
0.7 
BMG alloys in this study.
)

	  BMGs
	dc

	Tg

	Tx

	∆Tx


	
	(mm)
	(K)
	(K)
	(K)

	     Nb0
	3
	646
	749
	103

	    Nb0.3
	2
	652
	747
	95

	    Nb0.5
	2
	656
	747
	91

	    Nb0.7
	< 2
	666
	750
	84



Figure 5.2 shows the DSC traces obtained from the as-cast Nb0, Nb0.3, Nb0.5 and Nb0.7 rod samples with a heating rate of 0.33 K s−1. Each alloy exhibits an endothermic event characteristic of the glass transition and a distinct supercooled liquid region, followed by an exothermic peak due to crystallization. Table 5.2 summarizes the critical casting diameters, dc, of the glassy samples as well as corresponding thermal parameters. As marked with arrows, with the increasing of Nb content, the glass transition temperature (Tg) continuously increases from 646 K to 666 K while the crystallization onset temperature (Tx) has only a slightly change (~ 750 K), resulting in the decreasing of their GFA.
Figure 5.3 displays the bright-field HRTEM images and corresponding selected-area diffraction patterns (SADPs) obtained from Nb0, Nb0.3 and Nb0.5 alloys. The Nb0 alloy exhibits a homogeneous contrast fluctuation and, in the SADP, diffuse halo rings can be seen, indicating the microstructure to be fully amorphous. Interestingly, upon substitution of 0.3% Nb for Zr, fine structural heterogeneity has been found in the local area of the alloy. Also, the SADP presents a diffuse halo without any diffraction spots from crystallites, which is typical for a glassy structure. When Nb addition is 0.5 at.%, the alloy clearly shows the presence of two different phases with bright and dark contrast. It can be seen that a darker particle phase is surrounded by a white matrix phase. The characteristic size scale of the dark phase is 10−30 nm. The inserted SADP showing two diffuse halo rings demonstrates the amorphous nature of both phases. Neither the XRD nor SADP, for Nb0.5 provide evidence of long range structural ordering, we suggest that liquid phase separation has occurred in Nb0.5 via a nucleation and growth mechanism. STEM-EDS analysis indicates that the bright matrix phase is rich in Cu with an average composition of Zr57.8Cu20.3Ni11.5Al10.4, while the dark particle phase is rich in Ni with an average composition of Zr65.4Cu6.2Ni23.8Al4.6. Here, it should be note that the Nb content could not be accurately characterized as result of a very low level of addition. 
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Figure 5.3.
 BF-HRTEM images and corresponding SADPs obtained from Nb
0
, Nb
0.3
 and Nb
0.5 
BMG alloys.
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The 3DAP is a very powerful tool that provides atomic scale elemental mapping of chemical heterogeneities in materials. Recently, it has been successfully employed to identify the presence of liquid phase separation in metallic glasses [14, 19]. For example, Hono’s group [14] revealed that nanoscale phase separation from the melt into Cu-enriched and Ag-enriched was observed, since Ag−Cu has a positive heat of mixing (∆HAg−Cu= +2 kJ mol−1). Figure 5.4 (a) displays an atom map of the as-cast Nb0 metallic glass. It can be seen that the map exhibits an almost homogenous contrast. Apart from four constituent elements (Zr, Cu, Ni and Al), oxygen was also detected, mainly in the form of ZrO. In the current study, the needle-shaped specimens were prepared by electropolishing technique, which allows a possible route for oxygen uptake. Oxygen, being a mobile species, is able to diffuse further into the bulk specimen during process. It is expected that a part of oxygen in the map was from the process of specimen preparation. In order to get more details on local compositional variation, atom probe concentration depth profiles obtained from the Nb0 specimen are displayed in Figure 5.4 (b). One can see that all the constituent elements are uniformly distributed in the matrix, indicating that no phase separation occurred in the as-cast Nb0 alloy. We tried to run Nb0.5 alloy specimens several times, but unfortunately the data quality is not as good as Nb0. The specimens had quite thick oxides on the top which is known to cause problems with APT analysis of Zr. If possible, we will complete the 3DAP analysis on Nb0.5 alloy in the future.         
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Figure 5.4.
 (a) Atom map of the as-cast Nb
0
 metal
lic glass; (b) 1D concentration profile-
uniform
 composition confirmed through depth analyzed (~ 100 nm). 
)
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Figure 5.5.
  Schematic diagrams showing concentration variation and typical morphology evolution with time during phase separation by nucleation and growth mechanism [20].
)



It is concluded that a suitable amount of Nb addition can move the Zr−Cu−Ni−Al alloy system toward metastable liquid immiscibility gap (outside the spinodal region), following by separation into two glassy phases during high cooling rate solidification. In the metastable region, small fluctuations in composition result in an increase in the Gibbs energy. Thus, the separation of the original solution must occur by developing a new phase to lower its free energy. The typical phase separation mechanism in this region is termed “nucleation and growth”. Schematic diagrams showing concentration variation and typical morphology evolution with time are shown in Figure 5.5 [20]. When a homogeneous solution enters into the metastable region, phase separation starts forming solute rich domains (nuclei) due to large thermal fluctuation. The initially formed nuclei have distinctly different composition from the matrix and have a clear interface between nuclei and matrix. Nucleation is an activated process, where a free energy barrier associated with the formation of interface has to be surmounted. The growth occurs on individual nuclei, and proceeds by diffusion of solute from matrix solution. Since the second phase is a liquid, the surface energy will be minimized for spheres, so the second phase will occur as isolated spheres of one equilibrium composition randomly dispersed through a matrix of the other equilibrium composition. 

[image: C:\Users\S Chen\Desktop\11.tif]











 (
Figure 5.6.
 
Compressive stress–strain curves of as-cast Nb
0
, Nb
0.3
 and Nb
0.5
BMG alloys. 
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Figure 5.6 shows the room-temperature compressive stress−strain curves of the as-cast Nb0, Nb0.3 and Nb0.5BMG alloys. Each alloy displays large elastic strain limits of approximately 2% under quasi-static loading, followed by mechanical yielding and plastic flow. It is found that the Nb0 monolithic metallic glass fails soon after reaching the elastic strain limit, and so exhibits limited overall plasticity (2.2%). However, the plastic strain increases to 5.3% upon substitution of 0.3 at.% Nb for Zr. With Nb content further increases to 0.5 at.% in the alloy, the plastic strain significantly increases to 19.7%. Serrated flow is observable in the permanent deformation range of the mechanical response, which has been proposed to be associated with the emission of shear bands [21]. The maximum stress of phase-separated Nb0.5 alloy is 2012 MPa, which is larger than that of the monolithic Nb0 (1956 MPa) and Nb0.3 (1984 MPa) alloy.
A comparison of the fracture morphology of Nb0 and Nb0.5 after failure in compression is shown in Figure 5.7. It is clear from the detail in Figure 5.7 (a), that the monolithic Nb0 glassy alloy displayed brittle deformation behaviour, and fractured in a shear mode with a shear off angle of 42°, indicating that the fracture behavior of this kind of metallic glass under compressive load does not follow the von Mises criterion [22]; while the alloy with 0.5 at.% addition of Nb exhibited significant plastic deformation prior to fracture (Figure 5.7 (b)). It is also notable that there was limited shear banding perpendicular to the fracture surface in the case of Nb0 (Figure 5.7 (c)), whilst, in contrast, the Nb0.5  alloy  shows evidence of extensive shear banding prior to fracture, as seen in Figure 5.7 (d). Most of the primary shear bands in Figure 5.7 (d) are highly bifurcated, with a greater shear band density and reduced spacing, as compared to the Nb-free alloy. These observations suggest that the accommodation of more plastic strain in Nb0.5 is a result of enhanced shear band activity. Since no subsequent energy input into the system occurred post-casting, we believe that structural heterogeneity, such as those formed by phase separating, can afford to accommodating plastic strain, this is likely to be the source of improved mechanical performance.
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Figure 5.7.
 
SEM images of Nb
0
 and Nb
0.5
 BMG alloys after compressive deformation.
 
)


Since the first report of enhanced plasticity in a Cu−Zr−Al−Ag BMG arising from phase separation [14], many studies have followed with the aim to improve the plasticity of metallic glasses by designing a two-glassy-phase structure. Xie et al. [23] recently fabricated two-glassy-phase BMG composites by a spark plasma sintering process using a mixed powder of the gas-atomized Ni-based and Fe-based metallic glassy alloy powders. The composites exhibited ultra-high strength (~ 2.6 GPa) but very limited room-temperature plasticity. It appears that simply having a glass/glass composite structure does not necessarily improve the plasticity. Matsumoto et al. [24] investigated the critical condition of the shear band propagation, and suggested that the length of shear band must be limited to a critical length to prevent the rapid growth. Based on molecular dynamics simulation and fracture mechanics, the critical length of shear band can be can be derived as follows:

 (
(5.1)
)                                                                                                                                               


[bookmark: _Toc381374438]where ρ is the density, Cp is specific heat, K is thermal conductivity, and E' = E/(1-υ2) under plane-strain condition, where E and υ are Young’s modulus and Poisson’s ratio, respectively; Tf  is temperature in the liquid region of the shear band, and Tr is the room temperature, τf  and τ∞ are the flow stress in the plastic region of the shear band and the applied shear stress far from the crack tip, respectively; vR is the velocity of a Rayleigh wave (～2000 m s−1 for metallic glass), vg and vs are the growth velocity of the shear band and the shear displacement velocity along the shear band, respectively; η is the viscosity about 0.01 Pa-s near the liquid temperature [25], and the thickness of the shear band (w) is of about 20 nm [26]. The basic properties of Nb0.5 BMG alloy can be obtained: ρ=6,685 kg m−3, E=104 GPa, υ=0.36, Tg=656 K and Tf ≈Tl=1,186 K. For a typical Zr−Cu−Ni−Al metallic glass, C=500 J kg−1 K−1 and K=10 W m−1K−1 [27]. We also use vg=vS =100 m s−1, τ∞=0.89 GPa and τf =1.25τ∞=1.11 GPa by reference to modeling results [24, 28]. The critical length of the shear band in the Nb0.5 metallic glass can be calculated to be 42.1 µm. Since the average particle spacing in the alloy is around 26 nm, which is far less than the critical length of the shear band and thereby effectively prevents catastrophic propagation of the band. Although having a two glassy phase structure in Ref. [23], the particle spacing in the composites is calculated to be around 73 µm, which is expected to be comparable to or even higher than the critical length of shear band. The limited plasticity may be attributed to the large particle spacing in the composites. Once the unstable shear bands are generated at the coarse spacing regions, the growth of the bands cannot stop due to a lack of intrinsic propagation barriers such as grain boundaries. 
However, the compressive plasticity varies considerably among different phase-separated alloys even having nanoscale particle spacing. Some alloys exhibit ductility values comparable to crystalline alloys [15, 29], while others are quite brittle [13], with characteristics similar to most monolithic BMGs. Obviously a comprehensive understanding combing mechanical properties and microstructure observation in phase-separated alloys is still lacking. It is well known that elastic moduli reveal the effective activation barrier to yielding in both amorphous and cystalline material. The shear modulus (G) implies resistance to plastic deformation in shear, and the bulk modulus (B) implies resistance to the dilatation required for crack propagation. This has led to correlations between G/B (or Poisson’s ratio (ν)) and strain to failure [30] or toughness [31]. In a phase-separated alloy, it is expected that the activation barrier to shear will be different in distinct phases due to different chemical compositions. Table 5.3 theoretically determines elastic moduli by the method proposed in Ref. [32] for both the BMG in the current work and those phase-separated alloys that have been reported in the literature [13, 15, 16, 23, 33−37]. Since a metallic glass is considered intrinsic ductile if G/B is less than 0.29 – 0.33 [38], the calculation results indicate that neither of the two glassy phases nor the nominal compositions in those alloys exhibiting large plasticity are in themselves intrinsically ductile.
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Table 5.3.
  Theoretical calculation of elastic properties and 
stress concentration 
factor 
D
 of the reported phase-separated BMGs. The nominal glassy alloy composition is shown in bold.
)
	Glassy alloys
(at. %)
	Two-glassy-phase
composition (at.%)
	G
(GPa)
	B
(GPa)
	G/B
	ν
	  ΔG
(GPa)
	ΔB
(GPa)
	D
	εp
(%)
	Ref.

	Zr63.8Ni16.2Cu15Al5
	Zr68.5Cu8.1Ni21.3Al2.1*
	38.4
	109.9
	0.349
	0.345
	  1.0
	  2.0
	1.017
	  30
	   [15]

	
	Zr62.4Cu16.7Ni14.6Al6.3
	37.4
	107.9
	0.347
	0.344
	
	
	
	
	

	Cu45Zr47Al7Fe1
	Cu47.62Zr45.08Al5.54Fe1.76*
	38.6
	112.6
	0.343
	0.346
	  0.3
	  1.1
	1.004
	  9.5
	   [16]

	
	Cu50.45Zr44.65Al4.15Fe0.75
	38.9
	113.7
	0.342
	0.346
	
	
	
	
	

	Cu46Zr22Y25Al7
	Cu53.4Zr31.8Y8.3Al6.5*
	37.8
	100.3
	0.377
	0.333
	  5.7
	  1.5
	1.087
	   0
	   [13]

	
	Cu35.7Zr12.8Y44.3Al7.2
	32.1
	98.8
	0.325
	0.353
	
	
	
	
	

	Fe-based +Ni-based
	Fe73Si7B17Nb3*
	92.5
	167.4
	0.553
	0.267
	 38.1
	 16.9
	1.242
	  0.5
	   [23]

	
	Ni52.5Nb10Zr15Ti15Pt7.5
	54.4
	150.5
	0.361
	0.339
	
	
	
	
	

	Zr35Gd20Al23Ni22
	Zr9Gd61Al14Ni16*
	26.8
	55.5
	0.483
	0.292
	  5.9
	  32
	1.104
	  1.2
	   [33]

	
	Zr45Gd12Al28Ni15
	32.7
	87.5
	0.374
	0.334
	
	
	
	
	

	Zr65.8Ni15.8Cu8.4Al10
	Zr65Ni20.3Cu5.2Al9.5*
	37.8
	106.1
	0.356
	0.341
	  1.8
	  2.8
	1.026
	  16
	   [34]

	
	Zr66.4Ni10.6Cu12.7Al10.3
	36.0
	103.3
	0.349
	0.344
	
	
	
	
	

	Zr61.9Ni16.7Cu11.4Al10
	Zr61Ni23.3Cu5.2Al10.5*
	38.6
	107.5
	0.359
	0.340
	  2.1
	  2.9
	1.030
	  15
	   [35]

	
	Zr63.4Ni10.6Cu16.7Al9.3
	36.5
	104.6
	0.349
	0.344
	
	
	
	
	

	Mg60 Cu10Ni16Nd14
	Mg61.5Cu4.2Ni18.1Nd16.2*
	20.2
	49.9
	0.405
	0.322
	  1.1
	  4.0
	1.028
	  2.5
	   [36]

	
	Mg58.4Cu18.7Ni11.3Nd11.6
	21.3
	53.9
	0.395
	0.325
	
	
	
	
	

	Cu47.2Zr46.5Al5.5Nb0.8
	Cu58.90Zr36.07Al5.04*
	39.1
	114.4
	0.342
	0.346
	  1.4
	  4.0
	1.020
	 16.3
	   [37]

	
	Cu48.09Zr50.78Al1.13
	37.7
	110.4
	0.341
	0.347
	
	
	
	
	

	Zr60Cu17.5Ni13.5Al8.5Nb0.5
	Zr65.4Cu6.2Ni23.8Al4.6*
	39.1
	109.0
	0.359
	0.340
	  2.0
	  2.9
	1.028
	 19.7
	Current

	
	Zr57.8Cu20.3Ni11.5Al10.4
	37.1
	106.1
	0.350
	0.343
	
	
	
	
	






If the particle and matrix are of the same shear modulus Gm and Poisson ratio υ, there is then a uniform shear stress within the particles, in the direction of shear, of amount [39]
 (
(5.2)
)                                                              

For a sphere                        which is always close to 0.5.
If the inclusions are of different elastic moduli Gi from those of the matrix, the mean internal shear stress in the matrix is found to be
 (
(5.3)
)                                                                   

where Vf is volume fraction of matrix and εp is plastic strain. The factor D depends both on the shape of the inclusions and on the elastic moduli of inclusions and matrix, which reflects stress concentration in the matrix phase. When Gi >> Gm, it tends to 1/ (1−γ). The factor D for each phase-separated alloy was also calculated, as summarized in Table 5.3.
 (
(5.4)
)


It is readily seen from Figure 5.8 that if the difference in elastic modulus between two glassy phases is low (corresponding small stress concentration factor D), the glassy alloys exhibit ductile deformation behaviour, and vice versa. Thus, the near identical G between two glassy phases may attribute to the significant plasticity, which creates similar activation energy in distinct phases during mechanical deformation. 
During the mechanical loading of a metallic glass, an STZ may first nucleate in the glass at a site where the energy barrier is lowest, i.e. where G is most reduced, permitting a shear event to occur. For a phase-separated metallic glass, i.e. Nb0.5 alloy in the current study, this is most likely to occur at the interface between two glassy phases since these are possessed of a higher energy state due to the association of surfaces in condensed matter being of higher energy than the bulk. It may be then that after the activation of an interfacial STZ, this is driven, as a shear band, into the soft matrix phase or may be directed towards the neighbouring hard particle phase. In the former case where the difference in G is pronounced, a shear band can only propagate into the low G phase, and cannot transfer to the neighbouring harder glassy phase, as a result of it possessing insufficient energy to allow its propagation in that direction, causing a rapid propagation of a shear band due to the stress concentration. In contrast, if the difference in G is small, thereby creating an approximate matching of STZ activation energies, such as in the instance of the ductile phase-separated alloys [15, 16, 34−37], the STZ may be able to propagate into the neighbouring phase. The composite nature of the microstructure will still provide a barrier to shear band propagation, though it may be able to transfer between phases at a slight work hardening. The propagation of shear band would be impeded by the neighbouring phase with a higher energy barrier, resulting in branching and deflection of primary shear band. Other preferentially areas then will be activated, and interact with other particle phases in the material. The stress gradually increases from the soft matrix phase to hard particle phase, causing the slightly work-hardening behavior at the early stage of plastic deformation as observed in the Figure 5.6. When the pre-existing shear bands become thickened with the generation of profuse new ones, strain softening will dominate the further deformation. Therefore, the significant plastic strains in a phase-separated BMG may arise from the similar activation energies in distinct phases, as shear band can be developed throughout the whole microstructure, rather than concentrating in the one phase and thereby prevent a concentration of STZs around an interface, which may otherwise coalesce and nucleate a crack.     
























 (
Figure 5.8.
 Theoretical calculation of (a) shear modulus difference between two phases (Δ
G
) and (b) stress concentration factor (
D
) 
vs
 plasticity of reported two-glassy-phase BMGs. 
)


[bookmark: _Toc381374439]5.4 Conclusions

Enhanced room-temperature plasticity of the Zr60.5Cu17.5Ni13.5Al8.5 BMG has been successfully induced through micro-alloying with Nb, which exhibits small positive heats of mixing with Zr and Cu, promoting a two-glassy-phase structure and resultant plastic strain of 19.7% for Nb0.5. Theoretical calculation of the elastic moduli for the phase-separated regions of both the BMG in the present work and those previously identified in the open literature reveals that the enhanced plasticity in phase-separated alloys may be attributed to the small difference in G between two glassy phases. This may create similar dynamics for STZ formation, permitting shear banding to develop throughout the whole microstructure rather than just in the low G phase. Thus, the present work suggests phase separation is promising, and may provide guidelines for the improvement of the mechanical properties of BMGs through careful composition design. 
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Chapter 5                 Enhanced Plasticity in the Zr−Cu−Ni−Al−Nb Alloy System by In-Situ Formation of Two Glassy Phases


[bookmark: _Toc381374441]Chapter 6
Glass-Forming Ability and Deformation Behaviour of Zr−Cu−Ni−Al Bulk Metallic Glasses

[bookmark: _Toc381374442]6.1 Introduction

After several decades of intensive research, numerous BMGs have been developed in various alloy systems with low critical cooling rates. The critical sizes of some BMGs were reported to be on centimeter scale or even inch scale, such as 30 mm for Zr50Al10Ni5Cu30 [1], 10 mm for Cu49Hf42Al9 [2], 25 mm for Mg54Cu26.5Ag8.5Gd11 [3], 72 mm for Pd40Cu30Ni10P20 [4] and 14 mm for Ti40Zr25Ni2Cu13Be20 alloy [5]. Particularly, Zr-based BMGs have received the most attention as a result of their desirable mechanical and chemical properties and their composition of relatively inexpensive elements [6−9]. So far, many Zr-based BMG alloy systems, such as Zr−Cu−Ni−Al [1], Zr−Cu−Ni−Ti−Be [8], Zr−Cu−Al [9], Zr−(Cu, Ag)−Al [10], Zr−Cu−Ni−Al−Pd [11] and Zr−Cu−Al−Co [12], have been successfully synthesized. However, to the best of our knowledge, the majority of research on Zr-based metallic glasses mainly focused on the low zirconium-containing alloys, usually in the region of 45−65 at. %. Little is known about the GFA, thermal, kinetic and mechanical properties of alloys with higher levels of Zr (> 65 at. %). Therefore, high Zr-based Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6 at. %) alloys were designed and synthesized for this purpose, and the GFA and deformation behaviours are reported and discussed in this chapter.

[bookmark: _Toc381374443]
6.2 Experimental 

Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6) alloy ingots were prepared by arc-melting mixtures of pure Zr, Cu, Ni and Al under a Ti-gettered argon atmosphere. Each alloy ingot was remelted at least four times to ensure structural homogeneity. Rods 1−3 mm in diameter and 30 mm in length were fabricated by suction-casting into a water-cooled copper mould. Sample characterization started with structural analysis by X-ray diffraction (XRD, Phillips D500) with Cu-Kα radiation. Thermal stability was examined by differential scanning calorimetry (DSC, Perkin-Elmer DSC 7) and differential thermal analysis (DTA, Perkin-Elmer DTA 7). Both measurements were carried out at a heating rate of 0.33 K s−1 in an argon atmosphere. Phase characterization of the cast specimens were carried out by high-resolution transmission electron microscopy (HRTEM, JEOL 2010F) coupled with an energy-dispersive X-ray spectrometer (EDS). The thin-foil specimens for TEM observation were prepared by by ion-milling (Gatan, Model 600) with liquid nitrogen cooling. The compression testing was performed on a universal testing machine at room temperature. Cylindrical specimens with an aspect ratio of 2:1 were cut from the as-cast rods, and the ends were carefully polished with 2400−grit SiC paper to ensure parallelism. The fracture morphologies were observed with a scanning electron microscopy (SEM, JEOL 6400). The acoustic shear velocity (νs) and longitudinal velocity (νl) of the metallic glasses were measured with an Olympus EPOCH 600 digital ultrasonic flaw detector.
[bookmark: _Toc381374444]



6.3 Results and Discussion

[bookmark: _Toc381374445]6.3.1 Glass-Forming Ability of Zr68Cu(16-x)Ni(7.5+x)Al8.5 Alloys
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 (x=0, 3, 6) rod samples with different diameters.
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Figure 6.1 displays the XRD traces of the as-cast Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6) rod samples with different diameters. The data shows that, among these three Zr-based alloys, the as-cast Zr68Cu13Ni10.5Al8.5 alloy exhibits the best GFA with a critical casting size (dc) of 2.5 mm. The Zr68Cu10Ni13.5Al8.5 alloy has a relatively smaller GFA with a Dc of 2 mm, while the XRD pattern of the 2-mm-diameter Zr68Cu16Ni7.5Al8.5 rod exhibits several sharp crystalline peaks, indicating the alloy has the lowest GFA of the present quaternary alloy series.
 (
(a)
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Table 6.1.
 Summary of critical casting sizes (
d
c
) 
and thermal properties of 
the 
Zr
68
Cu
(
16-x)
Ni
(7.5+x)
Al
8.5
 (x=0, 3, 6) metallic glasses
.
) (
  
d
c
(
mm
)
)
	 (
 
γ
   
       
) (
T
rg
   
)   Metallic glasses         Tg            Tx           ΔTx          Tl                                                      
           (at. %)               (K)          (K)          (K)         (K)                                    



        

	Zr68Cu16-Ni7.5Al8.5          635             704           69         1213         0.523         0.381         < 2

Zr68Cu13Ni10.5Al8.5        625         701          76          1190         0.526         0.386         2.5

Zr68Cu10Ni13.5Al8.5       632         703          71          1198         0.528         0.384           2




Figure 6.2 displays the DSC and DTA curves of the Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6) metallic glasees. Table 6.1 summarizes Dc, Tg, Tx and Tl as well as three common GFA indicators (ΔTx=Tx−Tg, Trg= Tg/Tl and γ= Tx/(Tg+Tl)). It can be observed that all the alloys display one endothermic peak related to glass transition, followed by two exothermic peaks due to crystallization. The ΔTx increases from 69 K to 76 K with decreasing Cu content from 16 at.% to 13 at.%. With further decreases in Cu content to 10 at.%, the ΔTx decreases to 71 K. The γ parameter also shows the same trend as that of ΔTx. Thus, all of the indicators for the Zr68Cu16-Ni7.5Al8.5 glassy alloy exhibit the lowest among the alloy series, confirming the poorest GFA of this alloy composition. Although the Zr68Cu13Ni10.5Al8.5 glassy alloy does not exhibit the highest Trg, it has the largest ΔTx and γ parameter, which indicates that it is the best glass-forming composition. It can be concluded that the high GFA, characterized by critical size dc, is well reflected by the higher ΔTx and γ values. Since the Zr68Cu13Ni10.5Al8.5 alloy shows the best GFA, we will focus on its thermal, kinetic and mechanical properties in the following section.


[bookmark: _Toc381374446]6.3.2 Thermal and Kinetic Properties of Zr68Cu13Ni10.5Al8.5 BMG Alloy
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Table 6.2.
 The characteristic temperatures (
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 and 
Δ
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x
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BMG alloy at different heating rates.
)

	Heating rate          Tg             Tx1            Tp1            Tx2            Tp2           ΔTx 

    (K/min)            (K)           (K)           (K)            (K)           (K)           (K)                     



        

	        5                  618           683           691           733           736            65
       10                 621           691           700           740           745            70
       20                 625           701           709           749           755            76
       40                 631           713           724           760           768            82
       80                 638           726           737           770           779            88




Metallic glasses are in metastable equilibrium, and thermal annealing may change their atomic structure. Understanding the glass transition and crystallization kinetics is of great importance in evaluating their thermal stability, and thereby determining their use in engineering applications before the crystallization event takes place. The effective activation energy of glass transition (Eg) and crystallization (Ex) are two important kinetic parameters in evaluating the thermal stability of a metallic glass. Eg is closely associated with the phase transformation from the glassy structure to the supercooled liquid, which reflects the thermal stability of the glassy structure, while Ex is related to the transition from the supercooled liquid state to crystallization, which reflects the thermal stability of the supercooled liquid. Thus high values of Eg and Ex indicates a good thermal stability of metallic glasses.
Figure 6.3 shows DSC curves of the as-prepared Zr68Cu13Ni10.5Al8.5 glassy alloy at different heating rates. Each curve exhibits a distinct endothermic peak due to glass transition, followed by a supercooled liquid region prior to crystallization and two exothermic peaks due to the specific crystallization events. Table 6.2 summarizes the characteristic temperatures Tg, Tx1, Tp1, Tx2, Tp2 and ΔTx. It is apparent that all of the characteristic temperatures (Tg, Tx and Tp) move towards lower temperatures when the heating rate decrease. The ΔTx decreases significantly from 88 K to 65 K at heating rates of 80 K/min to 5 K/min. Since nucleation is a thermally activated process, the crystallization is dependent on the heating rate. While, the rate dependence of the glass transition is caused by the fact that the metallic glass undergoes relaxation process in the glass transition region [13]. 
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Figure 6.4.
  (a)  Kissinger plots and (b) Ozawa plots of Zr
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BMG alloy.
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Eg and Ex for the Zr68Cu13Ni10.5Al8.5 BMG alloy can be calculated by the Kissinger equation [14]:
 (
(6.1)
)                                                                                                                                    
                             

where ϕ is the heating rate, R is the gas constant, T is the characteristic temperature, C is a constant, and E is the activation energy. By plotting ln(T2/ϕ) vs. 1000/T, an approximately straight line with a slope of Eg, Ex and Ep can be obtained, as seen in Figure 6.4 (a). The effective activation energies of glass transition, first and second stages of crystallization in the metallic glass are determined to be 432 kJ mol−1, 251 kJ mol−1 and 331 kJ mol−1, respectively (Table 6.3).
Another method that has been frequently used to determine the activation energy for metallic glasses during the non-isothermal crystallization process is the Ozawa equation [15]:
 (
(6.
2)
)
                   
                                                                                                        
Figure 6.4 (b) displays the Ozawa plots of the Zr68Cu13Ni10.5Al8.5 BMG alloy. Also, Table 3 summarizes the activation energies Eg, Ex and Ep. Obviously, the Ozawa plots exhibit very similar tendencies as the Kissinger plots, and both methods give close activation energies of glass transition and crystallization. In a mathematical sense, the reason is that the variation in heating rate, ϕ, is much greater than that in characteristic temperature, T. Compared to other reported Zr-based metallic glasses, such as Eg = 191 kJ mol−1 and Ex = 171 kJ mol−1 for Zr55Cu30Al10Ni5 BMG [16], the current alloy exhibits higher thermal stability. In addition, the Tx and Tp are considered associated with the nucleation and growth of the crystalline phase precipitated from the glassy alloy, respectively [17]. The results shown in Table 3 imply that the nucleation process is more difficult than the growth process for both first and second stages of crystallization. 
 (
Table 6.3.
 Activation energy determined by different methods for the Zr
68
Cu
13
Ni
10.5
Al
8.5 
BMG alloy.
)

	Methods
	Eg
(kJ mol−1)
	Ex1
(kJ mol−1)
	Ep1
(kJ mol−1)
	Ex2
(kJ mol−1)
	Ep2
(kJ mol−1)

	Kissinger
	432
	251
	239
	331
	         289

	Ozawa
	442
	263
	250
	344
	         302




According to the concept of fragility introduced by Angell [18], glassy materials can be classified into two groups, namely “strong” or “fragile” glasses. Generally, the “strongly bonded” glass-formers, such as SiO2, exhibit small changes in viscosity during heating, and the temperature dependence of viscosity obeys Arrhenius equation. Conversely, glasses with “fragile” bonding structure deviate considerably from the Arrhenius behavior. The kinetic fragility is defined as the slope of the logarithm of viscosity η (or the average structural relaxation time, τ) dependence on Tg/T near Tg:
 (
(6.
3)
)

                                                                                                                                                
If η(T) can be described by the Arrhenius equation, the fragility index m can also be expressed as:                                            
 (
(6.
4)
)                                         
                                                                                                       
where Eg is the activation energy for glass transition and R is the gas constant. In the current study, the kinetic fragility index m is determined by equation (6.4) at a heating of 20 K/min. Using the data of Eg = 432 kJ mol−1 and Tg = 625 K, m is calculated to be 36. This m value is comparable to that of Zr65Cu17.5Ni10Al7.5 (m=35) [19] and Zr41.2Ti13.8Cu12.8Ni10Be22.5 (m=39) [20] BMGs.
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	Metallic glasses                          Testing method        Fracture angle              Ref.

	Zr62Al8Ni13Cu17
	  Compression 
	           39°
	            [21]

	Zr56Co26Al18
	  Compression
	           41°
	            [22]

	Zr59Cu20Al10Ni8Ti3
	  Compression
	           43°
	            [23]

	Ni42Ti19Zr22.5Al8Cu5Si3.5
	  Compression 
	         43.8°
	            [24]

	Zr68Cu13Ni10.5Al8.5
	  Compression 
	           44°
	         Current

	Zr65Ni10Al7.5Cu7.5Pd10
	       Tension 
	           50°
	            [25] 

	Pd77.5Cu6Si16.5
	       Tension 
	           51°
	            [26]

	Cu60Zr30Ti10
	       Tension
	           54°
	            [27] 

	Pd40Ni40P20
	       Tension
	           56°
	            [28]

	Zr52.5Ni14.6Al10Cu17.9Ti5
	       Tension
	        53−60°
	            [29]


 (
Table 6.4. Summary of fracture angle for some BMGs.
)

Figure 6.5. displays the engineering stress−strain curve of the as-prepared Zr68Cu13Ni10.5Al8.5 glassy rod loaded at room temperature. The BMG initially exhibits a elastic strain of approximately 1.9 % at a yield strength of 1655 MPa, followed by mechanical yielding and an extended serrated flow behaviour, which is characterized by repeated cycles of a sudden stress drop followed by elastic reloading. The fracture strength and overall engineering plastic strain to failure are 1552 MPa and 11.2%, respectively. The inserted image reveals that the fracture surface exhibits a typical shear fracture feature, suggesting the glassy alloy fractured in a shear mode under compression. Besides, the compressive fracture angle θc is measured to be 44°. Many studies have shown that metallic glasses exhibit asymmetric behaviour in compression and in tension. For comparison, Table 6.4 summaries the fracture angle in various BMGs [21−29]. It is observable that the fracture angle is generally in the range of 39−44° for compression and 50−60° for tension. However, according to the classical von Mises or Tresca criterion, this angle would be expected to lie at 45° to the compression axis. Thus both criterions cannot satisfactorily explain the fracture behaviour of metallic glasses, which consider only the shear stresses in polycrystalline metals. 
Donvan [30] recently demonstrated that yielding/fracture follows the Mohr-Coulomb criterion by investigating a Pd40Ni40P20 metallic glass under different loading modes. He suggested that shear fracture of BMGs depends not only on the shear stress but also on the stress normal to the shear plane. The general form of the criterion can be described as
   

with τy the effective shear fracture stress, τ0 and σ0 the shear and normal stresses on the shear plane, respectively, and α a empirical constant. Using the mechanical date of σf =1552 MPa and θ =44°, τ0 and σ0 can be calculated by following expression:


                                                                                                                                                 
                                                                                                                                                  The fracture angles θc and θt were found to be closely related to the constant α by [31]


Thus the constant α is determined to be 0.035. By substituting τ0, σ0 and α into Eq. (6.5), the effective shear fracture stress τy for the current Zr-based BMG can be obtained
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Figure 6.6.
 SEM fractographs of 
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; (c) 
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Unlike crystalline materials, the deformation processes in metallic glasses are mostly controlled by the operation and evolution of shear bands. Figure 6.6 displays the SEM images of the Zr68Cu13Ni10.5Al8.5 BMG after compression to fracture. Numerous shear bands are observable on the lateral surface of the deformed specimen (Figure 6.6 (a)). The primary shear bands propagate along a direction deviating by 2−4° from the maximum shear stress direction of 45°, while many secondary shear bands are branched out from the primary ones. The average spacing of the primary bands is about 75 μm, and the average shear offset is about 8.6 μm. It is believed that the generation of abundant shear bands contribute to the large plastic deformation in the Zr68Cu13Ni10.5Al8.5 BMG alloy. Moreover, the fracture surface is mainly covered by a vein-like pattern, as seen in the Figure 6.6 (b). The pattern extends along the shear direction and dominates most of the fracture surface. This pattern has been widely reported in other BMGs [23, 24], which is explained by the rapid decrease in viscosity within a shear band induced by energy release upon deformation. The temperature rise up to 0.5Tm or Tm reduces the flow stress and enables the deformation to proceed in a viscous flow pattern, and this leads to the formation of a vein-like structure [32]. Recently, Liu’s group [33] revealed that a significant temperature rise within a shear band can be achieved by collective STZ deformations. The temperature increase in a single shear band can be calculated as 

                                                                

where ρ is the density, Cp is the heat capacity, σf is the nominal fracture strength, and α≈0.9 is the ratio of the plastic work converted to heat. σf =1552 MPa and ρ=6.52 g cm−3 can be obtained for the current alloy. For a typical Zr−Cu−Ni−Al BMG, Cp≈0.32 J g−1 K−1 [34]. The instantaneous temperature rise is then determined to be 335 K. Thus the shear band temperature is very close to Tg (625 K) upon fracture. This interesting result indicates that the formation of vein pattern in metallic glasses may be attributed to the local heating. 
In addition to the dominant vein-like morphology, the intermittent smooth regions (I) and river-like pattern (II) are also found on the examined fracture surfaces, as seen in Figure 6.6 (c). In the region II, many shear striations oriented perpendicular to the shear direction are observable. The intermittent smooth has been attributed to the fast propagation of shear band [35]. However, these striated patterns provide evidence that the shear band propagation in the current alloy may not be as fast as in other BMGs [36]. The river-like pattern is also observed randomly distributed near the edge of the fracture plane. This morphology was attributed to easy separation along the secondary shear bands at the instability before fracture because of the significant difference between values of critical strain accommodation along perpendicular and parallel direction with respect to the shear bands plane [37]. 
Although BMGs have many desirable mechanical and physical properties, they usually exhibit macroscopically rather brittle deformation behaviour at ambient temperature as a result of highly localized shear-band formation. In order to overcome this critical problem, many efforts have been made with a hope to change the deformation manner from inhomogeneous (or localized shear banding) to homogeneous deformation [38−40]. The main method is to prepare a composite structure by introducing a second ductile crystalline phase into the liquid BMG [41] or by in situ precipitation of nanocrystalline [42]. Interestingly, a large number of monolithic BMGs have shown outstanding room-temperature plasticity. Various mechanisms for the origin of enhanced plasticity have been suggested including (1) in-situ nanocrystallization during deformation [43]; (2) high Poisson’s ratio [44]; (3) the presence of inhomogeneity (including liquid phase separation) [45]; (4) and large free volume [46]. So as to obtain an understanding of the ductile deformation behaviour of the current high-Zr-based BMG, different techniques were carried out to investigate its internal microstructure and elastic properties. 
The SEM-EDS results of the as-cast Zr68Cu13Ni10.5Al8.5 BMG specimen are shown in Figure 6.7. The original microstructure shown in Figure 6.7 (a) displays a typical featureless amorphous structure within the resolution of equipment. The EDS measurements confirm that the actual composition of the cast alloy is very close to the nominal value (Figure 6.7(b)). The composition mapping was also employed to investigate the distributions of constituent elements (Zr, Cu, Ni and Al). It is also found that all the constituent elements distribute uniformly in the alloy specimen, indicating a good chemical homogeneity on a microscale (Figure 6.8). 
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Composition mapping of constituent elements Zr, Cu, Ni and Al.
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Recent work suggested that nanoprecipitates [42] or liquid phase separation induced nanoscale variations in composition [45] are beneficial for improving the ductility of metallic glasses. The increased mechanical properties are caused by the fact that the nanocrystals exhibit a high ratio of interface to volume. Meanwhile, the high-strength nanocrystallines have demonstrated that they can act as propagation barriers of shear bands and prevent premature failure upon mechanical loading. Based on this, HRTEM was further employed to verify whether the nanocrystals exist in the amorphous matrix for the current alloy. It can be seen that the alloy specimen exhibits a homogeneous contrast without any sign of nanocrystals (Figure 6.9). Also, we can only see the halo rings from the corresponding SADP, indicating a typical purely glassy structure. Therefore, the SEM and TEM observations demonstrate that the remarkable compressive plasticity in the Zr68Cu13Ni10.5Al8.5 BMG is not caused by local chemical/structural inhomogeneity. 
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It is well known that the deformation behaviour in a solid is closely related to the applied shear stress and normal stress. The shear stress can drive plastic deformation in the material; while the normal stress can lead to structural dilatation up to failure. Therefore, the inherent ductility of a solid material may be associated with their elastic properties; namely, the ratio of shear modulus (G) to bulk modulus (B). Lewandowski [47] first reported a relation between the fracture energy and the G/B ratio in metallic glasses. When the G/B ratio is below 0.41, the alloy is considered as a potential ductile metallic glass. Interestingly, such a correlation has also been found in polycrystalline materials by Hecker and his co-workers [48]. It is suggested that a small G can favour plastic deformation and a large B can prevent early structure collapse. For isotropic materials (e.g. glassy alloys), the G/B ratio can be written in terms of Poisson’s ratio (υ):


 

Obviously a low G/B ratio corresponds to a high υ and vice versa. Thus the G/B ratio and υ are good phenomenological indicators of intrinsic ductility in metallic glasses. For example, Schroers et al. [44] recently synthesized a Pt-based BMG which exhibited a pronounced global plasticity of 20% in compression and a large fracture toughness of about 80 MPa m1/2. They attributed the excellent mechanical properties to its low G/B ratio of 0.165 and high υ of 0.42. 
The elastic properties of the Zr68Cu13Ni10.5Al8.5 BMG were measured by ultrasonic method. The results were summarized in Table 6.5. The measured E value is very close to the value of 87.1 GPa obtained from the stress-strain curve in Figure 6.5. It can be seen that the value of υ in the current alloy is much lower than that in the Pt57.5Cu14.7Ni5.3P22.5 BMG [44]. Actually, many Zr-based metallic glasses with comparable υ values have been reported to show rather brittle behaviour in compression, such as υ=0.369 for Zr47Ti12.9Nb2.8Cu11Ni9.6Be16.7 BMG [49] and υ =0.362 for Zr57Ti5Cu20Ni8Al10 BMG [50]. The results imply that the significant plasticity in the Zr68Cu13Ni10.5Al8.5 BMG may not arise from its elastic properties.  
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	ρ (g/cm3)
	G (GPa)
	B (GPa)
	E (GPa)
	G/B
	υ

	6.52
	31.3
	108.2
	85.6
	0.289
	0.368






[bookmark: _Toc381374448]So what is the possible origin for the extensive shear band formation in the Zr68Cu13Ni10.5Al8.5 BMG? It is generally accepted that free volume is closely associated with the deformation behaviour in glassy alloys. The free volume can provide sites for shear band nucleation and branching, resulting in enhancement in ductility of BMGs [46]. Recently, it was reported that free volume is always surrounded by Zr atoms in Zr-based BMGs [51, 52].  Based on the positron annihilation analysis of coincidence Doppler broadening (CDB) experiments, Hono’s group [52] found that the intensity of the experimental ratio curve is lower than the weighted average, indicating that positrons preferentially annihilate next to Zr atoms. This implies that the free volumes in BMGs are located near Zr atoms. Besides, the intensity of the CDB ratio spectra in high-momentum region increases for the annealed specimens, suggesting that the preferred positron annihilation with the Zr atom decreased. This also relates to the reduced free volume adjacent to the Zr atoms. Thus, high fraction of Zr−Zr atomic pairs in the current BMG is probably accompanied by more free volume, which can provide more favoured sites for the nucleation of shear bands. Zhang et al. [53] recently revealed that the plastic behaviour for monolithic BMG depends on the local atomic-structure. A lower icosahedra population would cause more flow regions and a large number of STZ events globally, thereby sustaining more plastic strain prior to failure. Furthermore, they suggested that the high Zr content can impede the development of full icosahedra local order that strongly affect shear transformations and shear banding behaviour during deformation. Thus, one may expect that the fraction of full icosahedra clusters decreases with the increase in Zr content in the Zr−Cu−Ni−Al alloy system, leading to more fertile sites to promote the generation of multiple shear band and consequently large plastic strain. 

6.3.4 Effect of Strain Rate on Compressive Behaviour  

Figure 6.10 (a) displays the compressive stress−strain curves of the Zr68Cu13Ni10.5Al8.5 BMG at strain rates between 2×10−4 to 2×10−1 s−1. Initially, each alloy displays a large elastic strain limit of approximately 2%, like most metallic glasses. After yielding, the alloy deforms in a plastic manner with strain softening. It is observable that the plastic strain is highly dependent on strain rate under loading. With increasing strain rates, the plastic strains are determined to be 11.2%, 2.7%, 1.7% and 0.6% respectively, indicating a negative strain rate sensitivity. At low strain rates, serration flow can be found in the plastic region, which has been reported previously in other BMGs [54]. The serration behaviour is characterized by repeated cycles of a sudden stress-drop (∆σ) followed by reloading elastically. The origin of this phenomenon was explained by the formation of new shear bands [28]. The ∆σ increases significantly with strain, from ~5 MPa at the beginning to ~ 40 MPa towards the end during deformation process, as shown in Figure 6.10 (b). Besides, it is of interest to note that the extent of the serration increases with decreasing strain rate. At a high strain rate of 2×10−1 s−1, the serration phenomenon vanishes. These results indicate that the flow serration is highly dependent on the strain rate. Under a low strain rate loading, the applied strain can be easily accommodated by a solitary shear-banding manner, which is reflected in the appearance of distinct serration. However, at a high strain rate one shear band is impossible to accommodate the applied strain promptly, and accordingly numerous shear bands must generate at the same time [55]. Thus, in metallic glasses lower strain rates can induce more significant serration while high strain rates can impede serrated flow.
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Actually, the disappearance of serration with strain rate has been found in different types of mechanical testing [56−60]. Recent work suggested that the difference in testing temperature can also induce the transition from serration to non-serration. At a given temperature there corresponds a critical strain rate at which the transition takes place and vice versa. The critical strain rate, εc, can be written as [59, 60]:



Here C is a constant, E is apparent activation energy associated with serration event, kB is the Boltzmann constant, and T is the temperature. Once E meets the energy limit for the onset of plastic flow, the serration will prevail at the corresponding strain rate. Obviously, a low critical strain rate for serration in metallic glass needs a high activation energy. The critical strain rate at 298 K in the current BMG is of the same order as that reported in Vit105 alloy [60], indicating both alloys have a similar activation energy to initiate serration.
Figure 6.11shows the SEM images of the samples loaded at the strain rates of 2×10−3 s−1 and 2×10−1 s−1 up to failure. Both alloys break into two large pieces under mechanical loading. At a lower strain rate, the fracture occurs on one major shear plane, resulting in relatively smooth fracture surfaces (seen in Figure 6.11 (a)). For the sample loaded at a higher strain rate of 2×10−1 s−1, however, the fracture surfaces display a very different appearance. The surfaces are rather rough, as shown in Figure 6.11(b). A number of secondary shear planes that deflect from primary shear planes can be readily observed. Actually, the difference in fracture surface can also be explained by the rate of generation of shear band. Under lower strain rates, the final fracture of most metallic glasses is dominated by one major shear band, thereby forming a single shear-off fracture surface. However, under higher strain rates multiple shear bands have to operate simultaneously so that the applied plastic strain can be accommodated, resulting in the formation of a rougher fracture surface. 
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Figure 6.12 displays the detailed fracture morphologies of the Zr68Cu13Ni10.5Al8.5 BMG loaded at the strain rates of 2×10−3 s−1 and 2×10−1 s−1. Under a low strain rate of 2×10−3 s−1, the microscopic observation reveals that the fracture surfaces are mostly dominated by vein-like patterns spread along the shear direction (seen in Figure 6.12 (a). In addition, some other typical fracture morphologies, such as river-like patterns and intermittent smooth regions, were found in the fracture plane (Figure 6.12 (c)). These fracture patterns are very similar to those observed previously in other metallic glasses [37]. However, the fracture morphologies of the specimen show distinct difference at a higher loading rate of 2×10−1 s−1. Besides the most dominated vein-like patterns (Figure 6.12 (b)), the fracture surface presents a complex morphology of river-like patterns, intermittent smooth regions and microvoids, as 

[image: ]













 (
Figure 6.12.
 Fracture morphologies of the specimen deformed at the strain rates of (a), (c) 2×10
−3
 s
−1 
and (b), (d) 2×10
−1
 s
−1
.
)



seen in Figure 6.12 (d).  Liquid droplets are also found in the local region, indicating a higher temperature rise induced by the adiabatic heating under a higher strain rate.
The compressive strength varies with strain rate for previous reported BMGs together with current Zr68Cu13Ni10.5Al8.5 alloy was summarized in Figure 6.1. Bruch et al. [61] previously reported that the fracture strength of Zr41.25Ti13.75Cu12.5Ni10Be22.5 BMG was independent of the strain rate in compression. Mukai et al. [58] suggested that if the shear band propagates more quickly than applied strain rates, there will be weak or no strain rate effect on compressive strength. However, a decrease in fracture stress with increasing strain rate has been reported by some researchers, such as ribbon Dy60Al40 by Sergueeva et al. [62], and ribbon Zr65Al10Ni10Cu15 by Kawamura et al. [63]. They considered the negative strain rate sensitivity caused by the specimen geometry being of ribbon form, which tends to be more susceptible to internal defects and inhomogeneities at higher strain rates. In contrast, Zhang et al. [64] demonstrated that the fracture strength of Ti45Zr16Ni9Cu10Be20 BMG exhibits a positive strain rare effect in compression. They assumed that it might be related to the nanoscale microstructure in the amorphous alloy. These conflicting results indicate that the effects of strain rate on mechanical properties of BMGs are highly correlated with the composition of the material itself, loading conditions and specimen geometry. 
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At strain rates between 2×10−4 and 2×10−2, a slight decrease in fracture strength is observed for the Zr68Cu13Ni10.5Al8.5 BMG alloy. However, it decreases rapidly with a further increase in strain rate to 2×10−1, indicating a negative strain rate effect in the current study. Based on Spaepen’s free−volume model [65], there are two competing processes of structural change that lead to a local viscosity decrease. One process is related to structural disordering induced by shear deformation, which is often described as free volume generation. The other is a diffusional relaxation or ordering process often referred to as free-volume annihilation. Before mechanical loading, the average free volume, νf, is fully dependent on the original structure of glassy alloy, which can be written as [64]:



where χ is a geometrical factor between 0.5 and 1, ν* is the hard sphere volume, nD is the number of diffusive jumps required to annihilate a free volume, k is Boltzmann constant, T is the temperature, S =2μ(1+υ)/[3(1−υ)], τ is the shear stress, and Ω is the atomic volume. At low stresses the free volume generated by the applied stress can be readily annihilated by the diffusion so that the νf in the specimen keeps a constant value. If the stress is above the critical value, however, the creation rate of free volume exceeds the annihilation rate. Consequently, the total free volume within the shear bands will continue increasing during plastic deformation. 
At low strain rates, the average free volume increases gradually once the applied stress exceeds the critical value. As the loading increases slowly, the early formed shear band embryos could develop into fully mature bands and become the major model to accommodate the applied plastic strain during shear deformation. With the increasing of free volume, the free energy of the shear band also increases gradually, which could facilitate the nucleation of void [66]. Thus the gradual increase of free volume can delay the formation of voids and thereby inhibit premature fracture. However, a large amount of free volume is spontaneously created under high strain rate loading, so numerous voids are correspondingly formed as a result of free volume coalescence, which speeds up the generation of local microcracks in the material and promotes fracture at a lower stress than specimens deformed at low strain rates. Moreover, the rapid increase of applied stress can also cause significant temperature rise and severe local melting due to the adiabatic conditions prevailing in the specimen.

[bookmark: _Toc381374449]6.4 Conclusions

In this chapter the GFA, thermal, kinetic, mechanical behaviours and strain rates effect on the mechanical properties of Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6 at. %) BMG alloys were investigated. Among the alloy series, the as-cast Zr68Cu13Ni10.5Al8.5 alloy displays the best GFA with a critical casting diameter of 2.5 mm, and subsequent mechanical testing demonstrates that the alloy shows a large compressive strain of 11.2% at room-temperature. SEM/EDS and HRTEM observations reveal that all the constituent elements distribute uniformly in the as-cast alloy specimen, and no structural inhomogeneity such as phase separation or partial crystallization can be found. The large plasticity is considered to originate in more free volume and lower icosahedral population induced by the introduction of a large amount of Zr−Zr atomic pairs. It is also found that the fracture strength exhibits negative strain rate sensitivity. The decrease in fracture strength is mainly attributed to the nucleation of voids caused by the rapid increase of free volume under higher strain rates.
[bookmark: _Toc381374450]
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Summary and Conclusions
 
The aim of current work was to develop BMG or BMGCs that exhibit ductile behaviour in compression at room temperature. Some of the most important inventions and discoveries made in the course of pursuing that goal are summarized below.

1. From the data reported thus far in the open literature it is notable that phase-separating glasses can be obtained if one or more atom pairs are intentionally included in alloy systems. Based on this observation a Cu47.2Zr46.5Al5.5Nb0.8 metallic glass alloy was designed, and a thermodynamic calculation suggests that the alloy solution is under a metastable state and would potentially undergo phase separation by a nucleation and growth mechanism during solidification. 

The effect of cooling rate on microstructures of Cu47.2Zr46.5Al5.5Nb0.8 metallic glass was investigated. It was found that the as-spun ribbon alloy has a uniform and non-contrasting structure from TEM observation. However, TEM and corresponding SADP clearly show the presence of two different glassy phases with a dark contrast homogeneously embedded in a matrix with a bright contrast. EDS and EELS measurements confirm that the bright matrix phase is rich in Zr/Nb while the dark particle phase is rich in Cu/Al. This work suggests that the Cu47.2Zr46.5Al5.5Nb0.8 alloy could move to the metastable liquid immiscibility gap with a suitable cooling rate, followed by separation into Zr/Nb-rich and Cu/Al-rich glassy phases during rapid solidification.

The phase-separated Cu47.2Zr46.5Al5.5Nb0.8 BMG alloy exhibits a significant plastic strain   of 16.3% at room temperature. Comparison of elastic moduli of phase separated regions in the present work with those reported previously suggests that a small difference in shear modulus between phases may be necessary before pronounced plastic deformation can occur.

2. The effect of micro-alloying addition of Nb on GFA and microstructure of Zr−Cu−Ni−Al alloy system was investigated. XRD and DSC results prove that the GFA is deteriorated with increasing of Nb content. TEM image shows a homogeneous pattern for the alloy without Nb addition. When Nb addition is 0.3%, it was found that fine structural heterogeneity appears in the local area of the specimen. As the Nb content is further increased to 0.5%, however, it is observable the alloy consists of two distinct amorphous phases as can be confirmed by the inserted SADP exhibiting two halo rings. 

The level of ductility in compression was seen to increase from ~2 to ~ 20%, and this is ascribed here to the presence of two different glassy phases arising from phase separation in the liquid state. Theoretical calculation of the elastic moduli for the phase-separated regions of both the BMG in the present work and those previously identified in the open literature reveals that the enhanced plasticity in phase-separated alloys may attribute to the small difference in G between two glassy phases (corresponding small stress concentration factor D). This may create similar dynamics for STZ formation, permitting shear banding to develop throughout the whole microstructure rather than just in the soft phase.

3.  The GFA, thermal, kinetic and mechanical properties of high-zirconium-based Zr68Cu(16-x)Ni(7.5+x)Al8.5 (x=0, 3, 6 at. %) alloys were investigated. The Zr68Cu13Ni10.5Al8.5 alloy exhibits the best GFA with a critical casting diameter of 2.5 mm among the alloy series. DSC traces revealed that it undergoes two-stage crystallization. Based on Kissinger and Ozawa method, it was found that the nucleation process is more difficult than the growth process for both crystallization stages. The Zr68Cu13Ni10.5Al8.5 alloy shows a remarkable compressive strain of 11.2% at room-temperature. SEM/EDS and HRTEM observations reveal that the alloy specimen exhibits homogeneous distribution of all constituent elements, and neither phase separation nor partial crystallization can be detected. The large plasticity is considered to originate in more free volume and lower icosahedral population induced by increasing the fraction of Zr−Zr atomic pairs. 

It was also found that both compressive strain and fracture strength of the Zr68Cu13Ni10.5Al8.5 BMG decrease with increasing strain rates in the range of 2×10−4 and 2×10−1. Serrated flow is observable in the stress−strain curves at a low strain rate, but gradually diminishes with increasing strain rate, indicating that flow serration is a major recovery process during deformation. The decrease in fracture strength is mainly attributed to the creation rate of the free volume increasing with the strain rate increases.
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1. Develop more phase-separated BMGs based on thermodynamic calculations. Theoretical work suggests that the enhanced compressive plasticity in phase-separated BMGs may be associated with the small difference in shear modulus between two glassy phases. However, due to limited data available in the literature, it is necessary to develop more bulk-type metallic glasses with a phase-separated structure to obtain a comprehensive understanding of their deformation mechanism. 

2. Design a new phase-separated BMG with a larger critical casting size. Although some phase-separated BMGs exhibit good ductility in compression, their tensile deformation behaviour is still not yet known due to the difficulty with specimen preparation. If so, this would enable a more complete investigation of their deformation behaviours under different modes of loading.

3. Investigate the effect of cooling on the characteristic sizes of two glassy phases and resultant mechanical properties.

4. Detailed study of the crystallization behaviours of current phase-separated BMGs during annealing heat treatment.

5. Complete the 3DAP analysis on the as-cast Zr−Cu−Ni−Al−Nb BMG specimens, if possible. This would enable a more detailed observation of compositional variations in BMGs on the atomic scale.

6. Continue the study of the local order in high-zirconium-based Zr−Cu−Ni−Al BMG alloys using molecular dynamics simulation to determine, so to see if the high Zr content would discourage the development of full icosahedra local order that strongly influences shear transformations and shear banding behaviour under mechanical loading.
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Appendix A (Abbreviations and Symbols)

I. Abbreviations 

	BMG     
	=
	Bulk Metallic Glass

	BMGCs
	=
	Bulk Metallic Glass Composites

	GFA
	=
	Glass Forming Ability 


	DSC  
	=
	Differential Scanning Calorimetry

	DTA        
	=
	Differential Thermal Analysis 


	XRD
	=
	X-Ray Diffraction

	SEM
	=
	Scanning Electron Microscopy

	EDS   
	=
	Energy Dispersive Spectrometer

	TEM
	=
	Transmission Electron Microscopy

	HRTEM
	=
	High Resolution Transmission Electron Microscopy

	STEM
	=
	Scanning Transmission Electron Microscope

	EELS
	=
	Electron Energy Loss Spectroscopy


	SADP
	=
	Selected Area Diffraction Pattern

	3DAP  
	=
	Three-Dimensional Atom Probe

	STZ
	=
	Shear Transformation Zone

	FV
	=
	Free Volume
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II. Symbols

	B
	=
	bulk modulus

	C
	=
	constant

	Cp
	=
	heat capacity

	dc
	=
	critical casting diameter

	D
	=
	stress concentration factor

	E
	=
	Young’s modulus

	Eg
	=
	activation energy of glass transition

	Ex
	=
	activation energy of crystallization

	Ep
	=
	activation energy of peak crystallization

	f
	=
	volume fraction

	f0
	=
	frequency of atomic vibration

	G
	=
	shear modulus

	Gmix
	=
	Gibbs free energy of the liquid

	K
	=
	thermal conductivity

	kB
	=
	Boltzmann constant

	Lsb
	=
	length of shear band

	m
	=
	fragility parameter

	nD
	=
	number of jumps required to annihilate a free volume

	Q
	=
	activation energy associated with serration event

	R
	=
	gas constant
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	ϕ
	=
	heating rate

	T
	=
	temperature

	Tr
	=
	room temperature 

	Tg
	=
	glass transition temperature 

	Tx
	=
	onset temperature of crystallization 

	Tm
	=
	melting temperature  

	Tl
	=
	liquids temperature 

	Tp
	=
	peak temperature 


	Tf
	=
	temperature in the liquid region of the shear band

	Trg
	=
	reduced glass transition temperature

	v*
	=
	hard sphere volume

	vf
	=
	average free volume of an atom

	vs
	=
	shear velocity

	vg
	=
	growth velocity of the shear band

	νl
	=
	longitudinal velocity

	vR
	=
	velocity of a Rayleigh wave

	vs
	=
	shear displacement velocity

	w
	=
	thickness of shear band

	xi
	=
	atomic fraction

	Vm
	=
	molar volume

	α
	=
	plastic work converted to heat

	β
	=
	ratio of the dilatation to the shear strain

	γ0
	=
	characteristic strain of an STZ

	ω
	=
	interaction parameter between two constituent elements
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	η
	=
	viscosity

	γt
	=
	surface tension

	Ω
	=
	atomic volume

	ρ
	=
	density

	ζ
	=
	pressure gradient 

	υ
	=
	Poisson’s ratio

	εc
	=
	critical strain rate

	εp
	=
	plastic strain

	ψ
	=
	stability parameter

	χ
	=
	geometrical factor between 0.5 and 1

	θc
	=
	shear fracture angle under compression 

	θt
	=
	shear fracture angle under tension

	λs
	=
	particle spacing

	τ
	=
	average structural relaxation time

	τ0
	=
	shear stress

	σ0
	=
	normal stress

	σf
	=
	fracture strength 

	∆ Tx
	=
	supercooled liquid region

	∆ Ts
	=
	temperature increase in a single shear band

	∆ Gm
	=
	activation barrier

	∆Hmix
	=
	heat of mixing
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Appendix B (Thermodynamic Calculation)

The thermodynamic calculation was carried out to identify whether the potential composition would undergo phase separation in the liquid state during rapid solidification. Using a subregular solution model, the Gibbs free energy of the liquid (Gmix) can be obtained from the expression
                                                                                                                                      
                                                                                                                                      

Here the first term refers to the contribution purely from elemental properties without interaction, xi is the atomic fraction of the component i (Zr, Cu, Al, and Nb), and Gi is the free energy of component i in the reference state. The second term refers to the ideal mixing contribution, and R is the gas constant (8.314 J mol−1k−1). The third term refers to the excess free energy, υ is the order of the term considered, and ωij is the interaction parameter between the i and j components, which can be obtained from Thermo-Calc software.

(1)  Pure elements contribution      
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(2) Ideal mixing contribution                                                                                                                                                                                               
                   



(3) Excess free energy
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 (
Table 1 Interaction parameters for constitutive binary systems.
)
	System
	ω0ij / (J/mol)
	ω1ij / (J/mol)
	ω2ij / (J/mol)

	Al−Cu
	−66622+8.1*T
	46800-90.8*T+10*t*Log[T]
	−2812

	Al−Nb
	−80470+23.476*T
	−18176.2+14.282*T
	11868

	Al−Zr
	−125000+35*T
	−10000+5.57*T
	15750

	Cu−Nb
	204361.19−89.931411*T
	−105148.17+57.81653*T
	−

	Cu−Zr
	−61685.53+11.29235*T
	−8830.66+5.04565*T
	−

	Nb−Zr
	10311
	6709
	−




The stability of solution can be assessed by a stability function ψ in terms of Gibbs free energy Gmix of the system and atomic percentage of i component xi. For the Cu47.2Zr46.5Al5.5Nb0.8 alloy, ψ can be written as 

                                  

                                                                                                                                                  
                                                                                                                                         


The calculation work can be performed by a Mathematica programme as follows

i) Stability calculation 
f[xzr_, xCu_, xAl_]=Det[{{D[Gmix, xzr, xzr], D[Gmix, xzr, xCu], D[Gmix, xzr, xAl]},{D[Gmix, xCu, xzr], D[Gmix, xCu, xCu], D[Gmix, xCu, xAl]},{D[Gmix, xAl, xzr], D[Gmix, xAl, xCu], D[Gmix, xAl, xAl]}}; 
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 f[0.472, 0.465, 0.055]                                                                                                                   
Plot[Exp.(16),{T,650,1250}]  (as seen Figure 4.3.(a))

ii) Compositional dependence of (dGmix/dx)
f[xzr_, xCu_, xAl_]=D[Gmix, xzr]; f[0.472, 0.465, 0.055]                                                       
Plot[Exp.(17),{T, 650, 1250}]  (as seen Figure 4.3.(b))
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