FRACTURE CGHARACTERISTICS AND
MECHANISMS IN CAST STEEL

NIGEL HOWARD CROFT M.A. (Cantab.)

Thesis submitted in fulfilment
of the requirements for the . -
degree of Doctor of Philoscphy, -
at the Department of Metallurgy,
University of Sheffleld |

DECEMBER, 1981.

!




For Joe



- (i) -
FRACTURE CHARACTERISTICS AND MECHANISMS
IN CAST STEEL
By Nigel Howard Croft, M.A. (Cantab.)
SYNOPSIS
The current practice:s of the UK steel foundry industry have been
described and a review has been made of the fracture characteristics
and mechanisms which commonly occur in steel castings. Emphasis
has been placed on intergranular embrittlement phenomena caused
by segregation and precipitation effects, and in particuiar the

role of aluminiun nitride has been considered.

The problem of AlN-induced intergranular fracture (I.F.) has been
examined using experimental O,30C-1.50Mn castings with varying

Al and N contents, and commercially-produced material. The
mechanism of fracture has been studied using various optical and
electron optical techniques and the existence of two forms of AIN
(a plate-like form and a dendritic form) has been confirmed.
Directiocnal solidification work has shown that the dendritic AIN
forms in the residual liquid at a late stage of solidification. The
plates are precipitated at a later stage when the casting is fully
solidified. The plates nucleate at the grain boundaries and grow
into the adjacent austenite grains with an orientation relationship
of the form

(OOOI)AIN// {lil}Y ; <IOTO>A1N// <1TO>Y

The effects of some processing variables on the susceptibility to IF
have been examined. IF is favoured by a high Al and N content and .

a slow cooling rate. The state of heat treatment was ia]Tso found
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to be important, with quenched and lightly-tempered samples being
more susceptible to IF. A model has been proposed which is based
on a comparison of the relative yield strength, cleavage strength

and intergranular strength of a casting. This can be used to

explain the variation in fracture behaviour with testing temperature.

A programme of mechanical testing has shown that different testing

techniques and conditions can influence the severity of IF observed
quite significantly. Although éhere maybe a considerable decrease
in Charpy impact energy as a result of intergranular embrittlement,
there 1s little effect on the initiation value of the crack opening
displacement (J;). The C.0.D. at maximum load, (6,,.,) » however,

is decreased and the implications with regard to engineering design

practices are considered.
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Chapter 1

. Introduction

The casting route continues to provide a uniquely versatile and
economic method of producing certain engineering components

in spite of many recent developments i1n the fields of metal
forming and fabrication. Steel castings in particular have a
nunber of applications in the mechanical engineering industry.
They are widely used in chemical plant, earth moving equipment,
mining and mineral processing, iron and steel plant and the

power generating industry (Reynolds, 1979).

Complex geometry and difficulties in hot working often dictate
that some components can only be made by casting, but very

often there 1s direct competition from a forging route. Although
on purely economic grounds casting directly to final shape is
usually the more favourable, doubt is often expressed about the

quality of the cast product with regard to internal integrity

and surface quality.

Reynolds (1979) suggests that there is nothing inherently wrong
with a correctly heat-treated cast structure. Indeed, a wide range
of mechanical properties can be achieved simply by varying the
carbon and alloy content of the steel, and the heat treatment of
the casting. These properties tend to be more isotropic than

in comparable wrought materials (Nakajima et al, 1977). The

main problem is the incidence and detection of random defects.

Alloy compositions are available to cater for most physical and

mechanical requirements, but it is necessary to ensure that the
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castings will perform as specified, having due regard for the

imperfections which often arise during the casting process.

In recent years, the techniques of linear elastic fracture
mechanics and general yielding fracture mechanics have been
increasingly used as a design and inspection tool in the
manufacture of pressure vessels and welded assemblies. Such
techniques are now being applied to large steel castings, making
it possible to assess the significance of any discontinuities
with greater confidence, and to ignore any defects which are
unimportant (Selby, 1979). Whilst this can result in the adoption
of more realistic design criteria and the avoidance of over-
specification, it i1s imperative that the mode of failure under
service conditions can be predicted. Clearly it would be totally
inappropriate to design a component using room temperature
toughness data if it were to be used at temperatures below the
ductile-brittle transition. Equally important, however, is the
need to avoid other embrittlement phenomena which may change the

fracture mechanism at a given temperature, and result in a

lowering of the toughness,

One such problem which is occasionally encountered in carbon and
low alioy steel castings is intergranular fracture (I.F.) which
is often referred to more pictorially as '"Rock Candy' fracture.

This has been responsible for a number of premature failures

in service and the rejection of large tonnages from within the

foundry as a result of cracking in the mould. Intergranular

fracture is usually encountered at temperatures above the ductile to
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brittle (cleavage) transition, resulting in a dramatic reduction

of the upper shelf toughness. Although there are many

contributory causes, investigations in the past have shown a major
factor to be the precipitation of aluminium nitride on the prior
austenite grain boundaries of the steel. Preferential failure

can occur around these precipitates, and even though a new

system of grains may have been established by subsequent heat
treatment, the fracture still appears to follow the original
as-cast boundaries. This behaviour is characterised by the presence

of coarse, shiny facets on the fracture surface.

Previous work by Woodfine and Quarrell (1960) and Wright and
Quarrell (1962) has identified the presence of two morphologies
of aluminium nitride on the fracture surface, a dendritic and
a plate-like form. Since this time, however, there has been
little fundamental research on the phenomenon, and despite
nunerous ad-hoc investigations of commercial failures,

Intergranular fracture is still a cause of serious concemn among

foundrymen.

The aim of this research is therefore to adopt a more basic
approach to the problem by examining the precipitation behaviour
of alumnium nitride in experimentally and commercially melted
steels, and relating this to the fracture mechanisms observed.

A steel of nominal composition 0.30%C, 1.50%M (BS 3100 A5/6)

has been used as a basis for the experimental work, since previous
investigations have shown this to be particularly susceptible

to intergranular fracture. Initially, experimental castings were
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made with varying aluminium and nitrogen contents, and were
subjected to different heat treatments to obtain a range of
hardness levels. Fracture surfaces from bend specimens were
examined optically and in the scanning and transmission electron
microscopes. In parallel with this work, examinations were made
of commercially produced castings which had failed in an inter-

granular manner.

Subsequent work was aimed at defining more clearly the
crystallography of the aluminium nitride precipitates and the
details of the precipitation temperature of the two morphologies
observed. Directional solidification techniques were used to

exert greater control over processing parameters.

In order to quantify the effects of I.F. on mechanical properties
impact tests were carried out, and the results compared to
information obtained by fracture toughness (C.0.D.) testing.

In this way, the practical implications of intergranular fracture

could be assessed.

Chapter 2 gives a general outline of the steelmaking methods in
use in the UK steel foundry industry today with particular
emphasis on the gas content associated with each. This is intended

to place the current research in its industrial context.

Chapter 3 1s a review of the various fracture mechanisms by
which a steel can fail under normal service conditions. The
current theories of ductile and brittle (cleavage) fracture are

discussed briefly, and the conditions under which intergranular
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fracture can occur are considered. Several particular causes of

I.F. are described in more detail.

The role of aluminium nitride in causing I.F. is discussed in
Chapter 4 which also gives details of the solubility and
precipitation of AIN. Other phenomena which are attributable

to AIN are mentioned.

Chapter 5 describes the experimental techniques used in the
current research, most of which are well established and are
only considered briefly. These include electron metallography,
mechanical testing (tensile, impact and fracture toughness) and

directional solidification.

Chapters 6, 7 and 8 give the results, discussion and conclusions,

respectively.
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ChaBter 2
The Steel Foundg Industzz - Current Practices

2.1 Introduction

Before embarking on a review of the scientific literature relevant
to the fracture of cast steel, it is pertinent to survey briefly

the various methods employed to produce steel castings in the UK.
This will place the current research in context, and will high-
light some of the technological and economic limitations which often

dictate that the ideal solution to a scientific problem cannot be

implemented in practice.

The business of the steel foundry industry is the production of
plain carbon, low alloy and high alloy steel castings. General
areas of application are shéwn 1n Fig . 2.1. Casting processes
are available which are suited to the production of virtually any

size component from a few grams to over two hundred tommnes, and in

any quantity, from a "one-off" to many millions.

In 1978, British foundries produced approximately 250,000 tonnes

of castings worth over 1225m before finish machining, and

employed over 20,000 people. This compares with a total world
production of 13M tonnes p.a., of which the USSR produces almost
M tonnes, the USA 1.6M tonnes and Japan 0.6M tonnes. (Jackson,
1979).

2.2 Steelmaking
In the UK, liquid steel for making castings is melted mainly by

electric arc and induction furnaces, although techniques such as

AOD are currently being introduced for special applications.
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Figures for 1977 (Jackson, 1979) show that in British foundries
369,500 tonnes of liquid steel were produced by the arc furnace
route, 109,500 tonnes by induction fumaces and 20,500 tonnes
by other techniques (mainly cupolas and convertors). Although

this means that almost 75% by weight of all castings produced are

made using arc furnace practice, it should not be concluded that
the use of electric arc steelmaking is more widespread than
induction practice, since the latter is used extensively for
producing small quantities. This 1s highlighted by a summary of
UK furnace useage for 1978. (Table 2.1).

Table 2.1 Number of furnaces of different capacities currently

in use.

Arc fumaces

<S5t 5-10t 10-20t 20-30t >30t TOTAL
61 20 15 4 3 103

Induction furnaces

<0.5t 0.5-1t 1-2t >2t TOTAL
67 96 26 20 209

In addition, 13 converter-type furnaces were also in operation.

These fighres have remained fairly constant for the last few years,

but will no doubt be affected by recent closures in the industry.

It is apparent from these data that not every foundry will be
equipped to accept orders for castings of all weights. For
example, there are only seven furnaces in operation in the UK

having a capacity of 20 tonnes or more. A customer requiring a

30 tonne casting would therefore be limited in his choice of
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approach to a foundry, but it should be emphasised that most foundries
can produce large castings by utilising the combined melting
capacity of a number of smaller furnaces.

2.2.1 Induction Practice

Despite the relatively small tonnages of steel produced by this
route, the induction furnace is widely used throughout the
foundry industry, and there are currently more than twice as

many induction furnaces as arc furnaces in operation. Induction
furnaces are less expensive than arc furnaces to buy and install,
and thelr smaller sizes (usually less than 2 tonnes) are ideally
suited for service where casting is to occur at short, but
regular intervals. One large advantage is that for a foundry
producing many grades of alloy steels, it is possible to have
several furnace bodies, each one reserved for specific steels,
all switched into one generator. This avoids contamination from
the lining in successive melts and obviates the need to make a
'‘wash heat' to remove traces of unwanted alloying elements from
the fumace. This 1s particularly important, since the induction
furnace is normally considered to be a dead melting wnit, with
most of the alloys or impurities contained in the initial charge
being retained in the final melt. Careful selection of scrap for

the furnace charge is therefore crucial, to avoid exceeding the

alloy specifications.

For example, in a series of experiments reported by Holt and
Hubbard (1975) a small induction furnace was used to remelt the
same charge three times in succession. The absence of a carbon

boil meant that the nitrogen content of the steel increased from

0.010% in the initial charge material to 0.017% after the thlrd



remelting. This resulted in porosity in the finished casting,
which highlights one of the many problems which may be encountered

by the continuous recycling of internal foundry scrap with

induction furnace practice.

Induction furmaces may be used with either an acid (Si02) oT
basic (MgO) lining, each practice having its associated
advantages and disadvantages. The main advantage of a silica
lining is its low cost, which for a comparable life is about half
that of a basic lining. However, other considerations such as the
necessity to use scrap low in sulphur and phosphorus have meant

that basic induction steelmaking practice is more common in the UK.

In preparing the charge for a basic furnace, the scrap is usually
shot blasted to remove any adherent sand, which will otherwise
form a slag and attack the furnace lining. In acid practice,
however, sand 1s left intact so that it will react with any iron
oxide present in the charge and lessen the attack of the
siliceous lining. Some foundries employing an acid practice are

actually known to add a quantity of sand to the charge when highly

oxidised or sand-free scrap is used.

Once a molten heel has formed in the bottom of the furnace, the
induction furnace becomes an ideal unit for melting small pieces
of scrap such as swarf., This is carried out almost immediately
wnder the surface of the melt and there is no preheating in the
atmosphere where oxidation can occur. This results in high yields

compared to other air melting furnaces. (Hubbard, 1972).

In dead melting practice, the scrap is charged into the fumnace
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together with all the other non-oxidisable alloying additions, and
when these have melted out, the oxidisable additions are made to
bring the steel into specification. The melt is then superheated
to the required temperature and tapped as quickly as possible.
Final deoxidation (usually with aluminium) is carried out either

in the furnace, in the ladle, or both.

If for some reason the melt has to be held at elevated temperature
for any length of time, the gaé content of the steel will increase
rapidly (see Section 2.3), and because the induction furnace normally
has to retain a molten heel for efficient power utilisation, there

is a tendency for gas pick-up to occur during each successive
tapping. To overcome this problem, the temperature of the melt

is kept as low as possible at all times, and immediately after

tapping one cast, the cold charge for the next melt is added to

the furnace.

Although it has so far been assumed that the induction furnace is
a dead melting unit, this is not entirely correct. Holt and
Hubbard (1971) report that it is possible to promote a controlled
carbon boil by the addition of small quantities of ore to the
melt. This is advantageous in that the scrap in the base charge
does not need to be so carefully selected, since carbon, manganese
and silicon removal can now be achieved. The boil also serves to
flush out unwanted gases, and promotes much lower nitrogen and

hydrogen levels. (Fig. 2.2).

Hubbard (1972) does not consider the use of vacuum induction furnaces
to be a feasible proposition for general foundry melting, but

there have recently been introduced several new furnace des igns
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which allow for operation under reduced pressure, further lowering

the gas content. However, these are not in widespread use.

2.2.2 Electric Arc Practice

The design and operation of the modern electric arc furnace is
well documented, and in the context of steel castings production
has been reviewed by Holt, Hubbard and Jackson (1973). The

main advantage as far as the steelmaker is concerned is the ability
to refine the composition of the liquid metal by using appropriate
slags, thereby obviating the need for stringent selection of

charge materials.

The most versatile unit available is the basic lined electric arc
fumace which, with the use of suitably composed slags (oxidising
or reducing), makes it possible to remove phosphorus and sulphur
to very low levels. Hence the steelmaker can use poor quality
scrap and still produce a casting with the required chemical

composition. It 1s the necessity to remove phosphorus and sulphur

which has restricted the use of an acid practice in Britain,
although acid lined furnaces are widely used in the USA, where

low phosphorus, low sulphur charges are more readily available,

The charge to the arc fumace is normally made up from a suitable

mix of light scrap (turnings, etc)., heavy scrap (feeder heads,
runners), and in some cases, ore. Prior to charging, it is usual

to add some form of recarburiser such as anthracite, coke or
crushed electrodes to the furnace bottom to ensure a sufficiently
high carbon content at melt-out. This allows an adequate carbon

boil to proceed.
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It has long been recognised that a vigorous carbon boil is the

prime factor in controlling the hydrogen and nitrogen content of
steel, and it is generally agreed that a carbon drop of 0.30%

is sufficient to remove these harmful dissolved gases to acceptable
levels (Holt, Stephenson and Jackson, 1971). There are, however,
two schools of thought as to when the boil should be temminated.
Some foundries prefer to oxidise the bath to give a carbon content
of about 0.10%, and then recarburise to the required level. dﬂlers
prefer to '"'catch'" the carbon at, or just below the level required
by the specification. The first method requires little control

to be exercised over the decarburisation period, but can give rise
to problems due to overoxidation of the bath (see Section 2.3.1).
The second technique 1s less easily controlled, but results in more
predictable oxygen contents, making subsequent deoxidation easier.
The recent introduction of rapid techniques for analysing the
carbon content of the melt (the ''checkpoint" type liquidus

arrest apparatus) has resulted in greater popularity for the
""catch-carbon'' technique.

2.3 Control of Gas Content

The presence of dissolved gases in liquid steel can have extremely
deleterious effects on the mechanical properties and structural
integrity of the solidified casting. This is a consequence of

the fact that the high solubility of many gases in the liquid
state decreases steadily with decreasing temperature, and drops
very sharply at the liquidus. Any gases present in the melt will
therefore be rejected during solidification, and unless preventative
measures are taken, will give rise to porosity in the casting.

For this reason, numerous investigations have been carried out
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over many years regarding the control and effects of the gases

commonly encountered during steelmaking.

Jackson (1975) found it convenient to divide the more 1mportant
gases into four groups:

i) The monatomic (inert) gases. .

ii) The elemental diatomic gases (e.g. O,, N,, HZ)'

iii) The compound diatomic gases (e.g. CO).

iv) The triatomic gases.

Of these, the most crucial with regard to steelmaking are the
diatomic gases, and in particular oxygen, nitrogen and hydrogen.
The monatomic gases are, however, useful since their virtual
insolubility at all temperatures allows them to be used to flush
out undesirable gases from the melt (Fast, 1965). A typical
example of this is the ladle degassing of steel using argon,
which can reduce the hydrogen and nitrogen contents quite

significantly, and also promote greater homogeneity of temperature

and composition by its stirring effect.

The solution of diatomic gases in liquid steel was first proposed
by Sievert (1929), who took into account the fact that such gases
have to dissociate before they can dissolve in the melt to form

monatomic solutions.

For the reaction G, &=/ 2 G (metal)

¢ o [G] 4

(C2]

where K is the equilibrium constant
(6] is the activity of gas atoms in the melt.

[GZ] is the activity of the diatomic gas above the melt.
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Assuming ideal gas behaviour, and that Henry's law holds, then
Sievert's law follows directly:
[%G} = K'Y PG,. where Pq 1s the partial pressure of gas

y 3

above the melt.

Because of this square root relation, it is extremely difficult to
remove completely gases such as oXxygen and nitrogen during
steelmaking. It has already been noted (Section 2.2.1) that
vacuum steelmaking facilities are not widely available in the
steel foundry industry, and so it has to be accepted that some
dissolved gas will always be present in the liquid steel, and will
be evolved during solidification. Clearly, the aim of the
foundryman is to ensure that the presence of any such gases does
not result in the formation of blowholes or porosity in the
casting. This is best effected by the addition of alloying
elements which will combine with any excess gas to produce solid
inclusions, such as oxides or nitrides, in a suitably innocuous fomm.

2.3.1 Oxygen
Oxygen plays a very important role during the manufacture of

steel, and can influence the quality of the cast product quite
significantly (Jackson, 1975). Although the reaction between
oxygen and carbon 1s vital during the steelmaking process, it is
a positive disadvantage during the solidification of steel
castings and the evolution of carbon monoxide gas is often
manifest as blowholes in the finished product. For this reason,
steel castings are always fully killed before pouring,and rimming

or semi-killed steels are never produced.

Although Carney (1953) has shown oxygen to have quite high
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solubility in liquid iron, the solubility in steel prior to
deoxidation is controlled mainly by the carbon content of the melt.
Figure 2.3 shows the carbon/oxygen equilibrium at 1540°C and
various partial pressures of carbon monoxide. This has a
particular relevance to the control of the carbon boil in electric
arc practice and subsequent deoxidation of the melt. If the boil
is allowed to progress too far, then excessive amounts of oxygen
will become dissolved as the carbon content decreases, and the
final oxygen content will be high and variable. This can give
rise to erratic yields of deoxidants, and leads to a tendency for
the foundryman to "over-kill' the steel in an attempt to avoid

blowhole formation at all costs. (Wilson, 1981).

Jackson (1975) advocates the use of the '"catch-carbon" technique
to overcome this problem. By terminating the carbon boil at a
carbon content just below the specified level, the oxygen content
of the melt will be lower, and subsequent deoxidation behaviour
more predictable. The use of this technique generally means

that an excess of carbon has to be added to the fumace charge

to allow an adequate boil to proceed.

Deoxidation of the steel is normally achieved by the addition of
weak deoxidants to the furnace (silicon and manganese, as Fe-Si
or Fe-Mn), augmented by the use of a stronger deoxidant in the
ladle, to prevent pinhole porosity. Aluminium is widely used
for this latter purpose in the form of 99% pure Al rods or bars,
because of its relatively low cost and availability compared to
elements such as titanium and zirconium. Many steel foundries

are reluctant to use titanium for deoxidation on the grounds that
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it produces a "dirty'" steel with an associated loss of impact
strength. The use of aluminium is generally satisfactory,

although variable 1levels of recovery can sometimes result in

the formation of deleterious type II manganese sulphide

inclusions, or even pin-hole porosity when yields are particularly
low. The usual morphology of sulphide inclusions in steel castings

is type III (angular) which are associated with a low oxygen

content.

A major problem may, however, be encountered when excessive
quantities of the deoxidant are used. Under these circumstances,
the aluminium which is added beyond the level for stoichiometric
combination with the oxygen is free to combine with any nitrogen
present in the steel to form aluminium nitride. Under certain
circunstances this will precipitate on the as-cast grain
boundaries during the initial cooling of the casting, and can
cause severe intergranular embrittlement. -The conditions under
which this occurs will be considered in greater depth in

Chapters 3 and 4.

It has been noted that in recent years, the amount of aluminium
used for deoxidation has been rising, and aluminium contents in
excess of 0.10% are not uncommon. The reason for this is thought
to lie in the uncertainty of prediction of oxygen content in the
furnace, and the unilateral addition of a fixed amount of aluminium
regardless of the state of oxidation of the bath. Clearly a
dead-melted induction furnace heat will require less aluminium

for deoxidation than a heavily blown electric-arc melt.
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2.3.2 Nitrogen

The absorption of nitrogen by iron and its alloys during melting
and refining operations has been recognised as important for many
years, and has been the subject of intensive investigation. The
presence of nitrogen in steel was first demonstrated in the late
nineteenth century, when Allen (1879) determined contents of
0.005% to 0.015%N by chemical methods. Indeed this is the range
of nitrogen contents which 1s frequently observed for most air
melted steels in use today. The actual nitrogen content does
vary slightly with the different steelmaking methods in use and
Speith and Vom Ende (1959) and Kuhn and Detrez (1962) have made
surveys of the nitrogen levels expected from each method.

Table 2.2 shows that the highest nitrogen contents are normally
associated with processes where there is extensive contact
between the molten metal and the atmosphere. Any nitrogen

introduced into the melt from scrap additions, pig iron and

ferro-alloys 1s usually quite small in comparison (Jackson, 1975).

Pehlke and Elliott (1960) quote a solubility of 0.045 wtiN

in pure iron at 1600°C and one atmosphere pressure and the way

in which this solubility varies with temperature is shown in

Fig. 2.4.

In 1liquid steel, the presence of alloying elements also influences
the solubility of nitrogen. Strong nitride forming elements

such as vanadium and niobium increase the solubility quite

markedly (Fig. 2.5) while carbon and silicon reduce it slightly.

In practice, the amount of nitrogen commonly found in liquid steel
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is much less than the solubility limit. (Wright, 1962). The
reason for this 1is kinetic, since it is necessary for nitrogen
in the atmosphere to dissociate before it can be incorporated
into the melt. In the arc furnace, the liquid metal is usually
protected from the atmosphere by a slag cover, making nitrogen
absorption difficult. Induction melted casts rarely benefit
from slag cover in this way and together with the absence of
a carbon boil, this can often lead to very high nitrogen levels

being encountered.

In certain grades of steel where the nitrogen content is
deliberately increased (Cottrell, 1975a), nitrogen additions are
made using cracked ammonia, calcium cyanamide, or manganese
nitride, which overcomes the kinetic problems associated with
the dissociation of molecular nitrogen. Indeed it has been
reported (Blake and Jordan, 1971) that under some circumstances
during the arc melting of iron, the absorption of nitrogen can
exceed that predicted by Sievert's law. The atithors suggest
that this 1s a result of the high local temperatures near the
arc (5000-6000K) dissociating the nitrogen and eliminating

the kinetic barrier.

Nitrogen is well known to form a number of nitrides with iron
at temperatures within the ferrite range. Paranjpe et al,
(1950) determined the phase diagram for the iron-nitrogen
system below 900°C and found the existence of five distinct
phases. In steels, however, it is unusual to find evidence
of these phases since nitrogen usually combines with other

alloying elements present to form a more stable nitride.
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Pearson and Ende (1953) collected the thermodynamic data for

most metal nitrides and their results are summarised in

Figure 2.6. The order of decreasing stability of the nitrides is:
ZYN, TiN, AIN, BN, 813N4, WN, Cer, CxN and Fe4N. The nitrides
formed by zirconium and titanium are the most stable, and because
of their very low solubility in austenite and ferrite, it can be
assumed that if a sufficient quantity of these two elements is
present, no other metal nitrides will be formed (Wright, 1962).
Under normal circumstances, however, aluminium is the most
stable nitride former present in a steel casting, since it is
used extensively for deoxidation. Thus most of the nitrogen
rejected from the melt during solidification will combine with
excess aluminium to form solid precipitates. The morphology and

distribution of these precipitates can have a profound effect on

the properties of the casting as will be discussed in subsequent

Chapters.

2.3.3 Hydrogen

The major etfect of hydrogen in steel castings is its tendency
to form gaseous pores during solidification as a result of the
decrease 1n solubility on transition to the solid state. These
pores can often be formed in conjunction with nitrogen but, as
Svensson and Fredriksson (1981) point out, hydrogen is the more
dangerous of the two gases because of its high mobility even at
moderate temperatures. This mobility can also result in the
diffusion of hydrogen to grain boundaries of the solidified
casting and the formation of hairline cracks. In steelmaking,
the major source of hydrogen is from water vapour present in the

atmosphere, although contributions from the moisture content of
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refractories and alloying elements cannot be discounted (Jackson,

1975).

With the exception of dead melted induction heats, the hydrogen
content of a bath of steel is determined by the balance between
the rate at which the water vapour dissociates and the rate

at which hydrogen is purged from the bath by the action of the
carbon boil. During the boil, the hydrogen level generally
falls to approximately 2-3ppm, but in air melted casts it is
impossible to prevent a subsequent increase during the reducing
period. Hence double-slag melts tend to have higher hydrogen
levels than single slag heats because of the longer time spent
wnder reducing conditions. Figure 2.7 shows typical variations
in hydrogen content for a 31 tomne arc furnace heat (Stephenson,

1974).

Air-melted casts usually contain 3-6ppm of hydrogen which rarely
gives rise to problems in smaller castings where diffusion to
the surface is possible. In heavy sections, however, most of
the hydrogen is retained inside the casting and can only be
removed by lengthy and costly diffusion annealing. Since it is
not possible to combine the hydrogen chemically with other
alloying elements, 1t 1s often necessary to use vacuum treatment
for large, critical components. In this way, it is possible

to reduce the hydrogen level of the melt to approximately lppm
and problems with porosity and hairline cracking are largely

eliminated. (Jackson, 1975). .
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2.4 Solidification Behaviour
2.4.1 Grain Structure
The classical representation of the grain structure of a casting
is shown in Fig. 2.8 which depicts the outer chill zone, the
intermediate columar zone and the central equiaxed zone. The
grain size and relative proportions of these zones are determined
largely by material and processing variables such as alloy
composition, pouring temperature and mould properties, (Davies
and Garland, 1975).
a) The chill zone arises from the copious nucleation of
dendrites at the mould wall as a result of thermal undercooling,
and the size of this zone depends on turbulence in the melt
caused by pouring and convection. (Bower and Flemings, 1967).
b) The columar zone is produced by a competitive growth
mechanism of the chill crystals at the solid/liquid interface.
This region exhibits strong anisotropy of mechanical properties
since the columar crystals show a preferred orientation along
the <100> directions, which are the directions of dendritic
growth (Hellawell and Herbert, 1962). The columar region
normally extends until the growth of the columar crystals has
become obstructed by the presence of equiaxed crystals in the
centre of the casting.
c) The equiaxed zone There are three major mechanisms for
producing equiaxed crystals:
i) 1isolated heterogeneous nucleation events in the melt
(Chalmers, 1963).
iij) fragmentation of the growing columar zone (Jackson

et al, 1966).
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iii) nucleation at the free surface of the casting

(Southin, 1967).

All three sources normally contribute to the origin of equiaxed
crystals to varying degrees, and it is the manipulation of
processing variables to influence these mechanisms that
facilitates control of the final cast structure. For example,
equiaxed grain formation is often enhanced by the introduction

of heterogeneous nucleants such as TiC or FeTi in steel, or by
encouraging dynamic fragmentation of the growing dendrites.

2.4.2 Solute Redistribution During Solidification

It is well known that as steels solidify there is always some
concurrent redistribution of solute elements on a microscopic

and macroscopic scale. There have been several theoretical
models proposed over a number of ‘years to describe the variation
of alloy composition as solidification proceeds. These vary in
complexity from assuming equilibrium freezing conditions to
models where complete solute mixing in the liquid is incorporated.
(Flemings, 1974). All are derived assuming that the solid/liquid
interface is macroscopically planar and moves at constant speed.
A schematic representation of the solute distribution predicted

by each model is shown in Fig. 2.9.

It is not intended to describe each model in detail, but the
simplest approximation to the solidification of a steel casting

is obtained by assuming complete mixing of solute in the liquid
and that no diffusion takes place in the solid. The latter 1s

not strictly true of course, but solid state diffusion coefficients

for most substitutional alloying elements are several orders of
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magnitude smaller than in the liquid and the effects of solute
redistribution in the solid can usually be ignored. The
exceptions are carbon and nitrogen, which are interstitial
elements and where back diffusion in the solid may be

significant.

For the unidirectional solidification of a bar of initial
composition Cy, the composition of the solid (Cg) at the solid/
liquid interface is given by

_ k-l
C, = Ck (1 -£) (2.1)

where fs is the fraction solid

k 1s the equilibrium partition coefficient.

This can alternatively be rewritten in terms of the liquid
composition (C;) and the fraction liquid (£;)

k-1
CL = CO f (2.2)

since C, = kCp and f. + f; =1
These equations have been derived by Scheil (1942) and Pfann

(1952) and are referred to as the Scheil Equations, corresponding

to curve (c¢) in Fig. 2.9. Initially, when the volume of liquid
1s large, there 1s little overall change in composition, but as

solidification proceeds, so the liquid becomes solute enriched

and providing the partition coefficient k is constant, some liquid

will remain wntil an invariant temperature (e.g. a eutectic) is -
reached. In practice this extreme is rarely achieved in steel
castings, but considerable microsegregation of alloying elements
such as P and S can and does occur. Perhaps the closest

approximation to the situation described above would be the
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formation of an interdendritic Fe-FeS eutectic in a steel

containing grossly ilnadequate amounts of manganese.

Not only can microsegregation result in high local solute
concentrations, but the effect can be compounded with the influence
of macrosegregation in the casting. There are several contributory
causes of macrosegregation, including density differences which
lead to differential movements of solute enriched liquid and
interdendritic fluid flow. (Flemings et al, 1968; Flemings and

Nereo, 1968; Mehrebian et al, 1970; Bridge and Beech, 1980).

In large castings thils macrosegregation is not inconsiderable.
In the extreme case of a 200 tonne anvil block casting which

took over 80 hours to solidify completely, Table 2.3 shows the
variation of liquid analysis in the feeder head from the start

of pouring to just before final solidification (Wilson, 1981).

Table 2.3

Variation in liquid metal analysis from start to finish pouring

of a 200 tomne casting.

0.12{ 0.40} 1.16{ 0.016{0.012{0.020{ 0.042{0.012
0.37] 0.56¢f 1.17} 0.060{0.0320.003{ 0.018{0.02

* exacerbated by the effects of arc feeding.
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Thus it can be concluded that although the nominal base composition
of a casting may be in accordance with a specification,
inhomogeneities 1n the structure arising from micro- and
macro-segregation can mean that material properties vary

significantly through the casting section.
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(IhaRter 3

Fracture Mechanisms in Cast Steel
3.1 Introduction
The aim of a Fracture Mechanics based design philosophy is to
replace the degree of uncertainty inherent in conventional
design factors by a quantitative parameter which is a direct
measure of the material's fracture resistance (Knott, 1973a).
Using this parameter, it is possible to assess the significance
of any defects present in the material with greater confidence,
and to avoid the use of excessive factors of safety (Jackson
and Wright, 1977). However, this can only be achieved satis-
factorily if the mechanism of failure under service conditions
can be predicted, and the fracture toughness data used for the

design must be representative of this mechanism.

The single most important parameter which determines the fracture

mode of steels 1s temperature, although strain rate and state of
triaxiality also play a part. In mild steels, there is usually
a sharp transition from low- to high-energy fracture over a
narrow temperature range, and this is associated with a change
in mechanism from bright crystalline cleavage to dull fibrous

fracture. A schematic representation of the effect on impact

energy is shown in Fig. 3.1.a.

For most applications it is desirable to operate under !
conditions of high impact energy, and many specifications for
steel castings now include the requirement for a minimum

impact energy at a specified temperature (BS 3100, 1976:
BS 1504, 1976). This can usually be achieved quite rea*dilj){h by .

the addition of alloying elements such as manganese to the
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steel which lower the impact transition temperature, (Reed-Hill,

1972), or by modification of the heat treatment to produce an

inherently tougher microstructure.

Although temperature has an overall effect on the fracture
mechanism, other embrittling phenomena can occur in steel
castings which result in a lowering of the fracture toughness
at temperatures where the steel would otherwise be ductile

and tough. These are particularly important, since they

can completely invalidate any design calculations based on the
expected mode of failure. An example, taken from the work of

Wright and Quarrell (1962) is shown in Fig. 3.1.b.

The aim of this Chapter is to review briefly the mechanisms of
ductile and brittle fracture in steel and to examine in greater

detail some of the factors which can give rise to intergranular

embrittlement in steel castings.

2.2 Ductile Fracture

The generally accepted mechanism for ductile fracture is one of
void nucleation at inclusions or second phase particles followed
by the growth and coalescence of these voids to give final
failure (Thompson and Weihrauch, 1976). This results in the
typical dull fibrous appearance of the fracture surface, on

which the voids are manifest as dimples.

The concept of void nucleation by inclusions was first proposed
by Tipper (1949) and Puttick (1950). By wnloading tensile
samples prior to final failure and examining longitudinal sections

in the light microscope, they were able to observe the close
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association of voids and inclusions. Further indirect support
for this mechanism came from Crussard et al (1956), who
reported that an increase in the inclusion content of steel
resulted in inferior Charpy upper shelf energies without

changing the impact transition temperature.

Later, more quantitative work by Kunio et al (1977) investigated
the effects of inclusion size and distribution in electrolytically
pure iron containing only FeO inclusions. By examining fracture
surfaces in the scanning electron microscope (S.E.M.) they found
a minimm inclusion diameter of O.lum to be capable of nucleating
a void, and determined a linear relationship between the
inclusion diameter and the dimple size observed (Fig. 3.2).

It was noted that volds were initiated by the separation of the
FeO/matrix boundary. In general, however, void nucleation
depends very much on the nature of the bonding at a matrix-
particle interface. For inclusions such as oxides and sulphides
in steel, this bonding is weak and voids can be initiated and
will grow at very low plastic strains (Knott, 197%. In
contrast to this, precipitates such as carbides and nitrides

are relatively strongly bonded to the matrix, and Ashby (1966)
showed that under such circumstances voids can only be
initiated by the high localised stresses formed by vacancy
loops at the '"'poles" of the particles. It is therefore clear
that the ductile fracture of cast steels will be dominated by
the presence of relatively large sulphides and oxides, and

it is these inclusions which are most frequently observed on
fibrous fracture surfaces (Figs. 3.3 to 3.5). Control of the

size and distribution of these inclusions can have a considerable
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effect on the tensile ductility of steel, as shown by the work
of Gladman, Holmes and McIvor (1971). Fig. 3.6 demonstrates
the improvements which can be achieved by reducing the volume
fraction of inclusions, and also shows the effect of inclusion/

matrix bonding discussed earlier, by comparing results for

sulphides and carbides.

Although macro inclusions play an important role in determining
the fracture strain, they do not generally control details of

the fracture process (Broek, 1973). In particular they cannot
accont for the spacing and size of the small voids or dimples
which are frequentiy observed on the fracture surface, and which
may not contain inclusions at all. (Crussard et al, 1956). Rogers
(1960) first recognised that voids at macro inclusions need

not coalesce, but that they can be linked by sheets of very

small voids which form in the shear bands between the macro
inclusions. This essentially represents the intervention of

shear on a microscopic scale and photographic evidence of the

process is presented in Fig. 3.7 (Cox, 1973).

The intervention of a ductile shearing mechanism at a macro-
scopic level usually prevents the formation of a fully fibrous
fracture, and is manifest as shear lips on a "cup and cone"
type fracture, or as slant fracture on bend specimens. The
reason for this is that as void coalescence occurs, the

sample geometry changes to that of an internally cracked
specimen, and a shearing mechanism is favoured near the
surface. As a result, the fracture surface may show elongated
dimples in this region, and areas with relatively few surface

N
markings are observed.
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3.3 Brittle Cleavage Fracture

3.3.1 Theoretical Treatments

In steels, the mechanism of cleavage involves the transgranular
fracture of the b.c.c. matrix along {100} planes, and is usually
associated with low ductilities. The tendency for this mode of
failure is increased not only by a decrease in temperature, but
also by a high strain rate and a triaxial stress state. As a
result, cleavage fracture is only encountered in slowly strained
uniaxial tensile specimens of mild steel during deformation at
very low temperatures (~100K), whereas in notched impact specimens

it may become apparent near room temperature (Armstrong, 1977).

Several models have been proposed to account for the nucleation
of a brittle cleavage crack, and whilst they differ slightly

in detail, they have essentially the same foundations. On the
basis of Low's work of 1954 on mild steel it became clear that
some yielding always precedes fracture (since yield is necessary
to produce a cleavage crack nucleus), and the models proposed
by Stroh (1957), Cottrell (1958), Petch (1958) and Smith (1966)
all involve the blocking of a slip band or twin by an obstacle
such as a second phase particle or a grain boundary. A typical
representation of this process is shown in Fig. 3.8, where a
pile-up of dislocations in a grain of diameter d produces a
highly concentrated stress at each end of the slip band. An
applied tensile stress ¢ will give rise to a shear stress T
acting on the slip band, where U-~0/2. Since slip proceeds by
dislocation movement, this shear stress is opposed by a friction
stress 'ri which includes contributions from the inherent

resistance of the lattice to slip (the Peierls-Nabarro force),
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from small precipitates and from clusters of solute atoms. By
treating the slip band as a freely slipping crack under Mode 1I
deformation, and considering fracture to occur when a critical
value of stress is attained in the adjacent grain, Stroh (1957)
derived a relationship between the stress required to nucleate
a cleavage crack (op) and the grain size (d):

o = 0j + kg d~z (3.1)

where kr is related to the local tensile stress required to

fracture the second grain.

The similarity of this equation to the Petch relation between
grain size and yield stress will be noted, since the two
derivations are based on the same principles. Smith and Barnby
(1967) , however, extended the Stroh analysis by considering the
conditions under which a crack, once nucleated, would spread.
Their results indicated that any increase in length of the
nucleus would result in a decrease in total energy of the system,

thereby implying that cleavage fracture is nucleation-controlled.

It was- predicted that the important stress in causing cleavage
fractures is the effective shear stress (Teff), where

Teff =T, -T; = K, d (3.2)

Ty is the applied shear stress required to spread yield from
grain to grain.

Yj represents the resistance of the grain to slip.

Ky-s is a constant which is related to the shear stress state.

However, this analysis fails to explain why cleavage fractures
predominate at low temperatures where, although the yield

stress is high, the value of (T.'y - T;) is not significantly



- 32 -

different from its room temperature value. The experimental
results of Hahn et al (1959) suggest that cleavage fracture must
be growth controlled within a certain temperature regime

because of the presence of a significant number of grains
containing micro-cracks after fracture. This implies that
nucleation is not the rate controlling step. There is also a
strong dependence on the applied tensile stress, which is not

accounted for in the Stroh analysis.

The Cottrell theory of brittle fracture is based on a dislocation
mechanism which allows for growth of the crack to be the

controlling factor by providing an easy nucleation process.

(Cottrell, 1958).

In this theory, the cleavage crack is nucleated by the interaction
of two partial dislocations on intersecting {101} slip planes
in iron to form a sessile edge dislocation, according to the

reaction
% f_ﬂl] (101) + % [111] (TOl) + a [001] (001)

This therefore provides the first stage of crack nucleation,

(see Fig. 3.9) and Knott (1973b) likens the model to the driving

of a wedge into the cleavage plane.

By energy considerations, Cottrell (1958) determined the criterion

for the propagation of this crack nucleus to be

Uy 3-3%
Op 2 d (3.3)
F 'K)';S'

where o is the stress required for fracture

u is the shear modulus

Y is a surface energy temm
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Hence this model emphasises the role of tensile stress, and
explains the effect of grain size (d"i) in a similar way to the

Stroh analysis.

It is also predicted that hardening, other than by decreasing

the grain size, will promote cleavage fracture by raising the

value of the tensile stress at the yield point.

Hence the Cottrell model appears satisfactory for homogeneous
polycrystalline samples of iron, for example. However, most steels
contain carbides in one form or another which, being very brittle,
can provide easy sites for cleavage crack nucleation. An example
of cracking nucleated at pearlitic cementite is presented in

Fig. 3.10. Smith (1966) therefore proposed a model which takes
into account the effect of carbides, and predicts low fracture
stresses to be associated with the presence of coarse carbides.

This is in good agreement with the experimental results of

McMahon and Cohen (1965).

3.3.2 Fractogz_*aEhic Aspects of Cleavage

Cleavage fractures, once nucleated, propagate very rapidly and

the resulting fracture surface exhibits highly reflecting facets
(Fig. 3.11). Microscopically, the surface of the facets may show
a series of ridges or steps which are often arranged in the form
of "river markings'. Low (1959) considered these markings to
represent a difference in height between the steps on the cleavage
facet, and subsequent fractographic work has confirmed this.

The steps result from the fact that instead of following a
single crystallographic plane, the cleavage crack can be broken

up by the presence of discontinuities in the crystal structure.::



- 34 -

and may proceed along several parallel planes (Gilman, 1950).
These eventually merge to form fewer larger steps as the crack
front proceeds, and it is generally agreed from fractographic
evidence that the crack propagates in the direction of '"flow'

of the river markings (Herzberg, 1976). An example of the
appearance of river markings is given in Fig. 3.12, which shows
the effects of a high angle grain boundary. As the largely
planar crack has advanced from right to left across the boundary,
the crack plane has been forced to splinter in an accommodation

process as the crack front searches out suitable cleavage planes

in the new grain.

Other discontinuities which may also contribute to the formation
of river markings include interphase interfaces, inclusions

and screw dislocations which cut across the cleavage plane

(Gilman, 1950).

Although most cleavage fractures exhibit the same general
appearance, details on the fracture surface are often influenced
by the microstructure and composition of the steel, and the
features observed may be quite complex. A good example of

this is the fracture of an untempered or lightly tempered
martensitic structure, in which few well defined cleavage facets

can be identified, and the failure mode is best described as

quasi-cleavage. (Fig. 3.13).

3.4 Brittle Intergranular Fracture

The two most common failure mechanisms in cast steels, namely
fibrous and cleavage fractures which occur in a transgranular

marmer, suggest that under normal circumstances, grain boundaries
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are not an inherent source of weakness. However, numerous
observations dating from the nineteenth century bear witness

to the fact that grain boundaries are easily susceptible to
serious embrittlement, principally by the presence of elements
or precipitate particles that alter the localised grain boundary

chemistry. (Hondros and McLean, 1976).

The reduced performance of engineering alloys through intergranular
failure has been observed in a wide range of metallurgical
situations, and in the case of steels some of the factors which
give rise to intergranular fracture have been reviewed by Briant
and Banerji (1978). These are presented in Fig. 3.14, and can be

classified into four general categories:

1) The presence of certain elements which have segregated
to the grain boundary without any detectable phase
precipitation,

1i) The presence of discrete grain boundary phases or
precipitates.

iii) The action of certain corrosive environments.

1v) The action of stresses applied at high temperatures.

These factors may act alone or in combination, (in which case

the embrittling effect can be more severe), but only categories

(1) and (ii) will be reviewed here.

It is generally accepted that the intergranular fracture path
in steels will be along the highest angle grain boundaries
present, (Briant and Banerji, 1978). These may be the austenite

boundaries, or in their absence, martensite packet or ferrite
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boundaries. In some circumstances even a particle/matrix
boundary which may be coincident with a previously existing
grain boundary can provide a favourable route for crack

propagation, and this situation will be discussed later.

Hondros and McLean (1976) have examined the susceptibility of
metals to intergranular fracture in terms of the grain boundary

cohesion, and a summary of their approach 1is given here.

By considering a schematic stress/separation curve for the atoms
on two surfaces formed in a fracture process (Fig. 3.15), it can
be seen that the cohesion is measured by the maximum stress oy
beyond which fracture should occur.

Because, to a first approximation, both y (the surface energy) -

and 0, are proportional to E (the Youngs Modulus), then

Op &Y

This facilitates a comparison of grain boundary cohesions by

examination of the appropriate macroscopic surface energies.

For an intergranular fracture along a high angle grain boundary,
the work done in forming two new surfaces (the surface energy of
fracture Yb*) 1s given by

%' = 2Y¥s T Y (3.4)

where Y, 1s the surface energy of the exposed boundary

Y, 1s the surface energy of the pre-existing boundary

. By comparing the cohesive strength of the grain boundary o, with
the cleavage strength of the matrix, ¢_., it is possible to

obtain a measure of susceptibility for intergranular fracture.
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Since cleavage usually proceeds by the parting of two low index
crystallographic planes {hkl}, then
Ocpy & You© = 2 Yhkl (3.5)
where vc,* 1s the surface energy of cleavage fracture

Yhk1 1s energy of the freshly created surfaces.
Hence the relative cohesion at a grain boundary compared with
that at any other cleavage plane is
Yb™ = 2Yg - Yp
You! 2Yhx1

(3.6)

Using the data of Mills et al (1973) and Hondros and Stuart (1968)

for a Fe-3%Si alloy (the only ferrous system for which experimental
data are available) Hondros and McLean (1976) compiled a table of

cohesive energies (Table 3.1).

Table 3.1

Cohesive Energies for Intergranular and Cleavage Fracture
in Fe-3%Si (Hondros and McLean, 1976)

Fracture Path Intergranular Cleavage
Energy (mJ/mé)  (Average Plane) (100) (110) (111)

Y(hk]_) 1754 (average) 1670 1745 1848
v 3340 3490 3606
> 3047
Yb*

0.87 0.91 0,87 0.82
YCI*

Since cleavage normally occurs by the separation of {100} planes,
it is clear that although intergranular cohesion is less than

the lattice cohesion for these planes (_Y_TC_): = 0.91), the
Ter©

difference is so marginal it does not normally have any



- 38 -
effect on the fracture process. It is usually only in the
presence of segregated species or discrete precipitate particles

that the relative energies of cohesion become appreciably

different.

These two situations will now be discussed in greater detail.

3.4.1 Segregation Effects

In comparison with the situation described for Fe-3%Si, where
there 1s theoretically only a marginal expectation for inte;*-
granular failure in preference to {100} type cleavage, it is
well known that the presence of small amounts of residual
elements can promote unequivocal intergranular fracture,

(Briant and Banerji, 1978). Some of the specific phenomena
related to cast steels will be considered later, but first it is
pertinent to consider the mechanism by which embrittlement

OCCUrs.

There have been numerous observations on the relationship between
the segregation of residual elements and grain boundary embrittle-
ment, and a quantitative model was proposed by Seah and Hondros
(1973) . They considered the effects of segregation on inter-
facial energies, and were able to obtain some idea of the
corresponding changes in grain boundary cohesion. Although it
would be i1nappropriate to use the grain boundary cohesion as a
measure of fracture stress in absolute terms, this model gives

a useful indication of the tendency for intergranular failure

when compared to the cohesion of a suitable set of cleavage

planes.
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The change in interfacial energy for a dilute binary alloy 1s
given by the Gibbs adsorption isotherm, which takes the form

dy = - RTT'd (loge X) (3.7)

where dy is the energy change corresponding to a bulk composition

interval dX, and['is the associated interfacial enrichment.

The effect of small bulk solute concentrations on the surface
energy (which is of the same order of magnitude as the grain
boundary energy) is shown in Fig. 3.16 for a number of alloy
systems. This again can be used only as a guide to the effects
of the residual elements, since an absolute value of the surface
energy will depend on the segregation inherent in the system,

which in turn is a function of prior heat treatment.

By assuming equal partitioning of the segregant on the two
intergranular fracture surfaces, Hondros and MclLean (1976)
were able to obtain a ratio between the cohesion of a boundary

with segregation (op(s)*) and that of a clean boundary (op*).
m-X m-X

o * ~ Y * 2y -
b(s) ~ 'b(s) = S b
b : 2Ys = 'b

where the suffix m-X refers to the alloy (metal-solute X).
The experimental data of Hondros and McLean (1970) suggest
that the minimum value of the surface energy is given by

Y, *(min) * § ¥s, and in general, the same situation applies
for grain boundary energies, i.e. y"* (min) *iy,. Using
these approximations in equation (3.8) the relative cohesion

Y %
becomes 'b(s)  =0.5.
Yb*
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Despite the crude approximations used in this model, the result
agrees well with the experimental observations of Seah and
Hondros (1973), who used Auger spectroscopy to obtain a direct
nleésurement of the segregation, and obtained a similar value of

the cohesion ratio using the Gibbs equation.

Compared with lattice cohesion for cleavage fracture, the cohesion

at a segregated boundary will be even lower than the value

predicted above, since Yb(s)* _ Yb(s)* x 'b* and typical
YC'I, * Yb* YCI*

values of zb** are 0.8-0.9 (see Table 3.1).
Ch

This gives Yb(s)*
Yc,*

&4

0.4

Under these circumstances, an intergranular mode of failure would
be expected.

3.4.1.1 Temper Embrittlement (T.E.)

This phenomenon has been studied extensively in both wrought and
cast low alloy steels, but only a brief resume of the work

relating to steel castings will be presented here.

The segregation of residual impurities to the grain boundaries

in steel can occur at any stage of the heat treatment cycle to
which the steel is subjected (Banerji and Briant, 1980) and
although the embrittlements resulting from segregation at various
stages of thermal eXpoéure are manifest in slightly different

ways, they all lead to intergranular cracking and the associated

loss of ductility.

11111
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The most common grain boundary embrittlers are from groups IV-VI
of the periodic table (see Table 3.2) which are often found
as trace impurities in steels. (Briant and Banerji, 1978).

Table 3.2

Common Grain Bounda_r_'z Embrittlers

Group IVa Va Via
S1 P S
Ge As Se
Sn Sb Te

Historically, research into the problem of temper embrittlement
has been divided into two regimes.

a) One-step Temper Embrittlement (0.S.T.E.), or 350°C embrittle-
ment as it is often known, occurs mainly in high strength
quenched and tempered steels, where the martensite has been
tempered for short times at low temperatures (<400°C). The
hardness of such steels decreases monotonically as the tempering
temperature increases, yet the steel exhibits an anomalous

decrease in fracture energy when tempered in the range 250°9-350°C.

Although the characteristics of this type of embrittlement have
been known for many years, the actual mechanism responsible has,
wntil recently, remained speculative. Work by Briant and Banerji
(1979 a, b, ¢) has shown that in low alloy steels substantial
segregation of P, S and N can occur during austenitisation. In
most cases, however, alloying elements such as manganese and
aluminiun are present in the steel and form stable compounds with

sulphur and nitrogen respectively, but phosphorus 1s usually in
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solution in the austenite and is free to segregate to the grain
boundaries in its elemental form. For this reason, phosphorus

is. the most deleterious impurity element with respect to 0.S.T.E.
However, phosphorus segregation alone is not sufficient to

cause temper embrittlement - a crack nucleating site is first

required.

At tempering temperatures of around 350°C, the g-carbide in

the structure transforms to give a thin plate-like cementite
(Lement et al, 1954). Those plates which are coincident with the
prior austenite grain boundaries (which are already weakened by
the segregated phosphorus) can provide effective additional slip
barriers to nucleate a brittle intergranular crack. Moreover,
McMahon (1975) has shown that the formation of cementite can

exacerbate the effects of phosphorus segregation by solute rejection

along the grain boundaries.

Thus there are two factors which combine to give 0.S.T.E.,

neither of which 1s sufficient to promote intergranular fracture
in isolation. For example Banerji et al (1978) examined a high
purity steel which exhibited little segregation during austenit-

isation, and even after tempering in the susceptible region, no

embrittlement was observed.

At higher tempering temperatures (>400°C) the steel will no longer
be vulnerable to one-step temper embrittlement, since the carbides

coarsen and lose their etfectiveness as crack nucleating sites.
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b) Two-step Temper Embrittlement (T.S.T.E.) refers to the
decrease in toughness énd increase in the ductile-brittle
transition temperature that is often observed when tempered low-
alloy steels are isothermally aged in the temperature range
3?50-56O°C (McMahon, 1975). The same effect may also be observed
when a steel is cooled slowly after tempering at relatively high
temperatures. This is particularly important in practice since
large castings camnot be rapidly quenched and their cores may

take days to cool to room temperature.

As in O0.S.T.E., phosphorus is again the main contributory cause
since it segregates readily to the grain boundaries unless its
diffusion is retarded by the addition of alloying elements such

as molybdenum, titanium or boron.

However, after prolonged exposure to the ageing temperature, other
more potent embrittlers such as Sb and Sn may also segregate to
the grain boundaries and within 100-20Chrs. sufficient segregation
can occur to induce intergranular brittle fracture (Mulford et

al, 1976).

The actual mechanism of crack nucleation in T.S.T.E. is not yet
fully understood. Kameda and McMahon (1980) observed a crack
which appeared to have nucleated at the interface between the
matrix and a non-metallic inclusion, but recent work by Wirth and
Clarke (1981) suggests that fine needle-like precipitates of an
unidentified compound may be responsible. Although these
precipitates have been observed at the prior austenite grain
boﬁdaries of embrittled En30A, the results are by no means

conclusive, and further investigations are warranted.
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It is, therefore, clear that boﬂu one-step and two-step temper
embrittlement processes are liable to occur during the heat
treatment of large steel cagtmgs. In order to minimise this
possibility, the first obvious approach is to produce the cleanest
possible steels with minimum impurity contents. However, there
are practical and economic limits to which this can be achieved,
and so the other approach is to attempt to minimise the segregation
of impurity elements to the grain boundaries. It has already
been noted that Mo additions can retard phosphorus segregation,
but the effect relies on the presence of the large Mo atoms in
solution, not precipitated as carbides. Consequently, the
effectiveness of Mo 1n suppressing phosphorus induced inter-
granular fracture depends not only on the Mo:P ratio, but also

on the carbon content of the steel which.detenn:ines the
solubility of the Mo. A similar problem is also encountered
with Ti, which readily forms carbides and nitrides, thus negating
its effect. Seah et al (1979) showed beneficial effects of rare-
earth elements in controlling T.S.T.E., but additional problems
were encountered owing to the formation of RE-oxysulphides which
reduced the upper shelf energies.

3.4.1.2 Hot Tearing

Although hot tearing 1s, strictly speaking, an interdendritic
rather than an intergranular embrittlement phenomenon, it is

included here since 1t represents one of the most common and

serious defects encountered in steel castings (Middleton, 1966).

The nature of the fracture arising from a hot tear is shown 1n

Figs. 3.17 and 3.18.
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It is now generally accepted that hot tearing occurs within the
solidification range before the steel is completely solid. |
Certain characteristic features of the tearing process have .
been known for some time, and are relevant to the hot cracking

of other cast metals besides steel (Clyne, 1976).

These are:

i) The stresses which lead to crack formation originate mainly
from the freezing contraction of the metal, which can be assumed
to be constant within the normal range of steel compositions.
(Kondic, 1968).

ii) Cracking occurs in the solid/liquid two-phase region when
the fraction solidified 1s large. (Bishop, Ackerlind and Pellini,
1958).

iii) The interdendritic cohesion and liquid distribution in

the cracking region are extremely important in determining the
ability of a casting to withstand the thermal contraction stresses
(Metz and Flemings, 1970).

Details of the processes available for strain accommodation may

be found in Clyne (1976).

»
From the considerations above, it is clear that two of the main

factors which promote hot tearing are

a) Mould restraints (cores, inserts or the inherent casting
design) which accentuate the contraction stresses.

b) The presence of a temperature gradient along the casting
which generates a "hot spot'. This region will still contain a
film of interdendritic liquid after solidification of the

remainder of the casting is complete.
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An example combining (a) and (b) would be a casting containing
thick members which are restrained by already solidified,

quicker cooling areas.

Various experimental techniques have been employed to study the
hot tearing susceptibility, but the most quantitative method
involves the use of a '""dog-bone'" shaped casting (Fig. 3.19).

This was initially devised by Clyne and Davies (1975) to study
solidification cracking in aluminium alloys, but has been

adapted by Shin (1981) to evaluate the effects of compositional
variables in steel. Using the electrical resistance method of
Clyne and Davies (1975) it is possible to calculate a quantitative
measure of the area of cracking (Xer) such that X., = O for an

uncracked casting, and X.,. = 1 for a completely broken sample.

In addition to examining commercial low C steels, Shin (1981)
studied binary alloys of Fe with S, Mn, P, Si and C and also

the ternary Fe-Mn-S and Fe-Mn-Si systems. The most pronounced
effects on hot tearing were shown to be from sulphur and phosphorus
which segregate strongly to the interdendritic regions during
solidification. Silicon also proved to be deleterious, but both
sulphur and silicon were rendered harmless by the addition of
manganese to the melt. This 1s in agreement with previous
observations by Middleton (1966). However, it is recognised
that in commercial steels, the effects of a combination of
alloying elements on cracking susceptibility is by no means
clear, since there may well be solute interactions which

influence the potency of each element.
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3.4.2 Precipitation Effécts

There are many examples of intergranular failure being initiated
by the presence of grain boundary precipitates, some of which

will be discussed later in this section.

Plateau et al (1960) proposed a mechanism for brittle inter-
granular fractures which propagate in a semi-ductile manner
due to the presence of precipitates. He suggested that micro-
cracks are nucleated either by fracture of the precipitates
or by decohesion at their interface with the matrix. Crack
propagation by the linking of these microcracks results in
the fracture having the dimpled appearance characteristic of
ductile failure on a microscopic scale, while at the same
time being confined to the immediate vicinity of the grain

boundary.

Hondros and McLean (1976) have considered the way in which grain
boundary cohesion 1s affected by the presence of hard particles.
Schematically, the situation is shown in Fig. h3.20, where
Yp and yp-p are the energies of the metal/metal and metal/
particle interfaces and vg and Yp are the average surface

energies of the metal and the particle.

The cohesion at the particle/matrix interface compared to the

grain boundary cohesion is given by

Ym-p Ys 7Y T Y-
. —2F (3.9)
T b 2Ys = Yp

The term Ym—p* is referred to as the work of adhesion. Although

values of the interfacial energy have been measured experimentally
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for only a few systems, Navara and Easterling (1971) measured
the work of adhesion for alumina particles in iron by examining
the contact angle between a decohered particle and the matrix

after an equilibrium anneal.

Using their data, Hondros and McLean (1976) calculated

*
= 0.22, which shows the extremely low

"
strength of the Fe-Al,0; interface compared to that of the

original grain boundary, and therefore fracture is likely to
proceed by the separation of this interface. In geﬁeral, the
tendency of a precipitate to promote an intergranular failure

will depend on both the nature of its bonding to the matrix and

the morphology of the precipitate.

Once again, it must be emphasised that the strength of cohesion
of the interface is only used as a comparative measure of the
fracture strength. It is well known that most materials can
fail at stresses up to several orders of magnitude below those

predicted theoretically as a result of localised stress concent-

rations.

The concept of a slip band intersecting a hard non-deformable
particle to produce a crack nucleus has been introduced by

Smith (1966). The high stresses which build up at the head of
a slip band may either result in the decohesion of the particle/
matrix interface or may be sufficient to generate a shear crack
through the particle. Such a crack, once nucleated, will follow
the most energetically favourable route, which is likely to be

along the already weakened grain boundaries.
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Some specific instances of iIntergranular fracture in steel

castings caused by precipitation phenomena will now be discussed.

3.4.2.1 Aluminium Nitride Precipitation

This is considered by many to be the single most important cause
of intergranular fracture in steel castings and there have been
many investigationé into the phenomenon over a number of years.
Despite the abundance of work, however, details of the mechanism
by which embrittlement occurs and realistic ways of avoiding it
have not been unequivocally established. Consequently inter-
granular failures continue to occur and the topic will be

discussed in greater detail in Chapter 4.

Macroscopically, the fracture morphology is characterised by the
presence of coarse angular facets which are closely related to
the as-cast grain boundaries of the casting, despite the fact
that these boundaries may have been replaced by a new system of

grain boundaries during heat treatment. Unlike the case of

temper-embrittled samples (Fig. 3.14) the facets show some
relief and often appear dull, with occasional bright reflections

from features on the surface.

After the initial observations by Jolivet (1942) that inter-
granular fracture could be caused by thg ""depositionof metallo-
graphic constituents such as cementite or some other non-
metallic phase' and frequently occurred in aluminium-killed
steels, the first positive evidence that aluminium nitride

could be a cause came from Lorig and Elsea (1947). These authors
varied the aluninium and nitrogen contents of a 0.30%C, 1.60%Mn

steel and showed that a high level of these elements in conjunction B
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with a slow cooling rate increased the susceptibility to inter-

granular fracture.

AIN was identified as the cause by X-ray analysis of residues
separated from the steel electrolytically. In the steels
containing high aluminium and nitrogen it was possible to observe
a grain boundary network of precipitates in the optical microscope.
These appeared as needles growing into the austenite grains

adjacent to the boundary.

Lorig (1952) proposed a mechanism for intergranular failure
whereby the crack propagates between these needles in a
transgranular manner near to the grain boundary. Macroscopically,
this results in the fracture having an intergranular appearance,
though microscopically crack propagation has occurred by a

series of steps between the AIN needles adjacent to the grain

boundary. A schematic representation is shown in Fig. 3.21.

More detailed investigation of the fracture process was made
possible by the development of microfractographic techniques

in the transmission electron microscope (TEM). Wright and
Quarrell (1962) observed two idiomorphic forms of AIN on replicas
extracted from the fracture surface. These were plates and
dendrites, both of which could be positively identified as AIN
by electron diffraction, although no attempts were made to
explain the reasons for the two different morphologies. It

was found that the plates were associated with flat, featureless
facets on the fracture surface which gave rise to the occasionai
bright reflections when viewed optically. The dendritic form

resulted in microductile failure occurring round the precipitate

Tegl
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near to the grain boundary. This observation was supported by

the later work of Altmamn et al (1965).

Although Lorig (1952) described the fracture as occurring round
'needles'' of AIN, it should be remembered that the dendrite amm
spacing observed by Wright and Quarrell was extremely fine
(~2um) and these precipitates would therefore appear as needles
in the optical microscope. The lmportant concept revealed by
these investigations is that although grain boundary AIN gives
rise to a fracture which appears intergranular, the micro-
mechanisms of crack propagation depend to a large extent on the
properties of the matrix, since the fracture path is not exactly

coincident with the boundary.

3.4.2.2 Sulphide Precipitation

After aluminium nitride precipitation, this is the second most
common cause of IF in steel castings, and may contribute to the
embrittlement in several ways.

a) Type II MnS Precipitates

It is well known that the morphology of MnS inclusions in

steel is determined mainly by the oxXxygen content (Baker and
Charles 1972, 1973). Under normal circumstances steel castings
which have been deoxidised thoroughly with aluminium contain
Type III (angular) MnS inclusions. If, howeyer, insufficient Al
is added or segregation of aluminium has given rise to high
local oxygen contents, then the dendritic Type II MnS inclusions
may be encountered (Jackson 1977). Since they occur in sheets,
these can initiate pseudo-intergranular fracture in a casting

and reduce the upper shelf energy quite significantly.
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In order to avoid the formation of type II MnS, 1t 1s necessary
to ensure that sufficient Al is added to promote type III sulphides.
This provides yet another motive for the tendency to add excessive
amounts of aluminium, which may in turn result in intergranular
fracture from AIN embrittlement.

b) Overheating

This phenomenon occurs in both cast and wrought steels and is
associated with the secondary precipitation of MnS at the
austenite grain boundaries during cooling from high temperature.
In wrought steels, this normally occurs after the dissolution

of the primary sulphides by a high temperature austenitising
treatment, but Brammar et al (1959) and Baker and Harrison

(1975) have shown that a similar effect can take place during

the slow cooling of large steel castings after solidification is
complete. Examination of a 0.15%C, 3%Ni investment casting
containing 0.02%S and 0.009%P revealed a matt intergranular
fracture surface with extensive arrays of fine equiaxed dimples
nucleated by very small (0.5um) particles of MaS (Baker and

Harrison, 1975). Additionally, towards the centre of the casting

smooth facets were observed which were found to be associated with

intergranular films of lron phosphide (FeP not FezP).

A mechanism was proposed for the precipitation process (as shown
in Fig. 3.22) wherein the solute-rich interdendritic regions give
rise to a film of iron phosphide at the intersections with the
austenite grain boundaries. On subsequent cooling through the
austenite region, those areas on the grain boundary which do not
contain the phosphide act as sites for the precipitation of the

secondary sulphides., Thﬁs, as Fig. 3.22 shows, there is a
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transition from MnS-induced IF at the surface of the casting to
FeP-induced IF at the centre.

c) Other Sulphides

Leger and Guillaume (1979) have identified large intergranular
precipitates of AlS and Al-rich MnS in a steel casting containing
0.10%A1 together with an abnormally low Mn content of 0.31%.
These sulphides were much coarser than AIN precipitates and
could be seen clearly on a polished micro section, but the
resulting fractures were similar in appearance to AlN-induced

IF, though slightly more ''shiny'. However, most commercial steel
castings contain much higher manganese contents than 0.31%, and
for this reason the sulphides are almost exclusively MnS.
Therefore under normal circumstances the precipitation of AlS

is unlikely to be a problem.

3.4.2.3 Niobium Carbide Precipitation

Hannerz et al (1968) and Gibson (1979) have reported instances
of intergranular failure in large steel castings which were

attributed to the presence of niobium carbide precipitates at

the as-cast grain boundaries.

The casting examined by Hamnerz et al was a crankshaft for a naval
diesel engine with an as-cast weight of 20 tonnes, and a nominal
composition of 0.22%C, 0.76%Mn and 0.068%Nb. Fractographic
examination revealed features similar to those observed on AIN-
embrittled surfaces (a dull background interspersed with shiny
facets) and large plates of NbC were identified by electron
diffraction (Fig. 3.23). By considering the precipitation
process to be controlled by the rate of diffusion of niobium,

and knowing the cooling rate of the casting the authors
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calculated the thickness of the precipitate to be .20008. It
was found that the precipitate could be redissolved only by
solution treatment at temperatures of 1400°C or above which is

clearly impractical on a commercial scale.

Gibson (1979) reported the presence of coarse filamentary NbC
precipitates on the partially intergranular fracture surface
of a large node steel casting containing 0.13%C, 1.30%Mn, 0.055%V

and 0.025%Nb.

In both these instances, fracture appears to have been caused by
the separation of the particle/matrix interface as suggested in

Section 3.4.2, rather than by the fracture of the precipitates.

3.4.2.4 Vanadium Carbide Precipitation

This has been identified as a possible cause of IF by Barnard and
Brook (1976) who observed dendritic vanadium carbide precipitates
on the fracture surface of a 2%Ni-Cr-Mo-V ingot, and by Naumann
and Spiess (1973) in a 42 tonne Cr-Mo-V casting. In the latter
case, the precipitate was present in a massive plate-like form.
In neither case were the mechanical properties impaired as
seriously as with other forms of intergranular embrittlement.
Nevertheless, the effect was significant. This was particularly
so for the investigation reported by Barnard and Brook, where
other precipitates, namely aluminium nitride and manganese
sulphide were also present to exacerbate the problem.

3.4.2.5 Boride and Carboboride Precipitation

A minor cause of intergranular fracture was investigated by

Mahmoud (1974), who reported the presence of small globular

carboboride precipitates and a massive semi-continuous boride
/
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film at the prior austenite grain boundaries of steel castings
containing 0.002-0.006% boron. The former promoted a dimpled
intergranular fracture with voids initiated by the carboboride
while the latter resulted in a much smoother fracture appearance

similar to that associated with temper embrittlement.

Ion microprobe analysis showed both forms of precipitate to have
a complex chemistry, the carboboride having a composition of

approximately (Feo_g, M0 1) 0-22 (CO.l’ BO.Q) 5.6 and the boride
being based on Fe,B, with.other elements. replacing Fe in

solution.

In order to minimise the effects of these two constituents, it
was suggested that since optimum boron contents for hardenability

purposes are in the range 0.001-0.003% (the hardenability effect
relies on soluble boron) excessive additions have little beneficial

effect and should be avoided.
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Chapter 4

Aluminium Nitride in Cast Steels
4.1 Introduction
The influence of aluminium nitride on the structure and properties
of steel has only been fully appreciated since a method for its
chemical determination was developed by Beeghly (1949). Since
that time, a considerable amount of work has been carried out to
determine the effect of this precipitate on the mechanisms of
phenomena such as intergranular fracture, grain size control,

forging break-up and ingot panel cracking, and a correlation

between AIN and these features is now generally accepted.

This chapter examines the techniques available for the observation
and detection of AIN and discusses some of the consequences of
AIN precipitation with respect to the structure and properties

of cast steels.

4.2 Detection, Observation and Identification of AIN

The structure of aluminium nitride is close packed hexagonal
(similar to ZnO) with lattice parameters a = b = 3,118,

C = 4.993. It melts at 2200°C and 4 atmospheres pressure, but
dissociates at pressures below this. AIN is hydrolised slowly by

water and more rapidly by mineral acids to form alumina and ammonia

as decomposition products. This means that during the extraction
of AIN from the matrix (either for chemical analysis or for
metallographic purposes) care must be taken to ensure the
reagents used are anhydrous.

4.2.1 Chemical Methods of Detection

The most widely used method for determmining the aluminium nitride

content of steel has been that developed by Beeghly in 1949,
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This involves the dissolution of the matrix in an anhydrous
ester/halogen mixture (typically bromine/methyl acetate)

followed by filtration and the determination of nitrogen in the
residue by a distillation procedure. The original claims by
Beeghly that the method was unaffected by the presence of other
alloying elements in steel resulted in this technique being used
extensively to determine the "N as AIN'. Several authors including
Woodfine and Quarrell (1960) and Jackson and Bradshaw (1970)
attempted*to define minimum "%N as AIN" values below which inter-
granular fracture could be avoided. However, not only do many
other factors have an influence on the susceptibility to IF, but
as Swinburn and Melia (1970) have pointed out, the Beeghly method
cannot be assumed to separate AIN alone from the matrix. Other
nitrides such as S1:N, and SiN are also insoluble in the ester-
halogen solution, and may be included in the analysis. As a
consequence, the validity of some predictions based on this
criterion 1s seriously in question. Swinburn and Melia suggest
that a more accurate description of the Beeghly method would be
to say that it determines the nitrides which are insoluble in the

ester/halogen solution, but soluble in sodium hydroxide (used

for the determination of nitrogen in the residue).

More recently, a hydrogen extraction method has been developed
by Baker et al (1979) to determine the mobile nitrogen content of
a sample of steel at different temperatures. Knowing the
dissociation temperature of the various nitrides present and the
total nitrogen content of the steel, it is then possible to
calculate the amount of nitrogen present as each individual

nitride. This work has further emphasised the inadequacies of
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the Beeghly method, since it was found that manganese-silicon
nitride may also remain undissolved in the bromine/methyl acetate

solution.

However, in a great number of instances where there is no
interference from other nitrides, the Beeghly method is valid, and
it would be wrong to cast doubt on all correlations based on this
technique.

4.2.2 Metallographic Techniques

Grain boundary precipitates of AIN can be extremely fine when
viewed in a metallographic section, and as Woodfine and Quarrell
(1960) pointed out, the inability to detect a grain boundary phase
in the optical microscope cannot be taken to imply its absence.
For example, in one sample whose fracture was 80% intergranular,
no metallographic evidence of AIN could be found, even though the
Beeghly method of analysis indicated 0.005%N as AIN. It is
usually only when the aluminium and nitrogen contents of the
steel are high (~0.15%A1, ~0.015%N) that AIN can be resolved
optically.

When viewed unetched and in reflected light aluminium nitride
appears dark grey in colour, but it can be seen more easily
using polarised light, under which it is strongly anisotropic.
Lorig and Elsea (1947) and Woodfine and Quarrell (1960) found
that an etchant of picric acid in alcohol highlighted the grain
boundary AIN, particularly when a wetting reagent such as

zephiran chloride was also used.

It was not until 1962 that direct observation and identification

of AIN was made by Wright (1962) using microfractographic
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techniques in the T.E.M. This involved the deposition onto the
fracture surface of a thin carbon film which was subsequently
removed using a solution of 5% bromine in ethyl alcohol.
Intergranular fracture surfaces were found to be covered by AIN
precipitates, which had been extracted onto the carbon during
replication. Selected area electron diffraction techniques were
used to identify the AIN, and the measured spacings agreed
moderately well with published ASTM data. Baker (1962) suggested
that the slight deviations (5%) from the published spacings may
have resulted from the presence of other elements in solution in

the AIN.

The development of the SEM with energy dispersive analysis has
also been useful for the examination of intergranular fractures,
and IF caused by AIN precipitation can be identified by its
characteristic appearance in the SEM (see Chapter 6).

4.2.3 Other Techniques

Techniques such as electron probe microanalysis (e.p.m.a.) have
limited use as tools for examining AIN precipitates, since it
is necessary to use polished microsections for quantitative

analysis and the precipitates are not readily visible.

Mahmoud (1974) used ion microprobe analysis on intergranular
fracture surfaces to identify a complex form of AIN which
contained small amounts of Fe, Mn, Si, Cr, Ca and Ti in solid
solution. However, the limited availability of this technique

and the complex experimental requirements mean that the method is

1ittle used.

A novel technique for detecting AIN in steel castings was devised
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by Steck (1969) who claimed to be able to differentiate between

embrittled and good castings by ultrasonic testing. It was
found that if the ultrasonic probe was positioned perpendicular
to the columar grains of the casting, there would be an
additional attenuation of the beam due to the presence of AIN at
the prior austenite grain boundaries. This of course would be true
for any grain boundary network, and not just for AIN. Steck
suggests the technique may also be able to detect the presence of
large amounts of Type II MiS inclusions.

4.3 AIN as a Cause of Intergranular Fracture

The term "Rock Candy'" fracture is widely used within the steel
foundry industry to imply intergranular embrittlement caused by
the precipitation of aluminium nitride. However, because of

the ambiguities involved in a descriptive term of this kind, the
term will be avoided in the remainder of this work and inter-
granular fracture caused by AIN precipitation at the prior
austenite grain boundaries will be designated "IF'. Lorig and
Elsea (1947) identified AIN as a possible cause of intergranular
fracture when they examined a defective commercial casting which
had an wnusually high aluminium and nitrogen content. At high
magnifications in the optical microscope (>1000x) they were able
to observe chains of non-metallic particles which appeared to
follow the original columar grain boundaries around which

fracture had occurred.

Using experimentally melted casts of base composition 0O.30%C,
1.60%Mn, 0.50%Cr, 0.35%Mo, they varied the aluminium and nitrogen
contents and after heat treatment (quench and temper) samples were

broken by slow three point bending. Although it was not possible -

\

/
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to analyse individual castings for Al and N, a clear correlation
between the amount of Al added during deoxidation (varied from
0-281b/ton*) and the degree of intergranular fracture was noted.
Increasing the amount of Al added resulted in an increased
tendency for IF up to about 81b/ton (0.40%). With Al additions
greater than 201b/ton (0.89%), however, the percentage IF on

the fractures decreased. Later work by Woodfine and Quarrell
(1960) attributed this to the precipitation of AIN in the melt.
This was in a coarse, random form which acted as a nucleus for
subsequent solid state precipitation and prevented the formation

of a grain boundary network.

Lorig and Elsea also noted a correlation of %IF with the nitrogen
content and the cooling rate of the casting. For a given Al
content, the amount of IF observed increased with increasing
nitrogen content and decreasing cooling rate, both of which

tend to promote AIN precipitation.

Fig. 4.1 presents a summary of the effects of these three
important variables (%Al, %N and cooling rate). Compositions
corresponding to points above and to the right of each curve are

likely to be susceptible to IF at the cooling rate represented.

* Since the actual Al contents were not analysed, this
nomenclature will be retained: as a guide, 11b/ton

~0.05%A1, assuming 100% recovery.
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Lorig and Elsea stressed, however, that the curves were obtained

from single test results and showed only trends. They cannot be

used to predict ''safe' Al and N levels to be sure of avoiding
IF. Hannerz (1968) used a theoretical model to predict similar
curves and despite the questionable nature of some of his
approximations the agreement with Lorig and Elsea's measurements
was quite good. The model was based on IF occurring when a
continuous layer of AIN of critical thickness is precipitated
at the grain boundaries. This required an integration of the

precipitation rate over a range of temperatures to estimate the
total AIN thickness for different Al and N levels.

4.3.1 Effect of Heat Treatment

It was noted by Lorig and Elsea (1947) that castings which had been
hardened and tempered were more likely to fail in an intergranular
manner than those which had been nomalised or were as-cast.

Wright and Quarrell (1962) explained this in terms of the

relative strength of the matrix and the grain boundary (see

Chapter 3.4). When the matrix strength is increased by heat
treatment the grain boundaries provide a relatively more favourable
route than they do when the matrix strength is low. Wright (1962)
tempered a 0.27%C, 1.06%nh steel at various temperatures

between 150%€Cand 650°C to obtain different strength levels, and
performed mechanical tests at room temperature. A transition
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