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Abstract

The service environments of tubing materials in deep/ultra-deep
oilfields and geothermal wells are particularly corrosive due to the
extremely high chloride content, temperature and CO:. partial
pressure, which pose significant challenges to the integrity of tubing
materials. Super 13Cr martensitic stainless steel (S13Cr MSS) is
widely employed in high temperature and high pressure (HTHP)
downhole environments owing to its excellent mechanical properties
and corrosion resistance. Nevertheless, its corrosion behaviour
under extreme downhole conditions remains to be further
investigated to facilitate its application and modification.

The current study aimed to identify the failure modes of S13Cr MSS
in HTHP COg2-saturated formation brine by HTHP immersion test,
slow strain rate tensile test (SSRT), in-situ electrochemical
measurements, and surface analysis technologies. The study also
investigated the influence of environmental factors (temperature
and CO:2 partial pressure) as well as austenite content on the
corrosion behaviour of S13Cr MSS and the evolution of corrosion
product films.

This thesis demonstrates that S13Cr MSS faces a severe risk of
uniform corrosion under HTHP condition (200°C/5.2 MPa CO2). The
research suggests that the corrosion process occurs in three distinct
stages: 1) Early stage: native passive film degradation; 2) Middle
stage: localized preferential corrosion; 3) Final stage: uniform
corrosion. Variations in CO2 partial pressure (0.27/5.2 MPa CO: at
200°C) affected the precipitation behaviour of calcium carbonate,
and altered the corrosion morphology during the middle stage as
well as the composition of the corrosion product film. Increasing
temperature did not change the thermodynamic mechanism of
corrosion, but kinetically accelerated each corrosion stage. The
relationship between the native passive film degradation time and
temperature was found to obey the Arrhenius law. Austenite, acting
as a cathode, forms a galvanic couple with the martensite matrix,
thereby accelerating the corrosion of S13Cr MSS. The austenite-
free S13Cr MSS demonstrated the best corrosion resistance.

v



Table of Contents

Publication Statement ..............ooo e ————— |
Acknowledgements ...........ccccciiii ]l
AbStract .........cccci————————————— v
Table of Contents.........ccooviiriiiiiiii——————— \'}
IS o) 0 =1 o1 = Xl
List Of FIQUIeS ......cooiiiiieeeee et e e s s s e e e Xl
List of Abbreviations .........cccoovmmmic e —— XXV
1.  Chapter 1 Introduction ... e 1
1.1, Project background ............ooiiiiiiiiiiiiiie e 1
1.1.1. Oiland natural gas...........ceeieieeiiiiiiicce e, 2

1.1.2. GeOthermMal ........oeiiiiiiii e 5

1.2. Application of S13CrMSS.......cco o 6
1.3. Objectives of this study.........coooeeiiiiiii 8
1.4. Outline of thesSiS.....ccooeeeeeeee 9

2. Chapter 2 Theory of carbon dioxide corrosion of stainless steel .11

2.1. Mechanisms of the CO2 COrrOSION ..........uuuuuuiiiiiiiiiiiiiiiiiiiiiiiiiiiiiaaee 11
211, ANOdIC reaCHIONS. .....uuviiiiiiiiiiiiiiiiiieii i 11
2.1.2. Cathodic reactions ..........ccuueiiiiiiiiiiii e 13

2.2. Passive behaviour of stainless steel.............cccccciiiiiic, 14
2.2.1. The passive film growth model..............ccccoeeiiiiiiicie 14
2.2.2. Protectiveness of passive film.........cccooooiiiiii 18

2.3. Factors that influence the CO2 corrosion process ...........ccccccvvvnnnee. 22
231, TempPerature ........ccoooooiiiiiiiiie e 22
2.3.2. CO2 partial PreSSUre...........uueiiiiieeeeeeeeecee e 24
2.3, 3. PH e 25
P2 T S @4 o1 (o4 o 1= T o I 25
2.3.5.  FIOW oo 26



2.4. Basic theory of stress corrosion cracking ............ccccvvvieiiieeeeeeennnnn, 27

2.4.1. Anodic dissolution mechanisms.............cccccoveieiiiiiii e, 27
2.4.2. Hydrogen-based mechaniSms ............cccccuuuiimiiiiiiiiiiiiiiiiinnnns 32

3. Chapter 3 13%Cr martensitic stainless steel for HTHP downhole
environments and its corrosion and cracking performance. ........ 35
3.1. Development of martensitic stainless steel............cccccccoooiiiiinn. 35
3.2. Austenite in martensitic stainless steel.................ooveiiiiiiiin. 38
3.2.1. Formation of austenite in martensitic stainless steel............. 38

3.2.2. The role of austenite in mechanical property of martensitic
stainless Steel........coooovviiiii e, 46

3.2.3. The role of austenite in corrosion of martensitic stainless steel
........................................................................................... 48

3.24. The role of austenite in stress corrosion cracking of

martensitic stainless Steel ..., 53

3.3. Research work on the corrosion and SCC behaviour of 13Cr MSS
under HTHP COz2-containing downhole environments.................... 55

3.3.1.

3.3.2.

Research work on the corrosion behaviour of 13Cr MSS and
the formation mechanism of the corrosion scales under HTHP

CO2-containing downhole environments............ccccccvvvveveennen. 55
Research work on the SCC behaviour of 13Cr MSS under
HTHP CO2-containing downhole environments .................... 66

3.4. Summary of the corrosion and cracking behaviour of 13%Cr MSS

at HTHP conditions and knowledge gap ......cccccvvvviiiiiiiiiiiiiiiiiennnn. 69
4. Chapter 4 Experimental procedures........ccccccmueiiiiiimierecesnccessneeenns 72
4.1. Material and solution used for this study ..........ccccccceeeiiiiiiinnn. 72
4.1.1. Raw material and sample preparations...........c.cccceeeeeeevreennns 72
4.1.2. Solution preparation ...........cccceeeeeeiiiiiiiie e 74
4.2, HTHP eSS .. 74
421, Immersion teSt.........uuuiiii s 74
4.2.2. Electrochemical test...........ccccoouiimiiiiiiis 75
4.2.3. Slow strain rate tensile test (SSRT) ........ccccoiiiiiiiiiiiiiiiiiiinnns 78
4.3. SUrface analySiS .........ccuuuuuumiiiiii e 79
4.3.1. Scanning electron microscopy (SEM)/energy dispersive X-ray

Y o]=Ter (oS eTe] o) VAN =1 B ) I 79



5.

4.3.2. X-ray diffraction (XRD) ......ccceeeiiiiimiiiiiiiiieeeeeeeeiee e 80

4.3.3. Surface profilometry ..o 81
4.3.4. Raman SPECLIOSCOPY .....uuuieeeeeeiieieiiinaaeeeeeeeeeeennnnaaeeeaeeeeeeaens 81
4.3.5. Focused lon Beam sample preparation (FIB) ....................... 82
4.3.6. Transmission Electron Microscopy (TEM)...........cccccceiunnnnes 82
Chapter 5 General understanding of the corrosion and cracking
behaviour of S13Cr MSS under HTHP downhole environment. ....84
5.1, INtrOdUCHION.....coiiiieee e 84
5.2. General corrosion of S13Cr MSS under HTHP environment.......... 85
5.3. Localized corrosion behaviour of S13Cr MSS under HTHP
ENVIFONMENT. ... i e e e e e e 87
5.3.1. Localized corrosion rate .............ceeeeeeeeiiiieiiiiiie e 87
5.3.2. Pit morphology ... 88
5.4. Stress corrosion cracking behaviour of S13Cr MSS under HTHP
ENVIFONMENT. ... i e e e e e e 89
5.5. Relationship between pitand SCC............ccccooiiiiiiiiiiiiiiieeeee, 95
5.6. CONCIUSIONS .....coiiiiiiiiei et e e et e e e e e eeeeees 98
Chapter 6 Formation/evolution of corrosion product film formed
on S13Cr MSS in aggressive HTHP downhole environments: effect
of CO2 partial PreSSUre .........ccevvemememmmmmmmmmmmemenreeeeeeerreeneseeesssssessennene 100
6.1, INtrOdUCHION......ooiiiiiie e 100

6.2. Film formation and morphology observation at 200°C with pCO:2 of

6.2.1. Overall observation of the surface morphology at 200°C with
PCO20f 5.2 MPa.......ccooeiiiiiieieeeeeeeeeeeeee e 101

6.2.2. Early stage of the corrosion scales formation and evolution
during long-term corrosion at 200°C with pCO2 of 5.2 MPa 105

6.2.3. Middle stage of the corrosion scales formation and evolution
during a long-term corrosion at 200°C with pCO2 of 5.2 MPa108

6.2.4. Final stage of the corrosion scales formation and evolution
during a long-term corrosion at 200°C with pCO2 of 5.2 MPa110

6.3. Film formation and morphology observation at 200°C with pCO2 of
0.27 MP ... 113

VI



6.3.1. Overall observation of the surface morphology at 200°C with

PCO20f 0.27 MPa.....cooiiiiiieeeee e 113

6.3.2. Early stage of the corrosion scales formation and evolution

during long-term corrosion at 200°C with pCO2 of 0.27 MPa118

6.3.3. Final stage of the corrosion scales formation and evolution

during a long-term corrosion at 200°C with pCO2 of 0.27 MPa

122

6.4. The comparisons of corrosion behaviour of S13Cr at 200°C with
(V2= L[ 10 L3 o1 O 126

6.5. The comparisons of electrochemical behaviour of S13Cr at 200°C
With Various PCO2.......ueiii i 129
6.5.1. OCP mMeasurements...............uuuueurmummmmmmemnenninnineennnnnnnnnnnnnnnes 129
6.5.2. Potentiodynamic polarisation measurements...................... 131
6.5.3. EIS measurements...........ccccceeiiiiiiiiiiiiiicee 134
B.6. CONCIUSION......ciiiiiie et 139

7. Chapter 7 Formation/evolution of corrosion product film formed
on S13Cr MSS in aggressive HTHP downhole environments: effect

of temperature ... ————— 141
7., IntrodUCtioN......cooee e 141
7.2. Effect of temperature on the long-term corrosion behaviour of S13Cr

7.3.

MSS and thermodynamic consistency assessment ..................... 142

Formation and evolution of the corrosion product film at different
EEMPEratUres . ..o 150

7.3.1. Formation and evolution of the corrosion product film at 200°C

............................................................................................ 150

7.3.2. Formation and evolution of the corrosion product film at 180°C
............................................................................................ 153

7.3.3. Formation and evolution of the corrosion product film at 160°C
............................................................................................ 158

7.4. Electrochemical behaviour of S13Cr MSS at different
tEMPEratures ... ... 162
7.4.1. OCP measurements..........ccccuuuuiiieeeeeieieeeiicee e 162
7.4.2. Potentiodynamic polarisation measurements...................... 165
7.4.3. EIS measurements...........ccccvvviiiiiiiiiiiiiiccee e, 170
7.5, CONCIUSION......oooiiiiiiie et eeeeeeaans 188



8. Chapter 8 Effect of austenite on the corrosion behaviour of S13Cr

MSS under HTHP downhole environment.........cc.cceemiimiimiiiecencenns 190
8.1, INIrOAUGCHION. ..., 190
8.2. Preparation of S13Cr MSS with different austenite content.......... 191

8.2.1. Microstructure of S13Cr MSS used in previous study......... 191
8.2.2. Heattreatment of S13Cr MSS.... ..o, 195
8.3. Corrosion behaviour of S13Cr MSSs with different austenite
CONtENtS @t 200°C ... e 200
8.3.1. Corrosion behaviour of S13Cr MSS with 0% austenite content
(S13Cr MSS-M) at 200°C.......coeeeieieeeeeeeeeeeeeeeeeeeeeeeeeeeeeeeeee 200

8.3.2. Corrosion behaviour of S13Cr MSS with 4.1% austenite
content (S13Cr MSS-A1) at 200°C......ccoevvivviiiiiiiiiiiiieeeeeeee. 203

8.3.3. Corrosion behaviour of S13Cr MSS with 6.9% austenite
content (S13Cr MSS-A2) at 200°C.......coovvvvviiiiiiiiiiiiiieieeeee. 206

8.3.4. Corrosion behaviour of S13Cr MSS with 17.8% austenite
content (S13Cr MSS-A3) at 200°C........cccoeeeeiiiiiiiiieeeeee 210

8.3.5. Comparisons of corrosion behaviour of S13Cr MSS with
various austenite contents at 200°C.........coveeviiiiiiiiiiiie, 213

8.4, CONCIUSION. .. 216
9. Chapter 9 Overall diSCUSSION ......ccceeemeeeiiiiiiirerrece e 218
O . INIrOAUGCHION. ..., 218

9.2. Failure Mode of S13Cr MSS under HTHP downhole environment219

9.2.1.

9.2.2.

9.2.3.

General corrosion behaviour of S13Cr MSS under HTHP

downhole environNmMent .........ccoovoiii i 220
Localized corrosion behaviour of S13Cr MSS under HTHP
downhole environNmMent .........cooovoiii e 220
SCC behaviour of S13Cr MSS under HTHP downhole
CNVITONMENT .o 221

9.3. Three-stage corrosion evolution mechanism of S13Cr MSS under

HTHP downhole environments.............cccccoiiiiiiiiiiis 223
9.3.1. Stage |: Degradation of native passive film......................... 224
9.3.2. Stage Il: Non-uniform corrosion ............ccceevveeeeiiiieeeeieeeennnen. 226
9.3.3. Stage lll: Uniform Corrosion .........cceeevveeeeeiiiieieeiiieiieiieeeeeeen, 227

9.4. Temperature dependence of the corrosion process..................... 229

IX



9.4.1.

9.4.2.

9.4.3.

Verification of thermodynamic consistency at different
temMPeratures ... ... 229

Temperature dependent native passive film degradation
PIOCESS ...t e et et e e ettt e e e et e e e e et e e e e et e e e e et e e e eeraa s 231

Confirmation of medium transport mode in corrosion product
films at different temperatures..............oooviiiiiii 233

9.5. Effect of CO2 partial pressure on precipitation and corrosion

DENAVIOUN ... 236
9.5.1. Deposition of precipitates at different CO2 partial pressure.238
9.5.2. Evolution of the corrosion products at different CO2 partial

PIESSUIE ...t e ettt e et e et e e e e et e e e e eaa e e e eeenan e as 242
9.5.3. Effect of CO2 partial pressure on the localized preferential

corrosion during the Stage Il of corrosion process.............. 244
9.5.4. Effect of CO2 partial pressure on the corrosion behaviour of

reversed austenite during the Stage Ill of corrosion process246

9.6. The role of reverted austenite in corrosion evolution under HTHP

downhole enNVIrONMENTES......c.ooniee e, 248

9.6.1. The difference in corrosion tendencies between martensite
AN QUSTENIEE ..o 248

9.6.2. The role of reverted austenite in stability of the native passive
film under HTHP downhole environments...........cccoevueeen.... 249

9.6.3. The role of reversed austenite in the non-uniform corrosion
behaviour during the Stage Il of corrosion process............. 250

9.6.4. The role of reversed austenite in the steady-state corrosion

behaviour of 8S13Cr MSS wunder HTHP downhole
CNVITONMIENES . e 251

9.7. Engineering implications and optimization strategies for S13Cr MSS

APPHCALION .o 252
9.7.1. Establishment of native passive film degradation time-

temperature mMap.........ooooi e 252

9.7.2. Service risk management recommendations ...................... 253
9.7.3. Optimization of laboratory assessment process based on

corrosion evolution Stages ........ccooveeiiiiiiiiei e 254

9.7.4. Recommendations for material modification ....................... 255



10. Chapter 10 Conclusions and future work.............ccceeeeeeeecciiiiiinnnns 257

10.1. CONCIUSIONS ...t e e e e e e eeeann s 257
10.1.1. Conclusions from Chapter 5 - Corrosion and SCC risk
ASSESSIMENT. .. 257
10.1.2. Conclusions from Chapter 6 - Effect of CO2 partial pressure258
10.1.3. Conclusions from Chapter 7 - Effect of temperature ........... 259
10.1.4. Conclusions from Chapter 9 - The role of austenite on
(oo ] 101 [0] o HU ST 260
10.2. Recommendations for future Work.............ccccoeeiiii 261
10.2.1. Observation of the native passive film degradation process261
10.2.2. Numerical simulation of galvanic corrosion behaviour at the
steady-state corrosion stage ..........cccccevvveiiiiiiiiiiiiiiiiiiiiinnn. 261
10.2.3. Corrosion evolution under full lifecycle conditions............... 262
10.2.4. Material optimization based on microstructural control ....... 262
11. Chapter 11 Reference........ccoeeecciiiiiiiiirrrecsss e 265

Xl



List of Tables

Table 4-1. The chemical composition of S13Cr MSS (wt.%). .........ccene. 72
Table 4-2. The chemical composition of simulated formation brine .....74
Table 5-1. Test matrix for the immersion tests...........cccommmrieccciiiiiinnnns 84
Table 5-2. Test matrix for the SSRTSs.......ccccoiiiiiimimcccc e 85
Table 5-3. Qualitative categorization of corrosion rates for oil
production systems [156]. .........cccceeiiimmmcciiirrrc s 86
Table 5-4. Classification of SCC susceptibility for oil production
SYStEMS [157]. ..o 92
Table 6-1. Test matrix for the immersion tests............cceevveiiiiiiiiiinnnnnnn. 100

Table 6-2. EIS spectra fitting data of the EECs for S13Cr MSS after
various immersion times in CO2-saturated formation brine at
200°C and 5.2/0.27 MPa Of CO2....ceuieeiieiiiieeceicenssernsenssnnsnnssnssnssens 138

Table 7-1. Test matrix for the immersion tests.......cccovveeimiiircrcecrenenns 141

Table 7-2. EIS spectra fitting data of the EECs for S13Cr MSS in CO2-
saturated formation brine at 160°C, 180°C and 200°C after various
IMMErSioN tiMES. ... e e e e e nnaas 179

Table 8-1. Austenite contents of S13Cr MSSs with different first
tempering temperatures..........cooo i —— 197

Table 8-2. Austenite contents of S13Cr MSSs with different first
tempering holding times ... 199

Table 8-3. Austenite contents of S13Cr MSSs used in the following

Xl



List of Figures

Figure 1-1. (a) Oil and (b) natural gas demand by region in the Stated

Policies Scenario, 2000-2050 [5]........cccerremmmmccriiirrrrenrmmnnsssssseeeeesennnes 3
Figure 1-2. Classification of reservoirs based on pressure and

temperature [7].....ccoiiieccrrrc s e e 4
Figure 1-3. World HTHP resources’ location [8].........ccccomrmmcciiiiiiinnnnecnnes 5
Figure 1-4. Enhanced geothermal systems [9]......ccccooimimciiiimmcciiinececnnnns 6

Figure 1-5. A flow chart for the selection of tubing material for H2S
E= 1 o VoY g 040 1 X=T=Y V7T o [y 172 R 7

Figure 1-6. Application limits of tubing materials proposed by
manufacturers [14]. ... ——————— 7

Figure 2-1. Schematic diagram illustrating the structure of the passive
Film [29]. e 14

Figure 2-2. Summary of the defect generation and annihilation
reactions envisioned in PDM to occur at the interfaces of the
barrier oxide layer on the metal [33]. ....cceniiirimciiiecr e, 16

Figure 2-3. Distribution of the potential across the barrier layer [34]...16

Figure 2-4. Schematic diagram illustrating the response to an applied
potential according to HFM [37]. ...c..eoirimeee e 17

Figure 2-5. A scheme of the processes taking place in the metal/anodic
layer/solution system according to MCM [38].........cccccceeiiiiiiinnnnnnees 18

Figure 2-6. Schematic illustration of CPDP tests for three different
conditions, (a) exhibiting protection potential, (b) with oxygen
evolution, (c) without protection potential [28]............cccrrrrrmnnnnnnn. 20

Figure 2-7. Schematic illustration of CPDP curve and corrosion
parameters. The arrows show the direction of polarisation [28]...22

Figure 2-8. Effect of CO2 partial pressure and temperature on corrosion
rate of Cr steel in the autoclave. (5% NaCl; 0.1 and 3.0 MPa CO: at
25°C; test duration, 96 h; flow velocity, 2.5 m/s.) [50]. ...ccccceerrreeeees 24

Figure 2-9. Schematic diagram illustrating the film-induced cleavage
mechanism [69]........i e ————— 28

Figure 2-10. Schematic diagram illustrating the cracking of oxide film
along with the grain boundary mechanism for SCC [66]. .............. 30

Xl



Figure 2-11. Schematic diagram illustrating the slip-dissolution
mechanism for SCC [71]. ... 31

Figure 2-12. Schematic diagrams illustrating the adsorption-induced
dislocation emission mechanism for transgranular crack growth

[75]. e —————————— 33
Figure 3-1. Schaeffler constitutional diagram [82]...........cccceevrrrrrrrrnnnnns 36
Figure 3-2. Effect of alloying element on CO2 corrosion rate [89]......... 37

Figure 3-3. Relationship between retained austenite and the predicted

Ms temperature [95]......cc i s 39
Figure 3-4. Austenite fraction of 13Cr6Ni2Mo SMSS during heating
obtained from dilatometry and HT-XRD experiment [97]. .............. 40

Figure 3-5. Ni and Cr concentration in austenite (fcc) and ferrite (bcc)
as well as the molar fraction of austenite (grey area) from an
equilibrium calculation of a representative Fe-3.3Cr-5.4Ni (wt%)
ternary alloy [81]. ...ccemrimmmiiiiiiiiiiiiieeeeee e 41

Figure 3-6. Variation in room temperature amount of the reversed
austenite with the tempering temperature [99]. .....ccovrrrciiiiieecees 42

Figure 3-7. Variation in amount of retained reversed austenite with
reversion treatment temperature by air cooling (A.C) and furnace
LoZo Yo [ 4T I {2 0 TN L o N P 43

Figure 3-8. The amount of retained austenite obtained after tempering
at 620°C for different holding times [79]......ccceeeecciiiiiiiininreee, 44

Figure 3-9. Bright-field micrographs and schematics of the evolution of
the reversed austenite morphology with temperature and time in
low C martensitic stainless steels: (a) low temperature film
morphology; (b) elevated temperature film morphology; (c)
globular morphology at prior austenite grain boundaries; (d)
globular morphology inside martensite laths [81].......cccccccovmeennnnet 45

Figure 3-10. Fraction austenite and mechanical properties of a 16Cr-—
5Ni-1Mo stainless steel at room temperature in the hardened
condition (HC) and after 4 h soaking at various temperatures: (a)
ultimate tensile strength (UTS), 0.2% yield strength (YS),
elongation and fraction austenite (); (b) hardness and Charpy V
impact toughness; the lines are spline functions of measured data
(symbols) and do not represent physical valuesm [81]. ................ 47

XV



Figure 3-11. Inverse pole figure (left), phase(middle) and KAM (right)
maps of S13Cr MSS with different tempering temperatures: (a) (b)
(c) as-quenched; (d) (e) (f) 750°C; (g) (h) (i) 850°C; (j) (k) (1) 950°C
01 49

Figure 3-12. Polarisation curves of S13Cr MSS exposed to the 3.5 wt%
NaCl solution: (a) after tempering process; (b) relative parameters
01 50

Figure 3-13. Correlation between the passive film stability, n-Ni3Ti
precipitates and reversed austenite [119]. ....cccccoiirrciiccci e, 52

Figure 3-14. SKPFM analysis of S13Cr MSS tempered at 500°C: (a)
surface morphology of the specimen; (b) local area of (a); (c) Volta
potential of the specimen; (d) the line analysis of surface potential
[120]. e s 53

Figure 3-15. APT atom maps of double tempered sample. (a) elemental
distributions of Ni, Cr, Mo, C and H; (b) reconstructed 3-
dimensional atom maps of Ni and H with a selected cylinder
across the reversed austenite (RA) and martensite (M); (c) the
compositional profiles of H, C, Ni and Cr measured using cylinder

IN (D) [126]....c s 54
Figure 3-16. A flow chart for the selection of CRA for H2S and/or CO:
E=T=T VAo 72 ) 57

Figure 3-17. CO2 corrosion resistance plotted along temperature and
CO2 partial pressure provide by (a) Kimura and (b) Ishiguro [136,
L 58

Figure 3-18. Pourbaix diagrams for 13Cr MSS in the aggressive oilfield
environment with [Fe(aq)Jtwt = [Cr(aq)]tt = 10 mol/L [17]. ............ 59

Figure 3-19. STEM image and the corresponding EDS maps of the
corrosion scales formed on HP-13 Cr MSS in various extremely
aggressive environments: (a) 95°C/2.8 MPa,(b) 120°C/3.2 MPa, (c)
150°C/3.6 MPa, (d) 180°C/3.8 MPa [51]. ....cceerrrrimrrrrrmere e 61

Figure 3-20. Schematic diagrams of composition and its distribution in
corrosion scales in various extremely aggressive environments
5] e ——————————————————————————————— 62

Figure 3-21. The M-S curves of the passive film of S13Cr MSS formed
at 100°C(a) and 150°C(b) in simulated formation solution [139]....62

Figure 3-22. The formation and evolution of the films on the 13Cr SS
surface at 200°C and various CO2 partial pressure [140]............... 63

XV



Figure 3-23. Top-view SEM images of 13Cr SS immersed in the solution
at a constant temperature of 200°C and (a) 0.27 MPa, (b) 0.65 MPa,
(c) 1.54 MPa, and (d) 2.85 MPa of CO: partial pressure for 48 h [140].

Figure 3-24. Schematic of influence of the flow conditions on the
formation mechanism of the scale films of the HP-13Cr MSS [16].65

Figure 3-25. Schematic diagram of the porous corrosion product film-
induced localised corrosion at 200°C and 28.5 bar CO2 conditions
(a) 120 h in static and (b) 120 h in rotation speed of 188 rpm [141].65

Figure 3-26. SEM images of the corrosion products at various
immersion times at 200°C and 2.7 bar CO2 (a) 120 h in static and
(b) 120 h in rotation speed of 188 rpm [141]......cceeeeiiiiiiiiiiire, 66

Figure 3-27. Surface morphology of HP-13Cr SS in the formation water
during the SSRT process with the plastic deformation of (a) 2%, (b)
4%, (c) 6%. (d) 8% and (e) 10% at 120°C/3.2 MPa and (f) 2%, (g) 4%,
(h) 6%, (i) 8% and (j) 10% at 180°C/3.8 MPa [151].........ccceevvrvvrrrennnn. 69

Figure 4-1. (a) Test sample used for HTHP immersion tests; sample
used for the HTHP electrochemical tests: (b) before sealed and (c)
after sealed...........ooo oo ———— 73

Figure 4-2. (a) Schematic and (b) real picture of the experimental setup
for the HTHP immersion tests. ... 75

Figure 4-3. (a) Schematic and (b) real picture of the experimental setup
for the HTHP electrochemical tests. .......ccceeeeecciiiiiiiinnrecccienes 77

Figure 4-4. (a) Schematic diagram of the SSRT sample processing and
(b) dimensions of SSRT sample.......ccccccceiiiiiiimmmieecc s 78

Figure 5-1. General corrosion rate of S13Cr MSS with various
immersion times at 200°C. ... ———- 86

Figure 5-2. Localized corrosion rate of S13Cr MSS with various

immersion times at 200°C. .......cuoeeimieiri e e e e rn e nan 88
Figure 5-3. Pit depth and R/D ratio of S13Cr MSS with various
immersion times at 200°C. .......cocoieeiiimiirrireirr e e rarrnas 89

Figure 5-4. The stress-strain curves of S13Cr MSS in the N:

environment and CO:z-saturated formation brine at 200°C............. 90
Figure 5-5. The calculated ER and RAR values of S13Cr MSS in the N2
environment and CO2-saturated formation brine at 200°C............. 91

XVI



Figure 5-6. The fracture morphology of S13Cr after SSRT tests at 200°C
(a)(b)(c) in N2 and (d)(e)(f) in N2 after 7 days tempering; in the CO2-
saturated formation brine (g)(h)(i) without and (j)(k)(l) with 7 days
[0 = 01 o= oY o T 94

Figure 5-7. Side view of the fractured surface of S13Cr after SSRT at
200°C (a) in N2 and (b) in N2 after 7 days tempering; in the CO2-
saturated formation brine (c) without and (d) with 7 days pre-
oo 4 o X7 o o TR 94

Figure 5-8. The side-view SEM images of S13Cr MSS surface after SSRT
at 200°C in the CO2-saturated formation brine (a) without and (b)
With 7 days pre-CorroSion. ..........cccccciiininnnnnnnnnnnnnsnnans 95

Figure 5-9. Stress distribution of pits with hemispherical cross-section
under a loading of 90% yield strength. ...........ccccoiiiiiiiiiiiiiiiiiiiiiine, 96

Figure 5-10. (a) Macroscopic morphology and (b),(c) surface
microscopic morphology of FPB sample with a loading of 90%
yield strength at 200°C in the COz2-saturated formation brine for 15
o - 3£ 98

Figure 6-1. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS under 200°C and 5.2 MPa CO: for (a)(b)
5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours......cccccccccceeerrrrrrrrecennnnnnnn. 102

Figure 6-2. XRD patterns and Raman spectroscopy of S13Cr MSS
specimens exposed at 200°C and 5.2 MPa CO: for 5, 20, 48 and 168

Figure 6-3. BSE surface morphologies of S13Cr MSS immersed in
formation brine under 200°C and 5.2 MPa CO: for (a) 1, (b) 3 and
(c) 5 hours; (d) cross-sectional for 5 hours........cccccccciiiiiiiiiineeeen. 105

Figure 6-4. (a) SEM image of selected area used for EDS line scanning
obtained from S13Cr MSS exposure to formation brine under
200°C and 5.2 MPa CO: for 5 hours and (b) EDS line scanning
results of the selected position. .........coeeeeeciiiiiiiiiicccccreeeeee, 106

Figure 6-5. Raman spectroscopy and line scanning of S13Cr MSS
specimen exposed at 200°C and 5.2 MPa CO: for 5 hours: (a) point
identify of different regions, (b) schematic diagram of scanning
area and (c), (d) line scanning results at 552 cm-! and 712 cm..107

Figure 6-6. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS under 200°C and 5.2 MPa CO: for (a)(b)
20 and (c)(d) 48 hours. ........cceememmmmmmmmmmmmnenrnrrrrrrrrrrere e 108

XVII



Figure 6-7. Raman spectroscopy of S13Cr MSS specimens exposed at
200°C and 5.2 MPa COz2 for 20 and 48 hours. .........ccceeeeeenciiininnnns 109

Figure 6-8. (a) Top-view and (b) cross-sectional images of corrosion
film on S13Cr MSS under 200°C and 5.2 MPa CO:2 for 168 hours.110

Figure 6-9. (a) SEM image of selected area used for TEM sample
preparation obtained from S13Cr MSS exposure to formation brine
under 200°C and 5.2 MPa CO: for 168 hours and (b) EDS line
SCANNING reSUILS. .....cceeiiiieeciriirrcrr e e 111

Figure 6-10. (a) TEM images of corrosion product film formed on $S13Cr
MSS in formation brine under 200°C and 5.2 MPa CO: for 168 hours,
(b) selected region 1 for electron diffraction pattern analysis and
(c) the corresponding electron diffraction patterns. .................... 112

Figure 6-11. HAADF images of metal/corrosion products interface and
related EDS mapping of O, Fe, Mo, Niand Cr. ......ccccccccevviiiirnnnnees 113

Figure 6-12. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS under 200°C and 0.27 MPa CO: for (a)(b)

5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.......cccccceeeirrrrrrrreennnnnnnn. 115
Figure 6-13. XRD patterns of S13Cr MSS specimens exposed at 200°C
and 0.27 MPa COz for 5, 20,48 and 168 h. .......cc....ceevrrirrrrrcnnnnnnne. 117

Figure 6-14. (a)(b) Surface and (c) cross-sectional morphologies of
corrosion product film on S13Cr MSS under 200°C and 0.27 MPa
(020 738 {07 -1 o Lo U] - 119

Figure 6-15. (a) SEM image of selected area used for EDS line scanning
obtained from S13Cr MSS exposure to formation brine under
200°C and 0.27 MPa CO: for 5 hours and (b) EDS line scanning
results of the selected position. .......ccceeeeeceiiiiiiiiiniccccreeees 120

Figure 6-16. Raman spectroscopy and EDS point identify results of
S13Cr MSS specimen exposed at 200°C and 0.27 MPa CO: for 5
hours: (a) SEM image of S13Cr MSS specimen immersed for 5
hours, (b) Raman spectra for selected point, (c) EDS point identify
results for selected point. ... 121

Figure 6-17. Raman spectroscopy line scanning of S13Cr MSS
specimen exposed at 200°C and 0.27 MPa CO: for 5 hours: (a)
schematic diagram of scanning area and (b), (c) line scanning
results at 552 cm and 712 cm™ ..., 122

Figure 6-18. (a)(b) Surface and (c) cross-sectional morphologies of
corrosion product film on S13Cr MSS under 200°C and 0.27 MPa
(020 3% {07 b 13 38 oo 11 T - PR 123

XVII



Figure 6-19. (a) SEM image of selected area used for TEM sample
preparation, (b) TEM image of corrosion product film formed on
S$13Cr MSS in formation brine under 200°C and 0.27 MPa CO: for
168 hours, (c) selected region for electron diffraction pattern
analysis and (d) the corresponding electron diffraction pattern.124

Figure 6-20. (b) Raman spectra and (c) EDS point identify results of
S13Cr MSS specimens exposed at 200°C and 0.27 MPa CO2 for 168
3 125

Figure 6-21. General corrosion rate (a) and localized corrosion rate (b)
of S13Cr MSS specimens exposed at 200°C, 0.27 MPa and 5.2 MPa
010 7 127

Figure 6-22. 2D profilometry of corroded $S13Cr MSS at 200°C, 0.27 MPa
(a)(c)(e)(g) and 5.2 MPa CO: (b)(d)(f)(h) after removing the

COIroSioN ProduUCES. .....ccceeeeiiiiiiirirrrres s 129
Figure 6-23. OCP of S13Cr MSS as a function time tested at 200°C and
0.27/5.2 MPa of COn. ....cooviiieenerrr s 131

Figure 6-24. Cyclic potentiodynamic polarisation curves of S13Cr MSS
tested at 200°C and 0.27/5.2 MPa of CO: after exposure for 168

NOUFS.....cc e 132
Figure 6-25. Cathodic polarisation curves of S13Cr MSS tested at 200°C
and 0.27/5.2 MPa of CO: after exposure for 168 hours................. 133

Figure 6-26. (a) Nyquist and (b) Bode plots of S13Cr MSS after various
immersion times in CO2-saturated formation brine at 200°C and 5.2
1V = oY O 2 S 134

Figure 6-27. (a) Nyquist and (b) Bode plots of S13Cr MSS after various
immersion times in CO2-saturated formation brine at 200°C and
A | =T Y O © 135

Figure 6-28. Nyquist plots of S13Cr MSS after various immersion times
in CO2-saturated formation brine at 200°C and 5.2/0.27 MPa of CO..

Figure 6-29. The equivalent circuit diagram used to fit the EIS
experimental data. ... ——— 137

Figure 6-30. Rct and R of S13Cr MSS after various immersion times in
CO:2-saturated formation brine at 200°C and 5.2/0.27 MPa of C02.139

Figure 7-1. Top-view and cross-section morphologies of corrosion
product film on S13Cr MSS at (a)(b) 160°C, (c)(d) 180°C and (e)(f)
200°C after 5 weeks of immersion...........ceeeeceiiiirecin e 144

XIX



Figure 7-2. Cross-section morphology of corrosion product film on
S$13Cr MSS at 160°C after 5 weeks of immersion and related EDS
mapping of O, Cr, Fe, Ni and Mo. ..o 145

Figure 7-3. Cross-section morphology of corrosion product film on
S13Cr MSS at 180°C after 5 weeks of immersion and related EDS
mapping of O, Cr, Fe, Ni and Mo. ......ccoeeenciiiiiiirirececcccen e 146

Figure 7-4. Cross-section morphology of corrosion product film on
S13Cr MSS at 200°C after 5 weeks of immersion and related EDS
mapping of O, Cr, Fe, Ni and Mo. ......ccceemecciiiiiiirirreeccccee e 147

Figure 7-5. Raman spectra of corrosion product film on S13Cr MSS at
160°C, 180°C and 200°C for 5 weeks. ......cccoeirreirrmiirmiienirenernaeennns 148

Figure 7-6. General corrosion rates of S13Cr MSS at 160°C, 180°C and
200°C fOr 5 WEEKS. ....ceuiieiiieiiiiiire e s rsa rra s en s s reanren s snnrnanrannns 149

Figure 7-7. Top-view and cross-section morphologies of corrosion
product film on S13Cr MSS at 200°C for (a)(b) 5, (c)(d) 48, (e)(f) 168
and (g)(h) 168*5 hours. ... e 151

Figure 7-8. Top-view and cross-section morphologies of corrosion
product film on S13Cr MSS at 180°C for (a) 5, (b) 20, (c)(d) 48, (e)(f)

168 and (g)(h) 168*5 hours. ... 155
Figure 7-9. XRD patterns of corrosion products on S13Cr MSS at 180°C
for 48, 168 and 168*5 hOUIS. .......cecieeiirmrireniiriirer e reansennns 156

Figure 7-10. Raman spectra of corrosion products at dark and light
regions on S13Cr MSS at 180°C for 48 hours........cccccccccevvrrrrrrrenees 157

Figure 7-11. Raman spectra of corrosion product film on S13Cr MSS at
180°C for 48, 168 and 1685 hOUrsS. ........ccceimiieeiieir e renas 158

Figure 7-12. Top-view morphologies of corrosion product film on S13Cr
MSS at 160°C for (a) 5, (b) 20, (c) 48 (d)(e) 168 and (f)(g) 168*5 hours.

........................................................................................................... 160
Figure 7-13. XRD patterns of corrosion products on S13Cr MSS at
160°C for 5, 20, 48, 168 and 168*5 hours. .........cccevrrecirimncirennerenan 161
Figure 7-14. Raman spectra of corrosion products on S13Cr MSS at
160°C for 5, 20, 48, 168 and 168*5 hours. .........ccccevrrecirrmncireenerenan 162
Figure 7-15. OCP of S13Cr MSS as a function time tested at 160°C,
180°C and 200°C. .......ccoceerrrrinrrerrsssnrr e s s snr e s s s ssn e e s s e e s s nnnn e e eaas 163

Figure 7-16. Potentiodynamic polarisation curves of S13Cr MSS at
160°C after 20 h and 168 h of immersion........ccccccovrvemciiirreencenneees 166

XX



Figure 7-17. Potentiodynamic polarisation curves of S13Cr MSS at
180°C after 5 h, 48 h and 168 h of immersion..........cccevveeciieeirennns 167

Figure 7-18. Potentiodynamic polarisation curves of S13Cr MSS at
200°C after 0 h, 20 h ,48 h and 168 h of immersion...........ccccceveunns 169

Figure 7-19. Cathodic polarisation curves of S13Cr MSS at 160°C, 180°C
and 200°C after 168 h of immersion. ...........ccoevvimiiiiriiiinnennneneenenennn, 170

Figure 7-20. Electrochemical impedance spectroscopy of S13Cr MSS at
different times in formation brine at 160°C............ccccoorrrrecirrreennen. 171

Figure 7-21. Electrochemical impedance spectroscopy of S13Cr MSS at
different times in formation brine at 180°C..............ccoiimrreennnnnnnn. 173

Figure 7-22. Electrochemical impedance spectroscopy of S13Cr MSS at
different times in formation brine at 200°C...............cmmrreeennnnnnn. 174

Figure 7-23. EECs utilized for fitting the EIS results of S13Cr MSS at
different times in formation brine at 160°C, 180°C and 200°C. ....175

Figure 7-24. lllustration of the three types of Warburg impedance. (a)
The domains for diffusion and boundary conditions and (b)
Nyquist plot for: (i) the infinite Warburg, (ii) finite-length Warburg,

and (iii) finite-space Warburg impedance [165]. .........cccceeeemmnnnnen. 177
Figure 7-25. Rr of S13Cr MSS in CO2-saturated formation brine at 160°C,
180°C and 200°C after various immersion times..............cccceeuuneeee 183
Figure 7-26. Ws-R of S13Cr MSS in CO2-saturated formation brine at
160°C, 180°C and 200°C after various immersion times............... 184
Figure 7-27. Rct of S13Cr MSS in CO2z-saturated formation brine at 160°C,
180°C and 200°C after various immersion times...............cccvveeeeeee 186
Figure 7-28. Rp of S13Cr MSS in CO2-saturated formation brine at 160°C,
180°C and 200°C after various immersion times...............ccceeeeeeeee 187
Figure 8-1. Treatment process of S13Cr MSS-110 kSi. .....ccevvrrrrrrrrnnnnnns 192
Figure 8-2. XRD pattern of S13Cr MSS............oooimiiiiiiiirrerrrrrrerrereereneees 193

Figure 8-3. Microstructure of S13Cr MSS after heat treatment with green
lines show grain boundary between 15° and 45°.......................... 193

Figure 8-4. The crystallographic orientation of S13Cr MSS after heat
treatment. ... ——— 194

Figure 8-5. Crystallographic orientation (a) and phase distribution (b)
of S13Cr MSS after heat treatment..............ccorrreecciiiinr, 194

Figure 8-6. Phase diagram of S13Cr MSS used in this study............... 195

XXI



Figure 8-7. XRD patterns of the S13Cr MSS with different first tempering

temperatures. ... ———— 198
Figure 8-8. XRD patterns of the S13Cr MSS with different first tempering
0121 g o T - 199

Figure 8-9. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS-M under 200°C and 5.2 MPa CO: for
(a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours...........ccceerrrrrrreeeen. 202

Figure 8-10. (a) SEM image of selected area used for EDS line scanning
obtained from S13Cr MSS-M exposure to formation brine under
200°C and 5.2 MPa CO: for 20 hours and (b) EDS line scanning
results of the selected position. .......ccceeeeceiiiiiiiiinrcccccreeees 203

Figure 8-11. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS-A1 under 200°C and 5.2 MPa CO: for
(a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours............ceeevrrrrrrrennn. 205

Figure 8-12. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS-A2 under 200°C and 5.2 MPa CO: for
(a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours...........ccccerrrrreeeeeee. 207

Figure 8-13. (a) Surface morphology, (b) EDS point identify and (c) EDS
line scanning results of corrosion product film on S13Cr MSS-A2
under 200°C and 5.2 MPa COz2 for 5 hours..........ccccceeiiiiiinnnninnnnnnns 208

Figure 8-14. (a) Surface morphology, (b) EDS point identify and (c) EDS
line scanning results of corrosion product film on S13Cr MSS-A2
under 200°C and 5.2 MPa CO2 for 168 hours........cccccccceeviirirrnnneees 210

Figure 8-15. Surface and cross-sectional morphologies of corrosion
product film on S13Cr MSS-A3 under 200°C and 5.2 MPa CO: for
(a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours............ceeevrerrrreenn. 21

Figure 8-16. (a) Surface morphology, (b) EDS line scanning results of
corrosion product film on S13Cr MSS-A3 under 200°C and 5.2 MPa
(020 738 (o] g0 1 Lo U] S 212

Figure 8-17. (a) Surface morphology, (b) EDS point identify and (c) EDS
line scanning results of corrosion product scale on S13Cr MSS-A3
under 200°C and 5.2 MPa COz2 for 168 hours...........cccceecccinnnennnnn. 213

Figure 8-18. XRD patterns of S13Cr MSS specimens with various
austenite contents exposed at 200°C and 5.2 MPa CO2 for 168 h.214

Figure 8-19. Raman spectra of S13Cr MSS specimens with various
austenite contents exposed at 200°C and 5.2 MPa CO2 for 168 h.215

XXl



Figure 8-20. General corrosion rates of S13Cr MSS specimens with
various austenite contents exposed at 200°C and 5.2 MPa CO: for
< 7 5 216

Figure 9-1. The schematic diagram for the typical corrosion process of
S13Cr MSS under HTHP downhole environments..........cccccceveeeees 224

Figure 9-2. Pourbaix diagram for S13Cr MSS at 200°C and 5.2 MPa bar
0 225

Figure 9-3. Pourbaix diagram for aqueous at 200°C and 5.2 MPa bar CO..

Figure 9-4. Pourbaix diagram for S13Cr MSS at (a) 160°C, (b) 180°C and
(C) 200°C. ... ————————— 230

Figure 9-5. In(tI) vs. 1/Temp curve of S13Cr MSS under HTHP downhole
(=1 0 AVZT o] 914 1= 41 €S 233

Figure 9-6. Cyclic potentiodynamic polarisation curves of S13Cr MSS
at 160°C, 180°C and 200°C. ........ccoeriiiiiririinmerrrr e 235

Figure 9-7. Arrhenius plot of the passive current density obtained from
the potential dynamic polarisation curves of S13Cr MSS immersed
in CO2-saturated formation brine. .........ccccooiiiiiiiiiiniicicccrccees 236

Figure 9-8. The schematic diagram for corrosion process of S13Cr MSS
at 200°C and various COz2 partial pressure. .......cccccceeerrrerrrmreennnnnnns 237

Figure 9-9. The schematic diagram for Stage Il of corrosion process of
S$13Cr MSS at 200°C and various CO:2 partial pressure from the top
2[5, 238

Figure 9-10. Raman spectroscopy of S13Cr MSS specimen exposed at
200°C and 0.27/5.2 MPa COa. ....cceeeeeeeeeemmmmmmememmmmemsmmmessssssmmssnsssnsennnn 243

Figure 9-11. Pourbaix diagram for S13Cr MSS at 200°C with (a) 0.27 and
(D) 5.2 MPa Of CO2.....cooieeeiirei e 244

Figure 9-12. The schematic diagram for Stage Il of corrosion process
of S13Cr MSS specimens with/without reversed austenite exposed
at 200°C and 5.2 MPa CO:2 from the top view..........cccccevrmrrrrrrrrennns 251

Figure 9-13. Native passive film degradation time-temperature map of
S$13Cr MSS under HTHP downhole environments..........cccccceveeeees 252

XX






13Cr
AES
Af
AIDE
APT
As
BCT
COs*
CPDP
CPE
CPEu

CPEs
DI
EBSD
ECOFI’
EDX
EEC
EGS
EIS
Epit
ER
Erep
FCC
FE
FIB
FIC
FLW
FPB
FSW
GDP

HCO3

HE

List of Abbreviations

13% Chrome

Auger electron spectroscopy

Finishing temperature of austenite formation
Adsorption-induced dislocation emission
Atom probe tomography

Starting temperature of austenite formation
Body-centred tetragonal

Carbonate ion

Cyclic potentiodynamic polarisation
Constant phase element

Capacitance of the electrical double layer

Capacitance related to the corrosion scale
Deionized

Electron backscatter diffraction
Corrosion potential

Energy dispersive X-ray spectroscopy
Equivalent electrical circuit

Enhanced geothermal system
Electrochemical Impedance Spectroscopy
Pitting potential

Elongation ratio

Repassivation potential
Face-centered cubic

Finite element

Focused ion beam

Film-induced cleavage

Finite-length Warburg

Four-Point Bend

Finite-space Warburg

Gross Domestic Product

Bicarbonate ion

Hydrogen embrittlement

XXV



HEDE
HELP
HFM
HTHP
IEA

IMPACT

IRENA
W
Ksp
MCM
Ms
MSS
NACE
OCP
OCTG
PBR
PDM
PEEK
PTFE
RAR
Rct

R¢
S13Cr
SCC
SEM
SHE
SPM
SR
SSRT
STEM
TEM
TRIP
UTS
Ws-R
XPS
XRD

Hydrogen-enhanced decohesion
hydrogen-enhanced localized-plasticity

High field model

High temperature and high pressure

The International Energy Agency
International Measures of Prevention, Application
and Economics of Corrosion Technology
The International Renewable Energy Agency
Infinite Warburg

Solubility product

Mixed Conduction Model

Martensitic start temperature

Martensitic stainless steels

The National Association of Corrosion Engineers
Open circuit potential

Qil country tubular goods

Pilling-Bedworth ratio

Point defect model

Polyetheretherketone
Polytetrafluoroethylene

Reduction in area ratio

Charge transfer resistance

Resistance of the corrosion scale
Super 13% Chrome

Stress corrosion cracking
Scanning electron microscopy
Standard hydrogen electrode
Solution Pores Model
Supersaturation

Slow strain rate tensile test
Scanning transmission electron microscopy
Transmission electron microscopy
Transformation-induced plasticity
Ultimate tensile strength

Warburg resistance

X-ray photoelectron spectroscopy
X-ray diffraction

XXVI



1. Chapter 1 Introduction

1.1. Project background

Under the background of the global energy transition and the
reshaping of geopolitical landscapes, ensuring the security and
resilience of energy supplies has emerged as a core concern for
nations worldwide. The global pursuit of energy security, coupled
with the trend of low-carbon energy transition, is propelling the
frontiers of resource exploration deep into the Earth's crust. As
engineering operations venture into deeper formation, the service
environment for engineering materials undergoes extreme HTHP
conditions. In these downhole environments, the synergistic
interplay of elevated temperatures, high mechanical stresses, and
aggressive corrosive media (e.g., high salinity brines, CO2, and H>S)
is pushing engineering materials to their physical limits [1].

Corrosion in such extreme downhole environments has become one
of the most common and costliest challenges to the energy
industry [2]. Corrosion not only damages the structural integrity of
tubing, leading to catastrophic failures and environmental hazards,
but also brings a staggering economic burden. As estimated by the
National Association of Corrosion Engineers (NACE) International
in the International Measures of Prevention, Application and
Economics of Corrosion Technology (IMPACT) Study (2016), the
annual global cost of corrosion was at around $2.5 trillion,
representing approximately 3.4% of the global Gross Domestic
Product (GDP) [3]. Particularly within the energy industry, corrosion-
related expenditures (including material replacement, unplanned
downtime, and chemical inhibition treatments) incur losses
amounting to billions of dollars annually.

The corrosion in extreme HTHP downhole environments mainly
occurs in two critical sectors: oil and gas exploitation and
geothermal development. Both industries rely on the development
of deep reservoirs where HTHP conditions are the norm, thereby



posing an urgent request for advanced material solutions to ensure
the long-term serviceability and integrity of downhole infrastructure.

1.1.1. Oil and natural gas

Despite the rapid development of renewable energy, oil and natural
gas remains the cornerstone of the global energy system for the
next few decades [4]. This is due to their irreplaceable energy
density and their essential role as industrial raw materials.
According to the World Energy Outlook 2023 [5] pressed by the
International Energy Agency (IEA), the demand for oil and natural
gas is expected to remain at high level until 2050, as shown in
Figure 1-1.

To meet sustained energy demand and offset the production decline
in mature fields, the global oil and gas industry is continuously
moving into areas with more complex geology and higher costs.
Specifically, deep and ultra-deep formations. Among them, deep
and ultra-deep regions have become the most important areas for
reserve replacement and the investment hotspots. The reservoir
temperature rises with depth at a rate of about 25-30°C/km [6].
Therefore, the deep and ultra-deep zones usually correspond to a
HTHP reservoir condition. As shown in Figure 1-2, for oil and gas
industry, HTHP can be defined as a reservoir temperature greater
than 150°C and a pressure greater than 69 MPa [7].
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Figure 1-1. (a) Oil and (b) natural gas demand by region in the
Stated Policies Scenario, 2000-2050 [5].
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As shown in Figure 1-3, the HTHP resources are widely distributed
in regions such as the Americas, Asia-Pacific, and the Middle East,
including the Gulf of Mexico (depth > 8000 m), the North Sea, and
China's Tarim Basin (depth > 9000 m) [8].

Developing these resources means that production facilities must
withstand extremely harsh downhole environments: high
temperatures, high pressures, and fluids containing high
concentrations of CO2 and high-salinity formation water (rich in CI
ions). This aggressive downhole environment poses an
unprecedented and severe challenge to the long-term integrity and
safety of downhole tubing, which is in direct contact with the
produced fluids [1].
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1.1.2. Geothermal

In order to against climate change and achieve energy transition,
deep geothermal energy, especially Enhanced Geothermal
Systems (EGS) as shown in Figure 1-4 [9], is emerging as a
zero-carbon energy option. It was reported by the IEA [10] in 2024
that the full technical potential of next-generation geothermal
systems to generate electricity is second only to solar photovoltaic
among renewable technologies and is sufficient to meet global
electricity demand 140-times over. EGS extracts heat from deep,
low-permeability hot dry rocks by creating artificial reservoirs. The
target zones are typically with temperatures ranging from 150°C to
300°C or even higher [9].

Similar to deep oil and gas wells, both production and injection wells
in EGS face harsh HT environments. The chemistry of geothermal
fluids is highly corrosive, they are usually rich in aggressive ions like
CI- and SO4%> and may also contain dissolved gases such as CO;
and H2S [11]. This poses a severe corrosion threat to tubing
materials.
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Figure 1-4. Enhanced geothermal systems [9].

Since the downhole environment of geothermal wells is very similar
to that of HTHP oil and gas wells, the corrosion challenges they
faced and the demand for cost-effective materials are almost exactly
the same.

1.2. Application of S13Cr MSS

Figure 1-5 presents a widely accepted material selection guide for
downhole tubing in the oil and gas industry [12]. Traditionally,
carbon steel/low alloy steel combined with inhibitors has been the
most cost-effective solution for downhole conditions. However, in
HTHP environments (>150°C), most commercial organic inhibitors
face severe thermal degradation [13]. This causes a sharp drop in
inhibition efficiency, making this approach unreliable. Duplex
stainless steels (22Cr/25Cr) and nickel-based alloys offer excellent
corrosion resistance at high temperature, but their high costs limit
their large-scale application.
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Figure 1-5. A flow chart for the selection of tubing material for
H2S and/or CO: service [12].

The successful development of S13Cr MSS bridges the gap in both
performance and cost between cheap carbon steels/low alloy steels
and expensive duplex stainless steels. The traditional material
selection map as provided in Figure 1-5 set the safe application
temperature limit of S13Cr MSS below 180°C. However,
advancements in corrosion research and field experience have led
some manufacturers to suggest that the service temperature limit of
S13Cr MSS could be extended to 200°C under specific field
conditions (as shown in Figure 1-6) [14].
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Figure 1-6. Application limits of tubing materials proposed by
manufacturers [14].

7



Therefore, systematically study on the corrosion and stress
corrosion cracking (SCC) behaviour of S13Cr MSS at high
temperatures, especially around 200°C, is crucial. This is not only
essential for clarifying the failure mechanisms of S13Cr MSS in
HTHP downhole environments and extending the application
temperature range, but also holds significant engineering
importance for reducing the development costs of deep oil and gas
resources.

1.3.0Objectives of this study

Corrosion in HTHP downhole environments is a significant
challenge during the development of HTHP wells. In collaboration
with Zhejiang Jiuli Hi-Tech Metals Co., Ltd., this project aims to
identify the primary failure mode of S13Cr MSS under HTHP
downhole environment. Additionally, by investigating the corrosion
behaviour and the evolution of the corrosion product film at high
temperatures, this study aims to improve the understanding of
S13Cr MSS applications under HTHP environments. It also aims to
provide corrosion-related insights for material optimization. The
specific research objectives of this study can be outlined as follows:

* To systematically assess the susceptibility of S13Cr MSS to
general corrosion, localized corrosion, and SCC under specific
aggressive HTHP downhole environment, and to identify the
primary failure mode of S13Cr MSS in such environment.

* To develop an autoclave system capable of performing in-situ
electrochemical measurements under HTHP environments,
providing a reliable experimental platform to observe transient
corrosion processes.

* To investigate the influence of CO2 partial pressure on the
evolution of the composition and structure of the corrosion
product film, as well as on the scaling behaviour.

* To study the impact of temperature variation on the evolution of
composition and structure of the corrosion product film, and to
establish a comprehensive corrosion model covering the full
process from native passive film degradation to steady-state
corrosion under HTHP environments.



* To utilize in-situ electrochemical techniques to monitor the
degradation behaviour of the native passive film in real-time, and
to accurately identify the failure time of the native passive film in
order to study the kinetic characteristics of the transition from
passivity to active dissolution.

* To investigate the thermodynamic processes regarding the
formation and evolution of corrosion products on S13Cr MSS
under HTHP environments by combining chemical composition
characterization with Pourbaix diagram.

* To propose and experimentally validate a material optimization
strategy for S13Cr MSS based on corrosion performance
improvement.

1.4. Outline of thesis

The thesis is broken down into ten chapters as follows:
Chapter 1 is the introduction and justification for the project.

Chapter 2 introduces essential theoretical concepts relevant to CO>
corrosion of stainless steel, and the basic principles of passive
behaviour and SCC.

Chapter 3 is a review of literature on the development of
13%Cr MSS and its corrosion and cracking performance under
HTHP downhole environments.

Chapter 4 covers the full experimental methodology employed in the
research project, including a description of all HTHP testing
equipment and the surface analysis techniques applied.

Chapter 5 is the first of four results chapters. The general corrosion
rate, localized corrosion rate, and the evolution of pitting
morphology of S13Cr MSS under specific HTHP condition were
obtained through immersion tests combined with surface
profilometry and weight loss measurements. Subsequently, the
SCC susceptibility in this harsh downhole environment was
evaluated by slow strain rate tensile tests (SSRT) and scanning
electron microscopy (SEM) fracture analysis. The susceptibility to
general corrosion, localized corrosion, and SCC was classified, and
the primary failure mode of S13Cr MSS in this environment was
identified.



Chapter 6 compares the composition evolution and microstructural
differences of corrosion product films, as well as the scaling
behaviour, under high and low CO: partial pressures through
immersion tests of varying durations and surface analysis
techniques (including SEM, energy dispersive X-ray spectroscopy
(EDX), transmission electron microscopy (TEM), X-ray diffraction
(XRD), and Raman spectroscopy). A corrosion stage division model
was proposed based on the evolution of surface morphology. In-situ
electrochemical measurements were employed to monitor and
compare the real-time electrochemical response characteristics of
the S13Cr MSS under different CO- pressure conditions.

Chapter 7 first investigates the corrosion rates through long-term
experiments to understand the usability of the S13Cr MSS at
different temperatures. Subsequently, immersion tests combined
with surface analysis were used to observe the degradation of the
native passive film and the subsequent growth of the corrosion
product film. In-situ electrochemical monitoring was conducted to
compare the electrochemical response at each corrosion stage
under different temperatures. The corrosion evolution stage model
proposed in the previous chapter were improved.

Chapter 8 proposes an optimization strategy to improve the
corrosion resistance of S13Cr MSS by adjusting the reversed
austenite content. S13Cr MSS specimens with varying austenite
contents were prepared. The impact of austenite content on
corrosion resistance was evaluated through immersion tests.
Surface analysis techniques were employed to investigate the effect
of austenite content on the corrosion behaviour of S13Cr MSS
during each corrosion stage under HTHP downhole environments.

Chapter 9 is the discussion section which pulls together all of the
results chapters and compares and contrasts this with the currently
available literature.

Chapter 10 is the final conclusions of the project and also includes
recommendations for future work.
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2. Chapter 2 Theory of carbon dioxide corrosion of

stainless steel

2.1. Mechanisms of the CO2 corrosion

CO:2 corrosion is the chemical/electrochemical reaction of the
pipeline material in the presence of water and CO.. It is a complex
process in which a number of chemical reactions, electrochemical
reactions and transport processes occur simultaneously which can
be divided into both anodic and cathodic reactions. The presence of
CO2 in an aqueous solution promotes the hydrogen evolution
reaction, increasing the rate of corrosion of iron [15].

The chemical process of CO2 corrosion commences by the
dissolution of CO2 in water. Depending on the conditions within the
flow, a percentage of the carbon dioxide gas dissolves in the
produced water and results in the formation of weak carbonic acid
as shown in the reactions 2-1 and 2-2 [15].

CO2g) = CO2aq) (2-1)
CO2(aq) + H20 = H2CO3aq) (2-2)

Carbonic acid is considered a weak acid as it does not fully
dissociate. It is diprotic and partially dissociates in two steps to form
bicarbonate (HCOs3') and carbonate (CO3%), and releases H* ions in
both steps. This separation provides the necessary H* ions to
enable the corrosion reaction.

H2CO3@q) = H* + HCO3~ (2-3)
HCOs™ = H* + COs* (2-4)

2.1.1. Anodic reactions

The primary anodic dissolution of metal is given in reaction 5-7:
Fes) — Fe? + 2e (2-5)
Nis) — Ni?* + 2e (2-6)
Cris) — Cr3* + 3e (2-7)
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The corrosion product film formed at high temperature is mainly
composed of spinel (FesOs, FeCr.0s4, NiFe20s4, etc.), hematite
(Fe203), Cr203, etc. Cr203could be formed and controlled by
the electro-migration process according to the following reactions at
high temperature CO2 environments [16, 17]:

2Cr + 3H20 = Cr,03+ 6H* + 6e” (2-8)
Cr+ 3H,0 = Cr(OH)s + 3H* + 3¢’ (2-9)
2Cr(OH)s = Crz03 + 3H20 (2-10)

Cr(OH)s can be deposited to form as an amorphous phase during a
dissolution-precipitation process and then transform into Cr.O3 [16]:

Cr3*+ 30H = Cr(OH)3 (2-11)
Cr(OH)z + Cr+ 30H =Cr203 + 3H20 + 3e (2-12)

Fe and Ni can form oxides or hydroxides on the surface via the
following reactions [18]:

3Fe + 4H20 = Fe304+ 8H" + 8¢ (2-13)

Ni2* + 20H = Ni(OH): (2-14)

According to the potential (E)-pH diagram of the Ni-H2>0 system and
Fe-H>O system at 250°C, the following reactions may occur:

Ni + 2H20 = NiO + 2H" + 2¢- (2-15)

2Fe304 + H2O = 3Fe203+ 2H + 2¢ (2-16)

Fe2O3 forms on the metal surface at a relatively positive potential as
a metastable oxide phase.

The formation of spinel FeCr.O4 can occur via reactions 2-17, 2-18
and 2-19 (noting that all these reactions produce H* ions, potentially
acidifying the interface during formation)

Fe + 2Cr + 4H20 = FeCr,04 + 8H* + 8¢ (2-17)
2Fe?* + CryOs + Hy0 = FeCroO4 + 2H* (2-18)
Fe?* + 2Cr(OH)s = FeCrz04 + 2H* + 2H,0 (2-19)

The growth of oxide particles can occur via the precipitation of
cations from solution. The formation of NiFe2O4 by precipitation can
be expressed as reaction 2-20 [19]:
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2Fe?* + Ni2* + 4H20 = NiFe,04 + 8H* + 2¢ (2-20)

Another corrosion process is the formation of carbonate via the
following reaction [20]:

Fe?* + COs> = FeCOs (2-21)

2.1.2. Cathodic reactions

The main cathodic reaction on the steel surface in the presence of
CO: is the hydrogen evolution reaction (i.e. the reduction of H* ions).
In CO2-containing environments, the production of hydrogen at the
steel surface is facilitated through a collection of cathodic reactions.
Initially, the hydrogen evolution reaction was widely considered to
include the below reactions, which consist of the reduction of H* as
well as the direct reduction of H.CO3, HCO3 and H20 [21]. However,
recent studies point out that the direct reduction of H>CO3, HCO3
(reactions 2-23 and 2-24) is insignificant in CO2 corrosion. H2COs,
HCOs mainly contribute to the cathodic reaction through
dissociation (reactions 2-23 and 2-24) to supply H* [22, 23]. The
direct reduction of water (reaction 2-25) is thermodynamically
feasible, but is often neglected due to its kinetically insignificant
contribution in CO2 corrosion process [23, 24].

2H"(aq) + 2€" = Ha(g) (2-22)
2H2CO3(aq) + 26" = Hag) + 2HCO3 (aqg) (2-23)
2HCO3(aq) + 2€" = Hag) + 2C03% (aq) (2-24)

2H20¢) + 2e" = Hag) + 20H"(ag) (2-25)

Hydrogen ion reduction (reaction 2-22) has been studied
extensively [25-27]. The commonly understanding is that this
reaction can be described using three steps, which involve
electrochemical adsorption of H* (reaction 2-26), followed by either
electrochemical desorption (reaction 2-27) or chemical desorption
(reaction 2-28).

H+(aq) + e = Hags (2-26)
Hags + HY(aq) + € = Haz(g) (2-27)
Hads + Hads < H2(g) (2-28)

13



2.2. Passive behaviour of stainless steel

Passivity is a property of some metals or alloys, which are
thermodynamically unstable, and react inherently with environment
(water or oxygen) forming a stable passive oxide film on the material
surface. The metal surface is protected against the corrosive
environments by the passive layer [28].

The passive film was first separated by the scratch experiment.
Later, combined with modern research methods, including X-ray
Photoelectron  Spectroscopy (XPS) and Auger Electron
Spectroscopy (AES), researchers gradually deepened their
researches on passive film. Macdonald believed that the passive
film of stainless steel has a double-layer structure, as shown in
Figure 2-1 [29]. The outer membrane is a sedimentary membrane,
which is formed by the cation diffusion of the inner membrane to the
surface and hydrolysis. However, the results of the literature show
that the composition, structure and thickness of the passive film
change with the composition of the material and the
environment [30]. For metals such as (Cr, Co, Ni, Mo) and their
alloys it is tens to hundreds of angstroms while the thickness of
passive film for the other metals (Zn, Cd, Mg, Cu, Pb) could be in
micro meter range [31].
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Figure 2-1. Schematic diagram illustrating the structure of the
passive film [29].

2.2.1. The passive film growth model

Passivation has been the subject of discussion for more than 200

years. Researchers have systematically studied the passivation of
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various metals and their alloys. During those researches, many
theories and models have been proposed to explain the growth of
passivation films, including High Field Model (HFM), Mixed
Conduction Model (MCM), Solution Pores Model (SPM) and Point
Defect Model (PDM), etc., so far, no unified theory has emerged to
explain the growth kinetics of passive films.

2.2.1.1. Point Defect Model

Of all the models which make analytical predictions that can be
tested, the Point Defect Model is the most widely accepted model
for corrosion in aqueous solution. The PDM was originally proposed
by C. Y. Chao and D. D. Macdonald in the early 1980s [32], and has
now developed into the third generation [33].

According to the PDM, the passive film is generally considered to
be a highly defective semiconductor with vacancies (including metal
vacancies and oxygen vacancies) and metal interstitials. As
illustrated in Figure 2-2, the formation and consumption of
vacancies and metal interstitials occur at the interface. Under anodic
polarisation conditions, oxygen vacancies migrate from the metal/
barrier layer interface to the outer layer or solution direction, while
metal vacancies migrate from the barrier layer /outer layer interface
or barrier layer/solution interface to the metal direction. The
migration of these vacancies may eventually lead to the movement
of the passive film interface. When the film formation and dissolution
rate are consistent, the thickness of the corrosion film will be stable
and the passive film can reach an equilibrium state [33].
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Figure 2-2. Summary of the defect generation and annihilation

reactions envisioned in PDM to occur at the interfaces of the
barrier oxide layer on the metal [33].

Following the PDM, the electrostatic potential is distributed across
the interphase with drops across the metal/barrier layer interface,
the barrier layer, and the barrier layer/outer layer interface as shown
in Figure 2-3. The strength (¢) of the electric field in the barrier layer
is independent of voltage and distance through the barrier layer. The
voltage drop across the barrier layer/outer layer interface is linearly
dependent upon the applied voltage and the pH [33, 34].
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Figure 2-3. Distribution of the potential across the barrier
layer [34].
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2.2.1.2. High Field Model

High Field Model was proposed by E.J.W. Verwey in 1935 [35].
According to the HFM, a significant electric field is assumed to exist
across the thin oxide film. The high field assisted ionic transport
through the film is considered to be the rate-limiting processes
during the film growth process, often leading to a linear growth law
for the oxide film thickness over time. Unlike the PDM, the strength
of the electric field in the film is not constant according to the
assumption of HFM [36]. As shown in Figure 2-4, according to the
HFM, the electric field is assumed to change upon a change in
potential while the potential drop across the metal/film interface and
film/solution interface remains unchanged, the film growth will be
limited by high field ion conduction through the oxide [37].
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Figure 2-4. Schematic diagram illustrating the response to an
applied potential according to HFM [37].

2.2.1.3. Mixed Conduction Model

Mixed Conduction Model was proposed by M. Bojinov in the late
20th century. A simplified scheme of the processes taking place in
the metal/oxide/electrolyte system according to the MCM is
provided in Figure 2-5 [38]. From the schematic view of it only, to a
large extent, the MCM is similar to the early generation PDM. But
the MCM emphasises the coupling between the ionic defect
structure and electronic conduction. It is assumed in the MCM that
positive ionic defects generated at the metal/film interface and
consumed at the film/electrolyte interface play the role of electron

donors, while negative defects generated at the film/electrolyte
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interface and consumed at the metal/film interface play the role of
acceptors. The electronic conductivity of the steady-state passive
film is considered to be proportional to the concentration of ionic
defects [39].
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Figure 2-5. A scheme of the processes taking place in the
metal/anodic layer/solution system according to MCM [38].

2.2.1.4. Solution Pores Model

In many cases, the passive oxide film is porous. Solution Pores
Model particularly focus on the presence and role of pores within the
film.

In the case of the film growth control by reactant diffusion, it can be
categorized into two cases based on the activation energy required
for diffusion: in one case, reactant diffusion through the oxide lattice,
which requires an activation energy of 120-135 kJ/mol [40]; and in
the other case, reactant diffusion through the solution in the pores
of the porous oxide layer, where the activation energy for liquid
phase diffusion generally lies below a value of 41.84 kd/mol [41].
The second case which the reactant diffusion through the solution
in the pores of the porous oxide layer is known as the SPM [40].

2.2.2. Protectiveness of passive film

The protective oxide film could be destroyed by electrochemical and
mechanical methods. For example, putting the passivated metal in
a solution containing the aggressive ions is a common degrading

condition. Localized corrosion (pitting corrosion, crevice corrosion
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and stress corrosion cracking) occurs by the breakdown of the
passive film in the presence of aggressive ions (such as CI-, Br,
etc.). Electrochemical investigation of passivity is a common method
used to evaluate the resistance of the material to localised corrosion.
Studying the material polarisation treatment by polarisation
techniques especially cyclic potentiodynamic polarisation (CPDP)
technique is a suitable way for investigation of the beginning of
passivity, breakdown of oxide film, susceptibility to repassivation
and calculation of the rate of pitting corrosion due to the vast range
of scanning potential [31].

The general shape of CPDP curve is as follows; after passing
through the region of active corrosion, the current density decreases
to a critical potential, called the “Flade potential” or “primary
passivation potential”. This decrease is due to the formation of the
passive layer on metal surface. The passive current density is the
current density in the passive region. With further increase in the
potential in the passive region, a rapid rise in the anodic current can
be detected. This rise is due to either the evolution of oxygen by the
decomposition of water or breaking the passive film and localized
corrosion. If the increase of current density is due to the
decomposition of water and evolution of oxygen gas, the region is
called “transpassive region” (Figure 2-6) [28]. Finally, the scanning
potential direction is reversed to the starting point. Along with the
continuous scanning potential, the current response is monitored.
According to ASTM F2129 standard [42], there are three different
states: the scanning potential continues until the hysteresis loop is
completed indicating repassivation (Figure 2-6 a) or oxygen
evolution occurs and the anodic to cathodic transition potential is
reached (Figure 2-6 b) or the hysteresis loop is not completed and
corrosion potential is reached (Figure 2-6 c). According to ASTM
G61 standard [43], the reverse scan continues until the hysteresis
loop is completed or the corrosion potential is reached.
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Figure 2-6. Schematic illustration of CPDP tests for three
different conditions, (a) exhibiting protection potential, (b)
with oxygen evolution, (c) without protection potential [28].

The parameters used to interpret the CPDP curves include: pitting
potential, repassivation or protection potential, the potential of
anodic to cathodic transition and hysteresis. In the CPDP test,
relative position of pitting potential and repassivation potential or
protective potential with respect to the corrosion potential is the most
important parameter for evaluating the pitting susceptibility [44].

2.2.2.1. Pitting potential

In the anodic polarisation scanning, scanning starts from corrosion
potential after reaching a steady state. Before reaching the potential
of oxygen evolution, a rapid increase in the current density occurs.
Two reasons have been mentioned for this increase. One is that if
the surface of oxide is not perfect, for example, some defects exist
in the film; the passive film will not be stable over the passive region.
At a potential below the oxygen evolution potential, the surface
defects will be active and begin to propagate which can increase the
current density. The other reason for the increase in the current
density earlier than the oxygen evolution can be the breakdown of
the oxide film and occurrence of the pitting corrosion in the presence
of aggressive ions. In the absence of aggressive ions, the passive
film will be stable over the electrode potential of O2 evolution. The
potentials at which the current density increases rapidly for either of
two above reasons are given names such as critical pitting potential,
pitting potential, breakdown potential or rupture potential [45, 406].
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2.2.2.2. Repassivation potential

In the CPDP curve, for investigating the material resistance to
localized corrosion after increasing the current density at pitting
corrosion, the scanning direction changed. The potential reduction
toward the negative potentials, the current density in the reverse
scan is higher than the current density in the forward scan (positive
hysteresis). The scanning continues until the reverse curve crosses
the forward polarisation curve. This intersection point was named as
protection potential or repassivation potential (Erep). Repassivation
potential is the potential at which the growth rate of pits is
stopped [28].

The resistance of the material to localized corrosion is evaluated on
the basis of the Erp measurement to the corrosion potential (Ecorr).
If Erep lies in the more noble values than the Ecor, the propagation of
active pits is diminished or stopped. Therefore, at the potentials
between the protection potential and corrosion potential, the passive
film is stable and no pits will initiate or grow. Also, in this region
crevice corrosion and crack initiation and propagation will not take
place. This region is called perfect passivity. At the potential
between the pitting potential (Epit) and repassivation potential (Erep),
only old pits propagate and no new pits nucleate (Figure 2-7). If Ecor
lies between Epit and Eep, the repassivation of pits will not take place
completely and preformed pits continue to grow and propagate
(Figure 2-6(c)) [31].

21



A
Piuting initiates
and propagates
Epil _____________________________________
Hystersis Loo . .
! = p Only prior pitting
propagate
E, epr———————— g o= - ————————— it
=
=
- A -~ -
o Anodic to Cathodic
b~ Transition
S
ay
Pitting will not
S initiate or
f propagate
E corr| T
¥ N

Log (Current Density)

Figure 2-7. Schematic illustration of CPDP curve and
corrosion parameters. The arrows show the direction of
polarisation [28].

Pitting potential is the minimum potential at which the material tends
to the pitting corrosion. Above the pitting potential, new pits will
initiate and develop. The difference between the Eit and Erp and
also the area of the hysteresis loop indicates the probability of pitting
corrosion. The more difference between the Epit and Erep and the
larger area of positive loop demonstrate the probability of low pitting
corrosion resistance [31, 46, 47].

2.3. Factors that influence the CO:2 corrosion process

For CO2 corrosion, research has been carried out to study the
influence factors of CO2 corrosion, such as CO: partial pressure,
temperature, pH value, CI, flow rate, etc. on the corrosion
processes as well as the corrosion rate.

2.3.1. Temperature

The influence of temperature on CO2 corrosion mainly due to the
following reasons [48, 49]:(1) Temperature affects the solubility of

22



CO2 in the medium that CO> concentration decreases with the
increase of temperature; (2) Temperature affects the reaction speed
of the corrosion reaction and the transmission speed of anode and
cathode ions; (3) Temperature also affects the film-forming
mechanism of the corrosion product film as well as the stability of
the passive film on the steel surface.

The corresponding temperature deviated with the change of matrix
material, medium composition and state parameters. As shown in
Figure 2-8, 9% and 13% Cr steels indicated the maximum corrosion
rate of 4.1 mm/y and 4.0 m/y were observed at 150°C and 200°C
respectively at 3 MPa CO2, but 25% Cr showed better corrosion
resistance in this environment [50]. In high temperature CO:>
environments, the increase in temperature, the corrosion scales on
stainless steel surface undergo significant microstructural changes.
Therefore, the protection of the corrosion scales changes with
increasing temperatures. For example, the decrease of the pitting
potential and repassivation potential accompanied by the increasing
density and diffusivity of acceptor in the scales [51]. As the
temperature increase to a critical value, the stainless steel move
into an active state [52].

Moreover, in addition to the change of corrosion rate as well as the
corrosion products on the surface, the number of pits decreased.
However, the increase in pits’ size and depth have been reported
with increasing temperatures.[28]
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Figure 2-8. Effect of CO: partial pressure and temperature on
corrosion rate of Cr steel in the autoclave. (5% NaCl; 0.1 and
3.0 MPa CO: at 25°C; test duration, 96 h; flow
velocity, 2.5 m/s.) [50].

2.3.2. CO: partial pressure

CO2 gas dissolves into the solution and results in the formation of
weak carbonic acid, which partially dissociates and provides H* ions,
thereby lowering the pH of the environment [21]. The reduction in
pH promotes the dissolution of materials [53]. On the other hand,
the increased partial pressure of CO: results in the easier
precipitation of carbonates, which inhibit the subsequent corrosion
processes. Hence, higher CO- partial pressure does not necessarily
lead to a higher corrosion rate, this is a matter of environmental
conditions [54, 55]. In general, under film-free conditions, higher
CO: partial pressure results in higher corrosion rate by reducing the
pH [56].
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Bicarbonate (HCO3') and carbonate (CO3?") ions which were formed
by the dissociation of carbonic acid, were described as
non-aggressive anions [57].

2.3.3. pH

Generally, materials show better resistance to the corrosion/pitting
under high pH conditions. As the pH increased, the metastable
pitting nucleation potential and point of stainless steel in the same
concentration of NaCl solution shift positively [58]. When the
polarisation potential is fixed, the increase rate of the point current,
volume depth and orifice diameter of a single etch hole varied with
the pH values [59].

According to the thermodynamic properties of Cr-H20 and Fe-H>O
system at 300 °C, the equilibrium electrode potential of oxidation of
Cr and Fe degraded with increasing pH, resulting in the anodic
reaction shifted to the left and decrease of Ecorr [60].

The pH affects the stability of the corrosion products from the
perspective of thermodynamics, and the composition of the
corrosion products can be predicted by Pourbaix diagram. Due to
the change in pH, the structure and composition of the corrosion
product films change, resulting in the change in the protective
properties [61].

The pH also effects the formation of corrosion product films from the
perspective of kinetic. For example, the solution pH affects
significantly the precipitation of FeCO3 on the surface.[21] Since the
kinetics of the precipitation of FeCOzs is relatively slow, it is believed
that the supersaturation of the steel surface needs to reach 10 ~ 100
to form a protective layer [62]. And the pH is one of the most
important factors which affect the required supersaturation of FeCO:s.
The increase of pH significantly reduces the Fe?* concentration
required to reach the solubility of FeCOs, promoting the formation of
the carbonate on the surface [49].

2.3.4. Chloride ion

Chloride ions (ClI- ions) are one of the most important factors leading
to the pitting corrosion of stainless steel. Cl ions not only destroy

the passive film of stainless steels and lead to the occurrence of the
25



pitting corrosion, but also promote the growth of the pitting on the
surface due to the concentration of CI- ions is high within the pit [63].
The passive film is mostly amorphous, with some nanocrystals [64].
There are boundaries between nanocrystals and the amorphous
phase and the interface between nanocrystals and the amorphous
zone assume a special kind of grain boundaries and provide ready
paths for CI ions transport. ClI" ions accumulate at the metal/film
interface through the path, cause lattice expansion of the passive
film on the metal side and undulations at the interface, then result in
the breakdown of the passive film at adjacent locations [64]. When
the concentration of Cl- ions increase, the catalytic effect of Cl- ions
promoting the breakdown of the passive film is enhanced, and the
active points in the passive film increase, so does the susceptibility
to pitting corrosion. The pitting potential reduces (shift to the active
direction) as the CI" ions concentration increases. Conversely, as
the solution containing chloride ions is more dilute, the value of the
pitting potential is observed at higher (more noble) potentials [28].

2.3.5. Flow

Fluid velocity is one of the effective parameters on the
corrosion/pitting resistance of some alloys in CO2 environments.
The flow velocity influences the transport of cathodic species
towards the steel surface, resulting in increased metal dissolution
rates at higher flow velocities [15]. For alloys such as nickel
chromium alloy, iron nickel alloy and iron chromium alloy, the high
velocity of fluid does not permit to deposit suspended solids on the
surface. This will cause changes in the composition and structure of
the corrosion product films on the surface of the material and further
affect the general corrosion and pitting behaviour of the material [28].
For example, the corrosion product film of HP-13Cr SS in the highly
aggressive formation water was composed of Cr(OH)s and Cr20s3,
of which Cr(OH)s was controlled by the dissolution-precipitation
process and Cr20O3 was controlled by the electromigration process.
The rotation speed would have a significant influence on the
dissolution-precipitation process, resulting in decrease of the
volume fraction of an amorphous Cr(OH)s. Then, the density of the
Cr203/Cr(OH)3 phase boundary and the donor densities increased
S0 as to the pitting corrosion was easier to occur [106].
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Flow also alters the flow state within the pits, promoted the pitting
geometry changes from bullet shape to shallow-disk shape.
Furthermore, both the uniform corrosion and pitting corrosion would
be accelerated in flowing solution and exhibited deeper pits. In brief,
flow can promote the pitting growth rate in different directions [16].

2.4. Basic theory of stress corrosion cracking

Stress corrosion cracking (SCC) is defined as “spontaneous failure
by cracking of metal under the combined action of high stress and
corrosion”. There has been approved in the literature, the stress
corrosion cracking resulted from tensile stress and the nucleation of
crack at the metal surfaces required an incubation period [65].

Stress corrosion cracking can be divided into anodic dissolution
mechanism and hydrogen-based mechanism according to the
macroscopic mechanism. If the corresponding cathodic process
during the dissolution of the anode metal is a hydrogen evolution
reaction, and the generated atomic hydrogen can diffuse into the
sample and control the nucleation and propagation of cracks, then
this type of stress corrosion is a hydrogen-based stress corrosion
cracking. If the corresponding cathodic reaction is an oxygen
absorption reaction, or although the corresponding hydrogen
evolution reaction, but the hydrogen concentration entering the
sample is lower than the threshold value of hydrogen-induced
cracking caused by the material, then it is a typical anodic
dissolution stress corrosion [66].

2.4.1. Anodic dissolution mechanisms

Anodic dissolution mechanisms can be divided into film-induced
cleavage mechanism, cracking of oxide film along grain boundary
mechanism, slip dissolution-based mechanism, preferential
dissolution mechanism, corrosion enhanced localized-plasticity
mechanism and film-induced stress enhanced localized-plasticity
mechanism. The preferred dissolution mechanism is proposed for
aluminum alloys, which is not suitable for downhole corrosion
resistant alloys so we don’t introduce it here. A brief introduction of
the remaining mechanisms is provided in the following sections.
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2411. Film-induced cleavage

The film-induced cleavage (FIC) model for SCC of normally ductile
materials, face-centred cubic (FCC) materials, was proposed by
Sieradzki and Newman in 1985 [67, 68]. The model involves
repeated sequences of (i) the formation of an environmentally
induced brittle film at crack tips, (ii) rapid brittle fracture of the film,
(iii) continuation of brittle fracture into the underlying substrate for
distances that are much greater (10-1000x) than the film thickness,
and (iv) crack-arrest and blunting (Figure 2-9). Thus, the model
predicts that crack growth is discontinuous and that crack-arrest
markings should be present on fracture surfaces, as sometimes
observed. FIC has been proposed for both transgranular (cleavage-
like) and intergranular cracking, although the term should not,
strictly speaking, be applied to the Ilatter since cleavage is
transgranular.

Brittle film
(~100nm thick) Slip band ,///

\ i 1-100 pm :% \’

Crack-arrest (1) Fracture
marking of film

@ Cleavage or brittle intergranular fracture
of substrate at high velocities (100’s m/s)

Figure 2-9. Schematic diagram illustrating the film-induced
cleavage mechanism [69].

A basic assumption of the model is that a crack in the brittle film
propagated at such high velocities (hundreds of meters per second
or more), and continues to propagate into the substrate without
slowing down, only very limited dislocation activity occur. It is
assumed that due to occasional dislocation emission from crack tips
or because crack encounters obstacles such as slip bands, the
crack velocities decrease as cracks propagate. Then extensive
dislocation activity (as usually occurs in FCC materials) take place,
leading to crack arrest.

For FIC to occur, the film needs to be brittle and also be strongly
bonded to the substrate. Other film properties, such as the degree
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of coherency with the substrate, elastic modulus and film-thickness,
are also important. Nano-porous, de-alloyed films are considered to
be particularly effective in promoting cleavage in the substrate,
providing that the porosity is sufficiently fine. Coarsening of de-
alloyed films is thought to somehow destroy their ability to inject a
brittle crack into the substrate.

2.4.1.2. Cracking of the oxide film along with grain boundary
mechanism

The cracking of oxide film along the grain boundary mechanism was
first used to explain the stress corrosion of brass in ammonia water.
Grain boundary oxide film cracking refers to the alloy in a specific
corrosion medium produce a very brittle or weak passive film, it
forms along the grain boundary. Due to the limitation of the migration
process, the grain boundary film is not very thick. If there is stress,
the grain boundary film perpendicular to the stress will be brittlely
broken, exposing fresh metal and corroded into a fracture. Under
the applied stress, the fracture then is opened and the solution enter
the crack. In this way, the brittle oxide film forms along the grain
boundary along the crack tip. The repetition of this process causes
stress corrosion to propagate along the grain boundaries. Because
crack growth is achieved by the fracture of the brittle film that
penetrates into the grain boundary, it is discontinuous, and the
distance of each step is equal to the depth of the grain boundary
film [70]. In this way, some fatigue-like patterns can be seen at the
epitaxial fracture.

The schematic diagram is shown in Figure 2-10, and the stages in
the figure are as follows: First oxide film and pitting form on the
surface and oxide film grow along the grain boundary at the location
where the surface oxide film break. After that, under the effect of
external stress and film-induced stress, the oxide film along the
grain boundary crack locally, and discontinuous microcracks
appears in the grain boundary oxide film in front of the crack tip.
Then discontinuous microcracks grow and connect, and oxide film
continues to grow along the grain boundary. The above process
repeats, leading to crack propagation [66].
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Figure 2-10. Schematic diagram illustrating the cracking of
oxide film along with the grain boundary mechanism for
SCC [66].

2.4.1.3. Dissolution-based mechanisms

Mechanisms of SCC based on dissolution require atoms at the crack
tips to be removed preferentially in a direction approximately normal
to the applied stress, with only limited dissolution behind the crack
tip. Direct dissolution could be promoted by either a chemically
active path, such as grain boundaries, or an active path generated
by stress/strain concentrated at crack tips.

The slip-dissolution mechanism (also known as the film-
rupture/anodic dissolution mechanism) is the most widely cited
dissolution-based SCC process. It involves the rupture of protective
films by slip bands intersecting the crack tip, then dissolution along
grain boundaries or low-index crystallographic planes until
repassivation occurs. Alternatively, crack tips may remain
essentially film-free if the crack-tip strain-rate is high compared with
the repassivation rate. In addition to rupturing protective films, slip
processes increase the crack-tip-opening displacement, allowing
solvent ions and solvated ions to diffuse to crack tips more rapidly
so that dissolution does not inhibited by salt films or other corrosion

products (Figure 2-11) [71].
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Figure 2-11. Schematic diagram illustrating the slip-
dissolution mechanism for SCC [71].

241.4. Corrosion enhanced localized-plasticity mechanism
and film-induced stress enhanced localized-plasticity
mechanism

Corrosion enhanced localized-plasticity mechanism was thought to
occur by the following sequence of events: stress leads the rupture
of the passive film, in the meantime, adsorption of chloride ions at
the rupture position inhibit the repassivation. At these ruptured
locations, anodic dissolution occurs, generating a high density of
vacancies. These vacancies diffuse into the metal matrix and
interact with dislocations, lowering the barrier to dislocation motion.
As a result, dislocations can move under lower applied stress,
enhancing local plastic deformation. The increased local plastic
deformation produces a triaxial stress state, which in turn facilitates
crack nucleation along active slip planes [72].

Film-induced stress enhanced localized-plasticity mechanism is
also a form of corrosion enhanced localized-plasticity mechanism. It
proposes that the formed corrosion product film can impose tensile
stress on the underlying metal substrate. Once the superimposition
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of the applied tensile stress and tensile stress caused by the
corrosion product film make the local plastic deformation develop to
a critical state, SCC initiates and propagates. In this case, the
sensitivity of stress corrosion was related to the thickness and
properties of the corrosion product film, the greater the additional
stress caused by the film, the more sensitive the stress corrosion
was [73].

2.4.2. Hydrogen-based mechanisms

Mechanisms of SCC based on the effects of hydrogen on
deformation and fracture are widely accepted for many materials,
e.g. high-strength steels, nickel alloys, titanium alloys, aluminium
alloys and magnesium alloys, since (i) hydrogen can be generated
at crack tips by chemical dissociation of water molecules or by
electrochemical reactions, (ii) these materials are known to be
embrittled by hydrogen (after hydrogen-charging and testing in inert
environments or during testing in gaseous hydrogen), and (iii) SCC
in some of these materials can occur in moist air where dissolution
and some other environmental interactions can be discounted.

The characteristics of fracture surfaces produced by stress
corrosion cracking and hydrogen embrittlement (HE) in the
materials mentioned above are similar (except for differences in
films or corrosion on fracture surfaces). Hence, mechanisms of SCC
based on hydrogen are thought to be essentially the same as those
proposed for HE, and involve either adsorbed hydrogen, dissolved
hydrogen, or hydrides at crack tips. The mechanisms of SCC
induced by hydrogen are summarised in the following.

2.4.21. Mechanisms based on adsorbed hydrogen

These mechanisms involve the weakening of substrate interatomic
bonds leading to easier dislocation emission (adsorption-induced
dislocation emission (AIDE)) or decohesion at crack tips. Adsorbed
hydrogen can readily diffuse ahead of crack tips compare to other
adsorbed species, so that adsorption of hydrogen could occur not
only at external crack tips but also at internal cracks (and voids just
ahead of cracks) [74]. When hydrogen adsorption promotes
dislocation emission from crack-tips, a greater proportion of the
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dislocation activity results in crack growth since dislocation emission
on suitably inclined slip planes produces crack advance as well as
crack opening. Hence, coalescence of cracks with voids occurs at
lower strains and shallower dimples were produced on fracture
surfaces when AIDE occurs (Figure 2-12) [75]. Another difference
between hydrogen and other adsorbed species, related to the ease
of hydrogen diffusion, is that high hydrogen concentrations are likely
to be present within the first few atomic layers beneath crack tips as
well as on the surface. Interatomic bonds involved in dislocation
emission or decohesion at crack tips would probably be weakened
to greater extents when hydrogen is present within the first few
atomic distances as well as on the surface compared with when
hydrogen is present only on the surface. For convenience, hydrogen
on the surface and within a few atomic distances of surfaces is
defined as ‘adsorbed hydrogen’ for the purposes of discussing
mechanisms of HE and SCC, as already mentioned [69].
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Figure 2-12. Schematic diagrams illustrating the adsorption-
induced dislocation emission mechanism for transgranular
crack growth [75].

2.4.2.2. Mechanisms based on solute hydrogen

The mechanisms based on solute hydrogen can be divided into two
categories:
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(1) Hydrogen-enhanced decohesion (HEDE) mechanism: solute
hydrogen weakens interatomic bonds and facilitates decohesion (as
for adsorbed hydrogen but further ahead of crack tips).

(2) Hydrogen-enhanced localized-plasticity (HELP) mechanism:
solute hydrogen facilitates dislocation activity in the plastic zone
ahead of cracks and promotes crack growth by a more localized
slip/microvoid-coalescence process than that which occurs in inert
environments.

The HEDE mechanism involve hydrogen concentrating in regions of
high hydrostatic stress where the lattice is slightly dilated, at particle-
matrix interfaces, or at grain boundaries. The HELP mechanism
also involves localized hydrogen concentrations ahead of crack tips
due to high hydrostatic stresses (or due to hydrogen entry at crack
tips), and it is based on hydrogen atmospheres around dislocations,
or hydrogen at dislocation cores, facilitating dislocation movement
in the localized regions where hydrogen is concentrated [76].

2.4.2.3. Combinations of mechanisms

Combinations of AIDE, HELP and HEDE mechanisms could occur
in many cases [77]. For example, dislocations nucleated from crack
tips (due to AIDE) may move away from crack tips more readily due
to HELP, thereby decreasing the back-stress on subsequent
dislocation emission. For crack growth predominantly by AIDE, void-
nucleation ahead of cracks could be promoted at slip-band
intersections by HELP or by HEDE at particle- matrix interfaces.
AIDE and HEDE could also occur sequentially, with AIDE occurring
until the back-stress from emitted dislocations increased somewhat
so that HEDE then occurred, followed by AIDE again when the crack
tip had moved away from the stress-field of dislocations previously
emitted. As well as AIDE and HELP possibly acting conjointly to
localize plasticity, additional strain-localization could occur due to
the effect of vacancies on deformation and fracture, with hydrogen
reducing the vacancy-formation energy and stabilizing vacancies
produced by dislocation-dislocation interactions, as discussed in the
next section [69].
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3. Chapter 3 13%Cr martensitic stainless steel for
HTHP downhole environments and its corrosion and

cracking performance.

3.1. Development of martensitic stainless steel

Martensitic stainless steel is named after its microstructure, which is
martensitic, a metastable interstitial solid solution of carbon in iron.
Martensite (o’ Fe) is a supersaturated solid solution of carbon in a-
Fe with a body-centred tetragonal (BCT) crystal structure, it is not
shown in the equilibrium phase diagram of the iron-carbon system
as it is not an equilibrium phase. Martensite always forms in
carbon-containing steel by a rapid cooling (quenching) of the
austenite as carbon atoms do not have enough time to diffuse to
form FesC [78-80]. Compared to other types of stainless steel such
as austenitic stainless steel, ferritic stainless steel, duplex stainless
steel, and precipitation hardened stainless steel, martensitic
stainless steel is known for its high strength, hardness, and wear
resistance which contributed by its martensitic microstructure [81].

Usually the phase composition of stainless steel can be simply
predicted by the Schaeffler constitutional diagram [82] as shown in
Figure 3-1. Martensitic stainless steels are typically made up of high
amounts of chromium (11.5%-18%), as well as varying amounts of
carbon, silicon, nickel, molybdenum, and other elements. The high
chromium content gives martensitic stainless steel its excellent
corrosion resistance, while the carbon content contributes to its high
strength and hardness [83, 84].
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Figure 3-1. Schaeffler constitutional diagram [82].

Martensite microstructure was first observed by German
microscopist Adolf Martens at around 1890 and then officially
named after him. Then in 1913, Harry Brearley of the Brown-Firth
research laboratory in Sheffield, England discovered the
industrialized first commercial martensitic stainless steel (12.8% Cr,
0.24% C, 0.44% Mn, Bal. Fe) [85]. In the decades since then,
researchers continued to refine the composition and heat treatment
of martensitic stainless steel to improve the its performance. Today,
martensitic stainless steel has been widely used in a variety of
industrial applications, such as aerospace, automotive, medical
industries, oil and gas, chemical industry and etc due to its high
strength, hardness, and wear resistance, making it ideal for
applications that require these properties.

In terms of the application in oil and gas industry, 13% Chrome
(13Cr) martensitic stainless steels (MSS) debuted as oil country
tubular goods (OCTG) during the early 1980s owing to its good
corrosion resistance in the high carbon dioxide and chloride
environment, and have been beneficial cost solution for many
fields [86]. However, the high carbon content poses problems for its
welding as well as corrosion resistance [87]. The limitation of 13Cr
MSS strength capabilities due to heat treatment and chemistry, and
the susceptibility to CO> corrosion at elevated temperature and
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cracking in H2S environments restricted the usability of this material
beyond 80 ksi grade. Under this circumstance, a great metallurgical
effort has been undertaken to enhance the performance of 13Cr
materials. With the metallurgical technology progress, argon oxygen
furnace/vacuum decarburisation furnace refining technology
became widely used in the refining of stainless steel, the carbon
content of stainless steel was therefore capable to be controlled
under 0.03%, low carbon martensitic stainless steels, called super
martensitic stainless steels, then were developed and been used as
line pipes since the late 1990’s.

In the meantime, the effect of alloying elements on the corrosion
performance of modified 13Cr MSS were widely studied to improve
the performance of 13Cr MSS. Among the numerous alloying
elements, Ni and Mo are the most common alloying elements in
13Cr MSS. The addition of Ni stabilizes the martensitic phase
without ferrite, and the addition of Mo is to improve the resistance to
localized corrosion and sulphide stress cracking (SSC) [86, 88].
Within a range of modified 13Cr MSS, 13Cr MSS with 5% Niand 2%
Mo stands out due to its excellent corrosion resistance as shown in
Figure 3-2 [89].
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Figure 3-2. Effect of alloying element on CO2 corrosion
rate [89].
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3.2. Austenite in martensitic stainless steel

The widely application of martensitic stainless steel is mainly due to
its excellent strength and wear resistance provide by its martensitic
structure, but the martensitic structure also has the obvious defect
of being brittle. Introducing precipitated austenite into the
martensitic matrix is a common method of adjusting the mechanical
properties [84, 90].

Austenite, also known as gamma-phase iron (y-Fe), is a solid
solution of iron and carbon and has a face-centred cubic (FCC)
structure. Austenite, compared to martensite, is relatively soft and
ductile. In general, a higher austenite content in martensitic
stainless steels results in improved toughness and ductility, but
reduced hardness and strength. Conversely, a lower austenite
content results in increased hardness and strength, but decreased
toughness and ductility [84, 91]. Overall, the presence of austenite
in martensitic stainless steels can be both beneficial and detrimental
depending on the specific application and desired properties.

3.2.1. Formation of austenite in martensitic stainless steel

Austenite introduced in martensitic stainless steel by heat treatment
can be divided into retained austenite and reversed austenite
according to their heat treatment process [92]. Austenite forms
when the steel is heated and then cooled from fully austenite region
is called “retained austenite”. Correspondingly, the austenite
obtained when steel is heated and then cooled from incomplete
austenite region is called “reversed austenite”.

3.2.1.1. Formation of remained austenite in martensitic
stainless steel

Retained austenite forms when the steel is heated to the fully
austenite region and then quenched. During the quenching process,
once the temperature lowers the martensitic start temperature (Ms),
austenite will gradually transform to martensite by shear
transformation without element diffusion. The shear transformation
from austenite to martensite causes volume expansion, leading to
an increase in the resistance to shear transformation of the
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austenite between martensite [93], resulting in the inhibition of
transformation of the rest austenite to martensite. Austenite that
does not transform to martensite upon quenching is called “retained
austenite” and mainly distribute between martensite laths.

The Ms temperature is the temperature that austenite to martensite
transformation begins at, it is a very useful parameter for estimating
the stability of austenite. Ms temperature can be described as a
parameter that affected by steel chemistry as the following equation
proposed by Ishida [94]:

Ms (°C, wt.%) = 545-330C+2Al +7Co0-14Cr-13Cu-23Mn- (3-1)
5Mo-4Nb -13Ni-7Si+3Ti+4V+0W
A lower Ms temperature might associated with a more stable
austenite, make it more easy to get a high amount of retained
austenite in material after quenching process as illustrated in Figure
3-3 [95].
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Figure 3-3. Relationship between retained austenite and the
predicted Ms temperature [95].

Besides steel chemistry, austenitization temperature and cooling
rate also effects the stability of austenite by effect the Ms
temperature. According to the research provide by Tsai [96], higher
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austenitization temperature and cooling rate tend to result in lower
Ms temperature.

3.2.1.2. Formation of reversed austenite in martensitic
stainless steel

In martensitic stainless steels, the reversed austenite formation is a
two-stage process during an entire tempering process. During the
first stage, the steel is heated to an incomplete austenitization
temperature and held at that temperature for a period of time to
allow the martensite transform to austenite, called “reversed
austenite”. During the second stage, the steel is rapidly cooled, part
of the reversed austenite will transform back to martensite, a
proportion of reversed austenite remains in steel after cooling to
room temperature during this process.

During the first stage, which is the heating stage, the martensite to
reversed austenite phase transformation begins at As (starting
temperature of austenite formation), and fully transform to austenite
at temperature above Af (finishing temperature of austenite
formation). The austenite fraction increases with temperature
between As and Af as shown in Figure 3-4 [97].
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Figure 3-4. Austenite fraction of 13Cr6Ni2Mo SMSS during
heating obtained from dilatometry and HT-XRD
experiment [97].
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Similar to Ms, As can be also described as a parameter that affected
by steel chemistry and effect by heating rate as well. An
approximation for the As temperature of 13%Cr steels with less than
0.05 wt.% C can be described as the following equation [98]:

As (°C, wt.%) = 850-1500(C+N)-50Ni-25Mn+25Si+25Mo (3-2)
+20(Cr-10)

The martensite to austenite phase transformation occurring during
the heating and holding steps of tempering is a diffusional phase
transformation which represent the formation of reversed austenite
not only undergoes phase transformation, but also undergoes
element diffusion, resulting in a different composition of reversed
austenite from the surrounding martensite. According to
thermodynamic equilibrium, growth of austenite requires an inward-
flux of Ni and outward-flux of Cr as shown in Figure 3-5 [81]. Ni-
enrichment in austenite decreases with increasing annealing
temperature, indicating the reversed austenite form at a lower
temperature is more stable (with lower Ms).
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Figure 3-5. Ni and Cr concentration in austenite (fcc) and
ferrite (bcc) as well as the molar fraction of austenite (grey
area) from an equilibrium calculation of a representative Fe-
3.3Cr-5.4Ni (wt%) ternary alloy [81].

During the second stage, which is the cooling stage, austenite
transforms to martensite, which controlled by the stability of
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austenite. The stability of austenite in martensitic stainless steel in
this cooling process is affected by several factors, as introduced
before, including the carbon content, the alloying elements, the
heating temperature, and the cooling rate. The less stable the
austenite, the higher the fraction of transformation from austenite to
martensite during the cooling process.

Thus, it can be summarized that during tempering, the amount of
reversed austenite is controlled by two factors: the transformation
volume of austenite under high temperature and the stability of
austenite in tempering cooling process. On one hand, a higher
tempering temperature can induce a higher transformation volume
of austenite under high temperature. One the other hand, As the
tempering temperature increases, the concentration of austenite
forming element such as Ni in reversed austenite decreases,
resulting in a decrease in the stability of the reversed austenite,
reversed austenite becomes easier to transform to martensite
during cooling process. So there exists an optimal temperature
under which the volume fraction of reversed austenite is maximum
in the temperature range from As to Af as shown in Figure 3-6 [99].
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Figure 3-6. Variation in room temperature amount of the
reversed austenite with the tempering temperature [99].

Besides the heating temperature, cooling rate also significantly
affects the retained reversed austenite content at room temperature.
As shown in Figure 3-6, the air-cooled (high cooling rate) specimen
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has smaller amount of reversed austenite than the furnace-cooled
(low cooling rate) specimen at all tempering treatment temperatures.
The smaller amount of retained austenite for a higher cooling rate is
attributable to more unstable austenite due to introduction of a
higher thermal stress and higher concentration of quenched-in
vacancies at the Ms temperature from higher cooling rate [91].

25

=S

15 1

ot

Amount of retained austenite (vol. %)

N I—

L L " A i 'l i 'l
575 GO0 625 G50 675 T00

Reversion treatment temperature ("C)

Figure 3-7. Variation in amount of retained reversed austenite
with reversion treatment temperature by air cooling (A.C) and
furnace cooling (F.C) [91].

The tempering holding time is an important parameter that effect the
reversed austenite content as well. As indicated in Figure 3-8, the
amount of reversed austenite is reported to reached the maximum
when the holding time reaching critical value at which
thermodynamic equilibrium is attained. After that, with increasing
holding time, the reversed austenite decrease as the growth of
M23Cs consumes carbon and chromium in the reversed austenite,
therefore decrease the stability of austenite and resulting a reversed
austenite content decrease after cooling [79].
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Figure 3-8. The amount of retained austenite obtained after
tempering at 620°C for different holding times [79].

The distribution and morphology of austenite is widely reported to
be significant influenced by the heating temperature [100, 101]. As
indicated in Figure 3-9(a), reversed austenite with film morphology
forms at lath boundaries when temperature slightly above As, it is
worth noting that austenite grows from the lath boundary into only
one of the laths in this stage [102]. Above this temperature,
austenite films begin to grow into both laths adjacent to a lath
boundary as shown in Figure 3-9(b) [101, 103]. At elevated
temperature lower than Af, reversed austenite tends towards a
blocky morphology, first at prior austenite grain boundaries (Figure
3-9(c)) and at higher temperature within martensite laths (Figure
3-9(d)) [92, 104]. This mainly because of lower required partitioning
of Ni as shown in Figure 3-5 at higher temperature, resulting in
easier formation of nucleation sites inside martensite laths.
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Figure 3-9. Bright-field micrographs and schematics of the
evolution of the reversed austenite morphology with
temperature and time in low C martensitic stainless steels: (a)
low temperature film morphology; (b) elevated temperature
film morphology; (c) globular morphology at prior austenite
grain boundaries; (d) globular morphology inside martensite
laths [81].

Carbides in martensite stainless steel shows a strong relationship
with the nucleation of reversed austenite. The M23Cs carbide
precipitates are commonly observed in martensitic stainless steel
after tempering as Cr is a strong carbide former alloying element.
During tempering, the M23Cs carbides are precipitated preferentially
at the martensite lath boundaries as the boundary sites are
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preferred because of the greater ease of diffusion in these regions
[78]. The M23Ce carbides have a limited solubility in Ni, which also
causes the Ni atoms to diffuse to the adjacent area, providing the
nucleate site for the reversed austenite formation. Thus the
reversed austenite formed adjacent to the carbides with the Ni-
enrichment as the nucleation sites at the tempered temperature
above the As temperature [105].

3.2.2. The role of austenite in mechanical property of
martensitic stainless steel

Martensite is a type of phase that is characterized by high strength,
hardness, and wear resistance, but relatively low ductility and
toughness; while austenite is characterized by highly ductile and
toughness. Therefore, introducing a certain amount austenite into
martensite can achieve a good combination of strength-ductility by
martensite for strength while austenite for ductility.

Generally, an increase in the austenite content of martensitic steel
leads to a decrease in the hardness, yield strength as well as the
ultimate tensile strength, and an increase in the impact toughness
and elongation of the material [84, 106, 107]. This is well
summarized by Niessen [81] as shown in Figure 3-10. It should be
notice that the maximum hardness, yield strength and ultimate
tensile strength obtained at temperature around 475°C which is not
the maximum austenite content temperature, this was identified to
be an effect of secondary hardening from precipitation of Mo2C.
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Figure 3-10. Fraction austenite and mechanical properties of a
16Cr-5Ni—1Mo stainless steel at room temperature in the
hardened condition (HC) and after 4 h soaking at various

temperatures: (a) ultimate tensile strength (UTS), 0.2% yield
strength (YS), elongation and fraction austenite (); (b)
hardness and Charpy V impact toughness; the lines are spline
functions of measured data (symbols) and do not represent
physical valuesm [81].

Low vyield to tensile ratio and high ductility were achieved at high
austenite content condition, this is reported to be contributed by
transformation-induced plasticity (TRIP) effect from high volume
fraction of austenite. When the crack propagated to the reversed
austenite phase, the austenite consumed a large amount of
deformation work while transform to martensite, and hinder the
further propagation of the crack and thus increase the total
elongation, ultimate tensile strength and toughness [108].
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3.2.3. The role of austenite in corrosion of martensitic stainless
steel

There are different opinions on the effect of increasing the austenite
content by tempering on the corrosion properties of the steels. Some
researchers believe that increasing the austenite content will
improve the pitting resistance of the steels, while some hold the
opposite view.

Zhao et al. [109] proved that the pitting resistance of S13Cr MSS
increased with increasing reversed austenite content by
Electrochemical Impedance Spectroscopy (EIS) and
potentiodynamic polarisation measurement. As shown in Figure
3-11, the Electron Backscatter Diffraction (EBSD) results indicated
that reversed austenite formation restricted the movement of
dislocations, and reduced the dislocations density. Therefore, the
increasing in the reversed austenite content could improve the
passive film compactness, and inhibit the penetration of ClI-, thus
reducing the risk of pitting corrosion. Accordingly, the pitting
corrosion resistance of S13Cr MSS was enhanced as the tempering
temperature increased as shown in Figure 3-12. Similar result was
also reported by Wang et al. [110].
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Figure 3-11. Inverse pole figure (left), phase(middle) and KAM
(right) maps of S13Cr MSS with different tempering
temperatures: (a) (b) (c) as-quenched; (d) (e) (f) 750°C; (g) (h)
(i) 850°C; (j) (k) (1) 950°C [109].
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Figure 3-12. Polarisation curves of S13Cr MSS exposed to the
3.5wt% NaCl solution: (a) after tempering process; (b) relative
parameters [109].

However, Carvalho et al. [111] reported that the Ni-partitioning
resulting from austenite reversion process led to an increase in the
susceptibility of the alloy to pitting corrosion. Santos et al. [112] also
found that the great fractions of austenite decrease corrosion
resistance by electrochemical tests. But they observed a different
behaviour at the immersion test, the austenite ennoblement due to
higher Ni content decreases the corrosion rate during immersion in
0.5 M H2SO4 solution.

Moreover, Mitsuo et al. [113] reported that the pitting potential for
modified 13% Cr steel were independent of the retained austenite
content.

When discussing the effect of austenite content on corrosion
resistance, in addition to the austenite phase itself, it is also
necessary to consider carbides, precipitates or intermetallic
compounds which formed associated with the tempering process
when adjusting the austenite content in martensitic stainless steel.

Carbides, especially M23Cs, are widely discussed when evaluating
the effect of austenite/tempering on the corrosion behaviour of
MSSs. However, there are two different views on the influence of
reversed austenite on the pitting resistance of MSSs in the
coexistence of austenite and carbides condition. Both Lei et al. [114]
and Man et al. [115] observed that the reversed austenite nucleated
around the Cr-rich carbides and reduced the extent of Cr depletion
around carbides and enhances the stability of passive film.
Zhao etal. [116] and Bonagani etal. [117] found that the Cr
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contents in the Cr-depleted regions increased with increasing
tempering temperature, but remained lower than the value of the
steel matrix, Meanwhile, the austenite content decreased, and the
size as well as the density of Cr-depleted regions were also reduced
with increasing tempering temperature. These factors together led
to an enhanced pitting corrosion resistance as the tempering
temperature increased. However, Abbasi et al.[118] reported that
the corrosion resistance of AlSI1420 MSS decreased with increasing
austenite content. This is believed to be related to the formation of
the carbides and associated Cr-depleted region at high temperature
while a high austenite content is obtained, thus reduced the
corrosion resistance of AlS1420 MSS.

Besides, Wang et al. [119] investigated the effect of tempering
temperature on the corrosion resistance of Custom 465 nickel-rich
martensitic stainless steel. As indicated in the Figure 3-13,
increasing tempering resulted in coarsening of the n-NisTi
precipitates and increasing reversed austenite content. The
coarsening of the n-NisTi precipitates caused the reduction of the
nickel content in the matrix, which resulted in a decrease of the
stability of the matrix passive film. But when the tempering
temperature was higher than 648°C, the amount of reversed
austenite gradually increased to 14%. Therefore, the passive film
stability and pitting corrosion resistance gradually increased
attributed to the nickel enrichment in reversed austenite, which was
beneficial for passive film stability. Thus, in summary, when the
tempering temperature increased from 482°C to 648°C, the n-Ni3Ti
precipitates gradually coarsened to 150nm and the reversed
austenite gradually increased to 14%, which first decreased and
then increased the passive film stability.

51



—a—R, —_ —— Austenite

|
\
1
b
1

R,/ Q.cm’

Content of austenite

I
10 ’ 2 Bengfit
[ / : / :
1+ 1 | 1
. : : =
As-quenched 510°C 565°C 648°C

Figure 3-13. Correlation between the passive film stability, n-
Ni3Ti precipitates and reversed austenite [119].

Research work presented by Zhao and co-workers [120] on
S13Cr MSS showed tempered specimens exhibited worse pitting
resistance than as-quenched specimen. This can be contributed to
the formation of Mo-rich intermetallic compounds and related
Mo-depleted region during tempering process. As shown in Figure
3-14, the Mo-rich intermetallic compound is accompanied with a
Mo-depleted region which had an approximately 7 mV Volta
potential lower than the matrix and destroying the corrosion film
stability.
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Figure 3-14. SKPFM analysis of S13Cr MSS tempered at
500°C: (a) surface morphology of the specimen; (b) local area
of (a); (c) Volta potential of the specimen; (d) the line analysis

of surface potential [120].

3.2.4. The role of austenite in stress corrosion cracking of
martensitic stainless steel

Stress corrosion cracking is another major concern in addition to
corrosion during the service of martensitic stainless steel in oil and
gas. Martensitic stainless steels are sensitive to hydrogen
embrittlement compared to austenitic stainless steels and duplex
stainless steels. Austenite has a higher hydrogen embrittlement
resistance compared to martensite due to its face-centered cubic
(FCC) structure [121]. Hence, increasing the austenite content is a
common method of improving the HE resistance of martensitic
stainless steels [113, 122-125].

Fan et al. [126] applied atom probe tomography (APT) to confirm

that reversed austenite is the H trapping site in martensitic stainless

steel as shown in Figure 3-15. It was reported by Zhu et al. [127]
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that the hydrogen was three times more soluble in austenite than
that in martensite. Hydrogen distribution is largely modified with
introducing reversed austenite in martensitic stainless stee, and
hydrogen would be mainly trapped in reversed austenite rather than
in the prior austenite grain boundaries or other sites where stress is
concentrated. Thus, it can be expected that the weakest link of
fracture path would not be the prior austenite boundaries any more.

Bttt kSt ot St St St St Tt St St 0

Figure 3-15. APT atom maps of double tempered sample. (a)
elemental distributions of Ni, Cr, Mo, C and H; (b)
reconstructed 3-dimensional atom maps of Ni and H with a
selected cylinder across the reversed austenite (RA) and
martensite (M); (c) the compositional profiles of H, C, Ni and
Cr measured using cylinder in (b) [126].

However, it is noteworthy that the reversed austenite can transform
to martensite when sufficient hydrogen and severe plastic
deformation are presented. In this situation, a large quantity of
hydrogen is inherited from the austenite which previously trapped a
substantial amount of hydrogen, making the newly formed
martensite the most susceptible phase to HE in MSSs. As a result,
a hydrogen induced crack is very likely to initiate or propagate in
these regions, which causes premature failure. Hence, the
beneficial effect of austenite is limited [122, 126, 128].
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3.3. Research work on the corrosion and SCC
behaviour of 13Cr MSS under HTHP CO2-containing

downhole environments

Normal 13Cr MSS (UNS S41000) is considered as a cost-effective
material for downhole injection or production tubing and casing due
to its excellent mechanical & corrosion properties and economic
applicability. However, normal 13Cr undergoes a relatively server
corrosion when the temperature reaches 150°C [129]. In this
situation, modified 13Cr MSSs were developed to increase the
upper limit temperature of the application of 13Cr MSS. Among a
range of modified 13Cr MSSs, an appropriate candidate structural
material known as Super 13Cr MSS (UNS S41427, S13Cr MSS)
containing extra low carbon grade and approximately 5 wt% Ni and
2 wt% Mo has been shown to improve corrosion resistance
compared to normal 13Cr and other modified 13Cr MSSs at a higher
temperature with CO presence. S13Cr MSS can provide more cost-
effective performance compared to duplex stainless steels and Ni-
based austenitic stainless steels in some cases and is extensively
used in high CO2 downhole environments.

With the widespread usage of 13Cr type MSS in the oil and gas
industry, attention has been drawn to its corrosion and fracture issue
as corrosion and fracture failures were reported regarding the
application in HTHP CO2-containing downhole
environments [130, 131]. Attention has been paid to reveal the
corrosion and fracture behaviour of 13Cr type MSSs to improve the
understanding of the application of 13Cr type MSSs.

3.3.1. Research work on the corrosion behaviour of 13Cr MSS
and the formation mechanism of the corrosion scales

under HTHP CO2-containing downhole environments

Under mild service environments, the 13Cr MSS surface covered by
a passive film which mainly comprised of Cr.03, Cr(OH)s,
Fesz04/Fe203 and FeOOH, the added of Ni and Mo in S13Cr MSS
can form MoO2/MoOs and NiOOH to enhance the protective
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properties of the passive film [132-134]. The passive film on the
surface of the passivated material is in a dynamic generation-
dissolution process during the service which can be described using
the Point Defect Model as mentioned in Chapter 2. The low
corrosion rate of the material is attributed to the presence of the
protective passive film which act as a barrier between the substrate
and the aggressive electrolyte to prevent the substrate from server
corrosion.

Under an aggressive HTHP environment, the air-formed native
passive film degraded and is replaced by a corrosion product film
which mainly comprised FeCOs3, Cr203, Cr(OH)3, FeCr204 [51, 135].
5% Ni endow S13Cr MSS with the ability to form a Ni-rich layer at
the material-corrosion scale interface which plays an important role
in the corrosion resistance at high temperature by blocking
the material interface and acting as a barrier to restrict the corrosive
species pass through and reduce material degradation [52].

The evolution of the corrosion scales formed on 13Cr MSS including
the structure and composition of corrosion scales, the protective
property of the corrosion scales, etc. has been reported to be greatly
influenced by environmental factors such as temperature, CO:
partial pressure, flow condition, etc., and has recently received a lot
of attention with the widespread use of 13Cr type MSS in HTHP
downhole environments.

3.3.1.1. High temperature

Temperature has been wildly accepted as an important factor that
related to the survey of 13Cr type martensitic stainless steel. As
shown in Figure 3-16, the flow chart proposed by Ueda [129]
suggest that the threshold temperature for the application of
conventional 13Cr MSS to be 150°C in terms of corrosion and
localized corrosion in an environment with very limited H>S content,
while for S13Cr MSS the temperature limit is 180°C.
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Figure 3-16. A flow chart for the selection of CRA for H2S
and/or CO2 service [129].

The temperature is not only an important factor that determine the
application limit of the material by itself, but also influences the
acceptable range of other service determining factors such as CO>
partial pressure, H>S partial pressure, Cl- concentration, etc. For
example, as shown in Figure 3-17(a), a material selection map
based on the general corrosion rates obtained by 7 days tests in 20%
NaCl solution provide by Kimura [136] indicates that with the
temperature increasing from 100°C to 150°C, the acceptable CO-
partial pressure of conventional 13Cr MSS reduced from above
2 MPa to 0.5 MPa. Modified 13Cr MSS (with Ni and Mo addition)
exhibited a same corrosion trend but has significantly higher
corrosion resistance than conventional 13Cr MSS. Similar trend
also reported by Ishiguro [137] based on general corrosion rate
obtained by 14 days tests in 20% NaCl solution, as shown in Figure
3-17(b). It should be notice Ishiguro claimed in their report that
pitting attack absented in any of the test conditions reported,
suggesting that the main corrosion rate to be concerned during the
material selection process for pure CO2 downhole environments
which limit the application of 13Cr MSS is generation corrosion rate
instead of pitting rate [137].
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Figure 3-17. CO: corrosion resistance plotted along

temperature and CO: partial pressure provide by (a) Kimura

and (b) Ishiguro [136, 137].

As introduced in Chapter 2, temperature affects the film-forming
mechanism of the corrosion product film as well as the stability of
the passive film on the steel surface. This topic has come into focus
in recent years regarding the study of the corrosion behaviour of

13Cr MSS under HTHP conditions.

Moreira et al. [138] studied the corrosion product film formed on
13Cr/S13Cr MSS in 3.2 M/L NaCl solution with CO2 from 125°C to
175°C. The results indicated that the thickness, as well as the Cr/Fe
ratio of the corrosion product films, increased with the temperatures.
The corrosion rates obtained from the mass loss data and
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electrochemical data increased for both testing materials under
dynamic and static conditions.

Zhao et al. [17] systematically investigated the corrosion behaviour
of HP-13Cr MSS (containing 2.19 wt% Mo and 5.36 wt% Ni),
including the evolution of corrosion scales and their thermodynamic
prediction, in downhole environments from 95°C to 180°C. The
calculated Pourbaix diagram as shown in Figure 3-18 is consistent
with the XPS test results, Cr.O3 and Cr(OH)s were detected as the
composition of the corrosion scales. In addition to this, the XPS test
results provides more detail regarding the composition of the
corrosion scales, that the content of Cr203 falls with the increasing
the temperature, this is beyond Pourbaix diagram's capabilities as
the chemical reaction 2-10 (the transition between Cr.0Os; and
Cr(OH)3) could not be represented in a Pourbaix diagram because
no e~ and H* involved. Moreover, the Pourbaix diagrams predict the
passivity region of HP-13Cr MSS in HTHP CO2-containing
simulated formation brine and have been confirmed by the
potentiodynamic polarisation curve measurements.

150 ‘C/3.6 MPa

Fe(OH), 2FeOOH

0.0 Cr.0 Q Fe (OH) C1
A.
~ FeCr,O
274
Z_-05F / FeC(
S|
1.0} Fe X
-1.5  Simulated primary condition

Figure 3-18. Pourbaix diagrams for 13Cr MSS in the
aggressive oilfield environment with
[Fe(aq)lt = [Cr(aq)]tet = 10 mol/L [17].

The structure and composition of the corrosion scales was further
investigated by means of microstructure characterization [51]. The
corrosion scales undergo significant microstructural changes as the

59



Scanning transmission electron microscopy (STEM) mapping
images shown in Figure 3-19 with a schematic diagram shown in
Figure 3-20, the results indicate that the corrosion product layers
changed from monolayer corrosion scales comprised Cr20s3,
Cr(OH)3, MoO2 and FeCO3 at 95°C to an bilayer at 120°C and 150°C,
within the bilayer, the inner layer mainly comprised Cr203, Cr(OH)s,
MoO:2 and FeCOg, while the FeCOs is absent in the outer layer. The
corrosion scale changed back to a single layer comprised Cr20s3,
Cr(OH)z and MoO: as the temperature further increased to 180°C.
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Figure 3-19. STEM image and the corresponding EDS maps of
the corrosion scales formed on HP-13 Cr MSS in various
extremely aggressive environments: (a) 95°C/2.8 MPa,(b)
120°C/3.2 MPa, (c) 150°C/3.6 MPa, (d) 180°C/3.8 MPa [51].
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Figure 3-20. Schematic diagrams of composition and its
distribution in corrosion scales in various extremely
aggressive environments [51].

The semiconductive property of the corrosion scales formed under
high temperature environments was studied by means of
Mott-Schottky test in Cai’s report as shown in Figure 3-21 [139]. The
corrosion scale formed at 100°C represented n-p-type
semiconductor behaviour but changed into p-type as temperature
increased to 150°C, implying the transition of the corrosion scale
composition. Meantime, the doner and accepter density within the
corrosion scale increased with the increasing temperature,
indicating the reduction in the protection of corrosion scale.
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Figure 3-21. The M-S curves of the passive film of S13Cr MSS
formed at 100°C(a) and 150°C(b) in simulated formation
solution [139].

3.3.1.2. CO: partial pressure

As mentioned in Chapter 2, CO> gas dissolved in the solution and
resulted in the formation of weak carbonic acid which partially
dissociated and providing H* ions causing the decrease in pH and
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will also take part in the cathodic reaction happened on the metal
surface.

Yue [140] investigated the effect of CO. partial pressure on the
evolution of the corrosion scales on 13Cr MSS in a
NaHCOs-containing NaCl solution (29503 mg/L Cl-,HCO3? 585mg/L)
at 200°C by means of immersion test combined with Pourbaix
diagram calculation. The results indicate that the CO: partial
pressure has a significant effect on the composition of the corrosion
scales on 13Cr MSS formed at HTHP conditions as shown in Figure
3-22: when the CO: partial pressure was below 0.65 MPa, the
primary composition of the corrosion scales was FeCr204; as the
CO: partial pressure beyond 1.54 MPa, the corrosion scales mainly
comprised of Cr(OH)a.
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Figure 3-22. The formation and evolution of the films on the
13Cr SS surface at 200°C and various CO: partial
pressure [140].

Besides, the precipitation behaviour of FeCO3 during the corrosion
process was also affected by the CO> partial pressure as shown in
Figure 3-23, the number of the crystalline FeCOs significantly
increase with the increasing CO:2 partial pressure. It's also worth
noting that the number of the crystalline FeCO3 did not significantly
increase with immersion time prolong in this report, only the size of
the crystalline FeCO3 increased with immersion time.
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(a) 0.27 MPa % (b) 0.65 MPa

(c) 1.54 MPa (d) 2.85 MPa

Figure 3-23. Top-view SEM images of 13Cr SS immersed in
the solution at a constant temperature of 200°C and (a) 0.27
MPa, (b) 0.65 MPa, (c) 1.54 MPa, and (d) 2.85 MPa of CO:
partial pressure for 48 h [140].

3.3.1.3. Flow velocity

The flow velocity was reported to have a significant influence on the
mass transfer processes on near surface of metal, thereby effect the
specimen dissolution-precipitation process, resulting in the change
in composition/structure of corrosion scales. Under HTHP
environments, the formation of Cr(OH)s(s) was believed to be
controlled by the dissolution-precipitation process while Cr.O3 was
controlled by the electro-migration process. Hence, the flow is
believed to have a significant effect in the precipitation of Cr(OH)s,
subsequently, affect the composition of the corrosion scales,
resulting in the change in corrosion behaviour. As shown in Figure
3-24, Zhao [16] reported that due to the effect of the flow on the
precipitation of Cr(OH)s, the volume fraction of an amorphous
Cr(OH)3 decreased in the temperature range from 95°C to 180°C.
Furthermore, the density of the Cr.03/Cr(OH)s phase boundary and
the donor densities increased in flow condition, resulting a higher
general corrosion rate.
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Figure 3-24. Schematic of influence of the flow conditions on
the formation mechanism of the scale films of the
HP-13Cr MSS [16].

Besides the general corrosion, flow also have a significant effect on
the pitting behaviour. As shown in Figure 3-25, the H* generated by
metal irons hydrolysis could accumulate within the pitting cavity
under static condition, therefor accelerated the growth of the pitting
in the vertical direction. Under flow condition, Yue [141] reported that
the precipitation of FeCOs crystals turned the uncovered region as
a concave, resulting in a relatively asymmetric distribution of H* ions
as shown in Figure 3-25(b). The localised corrosion occurs at the
precipitated regions of porous Cr(OH)s due to the acidification, and
the level of H* ions accumulates at upstream which widen the pits
along the flow direction, forming pits with disk-like shape.

(b) Resin

The Inner Cr(OH); layer becomes

-
WV d PR
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Figure 3-25. Schematic diagram of the porous corrosion
product film-induced localised corrosion at 200°C and 28.5
bar CO:2 conditions (a) 120 h in static and (b) 120 h in rotation
speed of 188 rpm [141].
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A similar transform in the shape of pitting was also observed while
no carbonate precipitated on the sample surface [16]. This was
believed to related to the vortex flow within the pitting cavity, the
vortex flow causes the metal irons concentration to have a maximum
value along the upstream wall of the pitting. On the contrary, the
region where H* concentration is highest shifts to the downstream
portion of the pitting cavity. Hence, the pitting growth rate would also
be accelerated in the horizontal direction, and formed the shallow-
disk shape pitting.

The flow not only effect the formation of the oxides/hydroxides inner
layer, but also reported to affect the precipitation of the FeCO3 outer
layer as shown in Figure 3-26. The effect of flow delays the Fe?* and
COs?" to reach the critical supersaturation ratio (SRc), resulting in
the delayed precipitation of the crystalline FeCOs on the
surface [141].

120 hours O rpm 120 hours 188 rpm

[ WosMAem  mEOWY om0 ke

W] - Sl

Figure 3-26. SEM images of the corrosion products at various
immersion times at 200°C and 2.7 bar CO2 (a) 120 h in static
and (b) 120 h in rotation speed of 188 rpm [141].

3.3.2. Research work on the SCC behaviour of 13Cr MSS under
HTHP CO:2-containing downhole environments

Stress corrosion cracking resistance, in addition to corrosion
resistance, is also an important performance to consider when
selecting material for a particular environment. During the service,
downhole tubing often experiences complex stress, including tensile
stress caused by the weight of the tubing itself, stress induced by

temperature effect, stress caused by operation, internal/external
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pressures, etc. The combination of these stresses and the corrosive
environment may lead to a risk of SCC of the material.

Research on the SCC behaviour of 13Cr MSS has never ceased
since the early 1980s when the 13Cr type MSS casing and tubing
started to be applicated in downhole environments. In the same time,
there are also reports regarding the failure of 13Cr MSS casing and
tubing due to SCC in HTHP CO2-containing downhole
environments [131, 142-144]. Early research mainly focused on
determining the domain diagrams of 13Cr MSS in different
application conditions, a large number of domain diagrams with
different variables (e.g. temperature, pH, CO: partial pressure, H2S
partial pressure, ClI- concentration, etc.) for various environments
were proposed to facilitate the understanding of the application of
13Cr MSS in HTHP conditions [89, 145-148]. In the meantime, the
applications of different modified 13Cr MSSs have also been
extensively studied for comparison with the conventional
13Cr MSS [89, 145-148]. For instance, 13Cr-5Ni-2Mo, the so-called
Super 13Cr MSS, is reported to have a significant improvement in
SCC resistance compared to conventional 13Cr MSS which mainly
attributed to the Mo addition. The Mo was reported to play an
important role in improving the SCC resistance by enhancing the
passive film [88, 133, 145].

However, these studies mainly focused on the SCC resistance of
13Cr type MSS in environments containing small or trace amounts
of H2S, and relatively little research has been carried out on high
temperature downhole environments where the atmosphere is pure
CO:z2. Zhao et al. [149]. applied slow strain rate tensile (SSRT) tests
on 13Cr MSS in various solutions with different concentrations of
NaCl at 90°C under 3 MPa CO., the results indicate that the SCC
behaviour of the specimen in the 5% NaCl is supposed to be
controlled by hydrogen-induced cracking, the cathodic reactions
under this condition are the H evolution reactions, and the
dissociation of H2CO3 serves as an additional source of H. But as
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the NaCl concentration increase to 20%, the cathodic reaction was
believed to be inhibited by the high concentration of CI. In the
meantime, the passive film of the specimen in the 20% NaCl solution
is unstable. Consequently, the SCC behaviour of the specimen in
the 20% NaCl solution is supposed to be controlled by anodic
dissolution.

Subsequently, Yue et al. [150] increased the experimental
temperature for corrosion tests and SSRT tests to 150°C in 16%
NaCl brine solution with 1 MPa CO.. Their results indicate the
S13Cr MSS was highly resistant to SCC at temperatures less than
140°C. However, material failure in terms of embrittlement cracking
was observed as the temperature increased up to 150°C. This
change was believed to related to the corrosive pitting; the film
corrosion resistance decreased with the increase in temperature
according to the EIS test results, the high concentration of CI™ also
attributed to the film degradation and finally causes pitting corrosion.
When the pitting corrosion is developed up to a certain depth in a
direction perpendicular to the applied stresses, the occurrence of
crack propagation originating from the pits is observed. However, in
this study, there is no direct observational evidence to support the
association between pitting and cracking.

Recently, Qi et al. [151] published their research regarding the SCC
behaviour of HP-13Cr MSS (containing 2.19 wt% Mo and
5.36 wt% Ni) in CO2-containing simulated formation water with
temperature up to 180°C. The relationship between pitting and
cracks was investigated by observing the surface morphology of the
specimens after immersion test with different levels of plastic
deformation as shown in Figure 3-27. The conversion from pitting to
cracking was simulated by applying finite element (FE)analysis. A
hemi-spherical shaped pit model was used for the FE simulation,
the diameter of the pit was based on the measurement results of the
max pitting depth while the max pitting depth increased with
increasing temperature. The FE results indicated that the stress and
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plastic strain were concentrated at the bottom of pitting, the degree
of stress and strain concentration increased with the increasing of
pitting depth. Therefore, under the same stress level, the cracks will
more preferentially nucleate at deeper pit cavities at HTHP
environment. However, pits usually have different morphologies
under different conditions, e.g. wide & shallow shaped, narrow &
deep shaped, and the shape of pits has a strong influence on the
degree of stress concentration within the pits. But the authors have
not taken the shape into consideration here but simply used
hemisphere to simulate pits.

plastic

: 2% 4% 6% 8% 10%
deformation

120 °C/

3.2 MPa

-

180 °C/
3.8 MPa

Figure 3-27. Surface morphology of HP-13Cr SS in the
formation water during the SSRT process with the plastic
deformation of (a) 2%, (b) 4%, (c) 6%. (d) 8% and (e) 10% at
120°C/3.2 MPa and (f) 2%, (g) 4%, (h) 6%, (i) 8% and (j) 10% at
180°C/3.8 MPa [151].

3.4. Summary of the corrosion and cracking behaviour

of 13%Cr MSS at HTHP conditions and knowledge

gap
Research on corrosion and SCC behaviour of 13%Cr MSS has
never stopped since the early 1980s when the 13%Cr type MSS

casing and tubing started to be applicated in oil and gas downhole
environments. Early studies were mainly carried out by the research
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departments of steel companies to determining the domain
diagrams of 13%Cr MSS in different application conditions.
Therefore, the main focus was on the corrosion rates and the stress
corrosion cracking behaviour at elevated temperatures and
pressures. According to those researches, 13%Cr MSS is normally
recommended for service environments below 180°C. The research
on corrosion and SCC mechanism of 13%Cr MSS under HTHP
conditions mainly carried out on the recent ten years. The corrosion
and SCC behaviour of 13%Cr MSS at temperatures ranging from
120°C to 200°C has been widely studied by Xiaoqgi and Yang et al.
through ex situ surface analysis methods such as XRD, SEM-EDS,
TEM, XPS and Raman. These studies mainly explain the effects of
temperature, partial pressure of carbon dioxide and flow rate on the
structure and composition on the corrosion product films as well as
the corrosion rate, the relationship between pitting corrosion and
SCC has also been investigated.

Austenite, as the second phase, plays an essential role in the
modification of 13%Cr MSS. The addition of ductile austenite
improves mechanical property of the brittle martensitic matrix by
increases its toughness. Moreover, the higher hydrogen
embrittiement resistance of austenite and its greater hydrogen
dissolution capacity compared to the martensite matrix allows the
addition of austenite to have a limited beneficial effect on the
hydrogen embrittlement resistance of 13%Cr MSS. However, the
effect of austenite on the corrosion resistance of the 13%Cr MSS is
not clear. Both enhanced and reduced the corrosion resistance of
13%Cr MSS have been reported. Since current researches on the
effect of austenite on the corrosion resistance of martensitic
stainless steels are mainly carried out at room temperature, at which
the material is in a passive state, the investigations are mainly
focused on the effect of austenite on the pitting behaviour of
13%Cr MSS. Increasing the austenite content usually means a
higher tempering temperature or longer tempering duration, during
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which the content and size of precipitates such as carbides and
nitrides will inevitably change. The precipitation of precipitates leads
to compositional fluctuations in the surrounding matrix, such as the
formation of Cr-depletion zone, which are considered to be closely
related to the pitting resistance of the 13%Cr MSS. However, the
influence of the galvanic coupling effect between the austenitic and
martensitic matrix on the corrosion was usually neglected in these
studies as the impact of this galvanic effect on corrosion (primarily
pitting) is less pronounced compared to the effects of Cr-depleted
zones and precipitates. Nevertheless, the role of the galvanic
coupling between austenite and martensite in HTHP corrosion is
beginning to show significance as evidenced by the retention of
uncorroded austenite within the corrosion product films observed by
Yue at 200°C [141, 152], though this influence has not yet been
intensively investigated.

Based on these findings the following knowledge gaps can be
summarised:

1. Current researches have not identified the main problems
faced by S13Cr MSS when applied under HTHP
CO2-containing environments among general corrosion, pitting
and SCC.

2. The current researches under HTHP conditions are mainly
carried out through ex situ surface analysis methods, in situ
methods are required to further understand the corrosion
behaviour of S13Cr MSS under HTHP CO2-containing
environments.

3. The protection of the air-formed native passive film on
S13Cr MSS under HTHP environments and its degradation
process is not clear.

4. The effect of austenite on corrosion behaviour of S13Cr MSS
under HTHP CO2-containing environments is not clear.
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4. Chapter 4 Experimental procedures

This chapter is divided into three main sections: The first section
describes the material and solution used throughout this research
project. The second section describes the test setup, procedures for
corrosion experiments, including HTHP immersion tests and HTHP
electrochemical tests. The third section describes various surface
analysis techniques used to investigate and identify the chemistry
and morphology of corrosion product layers and pitting corrosion.

4.1. Material and solution used for this study

4.1.1. Raw material and sample preparations

The material used in this work was an API-P110 grade S13Cr MSS
provided by Zhejiang Jiuli Hi-Tech Metals Co., Ltd., manufactured
by hot rolling, solid solution at 1020°C for 30 min followed by
quenching, then tempered at 620°C for 60 min followed by air
cooling, the compositions of S13Cr MSS are provided in Table 4-1.

Table 4-1. The chemical composition of S13Cr MSS (wt.%).

Elements C Cr Ni Mo Mn Si S P Fe

S13CrMSS  0.01 126 5.1 1.6 0.4 0.3 0.002 0.01 Bal.

The mass loss samples for immersion tests were machined into
23 mm x 13 mm x 5 mm as shown in Figure 4-1(a). Prior to each
test, the sample surface was ground to 1200 # by silicon carbide
paper, then rinsed with Deionized (DI) water and acetone,
respectively, followed by cold-air drying. The cleaned samples were
weighed (wo) using an analytical balance with an accuracy of 10~ g.

Samples for electrochemical tests are cylindrical specimens with a
diameter of 10 mm and high of 7 mm as shown in Figure 4-1(b), the
specimens were sealed inside resin by hot mounting, exposing
rounded metal surfaces on both sides, one of the exposed rounded
surfaces was used for electrochemical test and the other one is for
connecting Kapton insulated copper wire by soldering. In order to

prevent the occurrence of the galvanic corrosion, the soldering joint
72



was subsequently shielded by high temperature resistant insulating
glue to avoid exposure of solder, copper wire and S13Cr MSS and
make sure the corrosion only resulted from specimens with a
specific exposure surface. The test surface was ground to 1200
using silicon carbide paper, then rinsed with distilled water, acetone
and dried with compressed air.

10 mm 5mm

N I

ww £z

(@)

7 mm

210 mm

Kapton insulated wire

Resin

S13Cr M3S sample

(c)

Figure 4-1. (a) Test sample used for HTHP immersion tests;
sample used for the HTHP electrochemical tests: (b) before
sealed and (c) after sealed.
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4.1.2. Solution preparation

The test solution, simulating the aggressive downhole formation
brine, was made by the analytical grade reagents and deionized (DI)
water, the composition of the formation brine is provided in Table
4-2. Prior to the tests, the solution was de-aerated by CO2 bubbling
for at least 2 hours per litre solution before introduced into the
autoclave.

Table 4-2. The chemical composition of simulated formation

brine
Composition Na* K* Mg?* Ca% SO42 CI- HCOs
Content (mg/L) 68850 5960 505 7479 387 115200 170

4.2. HTHP tests

4.2.1. Immersion test

A schematic and real picture representation of the autoclave setup
is shown in Figure 4-2. The test samples were fixed using a holder
made of polyetheretherketone (PEEK) to prevent galvanic effects.
The prepared, CO2-saturated brine was carefully transferred into the
autoclave at ambient pressure and temperature and evacuated to
ensure removal of O2 within the system, high pressure CO> was then
transferred into the autoclave and heated and pressurized to 25°C
and target pressure. The starting point of the test was taken from
the time at which the autoclave reached the required temperature.
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Figure 4-2. (a) Schematic and (b) real picture of the
experimental setup for the HTHP immersion tests.

After the immersion test, the autoclave was cooled down to 80°C
within 10 minutes and then depressurised, the corroded specimens
were extracted from the autoclave and immediately rinsed with
distilled water and dried with compressed air.

After immersion tests, the corroded specimens were extracted from
the autoclave and immediately rinsed with absolute ethyl alcohol
and DI water. The corrosion products were removed according to
ASTM G1-03 standard [153] using Clarke’s solution, then rinsed,
dried, and reweighed to obtain the final weight of the specimen. The
corrosion rate was calculated by the following equation:
8.76 x 107 X Am
SXTXp

(4-1)

Gecorr =

Where Rccorr is the general corrosion rate, mm/y; Am is the weight
loss, g; S is the exposed surface area, cm?; p is the density of the
steel, g/cm?3; and T is the immersion time, h.

4.2.2. Electrochemical test

The electrochemical measurements were carried out in the high
temperature and high pressure electrochemical autoclave, and the
schematic is shown in Figure 4-3. All the electrochemical tests were
performed in a conventional three-electrode cell with a working

electrode, platinum counter electrode and an Ag/AgCI reference
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electrode. The reference solution was 0.1M KCI. All electrode
potentials in the present work have been converted to the standard
hydrogen electrode (SHE) according to the following
relationship[16]:

Este = Eobs + 0.2866 - 0.001( T-To ) + 1.754 x 107( T-To )2 -
3.03x 109 T-To )?

Where Eske represents the electrode potential vs SHE, Eops is the
measured electrode potential vs the Ag/AgCl reference electrode, T
is the experimental temperature and To is the room
temperature (25 °C).

(4-2)

Note that as labelled in the Figure 4-3, two block samples with
specific dimensions were placed in the autoclave for controlling the
total area of the specimen exposed to the solution in order to adjust
the solution volume/sample surface area ratio consistent with the
immersion tests.

In addition to the electrochemical sample, two additional block
samples were placed in the autoclave with a PEEK holder to
maintain the exposure sample area/solution volume ratio at around
33 mL/cm?, other operating steps were consistent with immersion
tests.
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Figure 4-3. (a) Schematic and (b) real picture of the
experimental setup for the HTHP electrochemical tests.

4.2.21. Polarisation measurements

Polarisation measurements were performed at the corresponding
time after the temperature reach the test temperature. For the
potentiodynamic polarisation curve measurement, the scan started
from -100mV vs. open circuit potential (OCP) with a scan rate of

Thermocouple

Gas outlet

Formation brine
Autoclave

Heating jacket

1 mV/s until the current density reached 5 mA/cm?.
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4.2.2.2. Electrochemical impedance spectroscopy (EIS)
measurements

Electrochemical impedance spectroscopy measurements were
performed at the corresponding time after the temperature reach the
test temperature. All the EIS measurements were performed at OCP
over a frequency range from 10° to 1072 Hz with an amplitude of 10
mV. To analysis the impedance data, the equivalent electrical circuit
parameter was obtained by ZView4 software.

4.2.3. Slow strain rate tensile test (SSRT)

Tensile specimens were cut parallel to the rolling direction from the
alloy plate as shown in Figure 4-4(a) based on NACE TM0177-2016
[154], sample dimensions are illustrate as Figure 4-4(b) which is
3.81 £ 0.05 mm (0.150 £ 0.002 in) in diameter by 25.4 mm (1.00 in)
long. Prior to the test, all the surfaces were ground with grit SiC
paper to a 1200 grit finish sequentially and the final grinding was
performed perpendicular to the tensile axis of the specimen.
Samples were then cleaned with alcohol, and dried in cold air.

@) o

= Y —

| el

Dimension | Subsize tensile test
specimen

D 3.81+0.05mm
(0.150 + 0.002 in)

G 25.4 mm (1.00 in)
R (min.) 15 mm (0.60 in)

Figure 4-4. (a) Schematic diagram of the SSRT sample
processing and (b) dimensions of SSRT sample.

The specimen was wrapped with polytetrafluoroethylene (PTFE)
tape on the threaded part to ensure the insulation between the
specimen and the holder and then installed on the holder, other
operating steps were consistent with immersion tests. To fracture
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the specimen, the SSRTs were performed with a strain rate of
4*10% s after reaching the testing conditions.

The elongation ratio (ER) and reduction in area ratio (RAR) were
used to determine the index of relative susceptibilities to the SCC of
the specimens in different test conditions. ER and RAR can be
expressed as follows:

ER (%) = (%) x 100 (4-3)
A

RAR (%) = (%) X 100 (4-4)

Where Ee and RAEe are the plastic strain to failure and reduction in
area in different test conditions; Ea and RAa are the plastic strain to
failure and reduction in area in N2 without pre-heating for 7 days.

4.3. Surface analysis

4.3.1. Scanning electron microscopy (SEM)/energy dispersive
X-ray spectroscopy (EDX)

Scanning electron microscope (SEM) is a type of electron
microscope that produces images of a sample by scanning the
surface with a focused beam of electrons. These electrons interact
with the surface and produce an array of scattered signals which are
then analysed for information about the surface topography and
composition of the sample. These could span a wide range of
secondary electrons, backscattered electrons, characteristics X-
rays and other photons. In this project, SEM was used to obtain
images of the surface morphology of S13Cr MSS after corrosion
tests. Energy Dispersive X-Ray (EDX) analysis was used to identify
and quantify the elemental composition of the corrosion products on
the sample surfaces.

The scanning electron microscope used for surface analysis
throughout this project was a Carl Zeiss EVO MA15 SEM which was
integrated with an Oxford instruments AZtecEnergy energy
dispersive X-ray system with an 80mm X-max SDD detector which
provided secondary and backscattered imaging, EDX elemental
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mapping and line scans. Two types of samples were used for
analysis: top-view samples and cross-sectional samples. The block
samples used in the autoclave experiments were carbon coated
along the height of their circumference to eliminate any surface
charging effect and could then be used for top-view analysis using
both the SEM and the EDX. For cross-section analysis the samples
had to immersed in a resin. Then samples were polished using
600 grit up to 1200. The cross-section sample was then rinsed with
distilled water and dried with an air gun. The resin on the outside of
the cross-sectioned sample was then carbon coated and the cross-
sectioned steel surface was iridium coated to diminish any surface
charging effect.

The secondary electron function was used for the top-view SEM
images. This function was selected for the top-view images as it
provides a higher resolution due to it being more surface sensitive.
However, for the cross-section images, the backscattered electron
function was used as the backscattered electrons are more
sensitive to the scattered atomic mass of the nuclei which provides
a greater contrast between the elements in the backscattered
electron image.

4.3.2. X-ray diffraction (XRD)

The X-ray diffraction (XRD) technique is a unique method used for
identifying the chemistry of a compound. The XRD consists of an X-
ray tubing, an X-ray detector, and a sample holder. The cathode X-
ray tubing generates X-rays which were then filtered, collimated,
and then directed towards the surface of the sample. The incident
rays then interacted with the surface and produces constructive
interference as well as a diffracted ray when the conditions met and
satisfy Bragg’s law which relates the electromagnetic wavelength to
the diffraction angle and the lattice spacing as shown in equation
(4-5), where 0 is the incident angle, d is the spacing between the
diffraction planes, A is the wavelength of the X-ray, n is the diffraction

order. The diffracted rays were then detected by the X-ray detector
where they get counted.

niA = 2dsin® (4-5)
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|dentification of the mineral can then be achieved by converting
diffraction peaks to d-spacings as all minerals have their own unique
set of d-spacings.

The Bruker D8 X-ray diffractometer was used for phase
identification throughout this project, employing Cu Ka radiation with
an active area of 10mm x 10 mm, with a range of 28 = 20 - 70° using
a step size of 0.033° per second. The samples required no
preparation beforehand and could simply be inserted onto a sample
holder and then be analysed using the Bruker D8.

4.3.3. Surface profilometry

NPFLEX 3D surface metrology was used for surface profilometry
analysis. Surface profilometry was used to determine whether there
were any pits on the surface. The samples used for this type of
analysis had to be cleaned using acid solution to remove any
corrosion product on the steel surface according to ASTM G3
standard [155]. This was necessary for identification of any pits as
the localised areas of pitting corrosion may could have been filled
with corrosion products during the experiments. Two random
3*3 mm regions where targeted on each sample (Two for each
experimental time and condition). A 2.5X objective was used with a
working distance of approximately 3.5 mm. The results gathered
were then analysed using Vision64 software the top 10 deepest pits
were used for pit damage characterization of each scanned area.
The localized corrosion rate was calculated by the following
equation:

Ricorr = DX 876 (4_6)

T

Where Ricorr is the localized corrosion rate, mm/y; D is pit depth, um;
and T is the immersion time, h.

4.3.4. Raman Spectroscopy

Raman spectroscopy is a spectroscopic technique based upon the
interaction of light with the chemical bonds within a material, it
is commonly used in chemistry to provide a structural fingerprint by
which molecules can be identified. Renishaw inVia confocal Raman
microscope instrument was used to identify the nature of corrosion
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products locally on the sample surface in this project. $5ix!%& %2

S| fAiE. presents a picture of the Renishaw inVia confocal Raman

microscope instrument used in this work. Two laser wavelengths of
488 nm and 785 nm are available for the Renishaw inVia confocal
Raman microscope instrument. In this study, 488 nm wavelength
radiation from an Ar ion laser was used as the excitation source for
all the experiments to make sure the results are always comparable.

4.3.5.Focused lon Beam sample preparation (FIB)

A focused ion beam (FIB) instrument resembles a SEM. However,
while the SEM uses a focused beam of electrons to image the
sample in the chamber, a FIB setup uses a focused beam of ions
instead. Besides obtaining surface image, the ion beam allows
etching of the sample at well localised sites, so that cross-sectional
images of the structure can be obtained or that preparation of
specimens for transmission electron microscopy (TEM) can be
achieved. In this project, a FEI Helios G4 CX DualBeam was used
to prepare TEM samples to investigate the cross section of the
corrosion product layers. The region of interest was first coated with
a protective layer of platinum, followed by bulk removal of the
material. The sample was then lifted out in situ, attached to a Cu
TEM grid, and then thinned to a final thickness of approximately
100 nm for TEM analysis.

4.3.6. Transmission Electron Microscopy (TEM)

Transmission electron microscopy (TEM) is a microscopy technique
in which a beam of electrons is transmitted through a specimen to
form an image. The accelerated and concentrated electron beam is
projected onto a very thin sample, the electrons interact with sample
as the beam is transmitted through the specimen to create an image
on the imager after magnification and focusing. Due to the very short
wavelength of electrons, the resolution of transmission electron
microscopy is much higher than that of optical microscopy, reaching
0.1 to 0.2 nm with a magnification of tens of thousands to millions of
times. The use of transmission electron microscopy can therefore
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be used to observe the fine structure of a sample, or even the
structure of just one column of atoms.
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5. Chapter 5 General understanding of the corrosion
and cracking behaviour of S13Cr MSS under HTHP

downhole environment.

5.1. Introduction

Based on the literature review, the maximum operating temperature
for S13Cr MSS in engineering applications is typically restricted to
the range of 180-185°C. Relevant studies on the corrosion and
cracking behaviour of S13Cr MSS are generally performed at
temperatures below 180°C and mainly below 150°C. Research on
the corrosion and cracking behaviour of S13Cr MSS at
temperatures above 180°C is generally limited. The aim of this
chapter is therefore to further understand the limitations of S13Cr
MSS application in high temperature conditions by investigating its
corrosion and cracking behaviour at 200°C under high pressure CO>
and high CI content environment and to clarify the risks of
S13Cr MSS failure when applied to temperatures higher than the
typically recommended operating conditions. The immersion test
conditions for obtaining the corrosion rates presented in this chapter
are summarized in Table 5-1.

Table 5-1. Test matrix for the immersion tests.

Temperature

¢C) Gas Solution Immersion time (hours)
5
5.2 MPa CO 20
200 Formation brine
at 200°C 48

168

The SSRT conditions which were used to obtain the fracture
characteristics of S13Cr MSS presented within this chapter are
illustrated in Table 5-2.

84



Table 5-2. Test matrix for the SSRTs.

Exposure time in SSRT

Temperature Strain rate (s
C) Gas Solution 1) environments (without load)
before tensile (hours)
6.8 MPa N2 / 0
at 200°C 168
200 4*106
5.2 MPa CO; 0
Formation brine
at 200°C 168

5.2. General corrosion of S13Cr MSS under HTHP

environment

Figure 5-1 shows the general corrosion rates of S13Cr MSS at
different immersion times in the formation brine at 200°C. It can be
seen from figure that the general corrosion rates were recorded as
1.70 mm/y and 1.37 mm/y after 5 hours and 20 hours respectively,
then dropped to a rate of 1.04 mm/year over 7 days of exposure.
The slight reduction in corrosion rates can be attributed to the
formation of the corrosion scales on the metal surface, suggesting
that the corrosion scales can inhibit the mass transfer process
during the corrosion process and thereby slow the corrosion rate.
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Figure 5-1. General corrosion rate of S13Cr MSS with various
immersion times at 200°C.

In order to have an intuitive understanding of the degree of corrosion
of S13Cr MSS in the formation brine at 200°C, the corrosion rate
obtained through immersion tests was evaluated with reference to
the NACE standard RP0775-2005-Qualitative categorization of
carbon steel corrosion rates for oil production systems (as provide
in Table 5-3) [156].

Table 5-3. Qualitative categorization of corrosion rates for oil
production systems [156].

Level Average corrosion rate (mm/y) Maximum pitting rate (mm/y)
Low < 0.025 < 0.13
Moderate 0.025-0.12 0.13-0.20
High 0.13-0.25 0.21-0.38
Severe > 0.25 > 0.38

Note the qualitative categorization provide above is the qualitative
categorization for carbon steel in oil and gas field, but not for
stainless steel. However, based on the general corrosion rates
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provide above and the results obtained from electrochemical
methods which will mentioned in the next few chapters, the S13Cr
MSS was considered in an active dissolution state at elevated
temperature conditions which is more similar to service state of
carbon steel but not a common service state of stainless steel, in
this case, the categorization for stainless steel is no longer suitable
here and we tend to use the qualitative categorization for carbon
steel to evaluate the corrosion resistance of the S13Cr MSS at
elevated temperature conditions.

The previous general corrosion rate curve shows that during a
7 days corrosion period, the general corrosion rate of S13Cr MSS
gradually decreases and then stabilizes with the growth of the
corrosion time, therefore, among these obtained corrosion rates, the
corrosion rate with a corrosion period of 7 days is more suitable to
be used for corrosion interpretation of S13Cr MSS at 200°C in
formation brine and be provide as a reference for the downhole
applications in oil and gas fields. As provided in Figure 5-1, the
general corrosion rate of S13Cr MSS at 200°C in formation brine
with a corrosion period of 7 days reached 1.04 mml/y, this can be
classified as severe level which means that in terms of safety
requirements, S13Cr MSS is not suitable for a long-term project with
application temperature up to 200°C. However, for short-lived
projects with application temperature up to 200°C, there is still
potential for S13Cr MSS to be applied, considering both economic
considerations and safety requirements.

5.3.Localized corrosion behaviour of S13Cr MSS under

HTHP environment

5.3.1. Localized corrosion rate

As illustrated in Figure 5-2, the pit depth continually increased with
increasing immersion time, however, the growth rate of the pit
slowed down with immersion time, which corresponds to a decrease
in pitting rate from 2.27 mm/y after 5 hours to 0.37 mm/y after 7 days.

Refer to the localized corrosion level qualitative categorization
guidelines in Table 5-1, the localized corrosion rate of S13Cr MSS
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at 200°C in formation brine obtained after 7 days of immersion was
0.37 mm/y, which is lower than 0.38 mm/y that required to achieve
severe level, and is classified as high level. Compared to the general
corrosion rate, which is at severe level, the localized corrosion rate
is at a slightly lower level. This implies that in downhole
environments with application temperatures up to 200°C, the
general corrosion of S13Cr MSS poses a higher failure risk than
localized corrosion and requires more attention.
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Figure 5-2. Localized corrosion rate of S13Cr MSS with
various immersion times at 200°C.

5.3.2. Pit morphology

Surface profilometry analysis were performed using NPFLEX 3D
interferometer to obtain the pit depth and pit morphology
(radius/depth ratio (R/D ratio)) for further analysis in section 5.4.

As results shown in Figure 5-3, the R/D ratio followed a decreasing
trend with the immersion times and decreased dramatically from
7.28 at 5 h to 3.54 at 20 h, then reached and maintained at 1.15
after 168 h. This suggests that the morphology of the pits
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transformed from a wide-shallow shape to a hemisphere with the
corrosion progressed.
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Figure 5-3. Pit depth and R/D ratio of S13Cr MSS with various
immersion times at 200°C.

5.4. Stress corrosion cracking behaviour of S13Cr MSS

under HTHP environment

Figure 5-4 provides the stress-strain curves of S13Cr MSS in the
inert gas (N2) and COg2-saturated formation brine at 200°C, the
samples under the N2 environment were considered as a baseline
for comparison purposes. In the N2 environment, there was no
significant difference from the results. As for the test in the
CO2-saturated formation brine without 7 days pre-corrosion, there
was no obvious decrease in the ultimate tensile strength compared
to those of the tests in the N2 environment. However, a significant
decrease in fracture strain was observed, suggesting that the
presence of CO2 can increase the susceptibility of S13Cr MSS to
fracture. The necking process for each test was marked in the
stress-strain curves. It is obvious that the necking of the pre-
corrosion sample tested in the CO. saturated formation brine
occurred earlier compared to that of the non-pre-corroded sample,
indicating an increase in SCC susceptibilities of S13Cr MSS after
7 days pre-corrosion.
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Figure 5-4. The stress-strain curves of S13Cr MSS in the N:
environment and CO:z-saturated formation brine at 200°C.

To further analyse the SCC susceptibilities of S13Cr MSS at 200°C,
the elongation ratio (ER) and reduction in area ratio (RAR) were
calculated and shown in Figure 5-5. It was found that the ER and
RAR of S13Cr MSS in the N2 environment were higher than those
of S13Cr MSS in the CO:.-saturated formation brine at 200°C. In
addition, in the CO. saturated formation brine at 200°C, both the ER
and RAR of S13Cr MSS after 7 days pre corrosion were reduced
compared to sample without pre-corrosion, which supports the
higher SCC susceptibility in Figure 5-5. Table 5-4 provides the
criteria used to categorize the SCC sensitivity levels according to
NACE TMO0198 standard [157]. The ER and RAR obtained in the
COgz-saturated formation brine without pre-corrosion are slightly
lower than 20%, indicating a slight loss of ductility according to
NACE TM0198 standard which can be classified as class 2. Both
reductions in ER and RAR exceed 20% obtained in the
COq2-saturated formation brine with pre-corrosion in comparison to
the results obtained in the N2 environment, which can be classified
as class 3-substantial loss of ductility. It should be noted that the
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above classification results are all based on the condition that no
indications of cracking on the primary fracture surface and no
indications of secondary cracking are permitted. Therefore,
obtaining an accurate classification of SCC susceptibility requires
fractographic analysis of the fracture surface.
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Figure 5-5. The calculated ER and RAR values of S13Cr MSS
in the N2 environment and CO2-saturated formation brine at
200°C.

Figure 5-6 compares the fracture morphology of S13Cr MSS after
SSRTs in the N2 environment and CO2-saturated formation brine at
200°C. It can be seen in Figure 5-6(a)-(f) that the fracture surface of
S13Cr MSS tested in the N2 environment with/without 7 days pre-
exposure at 200°C exhibited typical ductile fracture characteristics,
which is comprised of ductile dimples in “region A” and shear lips
around the periphery designated as B in Figure 5-6(a) and (d). The
details of regions A and B are shown in Figure 5-6(b), (e) and (c), (f)
separately. Ductile dimples can be found in region A whilst shear
dimples occurred throughout region B, which suggests that the
fracture can be characterized as micro void coalescence (MVC)
mechanism of ductile rupture.

91



Table 5-4. Classification of SCC susceptibility for oil

production systems [157].

Level

Criteria

Class 1

Class 2

Class 3

Class 4

Normal ductile behaviour comparable with the baseline value
determined in the air/inert tests (i.e. loss in ductility <10%), with
no indication of cracking on the primary fracture surface, and no

indication of secondary cracking (i.e. cracking in the reduced

section outside of the necked region).

Ductile behaviour with only slight loss of ductility from the
baseline value determined in the air/inert tests (i.e., loss in
ductility < 20%). Fissures may develop in the necked region of
the reduced section immediately adjacent to the primary fracture
surface, and isolated spots of dark staining may be present on
the primary fracture surface. No indications of cracking on the
primary fracture surface and no indications of secondary

cracking are permitted.

Substantial loss of ductility from the baseline value determined in
the air/inert tests (i.e., loss in ductility > 20%). Fissures may
develop in the necked region of the reduced section immediately
adjacent to the primary fracture surface, and areas of dark
staining may be present on the primary fracture surface. No
indications of cracking on the primary fracture surface and no

indications of secondary cracking are permitted.

Evidence of SCC in the reduced section by observation of either
(a) cracking on the primary fracture surface, or (b) secondary
cracking located in the reduced section outside of the necked

region, or (c) both.

The fracture morphologies of samples tested in the CO2-saturated
formation brine with/without 7 days pre-corrosion are shown in
Figure 5-6(g)-(i) and (j)-(l), respectively. Secondary cracks were
observed on the fracture surface for both samples with/without 7
days pre-corrosion as shown in Figure 5-6(g) and (j) respective. For
samples tested in the CO2-saturated formation brine without pre-
corrosion, magnification of region A marked in Figure 5-6(g) shows
that the fracture in this region presents obvious tearing and cleavage
as shown in Figure 5-6(h), indicating the quasi-cleavage fracture
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characteristic. In region B, the fracture morphology changed to a
ductile fracture characteristic; dimples can be observed as shown in
Figure 5-6(i). For the pre-corrosion sample, the fracture surface
appeared similar as shown in Figure 5-6(j), with both quasi-cleavage
and ductile fracture in regions A and B, Figure 5-6(k) and (l),
respectively. Given that secondary cracks were observed on the
fracture surfaces of both sample with/without 7 days pre-corrosion,
the previous assessment of SCC susceptibility based on the ER and
RAR criteria is invalidated. Under the HTHP downhole environment
(200°C, COg-saturated formation brine), the SCC susceptibility of
S13Cr MSS is rated as Class 4 (on a scale of Class 1 to Class 4)
for both sample with/without 7 days pre-corrosion.

Top view Region A Region B
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Figure 5-6. The fracture morphology of S13Cr after SSRT tests
at 200°C (a)(b)(c) in N2 and (d)(e)(f) in N2 after 7 days
tempering; in the COz-saturated formation brine (g)(h)(i)
without and (j)(k)(l) with 7 days pre-corrosion.

To further understand the failure mode of the S13Cr MSS at 200°C,
the micromorphology of the fracture from a side-view was assessed.
For samples tested in the N2 environment (Figure 5-7(a), (b)), typical
tensile necking was observed, as-along with “cup and cone” fracture,
indicative of good ductility. However, for samples tested in the CO»-
saturated formation brine (Figure 5-7(c), (d)), brittle shear-type
fractures were observed, with fractures at a 45° plane to the
direction of the applied tensile stress. Besides the main fracture,
many cracks can be observed near the necking position of the
samples tested in the CO2-saturated formation brine, these cracks
are perpendicular to the direction of the applied tensile stress and
characteristic of environmentally assisted cracking.

Figure 5-7. Side view of the fractured surface of S13Cr after
SSRT at 200°C (a) in N2 and (b) in N2 after 7 days tempering; in
the CO2-saturated formation brine (c) without and (d) with 7
days pre-corrosion.
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5.5. Relationship between pit and SCC

As shown previously, in the inert N2 environment, prolonged
insulation treatment at temperature up to 200°C does not affect the
cracking behaviour of S13Cr MSS, however, the presence of CO>
accompanied with high CI- content formation brine increased SCC
susceptibility of S13Cr MSS. Figure 5-8 illustrates the local
magnified images of S13Cr MSS samples after exposure in the
COy-saturated formation brine. Both the pre-corrode and
non-pre-corroded samples indicate that the early stage of cracks
initiated from pits and propagated perpendicular to the tensile stress,
revealing a clear correlation between pitting corrosion and crack
initiation.

Stress

i

Figure 5-8. The side-view SEM images of S13Cr MSS surface
after SSRT at 200°C in the CO2-saturated formation brine (a)
without and (b) with 7 days pre-corrosion.

Finite element (FE) analysis was performed in order to understand
the effect of pit depth and morphology on stress concentration by
using ANSYS V19.2 software. A bar with 3.81 mm in diameter and
25.4 mm in length was modelled to simulate the tensile specimen.
Simplified pits with a half-ellipse section were created at the middle
of the sample surface, the size of pits was set according to the
measured radius to depth ratio (R/D ratio) and depth of the pits
provided in Figure 5-3. Tensile stress (90% yield strength of
API-P110 grade S13Cr MSS) was applied at both ends of the bar to
obtain the distribution of stress within the pits.
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Figure 5-9. Stress distribution of pits with hemispherical
cross-section under a loading of 90% yield strength.

The FE analysis results are displayed in shown in Figure 5-9. It is
obvious that the stress was concentrated at the bottom of the pits
and the maximum stress within the pits was perpendicular to the
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applied tensile stress. Pits with smaller R/D ratio which corresponds
to shorter corrosion period produced higher level of stress
concentration. Therefore, the SCC susceptibility of S13Cr MSS in
HTHP formation brine is positively related to immersion time.

To further investigate the SCC behaviour of S13Cr MSS in HTHP
COgz-saturated formation brine, as well as the relationship between
pitting and crack initiation, a 15 days Four-Pint Bend (FPB) constant
load test was conducted with an applied stress of 90% of the yield
strength. The results are presented in Figure 5-10. Although the
SSRT results indicated a high SCC susceptibility of the S13Cr MSS
in HTHP COz-saturated formation brine under the continuous plastic
deformation, and microstructural observations confirmed that cracks
initiated from pits, however, no fracture occurred in the specimen
subjected to the 15-day FPB test (as shown in Figure 5-10(a)).
Moreover, as shown in Figure 5-10(b), no cracks were observed
within the loaded region. Meanwhile, Figure 5-10(c) reveals that no
distinct evidence of crack initiation at the bottom of the pits. The
cracking observed in Figure 5-10(c) is attributed to the dehydration
of the corrosion product film after the test.
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Figure 5-10. (a) Macroscopic morphology and (b),(c) surface
microscopic morphology of FPB sample with a loading of 90%
yield strength at 200°C in the CO.-saturated formation brine
for 15 days.

These findings demonstrate that under constant load condition, pits
do not necessarily lead to crack initiation. In the absence of
continuous dynamic plastic strain which could force specimen
fracture, a static high stress alone is insufficient to induce crack
initiation at pits.

Based on the above results, it is concluded that the high SCC
susceptibility observed in the SSRT tests is largely induced by the
unrealistic dynamic strain imposed during the accelerated test. In
contrast, under static loading condition, which is more closely
resemble actual service condition, S13Cr MSS remained intact.
Hence, compared to the SCC behaviour, the severe general
corrosion of S13Cr MSS in HTHP downhole environments requires
particular attention, as it may be the dominant factor governing tube
integrity throughout the full-lifecycle service of S13Cr MSS under
such extreme HTHP downhole condition. Therefore, the subsequent
chapters of this thesis will shift the research focus to the general
corrosion behaviour of S13Cr MSS in HTHP downhole
environments.

5.6.Conclusions

1. The general corrosion rate of S13Cr MSS in a simulated
downhole environment was 1.70 mm/y in the first 5 hours and
reached a rate of 1.04 mm/year over 7 days exposure. In the
meantime, the localized corrosion rate was high (2.27 mm/year)
in the first 5 hours with a corresponding pit depth of 1.30 um and
dropped to 0.37 mm/y with the pit depth of 7.11 um after 7 days.

2. Cracking in S13Cr MSS in the CO2-saturated formation brine at
200°C initiated at pits. The morphology of the pits became
steeper during the corrosion process as the R/D ratio decreasing
from 7.28 to 1.15 between 5h and 168h of exposure. The level
of stress concentration at the bottom of the pits increased and
thereby resulted in an increase in the SCC susceptibility of
S13Cr MSS.
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3. The general corrosion rate of S13Cr MSS is more severe
compared to the localized corrosion rate over 7 days exposure
at 200°C, the attention needs to be focused on its general
corrosion behaviour when the S13Cr MSS is in service at HTHP
condition.
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6. Chapter 6 Formation/evolution of corrosion product
film formed on S13Cr MSS in aggressive HTHP
downhole environments: effect of CO:. partial

pressure

6.1.Introduction

In the previous chapter, we identified the general corrosion as the
main failure risk of S13Cr MSS in an aggressive HTHP downhole
environment. Therefore, we specifically focus on the general
corrosion behaviour of S13Cr MSS in the following study. In this
chapter, to investigate the corrosion mechanisms and associated
corrosion product film evolution at 200°C, we conducted systematic
experiments under two CO: partial pressures (5.2 MPa and
0.27 MPa) with varying exposure times through immersion tests
(Table 6-1) and electrochemical measurements combined with
surface characterization using SEM, EDS, Raman spectroscopy,
etc..

Table 6-1. Test matrix for the immersion tests.

Temperature Pcoz at
Solution Immersion time (hours)
(°C) 200°C (MPa)
5
20
5.2
48
168
200 —  Formation brine
5
20
0.27
48

168
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6.2.Film formation and morphology observation at

200°C with pCO:2 of 5.2 MPa

6.2.1. Overall observation of the surface morphology at 200°C
with pCO: of 5.2 MPa

Figure 6-1 provides the typical top-view and cross-section images
of S13Cr MSS exposed to CO»-saturated formation brine at 200°C
with CO2 partial pressure of 5.2 MPa at different immersion times.
As shown in Figure 6-1(a), local magnified view shows distinct dark
areas which represent a higher content of light elements than lighter
areas in backscattered electron imaging. Cross-section as provided
in Figure 6-1(b) shows a discontinuous layer of corrosion products,
indicating preferential corrosion in the darker area during the first
5 h of immersion. After 20, 48 and 168 h of exposure, polishing
marks were still visible from top-view images, cracks due to the
dehydration of the corrosion product film after removal from the test
solution can be observed on the sample surface [158].
Cross-section images (Figure 6-1(d) and (f)) indicate that a uniform
corrosion product film formed at 20 h and 48 h, and it covered the
entire surface of the sample. The thickness of the corrosion product
film increased with immersion time. As the immersion time
increased to 168 h, a double-layer corrosion product was evident,
the corrosion product film can be divided into a uniform outer layer
and an inner layer containing white spots. More details on analysing
this film are given in the later sections.
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Figure 6-1. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS under 200°C and 5.2
MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.
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Figure 6-2 (a) provides the XRD patterns of the corroded
S13Cr MSS obtained at 200°C and 5.2 MPa CO: partial pressure
with various durations. No peaks belonging to corrosion products
can be detected by XRD, indicating the corrosion products on the
sample surface were in an amorphous state. Raman spectroscopy
was employed to further understand the chemical composition of
amorphous corrosion products. The characteristic spectra obtained
are presented in Figure 6-2 (b). Peaks located at around 552 cm™
and 717 cm™ were observed, confirming that the corrosion products
are mainly Cr203 and Cr(OH); [125, 143]. Meanwhile, the nhumber
and position of the corrosion product peaks did not show significant
change with the increase of immersion time, indicating that the types
of corrosion products did not change significantly with increasing
immersion time.

Based on the above observations, the corrosion process of
S13Cr MSS at 200°C and 5.2 MPa CO: can be divided into three
stages:

1. Early stage: characterised by a non-uniform corrosion product
film formed on the surface;

2. Middle stage: characterised by the formation of a uniform
single-layer corrosion product film;

3. Final stage: characterised by the formation of a double-layer
corrosion product film which including a uniform outer layer and
an inner layer containing white spots.

A more detailed analysis of these three stages is provided in the
subsequent sections.
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Figure 6-2. XRD patterns and Raman spectroscopy of S13Cr
MSS specimens exposed at 200°C and 5.2 MPa CO: for 5, 20,
48 and 168 hours.
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6.2.2. Early stage of the corrosion scales formation and
evolution during long-term corrosion at 200°C with pCO-
of 5.2 MPa

Figure 6-3(a), (b) and (c) provide the typical top-view images of
S13Cr MSS exposed to CO2-saturated formation brine at 200°C with
CO2 partial pressure of 5.2 MPa at different immersion times during
the early stage. As shown in Figure 6-3(a), there were no visible
signs of corrosion on sample surface after 1 h of immersion. After
3 h, scattered dark regions, which were related to the preferential
corrosion area, appeared as marked in Figure 6-3(b), and became
larger and more obvious after 5 h of immersion as shown in Figure
6-3(c). In the backscattered electron (BSE) image, the darker
regions have a higher content of lighter elements than the lighter
regions, implying preferential corrosion in the black regions in this
study. Cross-section after 5 h of immersion as provided in Figure
6-3(d) shows a discontinuous layer of corrosion products, indicating
preferential corrosion in the darker regions.

SN
(c)5h
Prefere_ntial dorresion area

SN

AN

Polishing marks

Figure 6-3. BSE surface morphologies of S13Cr MSS
immersed in formation brine under 200°C and 5.2 MPa CO: for
(a) 1, (b) 3 and (c) 5 hours; (d) cross-sectional for 5 hours.
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To understand the chemistry of the corrosion products on
S13Cr MSS at 200°C and 5.2 MPa CO2 for 5 hours, EDS line
scanning was performed on the surface of S13Cr MSS as shown in
Figure 6-4. Figure 6-4(a) shows the region designated for EDS line
scanning, encompassing both light and dark areas within the
scanned line.

The line scan results in Figure 6-4(b) reveal that the dark region, as
compared to the light region, has higher content of Cr and O while
lacking in Fe. This confirms that the dark region experiences more
significant corrosion compared to the light region, indicating a non-
uniform corrosion at the early stage. It is noteworthy that in Figure
6-4(b-4) and (b-5), the distribution of Ni and Mo element follow a
similar trend to that of Cr and O.
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Figure 6-4. (a) SEM image of selected area used for EDS line

scanning obtained from S13Cr MSS exposure to formation

brine under 200°C and 5.2 MPa CO: for 5 hours and (b) EDS
line scanning results of the selected position.

To further analysis the chemistry of the corrosion products on S13Cr
MSS at 200°C and 5.2 MPa CO: for 5 hours, Raman spectroscopy
was performed on the surface of S13Cr MSS locally as shown in
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Figure 6-5. Figure 6-5(a) shows the Raman point identify results at
dark region and light region as well as the fresh sample. For fresh
sample, no obvious peaks can be observed, indicating the limitation
to analysis the atmosphere-formed passive film by using Raman
spectroscopy. Peaks located at around 552 cm™ and 712 cm™" were
observed in both dark and light region, confirming that the corrosion
products are mainly Cr.O3 and Cr(OH)z [140, 159]. More visual line
scanning results of the intensity of the Cr.O3 and Cr(OH)z signal at
552 cm™ and 712 cm™ obtained from a line scanning alone the
marked line in Figure 6-5(b) are shown in Figure 6-5(c) and (d),
respectively. It is obvious that the intensity of signals at 552 cm
and 712 cm™ in dark regions were higher than those in light region,
indicating that the dark region endured a stronger corrosion.
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Figure 6-5. Raman spectroscopy and line scanning of S13Cr
MSS specimen exposed at 200°C and 5.2 MPa CO: for 5 hours:
(a) point identify of different regions, (b) schematic diagram of

scanning area and (c), (d) line scanning results at 552 cm’
and 712 cm™.
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6.2.3. Middle stage of the corrosion scales formation and
evolution during a long-term corrosion at 200°C with
pCO:2 of 5.2 MPa

After 20 and 48 h of exposure, cracks due to the dehydration of the
corrosion scales after removal from the test solution can be
observed on the entire sample surface, indicating a fully covered
film formed at middle stage [158]. The polishing marks on the
sample surface produced during sample preparation before
corrosion test were still apparent after corrosion, suggesting the
growth direction of the corrosion products is towards the metal
matrix. Cross-sectional images (Figure 6-1(b) and (d)) indicate that
uniform corrosion scales formed on sample surface at 20 and 48 h.
The thickness of corrosion product scale increased with immersion
time.
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Figure 6-6. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS under 200°C and 5.2
MPa CO: for (a)(b) 20 and (c)(d) 48 hours.
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Figure 6-7 illustrates the Raman spectroscopy of the corrosion
products formed on S13Cr MSS at 200°C and 5.2 MPa CO: for 20
and 48 h. Similar to the corrosion products formed at early stage,
Raman spectroscopy of corrosion products formed at middle stage
shows peaks located at 556 cm™ and 717 cm™ were observed at
both 20 and 48 h, suggesting that the corrosion products are mainly
Cr203 and Cr(OH)s.
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Figure 6-7. Raman spectroscopy of S13Cr MSS specimens
exposed at 200°C and 5.2 MPa CO; for 20 and 48 hours.

The EDS analysis in Figure 6-1(c) demonstrates that while
chromium and oxygen dominate the corrosion product film, small
amount of Mo, Ni, and Fe are also present. It is noteworthy that the
proportion of Fe in the metallic elements of the corrosion product
film is markedly lower than its proportion in the S13Cr MSS alloy,
this suggests that most of Fe preferentially dissolves into the
corrosive medium rather than participating in the formation of the
corrosion product film. The Fe and Ni incorporated into the corrosion
product film are typically considered to form spinel-type oxides [141].
However, the characteristic Raman peak of spinal (~696 cm™) is
very close to the Cr(OH); peak (~717 cm™). In this study, The
intense Cr(OH)s peak likely obscured the weaker spinel signals,
making the spinel difficult to resolve in the Raman spectra.
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6.2.4. Final stage of the corrosion scales formation and
evolution during a long-term corrosion at 200°C with

pCO: of 5.2 MPa

Figure 6-8 indicates the top-view and cross-sectional images of
corrosion scale formed on S13Cr MSS under 200°C and 5.2 MPa
CO2 for 168 hours. As the immersion time increase to 168 h, there
was no significant morphological change in the corrosion scale
compared to that formed at middle stage from top-view, cracks due
to the dehydration of the corrosion scale and polishing marks
produced before corrosion test were still apparent as shown in
Figure 6-8(a). However, a double-layered corrosion scale was
evident in cross section as shown in Figure 6-8(b), the corrosion
scale can be divided into a uniform outer layer and a
white spot-containing inner layer. More details on analysing this film
are given in the later sections.

(a)168h Cracks due to dehydration: | (b) 168 h & -
of corrosion product Corrosionspri@diics fiI,Q‘f

Element | Content (at%

/
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Figure 6-8. (a) Top-view and (b) cross-sectional images of
corrosion film on S13Cr MSS under 200°C and 5.2 MPa CO:
for 168 hours.

A combination of FIB-SEM and TEM was employed to further
understand the nature of the corrosion product film formed on the
surface of S13Cr MSS at 200°C and 5.2 MPa CO: partial pressure
after 168 h of exposure in terms of the composition/phase and
distribution of white spots. Figure 6-9(a) shows the SEM image of
the selected area used for TEM sample preparation prepared using
FIB. The corrosion product film was clearly divided into two layers,
EDS line scanning results as presented in Figure 6-9(b) indicate that
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the composition of the dark area in the inner corrosion product layer
is similar to the outer corrosion product layer, containing a higher
concentration of Cr and O. But white spots which contains higher
Fe, Ni and lower Cr, O cause the fluctuations in composition in EDS
line scan results.
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Figure 6-9. (a) SEM image of selected area used for TEM
sample preparation obtained from S13Cr MSS exposure to
formation brine under 200°C and 5.2 MPa CO: for 168 hours

and (b) EDS line scanning results.

FIB was used to further thinning the sample for TEM observation to
confirm the phase/distribution of white particles in the inner
corrosion product layer. As shown in Figure 6-10(a), in the TEM
image, the white particles have a darker lining which is similar to the
substrate. The electron diffraction pattern for the selected region 1
which contains few particles as shown in Figure 6-10(b) and (c)
indicates the particles in the inner corrosion product layer are
confirmed as austenite. Furthermore, the austenite particles in the
inner corrosion product layer were mainly distributed along lines,
which is consistent with the distribution pattern of reversed austenite
in S13Cr MSS, along the martensitic slat boundaries and ex-
austenitic grain boundaries. As shown in Figure 6 10(d), the electron
diffraction pattern for the selected region 2 which does not contain
austenite particle indicates the corrosion products are mainly Cr203
and Cr(OH)s.
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Figure 6-10. (a) TEM images of corrosion product film formed
on S13Cr MSS in formation brine under 200°C and 5.2 MPa
CO: for 168 hours, (b) selected region 1 for electron
diffraction pattern analysis and (c) the corresponding electron
diffraction patterns.

Figure 6-11 provides high-angle annular dark-field (HAADF) images
of the metal/corrosion products interface region marked in Figure
6-10 and related EDS mapping. It can be clearly seen in the Fe
distribution mapping that the dark area in the HAADF, i.e. the
corrosion product, has a low Fe content. A gray region between the
metal matrix (light area) and the corrosion scale (dark area) with a
medium Fe content compared to the matrix and a medium O content
compared to the corrosion product in the dark area can be
distinguished. In contrast, Ni and Cr in this region show the same
lining compared to matrix, suggesting a preferential dissolution of
Fe during corrosion. Besides, the Ni content in the corrosion scale
was slightly reduced compared to the Ni content in the matrix, while
the uncorroded austenite shows a significantly higher Ni lining than
the matrix and Fe preferential dissolution area. It is notable that Ni
enrichment can be observed at the Fe preferential dissolution
are/corrosion scale interface. A similar observation was reported by
Yue et al. [135], suggesting that the Ni enrichment layer at the
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material interface limits the dissolution rate of the metal. However,
this Ni barrier was not observed around the undissolved austenite.
Furthermore, there is no significant change in the contrast in the
corrosion scale, Fe preferential dissolution area and the matrix in
terms of Cr, implying that during the growth of the corrosion scale
towards the metal matrix, Cr in the metal is mainly taken part in the
formation of the corrosion products rather than diffusing and
dissolving into the solution as in the case of Fe.

Figure 6-11. HAADF images of metal/corrosion products
interface and related EDS mapping of O, Fe, Mo, Ni and Cr.

6.3. Film formation and morphology observation at

200°C with pCO:2 of 0.27 MPa

6.3.1. Overall observation of the surface morphology at 200°C
with pCO: of 0.27 MPa

Figure 6-12 illustrates the top-view and cross-section of the
corrosion product evolution for S13Cr MSS exposed in simulated
formation brine at 200°C, pCO:2 of 0.27 MPa during various
immersion times. The steel surfaces appeared to be locally covered
by crystalline precipitates during the corrosion process as shown in
Figure 6-12(a), (c), (e) and (g). Precipitates were characterized by
two different shapes according to the top-view observation: cubic
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precipitates and flattened precipitates. These two different shapes
of precipitates show a great difference not only in quantity but also
in size during the corrosion process. Furthermore, both the cubic
precipitates and flattened precipitates show a significant growth in
size but minimal increase in quantity with increasing immersion time.
The nucleation of cubic precipitates and flattened precipitates
mainly happened in the first 5 hours. Compared to the flattened
precipitates, the number of cubic precipitates was as much as
several orders of magnitude higher, indicating a faster nucleation
kinetic process. However, greater size and higher growth rate of
flattened precipitates compared to those of cubic precipitates can
be clearly observed since 20 h indicative of a faster growth kinetic
process of flattened precipitates.

Besides the precipitates, areas without precipitates covered show a
slight change in morphology over 7 days of exposure as shown in
the local magnification in backscattered electron imaging in Figure
6-12(a)-(d). The darker areas in local magnification of Figure 6-12(a)
represent preferential corrosion in the darker area during the first 5
h of immersion. Non-uniform corrosion product layer is evident in
the cross-section image of the sample after 5 h of immersion
provided in Figure 6-12(b), confirming the preferential corrosion at
5 h.

Furthermore, a uniform corrosion scale can be observed after 20 h
of exposure as shown in Figure 6-12(d), (e) and (g). In contrast to
corrosion product film formed at 5.2 MPa pco2, where uncorroded
austenite particles were only observed after 7 days, visible white
particles in the corrosion product film can be observed after 20 h of
exposure at 0.27 MPa pco2 as marked in Figure 6-12(d). The
corrosion product films formed after 20-168 h of immersion at
0.27 MPa pco2 exhibited a single-layer structure, distinct from the
bilayer structure observed at 5.2 MPa pco2. The uncorroded
austenite distributed throughout the entire corrosion product film,
rather than being confined to the inner layer.
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Figure 6-12. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS under 200°C and 0.27
MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.
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The XRD patterns for corrosion products formed on S13Cr MSS at
various immersion times are presented in Figure 6-13. In the first
5 h, only peaks belonging to the S13Cr MSS matrix can be observed.
Then precipitate with a strong diffraction peak at 25.54°, which is the
characteristic peak of the anhydrite (CaS0O4), was evident since 20 h.
Peaks belonging to calcite and aragonite can be observed from 20 h
and 48 h, respectively, with intensity became stronger with
increasing immersion time. This indicates the precipitation of
precipitates continues to occur during the corrosion process.

In addition, as the corrosion time increased, the intensity of the
martensite peak gradually decreased, while the intensity of the
austenite peak gradually increased. This indicates that the white
particles preserved in the corrosion product film after corrosion are
uncorroded austenite particles. As the corrosion time increased, the
increasingly thick corrosion product film led to a decreasing effective
penetration depth of X-ray into the metal substrate due to X-ray
absorption by corrosion products, resulting in a smaller signal
strength from the S13Cr MSS substrate, and thus the peak intensity
of martensite became lower. Moreover, given the significantly lower
X-ray mass absorption coefficient of corrosion products compared
to the metal substrate, the effective XRD sampling depth
(encompassing both the corrosion film and underlying base metal)
increased with increased thickness of corrosion product film.
Concurrently, the uncorroded austenite within the corrosion product
film combined with the austenite within the S13Cr MSS substrate
enhanced the overall austenite phase fraction within the XRD
detection depth range, leading to an enhancement of the austenite
peak intensity as corrosion time increased.
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Figure 6-13. XRD patterns of S13Cr MSS specimens exposed
at 200°C and 0.27 MPa CO: for 5, 20, 48 and 168 h.

Referring to the differentiation of corrosion stages under high pco2
condition, the formation process of the Cr-rich corrosion product
layer under 0.27 MPa CO: can be divided into two stages:

Based on the above observations, the corrosion process of
S13Cr MSS at 200°C and 0.27 MPa CO: can be divided into two
stages:

1. Early stage: characterised by a non-uniform corrosion product
film formed on the surface;

2. Final stage: characterised by the formation of a uniform
corrosion product film containing uncorroded austenite.

A more detailed analysis of these two stages is provided in the
subsequent sections.
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6.3.2. Early stage of the corrosion scales formation and
evolution during long-term corrosion at 200°C with pCO:
of 0.27 MPa

Figure 6-14(a) and (b) provide the typical top-view images of
S13Cr MSS exposed to CO»-saturated formation brine at 200°C
with CO: partial pressure of 0.27 MPa during the early stage of
corrosion.

Beyond the cubic precipitates, the most distinctive surface
characteristic is the formation of dual-tone corrosion features (dark
and light regions), which similar to the observation at 5.2 MPa pcoo.
However, unlike the randomly distributed dark regions at
5.2 MPa pco2, specimens corroded at 0.27 MPa pco2 exhibit an
organized pattern where dark regions primarily align linearly, with
sporadic dark spots distributed between these lines. Cross-sectional
image (Figure 6-14(c)) shows the discontinuous distribution of
corrosion products on the sample surface, revealing a non-uniform
corrosion occurring in the early stage of corrosion at 0.27 MPa pco2.

It is worth noting that the distribution pattern of the linear dark
regions is consistent with the grinding marks introduced during the
sample preparation process. Since no other grinding scratches were
visible outside these dark regions, it is reasonably for us to conclude
that at 0.27 MPa pcoz, corrosion preferentially initiates at the
locations of the surface scratches.
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Figure 6-14. (a)(b) Surface and (c) cross-sectional
morphologies of corrosion product film on S13Cr MSS under
200°C and 0.27 MPa CO: for 5hours.

To understand the chemistry of the corrosion products on
S13Cr MSS at 200°C and 0.27 MPa CO2 for 5 hours, EDS line
scanning was performed on the surface of S13Cr MSS as shown in
Figure 6-15. Figure 6-15(a) shows the region designated for EDS
line scanning, encompassing both light and dark regions within the
scanned line. The line scan results in Figure 6-15(b) reveal that the
dark region has higher content of O element compared to the light
region, confirming that the dark region experiences more significant
corrosion compared to the light region at the early stage of corrosion.
It is noteworthy that the distribution of Cr, Ni and Mo element follow
a similar trend to that of O element, while Fe demonstrated an
inverse trend. This distinct behaviour provides direct evidence for
the preferential dissolution of Fe at the preferentially corroded sites
during the initial stage of non-uniform corrosion.
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Figure 6-15. (a) SEM image of selected area used for EDS line
scanning obtained from S13Cr MSS exposure to formation
brine under 200°C and 0.27 MPa CO: for 5 hours and (b) EDS
line scanning results of the selected position.

To further understand the distribution and chemical composition of
the corrosion products on sample surface during the early stage,
Raman spectroscopy as well as EDS were used for point
composition analysis of different areas on the specimen's surface.
As shown in Figure 6-16(b), Raman spectral analysis of the cube
presents a strong signal from carbonate ions (CO3s%) and a relatively
weak signal from sulfate ions (SO4%) . The EDS result of the cube
indicates that it mainly contains C, O, and Ca elements, along with
trace amounts of S, Mg, and Fe elements. Based on the combined
results of EDS and Raman spectroscopy, we conclude that the cubic
precipitate is a co-precipitation product of carbonate and small
amounts of sulfate, the cations are dominated by Ca?* with trace
amounts of Mg?* and Fe?*.

Figure 6-16(b) presents Raman spectra from both light and dark

regions, revealing characteristic peaks corresponding to the

corrosion products (Cr.03 (~552 cm™) and spinal (~696 cm™)/

Cr(OH)s (~717 cm™)). The line-scan Raman analysis in Figure 6-17
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demonstrates significantly higher peak intensities in dark region
compared to light region, corroborating our previous conclusion that
dark region is the preferential corrosion site during the early stage
of corrosion. It is worth noting that the EDS results obtained from
both the light and dark regions show very high content of Fe. Since
the thickness of the corrosion products is too thin, which is smaller
than the detection depth of the EDS (about 1 um), the high Fe signal
in the EDS results may partly came from the substrate underneath
the corrosion products rather than completely from the corrosion
products.
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Figure 6-16. Raman spectroscopy and EDS point identify
results of S13Cr MSS specimen exposed at 200°C and 0.27
MPa CO: for 5 hours: (a) SEM image of S13Cr MSS specimen
immersed for 5 hours, (b) Raman spectra for selected point,
(c) EDS point identify results for selected point.
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Figure 6-17. Raman spectroscopy line scanning of S13Cr MSS

specimen exposed at 200°C and 0.27 MPa CO- for 5 hours: (a)

schematic diagram of scanning area and (b), (c) line scanning
results at 552 cm™ and 712 cm.

6.3.3. Final stage of the corrosion scales formation and
evolution during a long-term corrosion at 200°C with

pCO: of 0.27 MPa

As previously illustrated in Figure 6-18, the corrosion product film
formed at 0.27 MPa pco2 maintained a single-layer structure during
a 168 h test after completely cover the sample surface. The
uncorroded austenite distributed throughout the entire corrosion
product film, rather than being confined to the inner layer. Here, the
corrosion product film generated after 168 hours of corrosion was
analysed.

As shown in Figure 6-18(a), two distinct precipitate morphologies
are observed on the specimen surface: cubic and flattened
structures (their phase identification will be discussed subsequently).
In precipitate-free region as shown in Figure 6-18(b), parallel
scratches are clearly visible, similar to the observation on the
sample surface at 5.2 MPa pcoz2. These scratches are believed to
be left from the grind process during sample preparation, implying
the inward growth of the corrosion product film.

122



1 Gmed

Figure 6-18. (a)(b) Surface and (c) cross-sectional
morphologies of corrosion product film on S13Cr MSS under
200°C and 0.27 MPa CO: for 168 hours.

FIBs-SEM and TEM were employed for further characterization of
the corrosion product film. The cross-section of the corrosion
product film prepared by FIBs is shown in Figure 6-19(a). Notice that
no uncorroded austenite particles were observed in the cross-
section prepared by FIBs, which appears inconsistent with our
previous SEM observations where such particles were found
throughout the corrosion product film. This discrepancy could be
due to the distribution characteristics of austenite within the
martensitic matrix. In S13Cr MSS, austenite particles primarily
distribute along the martensitic lath boundaries, while the randomly
selected FIBs cross-section may have coincidentally avoided
intersection with these boundaries, leading to the abandon of
uncorroded austenite in the cross-section image. Therefore, this
observation is not contradictory to previous cross-sectional
observations.
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The selected area marked in Figure 6-19(a) was used to prepare
the TEM sample, the TEM sample is shown in Figure 6-19(b). The
electron diffraction pattern for the selected region 1 of the corrosion
products is shown in Figure 6-19(d). The broadening of the
diffraction spots and rings indicates that the corrosion products are
nanocrystalline and amorphous. Phase identification indicates that
the corrosion product phases are spinel (FeCr.04) and Cr(OH)s.
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Figure 6-19. (a) SEM image of selected area used for TEM
sample preparation, (b) TEM image of corrosion product film
formed on S13Cr MSS in formation brine under 200°C and
0.27 MPa CO: for 168 hours, (c) selected region for electron
diffraction pattern analysis and (d) the corresponding electron
diffraction pattern.

To further understand the chemistry of the corrosion products and
precipitates on S13Cr MSS surface locally, Raman spectroscopy
and EDS were employed. As presented in Figure 6-20, a band at
1085 cm™" which is assigned to both calcite and aragonite can be
observed for both big crystal and small cube, but they have
significant differences in lattice modes below 400 cm™. The small
cube is confirmed to contain calcite with the characteristic peak
observed at 282 cm™, in the meantime, the big crystal is confirmed
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to be aragonite with the characteristic peaks observed at 152, 179
and 205 cm™ [160]. Besides, a characteristic peak of CaSO4
(anhydrite) at 1017 cm™ confirmed that small cube is a mixture of
calcite and anhydrite. EDS results confirmed the presence of S in
the small cube. Notably, the cubic precipitates contained calcite
(CaCO3) and anhydrite (CaSO4) phases rather than forming a solid
solution, this phase separation is clearly demonstrated by the
distinct diffraction peaks for both phases in the XRD results provide
before. It is also worth noting that there is a slight difference in the
cation ions between the big crystal and small cube. In contrast to
the big crystal which only contained Ca ions as cation ions, the small
cube contained traces of Mg ions from the formation brine and Fe
ions from the dissolved S13Cr MSS. The precipitation processes
and the differences in precipitation processes under different CO>
pressure conditions will be discussed in detail in the following
discussion section.
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Figure 6-20. (b) Raman spectra and (c) EDS point identify
results of S13Cr MSS specimens exposed at 200°C and 0.27
MPa CO: for 168 h.

Raman analysis of precipitate-free corrosion product region
identified spinel and Cr(OH)s;, which is consistent with TEM
characterization. EDS quantification reveals significant Fe content
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in the corrosion products, suggesting a high proportion of spinel in
the corrosion products.

Compared to the corrosion products generated under high CO:
pressure condition, the Fe content in the products formed under low
CO:. pressure significantly increased, and the composition shifted
from Cr(OH)s and Cr203 at high CO2 pressure condition to Cr(OH)3
and spinel at low CO2 pressure condition. The thermodynamic
discussion for this transition will be systematically analysed in the
discussion section.

6.4.The comparisons of corrosion behaviour of S13Cr

at 200°C with various pCO:

Figure 6-21 shows the general and localized corrosion rates of
S13Cr MSS at different immersion times in the formation brine at
200°C and 0.27 or 5.2 MPa pco2. For sample tested at 5.2 MPa pcoz,
it can be seen that the general corrosion rates were recorded as
1.70 mm/year and 1.37 mm/year after 5 hours and 20 hours
respectively, then dropped to a rate of 1.04 mm/year over 7 days
exposure. The reduction in corrosion rates can be contributed to the
formation of the corrosion scales on the surface, suggesting that the
corrosion scales can protect the surface from corrosion. A similar
trend was recorded on the corrosion rates of the sample tested at
0.27 MPa pco2, compared to corrosion rates recorded at 5.2 MPa
Pcoz, corrosion rates of S13Cr MSS tested at 0.27 MPa pco2 were
slightly lower at each test period. The general corrosion rates of
S13Cr MSS at 0.27 MPa and 5.2 MPa of CO: are at a high level
after 168h according to NACE standard RP0775-05 [156].
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Figure 6-21. General corrosion rate (a) and localized corrosion
rate (b) of S13Cr MSS specimens exposed at 200°C, 0.27 MPa
and 5.2 MPa CO..
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As illustrated in Figure 6-21(b), the pit depth of the sample tested at
5.2 MPa pcoz continually increased with increasing immersion time,
however, the growth rate of the pit slowed down with immersion time,
which corresponds to a decrease in localized corrosion rate from
2.27 mm/y after 5 hours to 0.37 mm/y after 168 hours. As compared,
the localized corrosion rates of S13Cr MSS tested at 0.27 MPa pcoz
were significantly lower at each test period, recorded as 1.90 mm/y
in the first 5 h and rapidly decreased to 0.65 mm/y after 20 h, finally
gradually decreased to 0.21 mm/y after 168 h. The localized
corrosion rates of S13Cr MSS at both 0.27 MPa and 5.2 MPa of CO>
are at a low level after 168h according to NACE standard
RPQO775-05 [156].

In order to further understand the localized corrosion behaviour
between samples tested at 0.27 MPa and 5.2 MPa CO.. 2D
profilometry of corroded S13Cr MSS after removing the corrosion
products was observed by using NPFLEX 3D optical profilometer.
As shown in Figure 6-22(a), (c), (e) and (g), bumps, marked by white
circle, can be observed on samples tested at 0.27 MPa, which are
consistent with aragonite in the distribution and size, implying the
local protective effect of aragonite. Moreover, it is obvious that the
density of pits is significantly higher at 5.2 MPa CO: than that
obtained at 0.27 MPa CO: as shown in Figure 6-22(g) and (h),
indicating a higher pitting corrosion risk at a higher CO: partial
pressure condition.
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Figure 6-22. 2D profilometry of corroded S13Cr MSS at 200°C,
0.27 MPa (a)(c)(e)(g) and 5.2 MPa CO: (b)(d)(f)(h) after
removing the corrosion products.

6.5.The comparisons of electrochemical behaviour of

S13Cr at 200°C with various pCO2

6.5.1. OCP measurements

Figure 6-23 demonstrates the OCP variation of the S13Cr MSS

during the 168 h immersion experiment. It can be seen that at two
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different partial pressures of CO2, the OCP undergone a similar
change: at the beginning of corrosion, the OCP decreased rapidly;
after reaching the lowest point, the OCP raised rapidly for a duration;
afterward, the OCP continued to rise but at a gradually slowing rate,
eventually reaching a stable value. The decrease and subsequent
increase of OCP is most likely related to the dissolution of the air-
formed passive film and then the formation of the corrosion product
film.

At the initial stage of corrosion, the potential dropped rapidly, which
usually indicates that the air-formed native passive film on the
sample surface begins to gradually degradation, and corrosion
starts to occur on the sample surface. This change in OCP
corresponds to the non-uniform corrosion observed on the sample
surface at the early stage during the immersion test.

Subsequently, the corrosion potential raised rapidly. Increasing
corrosion potentials typically indicate either a disproportionate
retardation of the anodic reaction or an enhancement of the cathodic
reaction. Considering our observations of the corrosion morphology
on the sample surface, we can infer that this change is due to the
formation of corrosion products, which suppresses the anodic
reaction, leading to an increase in potential until it eventually
stabilizes.

It should be noted that the OCP under high pressure condition was
always higher than the OCP under low pressure condition. This
observed positive shift in OCP likely correlates with the enhanced
cathodic reaction under high CO2 pressure, and will be discussed
through polarisation test in the next section.
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Figure 6-23. OCP of S13Cr MSS as a function time tested at
200°C and 0.27/5.2 MPa of CO..

6.5.2.Potentiodynamic polarisation measurements

The cyclic potentiodynamic polarisation curves of S13 MSS tested
in simulated formation brine at 200°C and 0.27/5.2 MPa of CO- after
exposure for 168 hours are shown in Figure 6-24. It is obvious that
as the potential increase during the anodic polarisation, the current
density shows a stable region at both 0.27 and 5.2 MPa of COx,
shows a qualitative sign of passivity. However, those observed
current densities in the current stabilization region were too high to
be considered as the samples being in the true passive state. The
terms pseudo-passive is typically used to describe such
observation [161]. This current plateau is usually associated to the
mass transfer controlled anode reaction due to the blocking effect
of the corrosion scale. Noting that the current density in the current
stable region at 5.2 MPa pco2 was lower than that at 0.27 MPa pcoz,
implying that the corrosion product film formed at a higher pco2
provide a stronger blocking effect to the mass transfer process.
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Figure 6-24. Cyclic potentiodynamic polarisation curves of
S13Cr MSS tested at 200°C and 0.27/5.2 MPa of CO: after
exposure for 168 hours.

Cathodic polarisation measurements were conducted at varying
CO2 partial pressures to compare the cathodic reaction kinetics
under different CO2 partial pressure conditions (as shown in Figure
6-25). In the test system, the cathodic reaction was mainly hydrogen
evolution. Increased CO. pressure enhances CO: dissolution in
formation brine and subsequent carbonic acid formation, carbonic
acid then dissociates to generate H* ions, leading to an increase in
H* ions concentration in the formation brine which could accelerate
the cathodic reaction rate. This change is clearly demonstrated in
the Tafel regions (BC and B'C’) of the cathodic polarisation curves,
where a higher cathodic current density was observed under a
higher CO- partial pressure. As the potential further scanned toward
the negative direction, the cathodic curves entered a mass transfer
controlled region (CD and C'D’). At this region, the increase of
current density became suppressed with decreasing potential, the
cathodic reaction was under mass transfer control. Generally, for
bare metal, higher CO. partial pressure usually corresponds to
higher cathodic current density in the mass transfer controlled region.
However, in this study, the cathodic current density obtained at
higher CO2 partial pressure condition exhibited a lower value. This
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is usually associated with the hindrance to mass transfer process
induced by the corrosion product film, implying that the blocking
effect of the corrosion product film to cathodic reaction outweighs
the promoting effect of increased H* ion concentration to cathodic
reaction under high CO2 partial pressure. The stronger blocking
effect on mass transfer process under high CO. partial pressure
may be attributed to the formation of a thicker corrosion product film
under high CO: partial pressure. Meanwhile, the evolution of the film
composition under different partial pressures might also affect the
blocking effect induced by the corrosion product film. As the
potential further decreased, a secondary linearly increasing current
range appeared at more negative potentials (DE and D'E’), this
current change is generally attributed to the reduction of water.[22]
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Figure 6-25. Cathodic polarisation curves of S13Cr MSS
tested at 200°C and 0.27/5.2 MPa of CO: after exposure for 168
hours.

The combined effects of (1) cathodic polarisation curve shifting to
higher current densities (rightward shift) and (2) anodic polarisation
curve shifting to lower current densities (leftward shift) under
elevated CO2 pressure condition collectively result in an increase in
the corrosion potential.
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6.5.3. EIS measurements

Figure 6-26 and Figure 6-27 show the Nyquist and Bode plots of
S13Cr MSS at different corrosion stages in CO2-saturated formation
brine at 200 °C and 5.2 MPa/0.27 MPa of CO.. It is clearly that all
the Nyquist plots obtained at different corrosion stages show
capacitor characteristic.
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Figure 6-26. (a) Nyquist and (b) Bode plots of S13Cr MSS
after various immersion times in CO2-saturated formation
brine at 200°C and 5.2 MPa of CO..

As displayed in the Nyquist plots, the radius of the semicircle
increased with exposure time. In most cases, a larger arc diameter
in the Nyquist plot typically corresponds to a higher |Z] in the Bode
plot. However, in our EIS results, the |Z| decreased over time.
Meanwhile, the Nyquist plot reveals that the semi-circle became
increasingly incomplete as the testing duration extends. This

phenomenon could be due to the non-ideal capacitive behaviour of
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the electrode during the corrosion process, which might relate to the
change in surface roughness, surface chemical inhomogeneity, or
porous electrode. Due to corrosion, the specimen surface gradually
deviated from the ideal state (e.g., due to the increased surface
roughness), the value of n then deviated from 1, and the semi-circle
in the Nyquist plot became increasingly incomplete.
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Figure 6-27. (a) Nyquist and (b) Bode plots of S13Cr MSS
after various immersion times in CO2-saturated formation
brine at 200°C and 0.27 MPa of CO..

Comparative analysis of the Nyquist plots under both pressure
conditions is shown in Figure 6-28. The arcs under both conditions
were incomplete, and it is clear that the arcs under low pressure
were more incomplete, but the arc radiuses were larger, indicating
a greater corrosion resistance at low pressure condition.
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Figure 6-28. Nyquist plots of S13Cr MSS after various
immersion times in CO2-saturated formation brine at 200°C
and 5.2/0.27 MPa of CO..

The Bode plots in Figure 6-26 and Figure 6-27 present quite broad
peaks, this could be the superposition of two peaks which
corresponds to a low high frequency time constant and a high
frequency time constant. Therefore, an electrical equivalent circuit
as provide in Figure 6-29 was proposed to model the
electrolyte/sample interface. In all EIS spectra, the maximum phase
angle modulus is lower than 90°, indicating a deviation from ideal
capacitor behaviour. Thus, constant phase element (CPE) was used
in the electrical equivalent circuit in place of a capacitor to
compensate for non-homogeneity in the system. In the equivalent
circuitt, Rs is the solution resistance, CPE: represents the
capacitance related to the corrosion scale, Ry is the resistance of the
corrosion scale. CPEqg and Rct can be attributed to a charge transfer
process in which CPEq is the capacitance of the electrical double
layer and Rt represent the charge transfer resistance.

136



Rs
AV

CPEdI

N
£

‘ Ret

)
éavﬁ

Figure 6-29. The equivalent circuit diagram used to fit the EIS
experimental data.

The fitting results are summarized in Table 6-2. To facilitate direct
comparison of the Rct and Ry, these parameters are graphically
presented in Figure 6-30.

The fitting results reveal that Rct was significantly higher than Rt
during a 168-hour corrosion monitoring at both 0.27 and 5.2 MPa of
CO:z. This dominance of Rct indicates that charge transfer is the rate-
determining step in the corrosion process, and had a crucial effect
on corrosion process. Therefore, the corrosion behaviour of S13Cr
steel at 200°C under both pressure conditions can be classified as
charge-transfer controlled process.

In the middle and late stages of corrosion, the Rr of the corrosion
product film formed under high CO- partial pressure is consistently
higher than that under low CO: partial pressure. This implies that
the corrosion product film formed under high pressure are more
protective. This is consistent with the results obtained from
potentiodynamic polarisation measurements as the corrosion
product film formed under high CO: partial pressure provided a
stronger blocking effect. However, since the corrosion of S13Cr
MSS in CO2-containing formation water at 200°C is controlled by
charge transfer process, the influence of the corrosion product film
on corrosion through affecting the mass transfer process is
insignificant.
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Table 6-2. EIS spectra fitting data of the EECs for S13Cr MSS
after various immersion times in CO2-saturated formation
brine at 200°C and 5.2/0.27 MPa of CO..

CO2 CPEf-T/ CPEdI-T/
Time/h  Rs/Q-cm? CPEf-n Rf/Q-cm? CPEdI-n  Rct/Q-cm?
pressure/Mpa Q1-s"-cm2(1n) Q1-s"-cm21n)
5 0.448 0.014 0.537 1.971 0.0007 0.999 66.25
20 0.378 0.014 0.548 0.692 0.0026 0.796 78.60
48 0.445 0.020 0.607 0.638 0.0024 0.867 87.91
72 0.454 0.024 0.615 0.272 0.0095 0.781 89.63
52
96 0.443 0.019 0.609 0.135 0.0297 0.717 99.29
120 0.454 0.009 0.695 0.100 0.0547 0.690 97.42
144 0.495 0.036 0.711 0.180 0.0453 0.692 105.60
168 0.504 0.043 0.722 0.192 0.0579 0.699 113.10
5 0.516 0.001 0.801 123.653 0.012 0.388 1116.17
20 0.474 0.010 0.918 0.728 0.728 0.668 227.06
48 0.440 0.022 0.946 0.372 0.372 0.701 217.48
72 0.423 0.053 0.944 0.268 0.268 0.718 157.99
0.27
96 0.419 0.087 0.921 0.257 0.257 0.742 124.49
120 0.416 0.137 0.874 0.163 0.163 0.761 125.79
144 0.409 0.047 0.849 0.018 0.018 0.829 119.28
168 0.411 0.036 0.915 0.016 0.016 0.826 117.21

The primary impact of CO2 partial pressure variation on the
corrosion process is the alteration of the charge transfer resistance.
The R¢t under high CO:2 partial pressure was significantly lower than
that under low CO: partial pressure, resulting in a higher corrosion
rate under high CO: partial pressure. The higher R¢t under high CO:2
partial pressure is likely because the increase in CO. partial
pressure leads to a decrease in solution pH, which promotes the
anodic dissolution of the metal. At the same time, higher CO: partial
pressure accelerates the cathodic reaction process. Ultimately,
those change due to the high CO- partial pressure lead to a higher

corrosion rate under high CO:2 partial pressure.
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Figure 6-30. Rct and Rr of S13Cr MSS after various immersion

times in COz-saturated formation brine at 200°C and 5.2/0.27

MPa of CO..

6.6.Conclusion

1.

At 5.2 MPa of CO., based on the surface morphology and the
structure of the corrosion product film, the corrosion process can
be divided into three stages: a). Early stage: characterised by a
non-uniform corrosion product film formed on the surface; b).
Middle stage: characterised by the formation of a fully covered
single-layer corrosion product film; c). Final stage: characterised
by the formation of a double-layer corrosion product film,
consisting of an outer corrosion product layer and an inner
corrosion product layer containing uncorroded austenite
particles.

At 0.27 MPa of COg2, based on the surface morphology and the
structure of the corrosion product film, the corrosion process can
be divided into two stages: a). Early stage: characterised by a
non-uniform corrosion product film formed on the surface; b).
Final stage: characterised by the formation of a fully covered
single-layer corrosion product film containing uncorroded
austenite particles.
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3. Compared to the corrosion products generated under high CO>
pressure condition, the Fe content in the corrosion products
formed under low CO: pressure significantly increased, and the
composition shifted from Cr(OH); and Cr.O3z at high CO:
pressure condition to Cr(OH)s and spinel at low CO2 pressure
condition.

4. At 0.27 MPa, two types of CaCOs crystals precipitated on the
specimen surface: one is small and abundant calcite, and the
other is large and sparse aragonite. For the small calcite
particles, the cations were doped with Mg?* ions from the solution
and Fe?* ions released by the corrosion process, the anions
were doped with SO4%. XRD and Raman analyses confirmed
that these particles were a mixture formed by the co-precipitation
of calcite and anhydrite. In contrast, the aragonite is a pure
CaCOs crystal, containing no anionic or cationic impurities.

5. Potentiodynamic polarisation measurements and EIS tests
indicate that the corrosion products formed under high pressure
provide stronger protective properties. However, since Rt is
significantly higher than Ry, the corrosion of S13Cr MSS in
COg2-saturated formation brine at 200°C is controlled by charge
transfer process. Consequently, the significantly lower R¢t under
high CO. pressure led to a higher corrosion rate.
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7. Chapter 7 Formation/evolution of corrosion product
film formed on S13Cr MSS in aggressive HTHP

downhole environments: effect of temperature

7.1.Introduction

Building upon the previous investigation of S13Cr MSS corrosion
behaviour at 200°C under 0.27 MPa and 5.2 MPa of CO., the
non-uniform corrosion during the initial exposure and degradation of
the air-formed native passive film were observed. However, this
process occurred too rapidly for effective electrochemical
monitoring. To address this limitation, lower test temperatures were
selected to slow down the initial corrosion kinetics. At the same time,
we aimed to compare the corrosion behaviour of S13Cr MSS across
different temperatures. Additionally, to minimize the influence of
precipitates on surface observations, we maintained high CO:
partial pressure throughout the experiments of this chapter.

In this chapter, as outlined in Table 7-1, comparative studies were
conducted at 160°C, 180°C and 200°C were chosen for comparative
studies, the CO. partial pressure was set at 3.2 MPa at room
temperature. Investigation was conducted through systematic
experiments with varying exposure times through immersion test
and electrochemical measurement combined with surface
characterization using SEM, EDS, TEM, Raman spectroscopy, etc..

Table 7-1. Test matrix for the immersion tests.

Temperature Pcoz at 25°C  Calculated Pcoz at test Soluti Immersion time
olution
(°C) (MPa) temperature (MPa) (hours)
160 4.6
180 3.2 4.9 Formation brine 5/20/48/168/168*5

200 5.2
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7.2. Effect of temperature on the long-term corrosion
behaviour of S13Cr MSS and thermodynamic

consistency assessment

It can be predicted that lower temperatures reduce corrosion
kinetics, leading to the decreased corrosion rates and slower
corrosion product growth. Consequently, the minor corrosion extent
and sparse corrosion products at a lower temperature may
complicate the analysis of corrosion behaviour and corrosion
products. Hence, within our experimental capabilities, we conducted
immersion tests on S13Cr MSS in CO2-saturated formation water
across the 160-200°C temperature range for as long as possible to
obtain more comprehensive corrosion data. Therefore, five-week
immersion experiments were performed at 160°C, 180°C and 200°C,
followed by analysis of the corrosion products.

Figure 7-1 presents the surface and cross-sectional images of
corrosion product films formed on S13Cr MSS specimens immersed
for 5 weeks at 160°C, 180°C and 200°C. All specimens developed
fully covering corrosion product film with measurable thickness.
Surface morphology revealed minimal differences across three
temperatures. Grinding marks remaining visible from top-view
images, suggesting inward growth of corrosion products at both
160°C, 180°C and 200°C. Cross-sectional images show a rapid
decrease in film thickness with decreasing temperature: ~85 um at
200°C, ~12 ym at 180°C, and ~3.5 pm at 160°C.

At 200°C, film delamination, which is the characteristic of the final
corrosion stage described in the previous chapter, persisted after 5
weeks of immersion, the corrosion product film separating into an
inner layer containing uncorroded austenite particles and an outer
particle-free layer. A similar delamination pattern was observed at
180°C (demarcated by yellow dashed line), indicating a similar
corrosion process. At 160°C, however, no distinct delamination was
evident. But this does not necessarily indicate a different corrosion
mechanism from higher temperatures, the corrosion process during
the 5" week at 160°C may remain at the middle stage due to the
slower corrosion kinetic.
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Notably, the corrosion products/metal interface at 160°C exhibited
significant irregularity, which could be caused by preferential
corrosion at localized hotspots resulting from the compositional
variation or metallic defects. Additionally, uncorroded particles
observed within the corrosion product film formed at 160°C were
significantly larger than previously identified uncorroded austenite
particles. Therefore, these uncorroded particles are not considered
as the uncorroded austenite particles, but potentially as metal
protrusions originating from the irregular corrosion products/metal
interface.

Figure 7-2, Figure 7-3 and Figure 7-4 present the EDS elemental
mapping results of the corrosion product films formed at 160°C,
180°C and 200°C. EDS mapping clearly reveals the stratified
structure of the corrosion product films formed at 180°C and 200°C,
with the most significant distinction being the distribution of Fe. The
inner layer exhibits higher Fe content due to the presence of
numerous uncorroded austenite particles, whereas the outer layer
shows Fe depletion. The elemental maps further demonstrate
pronounced enrichment of Cr, Ni, and Mo elements, along with Fe
depletion throughout the corrosion product films. These
observations corroborate that the formation corrosion product films
on S13Cr MSS in high-temperature environments primarily involves
the preferential dissolution of Fe into the solution and reaction of Cr,
Mo, and Ni with corrosive media to form corrosion products.
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Figure 7-1. Top-view and cross-section morphologies of
corrosion product film on S13Cr MSS at (a)(b) 160°C, (c)(d)
180°C and (e)(f) 200°C after 5 weeks of immersion.
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Figure 7-2. Cross-section morphology of corrosion product
film on S13Cr MSS at 160°C after 5 weeks of immersion and
related EDS mapping of O, Cr, Fe, Ni and Mo.
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Figure 7-3. Cross-section morphology of corrosion product
film on S13Cr MSS at 180°C after 5 weeks of immersion and
related EDS mapping of O, Cr, Fe, Ni and Mo.
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Figure 7-4. Cross-section morphology of corrosion product
film on S13Cr MSS at 200°C after 5 weeks of immersion and
related EDS mapping of O, Cr, Fe, Ni and Mo.
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EDS point analysis of the corrosion products' chemical composition
(as provide in Figure 7-1) revealed similar elemental constituents
across all three temperatures, predominantly comprising O and Cr
with minor amounts of Fe, Ni, and Mo. Raman spectroscopy was
employed to further characterize the chemical composition of
corrosion products formed at 160°C, 180°C and 200°C. The
characteristic spectra obtained are presented in Figure 7-5. The
Raman spectra obtained from corrosion products formed at 160°C,
180°C and 200°C revealing characteristic peaks corresponding to
Cr203 (~552-cm™) and Cr(OH)s (=717 cm™), revealing a similar
composition of the corrosion products formed at 160°C, 180°C and
200°C.
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Figure 7-5. Raman spectra of corrosion product film on S13Cr
MSS at 160°C, 180°C and 200°C for 5 weeks.

The above findings, combined with the Pourbaix diagram
calculations presented in Chapter 9 (discussion part), suggests a
consistent corrosion mechanism operates throughout the
160-200°C temperature range.

General corrosion rates of S13Cr MSS at 160°C, 180°C and 200°C
for 5 weeks are provided in Figure 7-6, the corrosion level was
marked in the graph according to NACE standard RP0775. The
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general corrosion rate shows a tendency to increase with
temperature and was 0.037 mm/y at 160°C, which is identified as
moderate level according to NACE standard RP0775-05 [156]. As
the corrosion temperature increased, the general corrosion rate
reached 0.130 mm/y and 0.877 mm/y at 180°C and 200°C, which
are identified as high level and severe level respectively.
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Figure 7-6. General corrosion rates of S13Cr MSS at 160°C,
180°C and 200°C for 5 weeks.

Within the tested temperature range, the corrosion rate of S13Cr
MSS exhibits exponential growth with increasing temperature,
which aligns with the temperature dependence predicted by the
Arrhenius law for a consistent corrosion mechanism. However,
since the measured corrosion rates involve non-negligible
contributions from different corrosion stages, the activation energy
calculated from Arrhenius plot would lack practical significance. We
therefore refrain from further discussion of activation energy in this
context. However, this finding still carries important implications for
the application of S13Cr MSS. At 160°C, the S13Cr MSS shows a
moderate corrosion rating, indicating suitability for long-term service;
but temperatures exceeding 180°C require careful evaluation before
deployment. Moreover, the dramatic increase in corrosion rate of
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S13Cr MSS across 160-200°C necessitates substantial
temperature control margins in high temperature applications to
mitigate the risk of severe corrosion rate fluctuation caused by minor
temperature variation.

7.3. Formation and evolution of the corrosion product

film at different temperatures

This part focuses on characterizing the temperature-dependent
formation and evolution of corrosion product films over time across
different test temperatures (160°C, 180°C, and 200°C) and apply
our previously established corrosion stage classification to analyse
the observed corrosion processes at each temperature condition.

7.3.1. Formation and evolution of the corrosion product film at
200°C

Since detailed analyses of the corrosion behaviour of S13Cr MSS
at 200°C and the composition and structure of the corrosion product
films have been conducted previously, we focus here on providing
a brief review of the corrosion process and film evolution at 200°C.
This summary serves as a critical reference for comparative
analysis with the newly presented results obtained at 180°C and
160°C in subsequent sections.

Figure 7-7 provides the top-view and cross-section images of S13Cr
MSS immersed in CO2-saturated simulated formation brine at 200°C
for various immersion times. Significant preferential corrosion
happened in the first 5 h as shown in Figure 7-7(a)(b). After that, a
uniform corrosion product layer can be observed after 20 h of
exposure. As the corrosion period continued to increase,
double-layer corrosion product film (uncorroded austenite
particles-containing inner layer and austenite particle free outer
layer) was observed after both 168 hours and 5 weeks of corrosion.
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Figure 7-7. Top-view and cross-section morphologies of
corrosion product film on S13Cr MSS at 200°C for (a)(b) 5,
(c)(d) 48, (e)(f) 168 and (g)(h) 168*5 hours.
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Based on the observations, the corrosion process of S13Cr MSS
can be divided into three stages:

1. Early stage: characterised by a non-uniform corrosion product
film formed on the surface;

2. Middle stage: characterised by the formation of a uniform single-
layer corrosion product film

3. Final stage: characterised by the formation of a double-layer
corrosion product film which including a uniform outer layer and
an inner layer containing white spots.

Notice that the cross-sectional analysis of specimen after 5 weeks
of exposure (Figure 7-7(h)) revealed trace amounts of residual
metallic particles within the outer corrosion product layer. However,
their population density was markedly lower than that observed in
the inner layer. Therefore, it is believed that the above-mentioned
division of inner and outer layers remains applied.

In addition, it is important to note that at the final stage of corrosion,
as shown in Figure 7-7(f) and (h), the thickness of both the inner
and outer layers of the corrosion product film increased as corrosion
progressed. The interface between the inner and outer layers
moved towards the metal substrate with the increase in corrosion
time. This interface movement indicates that the uncorroded
austenite particles retained in the inner layer will undergo corrosion
as corrosion continues, rather than permanent retention in the
corrosion product film.

This phenomenon may be related to the diffusion of the corrosive
species (e.g., H*, HCOz3") within the corrosion product film. During
the corrosion process, the corrosive species continues to diffuse
from corrosion product/solution interface towards the corrosion
product/metal interface, establishing a concentration gradient along
the corrosion product film where the concentration of the corrosive
species continuously decreases from the corrosion product/solution
interface to the corrosion product/metal interface. As corrosion
progresses, corrosion species continued diffuse toward corrosion
product/metal interface, when the local environment at the interface
between the inner and outer layers reaches a critical concentration
of the corrosive species, the corrosion of uncorroded austenite
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particles will be trigger, causing the inward movement of the outer
layer/inner layer interface.

Previous analysis indicates the corrosion products formed at 200°C
were in an amorphous state and were mainly Cr203 and Cr(OH)s.
The types of corrosion products did not change significantly with
increasing immersion time.

7.3.2. Formation and evolution of the corrosion product film at
180°C

Figure 7-8 provides the top-view images of S13Cr MSS immersed
in CO2-saturated simulated formation brine at 180°C for various
immersion times. Slightly corrosion marks on the surface of the
S13Cr MSS after 5 hours of corrosion were visible. After 20 hours
of corrosion, as shown in Figure 7-8(b), there are slight corrosion
marks on the entire surface with obvious corrosion marks (as
indicated by the dark areas marked with yellow arrows in Figure
7-8(b)) in localized areas, which evidences the preferential
corrosion at the early stage of corrosion.

As the exposure duration time increased to 48 hours, distinct
alternating dark (preferential corrosion areas) and light (uncorroded
or slightly corroded areas) zones observed across the entire
specimen surface as shown in Figure 7-8(c), indicating a significant
preferential corrosion happened after 48 hours of corrosion. The
cross-section image (Figure 7-8(d)) reveals a highly irregular
corrosion product/metal substrate interface with non-uniform
thickness distribution of corrosion product film. Obvious localized
corrosion penetration into the metal substrate alternates with
regions of minimal corrosion products coverage demonstrates
significant non-uniform corrosion occurred during a 48-hour of
corrosion.

It can be inferred that the specimens observed at 5 h and 20 h were
both in the initial stage of corrosion. For the 48 h corroded specimen,
although clear distinction of light/dark areas were visible in the top-
view image, the cross-sectional analysis reveals that the light
regions were also covered by an observable but thin layer of
corrosion products. This indicates the formation of a complete

153



covered corrosion product film over the entire specimen surface.
Furthermore, in the magnified top-view image, arrows highlight
crack that traverse both the dark and light zones. As noted earlier,
Cracks resulted from dehydration of the corrosion product film upon
exposure to air after testing. The presence of the crack across both
dark and light zones provides additional evidence that a continuous
corrosion product film had already formed on the specimen surface
after 48 hours of exposure. Therefore, we conclude that the
corrosion state of specimen at 48 h was just transitioned from the
early stage to the middle stage.

After that, a uniform corrosion product layer formed on sample
surface as the exposure duration increased to 168 h, the specimen
had already entered the middle corrosion stage. After 5 weeks of
exposure, as previously reported, the corrosion process progressed
to its final stage, characterized by a double-layer corrosion product
film, uncorroded austenite particles reversed within the inner layer
of the corrosion product film as shown in Figure 7-8(h).
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Figure 7-8. Top-view and cross-section morphologies of
corrosion product film on S13Cr MSS at 180°C for (a) 5, (b) 20,
(c)(d) 48, (e)(f) 168 and (g)(h) 168*5 hours.
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XRD analysis was performed on the corroded specimen surface. As
shown in Figure 7-9, the corrosion products exhibited poor
crystallinity, as evidenced by the absence of distinct characteristic
diffraction peaks. Only two broad hump peaks located at
approximately 35° and 64° were observed, which are typical of
amorphous phases. As the corrosion duration increased, the
diffraction peak intensity corresponding to the martensitic matrix
gradually decreased, whereas the austenite peak intensity showed
noticeable enhancement after 5 weeks of exposure. This
observation is consistent with the cross-sectional morphological
analysis. The attenuation coefficient of corrosion products for X-rays
is typically lower than that of the metallic matrix. With increasing
corrosion product film thickness, the proportion of X-rays
penetrating to the underlying metal matrix decreased, resulting in
the observed reduction in martensite peak intensity. Meantime, the
enrichment of uncorroded austenite within the inner corrosion
product layer accounts for the enhanced austenite diffraction peaks.
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Figure 7-9. XRD patterns of corrosion products on S13Cr MSS
at 180°C for 48, 168 and 168*5 hours.

As shown in Figure 7-10, the Raman spectra of both the light and
dark regions on the 48 h corroded specimen exhibited similar
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characteristic peaks at 717 and 556 cm™, with no significant
difference in peak intensities. This indicates that the chemical
composition of the corrosion products in these two regions was
essentially identical, further confirming the formation of significant
amount corrosion products in the light region.
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Figure 7-10. Raman spectra of corrosion products at dark and
light regions on S13Cr MSS at 180°C for 48 hours.

Raman spectroscopy of specimens corroded for varying durations,
as shown in Figure 7-11, revealed that the corrosion products
consist mainly of Cr(OH); and Cr20s with a primary peak located at
717 cm™ and a secondary peak located at 556 cm™.
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Figure 7-11. Raman spectra of corrosion product film on
S13Cr MSS at 180°C for 48, 168 and 168*5 hours.

The morphological evolution and chemical composition of corrosion
product films on S13Cr steel exhibited identical characteristics at
both  180°C and 200°C. This consistency confirms
thermodynamically equivalent corrosion behaviour at these
temperatures. However, significant differences in corrosion
progression rates were observed. At 200°C, the corrosion process
has entered the middle stage after 20 h, and has reached the final
stage after 168 h. On the contrary, at 180°C for 48 h, the corrosion
process of S13Cr MSS was in the transition phase from the initial
stage of corrosion to the middle stage of corrosion. At 168 h, S13Cr
MSS was in the middle stage of corrosion, and after 5 weeks, it has
reached the final stage of corrosion. From the corrosion kinetic
perspective, the corrosion kinetic of S13Cr at 180°C was markedly
slower than that at 200°C.

7.3.3. Formation and evolution of the corrosion product film at
160°C

Figure 7-12 indicates the top-view and cross-sectional images of
S13Cr MSS immersed in CO2-saturated simulated formation brine
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at 160°C for various immersion times. After 5 hours of exposure,
localized corrosion initiation with slight trace was observed on the
specimen surface (indicated by arrows in Figure 7-12(a)),
demonstrating the initial degradation of the native passive film and
the onset of localized metal matrix corrosion. With extended
exposure period to 20 hours, the area of the slightly visible corrosion
marks on the sample surface began to expand and became more
discernible (as indicated by the arrow in Figure 7-12(b), with the
edge of the corrosion mark demarcated by yellow dashed line).
Furthermore, when the corrosion time increased to 48 hours, these
localized corrosion marks became even more pronounced and
covered a larger area of the sample surface. This process of change
indicates the progressive degradation of the air-formed native
passive film which gradually losing its protective capability over the
metal substrate, leading to corrosion of the metal substrate.

As the exposure duration increased to 168 hours, the specimen
surface exhibited distinct alternating dark and light regions with high
contrast (Figure 7-12(d)), indicating preferential corrosion attack in
the dark regions. Cross-sectional image (Figure 7-12(e)) confirms
the formation of a non-uniform corrosion product film on the S13Cr
MSS surface, demonstrating significant preferential corrosion after
168 hours of immersion in CO2-saturated simulated formation brine
at 160°C. Notice that certain areas showed minimal corrosion attack
which characterized by either thin corrosion product layer or nearly
bare metal surface. Refer the observations at 180°C and 200°C, it
can be concluded that S13Cr at 160°C after 168 hours of exposure
had reached the terminal phase of initial corrosion stage and was
approaching the imminent transition to middle stage of corrosion to
form a fully covered uniform single-layer corrosion product film.

After 5 weeks of corrosion at 160°C, top-view image (Figure 7-12(f))
revealed a fully covered corrosion product film, which was further
confirmed by cross-sectional analysis, showing a fully covered
corrosion product film with an average thickness of ~3.5 um. These
observations demonstrate that the S13Cr MSS has progressed into
the middle stage of corrosion after 5 weeks of corrosion in
CO:-saturated simulated formation brine at 160°C.

159



(b)2bh_

A
czBso
Width = 30,00 pm H

(f) 168*5 h

WosKX WD=100mm 2000 kv czBsSD Thm
Width = 30.00 pym H

Figure 7-12. Top-view morphologies of corrosion product film
on S13Cr MSS at 160°C for (a) 5, (b) 20, (c) 48 (d)(e) 168 and
(F)(g) 168*5 hours.
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XRD analysis was performed on the corroded specimen surface. As
shown in Figure 7-13, XRD analysis revealed only martensitic and
austenitic peaks from the metallic substrate being detected. Despite
a continuous corrosion product film with ~3.5 pym thick formed after
5 weeks of exposure, no discernible diffraction peaks attributable to
corrosion products were observed. This indicates that the corrosion
products possess poor crystallinity.

1-S13Cr-Martensite phase 1‘
2-S13Cr-Austenite phase ‘

& 40 45 50 55
o.-
2 I
& 2
5 2
£ [$13Cr-160°C-32bar-168*5 h I /
[ST3Cr160°C-3zbar-i68h || ]
N o M et 1 ]
S13Cr-160°C-32bar-48 h Il
AP ———— | ‘\whmr.\.MMMW,Wm,wm,m,,,,\w.w/ e
"§13Cr-160°C-32bar-20 h I\ A
S13Cr-160°C-32bar-5 h
T T T T T T T T T
20 30 40 50 60 70
26 (deg)

Figure 7-13. XRD patterns of corrosion products on S13Cr
MSS at 160°C for 5, 20, 48, 168 and 168*5 hours.

Raman spectroscopy of specimens corroded for varying durations,
as shown in Figure 7-14, revealed that the corrosion products
consist mainly of Cr(OH); and Cr203 with peaks located at 717 and
556 cm™. Furthermore, the slower corrosion kinetic at 160°C
enabled more detailed observation of the corrosion product
evolution during the initial corrosion stage. As shown in in Figure
7-14, the characteristic peak of Cr(OH)s at 717 cm™" was significantly
less pronounced compared to the Cr.03 peak at 556 cm™' during the
early corrosion stage. This relative intensity relationship persisted
until 48 h of exposure. Notably, stronger Cr(OH)s: peak appeared
after 168 h in the preferentially corroded region. Then with
prolonged corrosion up to 5 weeks, the Cr(OH)z peak intensity
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continued to increase and becoming the dominant spectral feature.
This kind of composition change in the corrosion products will be
further discussed in the following discussion part.
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Figure 7-14. Raman spectra of corrosion products on S13Cr
MSS at 160°C for 5, 20, 48, 168 and 168*5 hours.

7.4. Electrochemical behaviour of S13Cr MSS at

different temperatures

To further investigate the corrosion behaviour of S13Cr MSS and
the evolution of its surface corrosion product film during the
corrosion process, in-situ electrochemical characterization was
employed for real-time monitoring.

7.4.1. OCP measurements

Figure 7-15 presents the OCP evolution of S13Cr MSS with time at
different temperatures.

At 200°C, the OCP of S13Cr exhibits a characteristic three-stage
evolution: from rapid decline to rapid rise then to stabilization.
Immediately after corrosion initiation, the OCP dropped rapidly,
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which for stainless steels typically corresponds to the degradation
of the native passive film. Once the sample lose the protection form
native passive film, the anodic reaction accelerates, leading to a
decrease in the OCP. The subsequent rapid rise in OCP indicates
the formation of a protective corrosion product film on the surface,
which hinders further dissolution of the metallic substrate, resulting
in an increase in the OCP. After this rapid rise, the potential
stabilized after around 16 h, indicating that the corrosion the
corrosion of S13Cr MSS has reached a steady state.

A similar trend of OCP change was also observed at 180°C.
However, due to slower corrosion kinetic, the process was
significantly delayed. As shown in Figure 7-15, after an initial rapid
decrease, the OCP reached its minimum within 5-12 h, then began
to rise quickly till 48 h, and finally entered the next stage in which
the OCP slow and steady raised.

As for the OCP measured at 160°C, due to its relatively slower
corrosion kinetic, the sample immersed for 168 h was still in the
early stage of corrosion. Therefore, in a 168-hour monitoring, we
only observed a continuous decrease in potential after corrosion
began, which declined to the bottom at around 30 h, and then
started to gradual rise.
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Figure 7-15. OCP of S13Cr MSS as a function time tested at
160°C, 180°C and 200°C.
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Combining previous surface morphological observations, the key
transition points in the OCP can be correlated with specific stages
of the corrosion process.

The initial continuous decrease in OCP, reaching its minimum at
~16 h (180°C) and ~30 h (160°C), corresponds to the gradual
degradation of the native passive film and the expansion of localized
slightly corrosion areas. Surface morphology analysis (Figure
7-12(a)-(c)) at 160°C showed that from 5 to 20 h, localized slightly
corrosion marks appeared and progressively expanded. This
confirms that the OCP decline represents the loss of protective
properties in the native passive film and the expansion of localized
slightly corrosion areas.

Subsequent OCP increase aligns with the occurrence of significant
preferential corrosion, characterized by distinct alternating dark
(preferentially corroded) and light (uncorroded or slightly corroded)
zones across the surface, as shown in Figure 7-8(b) (180°C/20 h).
This stage ended by the formation of a continuous corrosion product
film, as shown in Figure 7-8(c)(d) (180°C/48 h).

It should be noted that the differences in surface morphology
between the end of passive film degradation stage and the start of
non-uniform corrosion stage were relatively subtle. Therefore, it is
quite difficult to distinguish these two phases only based on surface
morphologies, as we previously mistakenly classified 160°C/48 h as
part of the passive film degradation stage. Clearly, identify these two
stages using OCP is more accurate, which has been confirmed the
subsequent EIS test results.

The subsequent OCP stabilization marks the corrosion process
enter the middle corrosion stage defined by morphological analysis.
Notably, according to the surface morphology at 200°C as shown in
Figure 7-7, the corrosion process was in the middle stage
characterized by a uniform single layer of corrosion product film and
was in the final stage at 168h which characterized by a double layer
corrosion product film (a austenite-free outer layer and an
austenite-containing inner layer). But the OCP obtained at 200°C
remained stable between 20-168 h despite significant
microstructural evolution in the corrosion product film happened
during this period. This electrochemical stability suggests that the
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middle and final stage corrosion, while morphologically distinct, are
thermodynamically and mechanistically consistent from an
electrochemical perspective.

7.4.2. Potentiodynamic polarisation measurements

To investigate the electrochemical behaviour of S13Cr MSS at
different corrosion stages under 160°C, potentiodynamic
polarisation tests were conducted during both the OCP declining (20
h) and rising (168 h) periods, as shown in Figure 7-16. The two
polarisation curves exhibit critical differences, reflecting the
evolution of surface film.

At 20 h, corresponding to the degradation stage of the native
passive film, the polarisation curve displays a distinct passive region.
This indicates that despite ongoing passive film degradation, the
residual air-formed passive film still provides effective protection
within a certain potential range, thereby suppressing the anodic
dissolution of substrate and leading to a stable current density. Film
breakdown occurs at approximately -65 mV.

After 168 h of exposure, localized preferential corrosion has led to
the formation of corrosion products in certain areas. Two notable
changes are observed in the polarisation curve. Firstly, the pitting
potential (Epit, also known as the breakdown potential of the surface
film) at 168 h was slightly higher than that of the 20 h specimen. This
indicates that the corrosion products exhibit greater stability than the
native passive film at 160°C in CO. saturated formation brine.
Secondly, an active dissolution peak appeared at 168 h as marked
by red arrow, suggesting insufficient protectiveness of the corrosion
products at this stage.

The appearance of the active dissolution peak is typically regarded
as the result of the competition between two opposing kinetic
processes within the system: metal dissolution and protective film
formation. Prior to the peak potential, which is known as primary
passivation potential, anodic dissolution dominates, and the current
density increases with the forward shift of potential. However, when
the potential reaches a critical value, the reaction between the metal
and the corrosive medium initiates the formation of a protective
corrosion product film/passive film. This film acts as an effective

165



barrier, hindering the metal dissolution, thereby causing the current
density to decrease even as the potential continues to rise. The
transition of the metal surface from active to passive state results in
the maximum anodic dissolution rate, forming the active dissolution
peak.

The absence of the active dissolution peak in the anodic polarisation
curve at 20 h implies that the active to passive transition did not
occur. This observation implies the happening of one of the following
two situations: (i) the dissolution kinetics are dominated by external
factors, thereby preventing the system from entering a pronounced
active dissolution stage; (ii) the film-forming kinetics are significantly
suppressed, impeding the development of a continuous and
protective layer. Consequently, the classical active to passive
transition is absent [162, 163].

In the present case, after 20 h of corrosion, the sample was in the
native passive film degradation stage, the metal surface still
retained its air-formed native passive film. Thus, at the initiation of
anodic polarisation, the specimen was already in a passive state.
The anodic dissolution was suppressed with the forward shift of
potential, resulting in no transition from activation to passivation,
and consequently, no anodic dissolution peak appears.
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Figure 7-16. Potentiodynamic polarisation curves of S13Cr
MSS at 160°C after 20 h and 168 h of immersion.
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Potential dynamic polarisation scanning at 180°C across different
exposure durations revealed similar trends as shown in Figure 7-18.
At 5 h, which is at the native passive film degradation stage, no
active dissolution peak was detected in the polarisation curve.
However, in subsequent stages, at 48 h (during the transition stage
from localized preferential corrosion to formation of uniform single-
layer corrosion product film, OCP shifted from rapid rise to slow and
steady rise) and 168 h (uniform single-layer corrosion product film
formation stage), distinct active dissolution peaks were observed,
indicating that the corrosion product film formed in simulated
downhole environment provide less protection compared to the
native air-formed passive film under HTHP downhole environment.
Furthermore, the passive region of the curve obtained at 168 h
exhibited a significantly higher current density than that obtained at
5 h, indicating that the native air-formed passive provides better
blocking effect that the corrosion product film.
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Figure 7-17. Potentiodynamic polarisation curves of S13Cr
MSS at 180°C after 5 h, 48 h and 168 h of immersion.

Similar trend was also observed at 200°C. Given the rapid
progression of the initial corrosion stage at this temperature
(characterized by a sharp decline in the OCP, corresponding to the
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degradation of the native passive film), potential dynamic
polarisation scanning was performed immediately after the test
temperature reached 200°C to ensure the entire polarisation
scanning was performed during this stage. The polarisation curve
obtained at 0 h, as shown in Figure 7-18, exhibited no active
dissolution peak. As the potential was scanned in the anodic
direction, the electrode transitioned directly into the passive region
without undergoing the active to passive transition, indicating that
even at 200°C, the degrading native air-formed passive film still
provided a measurable level of protection by suppressing active
dissolution on the metal surface.

In contrast, after the formation of a fully covered corrosion product
film, whether a single-layer film (20 h) or a double-layer film (48 h
and 168 h), distinct active dissolution peaks can be observed in the
potential dynamic polarisation curves. Moreover, both the passive
current density and the peak current density of the active dissolution
peak increased with prolonged immersion time, suggesting a
gradual decline in the protection of the corrosion product film. This
conclusion was further supported by subsequent EIS analysis.

Furthermore, compared to the native air-formed passive film, the
corrosion product film formed on the specimen surface resulted in a
higher passive current density and a higher breakdown potential in
the polarisation curves under HTHP downhole environment. This
suggests that although the native air-formed passive film exhibits a
better blocking effect and thus better protection under the test
condition, the corrosion product film possesses greater
thermodynamic stability.
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Figure 7-18. Potentiodynamic polarisation curves of S13Cr
MSS at 200°C after 0 h, 20 h ,48 h and 168 h of immersion.

The cathodic polarisation curves obtained at all three temperatures
exhibit similar shape, indicating a consistent cathodic reaction
mechanism and demonstrating thermodynamic similarity across the
tested conditions, no new cathodic reactions were introduced by the
change in temperature. As temperature increased, the cathodic
polarisation curve shifted toward higher current density, reflecting
an acceleration of the cathodic reaction kinetic with higher

temperature.
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Figure 7-19. Cathodic polarisation curves of S13Cr MSS at
160°C, 180°C and 200°C after 168 h of immersion.

7.4.3. EIS measurements

The EIS of S13Cr MSS in simulated formation brine at 160°C during
a 168 h immersion test are shown in Figure 7-20. Prior to 36 h, the
Nyquist curve consisted of a capacitive semi-circle in the high-
frequency domain and a finite diffusional curve in the low-frequency
domain. The latter displayed as a straight line with an arched tail,
but the line's slope deviated from the ideal 45° which is believed to
be attributable to surface roughness and non-ideal electrode
geometry. After 48 h, as shown in Figure 7-20 (c) and (d), besides
the capacitive semi-circle in the high-frequency domain and the
finite diffusional tail in the low-frequency domain, a capacitive loop
gradually appears in the middle-frequency domain in the Nyquist
plots, corresponding to a peak occurred in the middle-frequency
domain in the Bode plots. It is worth noting that the above shift in
EIS pattern is correlated with the change in OCP: during the OCP
rapid decline stage, Nyquist curve consisted of a capacitive
semi-circle in the high-frequency domain and a finite diffusional tail
in the low-frequency domain; After that, Nyquist curve consisted of
a capacitive semi-circle in the high-frequency domain, a capacitive
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semi-circle in the mid-frequency domain and a finite diffusional tail
in the low-frequency domain.

200 -70 "
S13Cr MSS-160°C S$13Cr-160°C :?;h
—=—5h —4—20n
e 12h 20 601 —v—28h
—4—20h ~ 36h
150 ——28n ) ,i/ .
36h 10 i
< e )
: o/
£ 100 0 10 20 )
§ A A :,
N e x"qégg‘.f‘f*’
! Ny’ / v
50 W |
e
P 10
0+ '/’/ 0 T T T T T T
T T T T 0.01 0.1 1 10 100 1000 10000 100000
0 50 100 150 200 freq. (Hz)
Z1 (ohm-cm?) '
200 25 70
S$13Cr MSS-160°C S$13Cr-160°C 48h
—e—72h
48h 2 — —*—96h
D 15 oz -60 1 1200
—=—96h ) ',',.;,/ —— 144h
150 +1§3: 10 ,’:/« ad —+— 168h
—— 168h ,xfé"’
& 5 2
£ /y
3] 0
£ 100 - 0 5 10 15 20 2
s
N
iy
50 JRares
i Lo
0 4
. . . . 0 T T T T T T
0 50 100 150 200 001 01 1 10 100 1000 10000 100000
71 (Ohm‘sz) freq. (HZ)

Figure 7-20. Electrochemical impedance spectroscopy of
S13Cr MSS at different times in formation brine at 160°C.

The high-frequency capacitive semi-circle, which is believed to be
associated with the impedance of corrosion products,[164] is
observed to increase in radius with the immersion time in the first 36
hours and progressively decrease after that. The mid-frequency arc
is usually associated with the charge transfer resistance and double
layer capacitance[164], and its radius increased with immersion time
since it has been identified. The characteristics of finite diffusion with
transmission boundary in the low-frequency domain indicates that
the diffusion of the corrosive species to the scale/substrate interface
is constrained, implying the corrosion process is controlled by mass
transfer process. The corresponding variations in equivalent circuit
elements will be discussed in detail in the subsequent analysis of
fitting results.
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The EIS obtained at 180°C are presented in Figure 7-21. The
spectrum after 5 h of exposure displays a high-frequency capacitive
loop coupled with a low-frequency finite diffusional tail. After 12 h, a
mid-frequency capacitive arc emerged, the radius of which
progressively increased with immersion time. Correspondingly, the
Bode plots shows a growing phase angle for the peaks located at
the mid-frequency range, indicating more ideal capacitive behaviour
which usually reflects a higher electrode surface homogeneity. After
48 h, the low-frequency diffusional feature disappeared and the mid-
frequency capacitive arc continued to expand.

This evolution process, similar to that observed at 160°C, correlates
with the change in OCP. During the initial period while the OCP rapid
drop, the Nyquist plots exhibited a high-frequency capacitive arc
coupled with a low-frequency finite diffusional tail. Subsequently, in
the OCP rising stage, a mid-frequency capacitive arc emerged in
addition to the high-frequency arc and low-frequency finite
diffusional tail. Finally, when the OCP stabilized, the diffusional
feature disappeared. The disappearance of diffusional characteristic
and the emergence of a mid-frequency capacitive loop imply that
the controlling process of the corrosion reaction gradually shifted
from diffusion control to charge transfer control during a 168 h of
immersion at 180°C.
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Figure 7-21. Electrochemical impedance spectroscopy of
S13Cr MSS at different times in formation brine at 180°C.

Figure 7-22 shows the Nyquist and Bode plots of S13Cr MSS in
COgz-saturated formation brine at 200 °C. It is clearly that all the
Nyquist plots obtained at during 168 hours of immersion show
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capacitor characteristic with no significant diffusional characteristics.
The radius of the semicircle increased with exposure time.
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Figure 7-22. Electrochemical impedance spectroscopy of
S13Cr MSS at different times in formation brine at 200°C.

The EIS results were fitted into the equivalent electrical
circuits (EECs) shown in Figure 7-23. In the equivalent circuits, Rs
is the solution resistance, CPE: and R: are the constant phase
element and resistance of corrosion scale, CPEgq is the constant
phase element representing double layer capacitance, R is the
charge transfer resistance, Ws is the impedance of finite diffusion.
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Figure 7-23. EECs utilized for fitting the EIS results of S13Cr
MSS at different times in formation brine at 160°C, 180°C and
200°C.

Constant phase element (CPE) is used here as a substitute for the
ideal capacitance C to describe the capacitive response that
deviates from the ideal state (due to surface roughness, porous
structure or relaxation process distribution, etc.). The impedance of
CPE can be expressed with the following expression:

1
Yo(Gw)™
Where Y, is the magnitude of the CPE. n (0 < n < 1)is the deviation

parameter which quantifies the non-ideality degree. For an ideal
capacitorC, n =1,

(7-1)

Zepp =
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The diffusional impedance is commonly referred to as the Warburg
impedance, and can be classified into the following 3 types
according to the boundary conditions [165]:

i) Infinite Warburg (IW) impedance

When the length of the diffusion zone can be considered as
infinite, IW impedance will be adopted to describe the diffusion
impedance, whose real and imaginary components are equal. IW
impedance is characterised by a straight line that having a 45°
angle from the abscissa in the Nyquist plot as shown by the black
line in Figure 7-24(b).

i) Finite-length Warburg (FLW) impedance

FLW, also known as Warburg-short, is used to describe the
impedance of the diffusion of which the diffusion length is finite
and the unloaded boundary is a transmissive boundary (or
unblocked boundary) where ions are free to penetrate the
unloaded boundary. The boundary condition of the unloaded
boundary can be described as C = Cp (Cg is the charge carrier
concentration outside the boundary) as shown in Figure 7-24(a)-
ii. FLW impedance is characterised by a 45° straight line in the
high-frequency region and transition to a semicircle in the low-
frequency region in the Nyquist plot as shown by the blue line in
Figure 7-24(b).

iii) Finite-space Warburg (FSW) impedance

FSW, also known as Warburg-open, is used to describe the
impedance of the diffusion of which the diffusion length is finite
and the unloaded boundary is a reflective boundary (or blocked
boundary) where ions cannot penetrate the unloaded boundary.
The boundary condition of the unloaded boundary can be
described as dC/ox = 0 as shown in Figure 7-24(a)-iii. FSW
impedance is characterised by a 45° straight line in the high-
frequency region and transition to a vertical straight line in the
low-frequency region in the Nyquist plot as shown by the red line
in Figure 7-24(b).
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Figure 7-24. lllustration of the three types of Warburg
impedance. (a) The domains for diffusion and boundary
conditions and (b) Nyquist plot for: (i) the infinite Warburg, (ii)
finite-length Warburg, and (iii) finite-space Warburg
impedance [165].

In this study, based on the obtained EIS results in low-frequency
region illustrated in Figure 7-20 and Figure 7-21 in conjunction with

the state of the electrode surface, it is proposed to introduce a FLW
element into the EEC for the EIS data fitting.

The Nyquist plots for the three types of diffusion displays in Figure
7-24(b) are calculated based on the ideal diffusion conditions of
one-dimensional diffusion. However, in practical scenarios,
deviations in Nernst plots emerge due to non-ideal diffusion
behaviour (due to non-uniform diffusion and the existence of
multiple transport pathways, etc.). To address this, the fractal FLW
(also known as generalized FLW) element was applied to describe
the finite-length diffusion behaviour under non-ideal conditions. The
fractal-FLW is a phenomenological expression, in analogy with the
parallel combination of a resistance and a CPE or ZARC (i.e.
CPE//IR) element [166]. The impedance of fractal FLW can be
described with the following expression:

R
Zs pw( @) = (]_wv,;)n tanh(jwT)™,n < 0.5 (7-2)

Where R is the diffusion resistance, T is the characteristic time
constant and n is the fractal exponential coefficient. For the FLW
under ideal diffusion condition, the parameter factor nis 0.5. Ry and

T can be expressed by the following equation:
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RTL

Rw = ZFzcsp (7-3)
LZ

= — 7-4

r=> (7-4)

where R is the ideal gas constant (8.314 J/(mol-K)), T is the absolute
temperature, z is the number of electrons involved in the
electrochemical reaction, F is the Faraday constant (96485 C/mol),
C is the bulk concentration of ions, S is the electrode surface area,
L is the effective ion diffusion thickness, and D is the effective ion
diffusion coefficient.

The parameters related to the electrochemical impedance of the
oxide film that were obtained from the fitting are listed in Table 7-2.
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Table 7-2. EIS spectra fitting data of the EECs for S13Cr MSS in CO.-saturated formation brine at 160°C,
180°C and 200°C after various immersion times.

Temperature/ Time/ Rs/ CPEf-T/ Rf/ Ws-R/ Ws-T/ CPEdI-T/ Rct/
CPEf-n Ws-P CPEdI-n
°C h Q-cm? Q1-s-cm2(1n) Q-cm? Q-cm? s Q1-s-cm=2(11n) Q-cm?
5 0.448 0.014 0.537 1.971 0.0007 0.999 66.25
12 0.425 0.015 0.6117 1.112 0.0015 0.9469 76.44
20 0.378 0.014 0.548 0.692 0.0026 0.796 78.60
36 0.301 0.017 0.483 0.392 0.0010 0.902 85.61
200 48 0.445 0.020 0.607 0.638 0.0024 0.867 87.91
72 0.454 0.024 0.615 0.272 0.0095 0.781 89.63
96 0.443 0.019 0.609 0.135 0.0297 0.717 99.29
120 0.454 0.009 0.695 0.100 0.0547 0.690 97.42
144 0.495 0.036 0.711 0.180 0.0453 0.692 105.60
168 0.504 0.043 0.722 0.192 0.0579 0.699 113.10
5 1.087 0.000158 0.863 1.787 205.092 36.450 0.325
180 12 0.687 0.002389 0.591 6.930 167.373 15.870 0.339 0.002528 1.000 35.567
20 0.622 0.008393 0.496 8.957 84.450 6.682 0.444 0.000650 1.000 111.251
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28 0.676 0.008747 0.529 3448 76.814  8.037 0.444 0.001400 1.000 125.529
36 0.694 0.008917 0.568 2.005 67.545 11.930 0.432 0.002042 1.000 131.714
48 0.683 0.011198 0.609 2.785 0.001879 0.953 199.137
72 0.594 0.012158 0.655 1.901 0.003362 0.875 184.934
96 0.562 0.010916 0.679 0.990 0.008039 0.789 193.410
120 0.538 0.007464 0.710 0.537 0.015405 0.751 231.283
144 0.547 0.006873 0.735 0.461 0.020237 0.747 237.697
168 0.542 0.007105 0.740 0.406 0.024335 0.749 293.207
5 1.019 0.000275 0.797 10.117 254.266 14.820 0.377
12 1.392 0.000237 0.810 13.469 232.962 19.550 0.351
20 1.571 0.000248 0.801 14.248 251.593 33.930 0.327
28 1.798 0.000210 0.818 13.500 269.690 51.380 0.307
160 36 1.736 0.000276 0.779 15.493 266.712 53.660 0.296
48 1.684 0.000309 0.768 16.943 236.475 44.250 0.301 0.005946 1.000 6.787
72 1.465 0.000399 0.750 14.332 247.394 45.480 0.318 0.005205 0.913  18.142
96 1.148 0.000801 0.677 17.814 177.299 40.020 0.339 0.005313 0.840  32.062
120 0.703 0.001414 0.627 18.310 138.586 40.100 0.349 0.005132 0.817  43.095
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144 0.472 0.001476 0.655 14.775 99.950 36.110 0.373 0.005675 0.769  56.725

168 0.505 0.001167 0.724 10.186 102.775 35.680 0.380 0.006846 0.773  60.497
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To better illustrate the evolution of key electrochemical parameters,
the wvariations in film resistance (R, Warburg diffusion
resistance (Ws-R), charge transfer resistance (Rc) and calculate
polarisation resistance (Rp) with immersion time are plotted in Figure
7-25 to Figure 7-28.

Figure 7-25 presents the evolution of Rs with immersion time at
different temperatures. A clear decrease in Rf was observed with
increasing temperature. During the transition from the native air-
formed passive film to the corrosion product film, Rf exhibits an initial
significant increase followed by a sharp decrease, as shown for
160°C (0-168 h) and 180°C (0-48 h). The initial rise in Rtis likely due
to a thickening response of the native passive film prior to its
breakdown. At this early corrosion stage, oxidants in the
environment react with the metal substrate, forming additional
oxides on the existing passive film and leading to temporary
thickening, which could cause the increase in Rr. Meantime,
thermodynamically unstable components in the native passive
film (typically Fe-oxides/hydroxides) preferentially dissolve, which
could cause the decrease in Rs. The observed increase and
subsequent decrease in Rf can therefore be attributed to the
competition between film thickening and dissolution of unstable
phases: the initial immersion period is dominated by thickening of
the passive film, leading to an increase in R, while the following
stage is dominated by the dissolution of thermodynamically unstable
components, causing a decrease in R4y. It is noteworthy that during
the native passive film degradation stage, Rf differs considerably
between 160°C and 180°C, with higher temperature resulting in
lower Ry, implying reduced protective capacity of the native passive
film at elevated temperatures. Increased temperature not only
diminishes the thermodynamic stability of the native passive film but
also markedly accelerates ionic migration rates through the defects
within the passive film, thereby lowering its resistance.

After a fully covered corrosion product film formed on the specimen
surface (after 48 h at 180°C and throughout the test at 200°C), Rs
stabilized at a relatively low value. The significantly lower Rf in this
stage indicates that the native passive film offers superior protection
compare to the corrosion product film formed in the CO2-saturated
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formation brine. During this period, Rrat 180°C consistently exceeds
that at 200°C, indicating better protectiveness of the film formed at
the lower temperature. Furthermore, cross-sectional analysis shows
that the corrosion product film thickens over time, yet the fitted film
resistance decreases slightly, especially during the early period
since a fully covered corrosion product film formed. This suggests
that although the corrosion product film grows thicker, changes in its
properties (such as a reduction in compactness) may lead to a
decrease in the overall film resistance.
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Figure 7-25. Rf of S13Cr MSS in CO:-saturated formation brine
at 160°C, 180°C and 200°C after various immersion times.

The Warburg resistance (Ws-R), as shown in Figure 7-26,
progressively decreased with ongoing corrosion, corresponding to
the degradation process of the native passive film. The presence of
this native passive film necessitates that corrosive species diffuse
through its micropores or defects to reach the film/metal interface
and react with metal substrate, resulting in the observed diffusional
impedance in the EIS results.

After 48 h at 180°C and throughout the 5-168 h period at 200°C, a
corrosion product film formed on the S13Cr MSS surface. This
newly formed corrosion product film is likely to be looser and more
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porous than the native passive film, thus, the diffusion resistance for
corrosive species diffuse through the film significantly reduced,
which explains the absence of diffusional features in the EIS data at
these periods.

The continuous decrease in Ws-R indicates a decreased blocking
effect as the native passive film degrades. Moreover, the more rapid
decline of Ws-R at 180°C compared to 160°C suggests an
accelerated degradation rate of the passive film at elevated
temperature.
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Figure 7-26. Ws-R of S13Cr MSS in CO.-saturated formation
brine at 160°C, 180°C and 200°C after various immersion
times.

Figure 7-27 illustrates the variation in R« across different
temperatures. After the formation of a continuous corrosion product
film (during 48-168 h at 180°C and 5-168 h at 200°C), Rt increased
gradually with exposure time. During this stage, the corrosion
process became charge transfer controlled, and the EEC no longer
includes a Warburg element, although diffusion may still exert a
minor influence. As the corrosion progressed, the corrosion product
layer became thicker, the extended diffusion path hindered the
transport of reactants and products, thereby increasing the charge
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transfer resistance. Notably, at 200°C, the transition of corrosion
product film from a single layer to a double-layer (comprising an
inner layer with uncorroded austenite particles and an outer layer
without austenite particles) film structure from 48 h to 168 h did not
cause an abrupt change in Rq. This suggests that the structural
evolution of the corrosion product film may not related to a
fundamental change of the corrosion mechanism. A more detailed
discussion of the mechanism associated with this transition will be
provided in the discussion section. Furthermore, during the stage
when a fully covered corrosion product film formed, Rct at 200°C was
significantly lower than that at 180°C. From a kinetic perspective,
elevated temperature accelerates the speed of charge transfer,
resulting in a lower R, which is consistent with the phenomenon we
observed.

However, prior to the formation of a fully covered corrosion product
film (48-168 h at 160°C and 12-36 h at 180°C), Rt remained
relatively low. Moreover, R values obtained throughout the entire
test period at 160°C were substantially lower than those at 180°C
and 200°C, which contradicts with the general understanding that
increase in temperature would accelerate the kinetics of charge
transfer process and leads to a lower Rct. This unusual phenomenon
occurred during the OCP rising stage, based on the surface
morphology observations, is associated with localized preferential
corrosion. The degradation of the native passive film led to the
exposure of active sites where localized corrosion occurs.

These active sites had lost the protection of the native passive film
and had not yet generated sufficient corrosion product to provide
protection, and expose the bare metal to the corrosive environment,
resulting in a very low local Rct. The very low local Rct depresses
the measured R for the entire test surface. Additionally, the gradual
increase in tested Rct during this period may be attributed to the
gradually formation of corrosion products at active sites, which
progressively suppresses corrosion and increases charge transfer
resistance.
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Figure 7-27. Rct of S13Cr MSS in CO2-saturated formation
brine at 160°C, 180°C and 200°C after various immersion
times.

The polarization resistance, which exhibits an inverse relationship
with corrosion rate, was calculated using Equation (7-5)(7-5, with
the results presented in Figure 7-28.

R, = Ry + W;-R + Ry (7-5)

At 160°C, Rp decreased progressively throughout a 168-hour test,
indicating a continuous increase in the corrosion rate. This period is
characterized by the degradation of the passive film and the
following development of localized preferential corrosion. The
diffusion resistance (Ws-R) constituted the dominant component of
R, during this period. As the passive film deteriorated, its ability to
hinder the diffusion of corrosive species weakened, thereby
accelerating corrosion.

At 180°C, Ry underwent a slight decline and then increased after 72
h, revealing a transition in corrosion rate from an initial increase to
a subsequent decrease. This change results from the competing
effects of decreasing Ws-R due to the degradation of native passive
film and increasing Rct caused by the thickening corrosion product
film.
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At 200°C, Ry showed a gradual increase, suggesting a steadily
decreasing corrosion rate during the 168 h observation period. This
phenomenon is attributed to the extremely rapid completion of the
native passive film degradation stage at this temperature, meaning
that only the subsequent period of fully covered corrosion product
film formation stage was captured. During this stage, Rct served as
the primary contributor to Rp. The continuous thickening of the
corrosion product film increasingly suppressed charge transfer,
leading to the observed rise in Rt and ultimately leading to a
decrease in the corrosion rate. Furthermore, a strong correlation
was observed between the R, and the corrosion rate obtained from
weight loss measurements in Chapter 6 at 200°C. The R, values
exhibit a gradual increase with prolonged immersion time, while the
corresponding corrosion rate shows a progressive decrease. This
consistent inverse relationship enhances confidence in the reliability
of the electrochemical data.
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Figure 7-28. R, of S13Cr MSS in CO2-saturated formation brine
at 160°C, 180°C and 200°C after various immersion times.
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7.5.Conclusion

This chapter systematically investigated the corrosion behaviour of
S13Cr MSS in CO2-saturated formation water across 160-200°C
through immersion tests coupled with electrochemical monitoring.
The following conclusions are drawn:

1.

The corrosion evolution of S13Cr MSS demonstrated similar
stage transition across the temperature range of 160-200°C, as
validated by both immersion experiments and electrochemical
measurements. Lower temperature significantly prolonging the
duration of each corrosion stage due to reduced reaction kinetics.
However, from a thermodynamic perspective, the corrosion
mechanism remains consistent across the temperature range of
160-200°C. This mechanistic similarity is further evidenced by
the comparable chemical composition of the corrosion products,
which consist primarily of chromium oxides and hydroxides at all
three test temperatures.

Electrochemical techniques, particularly OCP monitoring,

provide superior resolution for identifying stage transitions

compared to immersion tests. Based on OCP evolution, the
corrosion process can be categorized into three distinct stages:

a) Native passive film degradation stage: The main feature of
this stage is the degradation of the native passive film,
characterized by continuous OCP drop, dominated by
diffusion process.

b) Localized preferential corrosion stage: The main feature of
this stage is that obvious local corrosion occurred on the
sample surface, marked by sustained OCP rise. The
corrosion is controlled by both diffusion and charge transfer
during this stage.

c) General corrosion stage: A complete covering corrosion
product film forms on the surface during this stage, identified
by OCP stabilization, and controlled by charge transfer. This
stage can be subdivided into two stages according to the
cross-sectional morphology of the corrosion product film:
single-layer film stage and double-layer film stage. Despite
their structural differences, these two stages exhibited no
significant electrochemical distinction.
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3. The native passive film provided an initial excellent protection,
but its thermodynamic instability at high temperatures led to its
rapid degradation; the subsequent formed corrosion product film,
although able to persist stably, could not match the protective
performance of the native passive film.
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8. Chapter 8 Effect of austenite on the corrosion
behaviour of S13Cr MSS under HTHP downhole

environment

8.1.Introduction

Reversed austenite usually nucleated around the Cr-rich carbides,
which are distributed along the martensite laths boundaries.
Reversed austenite has higher contents of Ni and Mo, but a similar
content of Cr in comparison with the martensitic matrix. The
presence of reversed austenite reduces the extent of Cr depletion
and enhances the stability of passive film, thereby, during the
corrosion process, reversed austenite can improve the pitting
resistance of S13Cr MSS [114]. But Ni-partitioning resulting from
austenite reversion process is reported to led to an increase in the
susceptibility of the alloy to pitting corrosion [111]. At the same time,
austenite, which acts as a ductile strengthening phase in martensitic
stainless steel, can improve the toughness but reduce the strength
of the material. Moreover, austenite as a hydrogen trapping site can
hinder the hydrogen diffusion process, which allows it to increase
the HE resistance of the material [122, 126]. Therefore, the
austenite content in the S13Cr MSS can be adjusted according to
the application environment to achieve the optimal combination of
corrosion resistance, mechanical properties and hydrogen
embrittlement resistance.

However, the above observations were predominantly derived from
S13Cr MSS in its passive state. As a stainless steel, the corrosion
resistance of S13Cr MSS primarily relies on its protective passive
film, and thus it is typically maintained in a passive state under its
primary service conditions. Consequently, it is understandable that
most existing research has focused on the corrosion and fracture
behaviour of S13Cr MSS in this passive condition. In contrast, our
previous findings demonstrate that after the degradation of the
passive film under HTHP downhole environments, the S13Cr MSS
ultimately maintains an active dissolution state, which differs
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significantly from the scenarios explored in the majority of prior
studies.

Our previous observations revealed significant different corrosion
behaviour between austenite particles and martensitic matrix during
the later stage of corrosion process, the martensite substrate
continuously corrosion while the austenite particles remain within
the inner layer of the corrosion product film. The different corrosion
behaviour between austenite particles and the martensitic matrix
suggest possible galvanic corrosion between these two phases.
Increased austenite content may potentially enhance such galvanic
interaction, thereby accelerating corrosion of the martensitic matrix.
Moreover, when the austenite fraction reaches a substantial level, it
remains unclear whether these preserved austenite regions could
form a continuous protective barrier that mitigates further corrosion
of the martensitic matrix.

To address these questions, this chapter systematically investigates
the effect of austenite content on the corrosion behaviour of S13Cr
MSS at 200°C with 5.2 MPa of CO2. The findings aim to provide
corrosion-perspective insights for optimizing the austenite content in
S13Cr MSS materials used under HTHP downhole environments.
Investigation was conducted through systematic experiments with
varying exposure times through immersion test combined with
surface characterization wusing SEM, EDS, and Raman
spectroscopy.

8.2. Preparation of S13Cr MSS with different austenite

content

8.2.1. Microstructure of S13Cr MSS used in previous study

The S13Cr MSS-110 ksi material used in the prior corrosion tests
was manufactured via the processing route illustrated in Figure 8-1.
The raw stock was first hot-rolled to shape, followed by a heat
treatment consisting of solid solution treatment (1020 °C/30 min)
and tempering (620 °C/60 min). The chemical composition of the
used S13Cr MSS previously provided in Table 4-1, which is
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characterized by 0.01% C, 12.6 % Cr, along with 5.1 % Niand 1.6 %
Mo.

Hot-rolling

620°C/60 min

Figure 8-1. Treatment process of S13Cr MSS-110 ksi.

Figure 8-2 presents the XRD pattern of the S13Cr MSS-110 ksi.
Distinct martensitic diffraction peak (a(110)) and austenitic
diffraction peaks (y(111) and y(200)) are evident. The austenite

content was evaluated using the following equation[167]:
_ 1.4-Iy
V' Ig+14l,

(8-1)

Where V, are the volume fraction of reversed austenite, /s and /, are
the integrated intensities of a(110) and y(111) peak, respectively.
The calculated austenite content is 4.13% for the S13Cr MSS-110
ksi used in this study.
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Figure 8-2. XRD pattern of S13Cr MSS.

The microstructure of S13Cr MSS-110 ksi obtained by EBSD are
shown in Figure 8-3, green lines show grain boundary between 15°
and 45° which coincides with most of the original austenite grain
boundaries. The martensite structure is a lath martensite structure
with no significant reversed austenite and inclusion inside.

= 50 pum; Default Map; Step=0.2 pm; Grid891x802

Figure 8-3. Microstructure of S13Cr MSS after heat treatment
with green lines show grain boundary between 15° and 45°.

In order to further understand the organization and structure of the
S13Cr MSS, EBSD was used for orientation and phase analysis.
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Crystallographic orientation results obtained by EBSD as Figure 8-4
indicated that the material has no obvious preferred orientation.
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Figure 8-4. The crystallographic orientation of S13Cr MSS
after heat treatment.

To further understand the distribution of austenite in S13Cr MSS,
SEM was used to investigate the etched sample. As shown in Figure
8-5, reversed austenite finely distributed along the martensitic slat
boundaries and ex-austenitic grain boundaries.

EHT =20.00 kv Signal :
WD = 8.5mm Photo No. = 3687 Time :15:08:02

Figure 8-5. Crystallographic orientation (a) and phase
distribution (b) of S13Cr MSS after heat treatment.
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8.2.2. Heat treatment of S13Cr MSS

Phase diagram calculation was performed for S13Cr MSS based on
the chemical composition of the main elements in used S13Cr MSS
to provide data support for subsequent heat treatment from a
thermodynamic perspective. The calculated phase diagram is
shown is Figure 8-6. Based on the phase diagram, the temperature
range for austenite formation is notably wide. To achieve a
substantial content of reversed austenite, tempering temperatures
above 600°C were selected.
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Figure 8-6. Phase diagram of S13Cr MSS used in this study.

Typically, the microstructure of quenched martensitic stainless steel
consists of supersaturated lath martensite, sometimes containing a
small amount of retained austenite. This martensite is
supersaturated with carbon and alloying elements, exhibits high
internal stress, and remains in a metastable state. When the
quenched martensite is heated to the tempering temperature,
austenite-stabilizing elements (e.g., Ni, Mn, N) diffuse and enrich at
specific locations such as lath boundaries and prior austenite grain
boundaries. Simultaneously, carbon diffuses from the martensite
matrix toward these regions. Once the local chemical composition
and crystal structure meet the thermodynamic conditions (i.e., the
tempering temperature is above the Ms point), martensite (BCC)
transforms in-situ into austenite (FCC) through a combined shear
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and diffusion mechanism, forming reverted
austenite [92, 100, 101, 104].

Upon subsequent cooling to room temperature, when the
temperature drops below the Ms point, a portion of it may transform
back into martensite. The extent of this transformation depends on
the chemical stability of the reverted austenite (higher content of
austenite-stabilizing elements enhances the reverted austenite
stability) and the cooling rate. The more stable the austenite and the
slower the cooling, the less reverted austenite transforms back into
martensite. This transformation occurs via a shear-type
transformation without element diffusion, during the transformation
the chemical composition remains unchanged [92, 100, 101, 104].

The volume fraction of reverted austenite is typically controlled by
adjusting the tempering temperature and holding time. The influence
of tempering temperature on reverted austenite content follows a
non-monotonic trend: it initially increases, reaches a maximum, and
subsequently decreases with further temperature increase,
indicating that higher temperatures do not necessarily produce
higher austenite content. Meanwhile, extending the holding time
promotes the austenite content approach toward thermodynamic
equilibrium at tempering temperature. However, as indicated by the
phase diagram, prolonged holding time also facilitates precipitation
of carbides (M23Cs). Therefore, the holding time should not be too
long either to avoid excessive carbide formation [79, 99].

In order to increase the reversed austenite and obtain martensitic
stainless steel with different austenite content, double tempering
was applied.

The double tempering treatment is commonly employed to achieve
a high volume fraction of reverted austenite. In this procedure, the
first tempering step is conducted at a relatively high temperature to
facilitate substantial formation of reverted austenite at tempering
temperature. During subsequent cooling, part of the reversed
austenite undergoes a shear transformation back to martensite
while retaining its chemical composition. The second tempering step
is then performed at a lower temperature, allowing the martensite
formed during cooling of the first tempering process to revert again
to austenite. Since the elemental diffusion required the formation of
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reversed austenite has already completed during the first tempering
process, the driving force required for reversed austenite formation
is significantly reduced. Consequently, the reversion to austenite
can be accomplished at a lower temperature. Moreover, the lower
tempering temperature makes it easier for the reversed austenite to
be preserved during the following cooling process. Thus, the double
tempering treatment ultimately enables us to achieve a higher
reversed austenite content compared to single tempering treatment.

In this study, two different heat treatment strategies were applied to
obtain reversed austenite:

1. Variable first tempering temperature: The first tempering
temperature was systematically varied while maintaining a fixed
holding time;

2. Variable first tempering duration: The holding time of the first
tempering was adjusted while maintaining a fixed tempering
temperature.

In both strategies, the second tempering parameters were fixed at
620°C for 1 h to ensure consistent secondary phase transformation
process. Prior to tempering treatments, the material was
homogenized at 1020 °C for 30 min to establish a consistent initial
grain structure.

Different heat treatments according to strategy 1 were carried out
according to Table 8-1.

Table 8-1. Austenite contents of S13Cr MSSs with different
first tempering temperatures

Solid solution Tempering 1 Tempering 2 Austenite
Sample No.
-water quench -air cooling -air cooling content vol.%
1 1020°C/30min 635°C/1h 620°C/1h 1.11%
2 1020°C/30min 650°C/1h 620°C/1h 6.93%
3 1020°C/30min 665°C/1h 620°C/1h 10.17%
4 1020°C/30min 680°C/1h 620°C/1h 10.13%

The XRD results for obtained samples are shown in Figure 8-7,
calculated austenite contents according to the XRD results are

provided in Table 8-1. As the first tempering temperature increase
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from 635°C to 650°C, the austenite content shows a significant
increase. But there was no significant change in austenite content
with further increases in the first tempering temperature.
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Figure 8-7. XRD patterns of the S13Cr MSS with different first
tempering temperatures.

The maximum austenite content of 10.17% achieved thus far falls
below the requirement for our subsequent corrosion tests. Therefore,
we employed strategy 2 to obtain materials with different austenite
contents suitable for the planned corrosion experiments. Different
heat treatment steps according to strategy 2 were carried out as
shown in Table 8-2. The XRD results are shown in Figure 8-8,
calculated austenite contents according to the XRD results are
provided in Table 8-2. As the first tempering temperature period
increase from 0 h to 2 h, the austenite content shows a significant
increase from 4.13% to 17.77%.
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Table 8-2. Austenite contents of S13Cr MSSs with different
first tempering holding times

Solid solution Tempering 1 Tempering 2 Austenite
Sample No.
-water quench -air cooling -air cooling content wt%
1 1020°C/30min - 620°C/1h 4.13%
2 1020°C/30min 650°C/1h 620°C/1h 6.93%
3 1020°C/30min 650°C/2h 620°C/1h 17.77%
g ——1020°C/0.5 h-650°C/2 h-620°C/1 h
5 ——1020°C/0.5 h-650°C/1 h-620°C/1 h
0 ——1020°C/0.5 h-620°C/1 h
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Figure 8-8. XRD patterns of the S13Cr MSS with different first
tempering periods.

Consequently, four materials specified in Table 8-3 were selected
for subsequent corrosion test to investigate the influence of
austenite content on the corrosion behaviour of S13Cr MSS in
arduous CO2-containing environment.
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Table 8-3. Austenite contents of S13Cr MSSs used in the
following study

Solid solution Tempering 1 Tempering 2 Austenite
Sample No.
-water quench -air cooling -air cooling content wt%
M 1020°C/30min - - 0%
A1l 1020°C/30min - 620°C/1h 4.13%
A2 1020°C/30min 650°C/1h 620°C/1h 6.93%
A3 1020°C/30min 650°C/2h 620°C/1h 17.77%

8.3.Corrosion behaviour of S13Cr MSSs with different

austenite contents at 200°C

8.3.1. Corrosion behaviour of S13Cr MSS with 0% austenite
content (S13Cr MSS-M) at 200°C

Figure 8-9 provides the typical top-view and cross-section images
of S13Cr MSS-M exposed to COo-saturated formation brine at
200°C with CO2 partial pressure of 5.2 MPa at different immersion
times.

After 5 h of corrosion, as shown in Figure 8-9(a) and (b), densely
distributed speckled corrosion traces appeared on the specimen
surface, primarily distributed along polishing marks introduced
during sample preparation. Cross-sectional analysis revealed no
significant corrosion product film at this stage.

When the exposure time increased to 20 h (Figure 8-9(c) and (d)),
large speckled corrosion areas became \visible. Higher
magnification images show crack, which is believed to result from
dehydration of corrosion product, distributed outside the speckled
zones, indicating that even seemingly uncorroded area was covered
by a thin corrosion product film, suggesting a complete surface
coverage of the corrosion product film had been achieved. The
corresponding cross-section image (Figure 8-9(d)) reveals an
extremely thin (< 0.5 pm) continuous corrosion product film.
Additionally, several approximately semicircular corrosion pits with
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depths up to 2 ym were observed, corresponding to the speckled
regions in the surface morphology. This indicates significant pitting
corrosion at this stage, with a relatively high pit density observed
across the surface.

EDS line scan analysis across the pitting regions (as shown in
Figure 8-10) shows that, compared to the surrounding areas, the
pits contain lower Fe content and higher concentrations of O, Cr, Ni,
and Mo. Simultaneously, CI enrichment was detected within these
pitted regions.

After 48 hours, a uniform corrosion product film had formed on the
specimen surface, with the original polishing marks remaining
visible. This observation, consistent with our previous findings,
indicates inward growth of the corrosion products toward the
substrate. With prolonged exposure, the corrosion product film
continued to thicken, while its composition remained stable: mainly
contain Cr and O, and also contains minor amounts of Fe, Ni, and
Mo. This chemical component is consistent with the corrosion
product formed on S13Cr MSS-A1 under same test conditions as
described in the previous chapter.
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Figure 8-9. Surface and cross-sectional morphologies of

corrosion product film on S13Cr MSS-M under 200°C and

5.2 MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168
hours.
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Figure 8-10. (a) SEM image of selected area used for EDS line

scanning obtained from S13Cr MSS-M exposure to formation

brine under 200°C and 5.2 MPa CO: for 20 hours and (b) EDS
line scanning results of the selected position.

The corrosion process observed here is similar to corrosion
behaviour of S13Cr MSS-A1 described in previous chapters. Both
materials follow a same process: initial degradation of the native
passive film, followed by selective corrosion in localized areas, and
eventual form a fully covered corrosion product film.

However, a distinct difference occurred during the localized
corrosion stage. S13Cr MSS-A1 exhibited irregular corrosion
morphology, while S13Cr MSS-M demonstrated regular circular
pitting morphology.

8.3.2. Corrosion behaviour of S13Cr MSS with 4.1% austenite
content (S13Cr MSS-A1) at 200°C

Figure 8-11 provides the typical top-view and cross-section images
of S13Cr MSS-A1 exposed to COo-saturated formation brine at
200°C with CO2 partial pressure of 5.2 MPa at different immersion
times. As previously described, S13Cr-MSS-A1 and S13Cr-MSS-M
exhibit distinct corrosion morphologies during the non-uniform
corrosion stage. S13Cr-MSS-A1 exhibited irregular corrosion
morphology, while S13Cr MSS-M demonstrated regular circular
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pitting morphology. Meantime, after 5 hours of exposure, the cross-
sectional analysis reveals detectable corrosion products on S13Cr-
MSS-A1 as shown in Figure 8-11(b), but none on S13Cr-MSS-M.
This indicates faster initial degradation of the native passive film on
S13Cr-MSS-A1, leading to more severe corrosion during the early
stage of corrosion. This accelerated initial corrosion on S13Cr-MSS-
A1 is likely attributable to its austenite. The presence of austenite
phase can disrupt the homogeneity of the passive film, creating local
hot points where the native passive film is more susceptible to
breakdown, leading to preferential dissolution at these locations.

Furthermore, in later stage of corrosion, the corrosion product film
formed on S13Cr-MSS-A1 is thicker than that on S13Cr-MSS-M at
equivalent exposure times. This suggests a persistently higher
corrosion rate throughout the exposure for S13Cr-MSS-A1 than
S13Cr-MSS-M, implying that the introduction of small amount of
austenite accelerate the corrosion of S13Cr MSS across all
corrosion stages under HTHP downhole environment.
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Figure 8-11. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS-A1 under 200°C and 5.2
MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.
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8.3.3. Corrosion behaviour of S13Cr MSS with 6.9% austenite
content (S13Cr MSS-A2) at 200°C

The typical top-view and cross-section images of S13Cr MSS-A2
exposed to CO»2-saturated formation brine at 200°C with CO- partial
pressure of 5.2 MPa at different immersion times are shown in
Figure 8-12.

With the austenite content increased to 6.9%, more pronounced
localized corrosion was observed on the specimen surface after 5 h
of exposure and uncorroded austenite particles were clearly visible,
as shown in Figure 8-12(a). Notably, the preferentially corroded
darker regions are predominantly distributed around these
uncorroded austenite particles. Within the martensite laths, lightly
corroded matrix areas (corresponding to the large light regions in
Figure 8-12(a)) were also evident. Cracks induced by dehydration
of the corrosion products, indicated by yellow arrows, confirm the
formation of a continuous corrosion product film on the specimen
surface, which is further supported by the cross-sectional image as
shown in Figure 8-12(b).
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Figure 8-12. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS-A2 under 200°C and 5.2
MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.
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As shown in Figure 8-13, EDS analysis of the S13Cr MSS-A2
specimen surface after 5 h of corrosion reveals that the light-toned
regions exhibit higher Fe content and lower concentrations of O, Cr,
and Mo compared to the darker zones. These results confirm that
preferential corrosion occurred in the dark regions, leading to the
observed higher oxygen content. Meantime, the preferential
dissolution of Fe during corrosion process resulted in lower Fe
content detected in the dark regions.
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Figure 8-13. (a) Surface morphology, (b) EDS point identify
and (c) EDS line scanning results of corrosion product film on
S$13Cr MSS-A2 under 200°C and 5.2 MPa CO: for 5 hours.

During the subsequent corrosion period from 20 to 168 hours
(Figure 8-12(c)-(h)), a corrosion product film with measurable
thickness developed on the specimen surface, with film thickness
increasing progressively with immersion time. Notably, as the
austenite content rose from 4.1% to 6.9%, the corrosion product film
thickness increased correspondingly across all corrosion periods,
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indicating increased corrosion rate in S13Cr MSS with higher
austenite content. Throughout this period, uncorroded austenite
particles were consistently observed within the inner layer of the
corrosion product film.

A distinct light pattern became apparent on the film surface (as
shown in Figure 8-12(c), (e), (g)), though cross-sectional analysis
did not reveal corresponding uncorroded metal particles in the near-
surface region of the corrosion product film. The distribution of this
light pattern coincided with that of the reversed austenite,
suggesting its formation is related to the corrosion behaviour of
reversed austenite. EDS analysis (Figure 8-14) revealed no
substantial compositional differences between light and dark
regions via point analysis, both regions exhibited high oxygen
content exceeding 60%, indicating complete oxidation of metallic
elements. However, line scanning revealed subtle compositional
variations between those two regions: the light region showed
higher Fe, Mo, and Ni content alongside lower O and Cr
concentrations compared to the dark regions. These compositional
differences are likely to be inherited from the compositional
variations between the martensitic matrix and reversed austenite
particles, resulting in a surface pattern after corrosion which mirrors
the reversed austenite distribution.
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Figure 8-14. (a) Surface morphology, (b) EDS point identify
and (c) EDS line scanning results of corrosion product film on
S13Cr MSS-A2 under 200°C and 5.2 MPa CO: for 168 hours.

8.3.4. Corrosion behaviour of S13Cr MSS with 17.8% austenite
content (S13Cr MSS-A3) at 200°C

As the austenite content was further increased to 17.8%, the surface
morphology after different corrosion periods is shown in Figure 8-15.
The corrosion behaviour of S13Cr MSS-A3 is similar to that of
S13Cr MSS-A2 as described before. S13Cr MSS-A3 suffered
significant non-uniform corrosion during 5 h of corrosion, which is
further confirmed by EDS line scanning results in Figure 8-16.
Cross-sectional image reveals uncorroded austenite particles
maintained within the corrosion products at this early corrosion
stage.
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Figure 8-15. Surface and cross-sectional morphologies of
corrosion product film on S13Cr MSS-A3 under 200°C and 5.2
MPa CO: for (a)(b) 5, (c)(d) 20, (e)(f) 48 and (g)(h) 168 hours.
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As corrosion progresses, the corrosion product film thickens
gradually, with uncorroded austenite particles consistently present
in the inner layer. Notably, the corrosion product film is thicker than
that formed on S13Cr MSS-A2 after equivalent exposure durations,
indicating that even at 17.8% austenite content, the austenite phase
fails to form an effective barrier against corrosion progression. On
the contrary, the increased austenite content appears to accelerate
corrosion of the martensitic matrix.

Figure 8-16. (a) Surface morphology, (b) EDS line scanning
results of corrosion product film on S13Cr MSS-A3 under
200°C and 5.2 MPa CO: for 5 hours.

As shown in Figure 8-15(g), a light pattern consistent with the
reversed austenite distribution was also observed on the corrosion
product film surface. Both cross-sectional analysis (Figure 8-15(h))
and corresponding EDS results (Figure 8-17) confirm that this
pattern does not involve uncorroded metal particles. It is therefore
suggested that the pattern likely results from compositional
differences between the martensitic matrix and reversed austenite
particles, which become visually manifested after corrosion,
reproducing the original reversed austenite distribution.
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Figure 8-17. (a) Surface morphology, (b) EDS point identify
and (c) EDS line scanning results of corrosion product scale
on S13Cr MSS-A3 under 200°C and 5.2 MPa CO: for 168 hours.

8.3.5. Comparisons of corrosion behaviour of S13Cr MSS with
various austenite contents at 200°C

To investigate whether variations in austenite content influence the
types of corrosion products formed, the corrosion product films on
S13Cr MSS with different austenite levels after 168 h of exposure in
HTHP downhole environment were analysed. XRD results (Figure
8-18) showed no distinct crystalline peaks related to corrosion
products, but exhibited broad hump peaks near 35° and 63°,
indicating the amorphous nature of the corrosion products.
Therefore, Raman spectroscopy was employed for further phase
identification.
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Figure 8-18. XRD patterns of S13Cr MSS specimens with
various austenite contents exposed at 200°C and 5.2 MPa CO:
for 168 h.

As shown in Figure 8-19, the Raman spectra of corrosion products
formed on S13Cr MSS with varying austenite contents displayed
consistent characteristic peaks at 717 cm-' and 556 cm™, indicating
that the corrosion products are composed mainly of Cr(OH)s and
Cr203, regardless of austenite content. This suggests that changes
in austenite content do not thermodynamically alter the composition
of the corrosion products.
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Figure 8-19. Raman spectra of S13Cr MSS specimens with
various austenite contents exposed at 200°C and 5.2 MPa CO:
for 168 h.

The general corrosion rates of S13Cr MSS with different austenite
contents are compared in Figure 8-20. The introduction of austenite
into S13Cr MSS led to an increase in general corrosion rate. Then
the general corrosion rate continued to rise with following increase
in austenite content. Increasing the austenite content from 0% to
17.8% resulted in a 35% increase in the general corrosion rate of
the S13Cr MSS. This implies that, from a corrosion perspective,
excessive austenite is not advisable for S13Cr MSS used under
HTHP downhole environments.
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Figure 8-20. General corrosion rates of S13Cr MSS specimens
with various austenite contents exposed at 200°C and 5.2 MPa

CO; for 168 h.

8.4.Conclusion

1.

The austenite content in S13Cr MSS can be adjusted by different
tempering treatments. Double tempering treatment can greatly in
the reversed austenite content of the material. The reversed
austenite content can reach 17.77% by double tempering
treatment at 650°C for 2 h and then at 620°C for 1 h.

Austenite plays a critical role in the initial non-uniform corrosion
stage. Increased austenite content accelerates the degradation
of the native passive film and promotes severe localized attack
during early exposure. The regions surrounding reversed
austenite particles are particularly susceptible to preferential
corrosion.

. A substantial increase in general corrosion rate was observed

with increase austenite content in S13Cr MSS. Specifically,
increasing the austenite content from 0% to 17.8% resulted in a
35% increase in general corrosion rate, demonstrating that even
17.8% austenite fails to form an effective barrier against
corrosion progression.
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4. Variations in austenite content did not significantly change the
composition and structure of the corrosion products.
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9. Chapter 9 Overall discussion

9.1.Introduction

The preceding chapters (Chapters 5-8) systematically elucidated
the corrosion evolution behaviour of S13Cr MSS under HTHP
downhole environments. The experimental results primarily
identified the dominant failure mode under this extreme condition,
confirming general corrosion as the principal characteristic. Building
on this foundation, the influence of environmental factors was
investigated. CO- partial pressure was shown to significantly affect
both scaling behaviour and localized attack. By reducing
temperature to decelerate reaction kinetics, the initial corrosion
stage was examined in greater detail, providing deeper insight into
early-stage corrosion mechanism. Finally, based on the observed
corrosion behaviour, a strategy for modulating corrosion rate by
adjusting reversed austenite content was proposed and
experimentally validated. This involved producing S13Cr MSS with
varying reversed austenite contents through different heat
treatments, followed by corrosion testing to evaluate its impact.

This chapter provides a theoretical synthesis and comprehensive
analysis of these findings, offering a detailed interpretation of the
specific corrosion behaviour observed. The discussion is structured
into the following six sections:

1. Identification and comparison of failure modes: Establishing the
primary failure risks under HTHP downhole environments based
on immersion tests and SSRT, and differentiating these from
failure modes reported in conventional environments.

2. Establishment of the corrosion evolution model: Proposing a
"native passive film degradation — non-uniform corrosion —
uniform film formation" three-stage evolution model for S13Cr
MSS based on corrosion product analysis and in-situ
electrochemical measurements.

3. Effect of temperature on corrosion of S13Cr MSS: Verifying the
universality of the proposed corrosion mechanism within the
160-200°C range and analysing the kinetic variations induced by
temperature changes.
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4. Effect of CO2 partial pressure on corrosion of S13Cr MSS:
Discussing the impact of CO. partial pressure on scaling
tendencies and corrosion thermodynamics.

5. Effect of microstructure on corrosion of S13Cr MSS: Discussing
the specific role of reversed austenite throughout the corrosion
evolution process.

6. Implications for engineering applications:  Proposing
optimizations for laboratory assessment strategies and
predicting safety windows for field service based on
experimental observations.

9.2.Failure Mode of S13Cr MSS under HTHP downhole

environment

In the HTHP formation water environment (200°C, 5.2 MPa CO>),
the general corrosion rate of S13Cr MSS reached 1.04 mm/y after
7 days of immersion, while the pitting rate was 0.37 mmly.
Potentiodynamic polarisation results confirmed that S13Cr MSS
exhibits active dissolution in the steady state within this environment,
signifying a complete loss of the passivity typical of stainless steels.
Consequently, conventional evaluation criteria for stainless steels
are inapplicable at this situation. Therefore, the corrosion rates of
S13Cr MSS were qualitatively evaluated referencing the NACE
standard RPO0775-Qualitative Categorization of Carbon Steel
Corrosion Rates for Oil Production Systems [156]. As outlined in
Chapter 5, according to NACE standard SP0775, the general
corrosion rate of S13Cr MSS is classified as severe level among the
four categories (low, moderate, high and severe), while the pitting
rate reaches the high level. Although both indicate high corrosion
activity, the pitting rate was significantly lower than the general
corrosion rate, indicating that uniform corrosion is the dominant
morphology under HTHP downhole environment.

Furthermore, the SSRT test results show that the loss of ductility
(based on ER and RAR) of S13Cr MSS in the HTHP CO32-saturated
formation brine without pre-corrosion was slightly less than 20%
while the loss of ductility with pre-corrosion was slightly higher than
20%. Meanwhile S13Cr MSS did not fracture and no cracks were
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observed after a 15 days FPB constant load test with an applied
stress of 90% of the yield strength. In other words, despite
demonstrating obvious SCC susceptibility in the accelerated
fracture test, the S13Cr MSS remains capable of withstanding the
constant load test without failure.

S13Cr MSS exhibits unsatisfactory general corrosion rate, localized
corrosion rate, and SCC susceptibility in HTHP downhole
environment. Among these, its general corrosion is classified as
severe level, represents the most critical failure mode for this
material during downhole service.

9.2.1. General corrosion behaviour of S13Cr MSS under HTHP
downhole environment

Under the HTHP downhole environment, after rapidly undergoing
the stages of passive film degradation and non-uniform corrosion,
S13Cr MSS finally enters a steady-state general corrosion stage
characterized by the formation of a fully-covered corrosion product
film. Potentiodynamic polarisation results indicate that in the
steady-state corrosion stage, S13Cr MSS was in an active
dissolution state rather than a passive state. Although
pseudo-passivation characteristics appear in the high-potential
region, the extremely high passive current density confirms the
corrosion product film failed to provide excellent corrosion
resistance EIS fitting results further reveal that the corrosion kinetics
at this stage are dominated by the charge transfer resistance (R),
indicating a charge transfer controlled process. The Rc obtained
under HTHP conditions was very low (< 300 Q-cm?), implying
minimal resistance to corrosion and a consequently high corrosion
rate. Under the HTHP downhole environment, the severe general
corrosion exhibited by S13Cr MSS leads to a drastic reduction in the
effective load-bearing cross-section of the downhole tubing, thereby
severely limiting the service life of the tubing.

9.2.2. Localized corrosion behaviour of S13Cr MSS under

HTHP downhole environment

The pitting morphology of S13Cr MSS obtained in HTHP formation

brine can be charactered as typical elliptical shape pits. Generally,
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the propagation of the localized corrosion in stainless steels at the
passive state relies on the "large cathode with small anode"
occluded cell structure.[168] However, S13Cr MSS exhibited active
dissolution state under HTHP conditions, it's relative low charge
transfer resistance implies that the entire metal surface possesses
high electrochemical activity. Since neither the interior nor the
exterior of the elliptical pits is in a passive state, and their geometric
characteristics offer less hindrance to the outward diffusion of intra-
pit species, it is relatively more difficult to form or maintain the
occluded cell.[169] Consequently, the propagation of the elliptical
shape pits formed in HTHP formation water is slower compared to
the narrow-deep, subsurface, or vertical shape pits commonly
observed at the passive state.

Pitting perforation can lead to the loss of control over the wellbore
pressure system and the leakage of completion fluid from the tubing-
casing annulus into the tubing, thereby exacerbating the service
environment of the tubing. It is noteworthy that as corrosion
proceeds, as the pitting depth of S13Cr MSS increased, the
radius/depth ratio decreased, the pits become steeper during
development. This results in an increasing degree of stress
concentration at the pit location as corrosion progress, leading to a
degradation in both the static strength and fatigue strength of the
tubing.

9.2.3. SCC behaviour of S13Cr MSS under HTHP downhole
environment

Based on previous experimental observations, the failure of S13Cr
MSS in HTHP formation brine experienced a
"pitting-crack initiation-fracture" process. Cracks originate from the
bottom of pits and exhibits typical quasi-cleavage characteristics
during the initial propagation stage, followed by a rapid transition to
ductile dimple rupture. The stress-strain curves indicate that the
introduction of the corrosive environment did not significantly alter
the elastic deformation stage and the work-hardening stage of
S13Cr MSS, the ultimate tensile strength (UTS) did not show a
significant decline either. However, the necking stage was
significantly shortened. This suggests that the bulk properties of the
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S13Cr MSS remain intact, but the stress concentration induced by
pitting accelerates the necking process.

The initial quasi-cleavage features imply the presence of local
embrittlement. This phenomenon can be generally attributed to
either hydrogen embrittlement caused by a rapid cathodic hydrogen
evolution reaction, or SCC induced by anodic dissolution under
HTHP condition. The former hydrogen embrittlement mechanism
could be attributed to the fast cathodic hydrogen evolution reaction
at elevated temperature as the cathodic reaction on the metal
surface is confirmed to be hydrogen evolution reaction by the
Pourbaix diagram calculated in Section 9.4. Given that S13Cr MSS
is in an active dissolution state without protection from a dense
passive film, hydrogen atoms generated through the cathodic
reaction can more easily permeate into the metal matrix, thereby
inducing quasi-crack propagation. As for the latter anodic dissolution
induced SCC mechanism, under the test condition of this study, the
high local stress at pit sites leads to a high anodic dissolution
rate [170], ultimately resulting in cleavage fracture via the slip-
dissolution mechanism. In the present work, crack initiation is
typically observed at pits. Under applied stress, due to stress
concentration at pits, pits act as anode compare to the surrounding
matrix and predominantly undergoes anodic dissolution rather than
the cathodic reaction. Therefore, the quasi-cleavage fracture
behaviour observed in the SSRT tests in this study is considered to
be dominated by the anodic dissolution mechanism. A study
conducted under a similar condition (180°C, CO2-saturated
formation brine) by Qi et al. [151] also confirmed this through SSRT
tests with applied cathodic and anodic polarization on 13Cr MSS,
confirming that the SCC mechanism in a HTHP CO2-saturated
formation brine is dominated by the anodic process.

SSRT results obtained after 7 days of pre-corrosion indicate that the
losses in ER and RAR for S13Cr MSS exceeded 20%. The fracture
features observed in the SSRT after 7 days pre-corrosion were
consistent with those of non-pre-corroded specimens, indicating
that the fracture mechanism did not undergo a fundamental change
due to pre-corrosion. The elastic deformation and work-hardening
stages of the stress-strain curves showed no obvious changes after
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pre-corrosion, but the UTS decreased by approximately 10 MPa.
The primary impact of pre-corrosion was the significant
advancement and shortening of the necking stage. This can be
attributed to the steeper of the pit geometry as corrosion progressed
which increased the degree of stress concentration at the pit sites,
resulting in a significant decline in macroscopic ductility.

Our experimental results demonstrate that while the bulk
mechanical properties (e.g., yield strength, ultimate tensile strength)
of S13Cr MSS did not show obvious degradation under the HTHP
downhole environment, the material's damage tolerance and plastic
reserve had significantly deteriorated. Consequently, the impact
resistance, dynamic load-bearing capacity, and fatigue life of the
S13Cr MSS tubing during service may be significantly compromised.

9.3. Three-stage corrosion evolution mechanism of

S13Cr MSS under HTHP downhole environments

In this subsection, based on the analysis of the composition and
morphology of the corrosion product films on the corroded
specimens described in the preceding chapters, combined with in-
situ electrochemical monitoring (OCP, EIS, Potentiodynamic
polarisation), typical corrosion process model for S13Cr MSS in the
HTHP formation brine was established. The model divides the
corrosion process into three consecutive but distinguishable stages,
including: (1) Degradation of the native passive film; (I1I) Non-uniform
corrosion; and (1) Uniform corrosion. The schematic diagram of this
process is shown in Figure 9-1.
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Figure 9-1. The schematic diagram for the typical corrosion
process of S13Cr MSS under HTHP downhole environments.

In subsequent discussions, this model will be extended to analyse
the effects of temperature, CO. partial pressure, and variations in
reversed austenite content on the corrosion behaviour of S13Cr
MSS in HTHP downhole environments.

9.3.1. Stage |: Degradation of native passive film

In the initial stage of corrosion, degradation of the native passive
film occurs, which involves the thermodynamic instability and
selective dissolution of iron oxides within the native film, as well as
the growth of chromium oxide. During this stage, the surface
morphological changes on the material surface are not significant,
making it difficult to observe variations based on surface
morphology alone; however, the electrochemical response in this
stage exhibits distinct characteristics.

The OCP of S13Cr MSS drops rapidly during this stage. The
potentiodynamic polarisation curve displays no active dissolution

peak, transitioning directly into the passive region with the positive
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shift of potential. This indicates that during this stage, the degrading
native passive film still provides a relatively good protection. The
Nyquist curves exhibit a high-frequency capacitive semi-circle,
which is believed to be associated with the impedance of corrosion
products, and a low-frequency finite diffusional tail. During this stage,
the corrosion resistance mainly comes from Warburg resistance
(Ws-R), and the corrosion process is controlled by diffusion process.

The composition of the native passive film formed on stainless steel
in air at room temperature consists of Fe oxides, Cr oxides, and
Fe-Cr oxides [171]. According to the calculated Pourbaix diagram
for the HTHP downhole environment (as shown in Figure 9-2), Fe
oxides are unstable in this environment, thus the Fe oxides in the
native passive film tend to undergo dissolution after immersed in
HTHP formation brine.

Feuema Cro 11bd§CU :;ll,'be{s)

pH

Figure 9-2. Pourbaix diagram for S13Cr MSS at 200°C and 5.2
MPa bar CO..

Concurrently, according to the Pourbaix diagram, Cr20s3 is
thermodynamically stable in this environment. In the Raman spectra
results for Stage |, it was observed that as the corrosion time
increased, a Cr.03 peak appeared in the Raman spectra and the
intensity of the Cr203 peak increased slightly with the progression of
corrosion during this stage. This suggests that the growth of
corrosion product Cr203 occurred during this stage through the
following anodic electrochemical reaction:

2Cr + 3H20 = Cr,03+ 6H* + 6e” (9-1)

225



In summary, Stage |, the degradation of the native passive film, is a
process where the thermodynamic instability and selective
dissolution of Fe oxides proceed synchronously with the growth of
Cr oxide. During this process, the native passive film is still able to
provide a certain degree of protection.

9.3.2. Stage IlI: Non-uniform corrosion

As the failure of the native passive film intensifies and it loses its
original protective capability, corrosion process enters Stage I,
where localized corrosion occurs on the specimen surface. This
stage can be clearly identified from the significant localized
corrosion morphology. During this stage, localized corrosion
preferentially occurs at the martensite matrix surrounding the
reversed austenite (this phenomenon is particularly significant in
Chapter 8). This phenomenon is related to the micro-galvanic
couple formed between the austenite and martensite. Numerous
studies have shown that the reversed austenite and the martensite
matrix in martensitic stainless steels possess different corrosion
potentials [109, 112, 119, 132, 172]. Typically, reversed austenite
has a more positive potential, acting as the cathode, while the
martensite matrix has a more negative potential, acting as the anode,
thus forming a corrosion micro-galvanic couple [132, 172]. Under
these circumstances, the corrosion rate of the anodic part near the
interface of two phases is the fastest [173], resulting in a
macroscopically localized corrosion morphology around reversed
austenite.

According to the Raman spectra results, the composition of the
surface film transforms from Cr20Os in Stage | to Cr.03 and Cr(OH)s
in Stage Il. Based on the previously calculated Pourbaix diagram for
solid (as shown in Figure 9-2) and the Pourbaix diagram for aqueous
under HTHP downhole environment (as shown in Figure 9-3), Cr203
and Cr(OH)s; are stable corrosion products at the test condition.
Cr(OH)s can be deposited to form as the amorphous during a
precipitation process in the aqueous phase [16]:

Cr¥* + 3H20 = Cr(OH)s + 3H* (9-2)
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Figure 9-3. Pourbaix diagram for aqueous at 200°C and 5.2
MPa bar CO..

The precipitation of Cr(OH)3 is driving by supersaturation, which is
controlled by the concentrations of the aqueous species at the
material/solution interface. As the native passive film loses its
protectiveness, the corrosion of the metal matrix led to the
accumulation of Cr3* near the metal surface, and Cr(OH)s began to
deposit when it reached a certain supersaturation level.

The electrochemical response at this stage shows significant
differences from that in stage |I. OCP begins to rise at Stage |l after
reaching a trough at Stage |. The potentiodynamic polarisation curve
begins to show an active dissolution peak at this stage, indicating
that the specimen has essentially lost the protection of the native
passive film and the matrix begin to suffer active dissolution. EIS at
this stage exhibits a high-frequency capacitive semi-circle, a low-
frequency finite diffusional tail, and a mid-frequency capacitive arc
which is believed to be associated with the charge transfer process.
The corrosion process in this stage is dominated by both Ws-R and
Ret, indicating the corrosion process is under mixed control of
diffusion and charge transfer.

9.3.3. Stage llI: Uniform corrosion

At the final stage, uniform corrosion occurs on the specimen surface,

characterized by the formation of a completely covered corrosion

product film. The OCP transitions from the rapid increase at Stage

Il to a slow increase or gradual stabilization at Stage Ill. The anodic

branch of the potentiodynamic polarisation curve exhibits an active
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dissolution peak, implying the poor protective capability of the
corrosion product film. The diffusion tail in the EIS Nyquist plots
disappears, the corrosion process is controlled by charge transfer.
The disappearance of the diffusion tail suggests that the inhibitory
effect of the corrosion product film on diffusion is significantly
weaker than that of the native passive film.

This stage can be further divided into two sub-stages based on the
morphological characteristics of corrosion product film. The first
involves the formation of a uniform corrosion product film without
obvious uncorroded austenite particles within the film. As corrosion
progresses further, an inner corrosion product layer containing
uncorroded austenite appears on the inner side of the film. However,
since there is no significant difference in the electrochemical
response between these two sub-stages, the corrosion mechanism
is considered to be identical. Consequently, these two sub-stages
are classified into the same corrosion stage.

At this stage, Raman spectra results of the product film reveals that
the primary change is the significant enhancement and dominance
of the Cr(OH)s peak, indicating that the composition of the corrosion
product film has shifted from being Cr.Oz-dominated in Stage | to
Cr(OH)s-dominated. It is important to highlight that, based on the
uncorroded austenite retained within the corrosion product film and
the machining scratches consistently preserved on the specimen
surface, it can be inferred that the growth direction of the corrosion
products is from the metal/film interface inward toward the metal
matrix. The poor protective capability of the corrosion product film
implies that it is porous. Since the precipitated film is loose and
porous, and the diffusion coefficient of ions in the liquid phase within
the micropores is extremely high at high temperature, the corrosion
product film no longer acts as an effective diffusion barrier, leading
to the disappearance of diffusion characteristics in the EIS. At this
stage, the corrosive medium diffuse through the micropores within
the porous corrosion product film to the metal/film interface, causing
active dissolution of the metal matrix and the release of metal
cations. Near the metal/film interface, the concentration of Cr®* rises
rapidly; local accumulation causes the ionic product to exceed the

228



solubility product of Cr(OH)s, leading to the precipitation of Cr3* in
the form of Cr(OH)s.

9.4. Temperature dependence of the corrosion process

9.4.1. Verification of thermodynamic consistency at different
temperatures

According to the observation provide in Chapter 7, in the
temperature range of 160°C to 200°C, the evolution of corrosion
product film morphology and composition shows high similarity. Also,
the electrochemical response characteristics are similar in all
corrosion stages at these three temperatures. Those evidences
imply the consistency of the thermodynamic mechanisms in each
stage.

Figure 9-4 provides the Pourbaix diagrams calculated at the three
test temperatures. It can be seen that at each temperature, although
the increase in temperature changes the potential and pH values,
the stable corrosion product composition is consistent at all three
temperatures. S13Cr MSS remains in the same thermodynamic
stability region of Cr20a3.
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Figure 9-4. Pourbaix diagram for S13Cr MSS at (a) 160°C, (b)
180°C and (c) 200°C.

The Pourbaix diagram provided indicates that Cr20s is the stable
product formed via solid-state reaction. At the same time, in the
aqueous phase within the micropores of the corrosion product film
near the film/metal interface, when the concentration of Cr®*
accumulates to a certain level, Cr(OH)s can be deposited to form via
precipitation.
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This thermodynamic consistency confirms the universality of the
corrosion mechanism in the range of 160-200°C. The effect of
temperature is not to change the corrosion mechanism, but to affect
the corrosion kinetics. The increase in temperature accelerates the
corrosion kinetic process, leading to the acceleration of all corrosion
stages. This means we are justified in using a more detailed initial
corrosion process observed at low temperature (160°C) to analyse
the transient details missing at high temperature due to the
excessively fast corrosion process. Also, we can refer the steady-
state corrosion process observed at 200°C to predict the evolution
of corrosion process at 160°C.

9.4.2. Temperature dependent native passive film degradation
process

At all three test temperatures, we observed the complete first stage
through in-situ electrochemical tests, and the time consumed in this
stage decreased with increasing temperature. This change can be
attributed to the following three reasons:

1) First, according to the previously provided Pourbaix diagrams at
three temperatures, iron oxides are thermodynamically unstable
at these three temperatures. Therefore, the first stage involves
the selective dissolution of Fe oxides at all three temperatures.
Increasing temperature intensifies the thermal vibration
amplitude of ions within the oxide lattice, lowering the activation
energy required for metal cations (Fe?* and Fe®*) to overcome
the lattice binding energy and enter the solution, thereby
accelerating the degradation of the native passive film [174].

2) Second, high temperature promotes the dissolution and
hydrolysis of CO>, leading to an increase in H* concentration in
formation brine. According to the oxide dissolution mechanism
below [175, 176], the reaction rate is positively correlated with
the H* concentration:

Fe,Os+ BH* = 2Fe® + 3H,0 (9-3)
FesOs+ 8H* = Fe?* + 2Fe® + 4H,0 (9-4)

The higher the temperature, the higher the solution H*
concentration, and the faster the iron oxides dissolution rate.
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Therefore, high temperature not only provides thermal activation
energy but also further accelerates film degradation by changing
the interface chemical environment.

3) Thirdly, according to reports, there is a significant difference in
thermal expansion coefficients (a) between the native passive
film and the stainless steel matrix (amerar > afitm) [177]. During
the process of rising from room temperature to the downhole
temperature, the matrix expands more than the native passive
film. This causes the passive film to bear biaxial tensile stress,
which induces the initiation of micro-cracks and the growth of
point defect density, thereby accelerating the degradation of the
passive film. The higher the temperature, the greater the tensile
stress on the native passive film, and the stronger the effect in
promoting its degradation.

Define the time required for the OCP corresponding to the first stage
to drop from the initial value to the lowest point as t; (i.e., the first
stage duration). The In(t;) vs. 1/Temp curve is plotted as shown in
the Figure 9-5. It can be seen that the experimental points fit the
linear relationship well, which follows the Arrhenius relationship.

The following form of the Arrhenius equation with respect to time is
used to fit the experimental points:

1, E
t, 'exp< RT) (9-5)

where A is a pre-exponential factor, E is the activation energy
required for the degradation of the native passive film, R is the molar
gas constant.
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Figure 9-5. In(t;) vs. 1/Temp curve of S13Cr MSS under HTHP
downhole environments.

Based on the Arrhenius equation fitting, the activation energy E for
the degradation of the native passive film was calculated to be
167.72 kJ/mol. This energy magnitude usually corresponds to the
energy required for chemical bond breaking (>100 kd/mol).

The linear relationship between In(t;) vs. 1/T indicates that the
degradation mechanism of the native passive film is stable under
HTHP downhole environments within the temperature range of 160
to 200°C. Also, this implies that the time required for the degradation
of the native passive film at other temperatures can be predicted by
the Arrhenius equation. In addition, the high activation energy
implies a significant energy barrier for the degradation of the passive
film.

9.4.3. Confirmation of medium transport mode in corrosion
product films at different temperatures

According to the EDS results of the corrosion product films obtained

at three temperatures, Fe hardly participates in the film formation.

The corrosion product film consists mainly of Cr(OH)s mixed with

Cr20s3. Here, we calculate the Pilling-Bedworth Ratio (PBR) of the

Cr(OH)s/Cr20s3 film relative to the matrix using the following equation
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(assuming that all Fe undergoes selective dissolution and all Cr
participates in forming the corrosion product film):

Mgitm
PBR = film — nlll)fllm _ Jer film * Pmetal (9-6)
Vmetal metal n- MCr . pfilm
Pritm

where V., is the volume of the generated corrosion product, V¢4
is the volume of the consumed S13Cr MSS metal, m¢;;,,, is the mass
of the generated corrosion product, m,,.;,; is the mass of the
consumed S13Cr MSS metal; Mg, is the molar mass of the
generated corrosion product (where the molar mass of Cr20s is
152.00 g/mol and Cr(OH)s3 is 103.03 g/mol); M, is the molar mass
of Cr (52.00 g/mol); psum is the density of the generated corrosion
product (where the density of Cr203 is 5.22 g/cm?® and Cr(OH)s is
2.90 g/cm®); p merqr IS the density of S13Cr metal (7.75 g/cm?); we,
is the mass fraction of Cr in S13Cr MSS (13%); n is the number of
metal atoms contained in one corrosion product molecule (where
n = 2 for Cro03 and n = 1 for Cr(OH)3).

The PBR is defined as the ratio of the volume of corrosion product
to the volume of metal consumed. When PBR < 1, the film volume
less that consumed metal volume, the corrosion product film
provides poor protection; when 1 < PBR < 2.5, the volume of the
generated product is slightly larger than the volume of consumed
metal, the corrosion product film provides excellent protection; when
PBR > 2.5, the film volume >> consumed metal volume, the
corrosion product film is prone to peeling, blistering, or spalling,
thereby failing to provide adequate protection.

The calculated PBR for Cr203 is 0.28, and the PBR for Cr(OH)3 is
0.69. Therefore, even if all Cr participates in forming the corrosion
product film, the PBR of the Cr(OH)a/ Cr20s3 film is significantly less
than 1. The generated corrosion product is insufficient to
compensate for the volume loss caused by the massive dissolution
of Fe. Therefore, the corrosion product film inevitably forms pores,
the corrosive medium can propagate through the liquid phase within
the microscopic pores of the loose and porous corrosion product film.

Figure 9-6 compares the cyclic potentiodynamic polarisation curves
of S13Cr MSS at different temperatures. The curves obtained at
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160°C, 180°C, and 200°C all exhibit a stable current density region,
referred to as pseudo-passive region, as the potential increases in
the noble direction during the anodic scan. This behaviour is
attributed to the mass transfer barrier effect provided by the
corrosion product film.

200

——160°C
100 - —180°C
—— 200°C

E (MV g4e)

0.1

Figure 9-6. Cyclic potentiodynamic polarisation curves of
S13Cr MSS at 160°C, 180°C and 200°C.

The activation energy of the corrosion scale growth in the pseudo-
passive region can be obtained according to the Arrhenius plot:

I, = A -exp (— %) (9-7)

where A is a pre-exponential factor, E is the activation energy, R is
the molar gas constant, and lp is the passive current density.

In this study, the activation energy value for the corrosion scale
growth on S13Cr MSS in CO:2-saturated formation brine in the
pseudo-passive region is 36.89 kdJ/mol, as shown in Figure 9-7. This
value falls within the activation energy region for liquid phase
diffusion (the activation energy for liquid phase diffusion generally
lies below a value of 41.84 kJ/mol according to the report issued by
Robertson [40]).
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Figure 9-7. Arrhenius plot of the passive current density
obtained from the potential dynamic polarisation curves of
S13Cr MSS immersed in CO2-saturated formation brine.

This further confirms that the corrosion product film generated in the
third stage of corrosion in the HTHP formation brine environment is
a loose and porous film, and the corrosive medium propagates
through the liquid phase within the micropores. Also, the diffusion
coefficient (D) of ions in the liquid phase is extremely high, leading
to a very rapid diffusion process. Therefore, after the corrosion
product film forms, material diffusion is no longer the bottleneck of
the reaction, and the diffusion feature in the Nyquist plots of EIS
disappears.

9.5. Effect of CO: partial pressure on precipitation and

corrosion behaviour

Based on the observations in Chapter 6, the change in CO: partial
pressure altered the chemical equilibrium of the HTHP formation
brine. This significantly affected the thermodynamic tendency of
mineral scaling and the types of thermodynamically stable corrosion
products. As shown in the schematic diagram in Figure 9-8, dual-
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phase carbonate precipitates formed at 0.27 MPa of CO: partial
pressure, and Fe-containing spinel appeared in the corrosion
products.

—— Orrigin passive film ' Uncorroded austenite
Cr,0, [0 Cr,04/Cr(OH); + spinel
Bl Cr,0,/Cr(OH); W Calcite+Anhydrite
[0 Substrate Aragonite
Initial surface Initial surface
Before
corrosion
' Initial surface - Initial surface
Stage |
. ' Initial surface ' Initial surface
' Initial surface ' Initial surface
Initial surface ' Initial surface
0.27 MPa 5.2 MPa

Figure 9-8. The schematic diagram for corrosion process of
S13Cr MSS at 200°C and various CO: partial pressure.

The change in CO:2 partial pressure also significantly altered the
surface morphology of localized corrosion in the second stage, as
shown in Figure 9-9. At the low CO: partial pressure of 0.27 MPa,
localized corrosion preferentially occurred at the scratches
produced during specimen preparation. However, at the high CO>
partial pressure of 5.2 MPa, localized corrosion preferentially
occurred at the martensite matrix surrounding the reversed
austenite. The detail will be discussed in the following sections.
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Figure 9-9. The schematic diagram for Stage Il of corrosion
process of S13Cr MSS at 200°C and various CO: partial
pressure from the top view.

In addition, the change in CO: partial pressure altered the corrosion
behaviour of the austenite in the Stage Il of the corrosion process,
as shown in Figure 9-8. At the low CO. partial pressure of 0.27 MPa,
the corrosion product film contained uncorroded austenite particles,
and the product film did not appear stratified during 7 days of
immersion. However, at the high CO> partial pressure of 5.2 MPa,
based on its typical morphological characteristics, the Stage Ill can
be further subdivided into two sub-stages. First, a uniform corrosion
product film without uncorroded austenite particles formed. As
corrosion progressed further, an inner corrosion product layer
containing uncorroded austenite particles appeared on the inner
side of the corrosion product film. These differences in corrosion and
scaling behaviour caused by the change in CO:> partial pressure will
be discussed in the following sections.

9.5.1. Deposition of precipitates at different CO: partial
pressure

Based on the experimental observations in Chapter 6, no obvious
precipitates (such as carbonates) were observed on the specimen
surface under high CO: partial pressure, whereas two types of
carbonates deposited under low CO: partial pressure. Under low
CO2 partial pressure, XRD results showed that the CaSOs
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(anhydrite) signal was distinct during the initial stage of precipitation.
Then, as precipitation continued, the carbonate signal gradually
emerged. Localized Raman analysis of the cube-shaped
precipitates from the early stage revealed signals from both sulfate
and carbonate (calcite). Also, EDS composition confirmed that the
cube-shaped precipitates contained S, and the cations were
predominantly Ca, containing trace amounts of Mg and Fe. These
results collectively indicate that calcite (CaCOs) and anhydrite
(CaSO0a4) co-precipitate as a mixture rather than a solid solution to
form the cube-shaped precipitate. The large and flat crystal was
confirmed to be aragonite based on localized Raman analysis
results. Also, the presence of aragonite was verified by XRD results.
EDS showed that its cation was Ca, without other impurity ions such
as Fe and Mg.

9.5.1.1. Deposition trends of precipitates at different CO:
partial pressure

As illustrated before, one of the most significant differences in
corrosion behaviour between 0.27 and 5.2 MPa pco, is the
precipitation behaviour of the precipitates. CaSO4 (anhydrite) and

CaCO:s (calcite and aragonite) deposited on sample surface as an
outer corrosion scale at 0.27 MPa p;,, while no precipitates

deposited at 5.2 MPa pc, .

In aqueous environments containing CO, COz is dissolved in brine
to form H.COs, H2COs is further decomposed to generate HCOs,
CO3% and H*. The sequence of equilibrium reactions that are
associated with the presence of CO2 in H20 are as follows [21]:

C0z(g) = CO2(aq) (9-8)
COyaqy + Hy0 = HyCOs (9-9)
H,CO3 — HCO3™ + H* (9-10)

HCO;™ - O3~ + H* (9-11)

In this study, with the increase of CO- partial pressure, reaction 9-8,
9-9 and 9-10 drived to the right, the concentration of H.CO3, HCOs
and H" in brine increased. The simulated formation brine used in this
study contains buffer HCO3™ before the injection of CO2, the amount
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of HCOs" introduced by buffer was several orders of magnitude
higher than the amount of HCOs™ generated by the injection of CO2
through reaction 9-10, in this case, the concentration of HCO3™ can
be regard as a constant. Hence, reaction 9-11 drived to the left as
the concentration of H* increased according to reaction 9-10,
resulting a decrease in the concentration of CO3?".

The solubility of anhydrite intend to increase with decreasing
pH [178], thus, CaSO4 (anhydrite) is easier to deposit at 0.27 MPa
Pco, than at 5.2 MPa p(,,. As for CaCOs, the concentration of COs*
in tested formation brine increased with decreasing CO2 partial

pressure as discussed previously, resulting in a higher
supersaturation of CaCQOs (SR¢4¢0,) as the following equation:

[Ca**][CO357]
SRcaco, = ——— (9-12)
sp

Where Ksp represents the solubility product associated with CaCO3
which only determined by temperature and ionic strength, [Ca?*] and
[COs%] are the concentration of Ca?" and COs%, respectively.

Meanwhile, a higher pH promotes the deposition of CaCOs [179], a
lower SRcqco, is required for the nucleation of CaCOs. Hence,

compared to the condition of 5.2 MPa pc,, 0.27 MPa p.,, provide

a higher solution pH, higher concentrations of CO3? result in an
easier precipitation of significant amount of precipitates.

9.5.1.2.  Evolution of precipitates at P,, of 0.27 MPa

Carbonates and sulphates containing Ca?* and Mg?* ions are the
most common precipitates in oil and gas applications which usually
generate by the dissolution of rock and precipitate in an appropriate
condition [180, 181]. Besides, FeCOg, as a corrosion product, is also
a common precipitate during oil and gas extraction and
transportation [182]. Those precipitates tend to deposit when
concentration of ions in solution exceeds the solubility limit (solubility
product, Ksp) of the precipitates, significantly depending on their
supersaturation (SR) degrees in brine, temperature, brine pH,
impurity ions and etc.

At 200°C, the Ksp of calcite is 5.11x1072, while that of aragonite is
5.93x107'2[183]. Under the same conditions, the supersaturation of
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calcite is higher than that of aragonite. Therefore, in an ideal state,
the nucleation and growth rate of calcite should be greater than that
of aragonite.

It was reported by Ghazal [178,184] and Kangbi [185] that anhydrite
is the most stable phase of CaSO4 at 200°C among anhydrite,
gypsum and hemihydrate. And anhydrite has been observed to be
the only precipitation form of CaSOs at 200°C after sufficient
reaction time.[186] In the meantime, calcite is reported to be able to
co-precipitate with anhydrite via an epitactic relationship (i.e.,
(104)cal/(200)ann) [186, 187]. This phenomenon was confirmed
during the immersion test under 200°C and 0.27 MPa CO2, a large
number of cubic with multiple steps at the boundary/surface co-
precipitated/nucleated within the first 20 h, and localized Raman
spectra confirmed the mixture of calcite and anhydrite within a single
cubic.

The lattice matching between calcite and the anhydrite at specific
crystal planes (i.e., (104)ca//(200)ann) has been claimed to promote
a strong adhesion between both phases and reduce the energy
required in heterogeneous nucleation of calcite and anhydrite on
each other with a specific orientation relationship [187]. Therefore,
the nucleation of calcite and the anhydrite will be accelerated
thermodynamically and kinetically [188]. As a result, in the HTHP
underground environment, the nucleation rate of calcite during the
initial stage of precipitation is higher than aragonite.

The Fe?* concentration raised rapidly as corrosion proceeded. But
the introduction of high concentration Ca?* ions significantly reduced
and delayed the precipitation of FeCO3, CaCOs precipitation was
favoured in this situation [189-192]. Meanwhile, Mg?* and Fe?* ions
can easily co-precipitate with Ca?* ions to form a Mg?* and Fe?* ions
containing calcite as magnesite (MgCO:s), siderite (FeCO3), and
calcite (CaCO3) share the same crystal structure [193-195]. This
was confirmed by EDS as provided before.

It was reported that the impurity ions effect the growth rate of CaCO3

by either blocking propagation of the kink (kink blocking), or straining

the local crystal lattice, and hence increasing the mineral solubility if

the impurity ions incorporated into the growing mineral

(incorporation inhibition) [196]. Compared to calcite, aragonite is
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less inclusive of impurities than calcite [197]. This is confirmed by
EDS results as shown before, the cations of aragonite are almost
free of impurity ions such as Mg?* ions and Fe?* ions. Thus, the
growth of aragonite is inhibited by kink blocking while that of calcite
is inhibited by both kink blocking and incorporation inhibition,
resulting in a faster growth rate of aragonite compare to calcite,
ultimately leading to a larger size of aragonite.

9.5.2. Evolution of the corrosion products at different CO:
partial pressure

Figure 9-10 compares the Raman spectra of corrosion products
formed at 200°C under 0.27 MPa and 5.2 MPa CO: conditions.
Under the high CO2 partial pressure (5.2 MPa), the main
characteristic peak of the corrosion products is located at 717 cm,
which corresponds to Cr(OH)s. However, when the partial pressure
decreases to 0.27 MPa, this characteristic peak shifts to 711 cm™.
This shift implies a change in the composition of the corrosion
products. In HTHP environments, this change is usually associated
with the formation of spinel (FeCr.04) [140]. EDS point analysis
results show that under high CO- partial pressure, the corrosion
product contains only a small amount of Fe, and the cations are
predominantly Cr. However, under low CO2 partial pressure,
significant Fe content was detected in the corrosion products, and
the Fe/Cr atomic ratio is close to 1:2. This agrees well with the
chemical stoichiometry of FeCr.04. TEM selected area electron
diffraction patterns finally confirmed that the corrosion products
formed under low CO2 partial pressure consist of spinel (FeCr204)
and Cr(OH)s.
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Figure 9-10. Raman spectroscopy of S13Cr MSS specimen
exposed at 200°C and 0.27/5.2 MPa CO:..

Based on the solution chemistry parameters, Pourbaix diagrams
under different CO- partial pressures were constructed as shown in
the Figure 9-11. The comparison results clearly explain the change
in corrosion product composition. At low CO: partial pressure, due
to the expansion of the FeCr.04 stability region and the increase in
solution pH, the stable corrosion products are identified as FeCr.04
and Cr203. However, at high CO: partial pressure, the
thermodynamically stable products are Cr.Os, and there are no
thermodynamically stable Fe products. This explains the change in
corrosion product composition caused by the variation in CO2 partial
pressure from a thermodynamic perspective. In addition to the solid-
state reaction products provide by the Pourbaix diagram, Cr(OH)z is
also formed via a dissolution-precipitation mechanism.
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Figure 9-11. Pourbaix diagram for S13Cr MSS at 200°C with (a)
0.27 and (b) 5.2 MPa of CO:..

It is generally believed that, compared to the loose and porous
Cr(OH)s-dominated corrosion product film at high pressure, the
FeCr204-rich corrosion product film formed at low CO: partial
pressure possesses superior compactness and barrier properties,
thereby providing a better physical shielding effect [140]. At the
same time, the decrease in CO: partial pressure leads to a
significant reduction in the H* concentration in the solution, which
kinetically inhibits the rate of the cathodic hydrogen evolution
reaction. The combined effect of the improved film barrier properties
and the reduced electrochemical reaction activity results in a lower
corrosion rate for S13Cr MSS in the low-pressure environment.

9.5.3. Effect of CO; partial pressure on the localized preferential

corrosion during the Stage Il of corrosion process

In the stage Il of corrosion process of S13Cr MSS under HTHP

downhole environments, localized corrosion occurs on the S13Cr
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MSS surface. According to experimental observations, as the CO:
partial pressure rises from 0.27 MPa to 5.2 MPa, the location of
localized corrosion shifted from the scratches produced during
specimen preparation to the martensite matrix surrounding the
reversed austenite, as shown in Figure 9-9.

In the low CO:2 partial pressure environment, the corrosivity of the
bulk solution is relatively weak. A semi-enclosed occluded region
forms inside the scratch. Mass transfer inside the scratch is
restricted to a certain extent, which causes the local pH increase
due to the consumption of H* ions by the cathodic reaction and local
accumulation of CI" ions inside the scratch [198-201]. A macro-cell
is then established: the anode inside the scratch vs. the cathode on
the flat area outside the scratch. This process is similar to that of
crevice corrosion and accelerates the corrosion at inside the scratch.
When this morphology induced galvanic effect is greater than the
galvanic effect formed between martensite matrix and reversed
austenite, the local acidification inside the scratch dominates the
occurrence of localized corrosion under low CO: partial pressure,
forming a preferential corrosion zone distributed along the scratches.

However, in the high CO2 partial pressure environment, the pH value
of the bulk solution is lower, and the corrosivity of the bulk solution
is stronger. This severe macro-environment leads to a change in the
control mechanism of the localized corrosion. Since the bulk solution
itself already possesses stronger corrosivity (higher H*
concentration), the H* concentration difference caused by occlusion
effect inside the scratch is weaken and can be negligible compared
to the huge bulk concentration, thus the entire sample surface
(inside and outside the scratch) is in a severe corrosion environment.
Besides, the changes in the corrosive environment are believed to
affect the strength of the microstructure related galvanic effect [198],
a lower solution pH is reported to enhance the galvanic effect
caused by differences between phases [202]. Therefore, the
intrinsic electrochemical difference between the martensite matrix
and reversed austenite dominates the occurrence of localized
corrosion, forming a preferential corrosion zone surrounding the
reversed austenite in the high CO2 partial pressure environment.
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9.5.4. Effect of CO: partial pressure on the corrosion behaviour
of reversed austenite during the Stage Ill of corrosion
process

In the stage Il of the corrosion process of S13Cr MSS under HTHP
downhole environment, the corrosion product film formed at the low
CO:2 partial pressure of 0.27 MPa contains uncorroded austenite
particles, and the corrosion product film did not stratify. And
throughout a 7-day immersion experiment, no stratification of the
corrosion product film was observed. The uncorroded austenite is
distributed throughout the entire corrosion product film.

However, at the high CO- partial pressure of 5.2 MPa, based on its
typical morphological characteristics, the stage Ill can be further
divided into two sub-stages. In the early stage lll, a uniform
corrosion product film without uncorroded reversed austenite
particles formed. In the later stage lll, as corrosion progressed
further, an inner corrosion product layer containing uncorroded
austenite particles appeared on the inner side of the corrosion
product film. At the same time, it was noted that the interface
between the inner and outer layers moved toward the metal matrix
as corrosion progressed. The uncorroded austenite on the outer
side undergoes corrosion as the corrosion progressed, leading to
the movement of the interface between the inner and outer corrosion
product films toward the metal matrix direction.

At low CO:2 partial pressure, due to the better protective capability of
the FeCr20s-rich corrosion product film and the lower H*
concentration in the solution, the corrosion of both the martensite
matrix and the reversed austenite is inhibited compared to the high
CO: partial pressure condition. The martensite matrix acts as the
anode and dissolves preferentially, while the austenite cathode,
which is more corrosion-resistant than the matrix, is preserved. As
the corrosion of the martensite matrix proceeds, the corrosion
product film/matrix interface moves toward the metal matrix direction.
The uncorroded reversed austenite particles are retained in-situ in
the corrosion product film like inert markers. Since the environment
at low CO partial pressure is mild, even if the reversed austenite is
retained in the porous film and immersed for a long time, it resists
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environmental corrosion due to its superior intrinsic corrosion
resistance and remains in the corrosion product film.

However, at high CO. partial pressure, due to the poorer protective
capability of the corrosion product film, higher H* concentration in
the solution, the driving force for the corrosion of both the martensite
matrix and reversed austenite increases. Therefore, when the
martensite matrix exists around it, the reversed austenite acts as a
cathode and does not corrode first. But after the surrounding
martensite matrix is corroded away, the reversed austenite also
undergoes corrosion. This leads to the formation of a corrosion
product film without uncorroded reversed austenite in the early
stage Il of corrosion process.

Concentration gradients of corrosive species (such as H*) and metal
ions generated by corrosion exist within the porous corrosion
product film. H* transfers from the solution to the solution/film
interface and then to the metal/film interface, and its concentration
gradually decreases during this transfer process. Conversely, metal
ions are released from the film/metal interface and diffuse toward
the solution/film interface, and their concentration gradually
decreases during this process. As corrosion proceeds, the corrosion
product film thickens, and the local chemical environment in the
porous film changes. The thickened porous film hinders the inward
diffusion of H* and the outward diffusion of metal ions. Corrosion
leads to an increase in metal ion (e.g., Fe?*, Cr®*) concentration at
the film/metal interface and consumes the H* at the interface. This
change in the local chemical environment reduces the corrosion
driving force. Therefore, when the corrosion product film thickens to
a certain extent, the above inhibitory effect increases the stability of
the reversed austenite, allowing the reversed austenite to be
temporarily retained in the corrosion product film. But this retention
is temporary. As corrosion proceeds further, the film/metal interface
moves toward the metal direction. The uncorroded austenite
becomes farther away from the film/metal interface. The metal ion
concentration around the uncorroded austenite gradually decreases,
and the H* concentration gradually increases. The local chemical
environment change leads to an increase in its corrosion driving
force. Therefore, the uncorroded reversed austenite is activated and
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undergoes corrosion. This results in the observed movement of the
interface between the inner and outer corrosion product films toward
the metal matrix direction. In summary, the formation of the double-
layer corrosion product film structure and the movement of its
interface under high CO2 partial pressure condition are essentially
the result of the response of the reversed austenite particles to the
changes in the local chemical environment.

9.6. The role of reverted austenite in corrosion

evolution under HTHP downhole environments

9.6.1. The difference in corrosion tendencies between
martensite and austenite

Work function (WF) is a fundamental electronic property of a metallic
surface and is becoming increasingly useful in predicting corrosion
tendency as it is able to distinguish the corrosion potential or
electrochemical nobility of different phases [203]. The phase with
lower WF possesses lower corrosion potential and is more easily
corroded because of their more unstable electronic states [204].

The WF (@) of metallic material is theoretically proportional to one-
six power of the average density of free electrons in a metal lattice
(n) according to the following equation [205]:

7.8a 1
ne (9-13)

Y= ag

where a is an empirical constant and ao is the Bohr radius.

Assuming that all the elements of austenite and martensite phases
are identical and considering only the effect of structure on the WF.
The @,/pa can be estimated as the ratio of the atomic packing
density of austenite to that of martensite phase:

1 1

1 = 1
Py _ <ﬂ>6 _ i/i P (ﬂ)z (9-14)
Pa Ny a)?; agz An
where the ay, and aq are the lattice constants of austenite and
martensite phases, and in this study, they were calculated to be
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2.871 A and 3.592 A, respectively, based on the tested XRD results.
Therefore, the ¢,/@q calculated to be 1.004.

From the aspect of compositions effect, the variation of the work
function due to compositional changes deviates from linearity but
still fellows a monotonic trend.[206] The ranking of the work function
of the alloying elements involved in this study follows the order of
Ni>Mo>Fe>Cr with 5.15 eV for Ni and 4.6 eV for Mo, 4.5 eV for Cr
while 4.5 eV for Fe. Therefore, an increase in the content of Mo and
Ni in the alloy, which have significantly higher work functions than
Fe and Cr, leads to an increase in the work function of the alloy.
Hence, the difference in composition between martensite and
reversed austenite also leads to a higher work function for reversed
austenite than for martensite in this study. Eventually, it can be
concluded that the reversed austenite is more novel than martensite
due to a combination of differences in their crystal structures and
composition.

9.6.2. The role of reverted austenite in stability of the native
passive film under HTHP downhole environments

After 5 hours of immersion, the reversed austenite-containing S13Cr
MSS already exhibited dehydration cracks crossing dark and light
regions, indicating that it had formed a fully covered corrosion
product film and entered stage Il of corrosion process. In contrast,
the pure martensitic S13Cr MSS showed only slight, scattered spot-
like corrosion traces, indicating it was still in the transition period
from Stage | to Stage Il. Even after 20 hours, clear localized
preferential corrosion areas were still visible on the pure martensitic
S13Cr MSS surface, and the cross-section confirmed that only an
extremely thin corrosion product film had formed. This indicates that
the entry of pure martensite into stage Ill was delayed by several
times compared to the reversed austenite-containing S13Cr MSS.

This difference is attributed to the homogeneity of the element
distribution in pure martensitic S13Cr MSS. Since the chemical
composition of pure martensitic S13Cr MSS is more uniform, the
native passive film on pure martensitic S13Cr MSS has lower defect
density, leading to a slower degradation rate under HTHP downhole
environment.
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For the reversed austenite-containing S13Cr MSS, during the
formation of reversed austenite, corrosion-resistant elements (Cr,
Mo, Ni) tend to enrich in the austenite phase, leading to the
formation of a depletion zone in the adjacent martensite matrix and
at the phase boundaries [80, 92, 107, 111]. This microscopic
chemical segregation significantly reduces the protective capability
of the passive fiim covering the phase boundaries, thereby
accelerating its degradation speed under HTHP downhole
environment [172].

9.6.3. The role of reversed austenite in the non-uniform
corrosion behaviour during the Stage Il of corrosion
process

In the stage Il of corrosion process, S13Cr MSS with and without
reversed austenite exhibits distinct differences in corrosion
behaviour. As shown in Figure 9-12, the localized corrosion
morphology of pure martensitic S13Cr MSS presents scattered
semi-circular pits. However, for the reversed austenite-containing
S13Cr MSS, localized corrosion occurs on the martensite matrix
surrounding the reversed austenite.

Due to its uniform composition distribution, localized corrosion in
pure martensitic S13Cr MSS occurs at randomly distributed surface
defects (e.g., inclusions). However, after reversed austenite is
introduced into S13Cr MSS, a micro-galvanic couple is formed
between the martensite matrix and the reversed austenite. This
leads to the preferential corrosion of the anodic martensite matrix
surrounding the cathodic reversed austenite.
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Figure 9-12. The schematic diagram for Stage Il of corrosion
process of S13Cr MSS specimens with/without reversed
austenite exposed at 200°C and 5.2 MPa CO: from the top
view.

9.6.4. The role of reversed austenite in the steady-state
corrosion behaviour of S13Cr MSS under HTHP downhole
environments

After entering the stage lll, it was observed that the corrosion rate
of S13Cr MSS increased with the increasing austenite content. The
S13Cr MSS without reversed austenite exhibited the best corrosion
resistance.

As the austenite content increases, the cathodic area increases,
thereby promoting the corrosion of the martensite matrix and leading
to an increase in the corrosion rate of S13Cr MSS. At the same time,
the increase in austenite content increases the tortuosity of the
diffusion path for the corrosive medium, resulting in a longer
diffusion path [207, 208]. This creates blocking effect against the
diffusion of the corrosive medium, thereby inhibiting the corrosion of
the martensite matrix.

However, according to our experimental results, the accelerated
corrosion caused by galvanic effect completely masks the inhibitory
effect on corrosion due to the blocking effect caused by the
increasing austenite content. The pure martensitic S13Cr MSS
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exhibited the best corrosion resistance because it lacks the
acceleration of matrix corrosion caused by the galvanic effect.

9.7. Engineering implications and optimization

strategies for S13Cr MSS application

9.7.1. Establishment of native passive film degradation time-
temperature map

Based on the electrochemical data obtained in Chapter 7, the native
passive film degradation time-temperature map was constructed to
describing the relationship between temperature and the life of the
native passive film, as shown in Figure 9-13.
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Figure 9-13. Native passive film degradation time-temperature
map of S13Cr MSS under HTHP downhole environments.

By plotting the Arrhenius relationship of In(t;) vs. 1/T, this diagram

establishes the "passive - active dissolution" boundary for S13Cr

under HTHP downhole environments. This map allows for the

prediction of the time required for the degradation of the native

passive film under specific temperature conditions. Also, it enables

the determination of the surface state (passive state or active
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dissolution state) of in-service S13Cr MSS based on service time
and temperature. Furthermore, for long-term service condition, the
native passive film degradation time-temperature map can be used
to determine the predominant surface state of the material during its
service cycle, thereby guiding the targeted selection of corrosion
evaluation methods and specimen surface pre-treatment methods
during material selection and assessment. At the same time, for
critical components that must maintain a passive state, the
corresponding maximum allowable service temperature can be
reverse-derived from the native passive film degradation time-
temperature map based on the engineering design life.

In addition, this native passive film degradation time-temperature
map based on Arrhenius kinetics holds the potential to be
generalized for the life prediction of other stainless steels.

9.7.2. Service risk management recommendations

9.7.2.1. Catastrophic consequences caused by temperature
fluctuations

For tubing in the passive state, brief temperature fluctuations (such
as steam injection) may cause the material to prematurely transition
from stage | to stage Il. The critical risk lies in the fact that the
degradation of the native passive film is irreversible. When the
temperature returns to normal (decreases), the destroyed passive
film cannot self-heal in the HTHP downhole environment. The
material irreversibly enters the active dissolution state. Therefore,
field monitoring should focus not only on the average temperature
but also strictly control the peak temperature. Once an overheating
event occurs, the state of the material's native passive film should
be assessed based on the native passive film degradation time-
temperature map, the remaining service life prediction should be
revised, and corrosion protection strategies should be adjusted in a
timely manner.

For materials already in the active dissolution state, the increase in

steady-state corrosion rate caused by temperature rise is non-linear.

Our experimental results indicate that a temperature increase from

160°C to 200°C causes an increase in corrosion rate by orders of
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magnitude. Therefore, even brief temperature increases can cause
rapid consumption of the corrosion allowance and require focused
attention.

9.7.2.2. Depassivation induced by mechanical/chemical
damage

Downhole operations (such as acidizing and milling) may cause
damage to the native passive film on the tubing surface, artificially
causing parts or the whole of the tubing to enter the active
dissolution state prematurely, leading to the failure of life
assessments based on the "passive state" assumption. Brief
operating conditions that cause severe damage to the native
passive film can significantly affect the corrosion rate of the material
throughout its entire service life. Therefore, for downhole operations
which could cause the damage of the native passive film, "surface
damage + corrosion" coupled testing can be introduced in laboratory
assessments, or life verification can be performed directly based on
the active dissolution rate to confirm the applicability of the material
under the severe conditions.

9.7.3. Optimization of laboratory assessment process based on

corrosion evolution stages

9.7.3.1. Determine of the duration for immersion test

Traditional fixed-duration (e.g., 7 days/30 days) immersion test
assessments may bring the risk of misjudgement because they fail
to distinguish between the "native passive film protection period"
and the "steady-state corrosion period." For long-term service where
the native passive film degradation time-temperature map confirms
that the material is primarily in the active dissolution state during the
service cycle, short-term corrosion immersion experiments mainly
characterize the corrosion rate under the protection of the native
passive film. This will lead to a severe underestimation of long-term
service risks. To obtain effective long-term corrosion rates, the
effective duration of immersion experiments should be calculated
starting from the moment the OCP stabilizes. Alternatively, the
native passive film on the specimen surface should be artificially
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removed before the corrosion experiment to force the material into
the steady-state corrosion stage. This allows to obtain the intrinsic
corrosion rate of the material in HTHP downhole environments,
providing more reliable conservative data for long-cycle material
selection.

9.7.3.2. Timing for electrochemical characterization

Consider the case where the native passive film failure time
(predictable via the native passive film degradation time-
temperature map) is very short, and the material is primarily in the
steady-state corrosion stage under the active dissolution state
throughout the entire service life. At this time, electrochemical
testing performed in the early stage (Stage |) measures the
performance of S13Cr MSS under the protection of the native
passive film, which does not represent the actual service behaviour
and may lead to the misconception that the material possesses
excellent corrosion resistance throughout the entire service life.
Therefore, it is suggested to combine OCP monitoring and perform
electrochemical testing only after confirming that the material has
entered the steady-state corrosion stage. Only then, the measured
results can represent the true service behaviour of the material
under the HTHP downhole environment. Alternatively, the native
passive film on the specimen surface can be removed via cathodic
polarisation or other methods before conducting the experimental
testing, thereby obtaining more authentic electrochemical data of
the material in HTHP environment.

9.7.4. Recommendations for material modification

9.7.4.1. Modification of passive film

The degradation of the native passive film initiates with the selective
dissolution of iron oxides. Surface treatment techniques (such as
high temperature oxidation, anodic polarisation,
physical/chemical/electrochemical coating, etc.) can be employed to
modulate the composition of the native passive film, making it rich
in Cr203. This enhances the thermodynamic stability of the native
passive film under HTHP downhole environments, thereby inhibiting
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its degradation and achieving the goal of improving the corrosion
resistance of S13Cr MSS.

9.7.4.2. Recommendations for adjustment of reversed
austenite content

Although the presence of austenite has a significant improvement
effect on the toughness and hydrogen embrittlement resistance of
S13Cr MSS, the introduction of austenite also causes deterioration
in some respects. First, the introduction of austenite reduces the
strength of martensitic stainless steel. Second, our experiments also
indicate that the introduction of austenite accelerates the
degradation of the native passive film, and the galvanic effect
generated with the martensite matrix increases the steady-state
corrosion rate of S13Cr MSS under HTHP downhole environments.
Therefore, during the material design process, the mechanical
properties, hydrogen embrittlement resistance, and corrosion
resistance should be comprehensively considered based on
application requirements. The goal is to balance various properties
and achieve the optimal match between mechanical performance
and corrosion resistance.
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10. Chapter 10 Conclusions and future work

10.1. Conclusions

The conclusions from the project have been broken down into the
key observations from each of the results chapters, using the
analysis in the discussions from Chapter 9.

10.1.1. Conclusions from Chapter 5 - Corrosion and SCC
risk assessment.

HTHP immersion test and SSRT combined with SEM surface
observation were applied to general understanding of the corrosion
and cracking behaviour of S13Cr MSS and to assess the risk of
corrosion and SCC in the formation brine at 200°C with
5.2 MPa CO2. The main conclusions which can be drawn from this
study are:

e The general corrosion rate of S13Cr MSS in a simulated
downhole environment was 1.04 mm/year while the pitting rate
was 0.37 mm/y with the pit depth of 7.11 uym over 7 days
exposure. according to NACE standard SP0775, the general
corrosion rate of S13Cr MSS is classified as severe level among
the four categories (low, moderate, high and severe), while the
pitting rate reaches the high level.

 The SSRT results show that the loss of ductility (based on ER
and RAR) of S13Cr MSS in the HTHP CO2-saturated formation
brine without pre-corrosion was slightly less than 20% while the
results obtained after 7 days of pre-corrosion indicate that the
losses in ER and RAR for S13Cr MSS exceeded 20%. Both the
SCC susceptibility of S13Cr MSS in the HTHP CO:z-saturated
formation brine without and without pre-corrosion can be
classified as Class 4 (on a scale from Class 1 to Class 4)
according to the NACE standard TM0198 due to the existence
of secondary crack. However, S13Cr MSS passed the 15-day
FPB test with a load of 90% of the yield strength.

* The fracture mechanism did not undergo a fundamental change
due to pre-corrosion. Cracks initiated at pits and propagate in a
quasi-cleavage fracture mode, but eventually ruptured following
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the micro void coalescence mechanism. The morphology of the
pits became steeper during the corrosion process as the R/D
ratio decreasing from 7.28 to 1.15 between 5h and 168h of
exposure. The steeper shape as corrosion progressed
increased the degree of stress concentration at the pits site,
resulting in a significant decline in macroscopic ductility
(significant advance and shortening of the necking stage).

10.1.2. Conclusions from Chapter 6 - Effect of CO. partial
pressure

HTHP immersion test combined with surface analysis technologies
and HTHP electrochemical measurements (OCP, EIS and
potentiodynamic polarisation) were applied to evaluate the
corrosion behaviour of S13Cr MSS in the formation brine at 200°C
with 0.27/5.2 MPa CO.. The main conclusions which can be drawn
from this study are:

 The corrosion process obtained at 200°C can be divided into
three stages: a). Early stage: degradation of native passive film;
b). Middle stage: non-uniform corrosion characterized by the
formation of a incompletely covered corrosion product film on the
specimen surface; c¢). Final stage: uniform corrosion
characterized by the formation of a completely covered
corrosion product film.

* The increase in CO2 partial pressure led the composition of
corrosion products shifted from Cr(OH)s and FeCr204 at low CO>
pressure to Cr(OH); and Cr.Oz at high CO2 pressure. The
corrosion product film formed under high CO2 partial pressure
had a higher R and provided stronger blocking effect. However,
since Rt is significantly higher than Ry, the corrosion of S13Cr
MSS in CO2-saturated formation brine at 200°C is controlled by
charge transfer process. Consequently, the significantly lower
Ret under high CO2 pressure led to a higher corrosion rate
(1.04 mm/y and 0.68 mm/y at 5.2 MPa and 0.27 MPa of CO:
after 7 days of exposure, respectively).

e During the middle corrosion stage, preferential corrosion
initiated at scratch sites under low CO- partial pressure. As the
CO:. partial pressure increased, the preferential corrosion sites
became the martensite matrix surrounding austenite particles.
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During the final corrosion stage, austenite particles acted as
cathodic, forming galvanic couples with the martensite matrix.
Under low CO: partial pressure, uncorroded austenite particles
retained within the corrosion product film throughout the entire
final corrosion stage. In contrast, under high CO. partial
pressure, austenite particles were only observed in the inner
layer of the corrosion product film during the latter phase of the
final corrosion stage.

At 0.27 MPa of COg, two types of CaCOs crystals precipitated on
the specimen surface while no precipitate can be observed at
5.2 MPa of CO2 due to a higher H* concentration and lower
COs% concentration at 5.2 MPa of CO.. As for the precipitates
obtained at 0.27 MPa of CO>, one is small and abundant crystal
which is a mixture formed by the co-precipitation of calcite and
anhydrite (the cations were doped with Mg?* ions and Fe?* ions),
and the other is large and sparse aragonite (pure CaCO3).

10.1.3. Conclusions from Chapter 7 - Effect of temperature

This chapter systematically investigated the corrosion behaviour of
S13Cr MSS in CO2-saturated formation brine across 160-200°C
through immersion test coupled with electrochemical monitoring.
The main conclusions which can be drawn from this study are:

The corrosion behaviour of S13Cr MSS in CO2-saturated
formation brine undergone a distinct stage transition. This
transition was found to be consistent across the temperature
range of 160-200°C. From a thermodynamic perspective, the
corrosion mechanism remains consistent across the
temperature range of 160-200°C. But lower temperature
significantly prolonging the duration of each corrosion stage due
to reduced reaction kinetics.
Electrochemical techniques, particularly OCP monitoring,
provide superior resolution for identifying stage transitions
compared to immersion tests. Based on OCP evolution, the
corrosion process can be categorized into three distinct stages:
a) Early stage: The degradation of the native passive film
process, characterized by continuous OCP drop, dominated
by diffusion-controlled corrosion.
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b) Middle stage: The preferential localized corrosion process,
marked by sustained OCP rise. The corrosion is controlled
by both diffusion and charge transfer during this stage.

c) Final stage: A complete covering corrosion product film forms
on the surface during this stage, identified by OCP
stabilization, and controlled by charge transfer process. This
stage can be subdivided into two stages according to the
cross-sectional morphology of the corrosion product film:
single-layer film stage and double-layer film stage. Despite
their structural differences, these two stages exhibited no
significant electrochemical distinction.

The activation energy value for the corrosion scale growth on
S13Cr MSS in CO2-saturated formation brine in the pseudo-
passive region of potentialdynamic polarisation curve is 36.89
kd/mol. This value falls within the activation energy region for
liquid phase diffusion, implying that the corrosion product film
generated in the final stage of corrosion in the HTHP formation
brine is a loose and porous film, and the corrosive medium
propagates through the liquid phase within the micropores.
The degradation mechanism of the native passive film is stable
under HTHP downhole environments within the temperature
range of 160-200°C. The degradation time of the native passive
film (t)) exhibits Arrhenius relationship with temperature (T), as
confirmed by the linear relationship between In(t)) and 1/T. The
high activation energy (167.72 kJ/mol) implies a significant
energy barrier for the degradation of the native passive film.

10.1.4. Conclusions from Chapter 9 - The role of austenite

on corrosion

S13Cr MSS with varying austenite contents (0% to 17.77%) were
produced through different heat treatment processes, and their
corrosion behaviour were investigated via immersion test. The main
conclusions which can be drawn from this study are:

The fully martensitic S13Cr MSS exhibited slower degradation

of the native passive film due to its more homogeneous

elemental distribution.

During the middle corrosion stage, localized preferential

corrosion on the fully martensitic S13Cr MSS occurred as
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randomly distributed pitting. In contrast, for specimens
containing reversed austenite, localized preferential corrosion
initiated in the martensitic matrix surrounding the austenite
particles.

* The increase in austenite content from 0% to 17.8% raised the
overall corrosion rate by approximately 35% (from 0.83 mm/y to
1.11 mmly), which is attributed to the galvanic effect between
austenite particles and martensite matrix. However, the change
in austenite content did not significantly change the structure
and composition of the corrosion product film.

10.2. Recommendations for future work

This research project lays the foundation for a series of subsequent
studies aimed at further consolidating the understanding proposed
in the current work.

10.2.1. Observation of the native passive film degradation
process

Understanding the degradation process of the native passive film is
crucial for comprehending the corrosion of S13Cr MSS in HTHP
environments. However, direct observation of this quick process
remains a challenge due to the extreme test conditions. Establishing
an oxygen-free environment for sample collection and transfer after
the immersion test to strictly control the oxygen content during these
processes to enable the quasi-in-situ analysis of the native passive
film. This will allow the observation of the degradation process of
native passive film and the initial formation of the corrosion products
at different locations on the specimen surface (e.g., the martensite
matrix surrounding austenite, the austenite and scratch), and will
help to deepen the understanding of the degradation and
transformation process of the native passive film under HTHP
downhole environments.

10.2.2. Numerical simulation of galvanic corrosion

behaviour at the steady-state corrosion stage
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Establishing a numerical model for steady-state corrosion at the late
stage of corrosion to simulate the galvanic corrosion behaviour
between the austenite and the martensite matrix under different
corrosion environments (such as temperature, CO2 partial pressure,
pH, etc.). To predict the corrosion rate of S13Cr MSS at the steady-
state corrosion stage in different corrosion environments based on
this model. By altering the content, shape, and distribution
characteristics of the austenite particles to further understand the
role of austenite in the corrosion process of S13Cr MSS under
HTHP downhole environments based on numerical model.

10.2.3. Corrosion evolution under full lifecycle conditions

During the oil and gas exploitation process, the corrosion
environments that tubing faces are not only formation brine but may
also be the alternating impact of operating conditions such as
acidizing operations (acidizing fluid) and flowback (returned
acidizing fluid). The corrosion behaviour of S13Cr MSS in acidizing
fluids and returned acidizing fluids, as well as the evolution of the
corrosion product film under the alternating working conditions of "
acidizing fluid-returned acidizing fluid-formation brine" within a
single operation cycle, deserve equal attention.

10.2.4. Material optimization based on microstructural

control

10.2.4.1. Construction of an austenitic network

Austenite has been proved to be able to retain in the corrosion
product film at the steady-state corrosion stage under HTHP
downhole environments. The strategy of forming a continuous
network of a more corrosion-resistant second phase to improve the
corrosion resistance of materials has been used in Mg alloys and Al
alloys. Therefore, forming a continuous austenitic network that act
as an effective barrier to hinder the corrosion is a potentially
effective material modification strategy. This hypothesis remains to
be confirmed by subsequent heat treatment strategy adjustment
combining with corrosion evaluation.
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10.2.4.2. Grain boundary engineering and segregation control

Pure martensitic S13Cr MSS, due to its homogeneous chemical
composition, has been confirmed to exhibit better corrosion
resistance than reversed austenite-containing S13Cr MSS in terms
of both native passive film degradation speed and steady-state
corrosion rate. However, pure martensitic stainless steel lacks
sufficient toughness and resistance to hydrogen embrittlement.
Therefore, optimizing mechanical properties of S13Cr MSS by
introducing austenite is necessary. It is able to apply grain boundary
engineering and segregation control to eliminate the Cr depletion
zone at the phase boundaries and promote the homogenization of
the material composition while forming austenite. This aims to
weaken the galvanic effect caused by phase differences, thereby
achieving an excellent corrosion resistance of S13Cr MSS while
introduce austenite.

10.2.4.3. Data-driven material optimization

The composition and morphology of austenite obtained through
different heat treatment processes, as well as the size of the
elemental depletion zone around it, will affect the austenite-
martensite galvanic effect, thereby influencing the corrosion rate of
S13Cr MSS. In the meantime, they will also affect the mechanical
properties and hydrogen embrittlement resistance of S13Cr MSS.

A further study could obtain austenite with different volume fractions,
compositions, sizes, shapes and distribution characteristics through
small-batch combinations of different heat treatment conditions. By
performing quantitative descriptions of the austenite features such
as volume fraction, morphology, composition, etc., and obtaining the
material's mechanical properties, corrosion rate, and hydrogen
embrittlement resistance, a database is constructed. A heat
treatment process- microstructure/composition-corrosion
performance/mechanical property prediction model can be
developed with machine learning based upon this database. Finally,
multi-objective optimization can be used to obtain the optimal heat
treatment strategy.
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