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0 Abstract

Advances in lightweight structural materials have intensified interest in magnesium alloys,
particularly those strengthened by Zn, Ca, and Ag additibnis. research presents a
comprehensive study of the thermodynamic and kinetic behaviour-@rvga and Mg
Zn-CaAg alloys using an integrated CALPHARased modelling and experimental
approach.The solidification process is analysed using an extended Scheil model,
capturing norequilibrium phase evolution and solute segregation during casting. A
meanfield model is developed to simulate the nucleation, growth, and coarsening of
strengthening phases durifgeat treatmentenabling the prediction oprecipitate
evolution over time. Together, these models provide a framework for simulating phase
transformations across the entire processing rfsate casting to homogenisation and

ageingtreatment

The modelling resultsre supportedand validatedby advanced characterisation and
mechanical experimeni&nis shown to play a central role in agardening by promoting

the formation of fine strengthening precipitatéa.isbeneficial in refining grain structure

and modifying texturandtends to fornLavesphases during solidificatioifhese coarse
particles are thermodynamically stable and dissolve slowly during homogenisation,
limiting solute uniformity. Ag additions can promote mechanical performance by
accelerating the nucleation of fine precipitates, improwgtigngtheningesponsesBy
linking CALPHAD predictions with observadicrostructure anchechanical behaviour,

this work establishes a predictive design strategy for magnesium alloys.

These findings are directly applicable to the development of lightweight structural
materials, aligning with Industry 44chemes that includ#gatadriven materials design

and digital manufacturing. By integrating ScHeglsed solidification modelling and
meanfield simulations within a CALPHAD framework, this researshows how
computational tools can aid digital alloy developméittese simulationframeworks
enable virtual prototyping, optimise thermal processing routes, and reduce experimental
workload which accelerating the transition from concept to application in smart

manufacturing environments.
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Chapter 1: Introduction

1.1 Background and Motivation

Magnesium (Mg) alloys ardgghtweight material®f particular interest in the automotive,
aerospace and biomedical sectors. These alloys have unique advantages in reducing
energy consumption in transportation and as biodegradable implants in the medical field
applications due to their low density, higjecific strength and excellent biocompatibility.
Among magnesiumalloys, MgZn-Ca alloys are of particular interest due to their
excellent mechanical properties, good corrosion resistance and biocompafithkt
addition of trace amounts of silver (Ag) to these alloys is expected to further expand their
application fields by improving their mechanical performance and functional properties.

The growing demand for higberformance materials requires a deeper understanding of
the complex relationships between alloy composition, processing conditions,
microstructural evolution, and the resulting mechanical properties. However, the
development ohew magnesium alloys often relies heavily on empirical-&iaderror
approaches, which are both time and resountsnsive This challenge highlights the
need for a integrated framework that combines computational modelling with
experimental validatio to accelerate the discovery and optimisation ofAvigCa(AQ)

alloys.

The CALPHAD (Calculation of Phase Diagrams) approach has emerged as a powerful
computational framework fahermodynamic and kinetic modelling to accurately predict
phase equilibrium, solidification paths and microstructural evolution. In addition, it can
combine these predictions with mechanical behaviour simulations to provide a
comprehensive view of materigroperties. When combined with experimental methods
such asScanningElectron Microscopy (SEM)Energy Dispersive Xray Spectroscopy
(EDS), and medmical testing, CALPHAD provides a reliable methodhe design of

magnesium alloys.

The motivation for this researchisas from the serious challenges faced in engineering
and biomedical application$n automotiveand aerospacadustry sectorsreducing
material weight without compromising structural integrity is a major goal for improving
energy efficiency and reducing carbon emissions. In the biomedical field, the
development of degradable implants made of magnesium alloys offers a promising
alternative to traditional permanent implants. However, achieving the ideal balance
between mechanical properties, corrosion behawdod biocompatibility omagnesium
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alloys, such asMg-Zn-Ca(-Ag) alloys requires an tdepth understanding othe
mechanisms driving microstructure and mechanical behgwduch is the main focus

of this research.

1.2 Aim, Objectivesand Scope

The aim of this study is to investigate the thermodynamic and kinetic mechanisms that
govern the microstructural evolution and mechanical performance eZrMgacAQ)

alloys, with a particular focus on three key stages of alloy processing: solidification,
diffusion, and precipitation. Each of these stages plays a critical role in determining the
final properties of the material. By integrating computational modelling with
experimental validation, this research seeks to establish a predictive framewdrd for t

optimisation of magnesium alloy compositions and thermal processing.routes
Objectivesof this study are as follows:

1. The solidification behaviour of M@n-Ca alloys will be investigated with a focus
on solute redistribution, segregation phenomena, and the formation of
intermetallic phases. The CALPHAD method, extended Scheil model, and mean
field model will be employedbtpredict the solidification path and phase evolution
during cooling. The influence of Zn and Ca concentrations on solidification
behaviour will be systematically evaluated. In parallel, finite difference methods
(FDM) will be used to simulate both elemahtand phase segregation. The
resulting microstructures of the-aast alloys will be characterised using SEM
EDS analysis to validate the model predictions and to gain insight into the
solidification mechanisms.

2. The diffusioncontrolled processes occurring during the homogenisation ef Mg
Zn-Ca alloys will be studied to understand the dissolution behaviour of
segregation phases and to achieve a more uniform solute distribution.
Computational simulations will be cdacted using DICTRA, diffusion couple
approaches, and meéirld models to examine the redistribution of alloying
elements and the dissolution of second phases. Particular attention will be paid to
the effects of thermal treatment parameters, includingpéeature and time, on
the kinetics of homogenisation and the evolution of grain boundary structures.
Experimental characterisation of both the-cast and homogenised
microstructures will be performed using SEADS, EBSD, and EPMA to validate
the diffusionmodels and assess the degree of microstructural homogenisation.
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3. The precipitation behaviour of Mgn-Ca(Ag) alloys during the ageing process
will be investigated to establish the kinetic mechanisms that govern the nucleation,
growth, and coarsening of strengthening phas&sALPHAD-based meatfield
precipitation model will be used to simulate the temporal evolution of multiple
precipitate species and to predict the precipitation sequence. The interactions
between precipitates and dislocations will be analysed to undetb&ndle in
precipitation strengthening, with a particular emphasis on dislocation pinning
mechanisms. Model predictions will be validated through a combination of ageing
treatments, mechanical testing, and microstructural analyses using SEM, TEM,
and EBSD techniques, thereby linking precipitation behaviour to mechanical

property development

By addressing the critical stages of solidification, diffusion, and precipitahisnstudy
provides a comprehensivenderstanding of the interrelationship between alloy
composition, thermal processing, microstructural evolution, and mechanical properties in
Mg-Zn-Ca(Ag) systems. The combination of computational modelling and experimental
techniques ensures that the ammes of this work are both predictive and directly
applicable to the design of higierformance magnesium alloys

This studycombines thermodynamic and kinetic modelling with experimental studies to
explore the solidification behaviour, phase stability, precipitation mechanisms, particle
evolution and mechanical propertiesef/eraMg-Zn-Ca(Ag) alloys. In order to provide

a comprehensive study of these materials, the thesis is divided into several key sections

in following Chapters:

Chapter 2 provides a detailed literature review of magnesium alloys, their physical
properties and their applications in industries such as autom&@erespaceand
biomedical. In addition, deformation and strengthening mechanisms, alloying effects and
texture evolution are presented to provide a strong background foundation for the study.
Moreover, the precipitation theory has discussed and linked to the precipitation hardening
mechanism inMg-Zn-Ca(Ag) alloy system. Also providd a general overview of
CALPHAD (Calculation of Phase Diagramsnd mearfield approaclks andtheir
development in computationddermodynamienodelling.

The methodology and numerical implementation of this study are presented in three key
chapters. Chapter 3 provides an overview of the experimental methods employed in this
study, ranging from alloy preparation and heat treatment to advanced charaaterisatio
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techniques such &canningElectronMicroscopy (SEM) and Energyispersive Xray
spectroscopy (EDS). These methods are essential to validate the computational models
developed in the subsequent chapt€isapter 4 focuses on modelling methods, which
include CALPHADbased phase diagram calculations, diffusion simulations and-mean
field theory of microstructure evolution. The combination of these techniques forms the
backbone of the computational frameworkthis study.Chapter 5 then provides an
overview d the numerical implementation of the modelling approaches described in
Chapter 4.

The results of this study are also presented in three key chapters. Chapter 6 investigates
the solidification process and the formation of intermetallic phases {ZnvQa alloys

using experimental observations and mainly using the Scheil model. Chapaloies
diffusion mechanisms and second phase dissolution during homogenisation and uses
diffusion simulations to illustrate the kinetics of these processes. Chapter 8 explores the
role of precipitate evolution, precipitation hardening, and mechanicavimh in
modifying the microstructure and properties of Mig-CalAg) alloys, focusing on
precipitation and the effect of precipitates on mechanical properties under théeteean
modeling approach

The thesis concludes in Chapter 9 with a summary of the findings, highlighting the
contribution of this work to the field of magnesium alloy research. Chapter 10 outlines
future research directions, highlighting the potential for further innovation y@disign

and application.
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Chapter 2: Literature Review

2.1 General Properties and Application of Magnesium Alloys

Magnesium alloys are increasingly becoming key materials in modern engineering due to
their excellent lightweight and mechanical properties. These alloys offer an excellent
balance of strengtto-weight ratio, processability and energy efficiency, makiment

ideal for a wide range of industries from automotive to biomeditia8]. However, there

are still limitations to the industrial application of magnesium alloys. Challenges such as
corrosion resistance, low ductility and high processing costs have driven extensive
research to enhance their properties and expand their amplicatige [4]. Although

progress has been made in the development of magnesium alloys, some challenges remain.
This section provides an overview of the general properties and application fields of

magnesium alloys.

2.1.1 Brief History of Magnesium Alloys
Magnesium's history as an industrial material began in thed®ury, when it was first

isolated in metallic form. It makes up 2.7% of the earth's crust and is the eighth most
abundant elemeipb]. Magnesium does not occur naturally as an element, but only as
magnesium compounds. The most common compounds are magvig€i® (27%
magnesium), dolomite MgCOLaCOs (13% magnesium) and carnallite
KCIMgCIl £H 20 (8% magnesium|6]. Magnesium alloys are the lightest metallic
structural materials in practical use todtne density of pure magnesium is 1"7%o @,
aboutc¢fo that of aluminium alloyspZo that of zinc alloysp#t that of steel and v that

of titanium alloysand thereforéghe use of magnesium alloys can significantly reduce
weightand improve efficiency in many industrigg§. Magnesium alloys have emerged

as a promising material in the global transition towards sustainability and net zero carbon
emissionstheir unique properties align with strategies to reduce environmental impact,
energy consumption and enable circular economy pra¢8tesor example,ite use of
lightweight materials such amagnesium alloys directly reduces vehicle weight,
improving fuel efficiency and lowering emissions. The price of crude oil rose sharply in
thearound20 years from the beginning of the’2®ntury, as shown iRigure2.1, which

made manufacturers aware of the need to take measures to use lightweight materials to
reduce energy consumptiof®]. During this period, commercial production of
magnesium metal increased from 277,000 tons per year to about 1,100,000 tons per year,

as shown irFigure2.2 [10]. With advances in processing technology and alloy design, it
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is possible to create higherformance alloys for specific applications, and the market for
magnesium alloys is also expandiigd].

Average Annual OPEC Crude Oil Prices from 2000-2018(in U.S. $ per barrel)
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Figure 2.2 Primary magnesium metal consumption each frean 1999to 2019 [10].
2.1.2 Physical Properties of Pure Magnesium
The crystal structure of pure magnesium is hexagonal close packed (HCP) and its physical
properties are shown ihable2.1 [6]. Mg crystallizes in an HCP structuvgth crystal
lattice parameters givg a c/aratio of 1.6236 that is almost identical to the ideal close
packed ratio of 1.633This will increasethe aymmetric tensileompressive yield

limiting its ductility and formability at room temperaturde detailsof which will be
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discussdin thefollowing Chapter2.2 Table2.2 lists some of the mechanical properties

of pure magnesium and compares them with commonly used commercial magnesium
alloys and other alternative met§®$. It can be seen that the strength of AZ31 and AZ91

is slightly improved compared to pure magnesium, but there is still a strength gap
compared to other currently available commercial metals. Pure magnesium and
magnesium alloys have low density and higbcsjic strength which makes them widely
used in weight critical applications. In addition to this, magnesium is the most reactive of
all engineering materials, and itsck of corrosion resistandemits its use in many
applicationd12i 14]. Therefore, even though magnesium alloys have a relatively low
density, it is necessary to continuously develop new alloy compositions to replace
materials such as aluminium alloys or stainless steel in more engineering
applicationd12,13].

Table 2.1 Physical Properties ¢gfure Magnesiurit].

Material Property Numerical Value
Density (at 2(C) P& o W

Melting Point euTm p B

Boiling Point p T 0dat

Thermal Conductivity (at 2T) pue Fa v

Specific heat capacity (at Z0) P8l ¢ MFQ0Q

Latent heat of fusion oo x RIFQQ
Latent heat of vaporization L P LT T TATQQ
Latent heat of sublimation (at X5 @ p poaEp ¢ TATQQ
Heat of combustion C B0 & &0 UTQQ
Linear coefficient of thermal expansion @& pm TIH

Table 2.2 Mechanical properties of pure magnesium, magnesium alloys and alternative

metals[3].
_ Density Compressive Tensile Elastic Reference
Materials (I TJEE ) Strength Strength  Modulus
1 (MPa) (MPa) (GPa)
Magnesium
Pure Magnesium 1.74 20-115 90-190 45 [15]
AZ31 Alloy (Extruded) 1.78 8397 241-260 45 [15]
AZ91D Alloy (Die Cast) 1.81 160 230 45 [15]
Alternative Metals
Aluminium Alloys 2.7 170560 70 [16]
Stainless Steel 7.98.1 - 480620 189205 [15,17]
CobaltChrome Alloys  7.89.2 - 450960 195230 [15,17]
Titanium Alloys 4.44.5 - 550985 100125 [15,17]
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2.1.3 Application of Magnesium Alloys

2.1.3.1 Automotive/Aerospace Industry
Magnesium alloys are widely used in the automotive and aerospace industries due to their

light weight and excellent mechanical properties. Porsche Classic introduced a
magnesium crankcase for the classic 911 model, while Honda used magnesium alloys in
the oil pan and ignition cover of its CBR1000RR motorcycle to reduce engine
weight[18,19] Meridian Lightweight Technologies, in collaboration with Honda, has
developed the AM60B magnesium alloy steering hanger beam for the-/AcXranodel.

This highpressure dieast design significantly reduces weight and enhances energy
absorption during @ntal collisiong11]. Brunel University London, in collaboration with
Husqgvarna AB, has developed a higimperature magnesium alloy for small engine
cylinders that can withstand temperatures ofi380C without deformation. This
innovation enables the use of precisionachg magnesium alloy parts for engine blocks,
meeting the requirements for high precision and wear resigi2@jcénother milestone

was the production of the largest magnesiumcdigt part for an electric vehicle, which
offers a weight reduction of 32% compared to aluminium. Developed by Chongqging
University using Millison's 8800T GigBress, these oversized partsndestrate the
potential of magnesium alloys in large automotive applica{@hls Aerospace structural
materials must withstand harsh environments such as vibration, vacuum and radiation
during launch and missisfi22,23] Magnesium alloys meet these requirements with
tailored properties such as strength, modulus and corrosion resi@&/&54 The range

of magnesium alloys used in aerospace technology has expanded significantly. These
alloys are now used in spacecraft structures, rocket componentiuang planetary
missiong26i 28].

2.1.3.2 Mg-basedBiomedicallmplants

The earliest biomedical application of magnesium alloys dates back to 1878, when they
were used as tourniqudR9]. Today, magnesium alloys are mainly used for
cardiovascular stents and bone implants due to their unique combination of mechanical
properties and biodegradability. In cardiovascular applications, magnesium stents offer
various advantages: they can regeilagart rhythm, improve blood flow, inhibit platelet
activation and prevent vasoconstricti@9]. These stents provide temporary structural
support to dilate stenotic arteries until vascular remodelling is complete, after which the
stents gradually degrade and are replaced by new {BsleAs orthopaedic implants,
magnesium alloys have superior mechanical properties to traditional materials such as

titanium and stainless steel, and are very similar to human bone. They reduce the risk of
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stress shielding and gradually degrade into-toxic products that are excreted by the
body without the need for secondary removal sur{#2y33] In addition, magnesium
implants promote bone healing and remodel[B¥35] Magnesium's biocompatibility,
bonelike density p& TX® @) and elastic modulus af p T VOO darther enhance its

attractiveness as a biomateii@b,37]

The biodegradability of magnesium alloys makes them an attractive alternative to
traditional implant materials such as stainless steel, eobadtmium and titanium alloys,

which need to be removed after healing, causing additional discomfort for the
patient [38,39] However, the rapid degradation of magnesium alloys in physiological
environments poses challenges, such as the loss of mechanical integrity before healing
and the buileup of hydrogen, which can separate tissue lay€)gl1] To address these
issues, researchers have explored metallurgical and surface modification techniques.
Metallurgical methods such as alloying and heat treatment can improve mechanical
properties and corrosion resistance, but may release toxic elga#ntSurface
modification, including coating and structural alteration, has shown great potential in
enhancing biocompatibility and biodegradability without compromisimgchanical
property[43,44] These advances have made magnesium alloys highly promising
materials for biomedical applications, especially in the fields of cardiovascular and bone

implants.

2.1.3.3 Additive Manufacturing
Additive manufacturing (AM) holds significant potential for advancing medical

applications, particularly in the manufacture of biodegradable magnesium implants.
However, the reactivity of magnesium poses challenges to AM processes, such as the risk
of burring and the difficulty of achieving fully dense structures with optimal mechanical
and corrosion properties. The high chemical reactivity of magnesium alloys, combined
with their low vaporisation temperatures and reactive alloying elements, complicates the
use in AM. Pure magnesium is highly oxidisable and requires careful treatment in an inert
environment to prevent burning. The lack of readily available technology and dedicated
equipment further limits progress in manufacturing fully functional magmegiarts.
Despite these challenges, various AM techniques have been adapted for magnesium
alloys, including Laser powder bed fusion L(PBF)[45i47], wire arc additive
manufacturing (WAAM)[48,49], paste extrusion deposition and jett[Bgi 52], and stir

friction additive manufacturingp3].
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The design flexibility of additive manufacturing is beneficial for creating highly complex
geometries, which include porous scaffolds that replicate the structure of natural bone.
These scaffolds enhance cell proliferation, tissue adhesion and bone a&gané&ior
example, magnesium alloy WE43 scaffolds with pore sizes as smalitas dhave
demonstrated low toxicity and structural stability in vi{24]. By adjusting the printing
parameters, the porosity of magnesium implants can be optimised to optimise corrosion
rates and cell interactions. AM can also produce pasipeatific implants that closely
match the individual's anatomical geometry, therelojecegng manufacturing time and
costs. Eliminating traditional processing steps simplifies production and improves

efficiency in batch processing.

The development of additive manufacturing techniques for reactive materials such as
magnesium is focused on solving challenges such as oxidation and burning. The
development of an inert gas processing environment and improved material processing
techniquesis critical for the widespread adoption of magnesium in additive
manufacturing. As these barriers are overcome, additive manufacturing is expected to
realise the full potential of magnesium alloys in the manufacture of innovative
biodegradable medical irtgnts.

Beyond biomedical applications, additive manufacturing of magnesium alloys is gaining
attention for lightweight structural components in aerospace, automotive, and defence
i ndustries. Ma g n-te-wdight mfiosmaktes igah atteattiveelteime h

to aluminium and titanium for reducing overall weight while maintaining mechanical
integrity. AM techniques, such as laser powder bed fusion (LPBF) and wire arc additive
manufacturing (WAAM), enable the fabrication of complex, topotogyimised
strudures that maximise lodoearing capacity while minimising material usage. For
example LPBFprocessed M@AI-Zn (AZ91) alloys have demonstrated improved tensile
strength and fatigue resistance through precise microstructural control and post
processing treatmenfs5]. Additionally, the ability to tailor grain structures and phase
distributions through AM processing allows for enhanced mechanical properties,
corrosion resistance, and thermal stability, which are crucial for structural reliability. By
integrating AM with computational modelling and process optimisation, magnesium
alloys can be further refined to meet the demanding requirements efereation
lightweight structures.

Yanheng Xie 2®& Pagel0



2.1.3.4 Computer, Communication, and Consumer Electronics (Thermal Conductivity)
Magnesiumalloys are usedn the electronics and consumer goods sectors dtlesio

excellent electromagnetic shielding and heat dissipation propi&@ipd hese alloys are

also increasingly replacing plastics and polymers in electronic casings, as well as steel
and aluminium, in applications where low density is a key factor, thereby extending the
lifespan of the produ¢67]. Mg is 100 times more thermally conductive than plastic, and

its recyclability, shock absorption and machinability make it ideal for electronic products.
Common electronic device applications include audio and video players, mobile phones,
cameras, laptap radar and rechargeable battefi¥y. Mg's combination of low density

and high strength has encouraged manufacturers to use it to create lightweight, portable

consumer electronigroducts

2.2 Deformation Mechanisms of Magnesium Alloys

Magnesium alloys have unique deformation mechanisms due to their hexagonal close
packed (HCP) crystal structure. These mechanisms include slip, twins and grain boundary
sliding (GBS), which together accommodate plastic deformation. The slip systems in
singe crystals require a certain amount of applied shear stress to be activated, which is
known as the criticaksolved shear stress (CRSS). The efumeked hexagonal structure

is shown inFigure2.3. Each deformation mechanism in magnesium alloys is discussed

in this chapter.

Figure 2.3 Hexagonal clos@acked structure unit cB9].

2.2.1 Critical Resolved Shear Stress (CRSS) and Schmid Factor

Critical resolved shear stress (CRSS) is a key parameter determining the activation energy
of slip systems, as shown Figure2.4. The lowest CRSS is required for ba&iDslip

and extensionp JIC twining, followed by prismati€5lip, pyramidaiy  ¢Oslip and

contraction p mp twining. CRSS is temperature dependent, and in particular the non
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basal slip CRSS decreases with increasing temperature, indicating the key role of thermal

activation in increasing the plasticity of magnesium alloys.

The geometrical relationship between the applied stress, the slip plane and the slip
direction determines whether a slip system can be activated. For a given applied stress
the analytical shear stresslong the slip or twin plane in the slip or twin direction is

given byEquation(2.1).
, TOeéi| Oeir (2.1)

where is the angle between the applied stress axis and the slip or twin diyecison

the angle between the applied stress axis and the normal to the slip or twin plane. The
orientation facto € i | (uasb known as the Schmid factor, is crucially influenced by
the texture. A strong base texture reduces the Schmid factor for base slip in certain loading
directions, thus promoting anisotropic behaviour. By optimising the texture during
processing, theistribution of the Schmid factor can be enhanced, promoting more

uniform deformation.
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Figure 2.4 CRSS values for basal slip, prismatic slip, pyramidal slip, extension twinning, and
contraction twinning and their variation with increased temperature ofvarglO].

2.2.2 Slip Systems

Slip is the fundamental mechanism of plastic deformation and occurs through the
movement of dislocations along specific crystalline surfaces. In magnesium alloys, the
activation of the slip system is controlled by the hcp structure, which has limited

symmery compared to the cubic system. As showrkrigure 2.5 [10], the basal plane

Yanheng Xie 2®& Pagel2



Tt T T p¢P TUS the most favourable slip plane, and main slip directalowing with
prismatic planes p mrt ¢ppm , first-order pyramidal planesp pp pp¢ o, and
secondorder pyramidal planep @¢ ppg o

Base planet 1t 1t pgp Ttslip is the main slip system in magnesium alloys because of its
low CRSS. Basal plane slip dominates the deformation at room temperature and can
accommodate strains along the basal plane. However, the dominance of basal slip leads

to anisotropic behavioun the properties of magnesium alloys.

Non-basal slip systems, which include prismatip prt ¢pprt and pyramidal
p Ep pp¢ oand p @¢ ppg oslip systems, are activated at higher temperatures or
higher stresses. These systems are essential to accommodate deformation vertical to the
basal planend to increase ductility and isotropy. The CRSS of-lasal slip can be
reduced by alloying with elements such as Ca and rare earth {66t#g]. Higher
temperaturesanreduce the CRSS of ndrasal slip systems, resulting in more isotropic
deformation. This temperature dependence is critical for applications requiring increased
ductility and toughness.

o (1011)[1123]

(1122)[1123]
\ ‘
G=

(0001) - (1010)

[15101/ ~
[2110]

Figure 2.5 Basal, prismatic, and pyramiddip stystems in Mg[10].

2.2.3 Twinning

Twins complement the slip system to accommodate plastic deformation, especially at
room temperature where conditions are not sufficient to activate enough slip
systemg10]. As shown inFigure 2.6, extension twins p pg p1t p pare the most

common type of twin, and their formation and growth result in the extension of the crystal
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lattice along the -@xis. In contrast, contraction twing p p1t p @re formed under
stress conditions that favour contraction of the crystal lattice alongakis.d@winning

is strongly dependent on the direction of loading, grain orientation and texture. It is
particularly common in coarsgrained materials and at low temperatures, where the
limited number of available slip systemsquires alternative deformation mechanisms.
Although twinning can help with deformation, excessive twinning localises strain and can
lead to premature failure, limiting its ability to act as an independent deformation
mechanismTwinning is prone to occur where stress is concentrated, such as at grain
boundaries or extending from another twinning, or secondary twinning is generated inside
twinning [63]. The appearance of twinning can largely change the orientation of the
crystals, thereby changing the texture of magnesium alloys. Twinning has a great
influence on the macroscopic mechanical properties of magnesium alloys, especially
extension twinningBecause of the combination of the strong basal texture typically
developed in wrought magnesium alloys and the inherent directional asymmetry of
twinning, tensilecompression asymmetry is observed in the mechanical properties of

magnesium alloyfs4].

(1072)fo11]  (1011)[1012]

\

N
(1013)[30&9;] \O_>O

~a
[2110]

Figure 2.6 Extensionand contraction twinning stystems in Nif].
2.2.4 Grain Boundary Sliding

In addition to dislocation slip and twinning, grain boundatiding and dynamic
recrystallization during deformation can also be observed during plastic deformation,
which is important when the grain size in polycrystalline magnesium and its alloys is less
than 1 em. However, in the piumoalloysctheigraim pr c
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size of wrought magnesium alloys is usua
is usually notnvestigated Therefore, how to control the plastic deformation process of
magnesium alloys has become a key factor in enhancing the strength of magnesium alloys

and improving the anisotropy of mechanical prope[6&s66]

2.3 Alloying Elements in Magnesium Alloys

Magnesium alloys are strengthened and modified by alloying with various elements to
improve their mechanical, thermal and corrosion resistance properties. The alloying
elements discussed in this chapter include aluminium (Al), zinc (Zn), calcium (Ca), rare
earth metals (REs) and silver (Ag). Each element has unique benefits, when alloyed with
magnesium, to improve the physical and mechanical properties to meet specific industrial
applications.The maximumsolubility of common alloying elements shown in Table
2.3[67].

Table 2.3 Maximum ®lubility data for binary magnesium alloj&7].

Element at. % wt. % System
Aluminium (Al) 11.8 12.7 Eutectic
Zinc (Zn) 2.4 6.2 Eutectic
Calcium (Ca) 0.82 1.35 Eutectic
Silver (Ag) 3.8 15.0 Eutectic
Yttrium (Y) 3.75 125 Eutectic
Cerium (Ce) 0.1 0.5 Eutectic
Gadolinium (Gl) 4.53 23.49 Eutectic
Neodymium () ~1 ~3 Eutectic
Gallium (Ga) 3.1 8.4 Eutectic
Zirconium (Zr) 1.0 3.8 Peritectic

2.3.1 Aluminium (Al)
Aluminium is one of the most widely used alloying elements in Mg alloys because it

improves both mechanical strength and corrosion resisf@&tce0]. Mg-Al alloys (e.g.

AZ series alloys such as AZ91) have better castability and wear resistance, making them
ideal for automotive and aerospace components. Aluminium promotes the formation of
the 0 "Q 6 phase, which improves strength at room temperature, but limits
performance at high temperatures due to phase coarsening. The amount of aluminium
added is usually limited to M9t.%, as higher concentrations reduce ductility. However,
aluminium is a neurotoxin that causes a variety of neurological diseases such as

Alzheimer's disease and dementia, limiting its use in the biomedica]#igld

2.3.2 Zinc (Zn)
Zinc is a key alloying element in magnesium alloys. The maximum solubility of zinc in

magnesium is 6.2 wt.%, which decreases to 0.8 wt.% at room temperature, which makes
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magnesiurrzinc alloysable to beagehardemrd, thereby significantly increasing tensile
strength{67,72,73] In the MgZn system, zinc can refine grain size and improve the age
hardening response of the material. The strengthening can be further improved in the Mg
Zn system by adding alloying elements such as Ag and4;a5] However, the zinc
content needs to be carefully optimised as too high a zinc contest@@aséhe melting
temperaturend also lead to brittleness.

2.3.3 Calcium (Ca)
Calcium is becoming increasingly popular in magnesium alloys because of its dual role

as a grain refiner and corrosion inhibjtand that it is inexpensive and readily available
compared tdRareEarthelementg76,77] The maximum solubility of Ca in Mg is only

1.4 wt.% at 517€C, and drops to @t. % at 200C [67]. Mg-Ca alloys are therefore age
hardening, and M@aZn alloys are particularly interesting for development due to their
excellent strengtldluctility balancq78i 80]. The addition of Ca to magnesium alloys
reduces grain size and leads to a weakening of the texture in wrought magnesium
alloys[81i 83]. In addition, Ca improves the biocompatibility of magnesium alloys,
making them suitable for use in biodegradable implants in the biomedical field. However,
excessive amounts of Ca can lead to the formation of brittle intermetallic compounds,

which reduce ductility.

2.3.4 Rare-Earth Metals (RES)
Rare earth magnesium alloys, which include-¥JgMg-Gd, Mg-Nd and many others,

can significantly improve the mechanical properties and thermal stability of magnesium
alloys[84i 86]. Rare earth elements have a high valence state, strong interatomic bonding
and a slow diffusion rate in the magnesium matrix. Adding rare earths to magnesium
alloys has many benefits, such as: (1) forming {mghting-point and highly stable
precipitates toimprove hightemperature properties; (2) forming lomelting-point
eutectics to improve fluidity and casting properties; (3) purifying the melt, improving the
microstructure and increasing the heat distortion capacity; (4) producing stronger
precipitaton strengthening and dispersion strengthening effé¢isAlthough MgRE

alloys are more expensive than name earth magnesium alloys, these properties make
them ideal for demanding applications in the aerospace and automotive ind88t86%

For example, WE43 and Myd-Zn-Zr alloys have been studied and used as orthopaedic
implants, and WE43C alloys can also be used as structural parts for aircraft seats,

integrated gearboxes, ef80].
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2.3.5 Silver (Ag)
Silver is not very commonly used, but it has unique advantages in magnesium alloys. It

improves strength and corrosion resistance while maintaining good dyétllj82]. Mg-

Ag alloys are particularly valuable in biomedical applications due to their antimicrobial
properties and biocompatibilif3i 95]. The addition of silver also promotes grain
refinement and improves the fatigue resistance of magnesium alloys, but its high cost
limits its widespread applicatid@6].

2.4 Strengthening Mechanisms of Magnesium Alloys

Magnesium alloys achieve enhanced mechanical properties through a variety of
strengthening mechanisms, each of which contributes uniquely to their overall
performanceThe main strengthening mechanisms include solid solution strengthening,
precipitation strengtheningand grain refinementstrengthening The strengthening
contributions from different sources imagnesium alloysan be givenin Equation

(2.2) [97],

W e e (2.2)

where, is total strength, is the initial strength, is the grain size strengthening
contribution ,, is the solid solution strengthening contributionand , is the

precipitation strengthening contribution.

2.4.1 Solid Solutionstrengthening
Solid solution strengthening is achieved by adding alloying elements that dissolve into

the magnesium matrix. The difference in size between the alloying elements and
magnesium atoms causes lattice distortion, which produces local deformation and
restrictsdislocation movementhen the alloying elements dissolve into the magnesium
alloy matrixthey cause lattice distortiorwhich increases the resistance of dislocation
movement, making it difficult for a slip to proceethis increags the strength and
hardness of the alloy solid solution, which is the solid solution strengthening effect inside
the magnesium alloj@8]. The effect of solid solution strengthening depends on the size
difference between alloying element atoms and magnesium atoms and the type of added
elements. In general, the greater the difference in the size of the dissolved alloying atoms,
the more allging elements are added, and the greater the effect of solid solution
strengtheningln magnesium alloys, the contribution of solid solution strengthening of

each alloying element can be expressed by the follo&dugtion(2.3),
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. L6 (2.3)

whereé is the average concentration of a single alloying elej@ng the alloying

element correlationoefficient

2.4.2 Precipitation strengthening
In addition to solid solution strengthening, the addition of alloying elements can also

cause secondphase particle strengthening effects, which include precipitation
strengthening and dispersion strengthening. As the temperature of tiveehtst sample
changes, the second phase in the magnesium alloy with alloying elements will gradually
precipitate mto the magnesium matrix with the decrease in solubility, and these
precipitates will lead to the increase in the strength of the magnesium[aBpyThe

effect of the second phase strengthening depends on the strength, volume fraction, particle
shape, distribution state of the second phase precipitatehe nature of the interface

The strengthening principle is that the precipitates hinder the movement of dislocations
in the magnesium matrix, which increases the energy required for deformation, thereby
enhancing the strength of magnesium alloys. Therefore, the more presiaitdt¢he
smaller the particle spacing, the more obvious the improveofdahe strength of the
magnesium alloy. The more dispersed the particles of the precipitate are, the more
uniform the strength enhancement will be in each part of the magnesium alloy. In general,
the strengthening effect of the secepithse particles isone significant than that of solid
solution strengthening. Therefore, by adding alloying elements to design the composition
of magnesium alloys, the combination of solid solution strengthening and sglcasel
particle strengthening has become the keyntproving the strength and plasticity of
magnesium alloyslhe details of precipitation strengthening widldiscusedin Chapter

2.7.

2.4.3 Grain Refinement
Grain refinement strengthening can not only improve the strength of magnesium alloys,

but more importantly, can improve the shortcomings of easy fracture at room temperature.
In general, forged magnesium alloys show higher fracture toughness thanocassed
magnesium alloys, because the forged magnesium alloys obtain a finer and more uniform
grain structure during the deformation process. The room temperature formability of
magnesium alloys increases significantly as the average grain size becomes. small
Therefore, controlling the microstructure of magnesium alloys is an effective method to
improve their strength and fracture toughn@83. From the strengthening mechanism,
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grain refinement increases grain boundaries in magnesium alloy. Due to the different
orientations of grains, the resistance required for dislocation movement on both sides of
the grain boundary increases, and the slip movement cannot directly enteogrdies

other side of the grain boundary. Deformation on the grain boundary requires the
simultaneous action of multiple deformation systems, so dislocations cannot easily pass
through the grain boundary and thus accumulate at the grain boundary. Because
magnesium is a metavith HCP structure, deformation twins, especially extension twins,
are easily generated when rAoasal plane slip is difficult to generate. Deformation
twinning plays a very important role in the study of the microstructure of magnesium
alloys, and its influece on the material properties may be more significant than that of
slip. Since twinning greatly changes the orientation within the crystal, intragranular
boundaries are introduced, which increase the movement of dislocations wslitiimg

the grain and within the twin. Therefore, it is generally believed that deformation twinning
is an important factor affecting the strength, ductility, formability, and failure of
magnesium [20]. The relationship between the grain size and thesyiettyth, of

magnesium alloys follows the Halletchmethodin Equation(2.4),
¢ DI (2.4)

where ,, is the yield strength of a single cryst@lis the average diameter of each grain

in the polycrystal, andis the HallPetch constantThe way to achieve fingrain
strengthening is to plastically deform magnesium alloy materials. Because of the limited
formability of magnesium alloys at room temperature, the common way to manufacture
deformed magnesium alloys is thermomechanical praggsso the processing cost is
relatively high. Wroughimagnesiuneloys are generally divided into rolled magnesium
alloys and extruded magnesium alloys. For rolled magnesium alloy sheets, different
mechanical properties and formability tend to be exhibited in different directions. For
extruded magnesium alloys, the asgyatry of tensilecompression yield strength is

usually a problem to be considered.

2.5 Texture of Magnesium Alloys

The texture of magnesium alloys is characterised by the orientation of grains, which is a
key factor affecting their mechanical properties, which include ductility, strength and
anisotropy. As magnesium has a hexagonal ghaeied (HCP) structure, textsreuch

as basal texture and rare earth (RE) texture can significantly affect deformation

mechanism§l00]. Recently, calcium (Ca) has been shown to have potential for
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improving the texture of magnesium alloys as a-effgictive alternative to rare earth
elementg101].

2.5.1 Basal Texture
The basal texture of magnesium alloys is formed during thermomechanical processing,

such as extrusion or rolling. For rolled sheets with a strong basal textuceatas of
individual grains are almost parallel to each other and also parallel to the direction normal
to the sheet surface (NDs shown ifrigure2.7. In addition,dp prQunder deformation
conditions, the majority of grains align in the direction of rolling (RD). This texture is
abbreviated asrt 1t idp priOand is called the deformed basal texture. But in a sheet with
complete recrystallisation, the orientation of the majority of the graifis gt along

the rolling direction, and this texturer 1t iép @TQ is called the recrystallised basal
texture[10].

Figure 2.7 Schematic diagram showing orientation of graifisolled Mg alloy [100].

Strong basal texture results in significant anisotropy in mechanical behaviour. The slip
systems activated during deformation are primarily bé&s@klip, which are easily
activated along the basal plane rather than alon@th€ axes[102]. This limitation

results in poor ductility and formability of magnesium alloys at room temperature. In
addition, strong basal texture also leads to asymmetric terwsiipressive yield and
limits the practicality of magnesium alloys in structural appilicet. This is due to the
significant difference in critical resolved shear stress (CRSS) between the basal-and non
basal slip systems, which results in basal slip dominating the plastic deformation
procesg103]. Measures to weaken basal texture include the use of advanced processing
techniques such as cross rolling and dynamic recrystallisation (DRX) during annealing.
Alloying elements, in particular rare earth metals and calcium, also play a key role in

weakenng basal texture by modifying the recrystallisation behaviour.
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2.5.2 Rare-Earth Texture
Rare earth elements such as yttrium (Y), neodymium (Nd) and cerium (Ce) have been

shown to effectively modify the texture of magnesium all@@®]. The texture modified

by rare earth elements is characterised by a reduction in basal plane orientation and a
more random orientation of the grains. Rare earth elements affect texture through
mechanisms such as particle stimulated nucleation (P®M)105] shear band
nucleation106,107] dynamic strainageing[108], deformation twinning nucleation
(DTN) [109], preferred growth of oriented nuc[dil0], modification of c/a ratio and
stacking fault energjl11,112] and solute draffl13i115] RE textures minimise
anisotropy and improve ductility by enabling the activation of-basal slip systems,
such as prismati@Oand pyramidalé ¢Oslip. Despite their effectiveness, the
limitations of rare earth elements, such as their high price and rarity, restrict their
commercial us§¢l16]. This has prompted the search for alternative elements, such as

calcium, to provide similar texture improvement effects.

2.5.3 Calcium (Ca) Effects onTexture
Calcium (Ca) has attracted attention as a-¢mst alternative to rare earth elements

because it can weaken the basal texture in magnesium [dlG#js It exhibits similar
mechanisms to rare earth elements, promoting texture randomisation and improving
ductility, both Ca and RE additions can introduce new-pasal texture components that
contribute to more isotropic mechanical behavidd7]. The predominant cause of Ca
induced texture modification is its fundamental effect on deformation system activity and
recrystallisation behaviour, enhancing +dmasal slip activity and redirecting
recrystallisation pathways towards HEe nonbasal orientationgl18]. The grain
refinement caused by the addition of Ca further suppresses the strong basal plane
alignment typical of Mg alloys, thereby improving ductility and isotropy, making them
suitable for commercial applications where rare earth alloys are not ecolymica
viable[119]. By reducing the cost of texture improvement, the addition of Ca can expand

the applicability of Mg alloys in the industitiapplicationg120].

2.6 Heatand MassTransfer in Materials

2.6.1 Heat Transfer

Heat transfer refers to the exchange of thermal energy between objects and is governed
by the second law of thermodynamics, which states thaha&aatllyflows from a hotter
objectto a colder one. Thermal equilibrium is achieved when all participabjegtsand

their surroundings reach the same temperdi#&]. At the molecular level, heat transfer
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can be understood as the transmission of vibrational energy from one molecule to another.
As illustrated inFigure 2.8, this mechanism varies with the physical state of matter. In
solids, particularly metals, atoms are closely packed according to the crystal structure,
enabling efficient vibrational energy transfer. In liquids, increased thermal energy leads
to stronger rolecular vibrations and greater intermolecular distances, reducing heat
transfer efficiency. In gases, molecular separation increases further, and heat is
transferred primarily through collisions. These variations in medium and molecular
arrangement giveige to three primary modes of heat transfer: conduction, convection,

and thermal radiation

Solid Liquid Gas
00000 o
OO AR b+ %0 ® o

0

000000 0,%0 0,4 ®
000000 o709 .0 o 0
000000 000, )
OOOOOCTRESr AL I 8
000000 9400 % o ®
000000 070

Figure 2.8 Molecular distribution in solid, liquid, and gas state

Thermal conduction transfers heat through direct molecular collisions and energy is
transferred from high to low. The process of heat transfer depends on the following factors:
temperature gradient, cross sectional area of the material, transfer distdrpteysical
material propertiesvhich shown in E¢2.5).
@YY

V' g

(2.5)
where0 is heat transferred per unit tigigis thermal conductivity, A iscross sectional

area Y"Yis temperature gradieri®is transfer distance

Convection is the process by which a liquid or gas transfers heat from one place to another
by fluid motion, and the heat loss from an object is proportional to the difference in heat
between that object and the surrounding medium. If convection occuralhgrit is

called natural convection. Fluid disturbance by means of fans, agitation, etc., is called
forced convectionThe energy transfer due to heat convection is given by

~

o ®Y Y (2.6)
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whereD is heat transferred per unit tigiis convection coefficientA iscross sectional
area"Yis surfacetemperaturg’Y is ambienttemperatureTypically, forced convection
provides a stronger heat exchange than natural convection and therefore has a higher

convection coefficient.

Thermal radiation is produced by the emission of electromagnetic waves that travel
through a vacuum or any transparent medium, such as air or water. All substances radiate

heat energy according to their temperatmd follow the relation
o f ,¥%Y (2.7)

where0 is heat transferred per unit tide is emissivity, , is StefargBoltzmann

constant, A iscross sectional areH"Yis temperature gradient

In this study, the heat transfer is mainly focused on the solidification of the metal billet
and its heat treatment process. During the solidification and heat treatment of the samples,
the heat conduction inside the samples and the convection betwesantple surface

and the environment are mainly considered. Considering the efficiency of heat transfer,
the effect caused by thermal radiation is negligible.

2.6.2 Mass Transport
Mass transfer is the transport of mass due to a gradient in the concentration of a substance

in a mixture, and diffusion is the macroscopic result of the random movement of
molecules on a microscopic scaf@r solidstate diffusion with no plastic deformation
and a stationary component, the concentration of solute at locefidimy and timed
within the volumes@Us-Ube given byo civdtio

— ‘ , - 0 0 (2.8)

where®is concentration of solutéjis flux of solutep and0 are the rate at which
solute enters or leaves the syst@w.following Fickds first rule, the flux of solutais

given bythe following Eq(2.9), which iscorrespondingo Eq(4.7).

L oM o 0 (2.9)
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whereO is diffusivity of ‘@ element, 4 is the concentration &h elementWe can
now enter the flux into the equation of mass transport. Let us assume there is no source
or sink of the alloying elemewt in Eq(2.8), we can have following E¢.10).

TGO 10 T 0r T Up

h
o T o - G Tt (2.10)
By combining Eq2.9) andEq(2.10), we can have,
T—‘ T—"O T—‘ T—,'O T—, T—. ’OT—. T (2.12)
oT w Tow!low w T a o

TG 1016 1 6 1O0Te 1 & 10160 1o

5 T o O G o 2te Taa org @12

If the diffusivity does not change as a function of posijtibe Ficlés second law can be
calculated in the following E(R.13), which iscorrespondingo Eq(4.8).

T _ T o T ® T w

o ° o o T m (2.13)

The chemical potential describes the rate of change in the free energy as a response to
achange in the composition
, 1o

= 2.14
€ AR @14

—u

where Ois the Gibbs free energy is the number of moles of &, is the number of

moles of B.This is an important parameter, which we will use in the kinetidgfofsion.

For a small change in composition, the Gibbs free energy can be expressed as a function
of the chemical potential. For a muettbmponent alloy witlk many alloying elements,

the Gibbs free energy is given by

O o (2.15)

where® is the atomic fraction of elemei@he chemical potential can be used to
describe the energy of state. Differences in the energy between possible states can be used
to calculate chemical driving forces for phase transformations. At equilibrium, the

chemical potentials of all species in stthble phases are equal.
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In multi-component alloysystem, lhe Gibbs free energy for thephase for a multi
component alloy witlt many alloying elements may be approximatedHgyfollowing
Eq(2.16),

O @ O "D QY Yo &
(2.16)

A A Opi Y @ A

Thermodynamic databasesch as TCMG6 and MOBMG#Aere usedh this study These
databases have calibrated the parameters for"Y for the phases present in the alloy
systems. Thermodynamic solvetsowin Figure2.9 perform equilibrium calculations to
determine the equilibrium phases present for a given composition, number of moles,

pressure, and temperature.

Thermodynamic Thermodynamic _71 Gibbs free energy /
databace TS“C:’I':"‘Er‘-:a'c / Equilibrium phase /
Software )
Composition QNDAT / fractions
Number of moles gﬁfm . —
Pressure as Matcalc 4/ Equilibrium phase /
Temperature IMaifro compositions
GE OpenCaIphad

Figure 2.9 Thermodynamic solver workflow

2.7 Precipitation Theory

Precipitation processes play an essential role in the development oettaggth
materials, particularly in alloys, where the control of microstructural evolution can
enhance mechanical properties. Precipitation theory involves three key stages:amjcleati
particle growth and age hardening. These stages explain how the precipitates in an alloy
interact with each other and influence the final properties of the material. Understanding
these processes is important for designing alloys of a range of cammosind for
different applications. Over the years, theoretical models have been developed to describe
these stages, provide insight into the mechanisms involved and guide alloy development.
Classical nucleation theory, particle growth mechanisms andhagening reactions
provide a powerful framework for understanding how microstructural evolution affects
material properties. Classical nucleation thedd@&i125] particle growth

mechanism§l26i 129] and agehardening mechanisni$30,131] provide a strong
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framework for understanding how microstructural evolution affects material properties.
As research continues to develop these models, particularly through the integration of
advanced CALPHAD thermodynamic and kinetic simulations, the accuracy of predicting
and controlling the precipitation process will continue to improve, driving the
development of the next generation of materials, particularly in magnesium alloys where

strength, weight reduction and corrosion resistance are critical.

2.7.1 Nucleation
Classical nucleation theory (CNT) provides a fundamental framework for understanding

the initiation of phase transitions, such as the formation of precipitates from
supersaturated matrix. The concept of CNT is based on the first quantitative treatment of
nucleation by Volmer and Webgt23], proposed by Becker and Ddairig22], and
improved by Gibb$124] and Farkd125]. In CNT, the nucleation of new phases is
regarded as a statistical process in which solute atoms clusters to form small particles or
nuclei. The process is driven by a balance between the bulk free energy gain from
precipitate formation and the interfacial energy associated with-sdlidl interface
formation as showing inFigure 2.10, wherered curveY'O and greencurve Y'O are
representingolume energy ansurface energyespectivelyThe Bue curve is the Gibbs

free energy " Oof this system in Eq2.17). Stable nuclei are formed when the free energy

of the system decreases, as determined by the critical nuclel gizeq. (2.18), nuclei

larger than the critical siz¥ will grow indefinitely and smaller nuclei will dissolve.

o o o T o
yo ¥yo Yo tYr —Y¥YoO (2.17)

9

VR
YO

(2.18)

whereYO is the diemical driving forcg is interfacial energyThe nucleation rate is
governed by the supersaturation level of the solute and the temperature of the system. As
the supersaturation increases, the driving force for nucleation is enhanced, and the
nucleation raténcreasesn Eq.(2.19),

yo .,

O @G o0 YD A@Bm 0 (2.19)

where'Gs the nucleation ratéyis the Zeldovichparameteff, * o is @omic attachment

rate,0’ 'Y is nuclei radius distribution functiony"O is energy barrier to nuclei
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formation, 'Q is Boltzmann constant, and is rnuclei incubation probability
Nucleation is more likely to occur at high supersaturation, GNT assumes a
homogeneous nucleation environment, which simplifies the problem but may not fully
capture the complexity of the material in the real world, where heterogeneities such as
grain boundaries and dislocations typically lower the nucleation bametsas promote

heterogeneous nucleation.

AGs

>

>

Radius of particle(r)

Free energy change(AG)

AGy

Figure 2.10 Free energyersusradius of nuclei in classical nucleation thefig2].
2.7.2 Growth
Once nucleation has occurred, the precipitate begins to grow, and the growth process
usually proceeds by diffusiecontrolled growth, in which solute atoms diffuse from the
matrix into the growing precipitatd.he rate of particle growth is determined by the
concentration gradient between the precipitate and the mathiich is governed by
Fick's law of diffusior[129]. In the early stages of growth, the growth rate is proportional
to the difference between the solute concentration in the matrix and the equilibrium
concentration in the precipitate, which showing in ¢0),

Qo

' “ — 2.2
0 T“i O,Ql (2.20)

wherevis the btal flux through a spherparticleof radiusi , Ois diffusion coefficient

and— is theconcentration gradient between the precipitate and the matrix
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In the later stages of growth, Ostwald ripening becomes significant. At this stage, due to
differences in chemical potentials, larger particles grow at the cost of consuming smaller
particles, the smaller particles dissolve and their solute atoms difitsehie larger
particleg[126,133] shown inFigure2.11. This thermodynamically driven sajenerated

process occurs because the energy on the surface of the particles is less stable than the
energy inside, and therefore the larger particles are energetically favoured over the
smaller particle$l27]. This process leads to an overall coarsening of the sediment
distribution and an increase in the average particle size with time. Lifshitz and
Slyozov[128] provided a mathematical description of Ostwald ripening which is known

as the LifshitzSlyozovWagner (LSW) theory. The LSW theory defines the boundary
between the shrinkage of small particles and the growth of large particles, described by
Eq.(2.21)

 WwWOo

YO oYO
A WY Y

(2.22)

wheredYOis average radiusnd8YOis averageinitial radiusof all the particles’ is
interfacial energyf the particle™Yis solubility of the particlew is molar volumeof the
particle Ois diffusion coefficientof the particle’Y is gas constantyis temperature in
Kelvin 0 , andodis time. The coarsening process continues until the precipitate size
reaches a steaehtate value or the system is subject to changes in temperature or
compositionIn addition to diffusioacontrolled growth, interfaceontrolled growth can

also occur under conditions where the rate of atom attachment at the prempitiate
interface is slower than diffusion. In this case, the precipitate growth is limited by the
kinetics of atoms diffusing to the interface and attaching to the particle surface, rather

than by the concentration gradient in the bulk mdfrd4].

t=0 t=later

E§E
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Figure 2.11 Schematiaepresentation of Ostwald ripegifiL35].

2.7.3 Age-Hardening Response
The agehardening process is a direct result of the precipitation of solute atoms, which

strengthen the material by suppressing dislocation motion, which is also called
precipitation hardening or particle hardeniAge hardening is usually divided into three
stages: solid solution treatment, quenching and agBimgng solid solution treatment,

the alloy is heated to a temperature below the solidudbiihabove the solvus allow

the solute atoms to dissolve into the matrix, forming a supersaturated soltmgor) the

alloy is fast cooled (quenched) to suppress immediate precipitation, with the solute atoms
remaining in solutionDuring ageing controlledtemperaturdeads to nucleation and
growth of precipitates in the supersaturated solution, which hinders dislocation motion
and increases the strength of the matefilais is because the precipitates create barriers
to dislocation motion and the interaction between daions and precipitates is one of

the main strengthening mechanigbh30]. The coherent strengthening mechanism occurs
when small, coherent precipitates induce an elastic strain field that resists dislocation
motion[136]. As the size of the precipitates grows and coherence is lost, the Orowan
bowing mechanism is dominant, in which dislocations bend around the precipitates due
to their inability to pass through the precipitates, as showigure2.12, which improves

the strength by increasing the energy required for the dislocations to bypass the

precipitate§131].

In Mg alloys,ageingresults in the formation of fine precipitates that hinder dislocation
motion, leading to improved strength and hardness. Howeveag#iegresponse in Mg

alloys is highly dependent on factors such as temperature and time, which must be
carefully controlled to achieve the desired balance between precipitate size, distribution,
and mechanical propertieln generalfine anddispersed precipitatesanimprove the
strength of the magnesium alloy. The more dispersed the particles of the precipitate are,
the more uniform the strength enhancement will be in each part of the magnesium alloy.
But it should be noted that tidealsize of the precipitate is not as small as possible. The
hindering effect of precipitates on dislocations can be divided into two types: dislocation
cutting mechanism and dislocation bowing mechanism (Orowan mechanism).
Hutchinson et al[137] mentioned that in AZ91 (M@AI-1Zn, wt.%), the precipitates

with particle radii larger than 3 nm would be bowed by the Orowan mechanism rather

than sheared. The effects of these two precipitations strengthening mechanisms on
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strength as the particle radius changes are shokigume2.13[138], with the maximum
strengthening effect occurring at the critical radiasd it wouldalso depend on the
particle separation, as that affects how easy or not the Orowan mecharibmasitical

radius is usually 5nmB0nm for precipitatefl39]. As ageingprogresses, precipitate
coarsening can occur, which eventually results in a decrease in strength. The peak
hardness is typically achieved when the precipitate size is small and uniformly distributed,
optimizing the resistance to dislocation movement. H@weif the alloy is overaged,
precipitates become larger and more widely spaced, reducing the strength. In addition to
strengthening, thageingprocess in magnesium alloys also affects their ductility, as finer
precipitates tend to maintainghier ductility compared to coarser precipitdietO]. This
balance between strength and ductility is a critical factor in the design of magnesium
based alloys for structural applications, as it determines their suitability for high

performance uses.

Figure 2.12 Schematic diagram showing the Orowan Bowing mechafiiSai.
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Figure 2.13 TheshearstrengtiWariation with dislocation cutting mechanism and bowing
mechanism, the cross point is the critical radius of precipifh8£].

2.8 General Precipitation Hardening in Magnesium Alloys

2.8.1 Mg-Zn Alloys

In magnesium alloys, M@n alloys are of particular interest due to their excellent
precipitation strengthening ability, biocompatibility and low production @441

143]. Precipitation duringageing treatment increases the strength of the alloy by
hindering dislocation movement. In addition to their mechanical propevtigeZn alloys

also have good biocompatibility because the body can absorb magnesium and zinc ions,
which are essential to tHeumanbody, so these alloys have potential applications in
biomedical implant§144i 146]. From an economic perspective, the abundant and low
cost reserves of Mg and Zn compared to rare earth-fRg9d Mg alloys make these
alloys more advantageo[s43,147] In addition, the MgZn system is an important basis

for commercial Mg alloys because zinc can form stable precipitates with magnesium.
Figure2.14 shows the aglardening curve of M@n alloys. Over the years, researchers
have made considerable efforts to understand and optimise the microstructur&of Mg
alloys, focusing mainly on their agerdening propertid®9,142] Despite significant
progress, challenges remain in understanding the structure and stability of the various
phases in the M@n system, particularly metastable precipitates that form during the

early stages of ageardening treatmef®9].
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Figure 2.14 Age-hardening response of MRZn (wt. %) and Mg52Zn (wt. %) alloys at 42K
and 473K [99].

The MgZn system consists of several intermetallic compowsdshown irthe MgZn
phase diagram iRigure2.15, which have a significant effect on its microstructure and

mechanical properties. The key intermetallic phases include:

1. 0 @@ F D "0 §F : This compound has the lowest Zn concentratamynd
30 at. %), a stable temperatufeom 325 to 341 €, and a crystal structure
DA Gl pBYBM p8 YBD pBICB similar to a
MackayicosahedroriMI) -type quasicrystabpproximan{148/ 151].

2. 0 QO & "B @ & 4 Commonly referred to as the equilibriimphaseat low
temperaturgthis phase has a stoichiometryaodunds0 at.% Zn and a hexagonal
crystalstructure 'Yooltd @ ¢ & x uBlld U @ ¢Br [152 154]

3. 0 &0 & 0 "B § : With a Zn concentratiofrom 60to 63.6 at%, this phase is
a FrankKaspertopologically close packed phasath a monoclinic structure
OTcahd ¢ @@hd p B Pho vg B [155,156] Gao and Nie
confirmedthe structure withan orientation relationship ofmt mQgzn D
OO0 1IMTMQeznD OO0 BNd QO FgznD [ TPT @ O FgznD
|| T pt [151]

4. Laves phases) "QuFe: These phases are structurally related to the icosahedral
cluster and represent stalflél4 Lave} and metastabl¢C15 Laveg states of
0 "Q@f The Cl14 Laves phase has a hexagonal strudgrefa & &)

Vg ¢ PO yB B , while the C15 Laves phadesa facecentered cubic
structure '0@a Ky & @ L8 oB [156i 161]
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5. 0 "&b & CThis phase has a cubic packing structiréohto @ @ (& B
determined by Samsdh62]. The structure is similar to th@l14 Lavesd "QuFe

phasd163].
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Figure 2.15Mg-Zn phase diagranfil64].

The order of precipitation in Mgn alloys has a significant effect on their mechanical
properties. In recent literature, the generally accepted orSer i§ . SGuiBierPr&ston
(GP) zoneY T Y 1 YT [79,165] However, the precipitation sequence of metastable
precipitates in MgZn alloys is still controversial. the precipitate morphology during
ageingof Mg-Zn alloys is shown ifrigure2.16, where it can be found that bgth and

I precipitates are present in the eadgeing precipitates. possible precipitation
sequences have been proposed by Cheng [@64]l by first-principles calculation

methods, which are shown kigure2.17.

The GP zones in the Mgn system are coherent nanomedeale precipitates that form

on specific crystal planes in the Mg matrix. These regions were initially detected using
Laue XRD and later confirmed using higésolution TEM and atom probe techniques
(APT) [165,166] GP zones play a key role in early hardening. Bhattacharjee et al. believe
that GP zones can act as heterogeneous nucleation sites for the g@hidge, but direct

imagingof GP zones remains challengifig7].

Thel precipitates are characterised by-tib@/lath-like structures, and these metastable

precipitates form during early to peageing Although! has traditionally been
considered to be a C14 Laves phase, recent evidence suggests that it is a monoclinic

structure similar ta) "® & [151,156] Several studies have reported thatis a
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composite of the "&b &and C140 "QFgphases, with occasional occurrences of C15
0 "QuF156,159]1 precipitates are characterised by a plite structure, which forms
on the basal surface of the Mg matrix during eageing Their structure is consistent
with that of C140 "QdFeand their morphology usually overlaps with thatf of
precipitate§151,168]T precipitate, asn equilibrium phase, are usually present in the

form of sphere oblocks

-l ™ ooy,

- : .."
(—[ng

s Yy

Figure 2.16 TEM micrographs showing precipitates in samples aged lfiofaZb) and 100t

(c,d) at 200€. The electron beam was approximately parallebto  Q'(a,c)and
» (b,d)[151].

_» B precipitates (rod / lath) s———> B; precipitates (lath) with OR2

/ Composite structure includes: ‘\ Structure: C14 MgZn,
G.P.zones / + C14 MgZn, \\\ OR2:[1120]c14 | [0091]Mg,
] ¢ .« C15Mgzn, . (0001)¢14 Il (1120) g
Zrerichiclugters * Mg,Zn, and similar structures N
. AY
S.S.S.S. 2D dt_ecagonal quasi-crystals |

OR: [1120]c14 |l [0001]Mg, \
(0001)c14 Il (1120)pg d
Local orderings VB’Z precipitates (plate) with OR1
+ 66.7 at.% Zn Structure: C14 MgZn,
OR1: [1120]¢1all [10T0]pg,
(0001)¢14ll (0001) g

Ae——> B: B is more stable than A, with direct orientation relationship.

Aw=m=s=s > B: B is more stable than A, without direct orientation relationship.

Figure 2.17 Precipitation sequensdor supersaturated Mgn solid solution during
ageing[164].
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2.8.2 Mg-Ca Alloys
The MgCa system allows the development of precipitahandened alloys that have

potential for biomaterial applications, and its phase diagram is showigumne 2.18.
Calcium is an essential element for the human body, in addition, the low density of
calcium p® UXYo @ helps to maintain the density bfg-Caalloys similar to that of

bone. Calcium also acts as a grain refiner in magnesium and improves the mechanical
properties of the allojl69]. At the Mgrich end of the M¢gCa phase diagram, the
equilibrium intermetallic phase is C14 Lave$Q0 ¢ which shares a similar crystal
structure 0 f& & € @& B p B B with the magnesium matrix phasep ¥

a & & of Bho v& B . This structural similarity may increase the nucleation
rate and density of precipitates in M&a alloys[99].

Rad et al. observed that the hardness afags MgCa alloys increased with increasing
calcium content due to the formation of intermetallitQd dphaseand was harder
compared to the Mg matrix phase As shown inFigure 2.19, the hardness of pure
magnesium is 28.9 HV, while MgOCa(wt. %)alloys can reach 78.8 HM 70]. However,

the 0 "Q06 Gphase tends to increase the brittleness of magnesium alloys. Wan et al.
demonstrated that the bending and compressmsticmodulus of heatreated MgCa

alloys improved with increasing calcium content. Among theX@g (x = 0.6, 1.2, 1.6,

2.0 wt. %) alloys, Mg0.6Ca (wt. %) exhibited excellent bending and compressive

strengths due to the lower contentio26 dphasd77].
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Figure 2.18 Mg-Zn phase diagrafi71].
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Figure 2.19 Effect of Ca content on the hardness of-lg alloyunder ascast conditiof171].
2.8.3 Mg-Zn-Ca Alloys
Nie et al. showed that Mgy wt. % Ca alloys exhibit only a moderate agardening
response during isothermal ageing at 200 €, but the additionwef. 20 Zn to binary
alloys leads to a significant increase in peak hardness and an accelerated ageing response,
as shown irFigure 2.20a[79,172] In contrast to the binary M@a phase with a C14
hexagonal structure, the ternary #Mg-Caprecipitated phase is still a controversial topic
because its structure and composition depend on factors such as the alloy composition,
the ZnCa ratio, and the processing conditions. This istagnding discussion has
developed over several decades.

In 1933, Paris reported the first discoveries concerning th&ihga system, studying
189 different alloy$173]. After heat treatment, Paris found a ternary compound,
0w 0 "Q4e , with a melting point of 495€, but no crystallographic data were provided.
Later in 1961, Clarkl174] gave isothermal profiles of the Mgn-Ca phase diagram at
335€ based on 76 alloys. Using-Kay diffraction (XRD) and metallography, he
observed two ternary phasésp 0 "Qa¢ and0d 0 "QaE , with structural features

different from those found by Paris.

Nie et al[79] demonstrated in 1997 that the addition of Zn toMga (wt. %) resulted in

the formation of Zrcontainingd "Q6 dprecipitates, which significantly enhanced
precipitation hardening. The addition of Zn reduced the lattice mismatch between the
precipitates and the Mg matrix, and facilitated homogeneous nucleation and a finer
distribution of precipitates. Jardim et[466,175]analysed the composition of the Mg
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6Zn-1.5Ca (wt. %) precipitates and found the composition to be clase iD"QGE
but attributed this difference to EDS uncertainties.

Levi et al[176] and Bamberger et §l77] attributed the isothermal agpardening of
various MgZn-Ca alloys tad® 0 "QG€ precipitatesput Ohrishi et al[80] found that
the GuinierPreston (GP) zone is the main contributor to thelsgdeningresponsef

the Mg0.6Zn0.3Ca (at. %) alloy at 200 €as shown irFigure2.20b. APT analyses
showed that these GP zones consist ofIdGa8Zn (at. %). They found that the GP
zone is the only contributor to atpardening in Mgl.6Zn0.5Ca (wt.%), but the
formation of 60 0 "QG¥ suppresses the GP zone in kg alloys[79]. Studies of
precipitation sequences in MgaZn alloys have shown that monolayer GP zones,

0w 0 "Q&e andb "Q0 wh & phases depend on Zn content agdingconditions

Although the MgZn-Ca ternary precipitation phase remains controversial, the generally
accepted order todByestsorrs. SGEBHEN@EYEY GYii ni
— 0 "Q0 ww ¢ . Compared to binary M@a and MgZn alloys, MgZn-Ca alloys have

a better agdardening response, and heat treatment leads to a finer distribution of

precipitates (mainlp® 0 "Qae ), which improves the mechanical proper{ié8,167]
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Figure 2.20 (a)Ageingcurves of MgCa basealloy at200 € and (b)GuinierPreston (GPin
Mg-0.6Zn-0.3Ca (at. %) alloy at 200 99].

2.8.4 Mg-Zn-Ca-Ag Alloys

Mg-Zn-Ca based alloys have excellent biocompatibility and high mechanical properties,
while Ag is a good additive for them due to its good bacteriostatic effect and strong solid
solution strengtheninfd.78]. Ag also promotes the precipitation of the second phase to
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strengthen the magnesium alloys, reduces the c/a ratio, and improves the ductility and
deformability[179,180] Quaternary MegZn-CaAg alloys have been extensively studied
to develop biodegradable magnesium alldyil,182]

It has been shown that the addition of Ag or both Ag and Ca t&&mg(wt.%) alloys
significantly improves the ageardening response and tensile yield strength (TYS), as
shown inFigure2.21[99]. Microstructural analyses by Yin et al. showed that the addition

of Ag to Mg-2Zn-0.2Ca(wt.%) alloys does not significantly alter the microstructure,
although it promotes dynamic recrystallisation, refines the second phase and reduces its
volume fraction. As a result, the mechanical properties of these alloys remain relatively
consistent, exhibitip tensile yield strengths (TYS) of ~140 MPa, ultimate tensile
strengths (UTS) of ~240 MPa and excellent elongations of 12833. EDS analysis
shown inFigure2.22indicates that in asxtruded Mg2Zn-0.2CaxAg (x=0, 0.1, 0.3 and
0.5wt. %) alloys, most of the Ag is uniformly distributed in the Mg matrix, and a small
portion of it tends to be attached to the precipitates containing Zn aji@&aDuring

the preprecipitation stage, Ca and Zn atoms ars@gregated, whereas Ag atoms remain
homogeneously distributed in the Mg matrix until they are segregated into the precipitates
under pealageingconditions.However, the exact mechanisms by which Ca and Ag co
promote nucleation remain unclear, and their exact roles need to be clarified through
characterisation of the solute vacancy binding energy in magnesium and the distribution

and orientation relationshipg Ca and Ag atoms in the precipitaj@84,185]

L —&— Mg-2.4Zn-0.1Ag-0.1Ca-0.16Zr
120 F-*—Mg-2.4Zn-0.1Ag-0.1Ca
Mg-2.4Zn-0.1Ag
110 ~ Mg-2.42Zn-0.1Ca
100 [0—Mg-2.4Zn-0.162Z¢
< —0— Mg-2.4Zn
L 90
% 3
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@© B Xy
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Figure 2.21 Age-hardening response of Mj4Zn(at. %)during isothermaageingat
160 € [99].
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Figure 2.22 SEM-EDS mapping results of a&xtruded Mg2Zn-0.2CaxAg (x=0, 0.1, 0.3 and
0 .wh. %) alloys: (a) ZX20, (b) ZXQO0.1, (c) ZXQ0.3 and (d) ZXQ(1B3].

2.9 Calculation of Phase Diagram (CALPHAD)
From the chaptersabove, the effect of improving the formability and mechanical
properties can be achieved by controlling the size of the grains in the magnesium alloy
and the solid solution and precipitation of the alloying elernentpositionsHowever,
despite the great efforts made by researchers in the process of developing new magnesium
alloys, the process of obtaining experimental results still requires a considerable
investment of time and money. Designing alloys using traditional expetaihmethds
generally require a long development cycle to develop alloys througlaridadrror and
modification[186].

The Galculation of Phase Diagrams (CALPHAD) approach is a computational method
that has evolved into a cornerstone of materials science, enabling the prediction and
understanding of phase equiliom and thermodynamic properties in complex
multicomponent systems. Initially developed to address the challenges of constructing
phase diagrams, the CALPHAD method has since expanded to integrate thermodynamics,
kinetics, and advanced modelling techniquesirh innovation in alloy design, process
optimization, and materials discoyeiThe development of CALPHAD has been driven

by advancements in thermodynamic theory, computational techniques, and experimental

validation, enabling its application to increasingly complex materials sy$18mM4 88]
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In the design of multicomponent materials, with each addition of an alloying element, the
alloy may have differentmicrostructureand propertiesand this information is rarely
obtained through experiments or manuals. Therefore, the CALPHAD method has
attracted the attention of alloy composition design researchers as the method for efficient
calculations in multicomponent, multiphase systems \hin precision required for
practical applications. In addition, CALPHAD calculations can be used to obtain
information about the metastable equilibrium and the driving forces for the formation of
stable phases. Since phases are the basic components wélsate the CALPHAD
method, the properties of each phase are modelled as a function of composition,
temperature, and sometimes pressure, so the CALPHAD method is also called the genetic
design of materialgl89]. The origins of the CALPHAD method are in the establishment

of the principles of thermodynamics and the realisation that phase equilibria can be
described in terms of free energy functions. In the 1960s, Kaufit8@h and

Hillert [191] pioneered the CALPHAD method by combining experimental phase
diagram data with thermodynamic models to compute phase equilibria for binary and
ternary systems. Their wottkighlighted Gibbs energy minimisation as a fundamental
principle in determining equilibrium states. The method was initially limited to simple
systems due to computational limitations and the lack of a comprehensive thermodynamic

database.

A major milestone in the evolution of CALPHAD was the creation of comprehensive
thermodynamic databases. These databases compile critically assessed parameters for
Gibbs energy functions, derived from experimental data anditd calculations. The
1980sand 1990s saw the emergence of software tools such as Faain|d92],
Panda{193], and FactSagj|94], which integrate thermodynamic models with these
databasedVith the development of thermodynamic databa$esCALPHAD approach

has now been incorporated into ICME (Integrated Computational Materials Engineering),
which is the integration of material information captured in computational tools with
engineering product performance analysis and manufacturingsgresaulatiorj186].

In 2011, the Materials Genome Initiative (MG the United States of Americaas
announced, in which the CALPHAD method was used to develop and manufacture

advanced multicomponent materials faster and moreetfesitively[195].

Thermodynamics is the basis of the CALPHAD approach, centred on the first and second
laws of thermodynamics and the combined laws of thermodyngh®6s197] The first

law of thermodynamics i&q.(2.22) describes the interactions between a system and its
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surroundings and states that the exchange of energy between the system and its
surroundings is balanced by changes in the system's internal energy. The second law of
thermodynamics in E(R.23) governs the system in the context of these interactions
internal processes and states that anygitrated internal process is irreversible and
necessarily generates entropy. The Gibbs free en&)gw @ thermodynamic potential

that expresses the maximum reversible work that can be performed by a system at
constant pressured() and temperature™), and is defined in E(R.24) [121]. At
equilibrium, the Gibbs free energy of the system is minimised, and in multicomponent
systems, the free energy of each phase is calculated based on composition, temperature
and pressure. The phase mixture of phasewith the lowest free energy is stable, and

the chemical potential () of each component in all existing phases at equilibrium is
equal.The molar Gibbs energy of a phase, which represents its stability relative to other
phases in a multicomponent system, is expressed (8.Esg) [198]. The Gibbs energy of
Solution phasg for liquid and the terminal solid solution phases is represented by
JO [199], which is the sum of contributions from pure component mechanical
mixtures[200]. 'QQ "@nd'Q w "Gare ideal configurational entropy and excess Gibbs
energy respectively, which are described and extrapolated by the nieeallich -Kister-
Muggianupolynomials[201]. & & "Q"@ the magnetic contribution to the Gibbs energy,
which is described by the Indeen mo[&£2]. The advantage of the CALPHAD approach

is that the descriptions of the constituent subsystems can be combined in the process to
describe a mukcomponent system, thus improving the efficiency of the component

design.

YY 0 (2.22)

Y'Y 0 2.23

y (223

"O O Y'Y (2.24)

O JO Q0 QmO adOQO (2.25)

where"Yis the internal energy of the systginis heat added to the systetm,is the work
done by the systenis the entropyln addition to equilibrium calculations, the Gibbs

free energy serves as a driving force for phase transformations. The difference in Gibbs
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energy between phases determines the supersaturation or undercooling, which influences
nucleation, growth, and coarsening kinetics. Coupling CALPHAD with kinetic models
suchasDICTRA for diffusion-controlled transformationsiseghis information to predict

microstructural evolution in alloy203i 205].

The Gibbs thermodynamics form the backbone of the CALPHAD approach. By
accurately modelling the Gibbs free energy of phases and ensuring consistency with
experimental data, CALPHAD provides a framework for predicting phase equipri
thermodynamic properties, and material behaviour under various conditions. As
computational methods and databases continue to evolve, the predictive power of
CALPHAD will further expand, enabling the design of advanced materials with tailored
properties. CALPHAD has been extended from equilibrium to +femuilibrium
calculations by combining thermodynamic calculations with kinetic and physical
property modelling. The study of precipitation kinetics has been a cornerstone of
materials science, enabling theediction of microstructural evolution and optimisation

of material properties. Early theoretical developments laid the foundations for
understanding nucleation, growth and coarsening processes, and subsequent advances
have combined these kinetic modelghna thermodynamic framework to improve the

accuracy of predictions for complex alloy systems.

2.10 Mean-field Approaches

The combination of meafield models with CALPHAD greatly improves the prediction

of material precipitation kinetics, which enables the prediction of microstructural
evolution and the optimisation of material properties. Migeld models are widely used

to describe precipitation processes in alloy systems, which is the simplest description of
the evolution of particle dispersion. These models assume that the interactions between
individual particles and the surrounding matrix can be expressed in terneanfieid
variables without the need to consider the interactions between different particles. The
main mearfield models include the Lang&chwartzWagner (LSW) model, the
KampmanrWagner numerical (KWN) model, and the SvobéascherFaulkner
Kozeschnik SFFK) model.

The first comprehensive approach to modelling particle evolution was derived by
Greenwo0d206], Lifshitz and Slyozoy128] and Wagne[207] to modelling particle
evolution, which is the LSW medield model. The LSW model describes the
mechanism of Oswald ripening, where particle coarsening is driven by a reduction in

interfacial energy. It assumes diffusion control of growth and predictsviblation of
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the precipitate size distribution. The model is derived by considering binary alloys and
dilute particle dispersion.

Kampmann and Wagner developed a mfgld numerical model, the KWN model,
which predicts the simultaneous nucleation, growth and coarsening of preciRigses

The model can be easily coupled with thermodynamic and kinetic databases to simulate
the evolution of mean precipitate parameters in rugithponent alloy system3he

KWN model describes precipitate evolution by discretizing the particle size distribution
into a series of size classes and tracking their evolution over discrete time steps.
Nucleation rates are calculated using classical nucleation theory, whildepgrowth

and sizeclass transitions are modelled assuming solute diffusion as thénmdieg
process and spherical particle morphology. The Gibbsmson relationship is applied

to adjust interfacial compositions for each size class. Additionally, the -fireédn
approximation is employed to account for changes in matrix solute concentatised

by precipitation or dissolution at each time q2@oi 211].

The SvoboddrischerFratztKozeschnik (SFFK) model not only simulates the nucleation,
growth, coarsening and chemical composition evolution of precip[@it@s213] but

also predicts the growth kinetics of both spherical andspdrerical precipitate@14i

217]. Moore et a[218] described the growth kinetics of differently shaped precipitates
using the shape factor of Kozeschnik €i2d9] and the aspect ratio kinetics of Svoboda

et al[220] on the basis of the SFFK model. The SFFK approach emphasises the coupling
of thermodynamics and kinetics by explicitly combining diffusion and interfacial growth,

enabling the modelling of precipitation in complex alloys.

The development of medreld models, from the classical LSW theory to the advanced
SFFK models, reflectthe advances in precipitation kinetic modelling. Combining these
models with CALPHAD enhances their predictive capabilities by providing
thermodynamic and kinetic parameters from a reliable database. This integration makes
it possible to design and optimise terdals with tailored microstructures and properties,
demonstrating the key role of meheld models and CALPHAD in modern materials
engineering.As computational methods and databases continue to evolve, the role
between meafield modelling and CALPHAD will further advance the design of high

performance alloys.
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2.11 Summary

This literature review provides a comprehensive discussion of the historical development,

general properties, deformation mechanisms, alloying, strengthening mechanisms and
computational modelling of magnesium alloys, and provides guidance on the potential

applications and materials design of magnesium alloys.

The low density and high thermal conductivity of magnesium make it an ideal material
for applications in the automotive and aerospace industries, where weight reduction is
critical, while biocompatibility and biodegradability are advantages in biomedical
implants. The deformation behaviour of magnesium alloys is strongly influenced by their
hexagonal clospacked (HCP) crystal structure, whihrestrictsby the slip systems.
Alloying elements play a key role in tailoring mechanical properties, corrassmstance

and thermal stability, and their mechanical properties can be improved by combining
strengthening mechanisms, which include solid solution strengthening, precipitation
strengthening and grain refinement. In addition, texture evolution has g sifluence

on anisotropy. The addition of rare earth elements can weaken the basal texture and thus
exhibit improvements in ductility and strength, while the addition of calcium elements
has the potential to replace rare earth elements in randomisitexties.

Precipitation strengthening, which is controlled by nucleation, growth and coarsening,
remains the central mechanism for improving mechanical properties. Understanding the
thermodynamic evolution of precipitates is fundamental to the study of precipitation
strengthening mechanisms. Computational methods have become important tools in the
research and development of magnesium alloys. The CALPHAD method can predict
phase equilibrium and thermodynamic properties to accelerate alloy design by identifying
optimd compositions and processing conditions. This approach links experimental and
theoretical investigations by integrating thermodynamic and kinetic models to support the
development of tailored alloys. On the other hand, riedoh models provide a
framewok for simulating microstructural evolution, capturing behaviour such as
precipitation, grain growth and deformation on a continuum scale. These models
complement experimental work by providing predictive insights into material behaviour,

reducing the reliace on extensive empirical experimentation.

Despite these advances, several gaps remain in the current understanding of magnesium
alloy systemsOne of the major gaps lies in the limited understanding of precipitation
behaviour in multicomponent Mgn-Ca(-Ag) systemsAlthough various strengthening
mechanisms have been reported, the role of complex precipitate interactions in such
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alloys remains inadequately explored. Moreover, the validation of computational models
under norequilibrium solidification conditions is insufficient, especially for ternary and
quaternary magnesium alloys that exhibit strong solute segregation. Inoaddiite
impact of minor Ag additions on recrystallisation, grain growth, and mechanical
strengthening in Mgn-Ca alloys is still not clearly understood, particularly under
thermomechanical processing conditions. There is also a lack of studies thatténtegr
CALPHAD-based simulations with experimental microstructural characterisation
methods such as SEM, EBSD, and EDX to validate the dissolution behaviour of thermally
stable intermetallic phases like M during homogenisatidmeat treatmentThere is

also a need for clear design strategies to balgmeeipitation strengthening with
microstructural stability, particularly in systems where Ag affeotk precipitationand
recrystallisation kinetics. These gaps motivate the present study, which aimdge® bri
modelling and experimental efforts to better understand and optimis2nNGaFAQ)

alloy systems.

In response, this research combines microstructure control with advanced computational
modelling specifically CALPHAD and meafield approachesto investigate the
thermodynamic and kinetic evolution of Mtn-Ca(Ag) alloys. The goal is to guide alloy
design and processing optimisation, accelerating the development gidrfighmance

magnesium alloys
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Chapter 3: Experimental Methodology

3.1 Alloy Preparation

3.1.1 Alloy Compositions

The Mg-Zn-Ca(Ag) alloy was suppliedby Luxfer MEL Technology (UK) with a

composition given imable3.1, where theactualMg, Zn, Ca,Ag content was measured
by Inductively coupled plasma optical emission spectroscopy-QEB), and the local

Mg, Zn, Ca content was measured by Enelippersive Xray spectroscopy (SEMDS).

Table 3.1 Composition of magnesium Mgn-Ca alloys

Alloy Mg (Wt.%) Zn (wt.%) Ca (wt.%) Ag (wt.%) Measure by
ZX10 Bal. 0.8 0.2 - ICP-OES
ZX70 Bal. 6.8 0.2 - ICP-OES
ZX30 Bal. 3.11 0.22 - ICP-OES
ZXQ300a Bal. 3.10 0.21 0.14 ICP-OES
ZXQ300b Bal. 3.11 0.21 0.33 ICP-OES

3.1.2 Cast and Wrought Procedures
The ZX10, ZX70 alloys was received in theaast condition. An asast cylindrical billet

of dimensionp p T X umm was cooled in a water circulating steel mould, the

solidification process showm iFigure 3.1. Materi al was cast

diameter watecooled billets, the melt was puddled and stirred in between adding

additions and left for 15 minutes to settle prior to taking OES blockshemtasting.
ZX30, ZXQ300a, and ZXQ300berec a st at 7-4nbhdiametemwiatecookd 0

at

billets, the melt was puddled and stirred in between adding additions and left for 15

minutes to settle prior to taking OES blocks #mehcasting. Billets were homogenised

at 370 for 24 hoypmst M & diegthe extrysion pardreeters u s i

are shown inmable3.2.

Table 3.2 Mg-Zn-Ca(-Ag) alloys extrusion parameters

Cast Temperat ur e 740 C, thenWatercooled
Homogenization Temperature(  C 370 Cfor 24hrs
Extrusion temper 350 C

Extrusion ratio 1:15

Extrusion speed 0.2 ~0.3 mm/s
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Mg alloy

melt, ~750°C
Core Surface
\ Heat transfer

Steel mould

Circulating
Water, ~25°C

Heat transfer

Quenched model framework

Figure 3.1 As-cast ZX10 and ZX78amples solidification process
3.1.3 Heat Treatment
Cast Mg-Zn-Ca alloyswere homogenised based on the equilibrium phase diagram
calculated usingThermacalc softwareand the thermodynamic database TCMG6
(Magnesiumbased alloys databas&)ownin Figure3.2. The ZX10 was machined into
L UL p 18 & samples and initially homogenised at temperatures of 500€C, 520C and
540€C for a period of 48 hours. This process was employed to identify the optimal
homogenisation temperature, with the objective of preventing local melting. As shown in
Figure3.3, the ZX10 alloy displayed clear initial melting following homogenisation at a
temperature of 540€C for 48 hours. However, no significant local melting was observed
after homogenisation at 500C and 520€C for the same duration. Consequently, the
subsequerZX10 alloy was homogenised at 520€ for 4 hours in order to facilitate further
investigation The labelfor the homogenisation process shown inTable3.3. For the
solution treatment, extruded ZX30 alloy sheets of dimension® p ™ & were
homogenised at 370C for 1 hour, then water quenched and subsequentlyventder

ageing treatment at 160€ for up to 196 hours.

(@) (b) (c)

- LiQuID - LiQuiD - LiQuip
= HCP_A3 sl = HCP_A3 e = HCP_A3

- C14_LAVES = CAZMGBZN3 ~ CA2MGBZN3
1~ CA2MGBZN3 7= MGZN 0~ MGZN

Volume fraction of il phases:
Volume fraction of ol phases.
E & & 7
ac

Figure 3.2 Equilibrium phase diagram of (a) ZX1() ZX30 and €) ZX70 alloys
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Figure 3.3 ZX10 samples after homogenisation at (a) 500€C, (b) 520C and (c) 540€C for 48
hours

Table 3.3 Homogenisation process of ZX10 alloy

Label Heat treatment process
H500-48 500€C for 48 hours
H520-48 520C€C for 48 hours
H540-48 540C€C for 48 hours
H520-4 520C€C for 4 hours

3.1.4 Grinding and polishing
In this study, all flat samples with varying dimensions were cold mounted into epoxy

resin. This was followed by metallurgical grinding and polishing procedures, in the

following steps:

1. The initial step is plane grinding, which is conducted using SiC papers of 1200,
2500, and 4000 grit to achieve a flat surface.

2. Subsequentlythe specimepolishedwithalmand 1/ 4 em di amond
thereby ensuring the comprehensive elimination of any residual scrakblegsolishing
cloth was pre-lubricated with isopropanol to avert the suspension from clumping.
Diamond suspensidil/4 um) was addeat 33second intervals throughout the polishing

process

3. The final stage of the process is the application @0anm colloidal silica
suspensionwhich results in the creation of a minlidke surface. To prevent the
suspension from remaining on the surface and potentially influencing subsequent
characterisation results, all polished specimens were subjected to an isopropanol wash,
followed by anultrasonic wash in isopropanol for a duration of five minutes.

4. For SEMEDS and EBSDsamples, Gatan's precision etching coating system
(PECE) Il is employed to coat and polish the samples within a vacuum system. It is
possible to perform both of these procedures on the same sample without compromising
the vacuum. The PECS Il system is a fully sslhtained, benctop tool that employs

two wide argon beams to polish surfaces and eliminate damage. This technique is suitable
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for the generation of superiguality samples for use in scanning electron microscopes
(SEM).

3.2 Phase and Composition Characterisation

3.2.1 X-ray Analysis (XRD)

A phase composition analysis was conducted on a PANalytical Aeris instrument using
average CGKU r adi ation with 2d angles spannin
voltage and current were 30 kV and 40 mA, respectively. Upon irradiating the crystals
with X-rays, diffraction patterns with specific characteristics are produced, corresponding
to a particular series of lattice plane spacings and relative intensities. When combined
with PDF card analysis, these patterns provide insights into the phasesttwnpand
content within the alloy. In this study,-bay diffraction (XRD) analysis was employed

for the straightforward determination of phases.

3.3 Mechanical Properties

3.3.1 Hardness Micro Indentation

Micro-hardness testing was conducted on samples that had been aged for varying periods
of time in order to capture the abardening respons@.he hardness ofamples is
determined by means of a Vickers hardness indenter. Two Vickers hardness indenters are
available for use in the microprep laboratory: the Mitutoyo and the Durascan. The
Mitutoyo is employed for the purpose of taking individual hardness measureme
whereas the Durascan is better suited to the undertaking of a detailed series of
measuremest the result of which is a hardness profile for the sample in a given set of
circumstances. The load was set at 0.3 HV, and the dwell time was 15 seconds. To ensure
the accuracy of the data, each map was composed of at least 10 indentations, and the mean

value and standard deviation were calculated.

3.3.2 Tensile Test
The specimens were tensioned at room temperature on a Zwick Proline Z020 mechanical

testing machine and stress and engineering strain were measuredausidgo
extensometer coupled witlkestXpert Analytics softwaran which tape markers were
attached within theesting areaf the specimen and the change in their separation was
tracked in real timeThe specimens were cut from extruded ZX30 alloy with dimensions
of p m T ™ & using electrical discharge machining (EDMJong the extrusion
direction, the tensile specimen dimensions are showigure3.4, the specimen length,
width and thickness were followed for British Standd&#il]. The specimens cut from

the extruded ZX30 alloys were tensioned using a 5 kN load cell at a constant speed of
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0.75mm/min. Finally, the extruded ZX30 samples were tested in tegtasgled and

solutiontreated conditions.

17.00

n
=
8
2 00

Figure 3.4 Extruded ZX30 tensile flat sampéehematics with 2 mm thick dimension
The engineeringstress and strain were recorded during tensile and compressive testing
and subsequently plotted as stregain graphs. The stressand engineering stramn

was calculated using the followirguation222] :

9 31
” 6 ( " )

Yo

- (3.2)

3.4 Microstructure Characterisation

3.4.1 Optical Microscopy (OM)

Optical microscopy (OM) investigations were conducted in the Nikon microscope (Nikon,
Japan) on aseceived conditions and heiaeéated magnesium alloys. The samples were
prepared by grinding with SiC paper up to 4000 grits, with the use of water agaritibr
Subsequently, the samples were polished using a diamond suspension (approximately
0.25 em particle size) in isopropasmpl , f
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on different Struers MBChem porous neoprene polishing pads. The optical microscope
observations provided an overview of the distribution of precipitates, grain boundary
distribution, and grain size. The average grain diameter was then calculated ugied Ima

software.

3.4.2 Scanning Electron Microscopy (SEM)
The samples were prepared for scanning electron microscopy (SEM) using identical

methods to those employed for optical microscopy. A scanning electron microscope
(SEM) was employed to identify the presence of resolvedidend phaseand to analyse
surface topography. This was carried out using InspEtF50 and JEOL JSM7900F
Schottky field emission gun (FEG) SEM, which enabled the collection of secondary
electrons (SEMSE) and backscatter electron (SEB3E) images. An accelerating
voltage of 20 keV for the electron beam and a working distance of 10 mm weg/ecpl
Subsequently, the data was processed using ImageJ to obtain the size, distribution, and
density of thesecond phasparticles, and using MATLAB to calculate the amoaoht
second phasparticles along the grain boundary and the area fractioescoind phase
particles. This analysis was conducted using 6 images, with a surface area of

approximatelyo mTmg uetm per i mage.

3.4.3 Energy-dispersive Xray spectroscopy based on SEM (SENEDS)
Scanning electron microscopy with enedjgpersive spectroscopy (SEEDS) is a

technique used to determine the chemical composition of a specific point on a scanning
electron microscope (SEM) image. This is accomplished by measuring the energy of the
chamlcteristic Xrays produced when electrons interact with the atoms in the sample. The
incident electrons may excite and release bound electrons in the inner shells of atoms.
The electrons in the outer shells of atoms fall into the gap left by the innis; gheileby
reducing their energy and releasingays. The energy of theserdys is dependent upon

the shell from which the electrons originate and that to which they travel, and is unique
to each element. Consequently, the elemental composition ofea gample can be
ascertained. The use of an Inspect FEI F50 or JEOL 7900F field emission gun (FEG)
with an EDS probe and an Oxford Instruments AZtec XhaQ detector allows for the

rapid generation of information regarding the chemical composition ofkdhle,
including the identification of elements present, their distribution within the sample, and
their relative concentration. Energyspersive Xray spectroscopy (EDS) is frequently
conducted in backscattered electron mode concurrently with the irsgaealectron

microscope (SEM) at an operating voltage of 20 kV. Eneliggersive Xray
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spectroscopy (EDS) identifies the types of elements present and the percentage
concentration of each element in the sample. In this study, EDS is typically employed for
qualitative analysis of the distribution of alloying elements compositions. SEM

observéions and EDS measurements were conducted using Oxford Instruments Aztec

software.

3.4.4 Electron Backscatter Diffraction (EBSD)
Electron backscatter diffraction (EBSD) was conducted using a JEOL-7980F

Schottky field emission scanning electron microscope, equipped with an Oxford
Instruments Aztec HKL Advanced Symmetry System EBSD detector. EBSD was
employed to measure the texdwf the ascast, asextruded and annealed samples. The
orientation data were plotted in polar figure (PF) and inverse polar figure (IPF) form to
demonstrate the orientation distribution within the sample. The electron beam
acceleration voltage was 20 kedhd the working distance wa8 inm. The EBSD
mapping data were analysed using Oxford Instruments AZtec Crystal software, which
provides fundamental tools for processing the data.

3.4.5 Electron Probe Micro-analyser (EPMA)
The EPMA (electron probe micianalyser) map and point data were determined using a

JEOL JXA8530 Plus Hyper Probe, which is equipped with four WDS crystal
spectrometers and an Blletector. This allows for precise and accurate quantitative
elemental composition analysis of composite systems on a micrometre scale. EPMA
serves to supplement the visual inspection of the microstructure conducted in the scanning
electron microscope byrgviding quantitative information regarding the chemical
elements present uadthe electron beam. In the present study, the electron beam has an
acceleration voltage of 15 keV and a working distance of 10.9 mm. The raw data is then
subjected to pogtrocessing using MATLAB, with the objective of obtaining the

elemental distributio and intensity.

3.4.6 ScanningTransmission Electron Microscopes $TEM)
The transmission electron microscope (TEM) is employed forinttagying and ECS

scanning of minute precipitates that are beyond the resolution capabilities of the scanning
electron microscope (SEM) which is capable of identifying precipitatessanodnd
phass in experimental alloys. Furthermore, it is employed to determine the
crystallographic orientation, size, habit plane, and quantitative density of precipitates. In
conventional TEM operating mode, the sample is illuminated with a parallel electron

beam, which is captured by a camera, with each image pixel being recorded
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simultaneously. Similar to the SEM, the STEM also uses an electron beam to focus on a
small probe of the sample and scan across the desired area. The STEM detector records
each image pixel, thereby reducing the distortion of the image that is caused by
polarizatiorrelectron interactiondn this study, data from the literature on STHWS

were used to observe the composition and shape of fine precipitates, thereby addressing
the limitations of insufficient resolution in SEMDS data and optimising the

precpitation model.

3.5 Error Measurements

In hardness testing, either instrumental or human error can cause the data to randomly
deviate from the true value, and the variance of the data set is usually represented by the
standard deviation. The standard deviationis calculated by taking the square root of

the value obtained by comparing the data point with the overall mean, given by the

equation:
i —_— (3.3)

wherew is value of théQ@point in data setdis the mean value of the data sets the

number of data points in the data set.
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Chapter 4. Modelling Methodology

4.1 Calculation of Phase Diagram

The ThermeCalc thermodynamic modelling software is employed for the prediction of
equilibrium phase diagrams and pequilibrium (Scheil) solid phase diagrams.is

based on the CALPHAD method, which employs an experimental evaluation of unary,
binary and ternary phase diagrams to calculate free energy functions based on
thermodynamic theory. This enables the deduction of potential alloy compasitiens
expected phase compositions of higheter phase systemsredict equilibrium phases

as a function btemperature. The Schemhodule can be employed to simulate the
solidification process and to determine the phases formed duringequalbrium
solidification, whichis predicated on the assumption that there is no diffusion in the solid
phase, that the liquid composition remains constant and that thdigoicinterface is
always in local equilibrium. Th&hermoaCalc propertymodulecan be usetb calculate

a number of alloy propertiegich as chemical driving forces, interfacial energies, liquid
andsolidus temperatures and general phase transition temper&tuoe$o initiating the
design experiment process, the initial phase diagram analysis of all magnesium alloys
was conducted using Thera@alc software[192]. In the case of magnesium alloys, the
current database, TCMG6, is employed for the calculation of the phase diagram and
thermodynamic propertig223]. Furthermore, it is used for the prediction of phase
equilibria and the simulation of the solidification process of rudthponent magnesium
alloys. Additionally, MOBMGL1 is ahermodynamic database needed to prddiettic

data, offering kinetic evaluations for the diffusion and precipitation mod228]. In

order to calculate theecond phasgeneration and dissolution temperatures,sé@nd
phasecontent, and the melting point of the Mg-Ca(Ag) alloys under study, the
Equilibrium Module was employed. This was done at equilibrium conditions.
Subsequently, the Scheifloduleis employed to calculate the temperature at which the
alloy generatessecond phase at norequilibrium during actual solidification, the
percentage of the alloy solidified, and the percentage of solidified pl&sasalysing

the phase diagrams, the temperatures angositions necessary for the formation and
dissolution of thesecond phasecan be identified, which can assist in determining the

optimal heat treatment for this alloy system.

4.1.1 ExtendedScheilGulliver Solidification Models
The Scheil model is predicated on three fundamental assumptions: (1) The solidified

phase is considered to be in a 'frozen’ state, whereby reverse diffusion in the solid phase
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is not taken into account; (2) diffusion in the liquid phase is assumed to be so rapid that
the liquid phase always has a homogeneous composition; and (3) the liquid and solid
phases are in phase equilibrium at the local interface. The classical Sclaibrequ

provides a reasonable estimate of the solute distribution in the solid phase, as well as the

proportion of the eutectic composition during solidification. This can be expressed in the

subsequent equatiof224:
6 06 Q (4.2)
6 MQ6p Q (4.2)
q 9
5 (4.3)

whereo is the solute concentration in liquidl, is the solute concentrationsolid, 0 is

the nominal compositionQis theliquid fraction and™Qis the solid fractionin the
Classic Scheil model,Qis taken to be constant throughout the solidification process.
However, in multicomponent alloy systems such asavigCa, this assumption can result

in significant deviations from actual segregation behaviour. As solidification progresses,
the interactiorbetween multiple solugdeads to a dynamic partitioning environment, in
which the local value ofevolves due to changing interfacial compositions. Furthermore,
the assumption of complete mixing in the liquid phase may not hold near the terminal
stages of solidification, where the accumulation of solute in interdendritic regions and the
formation of @ncentration gradients limit diffusion. These breakdowns in the model's
assumptions result in inaccurate predictions of solute segregation and intermetallic phase
formation, especially in regions of strong solute enrichniearhin et al[225] calculated

the solute partition coefficienQin this equation by employing electron probe
microanalysis (EPMA) grid measurements in order to analyse the redistribution of solutes
that accompanies solidificatiomhe CALPHAD method in Therm@alc softwarecan

also be used to determine the evolution of liquid and solid compositions during
solidification, and the results can lmtegratedwith information on the stability of the
phase in order to predict the solidification proda€2]. However,in the present study

of the MgZn-Ca ternary alloy system, discrepancies were observed between the Thermo
Calc predictions (using the TCMG6 database) and experimental results obtained-by SEM
EDSexperiment$223]. To address this limitation, a refined CALPHAiased approach
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tailored for ternary alloy systems has been developed. This method extends the
conventional CALPHAD procedure by directly incorporating phase diagram data to

calculate the Scheil solidification pathway more accurately. It is applied to describe the
solidification sequence of Mgn-Ca alloys with the aim of improving consistency

between simulated and experimentally observed microstructures

The Scheil solidificatiorpath predictionsn CALPHAD for binary alloy systenis well
established224,226] To illustrate the approach, consider theB alloy systenshown

in Figure4.1, with hypereutecticcomposition andat astaring temperaturenarked by

the pointX. In the event of equilibrium solidification, the composition of A and B would
remain constarduring cooling alonghe X-Y vertical line.However, n the event ofar

from equilibrium solidification, which adheres to the established Scheil rules, the
solidification path will be that of the primary solidification of the solid B phagmmit

E with the liquidus temperaturé. It will then proceed with segregation through the red
liquidus curve until it reaches point C at the eutectic pdim. solid fractios at point E

"Q'0 handat point Q6 , can be calculated by applied lever rule:

o 00 00
Q0 —go— T
(4.4)
Y 0o OO
Q0 —gg — P

It can be observed that the fraction of solids at point C is not equal to one, indicating that
a eutectic reaction will occur at this composition to produce both phase A and B until
complete solidification.Furthermore, by monitoring the ret@ine segregation of
compositios, the actual reaime change in solids fraction during Scheil solidification
can be determined\ssuming that the initial composition of Bus 1T, the composition
at the eutectic pointis Q¢ (the realtime composition during solidification is "Q
and the temperature at tifh composition is'Y atthe liquidusline, the solid fractioriQ 'Q
at the’th composition can be expressed by the following equation:

0 Q 0 ™

0 Q

"QQ
(4.5)
O M 0 Q v QEQ

The Scheil calculationbased onThermaeCalc show the predicted segregad
compositionin each of thephasess in agreenent with this solidification curveand

discretisatiorsegregation approachs the example ifrigure4.2 shown that, hough
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the liquidus lingorimarily reached isvaries with the Ca contettwt.%, 5 wt.%, 10 wt.%
at temperature 68D, 620C , 580C , respectively. ie endof solidificationpoint issame
reached at the eutectic temperatliee Ca content at theutectic point isL6.17 wt.%,
and the solid fraction of each Ca content samples when reachimgtiticpoint is

following the Eq(4.5) proposedn this chapter

1 phase: liquid X B
E e
Tm,A A ° T1

£ | tiquid+ = liquid I solid B
2 solid A 'quia i+ Sofl
o
g C D DO
IE 2 phases: solid A + solid B

A Composition (% B in A) B

Figure 4.1 Scheil solidification patlimarked in redjor abinary alloy system
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Figure 4.2 (a) Mg-Ca binary phase diagram and 8oheil solidification curve of Mg
1wt. %Ca, Mgbwt. %Ca, and MglOowt. %Ca by ThermeCalc

The binary system solidification path can be readily understood from the temperature
composition phase diagram in accordance with the Scheil mddelever,application

of such a model tthe solidification process in ternary alloy sysiemot straight forward,
sincetheliquidus lines in the binary phasee replaced blquidus surfaces in the ternary
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phase diagramThe work of Chen et al. and Boettinger et[226,227]introduced a
ternary eutectic solidification model and a Sciieibed approach for ternary alloy
systems, in which the newly formed solid phase remains in local equilibrium with the
surrounding liquid. As solidification proceeds, mass balance is maintaynatiowing

the composition of the liquid phase to evolve continuously, while the composition of the
solid phase remains fixed after formation, consistent with the assumption of negligible
solid-state diffusion during solidificationBasal on their research, theurrent work
proposesadditionalassumptionso describehe ternary solidification patis an extension

of binary eutectic systenfl) Scheilsolidification will proceed at the liquidus surface in
thermodynamic equilibrium; (2he solidification path will follow the maximum decrease
gradient of liquidus; (3) when the solidification path reaches a monovariant line, it
continues along the monovariant lineor Mg-Zn-Ca ternary eutectic system, the
solidification path will end at the ternary eutectic point.this approach, the Scheil
solidification pathway is constructed by following the direction of maximum liquidus
gradient descent, as determined directly from the ternary phase diagrarpatiiway
which represents the steepest descent in liquidus temperature towards the eutectic point,
is referred to in this study as the Liquidus Minimising Scheil (LMS) pathMagxample

of A-B-C ternary alloy eutectic system is shownFigure4.3. The initial composition

and temperature start at poidt, the composition remains the same in the liquid state as
the temperature cools to the liquidsisrface(point® ). From point® to pointe will

follow the LMS route and formed matrix phase in this stage, which willarmbintc ,
where is the monovariant line (the cross line of two liquidus surface). Fromépdimt
point® , the temperature will decrease following the monovarianttlihéhe ternary
eutectic point at poind , and form matrix phase and first second phase in this stage.
Finally, the composition will remain at poiétt, and form matrix phase and two different
second phases. It should be ndlitieat the segregation of A, B, C content will follow the
solidification pathway as the red linefigure4.3 shown. The calculation dfiscretisation

solid fraction in E4.5) for A-B binary system can be extended to the following equation

for A-B-C ternary system

0 Q 0 T 0 Q 0 1

QQ

v Q@ v Q (4.6)

O M 0V Q v QEQ
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Figure 4.3 Scheil solidification path in ternary alloy system

With the calculatedliscretisatiorsolid fraction, theemperaturesolid fraction diagram

can be draw to describe the Scheil solidification process. Meanwhile, the segregation
profile of each content can lbellectedfrom thediscretisatiorsolidification path, which

can provide the local chemistry at thescretisationarea. In this research, the local
chemistry of the segregated alloying element can be helpful to improve the
thermodynamic status of local solid state phase transitiom;aadlatethe composition
input of mearfield simultion in the following chapter.

4.1.2 Diffusion and Homogenisation (DICTRA) Simulations
The Scheil model makes different assumptions about diffusion in the solid and liquid

phases. For most metal alloys with solute elements,-solid diffusion has a less
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significant effect on solute segregation than ligligdid diffusion, because the solute
diffusion coefficient in the solid state is usually several orders of magnitude smaller than
that in the liquid state, depending on the temperatiigufe 4.4). Therefore, the
assumption of no diffusion in the solid phase is not correct for most industrial or
laboratoryscale solidification rates, but it can be applied to obtain an approximation of
microscopic segregation during rapid coolihga billet with a large macroscale and a
slow cooling rate, the back diffusion that occurs between solids has a greater effect on the
local solute distribution of the alloyAt the microscale, the segregation of alloying
elements induced by rapid cooling aligns with the predictions of the Scheil model. The
resulting second phases, driven by solute enrichment, are predominantly located at
dendrite tips or grain boundaries. Thehaviour arises from the lower solubility of solute
elements in the solid pragompared to the liquid, leading to their progressive rejection
into the remaining liquid during solidificatioifter the segregation composition of the
magnesium alloy system has been obtained using the Scheil model, a diffusion analysis

of the subsequent homogenisation process can be carried out.

Diffusion coefficient of Mg-Zn-Ca alloys

Temperaure (°C)

Range:
107 to 1078

(s/;m)y la

Diffusion coefficient in liquid

~——Tracer Diffusion Coefficient of Ca in LIQUID Tracer Diffusion Coefficient of Zn in LIQUID

Temperaure (°C)

Range:
10722 £0 10~1"

[
W

(s/m)y

Diffusion coefficient in primary solid phase |

—Tracer Diffusion Coefficient of Cain HCP_A3 Tracer Diffusion Coefficient of Zn in HCP_A3

Figure 4.4 Tracer Diffusion Coefficient of Ca and Zn element in liquid and primary solid phase
of Mg-Zn-Ca alloys.
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Fick's laws are the classic theory for studying diffusion. Fick's first law relates the
diffusive flux to the concentration gradient, assuming that the flux flows from a region of
high concentration to a region of low concentration and that its magnstpdegortional
to the concentration gradient, which showind=m(4.7) [228,229]
0o
Qw

4.7

whereuvis thediffusion flux, Ois thediffusion coefficiente is the concentratiomis

position, the dimension of which is length.

Fick's first law applies to systems under stesidye conditions, where the concentration
profile does not change with time. In contrast, Fick's second law is used to describe non
steadystate diffusion processes, making it more suitable for physicamgsn which

concentration gradients evolve over timdiich can be written as K4.8) [229].

Q0 o (oY) 48)
QO '

where— is represents the rate of change of concentration in a certainQisa,

thediffusion coefficient—is representshe spatially rate of change concentration

curvature For multrcomponent alloy systems, Zhang et[@l30] proposed the governing

Fick's law equation for solute transfer in "n" alloy system

T® S P o T ‘
T n O rw w oo—b Q p8e p (4.9)

where® and® are the concentrations of the solute elemeatslj in phase« (« take
L for the liquid phase or S for the solid phase, respectively)namdhe number of
elements. The™" element is chosen as the solvenrtrepresents the rate of change of the

solid fraction'Qwith respect to timé. O j is the element of the diffusivity matrix for

phasex. It is calculated as follows (the subscrigtas been omitted for simplicity):

6o ©0 O (4.10)

(@) ) w ol — (4.12)
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whereO is the diffusion coefficient in terms of the volume fixed reference frames
the Kronecker delta ( =1 if i =k, otherwis¢ =0),® andd are the mole fraction
and atomic mobility of elemeitin a given phase, is the chemical potential of element
k. Considering iraternary systeni230], Eq(4.9) can be written as

@ @ "0

3 O — 0 — D O — "Q ph 412
5 T & & & W w 5 ph (4.12

—a
—a
—a

® T

—a

wherec denotes the mole fraction of compongrtis the diffusion distangandt is the
diffusion time.© andO are main interdiffusion coefficient andO the cross
interdiffusion coefficientsO andO reflect the effect of concentration gradients of
element 2 on the fluxes of element 1 and of element 1 on the fluxes of element 2 in

sequence.

In addition, Andersson and Agren proposed a simulation method using atomic mobility
to simulate diffusion reactions in muttomponent alloys according to diffusion mobility
and thermodynamic factors, whid¢tas been incorporated intbe DICTRA model in
ThermaCalc softwardg205,231] In this theory, it is assumed that the diffusive flux of an
element depends on the diffusivity and concentration gradient, and the diffusivity is a
function of the atomic mobility and the thermodynamic driving force, which is expressed
in Eq(4.13).

0 b — (4.13)

whereQis the diffusivity, (s the diffusing componentis the gradient component-
is the thermodynamic factdy, is the atomic mobility ofQ andO is diffusion distance.

This diffusion model DICTRA of Thermoalc software, which can be used to calculate
the homogenization process within the alloy and the diffusion between different alloys,
etc., and has achieved important applications in the heat treatment processflmetal
this study, the simulation of homogsesi heat treatmemtill be carried out by DICTRA,

and the distributions of threecond phasand the concentration changes with time which
diffuse into the primary phase by sebdlid diffusion can be studied lmpmbning with

the solute segregation parameters obtained from the Scheil model met@vedn

this study, DICTRA is employed to describe two diffussoenarios(1) seltdiffusion of
chemistrywithin the matrix phase, and (2) diffusion across a moving phase boundary

between the matrix and the second phase. These two mechanisms play crucial roles in the

Yanheng Xie 2®& Pages2



homogenisation and phase transformation processes. The theoretical basis for these two
types of diffusion models is described as follows:

1. Self-diffusion

For the seHdiffusion process inmatrix phase, isothermal system, the flux of
componentQalong the airection is governed by the gradient of its chemical potential

and expressed as:
0 0 — (4.14)

wherel is the kinetic coefficient matrix arid is the chemical potential of component
‘QIn practice, crossoupling terms (i.e., correlation effects with mifor'Q “Qare
often neglected, reducing the expression to:
: N . w1
U v — U — 4.1
Ta 0“7 & @19
where,0 represents the atomic mobility acdis the concentration of componétx
This flux equation is coupled with the continuity equation for conservation of mass, which
in planar form becomes:
T T
— —. U 4.16
5 T o (4.16)
This formulation describes the local temporal evolutioncofs a result of flux
divergence. The flux can be further expanded using the chain rule in terms of
concentration gradients of all components:
1o o

0 0 @—— o —,
T w 5 (4.17)

—a

where’O is the effective diffusion coefficient of componeé@with respect to the

concentration gradient of componéQgiven by:

o 0 (I>TT—~ (4.18)

This approach allows for accurate simulation of multicomponent diffusion in the matrix

under the assumption of a stationary phase interface
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2. Moving phase boundary diffusion

The moving phase boundary model assumes local equilibrium at the intg¢Hace
chemical potentials of all components are continuous across the phase boundary, although
their gradients may be discontinuous. Mass balance across the moving interface requires
the following condition:

VT ® @ LV U QD pBR p (4.19)

wherev is the interfacial velocitypo andc are the concentrations at thendf sides

of the interface, and and0 are the corresponding fluxes.

In binary systems, the interface concentrations can be obtained directly from phase
diagrams, and the interfacial velocity can be calculated once the fluxes are known.
However, for ternary or higherder systems, the interface state must be resolvedjtinrou
iterative numerical procedures due to additional degrees of freddosnmodel allows
DICTRA to simulate complex diffusienontrolled transformations and interface
migration in multiphase systems, which is essential for accurately predicting
microstrictural evolution during homogenisatidfor further theoretical treatment and
numerical implementation of this approach, refer to works by Aft@8], Crusius et
al.[232], and Hdalundet al.[233].

4.2 Mean-field Theory

The mearield modelassumes that the precipitates or grains can be approximated by
simplistic shapes, such as spheres, cubes or cylindeeskey attributeof meanfield
approachis that the solute depletion surrounding each precipitate is averaged over the
whole matrix, which is then represented as a single mean field with one average
composition. This average composition evolves dynamically as the precipitate volume
fraction inadeaseskor the modelling of solidificatiorhe lines are then discretised into a
series of evenly spaced nodes, each of which is assigned a composition. For the modelling
of diffusion, this composition can be a predicted value based on Schiel's calculations of
chemical segregation during liquid pkasooling, or a predicted value based on
measurements of the segregated composition of the alloy using SEM and EPMA. In the
modelling of precipitation, this composition is assigned as the nominal composition of
the alby system.
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In this study, the model assumes that only local diffusion on a microscopic scale occurs.
This means that element rearrangements may occur within each node to facilitate phase
transformations, but there is no diffusion between nodes. Therefore, altheuglodiel
simulates each node, the logic of the model can be simplified to a single node and remains

the same.

The modekimulateghe heat treatment process. The method used is linear interpolation

of the temperature between predefined tter@perature points. In this application, the
temperature is linearly increased from room temperature to the heat treatment temperature,
held forthe same time as the experimental sample, and then quickly reduced back to room
temperature. Another assumption of the model is that the temperature at each point within
the grain instantaneously reaches the heat treatment tempeasttiréhat there is no
thermal gradient throughout the sample. This assumption is considered valid given the
relatively small size and high thermal conductivity of the sample on a microscopic scale.

4.2.1 Thermodynamic preparatory calculations
Thermodynamic and kinetic variables are key input variables to the-ieé&himodel.

While some values, such as interfacial energmdnucleation siteconcentrationgre
considered unknown and can be changed when calibrating the witddelreasonable
bounds other variables can be calculated from the TCMG6 and MOBMG1 databases as
well as the CALPHAD methof92,223]

It is convenient to calculate information regarding the equilibrium properties of the
precipitate phases of inter¢204]. The values extracted include tbelvustemperature

for each precipitate as well as the equilibrium value volume fraction, precipitate
composition, phase chemical potential, and matrix diffusivity as a function of temperature.
The mearfield model requires these values to kewn outside of the precipitation
stabilization rang#o capture dissolution kineticshe equilibrium properties can be fine
tuned to improve accuracy through an energy contribution to the Gibbs free energy of the

precipitate phases

To save calculation time, the thermodynamic and mobility terms which required from
meanfield model can be implement by using surrogate models {@.26) and Eq(4.21),

the teams will introduce in following chapt2.2

¥o @ (4.20)
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Applying the results of the surrogate model to each node of the-ireé&chmodel (each

of which may have a unique composition) assumes that these values are independent of
temperature. This is clearly an inaccurate assumption, since composition is addae va

in phase stability, diffusivity, and the presence of phases. However, if it is assumed that
compositional variations between nodes are small (which is the same assumption made
when diffusion between nodes is not taken into account), then the amsurigpt
simplified to one that these variables are insensitive to compositional variations over a

small range.

4.2.2 Mean-field Model
The spatial distribution of precipitates is influenced by ldsatmodynamiconditions

that directly govern nucleation, growth, and dissolution of particles. Tracking the
statistics of precipitate dispersidne., volume fraction, particle size, number density)
during complex thermonechanical histories is of practical importance. A highly
effective method for this is the meéeld theory of precipitation. In this framework, the
growth of a precipitate is driven by interfacial energy and the diffusion of chemic
species toward or away from the particle. The precipitates are embedded in a matrix with
anaverage or mean composition field. Changes in precipitate statistics are determined by
solving a continuity equation for the particle size distribution. Strictly speaking, the mean
field approximation assumes low precipitate volume fractions, meaning yweakl
interacting diffusive fields between particles. For the magnesium alloy systems

investigated in this study, the meh@ld assumption is a reasonable approximation

4.2.2.1 Continuity
The particle sizdistribution functiodO'Yhd is defined such that the number of particles

per volume at a timéwith sizes lying in the intervafto'Y 'Q"Ys given by O'Yid 'Q "8
Key dispersion parameters can be calculated directly from the moméaxytof. For
example, the number of particles per volume, mean particle size and volume fractions are

the zeroth, first and third moments of the particle size distribution

O o "O'Yh Q'Y (4.22)
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T .
%00 s Y 'OYD QY (4.24)

wherel 0 is the number density the mean particle radius abethe volume fraction.

The GibbsThompson effect will drive growth/dissolution of precipitathsing the
coarsening stage of precipitate evolution. Prior to this, it is the supersaturated solute and
resultant composition gradients from the matrix to the precipitate interface that control
growth If each particle has a ratdY ® YhO , this will change the particle size
distribution. To ensur@'YId does not develop discontinuities a continuity condition
must be imposed. This results in an advective differential equatié® T . Source

and sink rate terms can be included to accountntaleationand dissolutionrates

'Y and . ‘YD respectively The continuity equation for the particle size

~

distribution is given by

TO T OO o WD ] . .
T Y o Yo _ Y (4.25)

Particle evolution over time is predicted througmporal integration of the continuity
equation. It is a conserved systesimere particles cannot be gained or,lasiess through
nucleation or dissolution everjt26]. In the model applied dissolution is controlled by a
boundary conditiorimiting the minimum radius rather than calculating the sink rate

explicitly.

4.2.2.2 Growth
The growth rate in this equatiab 'Yt [234] is a function ofthe surface energy,

diffusion across the precipitation boundary, the precipitation radius and the critical radius
Y, and the precipitation radius and the critical radiusan be shown that the growth

rate is a quadratic function of the curvature, and for spherical particles, can be expressed
in terms of the patrticle radius:as

svis 20 P P v
@ Yo Yo Yo ° (4.26)

aYwv p YO 10 OYO (4.27)
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The correction factor 'Y has been developegccount for overlapping depletion
zones[126,234]The driving force for the growth of spherical particles can be expressed
by theGibbsfree energy Oin following equation

T

YO YO YO t“'vY7 F'Y y'O (4.29)

whereY'Ois surface energy andO is volume energyThe relationship between the
change in free energy and the particle radius is shown iRithuge 2.10. The critical

radius of a particle is the smallest size at which it is thermodynamically stable. Below the
critical radius, clusters are not large enough to initiate the nucleation process. Above the
critical radius, particles will form and growromFigure2.10we can calculate theitical

radius’Y by differentiating Eq(2.17) to zero, then.

¢

v g
YO

(4.29)

whereY"O is Chemical driving forcg is interfacial energyChemical driving force can

then be derived from the particle composition and the chemical potentials and summing
over all component elementd isaffectby the misfit strain energy [234]. With these

considerationsy"O can be epressed as

yo 7Y @ (4.30)
v 9 (4.31)
P L

where- is misfit strain,Oi s Youngod®i sno®ol ss@nsdmolarr at i ¢
concentrations of th@& alloying element in the particle phases.and’ refer to the
chemical potentials of the precipitate and matrix phases considerirightldoying

element.

The diffusion across the precipitate interface is described bydedm This variable is
dependent on theffective diffusivity within the matrix, and therecipitates interfacial
energy . The mearfield coarseningimulationis highly sensitive to define the interface
energy . The interfacial energy is determined by the broken bonds separating the
matrix and precipitate, and is thua function of temperature and chemical
composition235,236] which can be obtained by fittihng model s 6
approximatiorf237,238] from thermodynamicgR39], or first-principal
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calculationd240]. The—term arises from the matrix and precipitate compositions and
diffusivity data extracted in the surrogate model.

. q
00 NV (4.32
oo (4.33
- Go -

where® ando is molar concentrations of tf&h alloying element in the particle and
matrix phases, respectively. The diffusivity of i alloying element within the matrix

is given byO .

For nonspherical particles, the shape factor needs to be introduced into the calculation
of the growth rate. The shape factgrand0 is determined by Kozeschnik et 4241]

based on the aspect ratimf the particles.

Yoo odx T
(4.34)

0 myQ?®
By appling this shape factdly and0 , thecritical radiusY from Eq.(2.18), andd 0

from Eq.(4.32) can be written as.

. ¢y

Y 0 (4.35)
. Y
60 g (4.36)

4.2.2.3 Nucleation
Nucleation is treated using classinaktleation theory and the transient nucleation rate is

given by the following equatiofi242).

o ez yo .
YD G o0 Yh)A@B,QTYU (4.37)

where®is the Zeldovich parameteff, > 6 is a@omic attachment raté, "Yho is nuclei
radius distribution functiony"O is energy barrier to nuclei formatioff) is Boltzmann

constant, an@ is nuclei incubation probability.

Yanheng Xie 2®& Pages9



The Zeldovich parametetdaccounts for the likelihood that nuclei that are approaching

a stable radius dissolve rather than grow to form a precipitate. It is a function of the
gradient of change in free energy with radius in the region of thermal variation around
the critical radius[243]. It is dependent on the atomic volumginterfacial energy

and the critical radiuy [203,234,243]

where'Q is Boltzmann constanty is aitical particle radiusThe atomic attachment rate

I * can be divided into two componeni203,234,244] The number of available sites on

the precipitate surface is dependent on the critical precipitates surface“axeddqr a
spherical approximation) and the atomic
the density [203] or the lattice paramete&band the molar volumed [244]. The
attachment rate of atoms to the surface can be related tet¢he employed in the
growth rateEq. (4.33).

(i vy 4.39
Go (4:39)
(I) 6 (4.40)

“Hho '

Thenucleiconcentratiordensityl is approximated to a Gaussian wavefdi24]. This
distribution is dependent on two factors: the thermal variation of radius around the critical
point’Y and the number concentration of nudiei| is the variance of the nuclei size
distribution, which can be calculated from #eldovich factor byEq. (4.38), and atomic
volumem 0 is dependent on the volume fractiéao , the equilibrium valuéo of

which is extracted in the surrogate model. Additionally, it contains the fraction of active
nucleation sites whichvary depending upon the location where the precipitates nucleate
Y O

A@DE Y—
G 1

0 Yo —
1 V¢

(4.41)

0 %o %00
5 - (4.42)
™'Y
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The energy barrier of nucleatican describe a0 in following equation,

o pPPpo T
YO — % 30 (4.44)
wher¢gf is thesphericityof the nuclej can be written as,
S (4.45)
0

wherew ando refer to the particle volume and surface area, respectively.

To describe nucleation during a complex thermal cycle, an incubation probabilitg
introduced. The incubation probability describes the likelihood that stable nuclei have
formed.0 is defined as the ratio of the current nuclei concentration divided by the
steady state nuclei concentratigns defined as incubation time

T p QW

0  OWYRY h AQDO— A@b Bm (4.46)

whereQ is Boltzmann constanty is citical particle radius—is attachment rata Eq.
(4.40).7 is interfacial energyis lattice parameterYis temperature.

To describe nofisothermal conditions an equivalent time is introduced. The equivalent

time O , is obtained by rearranging the incubation probability for time,

5 T
T 1o (447)
wherert 0 p. The temporal derivative

Q0 10 T0 Q°Y'TO0

Q—10 Qr 10 Qr
06 To 1 °YQo T —Qo 1Y Qo 11 Qo 9

Making use of the chain rule, the derivative of the incubation probability can be expressed
as following equation

Q0 T . P
o o

95 (4.49)
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4.3 Mechanical Properties Model

A useful approximation for estimating the strength of a material is to express it as the sum
of contributions from distinct microstructural features and strengthening mechalmsms.
metallic alloys, the overall yield strengthtypically arises from multiple sources,
including the intrinsic strength of the matyix, solid solution strengthening, grain

boundarystrengthening , precipitation strengthening , dislocation strengthening ,

and texture strengthening [245,246] In samples that have undergone ageing treatment,
the contributions from intrinsic strergi , grainboundaryeffects, , dislocation effects

. , and texture effects remain stable. Solid solution strengthenjngs caused by

lattice misfit of alloying elements, which hinders dislocation movement. The
strengthening contribution depends on the concentration of alloying eletnanis the

solid solution strengthening coefficient of alloying eleméfisvhich is expressed in the

Eq. (4.50) [247]. Alloying elements that exceed the solubility limit can form second
phase particles, which results in strengthening by precipitation. The strengthening
contribution of the precipitated phasedepends on the deformation mechanism of the
interaction between dislocations and the precipitated phase, which are the shear and
Orowan bowing mechanisms, respectively, and depends on the size of the precipitated
phase. When the precipitates are in théyesdiages of ageing treatment, which is usually
defined as a weakoherentprecipitate, precipitate shearing is the main deformation
mechanism. As the precipitates grow and coarsen, thecobakenprecipitates become
strong incoherentprecipitates, and Orowan bowing becomes the main deformation
mechanism [248]. When the type and size of the precipitates are different, the

strengthening of the precipitates can be expressed by the following equation.

; Q 0 (4.50)

, v F (4.51)

By comparingdifferent strengtheningnechanismsthe solid solution strengthening and
weak precipitatestrengtheningare generally weaker than those of strong precipitates
strengthening249]. Therefore, in th@ageingtreatment process, the increase in material

strength depends largely on the precipitation strengthemhmgyield strength  from

Orowanmechanisms cape describé in following equation[250,251]
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t — (4.52)

. Ot (4.53)

wheret is shear yield stres¥) is shear modulus, b BurgeiGs vector_ is the mean

interparticle spacing and is the Taylor factor. The mean particle spacing will be taken

to be the lattice square spacingwhich is given by252],

_ P®Y — p (4.54)

where R is the radius of strong precipitate partbstes the volume fraction of strong
precipitate particle In a multidispersion alloy system wittih multiple second phase
particles, the effective lattice square spacirgan bewritten as,

=2 (459

As described in thehapte#.2.2 the Mearfield model can predict the nucleation, growth
and coarsening of a wide range of precipitated particles in a-contpponent system.
Thus, the desired mean particle skand volume fraction of precipitatésin Eq.(4.54)

can be obtained from E.23) and Eq.(4.24), respectively. The mechanical property
model simulates the contribution of a variety of strong precipitates to the alloy
precipitation strengthening in the Orowan mechanism. Considering the strong correlation
between yield strength and hardness respansegnesium alloy$253], the model can

be validated by measuring the experimental results of hardness at diffigeamitimes

and comparing them with the model predictions at the same thermal parameters.

"oue (4.56)

Yanheng Xie 2®& Pager3



Chapter 5: Numerical Implementation

5.1 Finite Difference Method (FDM)

The finite element method (FEM) is a common method for numerically solving
differential equations that arise in engineering modelling, with typical problem areas
containing heat transfer and mass transfer. The finite element method constructs a mesh
of objects by discretizing a specific space, subdividing large systems into smaller parts
with a finite number of points. The original complex system of equations is reduced to a
system of unit equations within each subdomain, and an approximate solution to the
original system of equations is derived by combining each unit equa&dh The
advantage of the finite difference method (FDM) over the finite element method (FEM)
is that it is easier to perform numerical simulations when dealing with simple geometries
(e.q., rectanglegp55]. This chapter focuses on the numerical implementation of the
FDM framework. It starts with a description of the differential methods used to solve the
continuity equation. The simulation setup is then described, giving the scenarios for
applying the FDM moel and the order are calculatedtive following equationsThe
integration of the FDM code with the FEbrtran interface in the commercial CALPHAD
software ThermeCalc is then described. The FDM model includes the setting of the
square simulation domainthe setting of the temperature and composition, the
relationship between temperature and thermodynamic parameters and how they interact,
and the setting of boundary conditions. Finally, the key thermodynamic parameters used

in the simulation are listed.

The finite difference method is derived through the manipulation of Taylor series to
obtain approximations of derivatives. A Taylor series is a method of approximating a
function using a polynomial. The following@quation describesa Taylor series

considering a forward difference 6}

”n Al LL/ ”n Al T “l' | T " L1/ | T " L1/ 2=, l T ’ 7,
— _— —_ —— 51
Quw Q Quw : Q A Q 3G Q E TA G Q (5.1

We can rearrange this equation fiost derivative—,

"0 (5.2)

T QQo Q Qo pf QQ pT "Q,Q & pT
T ® Q A w oA ® A ®

We can group the remaining terms into a term descriptive of the error
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o) (5.3)

T QQw Q "Qw
T w Q

For the sample solidification processhkigure 3.1, it can be approximated as a ene
dimensional heat transfer process from the sample surface to the sample centre as shown
in Figure5.1a. The onedimensional heat transfer model is meshed so that it is divided
into line segmentfor space differenceonsisting o€ nodes, and th@& node is selected

and denoted by in Figure5.1b.

(a)

Surface Core
h
(b) —
Ui—n Uj-3 U2 Ui—q U; Ujsq Ujr2 Ui3 Ujin
Xi-n Xi-3 Xi-2 Xi-1 Xi Xi+1 Xi+2 Xi+3 Xi+n

Figure 5.1 (a)Onedimensional heat transfer approximation of a thdieeensional cylindrical
billet from surface to core solidification procefs) Space diffenerce @nedimensional heat
transfermodel

From Eq.(5.3), the finite difference model in one dimension can also write as,

0 O 0

—a

—_— _— 1 ’Q 54
% R (5.4)
T O (o] . 0o -
® ¢ Q ) (53)

T 6 o ¢co 0O ;
S - O] 5.6
o ) (5.6)

In theone-dimensiorheat transfer problems, the temperatusrargantwith time as well,
so the finite difference of timéneed to be set up iRigure5.2. Let,6 D refer to
6 ofp ate andd where we have discretized space and time into intervatsoednd
w0, then we have following equation,
0 O 0

— . R 5.7
(Y] Yw ®7)

—a

Yanheng Xie 2®& Pagers



— . 0 (58)
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u;_, U;_3 u;_» U;q u; Uiq Uiy2 Uiz Uitn

At
p+1 p+1 p+1 p+1 p+1 p+1 p+1 p+1 p+1
Ui pn u; 3 u; » u;_q u; Uiq i+2 i+3 Uin

Figure 5.2 Space and time diffenerce @nedimensional heat transfarodel

For the onadimensional heat transfer model, focus on the temperature change of the node
with the known initial temperature and boundary conditions. The surface of the sample
exchanges heat with the environment by convection and radidfan.the one
dimensional heat transfer model, it is required to focus on the temperature change of the
node with the known initial temperature and boundary conditions. The surface of the
sample exchanges heat with the environment through convection amatioradas
descrbedin section2.6. The interior of the sample mainly relies on heat conduction, and
heat is generated through latent heat or chemical reactions, as shown(5®E{dhe

heat flow on the surface of the sample is generated from conduction, convection, radiation,

latent heat, and chemical reactions, as shown ilE&q

LY YT RY
"0 —, Q—— —o—. T’ 5.9
o g%w T a o (59)
i 08 WMo wWwQiLv ao 0o (5.10)

where” is density$ is specific heafQis thermal conductivityd is massp is ‘@ heat
flux from conduction, convection, radiation in §8.5), Eq.(2.6), Eq.(2.7), respectively.

Let| —, use F'order forward FIM scheme for temporal derivative aseconcbrder

central FODM scheme for spatial derivativand @sume negligible spatial gradients in

thermal conductivitythe interiorheat transfer in Eq5.9) can be written as,
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Yo Yw
Let™O | yy— ,"Y can be written as,
Y Y O°Y Y 'Y (5.12

<

Leto , the”Y  of surface heat transfer in E&.10) can be written as,

Y Y O0°Y Y T 0°7Y (5.13

With the FDM continuity equations described above, the heat conduction in the interior
can be simulated in a omkmensional heat transfer model, and the boundary conditions
on the surface are defined as convection and thermal radrattoambient temperature

1l+. The thermal parameters applied in thiredimensional heat transfer modisted in
Table5.1. The implementation of this model allows the simulation to plot the surface to
core temperature cooling over time during solidification of magnesium alloy casting, and
thus to understand the difference in cooling time of each part of the cdststp be

noted that due to the practical solidification process, the solidified component shrinks and
creates voids with the mould, which changes the boundary conditions and consequently
increases the cooling time. Therefore, the model is only usededsrance to simulate

the fastest time for the melt to solidify to room temperature under ideal conditions.

Table5.1 Model parameterfor heat transfer calculation

Variable Description Value Units Reference

Thermal conductivity 1 g51517E1 + 6.732799E *

of liquid Y
W/m/K

Thermal conductivity 1.764121E2 6.991883E2 *

y Thermo
of solid
sofl Calc
s  Specificheatof liquid ~ 1.413496E3 1.041345E2 *Y

J/kg/K

n 8.627008E2 + 5.209875E *

= Specificheatof solid
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Variable Description Value Units Reference

1.834740E3- 2.580746E1 *

Zd Densityof liquid "Y

kg/m3 Thermo

_ | 1.796977E3- 1.563678EL* Calc
Z, Densityof solid ~
44|  Latent heat 3.57951E5 J/kg [256]
Heat transfer
| - 600 W/m2/K  [257]
coefficient
E Emissivity 0.1 - Fitted
1+  Ambient temperature 25 C Defined

5.2 ScheilGulliver Solidification Model in Ternary Alloy System

The thermodynamic database can be used to obtain information about the liquidus line,
solidus line, andhemistryof the equilibrium phase for a given compositilorthis study,

the TCMG6 thermodynamic database was used, and the TQ FORTRAN interface in the
commercial software Therm@alc was used for coupling to capture the corresponding
thermodynamic data for different compositions. The composition range selectad f

study was 0 to 12 at. % Ca and 0 to 40 at. % Zn, with a composition point takgn ever
0.01 at.%, and a total of 4.8 million composition points of thermodynamic parameters
were collectedThese composition points and the liquidus temperature are imported into
the numericalmodel to obtain the composition and liquidus map in the KigCa
magnesium alloy Mgich corner as shown ifigure 5.3. The initial composition is
allocated in nod® ;; with the corresponding liquidus temperatii¥e, this point is
recorded as the initial point in the Scheil solidification patirough theextended Scheil
methodology described in chap#r.], the temperaturedifference between the four

neighbouring nodes arourit; is 'Q “Ythe liquidus minimising Scheil need to firige
point with the minimum temperature aroung. If the two neighbouring points have the

sameQ “Ythe temperature value at the diagonal node of the two neighbouring points are
takenas the next point of th8cheil solidification paththe composition and liquidus

temperature of this point have been taken as dgwand™Y; to repeat the calculation.
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CaOat. %

Cal2at. %

CaOat. %

Cal2at. %

ZnO0at. % ZnO0at. %
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Ciqj Cij Civ1,j N Ti1 Ty ; Tis1j
Ciqjs1 Cijsr Ciz1j+1 Ti_1j+1 Tijiq Tit1,j+1
Znd40at. % Zn 40 at. %

Figure 5.3 FDM model of composition and liquidus map

The liquidus minimising Scheil solidification pathway will stop when reach the boundary,
which is the monovariantline. Monovariantline can be calculated by capturing
thermodynamic equilibrium phases information fraf@MG6 using TQ FORTRAN
interface In this study of the Mgn-Ca ternary alloy, the intersection of the two
monovariant lines is the ternary eutectic poirite monovariant line is also divided into

¢ nodes, and the composition, and liquidus temperatuféf, of each node are recorded.
After the Scheil solidification path reaches the monovariant line, it continues in the
direction of the temperatusteepest decenntil it ends at the ternary eutectic point.

All nodes in the solidification process are recorded and plotted as a solidification curve.
Combining with the thermodynamic database TCMG6, the thermodynamic parameters at
each point of the solidification curve can be obtained, thereby obtaining infonsath

as the start and eutectic temperatures, the elemental segregation profile, and the phase

fraction during solidification.

5.3 Diffusion Couple between Mg Matrix andsecondPhases

Diffusion-controlled phase transformations involving moving interfaces are of
fundamental importance in multicomponent alloy systerhe. theoretical treatment of
such systems necessitates a modelphasehat
regions with the kinetics of interface migration. The framework described in this chapter
is based on the seminal work by Agi@a8], as well as its implementation in the
DICTRA software environment. It integrates thermodynamic equilibrium conditions,
mass conservation principles, and advanced numerical schemes to simulate the evolution

of phase boundaries with high precision.
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The theoretical foundation of the moving boundary diffusion model relies on two central
assumptions: local thermodynamic equilibrium at the interface and volume diffusion as
the ratecontrolling step. Local equilibrium implies that, at any instant, thenoted
potentials (or partial Gibbs energies) of all components are equal on both sides of the
interface. This allows one to define a unique set of interface compositions for each phase
at the boundary. The driving force for interface migration arisegomwt deviations from
equilibrium at the interface itself, but from the chemical potential gradients within the
adjoining onephase regions. The interface velocity is determined by the imbalance of
diffusional fluxes and the difference in interfacial concatins of the solute species.

This balance is expressed as

b ® W O U (5.14)

wherev is the interface velocityp ando are the concentrations of compon&®in

phases and! at the interface, and and0 are the corresponding diffusion fluxes

evaluated at the interface

The equilibrium compositions themselves are computed from the thermodynamic
description of the phases involved. If both phases contain sublattices, then the site
fractionsw for each componenflon sublatticei must satisfy both stoichiometric
constraints and equilibrium conditions. For systems where one phase is taken as a
reference phase (denoted, and the other as, the equilibrium condition can be written

in terms of partial Gibbs energies as

‘ ‘ (5.15)

—a
—n

0 0
— (5.16)
(0V) w

—a
—a

Assuming that each component dissolves into a unique sublattice. These equations are
solved numerically, often via NewtdRaphson or similar iterative methods, to determine

the compositions at the interface for each timestep. The thermodynamic inputséor the
calculations is typically derived from CALPHADased database§fCMG6 and
MOBMGL1 in this study) which provide consistent Gibbs energy models for
multicomponent phas¢259]. The DICTRA tools are structured into modular

components, including a preprocessor to define thermodynamic and mobility data, a
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monitor for user interaction and control, a calculation engine for time stepping and
interface tracking, and a postprocessor for data visualisation. The integration with
thermodynamic packages such as the Gibbs Energy System (GES) allows the software to
auomatically evaluate chemical potentials and phase equilitmiasummary, the
numerical simulation of moving boundary diffusion involves a tightly coupled solution

of thermodynamic equilibrium conditions, flux balance at interfaces, and diffusion
equatiors in onephase regions. By discretising the spatial domain using finite elements
and integrating in time with stable implicit schemes, the evolution of composition and

interface position can be accurately predicted.

5.4 Mean-field Model

The mearfield model simulates the evolution of particles during setate heat
treatment. The required thermodynamic and kinetic FORTRAN code uses the TQ
FORTRAN interface of Therm@alc. A surrogate modéh section4.2.1is generated

using the TCMG6 and MOBMG1 databases. This model assumes that all particles have
a similar composition and that their composition can be approximated by the equilibrium

composition at the relevant temperature.

To run a simulatiorof the evolution of a dispersion of particles it is necessary to know
the initial particle size distribution, materi@lomposition andthe heat treatment
parametersThe preprocessing includes generating thermodynamic and mobility data,
creating an initial particle size distribution, the required temperature history, and inputting
material parameters and simulation controls into the input keg filhe material

parameters for prprocessing are shown in
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Table 5.2. The solver has been coded with an algorithm that runs a series of heat

treatments using the initial particle size distribution and material parameters, as shown in

Figure5.4. The solver loads this information and calculates the change in particle size
distribution during the heat treatment. The material parameters for the solver are shown
in Table5.3. The postprocessor then loads the generated prediction results and plots the
particle size distributionlf no experimental data are available, the initial particle size
distribution (PSD) is assumed to follow a Weibull distribution. This synthetic PSD
defines the starting nuclei population, obtained by discretising the particle radius into bins
and samplinghe number density from the Weibull probability density, with the total

particle volume fraction constrained by the surrogate model limits.

In order to reduce computational time, thermodynamic and mobility ternij. (4.30)

and Eq(4.33) required by theneanfield model have been implemented ussugrogate
models The behaviour expressed by these terms is most accurately captured by dividing
kinetics into growth, sulsolvus dissolution or supesolvus dissolution states
Temperature is normalised by the solubility temperature4 1Y, terme can describe

the normalizedvolume fraction with following equation E¢5.17) and Eq.(5.18) to
express growtlh and dissolution condition, wherés  refers to the maximum
volume fraction that can be attained prior to the complete partitioning of the element into
the matrix or particle phase, assuming that the particle composition is in equijibrium

which can be used to interpolate #©® and—in surrogate model igection4.2.1

. %d %0 (5.17)

. %0 %00 T %o %00 (5.18

The numerical method for solving the continuity equatin (4.25) must be able to
handle the divergence of the velocity field as the particle size approachelhectastest

and most accurate scheme is the explicit Hamillmcobi ENO scheme proposed by
Osher and Fedkiw260]. Baris Sumengen's implementation is based on this method and
is adjusted to describe the coarsening dynamics of the particles in the medB@6igid

The method provides a thiarder accurate approximation of the spatial derivétiom

the firstorder accurate upwind differenda the continuity equation E¢4.25) spatial
derivatives, the normalised number frequency deri§hof particles can be expressed in

terms of the volume fraction frequency densi@n Eq.(5.19), where the terrf2 occurs
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and is described by. Let the'Q in Eqg. (5.19) be described by, and the secondrder
accurate central difference is described by(E) asO v is showing in Eq(5.20),

T v Q k %T oo i A
(5.19)

o — (5.20)

The first divided differenc&® h5 can be calculated frof® hd, and second divided
differenceO M can be calculated frof® o, and then the following third divided

differenceO o can be calculated frof@ ho in following equation

~
A

o B 0O B O
- Yi
O b O
— - - (5.20)
O i
o F O m OMm
- oYi

Theparticle sizederivativecan be calculated from,

14

T O ol o Gl »,
i ) V) 0 v Q (5.22
whered ,0 ,0 are the coefficients determined from the first, second and third divided

differences. Thdirst coefficientis given by,

L ® O M (5.23)

where k is set t€Q p or ‘Qor backward or forward differencing respectively. The second

and third divided differences are given by,

b @ o¢QQ pM (5.24)
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~ ~.

0 @ &GoQB QTG ¢ W (5.25)

whered) and'G dependent on the absolute magnitude of the second divided difference at
the positiondD M andO M. I1fOMs O s Qis settoQ p andis set to

O f. Otherwise, @ is set to'Qand®is set toO FB. ¢ depends on the value of

O s, compared withdd Fos. If © s $O s, & equals 00 o,

otherwise(§ equals tdO Fo. Then, the forward firsbrder accurate finite difference is

applied to the time derivative, which gives the following continuity equation,

- o T“1
0 @ i—“Qt‘)c‘Q Tr']’ﬁ (5.26)

C

0 a5
where thdime step® can becontrolled by a CourasfriedrichsLewy condition

~ i er VS 98

Qo | EI S (5.27)
The part of the grid spacing that does not contain a large number of particles is not

included in the adaptive time step calculation.

5.4.1 Mean-field Model in Solidification
Compositional segregation occurs during rapid solidification, and for isotopically

solidified single crystals, compositional segregation usually occurs at grain boundaries.
The simulation domain for the Medield solidification model is defined as a splaf

single crystal, and compositional segregation from the core to the grain boundaries
follows the distribution of the Scheil segregation profile. In this study, the nominal and
maximum segregation compositions were selected as input compositionstivepec

and the thermodynamic parameters under this composition were obtained by means of
the surrogate model and its databases TCMG6 and MOBMGL1. The input heat treatment
temperature in the solidification model is a thohependent function of the coolingpfile
approximated by the FDM model @hapter 5: It is noted that due to thancertaintyin

the actual cooling time during solidification, a time range is set in this model to describe
the growth and coarsening of thecond phasearticles on different cooling time scales.

The nucleation ofecond phagegarticles depends on the fraction of active nucleation sites,
which is unknown in this study, so a range of fraction of active nucleation sites is set from

1 top m , which unity represents homogeneous nucleation gamd represents
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extreme heterogeneous nucleatibtagnitudes op 1t are descriptive of nucleation on
dislocations, and those smaller timmt  describe grain boundary nucleation sites. The
amount of sites on grain boundaries can vary if the precipitate forms on grain boundary
edges, or cornerdn addition to this, the growth of the second phase particles is
approximately spherical to maximise the growth rate, so there is no shape Taetor.
interfacial energy of the second phase particles was takermffiermeCal c6s i nt er
energy calculator using tHECMG6 database and was set to a fixed value as it does not
vary significantly with temperatur@he details of model paramet@rggoing to provide

in following Chapter 6:

5.4.2 Mean-field Model in Precipitation
The simulation domain of the meéeld precipitation model is not restricted to single

crystals, and in this study the nominal composition was chosen as an input and the
thermodynamic parameters at this composition were obtained by the surrogate model and
its databases TCMG6 and MOBMGThe input heat treatment temperature for this
precipitation model was the ageing temperature, with the ramping process of the heat
treatment samples and the cooling process of the subsequent water quenching ignored.
This aproximation was deemed to be valid given the sufficiently small size of the
samplesThe time ofageingtreatment was defined as the heat treatment time parameter
of the model, which was used to describe the growth and coarsening of second phase
particles under differemtgeingreatments. The active nucleation sites osth@nd phase
particles combined with their correspondiageinghardness response were used to
derive a fitted approximation by calculating the relationship between the active nucleation
sites and theageingtreatment duration for a certain range. The shape factors of the
different second phasparticles change with the specific morphology described in the
literature. The interfacial energies of teecond phasearticles were taken from the
database of the surrogate model TCMG6 and set to fixed values, where the interfacial
energies of the metastable phases and the incubation coefficient were approximated and
fitted according to the parameters provided in therdture.The details of mdel

parameteraregoing tobe provided in following Chapter 8.
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Figure.5.4 Meanfield model solver algorithm

Yanheng Xie 2®&

Page36



Table5.2 Preprocessing input key files

TQ initialisation
0 w0 The size of the TQ workspace
0 w0 The size of the TQ workspace

YO An energy contribution to thegarticlephase J/mol

Chemical composition
€ 0 & The number of alloying elements
@i @' A list of the element names

6 & ¢ ¢ The atomic fraction of alloying elements with a negative value for the bala

element.

Discretization
€ The number of sulolvus temperatures examined.

€ The number of supesolvus temperatures examined.

%o The number of volume fractions per temperature examined.

Initialisation temperature

T The temperature used to initialise Ther@alc.

Table5.3 Solver input key files

Material parameters

o Molar volume (mol/m3)

Q The fraction of active nucleation sites

3 The number of data points used to describe the interfacial energy as a func

temperature.

Y A vector of length neb describing the temperatu?€$ (sed to define the interfaci

energy.

A vector of length neb of Interfacial energies (J/m2) that link v
Y.
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Material parameters

3 The number of data points used to describe the lattice misfit as a functi

temperature.

Y A vector of length neb describing the temperatui@} sed to define the lattice misfi

- A vector of length neb describing the lattice misfit that link w
Y.

£ The length of the polynomial coefficients used to describe the Yssumadulus
O Elastic modulus (GPa&) Polynomial coefficients (Temperature in K)
3 The | ength of the polynomial <coef f i«
0 Poi s s o rfdomensiontess) Polynomial coefficients (Temperature in K)
@ Atomic fraction of particle forming elements in the bulk composition.
@ Atomic fraction of particle formindth elements in the particle phase.
(0] The diffusivity coefficient. (m2/s)
U] The activation energy (J/mol)
"Q  The particle shape factors
r The interfacial energgd/m”2)

0 The ncubation probability coefficients

Simulation Controls
o} The minimum time step (s)
0 The maximum time step (S)
Y'Y The maximum change in temperature (C)
Qo  The maximum allowable change in volume fraction in one model calculation.
Y The number of saves (integer)
Y The save rate exponent (real)

Q The maximum model iterations before saving data.

Yanheng Xie 2®& Page38



Chapter 6: Solidification, segregation and second phases
formation of Mg-Zn-Ca alloys

6.1 Introduction

Mg-Zn-Ca alloys phase formation largely influenced by the Zn and Ca content. Under
equilibrium conditions, when the Zn/Ca atomic ragibelow1.2, the phases precipitated
inMg-Zn-Ca al | o y-Mg, MqGa,|andCagelns [262,263] Alper and Ali[264]
investigated MgZn-Ca alloys with varying Zn/Ca atomic ratios and found that ZX10
(Mg-0.9%7nr0.2%Ca), which forms fewer MGa phases than ZX12 (M®9%Zn
1.5%Ca), exhibits superior mechanical properties, including higher tensile strength and
elongation. The fine and uniformly distributed lgsZns phase in MgZn-Ca alloys
contributes significantly to their enhanced mechanical prop¢2t&s. However, the
Mg2Ca phase is a coarse and segregated intermetallic compound that is highly brittle at
room temperatureand ithas a high melting temperature of 715€C, significantly higher
than the melting temperature of the Mg matrix, making it difficult to dissolve through
heat treatmen{266,267] Ohishiet al. [80] and Yang Y et al. [268] further noted that
increasing Zn content in Mgn-Ca systems leads to a progressive increase in binary
precipitates containing Mg anMgZrZphaseAwhi c h
the same time, an increase in the Zn content will significantly reduce the melting point of
the magnesium alloy, thereby reducing the efficiency during-tpestment, when the
Zn/Ca atomic ratio igxceedsdl.2, the stable phases precipitated in-ZfgCa alloy are

UMg ,-MgiZn, CaMgeZns [269]. The increase in MgZn reduces tigeingresponse of
Mg-Zn-Ca alloyg[270], and the segregation of £4gsZns at grain boundaries may
influence electrochemical behaviour and corrosion resis{@id¢ To overcome these
challenges, an effective strategy involves suppressing the formationnGNgd MgZn
phases during solidification while achieving dispersed, uniform, and finkldsAns
phases wiMghmatrix throbghoptithisel compositional and heat treatment

design.

The workin this chapters to investigate the influence of Mgn-Ca alloy compositions

and rapid cooling conditions on microstructural evolution, with a specific focus on the
formation and behaviour of intermetallic phases such a£<klgVigZn, and C#gsZns
during solidification the Liquidusminimising Scheil model plays a crucial role in
predicting the formation athesephasesCombined with the meafield model, Scheil
solidification predictions provide valuable insights into how alloy composition and
cooling rates affect the resulting microstructure differentieugh experimentation and

Yanheng Xie 2®& Page39



by employing the Scheil model extended to ternary alloy systems, and integrating it with
CALPHAD-based thermodynamic calculations, this study seeks to predict the segregation
pathways and phase distributions under -aquilibrium solidification conditions.
Furthermore, understanding the mechanisms governing the formation of i8a ptiase

is critical to controlling its presence in this alloy system. By identifying the
thermodynamic and kinetic factors influencing its nucleation and growth, as well as its
interaction with other phases, this research aims to develop strategiesinozemiits

detrimental effects while tailoring microstructures for enhanced performance.

6.2 Materials and Methods

6.2.1 Methodology

To address the aim of controlling thMg2Ca phase and understanding its formation in
Mg-Zn-Ca alloys, experimentation and modelling tools are applied to resolve
uncertainties regarding the precise formation of precipitates obserthiacterise
microstructures. During rapid solidification, the segregation of alloying elements leads to
an increasing concentration of solute elements in the liquid phase, influencing the
evolution ofsecond phasparticles. Two hypotheses have been proposed to describe the
formation ofsecond phasgarticles in rapidly solidified castings:

1 Hypothesis 1: The liquid alloy solidifies directly into both the Mg matrix and
second phasatermetallic compounds simultaneously.
1 Hypothesis 2: The liquid first solidifies into a supersaturated Mg matrix, and then

thesecond phasgarticles precipitate from the Mg matrix.

Experiments have been performecctmracterisehe cast microstructures of ZX10 and
ZX70. The Scheil model and the mel@eld model correspond to these two hypotheses,
respectively.Figure 6.1 illustrates the precipitation sequences predicted by these two
models, highlighting their complementary perspectives. The distinction lies in their focus:
the Scheil model emphasises phase formation during igesdlid transitions as
hypothesis 1, whiléhe mearfield model examines the subsequent evolution of phases
within the solid state as hypothesis 2. In reality, the precipitatioeeobnd phase
intermetallic compounds in Mgn-Ca alloys may result from a combination of these two
mechanisms, as both liqughase and solidtate processes can contribute to the final
microstructure. The second phase particles may nucleate during solidificaticheand
grow during the cool to room temperature through sstiede diffusion. Based on the
model predictions from these approaches, this study seeks to bridge the gap between
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theoretical models and experimental observations, providing a comprehensive

understanding of phase formation and distribution in2vigCa alloys.

Fraction of Solid (f)
0 =1

Stage 1 Stage 2 | Stage 3|

Stage 2: Liquid — Matrix phase + second phase 1,

] Stage 1: Liquid — Matrix phase,
Stage 3: Liquid — Matrix phase + second phase 1 + second phase 2

nucleate from Liquid

Second phases nucleate

from matrix phase Stage 2: Liquid — Matrix phase — second phase 1,

Stage 3: Liquid — Matrix phase — second phase 1 + second phase 2

f:s, =
(a)[ Second phases directly
(b)[

] Stage 1: Liquid —» Matrix phase,

Figure 6.1. Hypothesis of precipitation sequences by (a) Scheil anél éanfield model of
Mg-Zn-Ca alloys.

6.2.2 Preparation of Mg alloys

The ascast Mg0.8Zn0.2Ca (ZX10) and Mg.8Zn0.2Ca alloys (ZX70) were provided

by Luxfer MEL Technology (UK). The molten alloys were poured axglindrical steel
mould equipped with a wateooling system to achieve rapid solidification. The cooling
water was maintained at a temperature of approximately 25€C, while the melt temperature
during pouring was around 750C. The samples were removed fiioen mould
approximately 10 minutes after solidification and subsequently cylindrical surfaces were
polished to produce cylindrical billets with a diameter of 75 mm. A-slieped specimen

was extracted from the centre of each billet, and a 37.5 x3 x3sammple was cut from

the centre to the surface of the disc. This sample was then divided into fivdezmihl
specimens, as illustrated kgure6.2. The bulk compositions of both ZX10 and ZX70
alloys were measured using inductively coupled plasma optical emission spectroscopy
(ICP-OES). To account for local segregation in the test specimens, multiple local
compositions were analysed using scanningtieleanicroscopy coupled with energy

dispersive spectroscopy (SEEDS). The compositions aneeasuredn Table6.1.

Table6.1 Chemical composition of agceived MgZn-Ca alloy

Alloy Mg (wWt.%) Zn (wt.%) Ca (wt.%) Measured by

ZX10 Bal. 0.8 0.2 ICP-OES
ZX70 Bal. 6.8 0.2 ICP-OES
ZX10 Bal. 0.81.2 0.20.5 SEM-EDS
ZX70 Bal. 6.4-7.2 0.20.3 SEM-EDS
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Surface Core

Figure 6.2 Schematic diagram of the cut area of the ZX10 and ZX70 samples

6.2.3 Thermal model setup

To replicate the thermal history of the rapid cooling process, heat transfer calculations
were conducted using the finite difference method. The casting solidifies progressively
from the surface to the core, as illustratedrigure 6.3. To simplify the analysis, the
system was modelled as a esienensional heat transfer process from the surface to the
core. The parameters used for the-dimeensional heat transfer model are detailed in
Table6.2. The approximate thermal history results obtained from these calculations are
presented ifrigure6.4. It is important to note that this model describes the solidification
process of a casting under ideal conditjores there is no loss of heat in transfer and there

is no shrinkage gap between the ingot and the mdwlgdractical production, surface
shrinkage of the casting can create gaps between the billet and the mould, reducing heat
transfer efficiency. As a result, the actual cooling time may be longer than predicted by
this model.

Mg alloy

melt, ~750°C
Core, Surface
\ Heat transfer

Steel mould

Circulating
Water, ~25°C
=~ Heat transfer

Quenched model framework

Figure 6.3. Sample rapid cooling process
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Figure 6.4. Approximate thermal history a&X10 and ZX70 alloys cooling processFigure
6.3

Table6.2 Model parameters for heat transfer calculation, where Temperature is given by T
with units of K

Variable Description Value Units References
- 16.51 + 0.07 *Y
Thermal conductivity 176.411 0.07 *"Y W/m/K
1413.50i 0.01 *"Y
Specific Heat Jkg/K ~ Therme
862.70 + 0.52 *Y Calc
. 1834.74i 0.26 *"Y
Density 1796.981 0.16%"Y g/
Latent heat 357951 J/kg [44]
Heat transfer coefficient 600 W/m?K [272]

6.2.4 Mean field approach

The chemical potentials and diffusion coefficients in the rfesdth model were obtained

from theTCMG6 database in Therm@alc. The compositional inputs for the meaaid

model were set based on the segregation predictions from the Scheil model. The

percentage of segregatactawas approximated as the difference between the fraction of
solids at the ternary eutectic point and at full solidification.

During rapid solidification, ZX10 and ZX70 generate a significant quantity of matrix
phases at their nominal compositiprend the second phase has only very low
precipitation kinetics at nominal compositions by the author's initial calculations.
Consequently, the medield model in this study focuses on the generation of second
phases during the cooling of solicth segregatedomposition. The model calculates the

volume fraction of second phase precipitation in conjunction with the percentage of
segregated compositions.
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The mearfield coarsening predictions are highly sensitive to the values fosdtie
interfacial energies, which can be obtained for each precigiabeddedn the matrix

from phase calculationby Thermecalc TCMG6 and are given inTable 6.3. The
continuity equations, particle growth rates, and nucleation rates were normalized and
reformulated following the approach described by Andemsinal.[214,216]and the
advection equations are solved using the finite difference method. The nucleation of
particles is carried out following the method of &@l.[203] and the size change of the
stable nucleus is described using a distribution function with a finer discretisation of the

particle radius.

The nucleation site fraction was determined by the dislocation density within grains, as
outlined by Andersomrt al.[217]. Grain boundary dislocations, which typically exhibit
higher densities compared to the grain interior, act as nucleation sites for grain boundary
precipitates. This relationship allows for the definition of the nucleation site fraction range
within grainsand facilitates the reverse estimation of precipitate segregation at various
grain locations.When the nucleation site fraction is 1, precipitation approximates
homogeneous nucleation, whereas lower nucleation site fraction values indicate a shift
toward heterogeneous nucleation. In this study, the nucleation site fraction range is
assumed to be beeenp 1 andp 1 , decreamg by orders of magnitudéhe effects

of different combinations of nucleation site fraction ranges and cooling times on the

precipitation behaviour of second phases are investigated.

Table6.3 Interfacial energy of precipitates in MEp-Ca Mg system rich corner

Precipitates Interfacial energy Units References

Mg-Ca 0.06
MgZn 0.05 Jm? ThermecCalc
CaMgeZns 0.05

The concentration of nucled, is influenced by the nucleation site fractien, For
homogeneous nucleatior; can be approximated as While for heterogeneous
nucleation— can be estimated based on the dislocation dersitgersonet al.[217]
derived an equation describing the relationship between the nucleation site fraantidn
dislocation density , whereis the Burgers vector. Since the measurement of dislocation
density in each part of the sample is complicated, an estimatelgfation site fraction

is required.

- " (6.1)
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6.3 Microstructure of As-cast ZX10 and ZX70Alloys

The microstructure of the ZX10 and ZX70 alloys in theast conditioras a function of
locationis shown inFigure 6.5. From the SEM images and EDS element distribution
maps inFigure6.5a, significant Ca segregation is observed at the grain boundaries of the
ZX10 alloy. While Zn segregation is also present at the grain boundaries, it is less
pronounced compared to Ca, and the distribution of Zn appears relatively uniform within
the Mg mattix, especially in regions closer to the centre of the cast saifigiaré6.5a-

6). This phenomenon can be attributed to the gradual decrease in cooling rate from the
surface to the centre of the cast sample. Additionally, within the grains, a small number
of spherical particles (~84 in radius) containing both Zn and Ca are observed. These
particles are likely CGégeZns phasegredicted by Therm&alc which precipitated on
micro-dendrites due to uneven solidification. A comparison of SEM im&agsre6.5a-

1 toFigure6.5a-6) found that, as the cooling rate decreases, the density of particles within
the grains gradually increases. This observation may suggest that the redistribution of Zn
during solidification contributes to the increased particle density. The distrilmftioa

and Zn elements is generally consistent, however, there are some particles and grain
boundaries where Ca segregates independently. Therefore, it can be inferred that the
segregated phases in ZX10 likely include both th&/QaZns phase and the M@a phase.
Furthermore, line scan composition data across dendritegure6.6a clearly show Ca
enrichment at the grain boundaries and relatively flat Zn profiles within the dendrite cores,
which is consistent with the thermodynamic predictions of saetgegatiorduring

solidificationin the following section

The SEM images and EDS element distribution maps of ZX70 are shduguire6.5b.

In ZX70, the distributions of Ca and Zn elements are generally consistent, with both
segregating at the grain boundaries. However, compared to ZX10, the degree of Zn
segregation at the grain boundaries in ZX70 is significantly higher, which can be
attributed to the higher Zn content in the ZX70 alloy. The comparison of SEM images
(Figure6.5b-1 to Figure 6.5b-6) found that, as the cooling rate decreases, the density of
second phases in ZX70 gradually increases. Unlike the spherical precipitates formed in
ZX10, ZX70 forms Zrrich intermetallic compounds. Therefore, it can be inferred that,

in addition to the @MgesZns phase, ZX70 may contain a second phase that is different
from the MgCa phase potentially present in ZX10. This second phase is preliminarily

identified as MgZnThe corresponding lingcan inFigure6.6b showsmore pronounced

Yanheng Xie 2®& Page5



Zn enrichment at the grain boundaries compared to ZX10, in agreement with the higher
nominal Zn content of ZX70. While the model predictions capture the overall segregation
trend, local discrepancies are observed, which may be associated with solute back

diffusion effects and microsegregation during +eauilibrium solidification.

Surface ' !Core

Figure 6.5. SEM-BSEand EDS map results of-aast (a) ZX10 and (b) ZX70 alloys from
surface (1) to core (6)

Yanheng Xie 2®& Page6



Figure 6.6. SEM-BSE and EDSline scananalysisof ascast (a) ZX10 and (b) ZX70 alloys

6.4 Scheil solidification

Figure 6.7 illustrates the solidification paths of ZX10 and ZX70 alloys, comparing the
results generated by the Liquidosnimising Scheil model developed in this study
(Figure6.7a and6.6c) with those from the Scheil model in Then@alc softwareKigure

6.7b and6.6d). The comparison reveals significant differences in the types, amounts, and
temperatures of phases formed in ZX10 between the two models. In contrast, the types of
phases formed in ZX70 are consistent between the models, with only minor differences

obsewed in the amounts and temperatures.

Figure6.7a and6.6b illustrate the solidification paths of the ZX10 alloy by Liquidus
minimising Scheil model and Thernt@alc software Scheil model, respectively. It can be
observed that solidification begins at approximately 647C with the formation of the
primary Mg matrk phase. IrFigure6.7a, the MgCa phase starts forming alongside the
primary Mg phase at approximately 516€ and reaches the ternary eutectic point at 394€C,
where the Mg matrix phase, Mga phase, and @dgesZns phase solidify simultaneously.

This result contrasts significantly with the findings showRigure6.7b. In Figure6.7b,

the CaMgeZns phase begins forming alongside the primary Mg phase at approximately
392€ and reaches the ternary eutectic point at 295€C, where the Mg matrix phase,

CaMgsZns phase, and MgZn phase solidify simultaneously.
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Figure6.7c and6.6d present the solidification paths of the ZX70 alloy. In comparison,
the differences between the Liquidemsnimising Scheil model and the Therr@alc
software Scheil model are relatively minor. Both models indicate that solidification
begins at approximdie 628C with the formation of the primary Mg matrix phase.
Around 330€C to 340€, the MgZn phase forms alongside the primary Mg phase, and the
ternary eutectic point is reached at 295€C, where the Mg matrix phase, MgZn phase, and
CaMgsZns phase solidify simultaneously. Slight differences in temperature and solid
fraction at various solidification stages can be observed between the two models. These
discrepancies may arise from differences in the partition coeffictemged in the Scheil
calculations or variations in the numerical methods employed by the models. These

aspects will be further discussed in subsequent sections.
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Figure 6.7. Scheil solidification curve of (a, b) ZX10 and (c, d) ZX70 alloy. Figure (a, c) are
generated from the liquidtminimising Scheil in this study, and figure (b, d) are generated from
ThermaCalc Scheiimodule

Based on the SEMEDS results fronfigure 6.5a, it is evident that the presence of the
Mg2Ca phase in the ZX10 alloy is more likely than the MgZn phase. To explore the
significant differences observed betweeigure 6.7a and 7b, the potential effects of
solute redistribution on local chemical equilibrium were considered. An equilibrium
phase diagram for the ZX10 alloy (Mp8zZn0.2Ca, wi%) with compositional
fluctuations within a certain range was constructed. The selected composition range was

derived from local compositions measured by SEDS.
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As shown inFigure6.8, the equilibrium phase diagram shows that the formation af Mg
Ca and MgZn phases is highly sensitive to compositional variations. Compared to the
nominal composition of ZX10 (M@.8Zn0.2Ca, wi%), an increase of 0.4 Wb in Zn
content may prevent the formation of M during equilibrium solidification.
Conversely, Ca segregation has an even more pronounced effect. An increas@.»f 0.1
wt.% in Ca content can suppress the formation of MgZn while significantly increasing

the amount of MgCa at lower temperatures.

These findings suggest that the nominal composition of the ZX10 alloy lies at the critical
boundary for the formation of MGa and MgZn phases. The compositional segregation
caused by noequilibrium solidification during rapid cooling amplifies the differences

in phase formation. Observing the Liquidusimising Scheil solidification path of
ZX10, Ca segregates first durirtbe initial solidification stages, further increasing
compositional differences and leading to4@g as the first secondary phasddrm. In
contrast, for ZX70, Zn segregates first, causing MgZn to become the initial second phase.
Notably, differences in compositional segregation result in distinct solidification paths,
which in turn lead to variations in the sequence, temperanaesaid fraction of second
phase formation. In the Mgn-Ca system magnesiunth corner, these differing
solidification paths also point to different ternary eutectic points. The phase fractions
during solidification, collected from the TCMG6 database,lsted inTable6.4, while

the final solid fractions of each phase in the solid state are summarizebl@6.5.
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Figure 6.8. Equilibrium phase diagram of MgZn-yCa (wt %) alloys, x=0.8, 1.0, 1.2, and

y=0.2, 0.3, 0.4.

Table 6.4 Phase transition during Liquidumsinimising Scheil solidification for both ZX10
(Figure6.7a) and ZX70 Figure6.7c) alloys

Mole fraction of

Temperature Phase transition
P Solidl,
647C to . .
0O primbP0 "Q 0% <"(x 98.80%
516C
ZX10
o 516€ to . . R 98.80% <(x
Solidification 0Ce®P 0Q o@POWL
394C 99.77%
Path ”n o v owon ”r
00 c@b 0Q @& bPO®OL Qe
394C o 99.77% <(x 1
p& PO QO w
628C to . .
0O prtmbP0 "Q 0% <"(x 90.92%
340C
ZX70
o 340C to . . . 90.92% <'(x
Solidification buv@b DQ T®HPLAWE
295¢€C 92.57%
Path ”n 0 e e LIS
009 ¢cgb 0Q o® boD "QauE
295¢€C 92.57% <(x 1
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Table 6.5 Amount of particles simulated from liquidusinimising Scheil solidification model

Phase Mole fraction of Solid

| 0Q 0.99505

ZX10 0"Q0 @ 0.00349
00 L "Qae 0.00145

| 0Q 0.93909

ZX70 1 0 Q®E 0.03601
00 L "Qae 0.02490

6.5 Mean-field Results ofSecondPhasePrecipitation

The Scheil model is used to simulate the solidification process from the liquid to the solid
phase, while the medreld model is applied to simulate the cooling process of the solid
phase from the liquidolid transition temperature to room temperatiieesimulate the
solid-state phase transitions using the mean field model, a number of considerations need
addressingThere is uncertainty to the exact nucleation site fraction for the second phase
precipitatesgequired by the mean field modéh addition the exact cooling rate after
solidificationduring the experiments is not known this study, the predicted range of

the nucleation site fraction for second phase particles is set bgiweeandp 1

Cooling times range from 5 to 120 minutes, with increments of 5 minutes

Figure6.9illustrates the results of the meaeld model, showing the evolution of second
phases volume fractions in the Mg matrix of ZX10 and ZX70 alloys under varying
nucleation site fractions and cooling timEgyure6.9a illustrates the formation of second
phases in the ZX10 alloy. The Mga phase is observed to form at a nucleation site
fraction ofp 1 under the 5 min of cooling time, with its maximum volume fraction
reaching approximately p 1 . Notably, a band zone is presenfigure6.9a, where

the volume fraction of MgCa is significantly higher in the central region compared to
other areas. A comparison betwéggure6.9a and 10b shows a competitive relationship,
where increased formation of Mga correlates with a decrease irel@gsZns volume
fraction. In regions where M@a forms in higher quantities, the volume fraction of
CaMgeZns decreases correspondingly. In areas where les€dfprmed, the volume

fraction of CaMgeZns remains approximately p 1t . Additionally, by analysing the
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magnified areas dfigure6.9a and b, it can be observed that the reduction #VI§&Zns
volume fraction corresponds approximately to the increase wC&lgolume fraction,
further confirming their competitive relationship. Interestingly, a small peak in the
volume fraction of MgCa approximatelyp®& p 1 is noted at 30 minutes with a
nucleation site fraction g§ 1t , after which the volume fraction of M@a gradually

decreases.

Figure6.9c and 10d show the formation of second phases in the ZX70 alloy. Except for
the region near the lowdeft corner, the formation of MgZn and £84gsZns phases is
relatively uniform. Upon comparing the magnified areasigéire6.9c and d, it is evident

that both MgZn and G&IgeZns phases tend to form under higher nucleation site fractions
and longer cooling times, although the increase in their volume fractions is not
particularly significant. The volume fraction of MgZn stabilizes at approximately
Y p 1, while that of CaVigeZns stabilizes at approximatejy p 1 . Unlike in ZX10,

no apparent competitive relationship between the formation of MgZn amMgezns
phases is observed in the Mg matrix of ZX70. These results suggest that in ZX10, the
formation of MgCa and CaéMgsZns phases is strongly interdependent, with significant
competition affecting their respective volume fractions. In contrast, the formation of
MgZn and CaMVigeZns phases in ZX70 appears to occur more uniformly and

independently, without notable interactions between the two phases.

To provide a clearer view of the precipitation kinetics, 2D plots of volume fraction
evolution with time for a selected nucleation site fraction are also presantegure

6.10. These curves show thdigzCaandCaMgsZnz in ZX10 exhibit strong competitive
behaviour, with the rise of one phase corresponding to the reduction of the other. In
contrast, the ZX70 alloy shows smoother, nearly monotonic increases in MgZn and
CaMgeZns fractions, without significant mutual suppression. The shapes of the curves
confirm that competitive precipitation dominates in ZX10, while more stable and
independent growth occurs in ZX70.
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Figure6.11 presents the medield model results for the mean radius of second phase
particles during the cooling process in a Mg matrix under varying nucleation site fractions
and cooling times. The results indicate that all second phase particles tend to form at
lower nucleation site fractions, with their mean radius increasing as the cooling duration
extends. However, the particles formed in the ZX10 alloy are larger than those in the
ZX70 alloy. At a nucleation site fraction pfrt , the maximum mean radius of particles

in ZX10 and ZX70 are approximately 800 nm and 300 nm, respectively.

In the ZX10 alloy, as shown iRigure6.11a and b, when the nucleation site fraction is
higher than the band zone identified in Figure 10, the mean radius @ZavViand
CaMgeZns particles do not significantly increase with extended cooling time. Under
these conditions, the mean radius of2llg particles remains between 10 nm and 50 nm,
while that of CaMgeZns particles is between 100 nm and 200 nm. However, when the
nucleation site fraction is lower than the band zone, the mean radius of both particles
increases substantially with decreasing nucleation site fraction and longer cooling
durations. At a nucleain site fraction op 1 and a cooling duration of 120 minutes,

the mean radius of both MQa and CaVigeZns particles reach approximately 800 nm.
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In the ZX70 alloy, as shawin Figure 6.11c and d, the particle size of MgZn and
CaMgsZns also increases with decreasing nucleation site fraction. At a nucleation site
fraction ofp 1 and a cooling duration of 120 minutes, the maximum mean radius of
MgZn particles reaches approximately 350 nm, while that eM@e&Zns particles is
approximately 300 nm. However, when comparing the mean radius of MgZn and
CaMgsZns, MgZn particles exhibit a gradual increase in size with extended cooling time,

whereas the mean radius of-lgeZns particles remains relatively unchanged.

2D plots of precipitateneanradius as a function of cooling time are showRigure6.12.

These curveshowthat in ZX10, bothMg2Ca and CasMgesZns mean &adius increase
rapidly at low nucleation site fractions and then grow steadily with time, producing the
largest particles among all cases. By contrast, at higher nucleation site fractimesithe
radiusremain nearly constant, forming much finer precipitates. In ZX70, MgZn patrticles
show a smooth and continuous growth trend with time, vi@ai®geZns radiusreaching

the pealquickly and exhibit little subsequent change. The overall shapes of these curves
suggesthat growth kinetics in ZX10 are strongly senatito nucleation site fraction,

while in ZX70 they are more stable and less competitive.
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6.6 Discussion

6.6.1 Quantitative Analysis of Particles Size Distribution

To determine whether the second phases originate from the liquid or the magnesium
matrix, quantitative analysis of the density and size of second phaBegire6.5 was
performed using ImageJ software. The results were compared with the volume fraction
predicted by the Scheil model and the méald model, which assumes a nucleation site
fraction ofp 11 , averaged over all temperature range-igure 6.5. The results are
summarized iMable6.6 andTable6.7. The experimental error values are derived from
the standard deviation of the second phase particlesatid volume fractiomeasured

at different locationsandthe error associated with the mefegld model results from

variations in the simulations conducted under different assumed cooling rates

Table6.6 shows the area fraction of second phase particles at each locdtignne6.5
for the ZX10 and ZX70 alloys, along with the mean area fraction across all locations. For
ZX10, the mean area fractiony& @ p 1 while for ZX70isv8t w p 1 . The mean
field model predicts the volume fraction of second phase particles to be approximately

8 p p 1t for ZX10 andp® Y p 1 for ZX70. In contrast, the Scheil model predicts
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volume fractions 0b® p p 1 for ZX10 anduv® o p 1 for ZX70. A comparison of
the two models reveals that the particle volume fractions predicted by the Scheil model
align more closely with the measured area fractions fa@ure6.5, suggesting that the
second phase particles in ZX10 and ZX70 are more likely to have originated directly from
the liquid rather than forming through precipitation from the supersaturated Mg matrix.
However, it should be noted that the quantitative amaliysm SEM images provides
area fractions of particles on sample crssstions, which differ from the overall volume
fractions in the sample. While the Scheil and mieald models predict the volume
fraction of second phases under specific compositisosie discrepancy may arise.
However, the impact of this discrepancy diminishes when the differences between the
data are of an order of magnitude.

Table 6.6 Quantitative analysis of the area fraction of second phase particles, in comparison

with the volume fraction predicted by the mdaid model and the Scheil model, was
conducted for both ZX10 and ZX70 alloys.

Second phases particles area fractioag from Figure 6.5

Location 1 2 3 4 5 6
w10 BT e W@ W@ 48t p o G
pTt p T pTI p T pTt p T
Mean area
fraction o pm @ pT
=l
7X70 TH 1 T&8U & p oX T g P p
pT pT pT pT pT1 pT
Mean area
fraction VBtw pT WP pTI
=.
Second phases particles mean volume fractiofg from Mean-field model
ZX10 v p pTT PR P T
ZX70 P Y pmm ¢ UL pT
Second phases particles mean fractiofg from Scheil model
ZX10 VP pT
ZX70 Vo p Tt

In addition,Table6.7 shows the mean radius of second phase particles at each location
in Figure6.5 for the ZX10 and ZX70 alloys, along with the overall mean radius across
all locations. The results indicate a mean radius of approximately 6686r ZX10 and
15.39" afor ZX70. Due to the limitations of the Scheil model, it cannot provide particle
size information, and thus the comparison is limited to the predictions of thefiglean

model. According to theneanfield model, the predicted particle sizes are 0.6dfor
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ZX10 an difor&zX7®.0rhese results show that the particle sizes of second phases
precipitated from the Mg matrix are significantly smaller than the observed data from
Figure6.5. Combined with the volume fraction predictions, this indicates that the second
phase patrticles are most likely to have formed directly from the liquid phase rather than

from solid state diffusion in the Mg matrix.

Table 6.7 Quantitative analysis of the mean radius of second phase particles, in comparison
with the mean radius predicted by the méald model, was conducted for both ZX10 and

ZX70 alloys.
Second phases particles mean radiubs (H 0) from Figure 6.5
Location 1 2 3 4 5 6
ZX10 7.14 6.24 7.99 7.76 5.13 3.91
Averaged oD @ pH T
ZX70 19.00 11.80 14.29 16.39 19.48 11.40
Averaged P& W o8 w
Second phases particles average mean rad'n{ns(l—l, 0O) from Mean-field
model
ZX10 T TP G
ZX70 T 1T T8t O

6.6.2 Second Phases Formation in Scheil Solidification Model
Differences in the partition coefficief®and the numerical methods employed in Scheil

calculations significantly impact the accuracy of predicted solidification behavior,
particularly in multicomponent alloy systerf225,226,273] The partition coefficienQ
determines solute redistribution during solidification and plays a critical role in
establishing phase stability, formation temperature, and phase evolution sequence.
Variations in the partition coefficients used by the Liquichiaimising Scheil model ah

the ThermeCalc Scheil model can result in notable differences in predictions of phase

stability and solidification sequences.

The choice of numerical methods further amplifies these discrepancies, as it governs how
the precision with which local phase equilibrium is captured. The Liqurdnsnising

Scheil model uses a gradiemtnimising approach with a compositional gradiergun

step size of 0.1 at%, ensuring that the solidification path follows the fastest decreases
along the liquidus surface. This approach provides a finer representation of compositional
segregation and phase transformations, particularly in systems wharer mi
compositional changes significantly affect phase equilibrium. In contrast, the Thermo
Calc Scheil model employs a more generalized algorithm that simplifies the solidification
path using a temperature gradient input step size of 1 Kelvin. While suoffior many
applications, this method may underestimate or overestimate critical phase transformation
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temperatures and solid fractions. For instance, as observed in the ZX70 alloy, there are
slight deviations in the solidification predictions between the two models. In the ZX10
alloy, the Liguidusminimising model predicts the formation of g at 516€, whereas

the ThermeCalc Scheil model indicates a much lower formation temperature.

The differences observed between the Liguichusimising and Therm&alc Scheil
models have significant implications for Min-Ca alloy optimisation. For compositions
sensitive to segregation, such as the ZX10 alloy, even minor discrepantesies or
numerical modelling can lead to substantial variations in phase distribution and
mechanical properties. The Liquidognimising model's ability to capture subtle
changes in phase equilibrium and segregation paths provides a more detailed
undersanding of solidification behaviour. In contrast, while the Thefaic Scheil

model is convenient for preliminary analyses, it may require enhancements to address the

specific demands of complex ternary systems.

6.6.3 Solidification Segregation and Composition Map
The results of the Liquidusiinimising Scheil model indicate that ZX10 and ZX70 alloys

exhibit distinct solidification paths, with the composition of ZX10 being clos¢nhdo
region sensitive to changes in segregation paths compared to ZX70. The compositional
diagram inFigure6.13illustrates the areas within the Mtn-Ca magnesiurnich corner

that are prone to specific elemental segregation. As shokigune6.13, ZX10 is located

near the region where both Zn and Ca segregate simultaneously and where Ca segregates
independently. This positioning leads to pronounced Ca segregation as solidification
progresses. In contrast, ZX70 is situated in the region wheregfegsees independently,
making the alloy less sensitive to compositional heterogeneity duringquolibrium
solidification. Considering that the €MgeZns phase can enhance the mechanical
properties of alloy§265], the compositional diagram iRigure 6.13 also provides
valuable guidance for alloy design. Mm-Ca alloys with compositions located in
regions where both Zn and Ca segregate simultaneously are more likely to form greater
amounts of CaMgeZns during solidification.
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Figure 6.13. Composition map of Mgn-Ca alloys solidification segregation pathway
6.6.4 Precipitation Sequences of MgZn precipitates
In Mg-Zn-Ca alloy system, the precipitation sequences in2vicghinary side are more
complex than that of the MGa side. Figure6.14 shows the equilibrium phases in Mg
Zn binary system, in which "Q &t also known a® "Q® §274]. FromFigure6.14
we can see that at the Mariched corner, stable™Q ¢¢ phase will form between
temperatures ¢ ® W& @1 @, which is going to form at the eutectic point with
o T & of Zn befored "Qw phase during the cooling procd&%5]. In addition,
different metastable binary phases are formed during the precipitation proces&Zm Mg
alloys, and the generally accepted precipitation sequen¥&Yi3?"YOUd ¢ ¢€0Q ©
I Ot ,in whichf is the equilibrium phase "Q& §99,276] The GP zone has been
described as a coherent nanoscale precipitate of several atomic layers on certain
crystalline surfaces of the Mg matrix, however it is still not directly observable because
of its small size and coherence with the matrix. Bhattagbat al. reported the formation
of GP zone inh "Q ¢8 Wb Zn alloy by 3dimensional atom probe (3DAP) and
observed the existence of Zn clust§rs].f usually has a rotlke morphology vertical
to the basal plane of the Mg matrix and occurs in fsepdd samples, with the currently
widely accepted composition being a mixtur&@of2¢¢ andb "Q& phases277,278]
I has a platdike morphology form at basal plane of Mg matrix and occurs ataged

samples, which has confirmed with composition a8é& [276,279,280]In this study,
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only stable phases exist in the phase diagram calculation because the thermodynamic
database TCMG6 does not contain data on metastable phases. Considering that the focus
of this study is on the segregation of alloying elements, alZkldpinary phases irhis

study are represented by Q. €
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Figure 6.14. Phase diagram of Mg@n systen{274]

6.7 Conclusion to this chapter

This study systematically explored the solidification and phase formation behaviour of
the rapid cooling M¢).8 wt.% Znr0.2 wt.% Ca (ZX10) and M§.8 wt.% Zr0.2 wt%.

Ca (ZX70) alloys using a combination of Scheil and rageld modelling approaches,
integrated with CALPHAD thermodynamic simulations. The following conclusions may
be drawn from the present study:

1. SEM-EDS analysis shows that both ZX10 and ZX70 alloys exhibsagyegation
of Ca and Zn at grain boundaries. However, ZX10 contains particles with Ca
segregation alone, while ZX70 contains particles with Zn segregation alone.
Based on this observatiohcan be inferred that M@a is likely to form in ZX10,
whereas MgZn is expected to form in ZX70.

2. A comparison of the results from the Scheil model, the rfielchmodel, and the
quantitative analysis of SEM images shows that the second phase volume

fractions w predicted by the Scheil modelvg® p p m for ZX10 and
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v o p T for ZX70. respectively) are closer to the area fractians obtained
from the quantitative analysig® ¢ p 1 for ZX10 andudt w p 1 for ZX70.
respectively). In contrast, the second phase particle sizegredicted by the
meanfield model (@ T &for ZX10 andr@ 11 for ZX70. respectively) are
significantly smaller than the particle sizes observed in the anapysig)( afor
ZX10 andp & b dfor ZX70. respectively). These findings suggest that second
phase particles are more likely to form directly from the liquid during
solidification rather than precipitating from the Mg matrix. Therefore, the Scheil
model provides predictions that more aataly reflect the behaviour of rapidly
solidified Mg-Zn-Ca alloys compared to the mefield model. This indicates that
the laves phase must nucleate from the liquid during solidification, as there is not
sufficient time for the precipitates to grow dgitine cooling to room temperature.

3. The Liquidusminimising Scheil model developed in this study provides an
accurate method for simulating segregation duringewprilibrium solidification,
effectively capturing compositional gradient changes and predicting phase
formation in both alloys. fiis approach is particularly effective for ternary alloys,
where phase behaviour is highly sensitive to minor compositional variations. A
comparison with the Scherhodulein the commercial software Therr@alc
using TCMG6 shows that, while the Then@alc model predicts similar
solidification trends, it exhibits differences in the formation temperatures and
sequence of second phases, especially in ZX10 alloys, which are highly sensitive
to compositional changes during solidification. The results undecdsdbe
critical role of compositional control. ZX10 exhibited heightened sensitivity to
minor compositional variations, leading to distinct solidification paths and phase
distributions, while ZX70 showed more stable phase behaviour.

4. The findings highlight the critical role of precise compositional control and the
use of advanced Scheil modellingaptimisethe solidification pathways of Mg
Zn-Ca alloys. The differences in the solidification paths of ZX10 and ZX70 are
attributed to their varying compositional sensitivities, particularly the segregation
behaviour of Zn and Ca.

Yanheng Xie 2®& Pagel13



Chapter 7: Homogenisation, diffusion and second phases
dissolution of Mg-Zn-Ca alloys

7.1 Introduction

The presence afecond phasmtermetallic compounds such k&j.Caand CaMgsZns

in Mg-Zn-Ca alloys significantly influences their mechanical properties and corrosion
behaviour. As highlighted in the previous chapter, the rapid solidification of ZX10 (Mg
0.8Zn0.2Ca) results in a competitive relationship between these two intermphalies,

with MgzCa preferentially forming due to localized Ca segregation. This phase
competition leads to microstructural heterogeneity, which can negatively impact the
aloy 6s mechanical integrity and corrosion
solidification heat treatment is often employedhtmmogenisethe microstructure by
dissolving these second phases into the Mg matrix.

Homogenisation heat treatment is a wedtablished method for mitigating
microstructural inhomogeneity in cast alloys by promoting atomic diffusion, thereby
redistributing solute elements more uniformly. In the case of ZX10, the dissolution of
Mg2Ca and CaxMgeZns through controllecheat treatmenis expected to reduce phase
segregation and refine the microstructure. However, the effectiveness of this approach
depends on the thermal stability and solubility limits of these phases within the Mg matrix,
as well as the kinetics of solute diffusion lmimogenisatiortemperatures. Pulido
Gonzéez et al[281] have demonstrated that the homogenisation ofZdga alloys
through heat treatment can significantly reduce intermetallic phase fraction and improve
corrosion resistance by promoting the dissolution of second phélses. research
emphasizes that the dissolution kineticdvigf2Ca and CaeMgsZns phases depesadot

only on temperature but also on composition. heast ZX11(Mg-1Zn-1Ca wt. %)alloy,

the predominant intermetallic phaseMg2Ca whereas in asast ZX30(Mg-3Zn-0.2Ca

wt. %) alloy, CaMgsZnsis the main intermetallic pha§282]. After solution treatment

at 450€C for 24 hours, most of th€aMgeZns dissolves into the Mg matrix, while the
Carich precipitate Mg2Ca) remains resistant to dissolution. Thesnphasize the
necessity of optinsing heat treatment parameters to balance phase dissogitiutarly,
Schaublin et al.[283] investigated the precipitation behaviour in lean-EfgCa alloys

and found that binary M@a precipitates consist Mg2Ca containing approximately 4

at. % Zn. They also observed that the formation and dissolution of terna@gnida
precipitates, such &=xMgesZns, ae highly sensitive to heat treatment temperatures. This
emphasize the necessity of determining precipitate types based on elemental
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composition and controlling the homogs&tion process to achieve desired

microstructural characteristics.

Theaim of this chapter is to investigate the homogenisation process for ZX10, focusing
on the dissolution kinetics d¥lg2Ca and Ca2MgsZns under heat treatment conditions.
Through a combination of experimental measurements and thermodynamic modelling,
the evolution of phase fractions, chemical compositions, and grain boundary solute
distribution will be analysed. ThBICTRA model will be employed to simulate the
dissolution behaviour of these phases, incorporating diffusion coefficientsIftdnG6

and MOBMGL databasesExperimental validation using SEEDS, EBSD, and EPMA

will provide insights into the efficiency of homogenisation and the optimal processing
parameters required to achieverell homogensed microstructureBy understanding the
thermal stability and dissolution mechanismavigf2Ca and CaMgsZns in ZX10, this

study aims to provide guidelines for tailoring heat treatment schedules that enhance alloy

performance.

7.2 Materials and Method

7.2.1 Methodology

To control theamountof the Mg2Caphase and understand its dissolution kinetics in the
ZX10 alloy, a combination of advanced microstructural characterisation techniques and
modelling tools was employedvhich state in Chapte4.1.2 These include phase
equilibrium and diffusion simulations, which were used to address the uncertainties
observed in the dissolution behaviour of Mg-Ca phase during homogenisation heat

treatment.

During the homogenisation process, solute elements segregated at grain boundaries
gradually diffuse into the Mg matrix, leading to a redistribution of alloying elements. To
describe this process, the DICTRA module was used to develop a homogenisation model
under two different assumptions regarding the diffusioMgfCainto the Mg matrix:

1 Mg matrix selfdiffusion model In this scenario, thBlg-Caphase is treated as a
segregatedegion of solute elements at the boundary of the Mg matrix. The initial
distribution of segregated elements was derived from the Scheil model, which
provides a profile of solute concentration across the solidified microstructure. As
homogenisation progrsess, theMgzCa phase gradually dissolves into the Mg

matrix, with diffusion occurring under the assumption of-dédfision within the
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Mg matrix. This model considers that the solute atoms redistribute into the matrix
without significant movement of the phase bound&igure7.1).

1 Mg-MgzCadiffusion couplemodel This model assumes that tMg2Ca phase
forms a thin intergranular layer at the grain boundaries, in direct contact with the
Mg matrix, explicity modelling the particlenatrix interface As the
homogenisation process proceeds, the interface betweklytaphase and the
Mg matrix continuously shifts, resulting in the gradual dissolution oMbgCa
phase. In this scenario, the movement of theNiigCainterface plays a crucial
role in the dissolution kinetics, with the phase boundary retreating as diffusion

progressegrigure?.2).

The DICTRA model employs the TCMG6 thermodynamic database and the MOBMG1
mobility database. To ensure model consistency, the geometry in DICTRA is
approximated as a oftkmensional diffusion path extending from the grain centre to the
grain boundary, witla total distance of 100 & The model domain is uniformly divided

into 100 equally sized grid points. The average composition within the model domain is
set to match the nominal composition of the EPMA region, as list€dhle7.2.

In the selfdiffusion model, the initial composition of the Mg matrix phase in each grid
point is assigned based on the segregation profile obtained from the Scheil model in the
previous chaptey replicating the asast compositionaldistribution. In the diffusion
couple model, the secomhase area fraction detected via higholution SEMBSE
imageis used to define thiglg-Caphase region, while the remaining area is assigned as
the Mg matrix phase. Thlg2Ca phase is further divided into two categories:frge
Mgz2Caand ZnrcontainingMg2Ca[283]. The compositions of these phases are provided

in Table7.1.

To validate these models and assess the redistribution of solute elements, the
microstructures of both asast and hedteated ZX10 alloy samples were characterised
using scanning electron microscopy wethergydispersive spectroscofigDS), electron
backscatter diffractio(EBSD), andelectron probe micranalyse(EPMA). The ascast

data has already been reported in the previous Chagtbese techniques allowed for a
detailed comparison of the elemental distribution before and after homogenisation. By
integrating model predictions with experimentalidation this study aims to reconcile
theoretical modelling with practical findings, providing a more comprehensive
understanding of the homogenisation behaviour oMbeCa phase and the associated

solute redistribution in ZX10 alloy.
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Table7.1 Chemicalcomposition oZn-free Mg-Caand ZnrcontainingMg.Caphases

Alloy Mg (at. %) Ca (at. %) Zn (at. %)
Zn-free MgzCa 67 33 -
Zn-containing Mg.Ca 63 33 4

7.2.2 Materials preparation

The ascast Mg0.8Zn0.2Ca(ZX10) alloy wasprepared as given in sectiér2.2 The

bulk compositions of both ZX10 alloy were measured using inductively coupled plasma
optical emission spectroscopy (I€FES). To account for local segregation in the test
specimens, multiple local compositions were analysed using scanning electron
microscopy coupled with energlispersive spectroscopy (SEERDS). The local
composition measured by high resolution SEM was usliectron probe micranalyser

The measured compositions are presentdabie7.2.

Table7.2 Chemical composition of agceivedZX10 alloy

Alloy Mg (wt. %) Zn (wt. %) Ca (wt.%) Measured by

ZX10 Bal. 0.8 0.2 ICP-OES
ZX10 Bal. 0.81.2 0.20.5 SEM-EDS
ZX10 Bal. 1.18 0.44 EPMA

7.3 Microstructure of As-Cast and Homogenised ZX10 Alloys

Figure7.3 shows the microstructure and compositional distribution of ZX10 alloy under
ascast and homogenised conditions. The SEM imagEgjure7.3aare same akigure

6.5a in the previous chapter, whicheveal the presence of bright intermetallic phases
distributed along the grain boundaries in theast condition. The corresponding EDS
elemental maps indicate that these phases are enriched in Zn and Ca, suggesting the

formation of intermetallic compouls such as GKlgeZns or MgCa

After heat treatment at 520C for 4 hourkigure 7.3b), the microstructural evolution
indicates a significant reduction in the volume fraction of intermetallic phases. The EDS
maps show that the distribution of Zn in the matrix becomes more uniform, suggesting
partial dissolution of the second phases and tHasiin of Zn into thé -Mg matrix.
However, some residualecond phasearticles containing Ca remain, particularly as
large particles near the grain boundaries, indicating that homogenisation is not complete
under the given heat treatment conditiofise gradient of Zn and Ca distribution from

the surface (position 1) to the core (position 6) provides insight into the diffusion
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behaviour during homogenisation. In thecast state, Zn and Ca are highly concentrated

in interdendritic regions, whereas after heat treatment, the elemental distribution becomes
more even, implying that diffusiedriven homogenisation occurs over timehe
presence of residual @a&h phases suggests that the dissolution kinetics-ao@taining
intermetallics are slower compared to-@mntaining phase3herefore, it can be inferred

that the MgCaparticles are harder to dissolve tt@&@MgeZns in ZX10 alloy.

Surface | Core

Figure 7.3. SEM-BSEand EDS map results of ZX10 alloy at (ajcast condition and at (b)
520 € heattreated for 4 hours, from surface (1) to core (6)

Figure7.4 presents the highesolution SEM microstructure and EBSD phase detection
of the ZX10 alloy in both asast and homogenised conditions, with the average size and
area fraction okecond phasparticles summarised ifable 7.3. The SEM image in
Figure 7.4a shows a network ofecond phasearticles distributed along the grain

boundaries in the asast condition. These phases are mainly located at the grain
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boundaries and interdendritic regions, indicating their formation due to solute segregation
during solidification After heat treatment at 520€C for 4 houiSigure7.4b), a significant
microstructural transformation occurs. Thecond phasearticles exhibit noticeable
dissolution, with only a few remaining along the grain boundaries. However, some
residual second phaseegions persist, particularly in coargmined areas where
diffusion-driven homogenisation is less effective. This observation is consistent with the
EDS results inFigure 7.3, where Caich particles remain undissolved even after
prolonged heat treatment. The persistence of some g®rgRd phagearticles suggests

that complete homogenisation may require either an extended annealing duration or a
higher temperatureThe classic Scheil not predicting the laves phase suggests the
database is underpredicting the stability of the laves phasee are two possibilities
either the MpCa phase is thermodynamically stable at this temperature, or the dissolution

kinetics are much slower than anticipated.

EBSD phase detection second phasparticles at grain boundaries revealed that the
Mg2Ca phase could be clearly detected at grain boundaries in -testasondition.
However, after homogenisation, only a small number of pixels corresponding to this
phase remained at the grain boundaries, indicating that the homogenisation process
significantly reduced the Mga phase content in the ZX10 alloy. In contrast, the
CaMgsZns phase was difficult to detect in both-east and homogenised conditions,
suggestinghat its content is much lower than that of the-®kg phase or that Zn exists

in small quantities within the M@a phas¢283]. To obtain a more precise Zn
distribution and further investigate the evolution ofamtaining phases, EPMA analysis

was conducted in the subsequent results.

S i SEL Mty ‘
. Mg Mg,Ca W Ca,MgeZn;

Figure 7.4. SEM-BSEimages and EBSD phases index of ZX10 alloy at (&@ga$ condition
and at (bp20 € heattreated for 4 hours
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Table 7.3 Quantitative analysis of the area fraction of second phase partickesdast and
heattreatedat 520 € for 4 hoursin ZX10 alloys.

Second phases particles frorfigure 7.4
ZX10 Particles Coun Average Size'( & Area fraction (%)
AC 1622 7.195 1.143
HT 871 2.610 0.223

Figure7.5 presents the highesolution compositional distribution from EPMA results of
the ZX10 alloy under asast and homogenised conditiofifie average composition in
this local region display iffable7.4. The SEM images ifrigure 7.5a andFigure 7.5d
illustrate the microstructure of the alloy before and after heat treatment at 520€C for 4
hours. In the asast conditionKigure7.5a), second phasearticles are distributed along
the grain boundaries. The corresponding EPMA elemental niagsré 7.5b and c)
confirm that thessecond phasgarticles are enriched in Ca (up to 23%j} and contain

a small amount of Zn (up to 2 &b), indicating the presence of intermetallic compounds,

such as the MgCa phase with minor Zn incorporation.

After homogenisationRigure 7.5d), a reduction irsecond phasparticles is observed,
leaving behind relatively larger particles. The EPMA mdfgure 7.5e and f) show a
significant decrease in Ca content in the grain boundary regions, indicating partial
dissolution of the MgCa phase. Similarly, the Zn signal intensity withingkeond phase
regions is notably reduced after heat treatment, with Zn more uniformly distributed within
the| -Mg matrix. However, some residuaécond phasearticles remain detectable,
particularly in regions where the Ca concentration remains relatively high (approximately
23 at %). These higiCacontent particles appear resistant to dissolution in tivyg
phase. This observation is consistent with the EBSD resukigine 7.4, where only a
small fraction of MgCa was detected after homogenisation, suggesting incomplete

dissolution under the given heat treatment conditions.

The EPMA resultalsoprovide additional insight into the distribution of Zn within the
alloy. As shown inFigure 7.5c, Znrich regions are present in the-@sst condition,
though most of the Zn content remains around %atAfter heat treatment, Zn appears

to be more evenly distributed in the matrkigure 7.5f). As indicated by the EBSD
analysis, no distind€aMgsZnsz phase was detected in either thecast or homogenised
conditions, suggesting that Zn is most likely incorporated into thgCllgphase rather

than forming a separate intermetallic phd$ese results confirm that homogenisation at
520€ promotes the dissolution of second phases and enhances elemental distribution

uniformity in the ZX10 alloy. However, some @ah regions persist, indicating that
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complete homogenisation may require an extended heat treatment duration or a higher

temperature to fully dissolve intermetallic compounds.

| ‘
50 um 50 um

Figure 7.5. SEM-BSEand EPMA map results of ZX10 alloy at¢aascast condition and at
(d-f) 520 € heattreated for 4 hours

Table 7.4 Average composition dscast ancheattreatedsamplein Figure 7.5.

Average composition
Zn Ca
at. % wt. % at. % wt. %
044 1.18 0.27 0.44

7.4 DICTRA Simulation of ZX10 Alloys

Figure 7.6 to Figure 7.9 provide a computational perspective on element diffusion and
phase dissolution during the homogenisation process of the ZX10 alloy at 520€C. The
self-diffusion model Figure 7.6 andFigure7.7) highlights the gradual homogenisation

of alloying elements within the Mg matrix over time, while the-Mg2Ca diffusion

couple modelKigure7.8 andFigure7.9) emphasises the interface evolution between the
Mg2Ca phase and the Mg matrix as diffusion progresses, along with the challenges
associated with the redistribution of alloying elements. These simulations, in conjunction
with the experimental resultemphasizehe importance of optimising heat treatment
parameters to achieve a fully homogenised microstructure, as well as the limitations and

potential improvements of the current model.

7.4.1 Selt-Diffusion in Mg Matrix
Figure 7.6 presents the simulated compositional distribution of Mg, Ca, and Zn in the

ZX10 alloy during heat treatment at 520€ for different time intervals (10 s, 100 s, 1000
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s, and 10,000 s) using the sdiffusion DICTRA model. The simulation assumes that,
based on predictions from the Scheil solidification model, elemental distribution in the
ascast condition is segregated along the grain boundaries. As heat treatmesgga®g

the concentration gradients of Ca and Zn gradually diminish, indicating element
homogenisation. The diffusion profiles show that Ca exhibits slower diffusion kinetics
compared to Zn, leading to more persistent segregation near grain boundages. Aft
10,000 s, an almost uniform elemental distribution is observed, demonstrating the
effectiveness of longluration heat treatment in reducing microsegregatimwever
predicts the complete dissolution of thig2Ca phasewhich is not seen experimentally
Figure7.7 compares the setfiffusion compositional distributions in the-east and heat
treated (520€C, 4 hours) conditions. The results indicate that after 4 hours of heat

treat ment, Ca and Zn are meMgeatrixni f or ml y

According to the Scheil model predictions, Ca segregation at the grain boundary can reach
up to 11.80 at. %, while Zn segregation can be as high as 17%6 ldowever, due to

the grid discretisation in this model, the grid closest to the grain boundary represents the
average composition over d 1dregion, where Ca content is 2.39%t.and Zn content

is 11.76 at.%. As a result, this model underestimates the degree of elemental segregation
at grain boundaries, particularly for Ca. Therefore, althoughstifdiffusion model
predicts that homogenisation is achieved after 4 hours at 520C, EPMA experimental
results still reveal the presence of high contentparticles, indicating a discrepancy

between the model predictions and experimental observations.

Yanheng Xie 2®& Pagel23



1.00
0.9% 0.98
i 098 g 10000s .
S0 —1000s 0.94
‘g w1005
092 0.92
J: — 10s
= 090 — AC 0.90
<=
. 088 0.88
0.86 0.86
0845 4 6 8 0849 92949698 10
Distance (107> m)
(b) 0.025 0.025°
0.020 Ca 0.020
—
= —
=
= 0.015 0.015
o
=
= —
@ 0010 0.010
S
-
0.005 0.005°
___.-—-""#—’_
0 i ,
0 4 6 s g 9 92949698 10
Distance (107> m)
(€) on 012
“0 7n 10000s 010
= w— 1000s
3 1005 0.08
2 0o — 105 o
2
S 0.04 0.04
—
-~
0.02 0.02
%% ¥ 9 9204969810

4 [
Distance (107>

m) ¢

Figure 7.6. Theself-diffusion DICTRA compositionatlistribution of (a) Mg, (b) Ca, and (c) Zn
at heattreated at 520 conditions for 10s, 100s, 1000s, and 100608X10 alloy.

Yanheng Xie 2@

Pagel24



(a)  1o0; - 1.00

— ]
0.98 | \ 0.98
0.96 M g \ 0.96
0.94 bl ] oo
0.92 I| 0.92

=
=]
<
-]
=
= o9 0.90
= H520
. 0.88 w- 0.88
0.86 — "‘(T \ 0.86
aar 2 4 6 s 8 o) %9 9294969810
Distance (107> m)
(b) ooz : 0.025
I /
L
0.020 Ca I | 0.020
I |
g |
= 0.015 1 | 0.015
~
g L
L= i |
@ 0.010 |/ 0.010
=) 1/
= HS520 !/
0.005 . . 0.005
AC |
| I |
0 ! 0
0 2 4 6 s 8 J— 9 92949695 10
Distance (107> m)
(©) on ; 0.12
0.10 o ‘ 0.10 /
Zn | |
£ o008 [ 1 008
—
—
v
g 0.06 / 0.06
W I
) ! |
S 004 H520 | 0.04
- AC
0.02 ———— | )I 0.02
"9 2 0. " 90204969810

4 6 _s 8
Distance (107> m)

Figure 7.7. Theseltdiffusion DICTRA compositionadlistribution of (a) Mg, (b) Ca, and (c) Zn
at ascast and hedteated at 520 , 4 hoursconditionsin ZX10 alloy.

7.4.2 Diffusion Couple Between Mg Matrix and Second Phases

Figure 7.8 and Figure 7.9 present the results of the diffusion couple DICTRA model,
which accounts for the interaction between the Mg matrix and grain bouktipGa
phase particles. The initial area fraction of khg-Caphase in the model is set at 1.1%,

based on the results Trable7.3. In Figure7.8, theMgz2Caphase is assumed to contain 4
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at.% Zn[283], whereas ifrigure?.9, it is assumed to be ZAnee.Figure7.8b andFigure

7.8 illustrate the compositional distribution of Ca and Zn over different time intervals.
The results indicate that Zn diffuses into the matrix relatively quickly, while the
dissolution of Ca is significantly slower, leading to a more persistent concentration
gradient. This aligns with the experimental observation thatdbgphases exhibit lower
solubility. Figure 7.8a tracks the interface movement betweekl¢pa€aphase and the

Mg matrix over time, showing that ZtontainingMg2Ca gradually dissolves intthe
matrix within approximately 2000 seconds during heat treatment. However, this is
inconsistent with the experimental observations, where residuatiCaecondphase
particles persist even afteomogenised

To further investigate the dissolution kineticshd§2Ca under different Zn conditions,
Figure 7.9 assumes a Zfree MgzCa phase. Figure 7.9a shows the evolution of the
Mg2CaMg interface, revealing a significant slowdown in dissolution over extended time
durations, indicative of diffusictimited behaviour. When th&lg-CaMg interface
moves and th&lg2Ca phase fraction decreases from 1.1% to 0.2%, further dissolution
terminated This aligns with the quantitative analysis fingure 7.4 and Table 7.3,
suggesting that a fraction of thelg.Ca phase remains stable under the given
homogenisation conditions. Figure 7.9b presents the Ca compositional distribution over
time, showing that while the Ca concentration gradually shifts as the interface moves,
complete homogenisation remains challenginthiw practical heat treatment times.
Additionally, the Ca concentration within thgz.Caphase slightly increases, indicating

further stabilization of this phase.

By comparing the diffusion couple DICTRA model resukgy(re 7.8 and Figure 7.9)

with the SEM experimental findings, it is evident that kihg2=Ca phase cannot be fully
dissolved at 520€Cthrough an industrially relevant heat treatmeg shown inFigure

7.5, large residuallgzCaparticles with high Ca content persist even after heat treatment.
Moreover, in conjunction with the equilibrium phase diagranfigure 6.8, it can be
observed that 520€C is near the solidus temperature, and in equilibrium conditions,
Mg2Cashould not be present. This suggests that the Mgg€aparticles formed during
solidification may exhibit different precipitation kinetics compared tdtbeCaparticles

along the grain boundaries. Consequently, increasing the homogenisation temperature or
extending the annealing duration may not be effective in completely eliminating large

Mg2Ca particles. Additionally, Zn incorporation may alter the diffusion kinetics of the
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Mg2Ca phase, highlighting the need for more precise thermodynamic and kinetic

descriptions of ZrcontainingMg2Cain the TCMG6 and MOBMG1 databases.
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Figure 7.8. Thediffusion couple DICTRA of (a) interface movement and (b,c) compositional

distribution of (b) Ca, and (c) Zn at-aast and hedteated at 520 for 100, 1000, and 2000

secondgonditionsin ZX10 alloy.
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Figure 7.9. Thediffusion couple DICTRA of (a) interface movement and (b) compositional
distribution of Caat ascast and hedteated at 520 for 100, 1000, and 100000 seconds
conditionsin ZX10 alloy.

7.5 Discussion

7.5.1 Precipitatesin ZX10 Alloy

Theresults section indicates that the primary intermetallic phases in the ZX10 alloy are
Mg2Ca and, to a lesser extent,.MgesZns. These phases play a crucial role in the alloy's
mechanical properties and thermal stabili{goCa is the dominant precipitate observed

in the ascast ZX10 alloy, primarily forming at grain boundaries due to Ca segregation
during solidification. The Scheil solidification model predicted significant Ca enrichment
at the grain boundaries, which wascat®nfirmed experimentally by EPMand SEM

EDS analysisKigure7.3 to Figure7.5). The presence of this phase aligns with previous
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