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Abstract 

This thesis will regard two differing mechanisms for the enhancement of temperature stable 

dielectrics in NaNbO3 related compositions, with the aim of synthesising dielectrics meeting X7R 

and X8R rated Temperature Coefficient of Capacitance (TCC) and/or dielectrics with prospective 

use for energy storage applications. The first of these mechanisms will be the formation of NaxBa1-

xNbxTi1-xO3 (XNNBT) based ceramic-ceramic composites with 3-0 dimensional interconnectivities 

between its BaTiO3 (BT) matrix phase and homogeneously distributed relaxor NNBT secondary 

phases. The formation of this composite is based on the ability to retain compositional 

heterogeneity post sintering due to the thermodynamic stability of relaxor components of the 

NNBT solid solution. X7R rated TCC is achieved for a BT-60NNBT composite with a 80:20 wt.% 

phase fraction, with a room temperature permittivity magnitude over 2000 and tan δ <0.05 

across a -150 to 400 °C temperature range. This TCC specification can be extended to X8R rating 

with the doping of 7 mol% Ca onto the A site of the BT matrix pre sintering. These B(Ca)T-

60NNBT ceramic-ceramic biphasic composites exhibit a linear electric field dependence of 

polarisation, with moderate energy storage efficiencies ~ 77 % and Wrec ~ 0.56 Jcm-3 when 2 wt.% 

glass sintering additive is used. The formation of the composite is reproducible from hand-mixing 

of its component phases to ball milling of larger batches, whilst X8R TCC rating can be replicated 

with a ball milling of a stoichiometric mix of NN, BT and BCT commercial nano-powders.  

The second mechanism for enhancing temperature stability of NaNbO3 dielectrics is the increase 

in A site vacancy concentration through aliovalent La3+ A site doping, along the NaNbO3 – 

La1/3NbO3 solid solution, LaxNa1-3xNbO3 (XLNN). X-ray Diffraction and Analytical Scanning 

Electron Microscopy analyses verify A-site vacancies to form as charge compensating defects, 

accommodated through a series of compositionally driven phase transitions induced by the 

competing influence and variation in the cooperative tilt network of the [NbO6] octahedra, 

cationic displacements and ordering of A-site species. A range of dielectric behaviours is observed 

across the solid solution. For 7.5LNN and above, an order-disorder transition in Nb displacements 

induces a suppression in TCC from that associated with NaNbO3, with dielectric behaviour 

retained. TCC is, however, unsatisfactory for X7R or X8R rating. Mixed Na+/n-type conductivity is 

induced for 15LNN and above, which is optimised in 25LNN, with a conductivity 8.0 x 10-5 Scm-1 

at 400 °C. The La1/3NbO3 end member shows comparable mixed ionic-electronic conduction, 

where the ionic species is undetermined. Linearisation of polarisation electric field dependence 

occurs above the order-disorder transition at ~ 7.5LNN, for which an energy storage efficiency ~ 

72 % and recoverable energy density ~ 0.4 Jcm-3 is achieved for 10LNN. The solid solution offers 

a range of properties suitable for diverse dielectric and non-dielectric applications. 
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1 Introduction 

1.1 Introductory Remarks 

 

Multilayer ceramic capacitors (MLCCs) represented a market value of ~ 15 billion USD in 

2023[1,2], with most forecasts unsurprisingly projecting annual growth with an increase in 

circuitry integration demanded by the automotive, aerospace and domestic sectors (to name a 

few). The growth of the hybrid electric vehicle (HEV)/Electric vehicles (EV) market in particular 

is a major influence on this increasing demand. Such vehicles regularly contain more than 10,000 

MLCCs, each used within circuitry to control the various electrical subsystems contained within. 

These range from AC-DC and DC-DC conversion systems, as well as battery monitoring systems 

and power management systems. A schematic overview of some of these electrical subsystems 

within EVs is shown in figure 1.1 [3]. 

 

MLCCs are inherently volumetric efficient, particularly with respect to conventional parallel plate 

capacitors, a consequence of the parallel lamination of ‘n’ parallel plate capacitors with thin 

dielectric layers. This allows for the provision of a specific capacitance with smaller dielectric 

Figure 1.1: The electrical subsystems common within EVs, where MLCC integration is frequent 
Reformatted from [3]. 



2 
 

surface areas, reducing associated capacitor case sizes and facilitating increasingly miniaturised 

circuitry. Such miniaturisation allows weight reductions in EVs, important for range 

maximisation, or alternatively facilitates more complex circuits containing an increasing number 

of MLCCs (or alternate components) per unit size, with improved circuitry performance.  

However, the variable ambient conditions EVs and integrated circuitry are exposed to, combined 

with operational heating effects such as joule heating, induce a range of operating temperatures 

the capacitors are exposed to. It is fundamental that the capacitance variation is known with 

temperature to ensure the electrical subsystems contained within the vehicle operate optimally 

and safely. Furthermore, it is preferential that the capacitance variation with temperature is 

minimal. This would maintain circuitry output over a range of operating conditions, whilst 

negating the need for additional capacitor integrations and increasingly complicated designs to 

offer an auxiliary output when the operating temperature changes. Capacitors do exist with very 

small capacitance variation, built with ‘Class I’ dielectrics where variability is so low it is quoted 

in the parts per million per degree [4]. These class I dielectrics, by virtue of their crystal 

structures, offer an inherently low polarisability and the capacitors they constitute have a low 

capacitance. Although this suffices for some applications, such as filters, a higher capacitance is 

often necessary, and more temperature dependent ‘class II’ dielectrics are necessary. Materials 

engineering is necessary to enhance the thermal stability of these class II dielectrics without 

compromising the higher capacitance magnitudes desired.  

Appropriate materials selection and compositional engineering should be utilised to facilitate the 

continued MLCC miniaturisation and performance enhancement. A dielectric composition that 

offers high intrinsic relative permittivity, typically above 1000 or close to 2000, that is stable over 

a wide operating temperature range and with sufficiently high dielectric breakdown strength to 

facilitate thin dielectric layers, ~ 1 µm or less, is the ideal component for a class II dielectric. 

Appropriate doping strategies on pre-existing dielectric materials and compositional 

modulations could provide novel solutions to the provision of temperature stable dielectrics for 

MLCC applications.   

 

1.2 Aims & Objectives 

 

This thesis aims to produce a dielectric composition suitable for class II dielectric MLCCs. This 

composition should yield a high room temperature permittivity, in excess of 1000, that varies no 

greater than ± 15 % between at least – 55 and 125 °C. This temperature dependence of 
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permittivity is referred to as its ‘temperature coefficient of capacitance’ (TCC), introduced in 

section 2.2.5. Alpha numeric coding systems describe the maximum permittivity (capacitance) 

variation across a defined temperature range, with this aforementioned stability desired 

described as ‘X7R’ rating. The thesis is prospectively aimed at then extending the upper bound of 

this permittivity stability to 150 °C, meeting X8R rated TCC specification. The dielectric losses 

need to be low combined with a reasonable dielectric breakdown strength. 

This thesis will utilise a bi-phasic ceramic-ceramic composite architecture, with associated 3-0 

physical connectivity, to achieve this dielectric thermal stability specification. This composite 

system will utilise materials considered independently unsatisfactory for X7R or X8R rated TCC 

dielectrics, from the NaNbO3-BaTiO3 (NNBT) solid solution, that offer otherwise interesting and 

useful dielectric responses that could be useful when electrically connected in a composite 

arrangement. Alterative bilayer architecture had previously achieved X7R rating with the same 

materials, showing potential dielectric use if arranged appropriately. There were, however, 

considerable drawbacks through the need for configuration of physical interfacial diffusion 

barriers, imparting undesirable manufacturing complexities. A bi-phasic ceramic-ceramic 

composite system instead identifies a route to utilise the good dielectric properties of the NNBT 

solid solution whilst remaining non-disruptive to and compatible with current manufacturing 

tape casting procedures. 

The thesis will also examine the response that A-site vacancies introduced into the perovskite 

crystal structure can impart upon the dielectric response of a material, specifically relating to TCC 

stabilisation and linearisation of the polarisation response upon an applied electric field. The 

former would make a composition suitable for temperature stable capacitors, such as X7R or X8R 

rated class II dielectrics considered for the ceramic composite system discussed in results 

chapters 1 through 3. The latter is considered for capacitors for high recoverable energy density 

applications, where often a multitude of dopant ions are introduced into NaNbO3-based materials 

to achieve linearisation of the polarisation response in an applied electric field. A-site vacancies 

are introduced into NaNbO3 through aliovalent La3+ A-site doping and forms results chapter 4.  

1.3 Thesis Structure 

The thesis will begin from chapter 2 as a ‘Basic Concepts’ chapter. This contains a basic 

description of the fundamental theory utilised within the rest of the thesis, including basic 

crystallography and the structurally imparted properties of a crystalline material, including the 

polarisation response which are so fundamental to dielectrics for capacitors. Chapter 3 contains 

the ‘Experimental Methodology’, outlining the theory and specifics of the structural and electrical 

characterisation techniques used to analyse the materials. 
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Results Chapters 1 through 3 will explore the NNBT based ceramic-ceramic composite systems 

for dielectric use. Chapter 1 outlines the ability to form an NNBT based ceramic composite system 

that satisfies X7R rated TCC. Results Chapter 2 focuses on extending this TCC specification to X8R 

rating, whilst Results Chapter 3 describes the industrial scalability of the composite systems.  

Results Chapter 4 outlines the role of A-site vacancies in the La1/3NbO3 – NaNbO3 perovskite solid 

solution on the dielectric response and TCC, whilst also comparing A-site vacancies on enhancing 

the linearisation of the polarisation response for energy density capacitor applications. These will 

be followed by chapters based on an overall discussion of the results, conclusions and further 

work. 
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2 Basic Concepts 

 

2.1 Basic Crystallography 

 

A crystalline substance is one that exhibits a long range, periodic ordering of its component atoms 

across three dimensional space. This array of atoms is by definition a lattice, a regular and finite 

array of points in space where each lattice point shares an identical environment [5–7]. That is, 

each lattice point shares an equivalent spatial distribution and orientation of surrounding lattice 

points [5]. Crystal lattices, due to their regularity and periodicity, exhibit translational symmetry. 

This means a select repeating unit of the lattice, such as the unit cell which is considered the 

smallest repeating unit that encapsulates the total three dimensional symmetry of the lattice, can 

be translated by a specific vector across the lattice and situate itself into an environment identical 

to the one it left. A primitive unit cell is shown in figure 2.1, owing to the fact it is composed of a 

single lattice point.  

The unit cell can be defined by the lengths of the orthogonal axes/vectors that connect its lattice 

points – unit cell lengths a, b and c - as well as the angles between these axes - α, β and γ. The 

relationship between these cell lengths and angles are shown in figure 2.1. The unit cells 

b 

a 

c 
y 

x 

z 

α β 
γ 

Figure 2.1: The unit cell for a primitive lattice, showing cartesian coordinates, associated a, b, c lattice 
parameters and α, β, γ angles. If all lattice parameters are equal and the internal angles are 90 °, the 
cell is primitive cubic. Other primitive unit cells are a distortion of this cell where lattice parameters 

and associated interplanar angles are able to vary. 
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representing the lattice fall into one of seven crystal systems depending upon the relationship 

between these unit cell lengths and angles, table 2.1: 

Table 2.1: The seven crystal systems and their associated lattice parameter/angle relationships. 

 

 

 

 

 

 

 

These cells are not always primitive, such as the one shown in figure 2.1. For non-primitive unit 

cells, different body types refer to the arrangement of additional lattice points. Body centring (I) 

is where an additional lattice point is located at the centre of the unit cell, face centring exhibits 

an extra half a lattice point at the face centres (F), and base centring (C) has an extra half a lattice 

point at the cell base and its adjacent face. A finite number of permissible spatial configurations 

of the lattice points within the unit cell are found for crystalline materials, being a combination of 

these crystal systems and body centring types. 14 of these lattice types were derived by Bravais, 

hence referred to as Bravais lattices. These 14 lattice types are shown in figure 2.2.   

Crystal lattices are not always constituent of the same atom. It is important to distinguish that a 

lattice point does not have to be an atom, but rather a defined point in space that manifests the 

periodicity of the lattice. A motif is a better description of the environment the lattice point 

represents, and can be an atom, a cluster of atoms or a molecule for example [5,6]. The motif will 

have an associated symmetry, and so will the unit cell as it is constructed from these motifs. 

Symmetry is best defined as operations, induced by symmetry elements such as mirror planes, 

rotational axes, glide planes or screw axes, that act upon the cell and render it unidentifiable from 

the original spatial arrangement. A series of symmetry elements that act through a single point in 

the unit cell collectively describe the point group of that cell. There are 32 point groups for a three 

dimensional lattice, and combined with the 14 Bravais lattice types permissible, result in 230 

possible space groups that a real, three dimensional crystal structure can exhibit. These space 

Triclinic a ≠ b ≠ c, α ≠ β ≠ γ  

Monoclinic a ≠ b ≠ c, α = γ = 90 °, β > 90 ° 

Orthorhombic  a ≠ b ≠ c, α = β = γ = 90 ° 

Trigonal a = b ≠ c, α = β = 90 °, γ = 120 ° 

(Rhombohedral) a = b = c, α = β = γ ≠ 90 °, <  120 ° 

Tetragonal a = b ≠ c, α = β = γ = 90 ° 

Hexagonal a = b ≠ c, α = β = 90 °, γ = 120 ° 

Cubic a = b = c, α = β = γ = 90 ° 
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groups describe the overall three dimensional symmetry and spatial arrangement of the motifs 

and thus describe the crystal structure in its entirety.   

 

Crystal lattices are best described by the symmetry that it exhibits, for it is this symmetry that 

yields many of the consequent properties inherent of the crystal. The 230 space groups that 

describe this lattice symmetry are denoted using Hermann-Mauguin nomenclature, an alpha 

numeric code that describes the Bravais lattice type as the first digit, (P, I, F, C and R, for 

rhombohedral) followed by a shortened form of the symmetry elements that are sufficient to 

describe the total three dimensional symmetry of the structure [8,9]. These are the generator 

symmetry elements, named so for all other symmetry elements present within the cell can be 

generated from these. For example, 2 perpendicular mirror planes will generate a two-fold 

rotational symmetry axes. These are ordered according to viewing directions unique to a crystal 

system. Other space group notations are used, including Schoenflies notation, however Hermann-

Mauguin notation is often preferred due to the ease at which translational symmetry elements 

Figure 2.2: The 14 Bravais lattices, with lattice parameter and angular 
relationships. Reformatted from [9] 
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can be included when transitioning from point group symmetry (2 dimensions) to space group 

symmetry (3 dimensions).  

2.1.1 Miller Indices 

 

Lattice planes and directions can be specified by means of Miller indices. These three digit indices 

are given as (hkl) values for planes and [hkl] values for directions, and are commonly used in 

structural analysis techniques such as diffraction where reference to specific lattice planes 

becomes important for their unique and varied responses when perturbed by an input signal. 

(hkl) references a plane that intercepts the x, y and z axis at (
𝑎

ℎ
,
𝑏

𝑘
,
𝑐

𝑙
), where a, b and c are the unit 

cell lengths along these cartesian axes. Figure 2.3 shows the (100), (210) and (111) planes and 

the corresponding coordinates of interception along the unit cell lengths. (100) intercepts the x 

axis at one unit cell length ‘a’, whilst remaining parallel to both the y and z axes. It never intercepts 

these axis and so its k and l Miller indices are zero. For (210), the coordinates of x, y and z axes 

 

൬
𝑎

1
,
𝑏

1
,
𝑐

1
൰  =  [111] 

 

൬
𝑎

2
,
𝑏

1
,
𝑐

∞
൰  =  (210) 

b 

a 

c y 

x 

z ൬
𝑎

1
,
𝑏

∞
,
𝑐

∞
൰  =  [100] 

Figure 2.3: Visualisation of (100) and (210) planes and a [111] direction, and how the Miller 
indices (hkl) originate from the axial intercepts between the planes/vectors and the unit cell. 
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intercept are (
𝑎

2
,
𝑏

1
,
𝑐

∞
)  and so its Miller indices become (210). The same process can be repeated 

for the [111] vector. 

  

2.2 Symmetry Dependent Behaviour 

 

2.2.1 Piezoelectrics, Pyroelectrics and Ferroelectrics 

 

As described, the symmetry of a three dimensional crystal structure falls into one of 32 different 

point groups or crystal classes. Of these 32 crystal classes, 11 are centrosymmetric, i.e. having a 

centre of symmetry. Stress application imparts an equal and opposite displacement of the ions 

constituting the crystal structure, with no net dipole moment formed. For the remaining 21 non-

centrosymmetric crystal classes, 20 exhibit polarity when stress is applied as the displacement of 

charge is no longer equal and opposite [5,6,10,11]. The cubic class 432 is the only non-

centrosymmetric crystal class to not exhibit this response, as polarisation along its <111> axes 

are symmetrically related and cancel out. The effect of a net dipole moment being imparted upon 

stress application is termed the piezoelectric effect. This dipole moment induced is linear and 

reversible with stress [10]. The converse effect can be observed where strain is imparted upon 

these 20 non-centrosymmetric crystal classes by the application of an electric field.  

 

Figure 2.4: The relationship between the symmetry dependent piezoelectric, pyroelectric and 
ferroelectric properties of the 32 point groups. Reformatted from [11] 
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Of these 20 crystal classes, 10 exhibit a unique polar axis, a temperature dependent spontaneous 

dipole moment, and are considered pyroelectric classes. A material that has two or more stable 

orientations of this spontaneous dipole moment at null electric field, where the vector of polarity 

can be reoriented upon application of an electric field, are termed ferroelectric materials. The 

relationship between each of these symmetry dependent behaviours are shown in figure 2.4 [11]. 

 

2.2.2 Ferroelectric Domains 

 

If a ferroelectric crystal structure was to polarise along one of its available polarisation vectors, 

the energy associated with the consequent depolarising field would be relatively large. In order 

to minimise the associated electrostatic (and elastic) energy constraining the material, different 

areas of the structure polarise uniformly along one of the available polarisation vectors forming 

a ferroelectric domain [10,12–14]. Multiple domains, each of differing but reorientable 

polarisation vectors, nucleate throughout the crystal structure, separated by domain walls of 

unique properties, such as thicknesses and energies, according to the transition between 

neighbouring polarisation vectors. A single domain state is unfavourable since the energy 

associated with the crystal surfaces would be greater than the energy associated with 

ferroelectric ordering, so much so that ferroelectric ordering would cease to exist [10,12].  

Figure 2.5: The formation of 180 and 90 ° domain walls, seperating adjacent domains with spontaneous 
polarisation vectors PS. These domain walls form to minimise the electrostatic and elastic energy of a 

ferroelectric crystal. Reformatted from [12]. 
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 In tetragonal BaTiO3, where the 6 polarisation vectors exist along the <001> axes, 90 ° and 180 ° 

domains are able to form within the crystal structure referring to the 90 and 180 ° relative 

orientation of polarisation vectors between neighbouring domains. A schematic showing 90 and 

180 ° domain walls is shown in figure 2.5 [12]. These different domain wall formations offer 

different energetically minimising properties. 180 ° domains seek to minimise the depolarisation 

field due to the antiparallel arrangement of neighbouring polar axes, whilst 90 ° domains 

minimise the elastic energy imposed by the straining associated to the <001> dipole moments 

formed within a domain [12]. The orientation of domains changes according to crystal symmetry 

and for the low temperature rhombohedral polymorph of BaTiO3, due to the polar vector 

occurring along the <111> axes, 71, 109 and 180 ° domain walls are found to exist instead [12]. 

Ferroelectric domains walls are typically a few unit cells wide, however the width and associated 

energies are dependent on their type (the angle subtended between neighbouring polarisation 

vectors). 90 ° walls are typically thicker but lower in associated energy with respect to 180 ° 

domain walls, for example. This wall energy typically originates from depolarisation fields 

associated with the divergence of the polarisation vector across the wall, misorientation between 

neighbouring dipole moments/polar vectors either side of the wall and the straining/elastic 

contributions [10]. 

2.2.3 Electric Field Dependence of Polarisation 

 

The principle of electrostriction is applicable to all crystal structures and indicates dipole moment 

formation and consequent polarisation under the application of an electric field, as positive and 

negative ions of the crystal structures are displaced conversely [10]. The behaviour and rate of 

polarisation change under electric field application is however sensitive to the crystal symmetry 

and the dynamics of polarisation incurred, including the correlation lengths of polar ordering. 

This results in variable hysteresis effects and consequent polarisation-electric field (PE) loops. 

The exact shape and dimensions of these loops are of course material dependent, but fall into 

similar profiles according to the whether the dielectric material is paraelectric with a linear 

polarisation response, ferroelectric, relaxor-ferroelectric or antiferroelectric. These produce the 

characteristic responses shown in figure 2.6 a) through d), respectively.  

The hysteresis induced upon electric field application is greatest for a ferroelectric material, and 

is incurred by the energy lost due to the polarisation dynamics associated with domain 

reorientation (domain wall mobility), including those of irreversible nature. In ferroelectric 

(tetragonal) BaTiO3, loss is typically incurred from the mass reversal of 180 ° domains [15] near 

the coercive field, with energy transferred as heat throughout the crystal structure [13]. 90 ° 
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domain walls are typically moved at higher fields towards the polarisation saturation, and are the 

first to relax upon subsequent field reduction for electrostrictive purposes. Smaller losses are 

incurred at lower fields from domain wall vibration (with energy transferred as acoustic plane 

waves that propagate throughout the structure) and low scale domain wall translations, however 

these impart little macroscopic effects on the surrounding domain structure [13], with the 

minor/Rayleigh loop this would form not visible on figure 2.6 b).  

 

Upon field reversal, a finite negative electric field, the coercive field, is required to achieve a 

complete net polarity reversal as some of the domain walls become pinned. The recoverable 

energy density stored within the dielectric as a result of its polarisation is calculated as the 

integral of equation 2.1 [16–18]. 

 
𝑊𝑟𝑒𝑐 = ∫ 𝐸 𝑑𝑃

𝑃𝑚𝑎𝑥

𝑃𝑟

 
(2.1) 

 Where ‘Pmax’ is the maximum polarisation observed and ‘Pr’ is the remnant polarisation, observed 

when the electric field is reduced to 0 kVcm-1. It is equivalent to the area shaded in red in figure 

Figure 2.6: The P-E hysteresis typical of four different dielectric materials with different intrinsic 
polarisation behaviours: a) linear b) ferroelectric c) a relaxor-ferroelectric d) anti-ferroelectric. 

Reformatted from [19]. 
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2.6. The irrecoverable energy density is shaded green in figure 2.6 and given by the integral of 

equation 2.2.  

 
𝑊𝑟𝑒𝑐 = ∫ 𝐸 𝑑𝑃

𝑃𝑚𝑎𝑥

0

 
(2.2) 

The result of long range polar domains forming induces higher maximum polarisation 

magnitudes, but also induces the higher losses and polarisation saturations that are deleterious 

to the magnitude of recoverable energy density achievable. Reducing the scale of polar order 

reduces the maximum polarisation achievable for the dielectric, but linearises the electric field 

dependency. The energy storage efficiency, the ratio between the recoverable to irrecoverable 

energy density stored within the capacitor upon polarisation, consequently improves. Should the 

dielectric resist electric field induced dielectric breakdown, such as through smaller volumes and 

an associated statistical reduction in breakdown nucleating flaws (pores or cracks for example) 

or higher densities, the lack of polarisation saturation incurred provides a route to high 

recoverable energy density with high associated storage efficiency. Increasing amounts of 

literature are dedicated to the linearisation of materials with nominally high intrinsic 

polarisation, to maximise the efficiency and recoverable energy density achievable in a 

miniaturised MLCC chip. The overall intention of this research is then to shift MLCCs from typical 

power electronics (to which they are useful for their short charge/discharge times) to 

applications that can utilise both storage and power, such as pulse-power applications[19]. 

 

2.2.4 Polarisation & Dielectric Permittivity  

 

When a crystal is subjected to an electric field, dipole moments are formed across a range of 

length scales. A dipole moment (µ) is the separation of charge (q) over a finite length (d) [13]: 

 µ =  𝑞 ∙ 𝑑 (2.3) 

 

The polarisation of a dielectric (P), an electronically insulating material, is then described as the 

total dipole moment formed per unit volume (V) [13]: 

 𝑃 =
µ

𝛿𝑉
 (2.4) 

 

Since this thesis is focused on dielectric materials, should they be located between two oppositely 

charged plates separated by a distance d, they are capable of separating charge in the formation 

of a parallel plate capacitor, just like a vacuum can. The electric field across a parallel plate 
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capacitor separated by a vacuum is based on the voltage (V) driven charge that is built up on these 

adjacent electrode surfaces, of area A with charge density σ, relative to the permittivity of free 

space (ε0 = 8.85 x 10-14 Fcm-1) [13]: 

 
𝐸 =

𝜎

𝜀0
=
𝑉

𝑑
 

(2.5) 

 

When a medium is placed between the parallel plates, the polarisation of the medium induced by 

the electric field influences the effective charge density seen by the plates. The total charge of the 

plates then becomes a function of the intrinsic polarisability of the material, a function of its 

crystal structure and component ions. This is described by its electric susceptibility, 𝜒𝑒 , and so 

the charge storage (Q/A) can be represented as [13]: 

  

 𝑄

𝐴
= (1 + 𝜒𝑒)𝜀0

𝑉

𝑑
 

(2.6) 

 

The function (1 + 𝜒𝑒)𝜀0 is the permittivity of the medium, ε, and (1 + 𝜒𝑒) is equal to the relative 

permittivity of the medium, εr, since it is relative to that of a vacuum. The capacitance of a vacuum 

parallel plate capacitor becomes [13]: 

 
𝐶0  =  

𝐴𝜀0
𝑑

 
(2.7) 

 

and the capacitance of a parallel plate capacitor separated by a dielectric medium of relative 

permittivity εr, becomes: 

 
𝐶 =  

𝐴𝜀0𝜀𝑟
𝑑

 
(2.8) 

 

Polarisation of a dielectric medium can be described by four general mechanisms, each providing 

a dipole moment and polarisation contribution over different length scales. Atomic polarisation 

occurs at the smallest length scale and is the response of an ion’s electron cloud displacing relative 

to the nucleus. Ionic displacement of the cation and anion sublattices also occur but over a slightly 

larger length scale. Dipole moments that are present within the structure will also reorientate, 

particularly so for ferroelectric materials that exhibit a spontaneous and unique dipole moment. 

Finally, on the largest length scale are space charge effects, the accumulation of charge at a 

potential barrier. These polarisation processes and their associated length scales are visualised 

in figure 2.7 [13]. The length scales that these polarisation processes act over impart the 

frequency dependence of polarisation observed under an applied ac electric field.  
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Polarisation processes that occur over the largest scales will be ‘relaxed’ out at comparatively 

lower electric field frequencies compared to mechanisms of polarisation over the smaller length 

scales. Relaxation of the polarisation simply refers to the inability for that polarisation 

mechanism to respond to increasing frequencies and produce the associated charge separation 

for dipole moment formation. When the polarisation mechanism is relaxed out, it no longer 

contributes to the overall polarisation of the sample. The frequency dependence of the 

aforementioned polarisation mechanisms is shown in figure 2.8. The relaxation of space charge 

and dipolar mechanisms with increasing frequency occurs first and second, respectively. Ionic 

Figure 2.7: Four fundamental polarisation mechanisms of a material under the application 
of an electric field. The length scale of the dipole moments formed increase moving from 

atomic to space charge mechanisms. Reformatted from [13]. 
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and atomic polarisation mechanisms instead show a resonance effect rather than the relaxation 

effect described. 

 

 

2.2.5 Temperature Coefficient of Capacitance  

 

Since permittivity is a property inherent to the crystal structure of a material, a temperature 

dependence of permittivity results. The temperature coefficient of capacitance, TCC, is a measure 

of how much the permittivity (capacitance) varies with respect to the room temperature 

equivalent (25 OC), equation 2.9.  

Figure 2.8: The relaxation and resonance effects of the four main polarisation mechanisms with increasing 
frequency, in terms of permittivity and dielectric loss. Pint refers to interfacial (space charge) contributions, 

Pd dipolar contributions, Pi is ionic polarisation and Pe is electronic (atomic). Reformatted from [222] 
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𝑇𝐶𝐶 (%) =

𝜀(𝑇) − 𝜀(25 °𝐶)

𝜀(25 °𝐶)
× 100 

(2.9) 

 

 

For class II dielectrics used within MLCCs, permittivity variation with temperature can be quite 

considerable unlike class I dielectrics. It is necessary to know how this permittivity varies with 

temperature to ensure the capacitance output of the device is sufficient to fulfil its intended role. 

The Electronic Industries Alliance (EIA) has standardised the permittivity variation of a dielectric 

(capacitance variation of a capacitor) with temperature, based on the calculated TCC, according 

to the following alpha-numeric coding system: 

Table 2.2: The alpha-numeric coding system used to specific TCC associated with a capacitor across a 

defined operating temperature range 

 

For X7R rated dielectrics, a maximum TCC variation of ± 15 % is observed between -55 and 125 

°C. For X8R rated dielectrics, a maximum TCC variation of ± 15 % is observed between -55 and 

150 °C 

 

2.3 Perovskites 

 

First Character Second Character Third Character 

Letter Lower 

Temperature 

Bound (°C) 

Digit Upper 

Temperature 

Bound (°C) 

Letter Maximum 

TCC 

Tolerance 

(%) 

X - 55 2 + 45 D  3.3 

Y - 30 4 + 65 E  4.7 

Z + 10 5 + 85 F  7.5 

  6 + 105 P  10 

  7 + 125 R  15 

    S  22 

    T + 22 / - 33 

    U + 22 / - 56 

    V + 22 / - 82 
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The ideal aristotype perovskite structures exhibited by compounds such as SrTiO3 are related to 

the mineral perovskite CaTiO3, existing with a unit cell formula ABX3 (where X is typically an O2- 

anion, but metal-halide perovskite families exist where a halide anion replaces the oxygen)[7,20–

25]. This ideal structure is cubic with an associated Pm3m space group. Paradoxically, the mineral 

perovskite CaTiO3 exhibits orthorhombic symmetry (space group Pbnm) distorted away from 

this ideal high symmetry aristotype phase. The perovskite structure is composed of larger A-site 

cations located in a 12 fold cubo-octahedral anion coordination at the cell centres whilst the 

comparatively smaller B-site cations are 6-fold anion coordinated at the cell corners within 

corner sharing BO6 octahedra. An example of this structure is shown in figure 2.9.  

 

The ideal perovskite can also be considered as a cubic close-packed structure, where the oxygen 

and A site ions are stacked in cubic close-packed layers along the cubic [111] direction, and B site 

ions occupy one quarter of the octahedral sites that are consequently formed [23]. In the ideal 

structure, the B-O distance is equal to a/2 (with a being the cubic unit cell parameter), whilst the 

A-O bond distance is equal to a/2 [24]. A relationship between the atomic radii of the A, B and O 

ions is also held – rA + rO = 2(rB + rO) [24](where rA, rO and rB are the atomic radii of the A, O and 

B ions, respectively).  

 In reality few perovskite oxides exist with this cubic structure at room temperature, although 

most of them tend towards this at elevated temperatures (or in the paraelectric state for a 

Figure 2.9: The idealised cubic unit cell of the ABO3 perovskite. The blue sphere represents the body 
centred A cation. The grey spheres represent the corner occupying B cations, whilst the purple spheres 

represent the corner sharing oxygen or halide anions. Reformatted from[21] 
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ferroelectric material). Goldschmidt introduced a tolerance factor (t) as a measure of distortion 

away from the idealised cubic structure (and thus it can be used to quantitatively predict the 

crystal structure of the perovskite compound based on the ionic radii)[26]:  

 
𝑡 =

rA + rO

√2(𝑟𝐵 + 𝑟𝑂)
 

(2.10) 

 

Materials with a tolerance factor of 0.9-1.0 generally exhibit the ideal cubic structure (however 

strictly speaking cubic symmetry is attained with t=1), whilst a tolerance factor of 0.71-0.9 results 

in a distorted perovskite structure with tilted BO6 octahedra. A tolerance factor greater than unity 

(1) or below 0.71 may result in the formation of non-perovskite structures [26,27]. 

 

2.4 Multi-Layer Ceramic Capacitors 

 

A Multilayer Ceramic Capacitor (MLCC) is effectively a parallel lamination of ‘n’ parallel plate 

capacitors, where ‘n’ is equal to the number of insulating dielectric layers separating ‘n+1’ 

overlapping internal electrodes. Each of these dielectric layers acts as a conventional parallel 

plate capacitor and so the total capacitance of the MLCC becomes a parallel summation of these 

‘n’ independent capacitors: 

 
𝐶 =  

𝑛𝜀0𝜀𝑟𝐴

𝑑
 

(2.11) 

 

where C is the device capacitance, n is the number of dielectric layers, ε0 is the permittivity of free 

space, εr is the relative permittivity of the dielectric, A is the cross-sectional overlap area of 

adjacent internal electrodes and d is the thickness of the dielectric layers. A schematic of this 

serial connectivity of internal dielectric layers is shown in figure 2.10.  MLCCs have an inherent 

advantage on miniaturisation with respect to monolithic parallel plate capacitors hence finding 

integration in vast numbers within common electrical circuitry. 

 The capacitance of the MLCC can be maximised through the use of a dielectric layer with as high 

of a relative permittivity as possible, with its layers as thin and cross sectionally large as possible, 

and with layers as frequent as possible. In reality, not all are achievable and the demand for 

miniaturisation sets constrains on the size of these layers and how numerous they are. The need 

for optimisation of material properties, specifically dielectric response, then supersedes device 

design. Maximising permittivity without compromising the temperature stability is a frequent 
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challenge, one that shall be covered within this thesis. BaTiO3, a prototypical ferroelectric below 

its Curie temperature (Tc ~ 130 °C) and a material that is commonly utilised within MLCCs, 

exhibits a large permittivity often in excess of 10,000 at Tc. Either side of this Curie temperature 

comes a sharp and large drop in permittivity. It is unrealistic to expect circuitry to be operated 

consistently around 130 °C to take advantage of this high permittivity. When its temperature 

stability is improved, often through chemical doping, the permittivity is consequently lowered. A 

fine balance is necessary to find materials that exist with a compromise of the two qualities. Of 

course, high capacitance is not always essential where thermal stability is crucially important, 

often for filter networks, timing circuitry or resonant applications, in which case class I dielectrics 

such as CaZrO3 and TiO2 in NP0’s can be utilised which have inherently lower permittivity’s but 

far superior thermal stabilities. 

Although permittivity variation is expected across differing capacitor types, the dielectric should 

always exhibit low dielectric losses, i.e. minimal leakage current upon application of an electric 

field. The device build should also exhibit low losses, manifesting as a high insulation resistance. 

The dielectric should also be thermally and chemically compatible with the internal electrode 

materials, with base metal electrodes (BMEs) such as nickel or copper preferable for their low 

manufacturing costs. This is increasingly important as miniaturisation drives thinner dielectric 

layers and increasing electrode layer fractions within the capacitors. The dielectric will 

consequently need to be non-reducible for use of the BMEs, or re-oxidisable at lower 

temperatures post sintering. 

Figure 2.10: A schematic representing the lamination of ‘n’ internal parallel 

capacitors in an MLCC. Reformatted from [3] 
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While the exact details and formulations of MLCC manufacture typically varies according to the 

manufacturer, a similar tape-casting route to that shown in figure 2.11 is frequently used. This 

involves the milling of the dielectric formulation with necessary binders, flocculants and 

plasticisers to attain a green body strength and an associated tape flexibility for subsequent chip 

build. The slurry formed is cast as a wet film with a defined thickness. After drying, the electrodes 

are screen printed onto the layers, with the layers then orientated and laminated, cut and fired to 

densify and remove the organic constituents introduced in previous stages. The chips are then 

terminated and coated for environmental protection [28].  

 

 

 

 

 

 

 

Figure 2.11: The typical tape casting process utilised for commercial MLCC manufacture. Reformatted 
from [28] 
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3 Literature Survey 

 

3.1 BaTiO3 

 

First discovered in the 1940’s [29,30], BaTiO3 is a prototypical ferroelectric perovskite until ~ 

120-130 °C, whose (process dependent) dielectric behaviour promotes integration within most 

commercial class II MLCCs. BaTiO3 is characterised by an exceptionally large relative permittivity, 

often in excess of 10,000, at its Curie temperature ~ 130 °C [31,32], manifesting a large change of 

order parameter as it undergoes a transition from its cubic paraelectric polymorph to its 

tetragonal ferroelectric analogue. This relative permittivity response is shown in figure 3.1. 

This is one of three sequential phase transitions that occur between its cubic paraelectric 

polymorph and three, lower symmetry distorted ferroelectric polymorphs upon cooling, each 

driven by a reorientation of the associated polar axes that arises as the Ti displaces away from its 

centralised coordination within the [TiO6] octahedra [33]. The sequence of crystal systems, from 

cubic to tetragonal, orthorhombic and rhombohedral [25,33], as well as their associated 

transition temperatures, are shown in figure 3.2 (reformatted from [13]). The anomalies 

recognisable in figure 3.1 correspond to the transition between each of its ferroelectric 

polymorphs and the change in vector associated with the reorientable polar axes. 

Figure 3.1: The relative permittivity response of BaTiO3. Reformatted from [32] 
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The nature of these ferrodistortive transitions in BaTiO3 have long been considered displacive in 

type, driven by the condensation of a ‘soft-mode’. This is a transverse optic phonon mode whose 

frequency reduces to zero upon cooling to the Curie temperature, imparting dynamical instability 

within the lattice and freezing out with associated intraoctahedral Ti displacements.  These Ti 

displacements are described as the eigenvectors of this high temperature soft mode [34,35].  

Some early neutron spectrometry and infrared reflectivity studies [34,36]that supported this 

theory in other ferroelectric titanates, namely SrTiO3, were, however, not so supportive for 

BaTiO3. This system was instead viewed as somewhat more complicated, and newer X-ray fine 

structure analysis has even suggested a more order-disorder type ferroelectric transition in 

BaTiO3 instead [37].   

BaTiO3 is an electrical insulator when processed in air, useful for dielectrics, although n-type 

semi-conductivity can be induced when sintered under low pO2 atmospheres (> 1200 °C) [38]. 

Consequently, when heating semiconducting BaTiO3 within a finite temperature range exceeding 

the Curie temperature, an increase in resistivity by several orders of magnitude in a positive 

temperature coefficient of resistance (PTCR) response is observed, shown in figure 3.3. A double 

Schottky barrier is formed between an insulating grain boundary/interfacial layer with high 

acceptor density (segregated acceptor ions and/or adsorbed oxygen) and n-type semiconducting 

grains [39–41].  The resulting space charge layer promotes band bending towards the interface, 

with an additional energy requirement necessary for the excitation of valence electrons into the 

conduction band, thereby inducing the observed sharp PTCR effect. Towards elevated 

temperatures, the Fermi energy level shifts closer to the conduction band with a smaller 

Figure 3.2: A schematic showing the symmetry loss upon cooling as BaTiO3 transitions 

through 3 ferroelectric phase transitions. Reformatted from [13] 
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associated band gap, sufficiently close enough for a statistically appreciable number of electrons 

to be promoted into the conduction band, inducing a consequential reduction in the associated 

barrier height and retaining negative temperature coefficient of resistance behaviour once more. 

It is only after the Curie temperature is exceeded within these polycrystalline BaTiO3 specimens 

that the PTCR effect is observed, since in the ferroelectric state the spontaneous polarisation of 

the bulk compensates the charge build up at the interfaces [42,43].  This PTCR effect is 

understandably processing dependent. Controlling the microstructure, sintering atmosphere and 

cooling rates have a significant impact on the resistivity variations observed. Reoxidation of the 

grain boundaries in particular is of significant importance in optimising this effect [44], with the 

formation heterogeneous oxygen concentrations interpretable as forming a heterogeneous 

electrical microstructure from impedance spectra when air or argon cooled atmospheres are 

utilised during sintering, limiting complete grain reoxidation [45]. 

For PTCR samples, donor doping of BaTiO3 is often utilised to enhance the n-type semiconducting 

behaviour of the grain cores and increase the Schottky barrier height for a larger resistivity 

increase. La3+ dopes preferentially onto the A site of BaTiO3 [46–49]as a consequence of its 

relatively large ionic radius, too large for B site coordination, and results in an enhancement of n-

type conductivity for small doping concentrations < 1 at%. An optimal conductivity is achieved 

between 0.3 – 0.5 at% doping, used for commercial PTCR formulations [50], as shown in figure 

3.4. 

Figure 3.3: The positive temperature coefficient of semiconducting n-type 
BaTiO3 with insulating, reoxidised grain boundaries. Reformatted from [41]. 
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Above this, the resistivity begins to increase once more, previously considered to be the transition 

between doping mechanisms from electronic to ionic compensation [51–53]. It has since been 

shown that ionic compensation, specifically the formation of VTi’’’’, is the most energetically 

favourable compensation mechanism [50]until the ~ 25 mol % solution limit. It is the loss of the 

resulting under-bonded oxygen from VTi’’’’ clusters that yields the n-type semi-conductivity 

forming Ba1-xLaxTi1-x/4O3-δ [50].  The change in (re)oxidation rates/kinetics with increasing La3+ 

content influences the increase in resistivity towards higher La3+ concentrations as opposed to a 

change in doping mechanism [45,54].  The doping concentration is also dependent upon the 

temperature range the PTCR effect is intended for, given the ~-24 °C/mol% Tc reduction induced 

by the La3+ A site doping [47]. 

Regarding BaTiO3 integration into MLCCs as dielectrics, the need to lower manufacturing costs 

with the use of base metal electrodes (BMEs), such as Ni or Cu that are lower in cost compared 

comparatively more inert Pt or Ag-Pd electrodes, comes with a necessity to sinter under a 

reducing  (low pO2) atmosphere to inhibit oxidation of these electrode materials [28,55]. As 

previously discussed, such low pO2 atmospheres will readily reduce Ti and induce n-type semi-

conductivity undesirable for dielectrics [38,56], as in equation 3.1 and 3.2: 

 
𝑂𝑂
𝑋 →

1

2
𝑂2(𝑔) + 𝑉𝑂

∙∙ +  2𝑒′ 
(3.1) 

 

 2𝑇𝑖𝑇𝑖
𝑋 + 2𝑒′ → 2𝑇𝑖𝑇𝑖

′  (3.2) 

 

Figure 3.4: The change in resistivity of polycrystalline A site La3+ doped BaTiO3. The 
minimum resistivity is utilised for commercial PTCR ceramics, at 0.3-0.5 mol% doping 

concentrations. Reformatted from [50]. 
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Often, acceptor doping is used to form non-reduceable dielectrics to inhibit this Ti reduction 

under such low oxygen partial pressure environments, forming oxygen vacancies in the process. 

These oxygen vacancies do, however, prove deleterious to the mean time to failure and ageing of 

the dielectric under progressive voltage loading conditions. It is oxygen vacancy migration to the 

cathode which has long been considered to encourage premature dielectric breakdown in MLCCs 

[57–60], shown schematically in figure 3.5, accumulating and decreasing the energy barrier for 

electron ‘injection’ the cathode, a Schottky emission process. Simultaneous with this increasing 

conduction is Joule heating, which can accelerate the breakdown process [61]. The defect 

chemistry of undoped BaTiO3 is often driven by the presence of impurity ions within the material, 

which act often as acceptor type dopants based on the abundance of lower valence ions, giving 

BaTiO3 its inherent pO2 dependence (n-type at lower pO2 and p-type at higher pO2) [62]. Table 

3.1 reveals an example of impurity elements found within undoped BaTiO3 via spark-source mass 

spectrographic analysis. 

Table 3.1: Impurity ions and their associated concentrations (by weight), found within polycrystalline 
undoped BaTiO3 [62]. 

Impurity Concentration, ppm (by weight) 

Carbon 0.5 

Nitrogen 0.4 

Magnesium 1.1 

Aluminium 2.2 

Phosphorus 2.3 

Calcium 7.4 

Iron 7.9 

Arsenic 2.2 

 

 In polycrystalline BaTiO3, Schottky barriers form at the grain boundary ~ 200 nm in length [63], 

often with segregated acceptor solutes at the interface [64], shown in figure 3.5, and impede 

mobility of the VO∙∙. It is this mechanism that enhances the electric field induced breakdown 

resistance and facilitates the improvement in time to failure of the dielectric [57,63,65]. Rare 

earths (REs) such as Dy or Ho that are intermediate in size compared to other cations of the series 

are able to dope onto both the A and B site, and are termed as amphoteric dopants for this ability 

to act as a donor or acceptor dopant in BaTiO3 depending upon its coordination [66]. It is for this 

reason, and its intrinsic capability of reducing oxygen vacancy formation during processing, that 

time to failure and ageing is minimised upon such RE doping, especially compared to rare earths 

of differing radii. Increasing the grain boundary density via reduced grain sizes has also been 
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found to assist breakdown resistance, with studies of acceptor doping of Al for Ti in BaTiO3 

finding a significant change in the characteristic time to breakdown depending upon grain size, 

with it being 500 times larger for fine grained samples with respect to the coarse grained 

equivalent [65] for the same doping concentration of 0.1 mol %. There is, however, a well 

characterised relationship between the permittivity response of BaTiO3 and grain size, shown in 

figure 3.6. 

 

 The permittivity maximum increases with decreasing grain size, optimising at  ~ 1 µm[67–72], 

below which further reductions impart a decrease in the magnitude of the permittivity maximum. 

Figure 3.6: The grain size dependence of maximum relative permittivity 
for BaTiO3. Reformatted from [68]. 

Figure 3.5: left) A schematic of the electromigration of oxygen vacancies through BaTiO3 layers within Ni-
MLCCs towards the cathode. Right) a) shows symmetric band bending and DSB formation in non-

degraded MLCCs. Reformatted from [57]. 
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This needs to be considered when dielectric layers are designed, for grain boundaries are 

necessary for breakdown resistance yet too small of a grain size introduces a decrease in the 

permittivity. The increase in permittivity at fine grain sizes towards  ~ 1 µm was attributed to a 

reduction in the 90 ° domain width and an increase in the density of the corresponding domain 

walls, visually observed from SEM and TEM [68,69]. These more numerous 90 ° domain walls 

offered a higher mobility and greater extrinsic, vibrational contribution to reorientation under 

applied electric fields [68,70,73], supported by more recent in-situ XRD analysis [70] (where 

intensity variations between (200)/(002) split peaks reveals the changing domain texture of the 

ceramic, based on the changing volume fraction of domains during poling [74]). There is also a 

consideration that the straining associated around the domain wall could influence local 

symmetries, as XRD patterns previously revealed a more pseudo-cubic peak splitting upon 

reducing grain size as a result of the orthorhombic consistency within the tetragonal bulk [68]. 

This would make sense with the associated tetragonal-orthorhombic transition temperature 

having been observed to shift to higher temperatures with reducing grain size. This strain is then 

suggested to be capable of enhancing the intrinsic lattice displacement contribution to 

polarisation [69].   

The permittivity is also dependent on the Ba/Ti ratios utilised during synthesis, with secondary 

phase Ba2TiO4 forming when the ratio is below or above 1. However, the mechanism by which 

this secondary phase forms is significant with respect to the dielectric response observed. For Ti 

excess, a liquid eutectic forms, with liquid phase sintering encouraging abnormal grain growth 

with this secondary phase forming predominantly around the grain boundaries. This essentially 

creates a serial connection between two polarising phases, decreasing the overall maximum 

permittivity observed for the phase mixture (with respect to nominal BaTiO3) in proportion to 

secondary phase thickness. For Ba excess, Ba2TiO4 forms during sintering within grain centres. 

The resulting interfacial strain is compensated by the increase in 90 ° domain wall density, 

offering an enhanced extrinsic contribution to permittivity and increasing the maximum 

observed relative permittivity [75].  

Although the insulating behaviour observed in BaTiO3 is fundamental for dielectric utilisation in 

capacitors, when looking at figure 3.1 it becomes clear that the temperature variance of 

permittivity is significant and unsuitable for temperature stable dielectrics.  Many of the dopant 

ions [76–79], including the aforementioned REs [80–82], segregate within the grain in the 

formation of a compositionally heterogeneous core-shell microstructure. This is often via liquid 

phase mechanisms where dissolution and reprecipitation occurs[78,79,83], or via 

thermodynamic inhibition of dopant diffusion kinetics [81,84], or both [85]. Mg, for example, is 

frequently used for its lack of homogenisation and couples to REs to form shell configurations 
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[80–82].  Core-shell formations are often necessary for X7R or X8R BaTiO3 dielectric use 

(although this thesis will show alternative composite structures utilising BaTiO3 related 

materials), relying on the limitation of long-range ferroelectric ordering amongst the BaTiO3 

cores by the shells. This lowers the permittivity magnitude associated to the core BaTiO3’s 

ferroelectric-paraelectric transition, becoming similar in magnitude to the shell-related 

permittivity contribution that is observed at a temperature. The overall effect is a flattened 

permittivity response, shown in figure 3.32 section 3.8. This ‘composite’ type behaviour will be 

reviewed subsequently in section 3.8, showing how these macrostructures are desirable for TCC 

stabilisation in commercial MLCCs.  

3.1.1 Ca-doped BaTiO3 

Although much of the aforementioned doping of BaTiO3 regards aliovalent donor or acceptor 

doping, isovalent doping of BaTiO3 has considerable effects on the dielectric properties of  BaTiO3.  

Sr A-site doping of BaTiO3 was one of the earliest examples of such isovalent doping systems, with 

a monotonic reduction in Tc with increasing Sr content associated to a size effect of the smaller 

Sr(XII)2+ (1.44 Å) substitution for larger Ba(XII)2+(1.61 Å) [86]. This is analogous to the effect of 

hydrostatic pressure, which has previously been shown to result in a progressive decrease in the 

Tc of BaTiO3 (a consequence of decreasing potential wells for Ti displacements) [87,88]. Ca 

induces a comparable reduction in tolerance factor upon A site doping, with an ionic radii of 1.34 

Å (compared to 1.61 Å of Ba2+) [86] in this 12 fold coordination environment, yet exhibits a 

different dielectric response to the Sr doped analogue. 

Figure 3.7: The effect of isovalent A site substitution of Ca onto the A site of 
BaTiO3 (red) and the aliovalent acceptor doping of Ca onto the B site of BaTiO3 

(black) on Curie temperature. Reformatted from [94]. 
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For this Ca doped system, a 20-25 mol% Ca solubility limit has been proposed based on the 

variance of lattice parameters from a linear Vegard’s law type dependence above this 

concentration [89–92]. Preliminary reports noted a relative invariance of Tc with increasing Ca 

content, as opposed to a decrease of Tc, despite observing a monotonic reduction in the 

tetragonal-orthorhombic transition temperature [91,93]. Mitsui and Westphal [92]were the first 

to report on a now commonly observed increase in Tc with Ca A-site doping. This increase in Tc 

was small, extended to a maximum of 136 °C at 8 mol% substitution, hereafter a progressive 

decrease in Tc followed until the solid solution limit was exceeded [92,94]. This effect is shown in 

figure 3.7.  The report was also the first in observing a monotonic decrease in the orthorhombic-

rhombohedral transition temperature with Ca substitution, equivalent to the known reduction in 

the tetragonal-orthorhombic transition temperature [92].  

The proposed mechanism behind the variability in alkaline earth metal effects on the Tc of BaTiO3 

was attributed to  a competing effect between the size effect and bond strain induced at the A-site 

between itself and the surrounding coordination environment [95]. In the case of Ca, the size 

effect of the smaller Ca ion and a compressive strain it introduces upon the cells (that would cause 

cell contraction and thus inhibit the B site cation’s ferrodistortive behaviour) is dominated by the 

strain which mediates off centring of the Ca cation, shown in figure 3.8. This Ca displacement can 

couple to (and favour) the intraoctahedral [TiO6] distortions that attain the ferroelectric 

behaviour of BaTiO3 based materials [88,96,97]. More recent simulations [98] are complimentary 

to this straining theory, with results implying the structural relaxations are a product of Ca 

preferentially attaining a lower coordination due to its insufficiently small size relative to the 



31 
 

cubo-octahedral A site of Ba. This under-bonding of Ca cannot be compensated through 

distortions of the rigid [TiO6] octahedra, and so displacement is necessary. Some, although not all, 

sites displace preferentially along the [001] direction essentially becoming 8-anion coordinate 

[98]. As discussed, this ferroelectric relaxation of within the [CaO12] units is combinatorial or even 

influential to that within the [TiO6] octahedra. From Cohen’s description of ferroelectricity [88] 

in ATiO3 perovskites, Ti-O hybridisation reduces local repulsion forces within the octahedra and 

drives these Ti displacements. The A-site cation can influence bond strains and thus bond lengths 

by its hybridisation with surrounding oxygen, which can also in turn change the electronic ground 

state and Ti-O interactions/displacement. Levin et al attributed a similar effect in Ba1-xCaxTiO3, 

with a degree of covalency between the equatorial oxygen and Ca influencing the hybridisation 

between the Ti-O and driving correlated displacements of Ca and Ti [96]. In this way, these Ca 

displacements couple to that of Ti, enhancing the intrinsic dipole formation and increasing Tc.  

The percentage of Ca ions undergoing this structural relaxation increases with Ca content, and 

thus so too does the Tc of BCT materials to a maximum of 8 mol% substitution. The rate of increase 

in Ca relaxations does begin to decrease, and consequently above this maximum the cell 

contraction will begin to dominate the strain effect, hence inducing the loss in Tc towards higher 

doping concentrations [98].  

The effect of Ca on Tc is simultaneously influenced by the ability for Ca to be octahedrally 

coordinated in the B-site sublattice in an acceptor doping mechanism of BaTiO3, BaTi1-xCaxO3-x. 

This is understood to have a solution limit of around 4 mol% [94,99]. Clear from figure 3.7, Tc 

Figure 3.8: The ferroelectric relaxations of Ca (central large sphere) predicted for A-site doping of BaTiO3, with Ca 
displaced along the [001] direction ( indicated by the arrow, comparable to Ti) to reduce its coordination and 

alleviate bond strain. Reformatted from [98]. 
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reduces monotonically with Ca doping onto the Ti site of BaTiO3. Zhuang et al [99] proposed this 

octahedral coordination of Ca reduced Tc on account of the compressive stress it imparted into 

its neighbouring cells, deleterious to their polarisabilities (with reducing c/a lattice parameter 

ratios) and associated macroscopic correlations. With the formation of VO
∙∙, given the importance 

of hybridisation between the Ti and O, the long-range correlation of B site cation displacements 

is likely to be interrupted and contribute to the reduction in Tc. The effect was more pronounced 

with a combined occupation of A and B sites. 1 mol% Ca B site occupation into a Ba0.95Ca0.05TiO3 

sample was able to reduce Tc by ~35 °C [99].  B site occupation has, however, been suggested to 

be useful for improving the compatibility of BT-based dielectrics in the low pO2 sintering 

conditions necessary for processing of BME MLCCs [100]. However, a larger tan δ (associated to 

oxygen ion mobility) [94]above an ever-reducing Tc makes B site coordination unfavourable for 

X7R or X8R temperature stable dielectrics. Although use of acceptor dopants such as these for 

low pO2 sintering is not relatively novel, it was also proposed that the A-site occupation of Ca 

would even also be useful for low pO2 processing as it was experimentally considered to increase 

the enthalpy for reduction whilst inhibiting the formation of charge compensating Vo∙∙ that are 

deleterious to the voltage stability of the ceramic dielectric [101].  

 

3.2 NaNbO3 

 

Structural studies on alkali niobates, specifically NaNbO3 (as well as KNbO3)  began with Vousden  

[102], following reports of observed ‘ferroelectricity’ comparable to that exhibited by the then 

recently characterised BaTiO3 [14,103]. However, the Curie temperature corresponding to the 

permittivity maxima in NaNbO3 exists at considerably higher temperature with respect to BaTiO3, 

~ 360 °C compared to ~ 130 °C. The dielectric response of NaNbO3 is shown in figure 3.9.  It was 

initially considered that these niobates must be ‘pseudo-isomorphous’ to BaTiO3 as a result of 

similarities in the high permittivity dielectric response, with multiple structurally related 

anomalies manifested. Vousden’s [102] early analysis of x-ray diffraction imagery coupled with 

optical studies, specifically comparing the extinction of the incident polarised light with that of 

orthorhombic BaTiO3, associated not only an orthorhombic room temperature symmetry, but a 

sequence of phase transitions at -173 °C and 300 °C. Here, NaNbO3 was proposed to transition 

from the orthorhombic to the tetragonal state, and to the cubic perovskite prototype structure at 

higher temperatures ~600 °C.  Such a series of transitions was clearly comparable to that of 

BaTiO3, but was missing the low temperature rhombohedral phase. 
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This was premature, however, and was perhaps a result in the relative boom in the (re-

)characterisation of materials observed with ferroelectric (or antiferroelectric) behaviour that 

occurred at the time.  A non-polar room temperature space group was instead subsequently 

proposed by Vousden after re-visiting the diffracted data [104], and after finding a lack of 

tetragonality due to the inequivalence in the intensity of what should have been symmetry related 

planes, intensity variations in the diffracted data were associated to the (relatively) heavily 

scattering Nb ion displacing off its ideal sites, moving along one of its orthorhombic axes. Non-

polarity was proposed to be achieved through two possible mechanisms; randomisation of the 

Nb displacements along its orthorhombic a-axis, or antiparallel displacements of Nb ions amongst 

neighbouring pseudo-cubic cells such that the net polarisation over a more ‘macroscopic’ scale 

would become null [104]. This is the description Kittel gave for an antiferroelectric material 

[105]. This would extend the cell size introducing additional superlattice peaks into the 

diffraction pattern, which were considered too small in intensity to be discernible amongst the 

background data at that time. Here we see the first accurate description of the antiferroelectric 

room temperature orthorhombic polymorph of NaNbO3 we consider to date, although the exact 

symmetry described by a P2212 space group was not entirely correct. Instead, it was  Megaw and 

Wells [106] who proposed the now routinely accepted orthorhombic Pbma (Pbcm) 

antiferroelectric space group as NaNbO3’s virgin room temperature structure.  

Figure 3.9: The relative permittivity (solid) and dielectric loss (dashed) of NaNbO3 
with Antiferroelectric Pbcm symmetry at room temperature. Reformatted from [108] 
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This room temperature antiferroelectric phase, otherwise referred to as the ‘P’ phase, is 

visualised in figure 3.10. This polymorph can be described with a unit cell that consists of 8 

NaNbO3 formula units, with the orthorhombicity driven by a complex combinatorial effect of 

cation displacements, including the antiparallel intraoctahedral displacement of the Nb ions from 

their special positions, and sequential layering of in phase and antiphase octahedral tilting 

sequences (both dependant and independent based on the rotational axis considered) of these 

corner linked [NbO6] octahedra[107–109]. The resulting unit cell for the P phase relates to the 

ideal cubic perovskite unit cell (with lattice parameter ap ~ 3.9 Å) by a=√2∙ap, b=√2∙ap , c=4∙ap 

[110]. 

 It has been shown by Cross and Nicholson [111] that this antiferroelectric symmetry can be 

irreversibly transformed into a ferroelectric analogue through reorientation of the antiparallel 

Nb displacements via the application of a sufficiently high electric field[112]. Termed the ‘forced 

ferroelectric’, this ‘Q’ phase can be formed at field strengths around 50 kVcm-1 [113], whilst 

electric fields as low as ~ 12kVcm-1 were found capable of ~ 50 % phase transformation [114]. In 

this way, since the Nb displacements are now parallel (giving the polar ferroelectric symmetry), 

the unit cell halves in length, shown in figure 3.10. Field application isn’t the only way to promote 

the Q phase formation in NaNbO3. Reduced grain sizes have been suggested to promote Q phase 

Figure 3.10: A comparison of the unit cells of the two room temperature 
polymorphs of NaNbO3.  a) antiferroelectric P phase and b) ferroelectric Q 

phase. Reformatted from [116] 
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formation [115,116], with a critical grain size ~ 0.27 µm promoting the antiferroelectric-

ferroelectric transition. This is on account of the increasing internal stresses that occur with 

reduced grain size.  

In reality, multiple studies have described the coexistence of both the P and Q phase at room 

temperature [117,118], with the proportion of each phase sensitive to the sample’s thermal 

history [119]. Johnston et al [107] reported all solid state samples synthesised in their 

investigation (using various annealing rates, sintering temperatures and dwells) yielded mixed P 

and Q phase polymorphism at room temperature. The same study showed the Q phase fraction 

could be varied by up to 40 %; however, the P phase remained dominant with a minimum fraction 

~ 50 %. The Q phase could only be isolated via a sol-gel synthesis route. It was also reported in 

this same study [107] that phase fractions were not reproducible for solid state synthesis. The 

choice of reagent also influences the polymorph stabilised, with P phase preferred when 

orthorhombic Nb2O5 was used for solid state synthesis as opposed to monoclinic or a mixed 

polymorph Nb2O5 [120]. It is logical that both polymorphs should coexist and are highly 

processing dependent, based on the small energy difference that separates the stability of each 

phase, ~ 2.3 meV/formula unit [121].  

The octahedral tilts present in NaNbO3 (and many perovskites symmetries in general) that 

facilitate symmetry reduction from its high temperature cubic aristotype phase can be described 

using notation introduced by Glazer [122]. This notation consists of three letters, each with an 

associated superscript. Each of these letters compare the magnitudes of tilt along one of the three 

pseudocubic tetrad axes ([100], [010] and [001]) of this pre-distorted, high temperature cubic 

aristotype symmetry. The superscript associated to the letter references the relative sense of 

octahedral tilts about the axes for successive/neighbouring octahedra projected along the axes. 

If neighbouring octahedra tilt about the axes in phase, with the same sense, the tilt is denoted 

with a ‘+’ superscript. If the neighbouring octahedra tilt in opposing senses, this is denoted with 

a ‘-‘ superscript. No tilting about a particular axis is denoted with a ‘0’ superscript. It is important 

that the distinction of phase is made for rotations along the axes, since octahedra in plane are 

geometrically constrained to tilt in the opposite sense due to the corner sharing nature of these 

octahedra. The influence of this geometric condition is that unit cell lengths become doubled 
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along the axes perpendicular to the one for which the tilting occurs along. This titling relationship 

and the doubling of the lattice periodicity is visualised in figure 3.11 

 The magnitude of tilt is described using an ‘a’, ‘b’ or ‘c’ according to its comparability with tilt 

magnitudes about the other two tetrad axes. If all tilt magnitudes are equal about each of the axes, 

they each shall be denoted with an a, as in aaa. If tilts around [100] and [010] are equivalent but 

different to tilts about the [001] axes, the term aac is used. If tilts about each of the axes are 

different, abc is used. In total, Glazer described a total of 23 possible tilt systems within a 

perovskite structure [22], which has since been reduced to 15 possible systems based on a group 

theoretical analysis [123]. Based on the cell doubling introduced, tilting with different 

magnitudes and phases results in particular reflection conditions for diffraction techniques, with 

additional reflections occurring at the half integral reciprocal lattice planes [22]. These additional 

reflections can be indexed according to the tilt system that induced them, as tabulated in table 

3.2. Antiphase tilts produce reflections that can be indexed with odd-odd-odd miller indices, 

whilst in phase tilts produce additional reflections of the even-odd-odd type[22]. Indexing 

superlattice reflections this way permits for the total tilt systems present in a distorted perovskite 

structure to be deduced. 

Figure 3.11: a) The relative octahedral tilt senses about each of the [100], [010] and [001] axes 
between successive ab planes. This reveals how neighbouring octahedra in plane are constrained 
to tilt in opposing senses. Reformatted from [122]. b) The effect these opposing tilt senses have 

on doubling the repeat unit length. Reformatted from [22]. 
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Table 3.2: The miller indices that correspond to additional reflections introduced by in phase and 
antiphase octahedral tilts of varied magnitudes. Reformatted from [22] 

Tilt Reflection produced 

a+ even-odd-odd (k≠l) (e.g. 013) 

b+ odd-even-odd (h≠l) (e.g. 103) 

c+ odd-odd-even (h≠k) (e.g. 130) 

a- odd-odd-odd (k≠l) (e.g. 113) 

b- odd-odd-odd (h≠l) (e.g. 311) 

c- odd-odd-odd (h≠k) (e.g. 131) 

  

The tilting and cationic displacements that occur within the room temperature P and Q 

polymorphs are illustrated in figure 3.12. Sakowski-Cowley et al [110] reported the Nb ions to 

displace ~0.13 Å  from the idealised centre of the octahedron within the O(3) and O(4) square 

plane, almost orthogonal to the [010] tetrad axis of the idealised symmetric octahedral unit. The 

resulting discrepancies between the equatorial Nb-O bonds due to this Nb displacement was 

surprisingly found to have little effect on the regularity of the octahedron, with edge lengths 

remaining fairly constant[110]. The Na(1) atoms displace ~ 0.4 Å away from the centre of the 

[NaO12] interstice [124], whilst the Na(2) cation remains relatively undisturbed. Tilting of the 

octahedra exist with at least two competing a-b+a-, a-b-a- tilt sequences in alternating layer pairs, 

subtended at angles of ~8° and 9.5° to the x and y cell axes, respectively [110,125]. Figure 3.12 

shows how these tilt sequences act over sequential [001] layers, with antiphase tilting about the 

[001] axes confined to layers 2 and 3, whilst in phase tilting about the same axes occurs for layers 

1 and 4. For the ferroelectric Q phase, the Na(1) also displaces parallel to the next Na(1), causing 

Figure 3.12: The cationic relative displacement directions and octahedral tilt sequencing of the two room 
temperature polymorphs of NaNbO3 a) P phase Pbcm b) Q phase P21ma. Reformatted from [108]. 
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the halving of the unit cell length. In the Q phase, only a single a-a-b+ tilting sequence is evident 

[126]. 

The temperature driven polymorphism in NaNbO3 is comparatively more complicated than that 

exhibited in the previously discussed BaTiO3. The Cambridge crystallography laboratory 

[110,126–130]were the first to publish on the temperature induced polymorphism in NaNbO3, 

finding symmetry reductions towards higher temperatures are mediated by tilt variations, whilst 

lower temperature phase transitions are instead driven by cationic distortions. Seven stable 

polymorphs exist between the range of ~ -100 to 640 °C [108,109], with their symmetries, 

associated transition temperatures and number of cationic distortions and tilt systems shown 

schematically in figure 3.13 below [108]. 

The dielectric response of NaNbO3 is shown in figure 3.9. The large peak ~ 360 °C corresponds to 

the orthorhombic P → R transition. There is a dielectric anomaly manifested in the relative 

permittivity response of NaNbO3 that is not characterised by one of the seven polymorphs shown 

in figure 3.13. This has been attributed to a second order transition [119,131] and the formation 

of an incommensurate structure involving the modulation of tilts about the [010] direction 

[132,133]. The TCC is noticeably large at 360 °C, hence why many studies (some of which will be 

discussed in the subsequent literature survey) utilise A or B site doping to reduce the thermal 

dependence of what is clearly a dielectric material, based on the tan δ response of figure 3.9 (after 

the relaxation of space charge).  

 

3.3 BaTiO3-NaNbO3 Solid Solutions 

 

Figure 3.13: The phase transition sequence of NaNbO3 with temperature, showing the number of tilt 
systems present (T) and cationic displacements (D) associated with the lowering of symmetry. 

Reformatted from [108]. 
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Glaister [134] appears to have been the first to investigate the solubility of BaTiO3 in NaNbO3,  

NaxBa1-xNbxTi1-xO3 (XNNBT) (amongst a series of other BaTiO3-ABO3 systems). Compositions 

close to NaNbO3 were synthesised via a solid-state reaction, finding an enhancement to the 

diffusivity of the dielectric response as the binary transitioned away from NaNbO3. For the two 

compositions synthesised, 75NNBT and 80NNBT, both were comparatively more diffuse than 

NaNbO3. For 75NNBT, the relative permittivity peaked at ~2500 and varied by a maximum of ~ -

40 % across the X8R operating window, shown in figure 3.14.  

 

This is of course insufficient for X8R class II dielectric rating, but represents a significant 

enhancement of the TCC away from an end member that yields TCC variations of the order of 102. 

Only a small domain of the solid solution was analysed yet TCC suppression of this order of 

magnitude was observed, whilst retaining a high relative permittivity magnitude only a fifth of 

the way across the NaNbO3-BaTiO3 binary. Such diffusivity in an equilibrated system is often 

associated with ferroelectric relaxor materials and the confinement of correlated polarity to 

reduced (often nano) length scales.  

A similar enhancement in the diffusivity of dielectric response is observed via small NaNbO3 

doping into BaTiO3,  0 ≤ x (mol%) ≤ 10 [135–139], shown in figure 3.15 (a) and (b1). TCC 

stabilisation was initially ascribed to nano-size crystallite formation and uncompensated strain 

from the lack of 90 ° domain wall formation. Reports suggest NaNbO3 additions as low as 4-6 

[137,138]or even 2 mol% [136] are sufficient to induce a relaxor response within compositions 

Figure 3.14: The first apparent report of relative permittivity for NNBT compositions. The 
open triangles are for 80NNBT, whilst the open circles are for 70NNBT. The solid circles are 

for 80NNBT with 1 mol% addition of MgF2. Reformatted from [134]. 
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of this range, based on associated frequency dependence and non-Curie Weiss type 

depolarisation above Tm. The permittivity responses of figure 3.15 a) and b1) are better defined 

as core shell type composite microstructures as opposed to intrinsic ferroelectric relaxors based 

on the presence of multiple temperature separated phase dependent permittivity anomalies. A 

comparatively NaNbO3 rich shell may produce a low temperature permittivity contribution and 

a BaTiO3 core may induce a permittivity response close to 120 °C.  

It is proposed that such core-shell formations occur as a result of the lower melting temperature 

of NaNbO3 (~1410°C) with respect to BaTiO3 
(~ 1620 °C). Consequently, liquid phase sintering 

occurs and a NaNbO3 coating of BaTiO3 can occur, which can be quenched forming a shell 

surrounding the BaTiO3 grain core [140,141]. More recent reports of a diffuse core-shell type 

response in NNBT compositions close to the BaTiO3 end member have, however, been sintered at 

comparatively higher temperatures (1400 °C) for longer dwells (8 hours)[136]. This suggests this 

compositionally heterogeneous structure is not kinetically but thermodynamically stabilised. 

Perhaps the stabilisation comes from an entropic as opposed to enthalpic stabilisation, since an 

increase in configurational entropy would surely arise in the formation of a relaxor shell with 

greater macroscopic disorder than a lightly doped homogeneous ferroelectric ordered BaTiO3  

Figure 3.15: (a) The suppression of TCC variation for NNBT compositions close to the BaTiO3 end 
member. Reformatted from [136] (b) The relaxor nature of NNBT compositions close to BaTiO3(1) 

and as high as 70NNBT(3), reformatted from [137]c) the P-E hysteresis of NNBT compositions near to 
the NaNbO3 end member, showing ferroelectric hysteresis. Reformatted from [138]. 
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rich grain. An enhancement in electric field induced dielectric breakdown strength was proposed 

to occur for the antiferroelectric NaNbO3 coating of the BaTiO3 grains[140]; however, breakdown 

has only been shown to improve by ~ 5 kVcm-1 compared to that of undoped BaTiO3[142].  

The entire solid solution was probed by Raevskii et al[143], with the first derivation of a phase 

diagram along this binary, figure 3.16.  A xNNBT solid solution is able to form between these two 

end members, validated by XRD [138], as a result of the electroneutrality preserved by the equal 

and opposite 1+ oxidation state difference that exists between the Ba/Na and Ti/Nb host/dopant 

species at the A and B sites. The solid solution is self-compensating in this sense, with no necessity 

for electronic or ionic compensation should stoichiometry be preserved during synthesis. A 

compositionally driven tetragonal → pseudocubic → orthorhombic phase transition sequence is 

observed as NNBT transitions from BaTiO3 to NaNbO3 [136–138]. Compositions > 10NNBT induce 

the pseudo-cubic symmetry, whilst compositions of 80NNBT and above show the orthorhombic 

symmetry [138]. The symmetry of this orthorhombic phase is not well defined within literature, 

particularly relating to if P or Q phase stabilisation occurs. An increase in tolerance factor is 

expected with BaTiO3 doping into NaNbO3, due to the larger expansion of the [AO12] cuboctahedra 

expected relative to the contraction of the [BO6] octahedra (since the change in radii at the A site 

= 0.22 Å, the change in the radii at the B site = 0.035 Å) [86]. In other NaNbO3 systems, an increase 

in tolerance factor upon doping favours stabilisation of the ferroelectric Q orthorhombic room 

temperature polymorph. Zeng et al [138]studied the diffraction patterns in this NaNbO3 rich 

Figure 3.16: a) An experimentally derived phase diagram, showing the distribution 
of Tm with NNBT. b) relative permittivity spanning the width of the NNBT solid 

solution. Reformatted from [143] 

a

) 

b

) 
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region of the solid solution; however, they didn’t differentiate between the exact symmetry 

stabilised, nor were the tilt and cation driven superlattice reflections between ~ 35 – 45 ° (Cu-

Kα) studied. Based on the ferroelectric type loops in figure 3.15 c), it appears Q phase symmetry 

is favoured, although a degree of pinching in the 95NNBT sample may imply the retention of some 

antiferroelectricity that is subsequently converted to ferroelectric upon higher field applications.  

The relaxor state shows the loss of long-range structural order as pseudo-cubic macroscopic 

symmetry is observed. When probed via Raman spectroscopy, in-situ synchrotron XRD and 

EXAFS data, local tetragonality is found whose correlation scales can be forced into larger 

microdomains under an electric field [144]. 

Across the solid solution, the distinct ferroelectric - relaxor-ferroelectric transitions are 

somewhat conflicting but consistent in the observation of relaxor behaviour towards the solid 

solution centre, and the induction of such behaviour at lower doping concentrations at the BaTiO3 

end of the solid solution with respect to the NaNbO3 end of the solid solution. Examples of this 

relaxor behaviour are shown in figure 3.15 b) and 3.16 (right), with frequency dependence, low 

Tm and broad permittivity responses. As previously discussed, low NaNbO3 additions into BaTiO3, 

< 10 mol%, are capable of inducing the relaxor transition. Abdelkefi et al claimed compositions 

retained this ferroelectric-relaxor until a transition to a ferroelectric phase occurred ~ 55NNBT 

[139,145]. However, work by Zampiere et al and Cwikiel et al still showed relaxor behaviour for 

70NNBT [146,147], whilst Zuo et al showed a transition from this relaxor-ferroelectric state to 

the polar state at ~77NNBT [148]. Despite this, reports across the NNBT solid solution describe 

good dielectric properties with low associated tan δ (after space charge relaxation) across the 

X7R or X8R temperature bounds [136,149].  

Through P-E hysteresis analysis, Zuo et al [148] revealed the relaxor compositions in the 75-

85NNBT compositional range yield large hysteresis free electrostrictive strains, optimised with a 

electrostrictive strain coefficient (Q33) ~0.046 m4/C2 for 75NNBT. This type of hysteresis free 

straining gives NNBT prospects as lead free high precision ceramic actuators where the frequency 

dependence of strain in the piezoelectric materials is unsuitable[148]. The slim polarisation 

hysteresis response also implies good energy storage efficiencies for these relaxor NNBT 

compositions, with high polarisability achieved suggesting good recoverable energy densities. It 

is consequently unsurprising that reports have since focused on NNBT-based compositions for 

energy density dielectric applications. Fan et al [150] revealed in an acceptor (1 mol%) Mg doped  
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10NNBT, a recoverable energy density of 3.4 Jcm-3 with an associated energy storage efficiency ~ 

82.6% could be achieved, shown in figure 3.17.  

This represents an alternative to Pb- or Bi-containing systems often used due to the inherent 

polarisability of these two cations, but undesirable for their toxicity and thermodynamic 

incompatibility with BMEs (specifically Ni), respectively. 10NNBT has been used as the 

foundation of other energy density dielectric studies, with even higher storage efficiencies 

achieved - near 90 % [151]. It must be noted, however, that multiple A (La3+/Bi3+) and B 

(Ta5+/Mg2+) site dopant species were incorporated, each for band gap and microstructural 

engineering purposes (for enhanced breakdown resistance). With numerous dopants present, it 

is inherently difficult to determine the significance of 10NNBT in the overall linearised 

polarisation response, since a number of species each with competing bonding requirements will 

inherently destabilise any long range polar ordering anyway, regardless of the NNBT composition 

utilised.  

3.4 La1/3NbO3 

 

La1/3NbO3, since its first report by Iyer and Smith[152] in the 1960s, has been well characterised 

as an A site deficient perovskite. Where oxides such as ReO3 or WO3 can be related to the 

perovskite structure as a distorted network of corner sharing [(Re,W)O6] octahedra where the 

close packed A cation layers are completely vacant[153,154], La1/3NbO3 exists with 1/3 of the A 

sites La3+ occupied and 2/3 vacant. Diffraction experiments have revealed an orthorhombic room 

temperature structure equivalent to that shown in figure 3.18.  

 

Figure 3.17: a) The slim hysteresis loops and b) high recoverable energy densities of Mg doped 10NNBT, 
with a maximum of 2 mol% acceptor doped Mg. 1 mol% Mg doping is optimal for recoverable energy 

density, as shown in b). Reformatted from [150]. 
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Clear superlattice reflections along the [001] axes reveal a doubling of the pseudo-cubic unit cell 

along this axes [155]. This doubling of the lattice periodicity is attributed to the ordering of A site 

vacancies and La3+
 cations into alternating (001) planes, alternating between 2/3 La3+ occupation 

and complete A site vacancy, respectively. This orthorhombic (space group Cmmm) room 

temperature symmetry is evident from the relevant splitting of reflections and systematic 

absences/extinction conditions associated to a body centred lattice, specifically h+k=2n, directly 

observed from electron diffraction [155,156]. Previous studies [157,158] had suggested a 1x1x2 

tetragonal unit cell at room temperature, such as that exhibited within its analogous La1/3TaO3 

companion perovskite, where an equivalent ionic radius between the two transition metal cations 

within the octahedral coordination (0.64 Å [86] )exists.  Instead, this higher symmetry tetragonal 

state is not attained until ~ 200 °C [159] for La1/3NbO3, hereafter a second order transition to a 

tetragonal P4/mmm symmetry is observed as the octahedral tilts present in the orthorhombic 

room temperature polymorph are supressed and the lattice periodicity along the a and b axes is 

consequently halved. This polymorphism is like La2/3TiO3, another La-based A site deficient 

perovskite [160]. This transition temperature is comparatively lower than the same 

orthorhombic-tetragonal phase transition that occurs in isostructural Nd1/3NbO3 and Pr1/3NbO3, 

at ~ 650 °C [161].  This symmetry increase at 200 °C in La1/3NbO3 has been verified by group 

theoretical analysis [162], with P4/mmm the only possible symmetry Cmmm can be derived from 

Figure 3.18: The Orthorhombic Cmmm symmetry of La1/3NbO3, with alternating 2/3 La3+ 
occupied and vacant (001) planes, and antiphase a-b0c0 octahedral tilting. Reformatted 

from [156] 
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via tilt suppressions as opposed to cationic mobility (since the latter was considered energetically 

unlikely at these comparatively lower temperatures). 

The tilt system of La1/3NbO3 involves antiphase [NbO6] rotations about an axes perpendicular to 

[001] and the direction of cation ordering, through an angle ~4.4 ° [159], comparable to the ~ 4.7 

° that within the comparatively less A-site deficient La2/3TiO3 [160]. These tilt angles are much 

lower than those of isostructural Nd1/3NbO3 and Pr1/3NbO3 at room temperature, with an a-b0c0 

tilt angle ~ 8.5 and 8 °, respectively [161], driving the higher orthorhombic-tetragonal phase 

transition temperatures in these latter compositions. The antiphase octahedral tilt about the a 

axes has been directly observed by STEM analyses,  along with slight La occupancy of the Z=1/2 

layer, shown in figure 3.18 and figure 3.19, previously considered nominally entirely La3+ vacant 

[156,163]. 

 The result of this a-b0c0 antiphase tilting is cell doubling along the a and b axes, which in 

combination with the cationic ordering along [001], results in the orthorhombic structure 

exhibiting a 2 x 2 x 2 unit cell multiplicity with respect to the aristotype pseudo-cubic perovskite 

cell. Intraoctahedral Nb displacements are also commonly derived from XRD structure 

refinements, with Nb (a cation already known to displace in octahedral environments consequent 

of second order Jahn-Teller effects) displacing away from the A site vacant layers forming 

alternating long (~ 2.072 Å) and short (1.901 Å) axial Nb-O bonds, where a bond length ~ 1.975 

Å is typical of Nb(V) [159]. Thus, the structure shown in figure 3.18 becomes a complex function 

of Nb displacements, La3+/VLa’’’ cationic ordering and antiphase [NbO6] octahedral tilting. More 

recent DFT-Monte Carlo analyses conducted on larger supercells have suggested an additional 

superstructure is associated to the modulation of vacancies and La3+ within the A site occupied 

Figure 3.19: High angle annular dark field (HAADF) imaging of La1/3NbO3 along 
the [1-10] zone axis. This shows slight occupation of the Z=1/2 plane by La3+. 

Reformatted form [156]. 
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layers. Based on the evidence of superstructures within the La rich layers from diffuse SAED 

satellite spots [164], Yang et al [165,166] suggested two energetically minimal La3+/VLa’’’  

modulations are possible at room temperature. One such configuration is termed a ‘closed’ 

arrangement, shown in figure 3.20, and involves a  4ap x 6ap repeat unit consisting of a square of 

4 A site vacancies enclosed by La3+ cations.  The other is a ‘striped’ arrangement of La3+ density, 

proposed to coexist with the closed arrangement, where stripes of La columns run along the [110] 

direction. This represents an incommensurate structure with longer range ordering compared to 

the closed system. Striped clustering of these cations/vacancies appears to have been observed 

directly via STEM [163,164], with such modulated structures in combination with the c axis 

ordering favourable for thermoelectric properties – with good n-type stable thermoelectric 

properties reported [164]. 

The dielectric response of La1/3NbO3 is shown in figure 3.21, specifically in the sub ambient 

regime [167]. A frequency dependent diffuse peak with a relative permittivity of ~ 140  at ~ 80 K 

is observed, analogous to the diffusivity observed within relaxor-ferroelectrics such as the 

aforementioned NNBT. At the same temperatures, no symmetry reduction is observed in 

diffraction patterns[167]. It was postulated that this diffuse peak is the result of uncorrelated 

antiparallel displacements of Nb as temperatures are reduced, such that no reflections are 

observed in diffraction responses. This is because the permittivity magnitude is too large for a 

simple polar dielectric model but too small with respect to a typical relaxor PNR response, whilst 

the lack of correlation and short range ordering induces the frequency dependence and diffuse 

nature of the permittivity peak observed[167]. This low temperature dispersion has been 

Figure 3.20: ‘Closed’ and ‘striped’ modulations of La proposed for room temperature La1/3NbO3, as 
derived from DFT-MC calculations. Reformatted from [165]. 
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characterised elsewhere with a similar origin from cationic displacement, since it occurs at 

relatively low frequency ranges[168].  Although no TCC assessment can be made with respect to 

the entire X7R or X8R operating range, clearly the + 15 % boundary isn’t exceeded until far below 

the -55 °C low temperature boundary. Nevertheless, the permittivity is relatively low with respect 

to class II MLCC integration, and rare earths like Lanthanum are expensive and unreliable based 

on the potential sourcing issues imparted by unpredictable geopolitical landscapes.  

George and Vikar [169] analysed the electrical properties of La1/3NbO3, describing it as a mixed 

ionic-electronic conductor. A low activation energy, ~ 0.19 eV, was attributed to the conduction 

of La3+ through a liquid-like sublattice (given the number of vacancies present), whilst towards 

higher temperatures, above 800 K (where ionic transport numbers dropped), the reduction of 

La1/3NbO3 occurred inducing n-type conductivity, with a higher activation energy ~ 1.58 eV. Both 

conductivity domains are clear on figure 3.22. This electronic contribution was inferred from the 

loss of mass measured during a thermogravimetric analysis, whilst La3+ migration was inferred 

from the comparison of La3+ EDX intensities from the electrodes of an electrolysed sample, finding 

an intensity of La3+ five times greater at the cathode with respect to the anode. It must be noted, 

however, that electrolysis was conducted at ~1000 K, and no analysis of any electrode 

segregation phase was made[170]. No attempts were made to discredit O2- or H+ conduction, and 

so the ionic species that is mobile cannot be defined with certainty. Trivalent cation conduction 

through an A site deficient lanthanide perovskite, specifically Yx(Ta3xW1-3x)O3[171], has been 

Figure 3.21: Sub ambient dielectric response of La1/3NbO3, with a clear frequency 
dependent diffuse peak occurring ~80 K. No macroscopic structural distortions are 

associated, based on powder diffraction studies. Reformatted from [167] 
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reported elsewhere; however, this also suffers from the same limitation of insufficient evidence 

to discredit O2-/H+ diffusion[170]. The thermoelectric analysis of La1/3NbO3 by Kepaptsoglou et al 

[164]did, however, reveal comparable n-type electrical conductivity whose magnitude increased 

and stabilised above 800 K. 

3.5 LiNbO3 – La1/3NbO3  

Based on the highly A site deficient nature of La1/3NbO3, reports often regard the doping of Li into 

the A-site for the purpose of imparting Li+ conductivity, given the extensive network of vacant 

sites present for such small, monovalent Li+ ions to migrate between. Li+ ionic conductivity is then 

particularly useful for integration within solid state lithium-ion batteries, as electrolytes or 

electrodes depending upon the transport number associated to the Li+ conductivity. This had 

been reported experimentally for an analogously A site deficient Li+  doped La2/3TiO3 (LLTO) 

perovskite with a room temperature Li+ conductivity of ~ 10-3 Scm-1 for a composition ~ 

La0.51Li0.31TiO2.94, the highest solid state Li+  ion conductivity reported for an inorganic crystalline 

compound to date[172–174]. LLTO is inherently unstable in contact with elemental Li, with 

intercalation inducing the reduction of Ti4+ to Ti3+ and electronic conductivity, making LLTO 

unsuitable as an electrolyte [175]. Since the niobate equivalent offers a greater number of 

Figure 3.22: The variation in conductivity with temperature for La1/3NbO3, with two 
distinct conduction regimes: A low temperature ionic contribution and a high temperature 

n-type electronic contribution. Reformatted from [169]. 
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intrinsic A-site vacancies, it was considered that comparable or even superior Li+ conductivities 

could be attained for these materials. This, however, was not realised and shall be discussed later. 

Structurally, Li+ doping was characterised to reduce the orthorhombicity of the La1/3NbO3 parent 

material, inducing a tetragonal and subsequent pseudo-cubic symmetry increase based on XRD 

diffraction patterns and the refined lattice parameters[176]. A perovskite solid solution limit was 

agreed by numerous authors, with ilmenite type LiNbO3 precipitating[176–178], however the 

solid solution limit for perovskite stoichiometry was debated. Garcia Martin et al [177]suggested 

LiNbO3 formation beyond La(1-x)/3LiXNbO3 x=0.18, whilst Kawakami et al [176] showed no 

evidence of secondary phase formation until x=0.25. IS data was consistent in revealing ionic (Li+) 

DC conductivity with an associated activation energy ~ 0.35 eV, with a maximum conductivity at 

room temperature of ~ 10-5 Scm-1 for compositions ~ x=0.08-0.1[176,177].  In single crystal LLNO, 

a more recent study has revealed a conductivity an order of magnitude higher, ~ 1.9 x 10-4 Scm-1 

at an equivalent composition[179]. These are all lower than that reported for the LLTO analogue, 

despite a greater number of A-site vacancies. 

Kawakami et al [176] reported that Sr doping for La3+, (Li0.25La0.25)1− x Sr0.5xNbO3, increased the 

ionic conductivity by half an order of magnitude at x=0.125, primarily attributed to the expansion 

of the unit cell and migration bottlenecks between O4 oxygen anions at the octahedral vertices 

separating adjacent A site interstices, shown in figure 3.23. This expansion of the bottleneck 

Figure 3.23: The average structure of orthorhombic Cmmm symmetry used to describe the LixLa(1-

x)/3NbO3 perovskite with alternating (001) plane occupancies of A site cations, forming distinct A1 and A2 
layers. The O4 bottleneck is shown for which Li+ cations must migrate through (shown for the A2 layer). 

Reformatted from [163]. 
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occurred on account of the larger SrXII2+ (1.44 Å) substitution for LaXII3+ (1.36 Å) [86]. The optimal 

conductivity in this Sr doped system was observed in the tetragonal region of the perovskite solid 

solution, and compositions greater than x=0.125 yielded lesser conductivities on account of the 

fewer vacancies imparted due to the lower oxidation state of Sr with respect to La. Ca doping for 

La instead of Sr yielded lower conductivities at the same composition, attributed to a lower unit 

cell volume with respect to the parent La1/3NbO3 material [180]. A similar observation in A site 

cation size and ionic conductivity was observed for LixLn2/3NbxTi1-xO3 [181], with a larger 

conductivity associated with the increase in lanthanide ionic radii, from Nd to La. The same effect 

was reported for LLTO, where conductivity decreased monotonically with Lanthanide radius 

from La to Sm [182], concurrent with an increase in the associated activation energy [183]. Again, 

these cell expansions were considered to increase the diameter of the bottleneck area between 

adjacent A sites constructed from the O4 vertices of neighbouring [BO6] octahedra. However, local 

structure of these A site deficient perovskites is predicted to be highly influential to the diffusion 

coefficients of these Li+ ions as they migrate through the structure[166], in combination to the 

bottleneck sizes.  

 Local structure has been investigated in these materials via microscopy and diffraction 

techniques, with modulated structures confined to the micro- or nano-sale, depending on the 

Figure 3.24: The La/Li long range ordering into alternating (001) planes, and microscale 
modulation of differing La/Li densities along these occupied planes. This is indicated by the 
differing portion of green shading representing columnar occupation. The Li+ migration in 

LNNO is primarily along these Z=0 occupied planes, with some secondary migration 
between these planes. Reformatted from [163]. 
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literature and differing interpretations, and combinatorial to a long range ordering of Li/La into 

alternating (001) planes[163]. Select area electron diffraction (SAED) by Garcia Martin and 

Alario-Franco[184] revealed modulated arrangements of A site species along the (110) planes, 

such as the striped modulations of La and vacancies in the undoped parent material[165]. Similar 

findings were observed via HRTEM and ABF-STEM imaging by Gao et al[163], revealing 

comparable directionality to cation ordering in the La rich layers. Incommensurate modulations 

of columnar A site ordering were suggested, with periodicities varying between 3.5 and 3.7 unit 

cells wide, depending upon the Li content[163]. Li content was noted by both authors to influence 

the formation and scale of microdomains. The ordering of A site occupation density through the 

Z=0 planes was proposed to couple to the Nb displacements, producing a sinusoidal  displacement 

distribution. Garcia-Martin et al [184] also defined a twinning of incommensurately modulated 

tilt sequences. The periodicity and size of the modulated structures within these microdomains 

is Li dependent, with high Li contents inducing an additional superstructure associated with the 

changing of the doubled c axes between the three principle crystallographic orthogonal 

axes.[184].  

Gao et al revealed through the complimentary HAADF and ABF-STEM imaging  that Li (and La) 

occupancies are constrained to the La rich layer as previously suggested from refinement of Nb-

O bond lengths on increasing Li+ content [178]. This is unlike in LLTO where Li occupies both the 

Z=0 and Z=1/2 layers, observed directly using STEM [185] and from 7Li NMR where the Z=1/2 

layer was proposed to exhibit a higher quantity of Li compared with greater associated mobility 

with respect to the Z=0 plane[175,181,186]. Consequently, Li+ is considered to migrate two-

dimensionally primarily through the A site occupied Z=0 layers in the niobate, rather than the 

vacant Z=1/2 layers as in LLTO (where there relatively close energy barriers for migration 

between Z=0 and ½ layers, and a combination of both likely occurs [187]). In this Z=0 layer of 

LLNO, the contraction of the cell and bottleneck due to smaller Li doping for La, combined with 

the extensive structural modulations induced by the greater number of A site vacancies generated 

compared to LLTO, impede Li+ migration and reduce the conductivity by the order of magnitude 

described before between LLTO and LLNO[163].  

3.6 NaNbO3-La1/3NbO3 (XLNN) solid solution 

 

Since NaNbO3 and La1/3NbO3 exist as stable perovskite phases across a broad temperature range, 

each accommodating bond strain via cationic and octahedral tilts, it is not unreasonable to expect 

a solid solution to form between these two compositions, with A site vacancy formation mediating 

the conservation of electroneutrality. Given the diffuse and thermally invariant relative 
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permittivity response associated with the La1/3NbO3 material,  whose Tm and maximum observed 

relative permittivity can be increased with changing the transition metal to Ti [167], iterating the 

A-site vacancy concentration can clearly act as a Tm and TCC moderator.  

Comparatively less work has been conducted on La1/3NbO3 with respect to NaNbO3, and so it is 

perhaps unsurprising that very few publications regard the binary system between them. It 

wasn’t until the turn of the millennium that the first reports on this solid solution were published 

by Pivovarova et al [188,189]. The latter report is more informative than the first with respect to 

both structural and electrical/dielectric responses across the system. In both reports, dielectric 

data is only reported for above-ambient temperatures, missing any dielectric relaxations below 

room temperature  which are likely for compositions close to the La1/3NbO3 end member, 

considering its 80 K permittivity peak [167]. A site vacancies introduced upon La3+ doping as 

charge compensating defects could disrupt local ordering of cation displacements and induce a 

relaxor type response. This means that even compositions closer to the NaNbO3 end member may 

exhibit a low temperature Tm, not observable on the dielectric studies by Pivovarova et al [189]. 

These studies were also conducted at 1 kHz, and a progressively rising permittivity towards 

higher temperatures is likely a product of DC conductivity effects. For these reasons and the little 

information inferable, this relative permittivity data has not been included within this review. 

The temperature dependence of DC conductivity for compositions synthesised by Pivovarova et 

al [189] are shown in figure 3.25. For low compositions, ≤ 6 mol% La1/3NbO3 doping into NaNbO3 

shown in figure 3.25 a), a single activation energy appears. Comparatively, figure 3.25 b) shows a 

transition between two activation energy states with increasing temperature for 15 and 20 mol% 

La1/3NbO3 doping. The low temperature DC conductivity has a low activation energy ~ 0.2 eV, 

whilst higher temperatures have a higher activation energy ~ 1.4 eV. Collectively, figure 3.25 

Figure 3.25: The DC conductivity of compositions in the LNN series. a) NaNbO3 (1), 2 (2), 4 (3) & 6 (4) mol 
% La1/3NbO3 addition. b) 15 (1) & 20 (2) mol % addition of La1/3NbO3 addition. Reformatted from [189]. 
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shows a transition from samples exhibiting a single conduction mechanism at low La1/3NbO3 

contents to a conductivity regime that transitions between two mechanisms at higher La1/3NbO3 

concentrations. This same temperature dependence of conductivity has been characterised in 

25LNN by Kong et al [190], with the low temperature low activation energy associated to Na+ 

conductivity, and the high temperature activation energy associated to an intrinsic electronic 

mechanism, postulated to be n-type by Pivovarova et al [189]. This could potentially be the result 

of reduction at elevated temperatures, with the partial removal under-bonded oxygen (based on 

the A site vacancies within the structure).  There was, however, no evidence for Na+ being the 

migrating ionic species in the report by Kong et al [190].  

Structurally, Pivovarova et al [188,189] suggested compositionally driven room temperature 

polymorphism, from a ‘rhombic’ NaNbO3 symmetry, possibly referring to the AFE P room 

temperature polymorph, to the ‘intermediate (330-430 °C)’ NaNbO3 polymorph, possibly the 

orthorhombic R phase, at a composition of ~ 8 mol% La. At a composition between 10-15 mol% 

La3+, an orthorhombic-tetragonal phase transition was suggested. A more detailed structural 

analysis by Mishchuk et al [191] showing diffraction patterns for the LNN series, shown in figure 

3.26, suggests an entirely orthorhombic solid solution is achieved between the two NaNbO3 and 

La1/3NbO3 end members. This study is complementary to that of Pivovarova et al in suggesting 

the P room temperature Pbcm symmetry is retained for low La3+ concentrations, below 8LNN, 

Figure 3.26: The compositionally driven room temperature polymorphism from NaNbO3 (7) 
to La1/3NbO3 (1), accommodated through a series of symmetry changes. Reformatted from 

[191]. 
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clear from the peak splitting highlighted in figure 3.26. There is a lack of detectable intensity ~ 

40 ° (Cu-Kα) for these low La3+ doped compositions, a peak which would be indicative of doubling 

of the pseudo-cubic perovskite cell for the ferroelectric Q NaNbO3 room temperature polymorph, 

hence inferring P phase stabilisation in LNN. Despite claims of phase purity, there do appear to 

be some low intensity peaks below 8LNN in the 17 - 30° 2θ range that are not characterised on a 

P phase Pbcm symmetry.  

This structural report [191] then suggests a transition to Pmmn orthorhombic symmetry above 

8LNN, a similar transition point to Pivovarova et al [189],  and another symmetry proposed for 

the R polymorph of NaNbO3 [192]. This is suggested to be retained until ~ 25 LNN, after which a 

transition to orthorhombic Pmmm symmetry is suggested. The composition marked with a ‘3’ on 

figure 3.26 does, however, appear cubic in symmetry, with the progressive splitting of peaks 

towards higher 2θ characterised as Kα2 reflections, and the small peak that is retained ~ 36 ° 

associated to the cubic (111) peak. The Pmmm symmetry shown towards the La1/3NbO3 end 

member marked with a ‘1’ in figure 3.26 is now better characterised as Cmmm [156,159], whilst 

there is a drastically different peak splitting occurring between the peaks of ‘2’ (25LNN) and ‘1’ 

(La1/3NbO3) which could imply a tetragonal symmetry for the former, not ascribed within this 

report [191].  

Figure 3.27 reveals an expansion of the unit cell with increasing La3+ content, despite the 

substitution of smaller La3+ (1.36 Å) for the larger Na+ (1.39 Å) [86]. This expansion subsequently 

levels off towards the La1/3NbO3 end member. The ordering peaks noted with an ‘I’ in figure 3.26 

refer to the ordering of La3+ and A-site vacancies into alternating (001) planes, doubling the unit 

Figure 3.27: Unit cell expansion with increasing La content in NaNbO3 (x=0.66) to La1/3NbO3 
(x=0). Expansion rates drop as the solid solution nears its La1/3NbO3 end member, possibly 

influenced by progressive ordering of La/Na and A-site vacancies into alternating (002) planes. 
Reformatted from [191]. 
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cell along the c axis. Since this reduction in cell expansion rate occurs for 25LNN onwards in figure 

3.27, is it sensible to associate this reduced rate to the sudden ordering effect of A site vacancies.  

Bian and Li [193] have since conducted a structural analysis on a portion of this LNN solid 

solution, from 20LNN to La1/3NbO3, shown in figure 3.28. The results are consistent with previous 

suggestions that a tetragonal symmetry is observed at 25LNN, as opposed to the cubic symmetry 

defined previously[191]. This pseudo-cubic symmetry is achieved with higher Na+ contents, 

~20LNN, forming an orthorhombic Cmmm → tetragonal P4/mmm → cubic Pm3m phase 

transition sequence. The relevant peak splitting is clear in figure 3.28, whilst the asterisk is 

revealing of (001) ordering reflections, again indicating the doubling of the c axis and tetragonal 

symmetry for the 25LNN sample. This increase in symmetry with increasing Na+ content is a 

product of increasing macroscopic disordering of A site species[193]. Increasing disorder is 

manifested in the increasing quantity of La3+ that was refined to occupy the Z=1/2 layer (assumed 

completely vacant in the La1/3NbO3 end member, with the exception of more recent HRTEM 

studies that suggest some Z=1/2 layer La3+ occupation [163]) with increasing Na+ content 

(decreasing vacancy content)[193]. Although temperature dependence of relative permittivity 

was not presented, an increase in room temperature permittivity with Na+ content was 

observed[193].  

Overall, little work regarding the structural evolution of the entire LNN solid solution appears to 

have been completed, whilst the investigations by Mishchuk et al [191] towards NaNbO3 require 

amendments based on the conflicting and more recent understanding of symmetry towards the 

Figure 3.28: The diffraction patterns of components of the LNN solid solution, La(1-x)/3NaxNbO3. 
The x=0 composition corresponds to La1/3NbO3 with orthorhombic Cmmm symmetry, whilst the 

x=0.2 corresponds to the cubic Pm3m 20LNN. Reformatted from [193] 
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A site deficient La1/3NbO3 end member. The temperature dependent dielectric response of the 

series is not well characterised, nor are its energy density characteristics and DC conductivity 

behaviour.   

3.7 Alternate aliovalent A-site deficient NaNbO3 perovskites 

 

Bismuth doped NaNbO3, BixNa1-3xNbO3 (XBNN), has been studied by numerous authors [194–

196]. A-site vacancies are assumed to form as the charge compensating defects based on the lack 

of secondary phase formation characterised via XRD, up to a concentration of ~ 20 mol%. 

Hereafter, perovskite stability is lost and BiNbO4 phase formation occurs. This is unsurprising 

since the Bi1/3NbO3 end member is only metastable, with crystals formed from incongruent 

melting of Bi-excess stoichiometries [197]. This metastability of Bi1/3NbO3 is likely a function of 

the significantly different vacancy ordering and octahedral tilting present between this end 

member and the other rare-earth niobate systems. Bi3+/vacancies only partially order between 

alternating (001) planes at Z=0 and ½ with 28 and 42 % planar occupancy respectively, unlike in 

(La/Nd)1/3NbO3 for example where 66.6 and 0 % occupancy is observed.  There is no evidence of 

long range cooperative tilting of the NbO6 octahedra [197], and so it exists with a macroscopic 

Figure 3.29: The induction of an order-disorder transition within BixNa1-3xNbO3, a): x=0.1, b): x=0.15, 
c): x=0.2) with an associated frequency dependent relaxor dielectric response resulting with a 

reduction in TCC relative to the NaNbO3 end member. Reformatted from [194]. 
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P4/mmm tetragonal symmetry as opposed to an orthorhombic Cmmm symmetry. The 

stereochemical influence of the 6s2 lone pair of electrons on the Bi3+ cation results in it displacing 

away from high symmetry 4/mmm special sites by ~ 0.4 Å in the <111> directions , moving into 

8 split atomic general positions[197]. This disorder in Bi positioning presumably limits the lack 

of correlation of local tilts that act to control the A-site interstice volume.  

At a composition > 10BNN, diffuse frequency dependent dielectric responses are observed within 

the perovskite domain of the BNN solid solution, especially compared to that of NaNbO3 

[194,195]. This is shown in figure 3.29, alongside tan δ which shows a large frequency dependent 

space charge response. A tan δ < 0.05 is observed for the entire frequency range plotted (100 kHz 

– 1MHz) across the X7R or X8R temperature range for 10LNN only, figure 3.29 a). Levin et al [194] 

attributed this diffusivity in the relative permittivity response to an order-disorder transition of 

Bi and Nb displacements as out-of-phase octahedral tilts present in the P phase of NaNbO3 are 

supressed. These cationic displacements couple to nanoscale vacancy/cation clustering, with 

modulations occurring as the structure relaxes to reduce the effects of under bonded oxygen with 

increasing vacancy content. The product of the disordered and locally modulated cation 

displacements are proposed to yield a short range polar ordering effect and the diffuse dielectric 

response observed[194]. A comparable effect is presented by Zhang et al[195], with equivalent 

order-disorder type dielectric transitions occurring at 10BNN, and in other Bi doped alkali 

niobates, such as BixAg1-3xNbO3[198] that also yields diffuse responses at comparable Bi 

concentrations.  

The average and local structure for BNN have been probed by x-ray diffraction, electron 

diffraction, total scattering, X-ray fine structure analysis and Raman [194,195]. The average and 

local structures are expectedly conflicting given the disorder associated to aforementioned A site 

deficient perovskite systems. The NaNbO3 P phase Pbcm symmetry is lost as the Bi concentration 

increases. Levin et al [194]initially proposed 10BNN induced a Pbnm symmetry (suggested for 

the high temperature R and S phases of NaNbO3 [199]) based on refinement results and the loss 

of antiphase tilting superlattice reflections. However, electron diffraction lacked the necessary 

glide symmetry conditions associated to such a symmetry, and that actually Q phase symmetry 

(or lower) was achieved. Further doping of Bi3+ induced a ‘cubic’ macroscopic symmetry via XRD 

refinements, but SAED suggested diffuse rods associated to the continued existence of in-phase 

tilting was now limited to short range local correlations [194]. Zhang et al [195] argue that the P 

phase symmetry is retained for low Bi3+ additions, <10BNN, which subsequently changes to the 

T2 NaNbO3 phase with P4/mbm symmetry [200] at 10BNN (consistent with a lack of N glide 

symmetry stated by Levin et al [194]) and (pseudo)cubic Pm3m at 20BNN. 
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Sr-doped NaNbO3, SrxNa1-2xNbO3 (XSNN), is another A site deficient NaNbO3 system investigated 

within literature, although it differs from the Bi system discussed before since it generates only 

one A site vacancy per mol% Sr doping as opposed to two from Bi/Ln doping. SNN exhibits a 

perovskite solid solution limit between 20 and 25 mol% doping [201,202], much like the Bi3+ 

system, and induces a diffuse relaxor-ferroelectric type response at compositions between 10 and 

15 SNN [201,203], as shown in figure 3.30. TCC is reduced with increasing Sr2+ content, whilst the 

dielectric losses remain low for a larger temperature range compared with Bi3+ compositions of 

the same doping content. There is, however, half the amount of A-site vacancies introduced with 

Sr2+ doping, and above 20SNN there is an observed increase in loss behaviour as shown in the 

BNN system previously [194]. 

Structural refinements via XRD and SAED reveal the preferential stabilisation of the ferroelectric 

Q room temperature polymorph of NaNbO3 with progressive Sr doping, based on superlattice 

reflections associated to the octahedral tilting and a pseudo-cubic cell multiplicity of 2 along the 

[001] axes consistent with the NaNbO3 Q phase [201,204].  High resolution transmission electron 

microscopy (HRTEM) has directly observed domains with lattice periodicities changing from a 

four multiple (~ 166 nm, based on the ideal pseudo-cubic perovskite cell having a lattice length 

~ 3.9 Å) to 2 fold (~ 80 nm) as the Sr content increases [204]. Ca-doped NaNbO3 (XCNN) shows, 

again, comparable suppression of the relative permittivity when Ca concentrations exceed ~ 10 

mol% [205]. Here, the antiferroelectric P phase is stabilised with increasing Ca doping. K+ doping 

of NaNbO3 is well characterised to ‘induce ferroelectricity’ and thus the Q polymorph of NaNbO3 

[106,206–208], alongside Li+ doping [209]. The combined effect is a stabilisation of the 

Figure 3.30: The dielectric response of Sr2+ doped NaNbO3, showing an increase 
in the diffusivity of relative permittivity with increasing Sr2+ content. Higher Sr2+ 
contents also appear to involve an additional structural relaxation closer to room 

temperature. Reformatted from [201]. 
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ferroelectric Q phase when the Goldschmidt tolerance factor (ignoring the relative radii of A site 

vacancies) increases. Guo et al [210] suggested this with CaZrO3 doping of NaNbO3, where P phase 

stabilisation occurred on account of tolerance factor reduction with no A site vacancies formed in 

this self-compensating system. 

Thus, not only is NaNbO3 clearly supportive of A-site vacancies upon aliovalent A site doping as 

charge compensating defects, the structural mediation through disruption to the octahedral tilt 

network induces an order-disorder transition, influencing local Nb displacements and reducing 

long range correlations, producing a universal stabilisation of TCC at vacancy concentrations ~ 

20 mol %. This is reflected in Bi3+, Sr2+, Ca2+ and K+ A site doped NaNbO3 systems, respectively.  

 

3.8 Dielectric composite macrostructures for enhanced properties 

 

For many of the materials discussed, such as BaTiO3 and NaNbO3, the dielectric properties are 

useful but not appropriate for temperature stable dielectrics in class II capacitors, on account of 

the highly temperature dependent relative permittivity they exhibit. Numerous reports have 

investigated the ability to utilise some of the desirable electrical behaviours of certain ceramics 

in appropriate macrostructural configurations to yield an overall system that meets certain 

output criteria. These multiphasic composite systems range from multilayered systems, where 

ceramics are laminated with other materials, often in the form of sandwich structures, or in more 

traditional composite systems where secondary phases/fillers are embedded within a matrix 

phase with associated multidimensional interconnectivities. For a biphasic composite, the 

dimensionality of each phase’s intergranular connectivity can be described with an a-b notation, 

where a and b can vary between 0 and 3 depending on the dimensionality of connectivity between 

grains of each phase [140]. A connectivity of 3-0 means the grains of the matrix phase are 

connected in three dimensions whilst the secondary phase grains are isolated, distributed with 

no interconnectivity. 3-1 may refer to nanowire embedment within the matrix where the 

secondary phase grains are 1 dimensionally connected, 3-2 may be associated with planes of 

secondary phase grains with associated 2 dimensional connectivity that are embedded within the 

three dimensionally connected matrix phase. 2-2 connectivity may indicate a multilayered 

lamination of phases and 3-3 may be a percolated network of secondary phase grains throughout 

a matrix phase. Examples of biphasic composites with differing connectivities are shown in figure 

3.31 [211] (specifically for piezo-active composites). 
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Figure 3.31: An example of the intraphasic connectivity’s and associated assemblages of piezo-ceramic 
polymer composites. Reformatted from [211]. 

Polymer-ceramic composites are of frequent investigation within literature, particularly with the 

perspective of high energy density dielectric integration. Polymers exhibit inherently higher 

electric field induced breakdown resistance with respect to bulk ceramics (retained when the 

ceramic filler content is relatively low within the composite [212]), and so, when combined with 

a ceramic with good polarisability or linear polarisation-electric field dependence, can yield high 

recoverable energy densities, with high associated energy storage efficiencies. High breakdown 

strengths, ~ 489 kVcm-1, and high associated efficiencies, ~ 90.3 %, were achieved for a 3-3 

epoxy-BaTiO3 composite [212], where the 3 dimensional connectivity of BaTiO3 nanoparticles 

was achieved via the templating of 3D nanocluster wires of BaTiO3 using organic substrates 

during a milling and freeze drying process.  Using doped BaTiO3, such as Ba1-xSrxTiO3 which 

exhibits a more linear relaxor type polarisation dependence with reduced polarisation saturation 

effects compared to parent material, would offer higher recoverable energy densities [213]. Use 

of Ba0.8Sr0.2TiO3 nanowires embedded within a poly(vinylidene fluoride) (PVDF) matrix have 

achieved a high recoverable energy density ~ 14.86 Jcm-3 at 450 kVcm-1 [213]. This represents a 

large increase in recoverable energy density compared to commercially available polymer 

capacitors used for energy density applications, including biaxially oriented polypropylene 

capacitors (BOPP), which exhibit smaller recoverable energy densities ~ 1.2 Jcm-3 at higher 

electric fields of 640 kVcm-1 [214,215]. Not only this, but an improved volumetric efficiency is 

afforded to these nanocomposites compared to the commercially available polymeric systems 

such as BOPP, which are manufactured as physically large windings often inches in diameter 
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[214]. Other PVDF polymer-ceramic composites have also been investigated, such as PZT [216]or 

PZT based systems (Pb,La)(Zr,Sn,Ti)O3 [217],  with PVDF an attractive matrix since it exists as a 

semicrystalline polymer with good chain flexibility and a β-phase that exhibits spontaneous 

polarisation with pyro and piezoelectric properties [218].  

The flexibility afforded to a polymer-piezoelectric composite give interesting prospects as 

kinematic energy harvesting devices, where the kinetic energy of a moving body is directly 

transferred to electrical energy via this composite electromechanical transducer [219]. This is 

convenient for small power applications where batteries are not convenient, such as pacemakers 

which harvest the motion of the heart [220], or for tire pressure sensors placed on the walls of 

tyres [219,221]. The intraphasic dimensional connectivity shown in figure 3.31 has a significant 

influence on the properties of these electroactive composites. For example, finite element 

modelling suggests piezoelectric charge coefficients and coupling constants are greatest for 3D 

networked 3–3 and long-fibre (1–3) BaTiO3 reinforced PVDF composites, respectively, while 

acoustic impedance is minimised in 0–3 composites [222]. Increasing the piezoelectric sensitivity 

(such as d33) is often associated with increasing the dimensionality of the connectivity between 

grains of the piezo-active element, such as moving from a 3-1 to a 3-3 assemblage [223]. 

Hydrophones, for example, often utilise piezoelectric composites with such a 3-3 dimensionality 

configuration [224].  

Regarding TCC stabilisation for dielectrics, one of the most common ‘composite’ architectures is 

a core shell structure, with a 3-0 type connectivity existing for the shell and encapsulated grain 

core, respectively.  This is shown in figure 3.32, alongside its associated influence on relative 

permittivity stabilisation. This type of compositional heterogeneity induced by the limited 

diffusion of elements throughout the grain structure has long been characterised [76–78,80,225], 

with use in BaTiO3 based systems for the stabilisation of TCC caused by the serial polarisation of 

Figure 3.32: A schematic and a TEM micrograph of a Y,Mg  doped shell and undoped BaTiO3  grain core, where 
the core constitutes 30 % of the grain volume. The image to the right shows the effect of core shell grain 

structures on stabilising TCC. A thicker core: shell ratio for this Y,Mg doped system was better for X7R TCC. 
Reformatted from [80]. 
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these two separate polarising components. BaTiO3 based core shell structures have also more 

recently been utilised for the enhancement of breakdown in PVDF-ceramic composites for energy 

storage applications, with SiO2 shells offering a higher breakdown resistance compared to BaTiO3 

cores [226]. 

3.8.1 Composite mixing rules 

Numerous models have been theorised to predict the influence secondary phase materials have 

upon the observed electric and dielectric properties of the matrix phase, depending upon volume 

fraction, interconnectivity, size and morphology, inherent electrical/dielectric properties and 

their associated directionalities/anisotropy. These are summarised well by Dang et al [227], with 

the simplest of these being series and parallel connectivity laws, which can apply to 2-2 

composites where the lamination of heterophases is parallel and perpendicular to the direction 

of field/perturbing signal, respectively [227]. These are equated in equations 3.3 and 3.4 for the 

series and parallel 2-2 composites shown in figure 3.33 a) and b), respectively [227].  

 

 𝜖𝑇 = 
𝜀𝑀𝜀𝑆

𝜖𝑀𝜃𝑆 + 𝜀𝑆𝜃𝑀
 (3.3) 

 

 𝜖𝑇 = 𝜀𝑀𝜃𝑀 + 𝜀𝑆𝜃𝑆 (3.4) 

 

 where (𝜀𝑀 , 𝜃𝑀, 𝜀𝑆 , 𝜃𝑆) are the permittivity (𝜀) and phase fractions (𝜃) of the matrix (M) and 

secondary phase (S). A mixed composite composed of spheroids distributed homogeneously 

within an isotropic matrix will exhibit a permittivity between these series and parallel 

distributions, shown in figure 3.33 c).  

 

Figure 3.33: A serial (a) and parallel (b) connectivity of matrix and secondary phases in a 2-2 physically 
connected composite. c) is a 3-0 composite representing a mixed system, for which the discussed mixing 

laws attempt to predict based on phase properties. Reformatted from [227]. 
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Lichtenecker’s theory [227,228] is a direct observation of this, where an exponent ‚ α, describes 

the variability of the mixing system between these two limiting mixing conditions. If α is -1, the 

mixing rule reduces to a series system, and if equal to 1, describes a parallel connectivity. Thus, α 

is a fitting factor that describes the topology and interactions of the secondary phase with the 

matrix [229]. This is shown in equation 3.5. 

 (𝜀𝑇)
𝛼 = (𝜀𝑀)

𝛼𝜃𝑀 + (𝜀𝑆)
𝛼𝜃𝑆 (3.5) 

 

A Maxwell Garnett equation can predict the overall permittivity output according to equation 3.6. 

To account for non-sphericity, a depolarisation factor ‘A’ can be included to account for non-ideal 

secondary phase morphology. This is often derived empirically or obtained from literature, and 

is equal to 1/3 for an ideal sphere-shaped secondary phase particle [227]. This can characterise 

mixing for small quantities of secondary phase, accounting for less than 10 % of the volume 

fraction: 

 
𝜖𝑇 = 𝜀𝑀 ൬1 +

𝜃𝑆(𝜀𝑆 − 𝜀𝑀)

𝐴(1 − 𝜃𝑆)(𝜀𝑆 − 𝜀𝑀) + 𝜀𝑀
൰ 

(3.6) 

A Bruggeman mixing rule, equation 3.7, was proposed for composites with higher filler contents, 

often above 10 % of the volume, and is considered effective for non-homogeneously distributed 

secondary phase systems, where these particles may be in close proximity [227]. This is given by 

equation 3.7, and holds for higher secondary phase contents up to 50 % of the volume fraction 

provided no percolative path is formed between these secondary phases[227]: 

 𝜀𝑆 − 𝜖𝑇

𝜀𝑇
1/3

= (
(1 − 𝜃𝑆)(𝜀𝑆 − 𝜀𝑀)

𝜀𝑀
1/3

) 
(3.7) 

 

A more complicated mixing rule by Jaysundere and Smith [230] was proposed to account for the 

secondary phase interactions that may be induced by their volume fraction and close proximity. 

These include dipolar interactions and local field effects in the matrix. This equation is limited to 

secondary phase volume fractions up to 30 % [229]. The equation has not been presented here 

for its complicated nature. There are numerous mixing rules which are frequently modified with 

further assumptions regarding distribution, morphology and interactions between composite 

phases. Although some limitations on secondary phase fractions direct mixing choice, often 

composite properties are fitted empirically to mixing laws, with prediction based on a single 

mixing rule difficult without data on comparable systems.  
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3.8.2 NNBT Multi-layer architectures 

 

The NNBT solid solution introduced in section 3.3 offer attractive properties with respect to 

prospective use as dielectrics. The centre of the solid solution offers diffuse relative permittivity 

maxima with high magnitudes, in excess of ~2000, whilst retaining low dielectric losses. Towards 

the BT end member of the solid solution, low NaNbO3 additions induced a core shell 

compositional heterogeneity that incurs an even more stable TCC response than these relaxor 

components at the centre of the solid solution [136]. The diffusivity of these permittivity maxima 

are, however, insufficient for X7R or X8R rated dielectrics. Foeller et al [136,231] proposed a 2-2 

composite macrostructure composed of a core shell 2.5NNBT composition and BaTiO3 with a 

serial electrical connectivity, separated by an Au interdiffusion barrier, to satisfy X7R rated TCC 

criteria. A schematic for this bilayer system shown in figure 3.34.   

 

The enhancement of TCC of the bilayer with respect to its 2.5NNBT and BaTiO3 components 

originates from the series capacitance law, equation 3.8: 

 1

𝐶𝑇(𝑇)
=

1

𝐶𝑁𝑁𝐵𝑇(𝑇)
+ 

1

𝐶𝐵𝑇(𝑇)
 

(3.8) 

   

Thus, components of the bilayer must provide relative permittivity response at complimentary 

temperatures and magnitudes in order to stabilise the overall device permittivity. For the system 

investigated, BaTiO3 provides the high temperature permittivity response lacking in the 2.5NNBT 

Figure 3.34: The NNBT based bilayer system proposed by Foeller et al [231] 
utilising an Au barrier layer to impede inter-diffusion between components. 
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composition that is inherently temperature invariant across the ambient and sub ambient 

temperature ranges, consequent of its thermodynamically stable core shell configuration [136]. 

Since nominal BaTiO3 exhibits a permittivity often five times greater than that of NNBT, the 

volume fraction ratio of NNBT:BaTiO3 must be weighted towards the NNBT to attain comparable 

permittivity magnitudes and a stable TCC response. Foeller et al [231] utilised a 66.6:33.3 

thickness fraction ratio between these constituent phases, yielding the temperature stable 

dielectric response of figure 3.35.  

The inherent benefit of using a simple serial configuration, in conjunction with an interdiffusion 

barrier, is the ability to experimentally replicate the modelled response based on equation 3.8. 

This is shown in the similarity in relative permittivity and TCC magnitudes in figure 3.35 a) and 

c), respectively.  

Kerridge et al [232] extended the industrial attractiveness of such a system by developing a code 

that utilised user inputs for TCC rating and permittivity minima alongside available materials 

(with associated permittivity inputs), that produced an output of optimal bilayer and trilayer 

Figure 3.35: The X7R achieving 2.5NNBT:BaTiO3 bilayer with a 66.6:33.3 thickness fraction ratio. The modelled 
serial response using equation 3.8 is compared to the experimental response, alongside the dielectric responses 
of its component materials. (a) Shows the relative permittivity, (b) shows the tan δ response and (c) shows the 

TCC profiles. Reformatted from [231]. 
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multilayer systems (materials and associated fractions) that attain such specified TCC criteria. 

The optimal systems were those with the highest possible relative permittivity magnitude and/or 

the widest TCC stability range. The same author then, using this optimisation code, presented an 

X7R achieving NNBT bilayer that utilised non-core shell NNBT components, with co-sintering in 

the absence of an Au interdiffusion barrier as shown in figure 3.34 [149]. Interdiffusion barriers 

would increase manufacturing complexity and cost, whilst also imparting interfacial porosity or 

local delamination that results in the lower permittivity magnitude of the experimental bilayer 

relative to the modelled bilayer, seen in figure 3.34 a). A 70:87.5 NNBT bilayer with associated 

thickness fractions ~ 25:75 was modelled to achieve X7R TCC rating [149], yet when sintered, its 

high temperature 87.5NNBT related permittivity peak is asymmetrically broader towards lower 

temperatures than expected, as shown in figure 3.36. This results in the +15 % TCC boundary 

being exceeded below 125 °C, figure 3.36 (b). The inference is that a serially connected 

interdiffusion-driven ternary component is developed at the interface, intermediary in 

composition between the 70 and 87.5NNBT, yielding a slightly lower Tm with respect to 87.5 

NNBT. The permittivity contribution of this ternary phase then induces the lower temperature 

asymmetrical broadening of the high temperature permittivity peak, losing the multilayers X7R 

TCC rating.  Kerridge [149] suggested this ternary layer accounted for ~ 10 % of the total 

thickness of the bilayer, ~ 100 µm thick, hence why the permittivity variation was so pronounced. 

No interdiffusion rates were characterised between differing components of the NNBT solid 

Figure 3.36: The variation in permittivity (a) and TCC (b) between modelled and experimental 70/87.5NNBT bilayers 
when co-sintered without an Au barrier layer. The proposed mechanism was the formation of an intermediary, serially 

connected NNBT composition at the interface (c). Reformatted from [149]. 
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solution. This would be essential for identifying components of the NNBT solid solution that can 

be sintered without an interdiffusion barrier without compromising intended TCC temperature 

dependence. Alternatively, if NNBT diffusion rates can be characterised, the modelling of ternary 

compositions at the interface and their associated thicknesses and permittivity contributions 

could be predicted and integrated to the optimisation code of Kerridge et al [232], with output 

thickness fractions modified to account for this interfacial interdiffusion. 

Despite multilayer systems being able to attain X7R rated TCC, with good coherence between 

predicted and experimental results, there are concerns relating to the commercial feasibility of 

these systems. Laminating and co-sintering tapes to manufacture multilayer architectures 

presents a disruptive technology to current monolithic tape cast procedures. The need to cast and 

laminate multiple tapes adds time to the capacitor build. The thermal compatibility of paired 

materials would need to be high to inhibit interlayer straining and delamination during sintering. 

Interdiffusion barriers are expensive and add undesirable manufacturing complexity, whilst the 

Na contained within the NNBT components is thermodynamically incompatible with Nickel 

electrodes during MLCC firing. Copper electrodes could be possible, but not at the sintering 

conditions of 1250 °C utilised for multilayer sintering [149,231,232].  

3.9 Research Questions 

 

NNBT has proven to show dielectric behaviour across its solid solution, with high permittivities 

retained despite transitioning to relaxor responses with reduced polar ordering as the solid 

solution moves away from either of its end members. An accompanying flattening of the 

permittivity occurs with this reduction in polar order, figures 3.14 - 3.16, producing materials far 

more temperature invariant compared to its BT or NN end member materials, figure 3.1 and 3.9 

respectively. Foeller and Kerridge et al [136,149,231,232] had proven such dielectric properties 

of the NNBT solid solution could be exploited for X7R dielectrics using a serial lamnination of 

select NNBT compositions, but only whilst using a physical interdiffusion barrier between its 

constituent layers, figure 3.34. Sintering in the absence of these layers results in interdiffusion 

that is deleterious to this X7R TCC rating, figure 3.36, and so it is of interest to investigate if 

diffusion rates between its NNBT components vary, and can be lowered to mediate co-sintering 

of a bilayer without an expensive and industrially unfavourable diffusion inhibiting layer. 

Additionally, could an alternative composite assemblage to this 2-2 bilayer system produce 

temperature stable dielectric response and represent a less commercially destructive system 

compared to these bilayer systems? This is considering the fact that multilayers impart additional 
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manufacturing stages and impose increased risks of physical defects, such as delamination during 

sintering.  

In the search for temperature stable dielectrics, Perovskite A-site vacancy generation appears to 

reduce the temperature dependence of dielectric response in NaNbO3, using varied aliovalent A-

site dopants, figures 3.29 and 3.30. The La1/3NbO3-NaNbO3 solution is compartiviely less 

understood than others reported, both structurally and with respect to its dielectric and electric 

behaviours. There are interesting and variable reported responses from the system, including 

dielectric, Na+ and even La3+ conducting response. It is of interest to investigate if doping NaNbO3 

with La3+ can produce a complete solid solution, suggestable (but unknown) from the highly A 

site deficient nature of its La1/3NbO3 end member and the previous structural studies partially 

covering the solution. Additionally, does a flattening of dielectric response occur with increasing 

La3+ (and VNa
’) concentration that is appropriate for X7R or X8R rated dielectrics? Such could 

represent a universal mechanism for TCC stabilisation in NaNbO3, in line with the results obtained 

for alternate aliovalent A site dopants reffered to within this report. If a solid solution forms, 

where does a dielectric response limit exist along the solid solution? Clarification on its reported 

structural polymorphism and ionic conductivity behaviour should follow, potentially reporting a 

solid solution that finds itself with a variety of functional properties useful for different 

applications outside of the dielectric scope this thesis regards.  
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4 Experimental Methodology 

4.1 Solid State Synthesis 

 

Solid state methods were used for all lab-synthesised compositions in this thesis. This includes 

the NNBT compositions utilised in the ceramic composites of results chapters 1 – 3, and all of the 

LNN compositions synthesised and reported on within results chapter 4.  

Solid-state synthesis utilises high temperatures to stimulate the solid state diffusion of ions, 

preferably homogeneously mixed and in the necessary stoichiometries to synthesise an 

energetically favourable phase [7,13]. Elements are introduced as reagents, the oxides and 

carbonates tabulated in table 4.1. These reagents were dried (180 °C for carbonates, 900 °C for 

TiO2 and 1000 °C for Nb2O5 and La2O3) to remove any adsorbed/absorbed water. These dried 

reagents are then weighed according to the molar mass of each element necessary to satisfy the 

compositional stoichiometries shown in table 4.1.  

These reagents were then wet-ball milled using isopropanol as the solvent and 10 mm 

diameter/20 mm long cylindrical Yttria-stabilised Zirconia milling media. Ball milling serves two 

main purposes: firstly, reducing reagent particle size and maximising surface area for solid-state 

diffusion, and secondly, providing a viscous flow of reagents to encourage homogeneous mixing 

prior to annealing. The slurries are milled for ~ 16 hours at 200 rpm. This maximises particle size 

reduction without incurring unnecessary contamination from the milling media.  

Table 4.1: The compositions synthesised via solid state synthesis routes and the reagents used. 

LaxNa1-3xNbO3 (LNN) 

Compositions Made (x) 0.01, 0.05, 0.075, 0.1, 0.15, 0.2, 0.25, 0.27, 0.29, 

0.31, 0.33 

NaxBa1-xNbxTi1-xO3 (NNBT) 

Compositions Made (x) 0.6, 0.7, 0.8, 0.875 

Reagents Used 

Na2CO3 (99.9%), La2O3 (99.9 %), Nb2O5 (99.99 %), BaCO3 (99.9 %), TiO2 (99.9 %) 
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The milled slurries are dried, sieved and annealed at 900 °C for 6 hours in a ‘calcination’ step, 

where phase formation of NNBT and LNN is achieved via solid state diffusion.  A higher condition 

of 1000 °C for 6 hours was used for the La1/3NbO3 end member of the LNN solid solution for its 

lack of Na, which is relatively volatile. For NNBT and LNN, this calcination process was repeated 

after an intermittent re-milling. The solid-state synthesis route for the LNN solid solution is 

shown in figure 4.1.  

For material characterisation purposes, a dense polycrystalline pellet of each composition was 

formed using the calcined powders. A 10 mm diameter green body pellet of calcined powder was 

formed using the uniaxial pressing of ~ 0.4 g of powder at ~ 25 MPa for 1 minute. The green body-

density of this pellet is then improved through a subsequent cold isostatic pressing step, at a 

higher pressure of ~ 32 kpsi for 5 minutes. This has the beneficial effect of removing internal 

pressure distributions within the green body pellet introduced through the uniaxial pressing 

stage as well as maximising the green body density. The green body pellet is then densified 

through another annealing stage, termed ‘sintering’, at much higher temperatures compared to 

the previous calcination stages. Typically, sintering temperatures are in excess of 0.8Tmelting, 

where higher energies facilitate quicker diffusion of elements for grain coarsening and 

densification stages. The resulting dense pellet, often aimed for ~ 95 % of the theoretical 

compositional densities (based on unit cell volume and mass), is coated with a gold frit paste, 

fired at 850 °C for 2 hours to melt the frit and distribute and adhere the gold across the pellet 

surface, ready for electrical analysis.  For microscopy analysis, a face of the pellet is polished 

instead. 

 

 

Figure 4.1: The solid-state synthesis route used to synthesise LNN compositions. The same route was used for 
the NNBT compositions but with a lower sintering temperature of 1250 °C. 
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4.2 X-ray Diffraction  

 

4.2.1 Principle 

X-ray diffraction (XRD) is a technique from which the space group of a crystalline material can be 

interpreted, based on the constructive interference between X-rays scattered (diffracted) by the 

electron density associated to atoms situated in select lattice planes [5,6]. Thus, XRD is based on 

the principle of wave-particle duality. Our ability to observe such constructive interference events 

is reliant upon reorientation of the sample to observe diffracting planes, such as powder 

diffraction using randomly orientated crystallites or an appropriate rotation of the diffracting 

single crystal relative to the incident beam (Bragg diffraction). Alternatively, this same effect can 

be induced by using a wide band of incident wavelength radiation (Laue diffraction)[10]. This is 

provided the wavelength of the incident radiation is of a similar order of magnitude to the 

interplanar atomic spacings. The study of interference events, including systematic absences, 

provides information on the Bravais lattice and symmetry elements present, allowing the three 

dimensional crystal structure to be defined.  

For an incident beam to interfere constructively, the parallel scattered beams must be in-phase. 

That is, the difference between the distance one beam may have travelled relative to the other is 

an integer multiple (n) of the wavelength (λ) of the two waves, nλ. If this is drawn out 

schematically, figure 4.2, trigonometrically it is clear that the total additional path length travelled 

Figure 4.2: A schematic for the Bragg condition of constructive interference 
between scattered X-rays 
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by the next scattered, parallel beam penetrating the surface is equal to 2dsinθ. This results in the 

Bragg condition for diffraction and constructive interference: 

 𝑛𝜆 =  2𝑑𝑠𝑖𝑛𝜃 (4.1) 

 

where d is equal to the interplanar spacing between a set of parallel adjacent diffracting planes 

and θ is the angle subtended between the incident beam and the diffracting plane. Since different 

planes of the lattice will have inherently different lattice spacings, the crystal will need to be 

reorientated relative to the incident x-ray beam for all diffracting planes to be able to diffract with 

constructive interference conditions satisfied. Powder diffraction is an alternative to single 

crystal diffraction that inhibits the need for crystal rotation for all diffracting planes to be 

observed. In powder diffraction, the finite mass of powder is irradiated which is constituent of 

smaller crystallites, typically microns in size, randomly oriented relative to themselves and 

importantly orientated randomly relative to the incident x-ray beam. Consequently, there is a 

statistically large number of lattice planes orientated relative to the incident x-ray beam such that 

the Bragg condition for diffraction is satisfied [5,6]. Since each of these planes have differing d-

spacings, and the crystallites are orientated azimuthally not just axially relative to the incident x-

ray beam, a series of concentric diffraction cones are created by the irradiated powder [233]. 

Figure 4.3: The effect of Debye Scherrer diffraction cones and the resultant rings they create 
on the photosensitive film placed inside a Debye-Scherrer camera. Reformatted from [233]. 
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These cones project through three dimensions as shown in figure 4.3, and appear as rings – Debye 

Scherrer rings – should photosensitive film be exposed.  

A Debye-Scherrer camera was one of the earliest forms of measuring the intensity and angular 

dependence of lattice diffraction, with a circular film intersecting these cones and producing a 

visually annular diffractogram. Figure 4.3 shows the formation of these rings on a film from the 

intersection of these three-dimensional cones. A more modern Debye-Scherrer geometry 

involves the movement of a photosensitive detector to intercept these rings in an analogous way 

to the film. A Debye-Scherrer geometry is also often referred to as a transmission geometry, as 

the beam transmits through the volume of the sample, and has many inherent advantages with 

respect to other reflection-based geometries. The effects of preferred orientation of the 

crystallites are minimised, inhibiting artificially enhanced diffraction peak intensities, and small 

sample amounts can be analysed. Reflection geometry is more frequent within laboratories, 

commonly known as a Bragg-Brentano geometry, and involves the ‘reflection’ of incident beams 

from the surface of a flattened powder specimen, which are subsequently detected by a moving 

detector [234]. In many cases, the X-ray source also moves relative to the specimen. A typical 

Bragg-Brentano geometry is also shown in figure 4.4.  

As the detector moves through space, a diffractogram of intensity relating to diffracting lattice 

planes against angle (2θ) is established, such as the one shown for cubic LaB6 in figure 4.5. Each 

of these peaks can be related to a diffracting plane, with the degree of peak splitting indicating 

the appropriate crystal system of the material. For LaB6, cubic at room temperature, all unit cell 

lengths (a, b and c of figure 2.1) are equal. The resulting effect is that the (100), (010) and (001) 

planes all share equivalent interplanar spacings, diffracting at the same angle. The (100) 

diffraction peak has a multiplicity of 6. For a tetragonal system, a and b are equal but the c unit 

cell length is larger. The resulting effect means that the (100) and (010) planes share equivalent 

interplanar spacings that are smaller than that of parallel (001) planes. The resulting effect is that 

the peak formerly associated to the <100> family of planes is now split, with a lower intensity 

Figure 4.4: Two common lab diffractometer geometries: left) a Debye-Scherrer/Transmission geometry and right) a 
Bragg-Brentano reflection geometry. Reformatted from [234]. 



74 
 

peak occurring at a slightly higher 2θ corresponding to the elongation of the c unit cell length with 

respect to its a and b cell lengths. Peak splitting indicates a lowering of the symmetry from a high 

symmetry cubic analogue, and can indicate the crystal system present. 

Although diffraction peaks are assigned to the responsible scattering planes, analysis of 

systematic absences gives indication of Bravais lattice types and other symmetry elements 

present in the unit cell, showing point symmetry can be reflected in the diffraction patterns [5]. 

Table 4.2 indicates a list of body centring types and the systematic absences imposed upon the 

diffraction pattern. Additional symmetry elements can induce similar absences, such as glide 

planes, which generate a h0l absence condition when l isn’t even [235].  

Since X-ray scattering is due to interactions between incident radiation and the electron cloud of 

an atom, the intensity of diffraction peaks are directly related to the mass of the atoms within the 

diffracting plane. Lighter elements, including oxygen, have a smaller effect on the intensity of the 

diffracting peaks. Alternative techniques, including neutron diffraction, are necessary to interpret 

the local structural displacements of oxygen ions and other light elements.  

 

 

Figure 4.5: The diffraction pattern for cubic LaB6, with indexed peaks according to the 
diffracting plane(s) responsible. 
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Table 4.2: The systematic absences observed in diffraction patterns for lattices with different body types. 

Lattice Centering Symbol Absence Conditions 

Primitive P N/A 

Body Centred I h+k+l=odd 

Face Centred F All unless h,k,l all odd or all 

Even 

C-Centred C h+k=odd 

 

Rietveld refinements are then conducted on diffraction data as a means of calculating structural 

intricacies, such as unit cell lengths and angles, atomic displacement, site fractions and isothermal 

parameters, as well as powder properties such as crystallite size and associated strains. An input 

file of similar symmetry to that manifested in the observed diffraction pattern simulates a 

‘calculated’ pattern, according to a set of defined starting parameters. Each parameter is then 

sequentially set to refine using a least squares fitting method to minimise the difference between 

the calculated pattern and the observed pattern. Lattice parameter refinement is able to control 

peak positions whilst site fractions, coordinates and isothermal properties can influence the 

intensity associated to the calculated pattern’s peaks. Crystallite size and strain will influence 

peak width, combined with the diffractometer optics (which are compensated for using an up-to-

date instrument parameter file). When the difference between the observed and calculated 

pattern is minimised, the refined parameters can give a good indication of the structural 

properties of the irradiated samples. 

4.2.2 X-ray Generation 

 

The X-rays incident upon a material during XRD are generated via the electron bombardment of 

a metallic target and subsequent inelastic electron-electron collisions, all contained within an X-

ray tube such as the one shown in figure 4.6 [236]. Electrons are emitted at the cathode via 

thermionic emission and are subsequently accelerated to high energies, typically up to 60 kV 

[237]. This electron beam bombards the core-shell electrons of the target atoms, Cu or Mo in this 

thesis, and the consequent inelastic electron-electron collision results in excitation of the core-

shell electrons. After some period of time, these excited electrons relax back into the ground state, 

emitting the excess in energy between the excited and ground state as a characteristic X-ray. The 

energy and wavelength of the radiation can be termed K, L or M dependent on the electron 

transition occurring. For example, Kα radiation refers to electron decay from the L to K shell, 

whereas the Kβ radiation indicates the energy transition between the M and K shell. Within the L 
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shell there are three quantum states from which the decay can occur, however selection rules 

limit the energy transition from the L to K orbitals, leaving two specific states – Kα1 & Kα2 

wavelength radiation. This forms a Kα doublet where the intensity of Kα1 is approximately twice 

that of Kα2. These transitions are visualised in figure 4.7, whilst their energies and associated 

wavelengths are tabulated in table 4.3 [238].  

 

 

 

 

Figure 4.6: A schematic cross section of a typical X-ray tube. Reformatted from [236]. 

Figure 4.7: The energy level transitions associated with discrete wavelength characteristic X-ray emissions. 
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Table 4.3: Common radiation source orbital transitions, energies and associated wavelengths. [238] 

 

 

 

 

 

 

 

 

The wavelength of the X-rays that samples are irradiated with vary between diffractometers, with 

the variation in wavelength being useful for different applications. Larger wavelength radiation, 

such as Cu, will reduce the measurable d-space range but increase the observable separation 

between split peaks in diffractograms. This is particularly useful if unit cell lengths are similar in 

dimension. Conversely, smaller wavelength radiation, such as molybdenum or silver sources, 

offer a bigger measurable d space domain. This is useful for some compounds as high d-spacing 

peaks may reveal additional structural intricacies, where the scattering factor of some elements 

may become increasingly significant at higher d-space values. The selection of x-ray source 

should also conform to the elements present, accounting for the potential fluorescence or 

absorption effects some elements may induce within the sample. 

The extent of energy transfer in such inelastic scattering events is wide ranging and results in the 

formation of a continuous wavelength (energy) emission spectrum. This, combined with the 

orbital transition energies, results in a photoemission spectrum resembling that in figure 4.8, 

which is specific to the photoemission spectrum of copper [239]. A spectrum of wavelengths is 

unnecessary since all of the structural information can be obtained from the diffraction of one 

incident wavelength. Additional wavelengths add unnecessary complexities to the diffraction 

pattern.  Kβ radiation can typically be removed from incident radiation sources (or realistically, 

its intensity can be heavily attenuated) via the use of an appropriate material with an absorption 

edge between the Kα and Kβ wavelengths – for copper sources, a Nickel foil filter is typically used 

as its K-absorption edge (1.488 Å) lies between that of Kβ (λmean= 1.392 Å) and Kα (λmean= 1.542 

Å). Its effect on attenuating this wavelength is shown in figure 4.8. Kα2 cannot be removed from 

Radiation orbital Transition Energy 

(KeV) 

Wavelength (Å) 

Cu-Kα1 2p3/2 → 1s 8.048 1.5405 

Cu-Kα2 2p1/2 → 1s 8.028 1.5443 

 

Cu-Kβ1 3p → 1s 8.905 1.3922 

Mo-Kα1 2p3/2 → 1s 17.480 0.7093 

Mo-Kα2 2p1/2 → 1s 17.375 0.7136 

Mo-Kβ1 3p → 1s 19.608 0.6323 
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the Kα1 in this manner. For truly monochromatic x-ray radiation, single crystals are often used. 

The preferentially cut crystals diffract the selected wavelength of radiation to be incident upon 

the sample. An example of a typical crystal used is Ge(111), cut along this plane as reflections with 

odd h values do not diffract (due to crystal symmetry (in Germanium, cubic Fd-3m) the unwanted 

wavelength λ/2 [9].  

 

 

4.3 Scanning Electron Microscopy 

4.3.1 Electron-Matter Interactions 

 

As a beam of electrons is incident upon the surface of a material, electron-atom interactions occur 

that result in momentum changes and associated energy variation of these incident electrons. 

These interactions are considered to be scattering events that are either elastic or inelastic in 

nature, depending on if energy is imparted into the irradiated material or not. A three-

dimensional volume termed ‘the interaction volume’ is established beneath the surface of the 

irradiated material, shown in figure 4.9 [240], where different electron collisions result in the 

generation of energetically unique signals [241,242]. 

Figure 4.8: Emitted X-ray spectrum from a Copper tube before and after attenuation via a Nickel foil filter. 

b) The typical effect of Nickel filters on a diffraction peak using a copper source. Reformatted from [239]. 
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Elastic scattering events describe electron-atom interactions that result in minimal (virtually no) 

energy exchange between the incident electrons and the sample. These interactions instead 

involve directional variation in the electron trajectory, a result of coulombic interactions between 

the incident electrons and the partially screened nuclei of the atoms [241,242]. This type of 

scattering is known as Rutherford scattering. It is unsurprising that the density of such scattering 

events (the elastic scattering cross section) is dependent upon the atomic number (Z) of the 

irradiated specimen. The majority of these directional changes are small, typically  < 5° [242], and 

whilst larger deflections of the primary beam can occur, those re-emergent from the surface as 

backscattered electrons are more commonly a function of multiple scattering events. Conversely, 

inelastic interactions involve significant energy transfer from the incident electrons with smaller 

angular deflections occurring, < 0.1 ° [242]. The energy exchange between primary beam 

electrons and atoms produces a series of phenomena, ranging from phonon and plasmon wave 

excitation to secondary electron emission, Bremsstrahlung (or continuous wavelength) X-ray 

emission, Auger electron emission and characteristic X-ray emission [241,242].    

Figure 4.9: A generalised schematic illustrating a typical interaction volume for electron-matter interactions 
for an irradiated sample, showing the varied information depths of the different signals generated. 

Reformatted from [240]. 
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It is important to recognize that both elastic and inelastic scattering events occur concurrently, 

and thus the interaction volume shown in figure 4.9 is a network of these varied interaction types. 

It is the diverse nature of the signals attainable from the interaction volume that gives the 

inherent versatility to electron microscopy techniques. Two types of signal used in SEM are 

secondary electron and backscattered electron signals, which will be discussed in more detail 

below. 

Secondary electron (SE) emission is traditionally considered to consist of multiple steps: energy 

exchange between electrons as a result of an interaction event with an energy transfer sufficient 

for electron delocalisation, causing ionisation of electron shells. This is followed by the diffusion 

of these generated SEs to the surface and the subsequent exchange at the surface/vacuum 

interface. SEs are thereby formed from inelastic scattering events [241,242]. Numerous models 

propose the mechanism by which such SEs propagate through the material. These range from a 

single inelastic collision between the primary beam and a bound electron, or, via a cascading 

effect involving multiple SEs generated from an initial diffusing electron or a backscattered 

electron [241–243]. Regardless of the mechanism by which these electrons are generated, it is 

important to recognise that a significant amount of energy associated with the primary beam 

electron is expended in ionising the atom, and consequently the SEs emitted are inherently low 

energy electrons. 90 % of SEs are emitted with an energy < 10 eV [241]. The interaction depth for 

SEs is shallow for this reason [244], since a significant proportion of the SEs generated are of 

insufficient kinetic energy to reach the surface or escape the interface. Detectable signals are 

confined to a few nanometres beneath the surface of the material, however this varies according 

to the conductivity of the sample and are larger for insulating materials compared to metals, for 

example [244]. The yield of secondary electrons is dependent upon the angle of incidence 

between the primary beam and the irradiated sample and their intensity is much greater at the 

surface and edges of a sample. SEs can therefore be detected by appropriate semiconducting 

detectors, with the quantification of local SE intensities capable of producing a topographical 

image.   

Backscattered electrons (BSE) result from large angle elastic scattering events involving the 

primary beam electrons, and thus have an inherently higher associated energy when compared 

to SEs. These result from a single columbic interaction with the charged nucleus of the atom, i.e. 

Rutherford scattering, or from the cumulative effect of sequential small angle scattering events of 

the incident primary beam electron [241,242,245]. As a result, the interaction depth of such 

scattering events protrudes further into the material. The columbic interactions with the nucleus 

gives BSEs an inherent sensitivity to atomic number, shown in figure 4.10 [241], suggesting this 

signal (its backscattered coefficient) can reveal local differences in atomic number and phase 
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distributions within a sample. The interaction between scattered electrons of varied intensity and 

waveform will ultimately produce an interference pattern, producing contrasts in the overall 

image according to these local atomic numbers. Figure 4.10  indicates that there are limits to this 

elemental contrast however, with differences in backscattering coefficients smaller for elements 

of higher atomic number when compared to the differences between those of lower atomic 

numbers[241]. 

 

As alluded to, inelastic collisions can result in the emission of X-rays characteristic to the elements 

present in the sample. This radiation is emitted when a core shell becomes ionised, with electrons 

excited as a direct consequence of the primary beam energy transfer process. An electron-hole 

recombination process follows to stabilise the energy arrangement of the atom, with the 

difference in energy between the excited state and the ground state electrons emitted as a photon, 

of X-ray wavelength unique to the specific energy level transition. K,L,M transition lines were 

illustrated in figure 4.7. These characteristic X-rays can be used to qualitatively and quantitively 

analyse the elements present in the sample. Either the energy of the emitted photon or its 

associated wavelength can be used to identify elemental presence, with its relative concentration 

established via comparison between the intensity of the x-rays radiated from the sample and 

those of a known standard. This is, of course, a rather simplistic description of the process and 

Figure 4.10: The dependence of backscattered coefficient on the atomic number of the 
scattering element. Reformatted from [241]. 
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makes multiple assumptions, such as a known efficiency for the photoemission process in the 

compositional/crystallographic environment occupied. It also assumes minimal primary electron 

interactions before photon emission and limited photon interactions after emission. In reality, it 

is necessary that ZAF corrections are made [241,242,246] - these are individual atomic number 

(Z), absorption (A) and Fluorescence (F) corrections - to accurately determine quantitative 

elemental distributions. 

4.3.2 Energy Dispersive X-Ray Spectrometry  

 

The utilisation of characteristic x-ray energies to identify the spatial distribution of elements 

within an electron irradiated area is referred to as energy dispersive x-ray spectroscopy (EDX or 

EDS). A semiconductor, traditionally Si-based, is used to detect the energy of incident photons 

emitted by the irradiated sample. The energy spectrum produced appears as that shown in figure 

4.11 [247], and can subsequently be deconvoluted into a series of peaks corresponding to the 

elemental K, L or M type energy transitions for a specific element based on peak energy, as shown 

previously in figure 4.7. The intensity of the energy relative to a standard with known elemental 

composition and energy spectrum can yield a quantitative analysis of the amount of element 

present in the local irradiated area. The noticeable asymmetry associated with the energy 

transition peaks, sometimes appearing gaussian, is due to the insufficient resolution of the 

detector (typically between 120-140 eV) to resolve the sub-orbital transitions from each other – 

such as separating  Kα1 and Kα2 from one another [242,248].  

Figure 4.11: A typical energy spectrum for EDX, with peaks indicating the electron 
transitions within the elements composing the sample surface [247]. 
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Since it is based on the inelastic collisions of electrons, EDX is inherently a surface analysis 

technique. Defining elemental distributions throughout the volume of the sample is not possible. 

It is also worth noting that given elemental identification occurs based on incident photon energy 

(as opposed to its associated wavelength, such as in wavelength dispersive spectroscopy WDS), 

erroneous results can occur based on the overlap of similar x-ray energies from the orbital 

transitions of different elements present. Furthermore, elements with low atomic numbers 

(Z<10), such as lithium, are difficult to detect based on the absorption of the emitted photons by 

the Beryllium detector window, or ‘heavier’ elements within the sample [241]. The contribution 

of the continuous wavelength radiation emitted from the electron-matter interaction adds a 

background energy to the EDX spectrum, producing low signal to noise ratios and resulting in 

relatively poor elemental detection limits of around 1000 ppm (~0.1 wt.%) [248] – although this 

can be reduced with increasing counting time, which is often of the order of minutes.  

4.3.3 Electron Probe Micro Analysis & Wavelength Dispersive Spectrometry 

 

Another method of quantitatively analysing elemental distributions within a sample is via 

wavelength dispersive spectroscopy (WDS). Similar to EDX in utilising the photo-emitted 

Figure 4.12: A schematic showing the significant components of an EPMA 

utilising WDS. Reformatted from [249]. 
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characteristic X-rays, it instead uses appropriately orientated crystals to selectively diffract the 

characteristic photons of interest, based on the expected associated wavelength. WDS is used 

within Electron Probe Micro Analysers (EPMA), with the principle of WDS shown schematically 

in figure 4.12 [249]. 

Devices often contain up to 5 crystals, each with varied d-spacings providing a diffraction range 

broad enough to selectively diffract a wide range of possible wavelengths associated with most 

elemental energy transitions. Having a finite number of crystals limits the number of elements 

that can be quantified simultaneously, unlike EDX which can quickly quantify all of the elements 

present in the surface composition (with the exception of the low atomic number elements as 

referenced previously), with a reasonable degree of accuracy. The isolation of photons via 

diffraction avoids the issues of overlapping energy often present in EDX spectra and inherently 

exhibits a significantly greater spectral resolution when compared to EDX. Not only this, but WDS 

offers greater signal to noise ratios and lower detection limits compared to EDX, with low atomic 

number elements readily analysed. Hence, utilising WDS within an EPMA is typically for a more 

accurate quantification of elemental distributions when the composition and phase structure is 

qualitatively understood. EDX and WDS techniques are complimentary with EDX being able to 

provide this prerequisite understanding of the composition of a specimen and WDS being able to 

accurately determine quantitative distributions.  

4.4 Impedance Spectroscopy 

4.4.1 Introduction 

Impedance Spectroscopy (IS) is a technique in which the electrically-active regions of a physical 

microstructure can be probed. It relies on the variation of phase and associated magnitude 

between an applied voltage and a measured current across a broad frequency range, producing a 

complex impedance, a result of a material exhibiting polarisable, non-ideal resistor behaviours. 

This observed complex impedance response can be deconvoluted into a network of ideal resistors 

(R), capacitors (C) and inductors (L), whose connectivity is representative of physical charge 

dissipation and displacement processes that occur as the material is perturbed by the applied ac 

voltage. This electrical circuit that forms is representative of the electrically active physical 

components of the sample, and is called the equivalent circuit for this reason.  Should  a material 

exhibit an electrically heterogeneous microstructure, provided components of the circuit exhibit 

sufficiently disparate relaxation times [250], they can become distinguishable and independently 

identifiable as the complex impedance is plotted and mathematically weighted towards different 

R and C magnitudes. This relaxation time is governed by a time constant (τ), which is a product 

of the resistance (R) and capacitance (C) representing an equivalent circuit element, equation 4.2: 
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 𝜏 = 𝑅𝐶 (4.2) 

 

Equivalent circuit analysis in IS is complimentary to physical microstructural observation 

techniques, such as SEM and EDX, and can facilitate the assignment of physical elements to a 

material’s electrical response. The ability to perform IS measurements under varied conditions 

allows for the evolution of the material’s equivalent circuit and its physical dependencies to be 

understood. IS measurements taken across broad temperature ranges allows for the temperature 

dependence of conductivities to be quantified. Variation of time constants with oxygen partial 

pressure, pO2, is a technique capable of isolating the charge carrier type conducted through the 

sample, should conduction be electronic. For example, n-type conductivity may be deduced from 

an increase in conductivity (decrease in time constant) of an electrically active region in a 

reducing, low pO2 atmosphere. Use of appropriate blocking electrodes provide the capability of 

identifying ionic conduction within a sample, a result of the capacitive elements they introduce 

within an equivalent circuit.  

Since this work is focused primarily on dielectrics (with the potential for ionic conduction within 

the A site deficient perovskites of results chapter 4), inductive effects are not likely to contribute 

to the overall impedance response and so will not be discussed within this section. In order to 

derive the overall impedance associated with equivalent circuits, derived from [251,252],  it is 

first necessary to derive the impedance response of the ideal capacitors and resistors that will 

construct it. 

 

4.4.2 Derivation of ideal component impedances: 

Ideal Resistor, R 

For an ideal resistor, the voltage across and current through the resistor are in phase. The phase 

difference between the two sinusoidal current and voltage waves, φ, is 0 °. The time dependent 

voltage V(t) is given in equation 4.3, based upon its maximum amplitude (V0) at zero time, signal 

frequency (ω) and time (t) 

 𝑉(𝑡) = 𝑉0𝑆𝑖𝑛(ω𝑡) (4.3) 

 

The time dependent current, I(t), through an ideal resistor of resistance R is given by equation 

4.4 relating to its maximum current amplitude I0 
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I(𝑡) = 𝐼0𝑆𝑖𝑛(ω𝑡) =

𝑉0Sin(ωt)

R
 

 (4.4) 

 

The impedance, Z*, for an ideal resistor follows Ohm’s law, and is given in equation 4.5. This 

impedance is real with no imaginary component: 

 
Z∗ =

V(t)

I(𝑡)
= R 

(4.5) 

 

Ideal Capacitor, C 

An ideal capacitor with an I-V response consistent with that shown in blue for figure 4.13 is 

considered. The time dependent charge, q(t), on the capacitor plates is given by equation 4.6, and 

is a function of the materials capacitance, C, and the time dependent voltage applied across its 

plates: 

 𝑞(𝑡) = 𝐶𝑉(𝑡) = 𝐶𝑉0𝑠𝑖𝑛(ω𝑡) (4.6) 

 

The time dependent current can then be derived according to equation 4.7: 

 
𝐼(𝑡) =

𝑑𝑞

𝑑𝑡
= ω𝐶𝑉0𝑐𝑜𝑠(ω𝑡) = ω𝐶𝑉0𝑠𝑖𝑛 (ω𝑡 +

π

2
) 

 

𝑆𝑖𝑛𝑐𝑒 𝑐𝑜𝑠(𝑥) = 𝑠𝑖𝑛(90∘ + 𝑥) 

(4.7) 

 

Thus, for an ideal capacitor, the current leads the voltage by a phase difference of φ = 90 °. 

Physically, current is required to flow to/from the electrodes of the capacitor for a potential 

difference to be established across the device. Considering Euler’s relation, equation 4.8, 

equations 4.6 and 4.7 can be represented alternatively and the impedance of an ideal capacitor 

can be defined as purely imaginary, equation 4.10. Specifically, the imaginary impedance is 

referred to as an ac reactance, Xc. Based on equation 4.10 it is clear that an ideal capacitor is 

completely blocking to dc signals, as its reactance is infinitely large as the frequency of the applied 

signal tends to 0 rads-1. 

 

 𝑒𝑗𝑡 = 𝑐𝑜𝑠(𝑡)⏟  
𝑅𝑒

+ 𝑗 𝑠𝑖𝑛(𝑡)⏟  
𝐼𝑚

 (4.8) 
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𝑞(𝑡) = 𝐶𝑉0𝐼𝑚(𝑒
𝑗ω𝑡) ∴ 𝐼(𝑡) =

𝑑 (𝐶𝑉0𝐼𝑚(𝑒
𝑗ω𝑡))

𝑑𝑡

= 𝐶𝑉0𝐼𝑚(𝑗ω𝑒
𝑗ω𝑡) 

(4.9) 

 

 
𝑍∗ =

𝑉(𝑡)

𝐼(𝑡)
=

𝑉0𝐼𝑚(𝑒
𝑗ω𝑡)

𝐶𝑉0𝐼𝑚(𝑗ω𝑒
𝑗ω𝑡)

=
1

𝑗ω𝐶
= −

𝑗

ω𝐶
 

(4.10) 

 

The phase differences between voltage and current for ideal resistors (red) and ideal capacitors 

(blue) are shown in figure 4.13 a). The frequency dependence of impedance for these same 

components is shown in figure 4.13 b).  

 

4.4.3 Impedance Formalisms & Equivalent Circuit Analysis 

In reality, materials are not considered ideal resistors nor ideal capacitors but a network of the 

two, as the phase difference between current and voltage is not ± 90 ° nor is it frequency 

independent. The ability to fit appropriate equivalent circuits to a material’s complex impedance 

response permits for the potential deconvolution of this response into components that 

constitute the ‘electrical microstructure’, and represent different electro-active regions of the 

physical microstructure. This is based on the condition that these different electro-active regions 

exhibit sufficiently different relaxation times , becoming distinguishable from one another. It is 

also important to emphasise that not all regions of a physical microstructure are electro-active in 

Figure 4.13: a) The typical phase differences between current and voltage (black) associated with an ideal resistor 
(red), capacitor (blue) and inductor (green). b) the impedance (or reactance) variation of these ideal components 

with frequency. 

a) b) 
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the temperature and frequency domain probed. The electrical microstructure is unique to a 

material and the conditions used. 

As described previously, these equivalent circuits can be derived from a materials spectroscopic 

impedance response as a network of series or parallel arrangements of ideal resistors, capacitors 

and/or inductors. The ability to do so lies in the frequency dependent behaviour of such 

components which when connected appropriately can match the impedance response observed. 

Physically, a resistor may be considered to represent an energy dissipative response as current 

flows through the material, such as the energy dissipated in the re-orientation of dipoles, an 

‘inelastic’ energy transfer process. The reactance of a capacitor is elastic in nature as energy is 

stored rather than dissipated, and may represent a polarisation mechanism instead (a charge 

separation).  

It is worth noting that provided there are more than two elements in the equivalent circuit, it is 

possible to re-arrange the order of such elements and change their respective values and still fit 

the experimentally observed data [252]. It is often possible to fit the impedance response with 

multiple equivalent circuits. Hence, IS is often considered a secondary technique and pre-

requisite knowledge of the microstructure, elemental and phase distributions via SEM and EDX 

analysis is complimentary. In accordance with an observed microstructure and the material 

investigated, the component values assigned should then be realistic. A useful effect inherent of 

the nature and size of an electrically-active component is the magnitude of its capacitance. Given 

capacitance is inversely proportional to the thickness of the material (equation 2.8), thinner 

components of the electrical microstructure, such as space charge or depletion layers, will have 

an inherently higher capacitance. This capacitance will be orders of magnitude greater than the 

capacitance associated with a bulk (grain) response. Table 4.4 is an example of the magnitudes of 

capacitance consistent with common electrically-active components often contributory to the 

electrical microstructure: 

Table 4.4: The typical capacitance magnitudes associated with typical electrically-active regions of an 

'electrical microstructure'. Reformatted from [250] 

electrically-active Region Typical Capacitance Magnitude (Fcm-1) 

Bulk Ceramic 10-12 

Secondary Phase 10-11 

Grain Boundary 10-11 - 10-8 

Surface Layer 10-9 - 10-7 

Sample-electrode interface 10-7 - 10-5 

Electrochemical Reaction 10-4 
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It is these magnitudes of the derived capacitances for the equivalent circuit elements which can 

then be used as an indicator to the physical component this element represents. 

Impedance can be converted to other ‘immittance’ formalisms via the conversions shown in table 

4.5. Although it is the same data being represented slightly differently, it is useful to do so for the 

weightings characteristic to each formalism. For example, Impedance is dominated by an element 

with the greatest impedance whereas the electric modulus may be dominated by the element with 

the smallest capacitance. This means that in an equivalent circuit containing multiple elements, 

such as two parallel RC elements in series (each with different R and C values), when overlaid 

these Z’’,M’’ spectroscopic plots can reveal two distinct time constants based on the differencing 

frequencies corresponding to peak maxima, fmax. The Z’’ peak is dominated by the highest 

resistance resistor and the M’’ peak is dominated by the smallest capacitor. Z* and M* are 

considered to be complementary to each other in the weightings that they offer to capacitance 

and impedance and are usually analysed on an overlapping spectroscopic plot involving these 

aforementioned imaginary components.  

Table 4.5: The relationship between the immittance formalisms used to analyse the spectroscopic data. 

Reformatted from [252] 

Formalism Name Relation 

Impedance, Z* Z* 

Admittance, Y* [Z*]-1 

Electric Modulus, M* jωC0Z* 

Permittivity, ε* [M*]-1 = [jωC0]-1Y* 

 

The complex impedances for common equivalent circuit components are discussed below, 

alongside expected frequency responses for the formalisms discussed in table 4.5. 

Series RC 

An ideal dielectric (one with no leakage current, perfectly insulating) can be considered as a series 

combination of a resistor and a capacitor, as represented in figure 4.14: 

Figure 4.14: A series resistor-capacitor combination, often used to 
represent an ideal dielectric. 
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This would indicate a charge displacement mechanism, where the resistor can be interpreted as 

a local ac conductivity that is induced by the orientation of charge and local dipole formation. The 

capacitance is then equivalent to the polarisation induced by the dipole moment formed. Since an 

ideal dielectric exhibits no leakage current the resistor is not parallel with the capacitor. As the 

components are in series, the total impedance of the circuit can be derived by addition of the 

impedance of each individual component, remembering the complex nature of such – the 

impedance of a resistor is real whilst that of the capacitor is imaginary. The complex impedance 

of a series RC component is given in equation 4.11.  

 
𝑍∗ = 𝑅 − 𝑗 ⋅

1

ω𝐶
 

(4.11) 

 

Where its real and imaginary components are given as: 

 
𝑍′ = 𝑅,    𝑍′′ =

1

ω𝐶
 

 (4.12) 

 

It is clear that the real component of impedance is not frequency dependent and remains 

constant, equal to the resistance of the resistor. The reactance is inversely proportional to 

frequency, and so the resulting complex Z* plot is a vertical line, as shown in figure 4.15. The 

electric modulus of the circuit can be defined according to the relationship shown in table 4.5. 

This means that its real and imaginary components are given in equations 4.13 and 4.14, 

respectively. 

 
𝑀′ = ω𝐶0𝑍

′′ =
C0
C

 
 (4.13) 

 

 𝑀′′ = ω𝐶0𝑍
′ = ω𝑅𝐶0   (4.14) 

 

where C0 is equal to the capacitance of the empty cell. The proportionality between the real 

component of Z* and the imaginary component of M* arises due to the multiplication by the 

imaginary number, j. The admittance of the series RC circuit is derived according to equation 4.15: 



91 
 

 
𝑌∗ = [𝑍∗]−1 = [R −

j

ωC
]
−1

 

 

= [
ω𝑅𝐶 − 𝑗

ω𝐶
]
−1

=
ω𝐶

ω𝑅𝐶 − 𝑗
⋅ [
ω𝑅𝐶 + 𝑗

ω𝑅𝐶 + 𝑗
] =

ω𝐶[ω𝑅𝐶 + 𝑗]

1 + [ω𝑅𝐶]2
 

 

𝑌∗ =
1

𝑅
⋅ [

[ω𝑅𝐶]2

1 + [ω𝑅𝐶]2
] +

𝑗

𝑅
⋅ [

[ω𝑅𝐶]

1 + [ω𝑅𝐶]2
] 

 (4.15) 

Again, from the relationships between formalisms given in table 4.5, the complex permittivity is 

then derived as according to equation 4.16: 

 ε∗ = [𝑗ω𝐶0]
−1 ⋅ 𝑌∗ (4.16) 

 

with its real component calculated according to equation 4.17: 

 
ε′ =

1

ω𝐶0
⋅

ω𝑅𝐶

1 + [ω𝑅𝐶]2
=
𝐶

𝐶0
⋅ [

1

1 + [ω𝑅𝐶]2
] 

(4.17) 

 

which tend to the following limits with frequency: 

ω → 0 ⇒ ε′ →
𝐶

𝐶0
, ω → ∞ ⇒ ε′ → 0 

likewise, the imaginary component can be described according to equation 4.18: 

 
ε′′ =

1

ω𝐶0
⋅
1

𝑅
⋅ [

[ω𝑅𝐶]2

1 + [ω𝑅𝐶]2
] =

𝐶

𝐶0
⋅ [

[ω𝑅𝐶]

1 + [ω𝑅𝐶]2
] 

 (4.18) 

ε𝑚𝑎𝑥
′′  𝑤ℎ𝑒𝑛 ω𝑅𝐶 = 1 ∴ ε𝑚𝑎𝑥

′′ =
𝐶

2𝐶0
 

The immittance formalisms and their spectroscopic and complex frequency dependencies are 

shown in figure 4.15. A clear Debye peak can be seen for the imaginary components of admittance 

and permittivity when they are plotted spectroscopically. Of course, Debye peaks are of 

significance in ac responses as such a response is frequently used to describe the relaxing out of 

dipole reorientations or domain switching as frequency increases (although it must be 

considered that the ‘real’ mechanisms in real crystallographic environments are often more 

complicated than this idealistic response). For an ideal series RC circuit, the full width half 

maximum (FWHM) of these peaks would be equal to 1.144 decades of frequency. In reality, most 

Debye peaks are wider and asymmetric, and although this may indicate the presence of 
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heterogeneity and a more complicated equivalent circuit, such variations in peak shape more 

likely characterise a universal departure of IS responses from ideality. 

 

Parallel RC Circuit 

A parallel RC circuit, as shown in figure 4.16, is more frequently used to represent an electrically-

active region, such as a grain bulk, and accounts for the realistic leakage current that occurs 

within semiconducting materials. 

R C 

Figure 4.15: Some immittance formalisms for a series RC circuit and their observed frequency responses, plotted 

spectroscopically and in the complex plane. 

Figure 4.16: A parallel resistor-capacitor combination, commonly used in equivalent 
circuits to represent real components where some form of loss, such as leakage current, 

occurs simultaneously with polarisation responses. 
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It is the repeat unit in the equivalent circuit of the brick work layer model often used to represent 

the electrical microstructure of ceramics with multiple electrically active features, figure 4.18. As 

the resistor and capacitor are in a parallel configuration, calculating the total impedance of the 

system begins with the addition of the admittances of each component. Since the impedance of 

the resistor and capacitor are as follows: 

 
𝑍𝑅 = 𝑅, 𝑍𝐶 =

1

𝑗ω𝐶
 

(4.19) 

 

then the total admittance of the parallel RC configuration can be given as equation 4.20: 

 
𝑌∗ =

1

𝑅
+ 𝑗ω𝐶 ∴ 𝑌′ =

1

𝑅
, 𝑌′′ = ω𝐶 

(4.20) 

 

Using the immittance relations in table 4.5, the complex impedance of the parallel RC element can 

then be calculated according to equation 4.21:  

 
𝑍∗ = [𝑌∗]−1 =

𝑅

1 + 𝑗ω𝑅𝐶
 

 

𝑍∗ =
𝑅

1 + 𝑗ω𝑅𝐶
⋅
[1 − 𝑗ω𝑅𝐶]

[1 − 𝑗ω𝑅𝐶]
=

𝑅

1 + [ω𝑅𝐶]2
− 𝑗 ⋅

ω𝑅2𝐶

1 + [ω𝑅𝐶]2
 

 

𝑍′ =
𝑅

1 + [ω𝑅𝐶]2
, 𝑍′′ = 𝑅 ⋅

ω𝑅𝐶

1 + [ω𝑅𝐶]2
 

(4.21) 

A Debye type response can clearly be associated with the imaginary component of total 

impedance, as shown on the associated spectroscopic plot in figure 4.17. The electric modulus, 

along with its real and imaginary terms, can then be derived with the associated limits: 

 
𝑀∗ = 𝑗ω𝐶0𝑍

∗ = 𝑗ωC0 [
𝑅

1 + [ω𝑅𝐶]2
− 𝑗 ⋅

ω𝑅2𝐶

1 + [ω𝑅𝐶]2
] 

(4.22) 

 

with the real component expressed as: 
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𝑀′ = ω𝐶0𝑍

′′ = ω𝐶0𝑅 ⋅
ω𝑅𝐶

1 + [ω𝑅𝐶]2
 

 

ω → 0 ⇒ 𝑀′ → 0 

 

ω → ∞ ⇒ 𝑀′ →
ω2𝐶0𝑅

2𝐶

ω2𝑅2𝐶2
=
𝐶0
𝐶

 

(4.23) 

likewise, the imaginary term can be derived: 

 
𝑀′′ = 𝜔𝐶0𝑍

′ =
ω𝐶0𝑅

1 + [ω𝑅𝐶]2
=
𝐶0
𝐶
[

ω𝑅𝐶

1 + [ω𝑅𝐶]2
] 

𝑀𝑚𝑎𝑥
′′  ⇒ ω𝑅𝐶 = 1 ∴ 𝑀𝑚𝑎𝑥

′′ =
𝐶0
2𝐶

 

(4.24) 

 

Some of the immittance formalisms and their associated spectroscopic and complex plane plots 

are shown in figure 4.17. It is noticeable that similar responses are observed in a parallel RC 

configuration as with a series RC circuit, but for a different set of formalisms. Both configurations 

feature semi-circle arcs in complex planes. For a series RC circuit this occurs for Y*, ε* whereas 

for a parallel RC circuit it occurs in for Z*, M*. The Debye peak seen in Y’’, ε’’ for a series 

configuration is now seen in Z’’, M’’ for a parallel one. It is noticeable that such peaks occur at a 

consistent frequency, associated with the time constant τ of the element, equal to the product of 

R and C, given back in equation 4.2. 

For many elements in an equivalent circuit, the time constant of the electrically-active component 

may not be within the measurable frequency domain. It is common with IS measurements to vary 

temperature incrementally to change the resistivity of the component, thereby moving any Debye 

peaks or semicircles into the measurable frequency domain. Heating the sample (non-metallic) 

will reduce its resistivity and associated time constant, shifting any Debye peaks to the right (fmax 

moves to higher frequencies). This is necessary for the relatively resistive components of the 

equivalent circuit. Conversely, cooling the sample allows for the observation of more conductive 

equivalent circuit components with an increase in time constant.  

The DC resistance of this parallel RC element can be calculated in multiple ways – the simplest of 

which is from the diameter of the semi-circular Z* arc in its complex plane. Alternatively, it can 

be calculated directly or indirectly from the peaks of either the Z’’ or the M’’ spectroscopic plots, 

respectively. The latter is often used and involves calculating the effective capacitance of the 

circuit element and using the relation that holds at M’’max: 
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 𝜔𝑅𝐶 = 1  (4.25) 

 

The DC conductivity is then calculated from the inverse of the resistivity, having corrected the 

resistance for the geometry of the sample. This highlights how IS can be used to identify the 

temperature dependence of DC conductivity, through analysis of the equivalent circuits evolution 

(arc diameter, peak heights and positions) with temperature, be it an Arrhenius-type 

temperature dependence or otherwise.  

 

   

2 Parallel RC elements in Series 

Figure 4.17:  Immittance formalisms for a parallel RC circuit and their observed frequency responses, plotted 
spectroscopically and in the complex plane. 
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As stated previously, 2 parallel RC elements connected in series is an equivalent circuit often 

associated with the conventional brick work layer model used to represent a typical ceramic 

microstructure. This is one consisting of electrically-active grains and grain boundaries of 

differing resistivities, figure 4.18. The two parallel RC elements are connected in series since the 

current must sequentially flow through each of these electrically active features. This series 

connection of parallel RC elements is not reserved for a grain-grain boundary electrical 

microstructure, but anywhere where two electrically-active regions are probed sequentially 

across the frequency range investigated and exhibit distinct, varied time constants. 

Compositional heterogeneity, such core-shell grain structures with an associated distribution in 

resistivities, could equally be modelled by this equivalent circuit type, as could the formation of 

Schottky barriers at grain boundaries or at electrode interfaces – where drastically different 

capacitance magnitudes would exist between each parallel RC component.  

 

 

 

 

 

 

 

Since in series, the total impedance of each parallel RC element is added together to give the total 

impedance of the equivalent circuit: 

 𝑍∗ = 𝑍𝑅𝐶1
∗ + 𝑍𝑅𝐶2

∗  (4.26) 

 

The real part of the complex impedance and its limits derived as: 

 
𝑍′ =

𝑅1
1 + [ω𝑅1𝐶1]

2
+

𝑅2
1 + [ω𝑅2𝐶2]

2
 

 

ω → 0 ⇒ 𝑍′ → R1 + R2, ω → ∞ ⇒ 𝑍
′ → 0 

(4.27) 

 

Whereas the imaginary component of the impedance can be derived as: 

Grain Bulk 

Grain Boundary 

Figure 4.18: A brick work layer model typical of grain-grain boundary electrical microstructures. 
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𝑍′′ = 𝑅1 ⋅

ω𝑅1𝐶1
1 + [ω𝑅1𝐶1]

2
+ 𝑅2 ⋅

ω𝑅2𝐶2
1 + [ω𝑅2𝐶2]

2
 

(4.28) 

 

The equations for the electric modulus and other formalisms become relatively large and are not 

derived here.  

When considering an equivalent circuit where R1<R2 and C1<C2, two distinct semi-circle arcs 

occur in Z*, each corresponding to one of the parallel RC elements – with the largest diameter arc 

corresponding to the RC element with the largest resistance (R2), figure 4.19. There are also two 

clear plateaus in the C’ response – each associated with the respective capacitance for the RC 

element it represents. The higher C’ plateau represents C2 in this case, with C1 corresponding to 

the lower plateau. Two more arcs occur in M*, with the largest capacitance (C2) associated with 

the largest diameter arc in this case. 

It is then noticeable that two distinct peaks are visible in the overlaid Z’’, M’’ spectroscopic plot, 

with the distinct time constants of each parallel RC element manifested in the separate fmax of 

these peaks. The inherent weightings of Z’’ and M’’ to resistance and capacitance, respectively, 

means that the R1C1 element that would otherwise have been overlooked in Z’’ can be identified 

in the separate M’’ peak. This highlights the complimentary nature of these formalisms when 

plotted together. From figure 4.19, only one peak can be seen for M’’ whereas two peaks are 

visible for Z’’. This is due to the difference in the magnitude of capacitances for C1 vs C2 being 

much greater than that of the difference in resistances, R1 vs R2. 

Should a material have two (or more) RC elements with similar time constants (RC combinations), 

the effect would be of a single fmax, with one or more of these Z’’ or M’’ Debye peaks potentially 

being asymmetric or having a broad FWHM (depending on the respective R and C values of each 

element). Thus, identifying sample heterogeneity and associating electrical properties to each 

region is highly dependent on the respective time constants of each element – it is not always 

possible to separate the contributory features of an electrical microstructure as a result.  
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4.4.4 Constant phase element (CPE) 

 

The previous derivations for equivalent circuit impedance (and other immittance formalisms) 

assume frequency independence for the R and C components. In reality, this is not the case and 

the resulting effect is that the equivalent circuit elements discussed above (e.g. parallel or series 

RC elements) are insufficient to characterise the spectroscopic impedance responses of the real 

materials measured. For a parallel RC element representative of the bulk ceramic response, for 

example, the observation is often that the semi-circle Z* arc typical of this circuit element type is 

often elongated with respect to the simulated response. This non-ideality is also manifested in a 

high frequency dispersion in Y’ where the ideal parallel RC element defines a purely frequency 

R R

CC

Figure 4.19: Immittance formalisms associated with two parallel RC elements connected in series. 
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independent plateau. This is described as a ‘universal dielectric response’, with this frequency 

domain defined by Jonscher’s power law [253,254] which describes the degree of dispersion 

observed towards higher frequencies, characterised with a gradient ‘n’. The physical responses 

inducing this diffusivity are argued within literature, varying from a distribution of relaxation 

times of the real dielectric, a hindrance of dipolar reorientation, differing dipolar shapes or an 

effective dielectric viscosity [255]. All are consistent with the non-ideality being a product of 

many body interactions from the relaxing dipole moments. Within the power law region, it is also 

considered the effects of charge carrier hopping are influential [256], and that the gradient 

associated to the dispersive region can indicate the dimensionality or scale of carrier migration. 

To fit the observed IS response whilst accounting for this non-ideality, constant phase elements 

(CPEs) are typically added in parallel to an RC element or replacing an R or C component of the 

element, such as that shown in figure 4.20, with an associated impedance according to equation 

4.29. The power coefficient ‘n’ corresponds to the dispersion gradient from the high frequency 

domain of Y’, whereas A is related to the log(Y’) axial intercept.  

 

 

 𝑍𝐶𝑃𝐸
∗ = [𝐴(𝑗𝜔)𝑛]−1  (4.29) 

 

‘n’ can vary between 0 and 1, and from equation 4.29 it becomes clear that the impedance of a 

CPE will reduce to that of an ideal capacitor for n=1 and to that of an ideal resistor for n=0. 

 

4.5 Dielectric Spectroscopy 

Dielectric Spectroscopy (DS) differs from impedance spectroscopy in that DS is usually conducted 

at a single frequency across a temperature range, with parallel capacitance (Cp) and dielectric loss 

Figure 4.20: Parallel RC element with a 
CPE in parallel. 
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(tan δ) directly measured. This is opposed to a broad frequency range at a single temperature, as 

with IS [252]. 

The real component of permittivity (ε’) can then be calculated using from the parallel capacitance 

measured using equation 4.30, where εr and ε0 are the relative permittivity of the dielectric and 

permittivity of free space (8.85 x 10-14 Fcm-1), respectively, whilst A is the cross sectional overlap 

area of the internal dielectric layers with associated thickness d.  Rearranging this equation gives 

the relative permittivity. 

 
𝐶𝑃 = 

𝜖𝑟𝜖0𝐴

𝑑
 

 (4.30) 

 

It is typical to plot relative permittivity and tan δ against temperature, with ‘anomalies’ such as 

peaks often revealing structural relaxations such as phase transitions. Repeating the temperature 

measurements for multiple frequencies can be useful to reveal the frequency dependence of such 

relaxations. Ferroelectric phase transitions are typically frequency independent and are 

characterised by a sharp peak in relative permittivity. Relaxor-type transitions involving the 

relaxing out of local, nano-scale regions of polarity (polar-nano regions, PNRs) offer frequency 

dependent behaviour as a direct function of the dynamism of PNRs and the variation in the 

correlation lengths of polarisation. This relaxation is thus characterised by a frequency dispersion 

in both relative permittivity and tan δ peaks.  

tan δ is defined as a ratio of the imaginary component of complex permittivity against its real part 

– a factor quantifying the degree of energy loss/attenuation within a sample when undergoing 

polarisation: 

 
tan 𝛿 =

ϵ′′

𝜖′
 

 (4.31) 

 

Typically for dielectrics, a tan δ < 5 % (0.05) indicates good dielectric behaviour. Small losses are 

associated with low levels of thermally activated intrinsic conduction or local ac conductivity such 

as dipole reorientations. Peaks in tan δ can, as previously stated, be associated with structural 

relaxations such as a ferroelectric-paraelectric transition.  It is then necessary to complement this 

data with other structural characterisation techniques, such as variable temperature XRD, to 

confirm this as the source of the peak in losses. Otherwise, higher tan δ can be indicative of larger, 

often longer range (DC) transport mechanisms within the samples. These contributions may 

include ionic conduction or thermally activated intrinsic DC conductivity, and can typically be 
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seen at higher temperatures where carrier concentrations increase. Space charge effects will 

show a relaxation with frequency reflected in the tan δ, as described in section 2.2.4. 

As tan δ is a ratio, it may not reveal loss associated with relaxation events should the real and 

imaginary components of permittivity increase in proportion. It is often beneficial to plot the 

imaginary component of permittivity by itself with temperature, by multiplying the tan δ by the 

relative permittivity calculated from equation 4.30, to reveal the intrinsic loss behaviour of a 

material. 

From equation 4.30, miniaturising an MLCC whilst satisfying a requisite capacitance output 

necessitates a dielectric with as high a permittivity as possible, with internal dielectric layers as 

thin as possible. The influence of the latter is an inherently higher electric field across the layers, 

in accordance with equation 4.32. 

 
𝐸 =

𝑉

𝑑
 

(4.32) 

 

This higher field will increase the potential for dielectric breakdown as described in section 3.1, 

depending upon the dielectric’s electric field induced dielectric breakdown strength, Ebreakdown. 

Equation 4.30 can be redefined according to the capacitance per volume of the dielectric, 

𝑣𝑑𝑖𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐 [257,258]: 

 𝐶

𝑣𝑑𝑖𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐
=
𝜀0𝜀𝑟
𝑑2

 
(4.33) 

And for a given working voltage, V, the minimum thickness is limited by the electric field 

breakdown strength such that equation 4.33 can be given as [257,258]: 

 𝐶

𝑣𝑑𝑖𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐
= 𝜀0𝜀𝑟 ∙ [

𝐸𝑑𝑖𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐
𝑉

]
2

 
(4.34) 

Where the capacitance observed per unit volume can be defined as being proportional to a ‘merit 

index’, 𝜀𝑟 ∙ (𝐸𝑑𝑖𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐)
2. This merit index compares a dielectric’s ability to resist breakdown and 

simulatanously offer a high permittivity, both of which are evidently essential to MLCC 

integration. This figure of merit can therefore be used to quantitatively compare varied dielectric 

materials with prospective MLCC integration. 
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4.6 P-E Analysis  

The electric field dependence of polarisation is typically measured using a modified Sawyer-

Tower circuit [259], such as the one shown in figure 4.21 below [260]: 

 

An ac voltage, Vin, is applied predominantly across a sample (Cin) due to its capacitance being 

typically much smaller than that of the reference capacitor (Cr) in the circuit. Consequently, an 

electric field according to equation 4.35 is applied across the sample material, where d is equal to 

the sample thickness [261]. 

 
𝐸 =

𝑉𝑖𝑛

𝑑
 

(4.35) 

The capacitance across the reference capacitor shares the same charge as that across the sample 

material’s plates, and so, based on equation 4.36, the polarisation across the sample can be 

calculated [261]: 

 
𝑃 =

𝑞

𝐴
=
𝐶𝑟𝑉𝑜𝑢𝑡

𝐴
 

(4.36) 

 

where A is the surface area of the electrodes on the reference parallel plate capacitor. 

4.7 Experimental Setup of Analysis Techniques 

 

Bulk, sintered polycrystalline samples are used in the form of ~ 8 mm diameter pellets for all of 

the aforementioned techniques with the exception of XRD, which utilises powder formed from 

Figure 4.21: A modified Sawyer-Tower circuit, used to calculate the electric 
field dependence of polarisation in a sample. Reformatted from [260] 
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the crushing of sintered pellets. These pellets are formed via the solid-state synthesis route 

described in section 4.1. 

4.7.1 SEM/EPMA 

  

It is important that high density (~ 95 % of the theoretical density) bulk samples are measured 

as porosity increases the uncertainty/error associated with EDS/WDS quantitative analyses. This 

is based on the potential for additional scattering interactions ejected electrons and photons can 

have as a direct consequence of pore geometries. Similarly, the surface of the sample investigated 

must also be as flat as possible with respect to reducing this associated error. To achieve a flat 

surface, the bulk pellet is ground and polished with a series of abrasive silicon carbide sheets, 

starting with a highly abrasive P800 grade paper and working to a finer P2500 grade paper. The 

surface is then polished further using 6, 3 and then 1 µm diamond suspensions with an 

appropriate polishing mat. A colloidal silica suspension is then used with a vibratory polisher to 

finish the polishing procedure, producing a strain free surface. An additional thermal etching step 

was used for SEM to reveal the grain structure of the surface. This involved annealing the sample 

post-polishing to a temperature ~150 °C below the sintering temperature for ~ 15 minutes, 

although this is material dependent and it is possible to under-etch or over-etch the samples.  

The polished samples are mounted on an aluminium stub using a conductive silver paste and 

carbon coated, with this carbon layer deposited on the specimen surface typically 5-10 nm in 

thickness. This conductive coating in combination with the silver paste provides a conductive 

pathway to facilitate charge dissipation, thereby preventing charging artifacts from degrading the 

quality of the images. The coating is thin enough to prevent impairment of the observable 

morphological effects of the specimen surface, and will not contribute to the X-ray energy 

spectrum (unlike Au coatings that are often used for SEM imagery).      

SEM was conducted on an Inspect F50 (Philips, FEI) with a 15 kV accelerating voltage and a 

working distance ~ 10 mm. For EPMA, a JEOL JXA 8530F Plus with an accelerating voltage of 15 

kV and a probe current of 80 Na was used. The standards used to quantify Ba, Na, Nb, Ca and Ti 

concentrations within the composite ceramics investigated in results chapter 2 are tabulated in 

table 4.6. 
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Table 4.6: The standards used for the quantification of cations. 

Standards used for WDS analysis in EPMA 

Element Standard 

Ba Barite, BaSO4 

Ca Wollastonite, CaSiO3 

Na Jadeite, NaAlSi2O6 

Nb Nb2O5 

Ti Rutile, TiO2 

 

4.7.2 Dielectric Spectroscopy and Impedance Spectroscopy 

 

The polycrystalline sample pellets are ground rather than polished for DS and IS measurements. 

P800 and P1200 silicon carbide abrasive papers are used for mass removal to flatten the surface. 

Gold electrodes are applied to the adjacent surfaces using a gold conductive paste, establishing a 

parallel plate capacitor. This paste is a gold frit and requires an annealing step, 850°C for 2 hours, 

to melt the frit and create a coherent gold coating on the pellet.  

This electroded pellet is then located into the centre of a cylindrical alumina compression jig with 

spring loaded platinum contacts providing electrical contact between the pellet and the 

impedance analyser (via BNC cables). An Agilent E4980A (Agilent, USA) LCR meter is used to 

measure the parallel capacitance and tan δ for DS measurements, at 5 select frequencies: 1, 10, 

100, 250 and 103  kHz. These measurements are taken every 1 °C. For IS measurements 48 

different frequencies are used along a logarithmic scale between 20 Hz – 1 MHz.  

The jig containing the sample is loaded into a tube furnace to heat the sample as necessary. For 

DS measurements, the sample is heated to 500 °C, whereas for IS measurements, the heating 

regime is varied and is dependent upon the time constant of the equivalent circuit element being 

measured (bulk response or otherwise). Given that this thesis concerns dielectric materials, the 

DC conductivity is low at room temperature and the need for heating to decrease the time 

constant of relaxation into the measurable frequency domain is normally required. When the 

sample is heated such that the frequency of relaxation is observable, measurements are taken 

incrementally every 25 °C so the temperature dependence of the DC conductivity can be 

calculated. As the sample is incrementally heated, ~30 minutes is reserved between sequential 

measurements to ensure satisfactory thermal equilibration of the sample has occurred.  
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Should the time constant of the electrically-active component be too low at room temperature, 

close to or outside of the 1 MHz maximum frequency, the sample can be cryogenically cooled. This 

involves locating the pellet between two gold electrodes within a Helium cooled cryocooler 

(Oxford Instruments, UK), capable of reaching temperatures as low as 4 K. For DS measurements, 

the sample is always cryogenically cooled to ~ 100 K (although this may differ according to the 

sample), to measure sub ambient permittivity responses. 

For IS measurements in varied oxygen partial pressures, the sample is loaded into a thermally 

resistant sealed glass jig, with platinum contacts connecting the pellet to the LCR meter. A selected 

gas can then be passed over the sample for a period of 24 hours prior to measurements taking 

place, to ensure sufficient diffusion/exchange between the atmosphere and the sample. For 

atmospheric impedance, a Solartron SI 1260 (Solartron Metrology, USA) is used, with the sample 

principle as stated in the conventional air-based measurements.  

For IS measurements, in order to calculate the most accurate sample R and C values for the 

representative equivalent circuit, the contribution of the intrinsic capacitances and inductances 

associated with the jigs must be removed from the measurements. This is achieved by running 

room temperature ‘open circuit’ IS measurements, called so as the platinum sample contacts in 

the compression jigs are separated only by air (as opposed to a sample). This open circuit 

measurement subtracts the parallel capacitance associated with the jig from the equivalent 

circuit, something that becomes of particular importance should the electroactive region have a 

capacitive component within the pico- to nano-Farad range that is typical of the jig contribution 

[252]. To remove the inductive contributions of the jigs, a ‘closed-circuit’ room temperature IS 

measurement is taken, where the platinum contacts are in direct contact. This measurement 

becomes significant for higher conductivity samples that are more susceptible to inductive 

interference from the jigs - from the contacts, BNC cables or even the LCR meter itself.  

 

4.7.3 Polarisation-Electric Field Measurements 

 

Polarisation-Electric field measurements were taken using a TF Analyser 2000E (aixACCT 

systems, Germany) with an FE-Module, and analysed in the aixPlorer software. P-E loops were 

measured at 25 °C using a bipolar field application. The bulk sintered pellets were measured using 

gold electrodes fired on as described previously. Each of the bulk samples was ground to 0.5 mm 

to ensure consistent sample thickness for all measurements. The electrodes fired on were of a 

radius 0.5 mm less than that of the pellet on both the upper and lower surfaces. This was sufficient 

to prevent arcing between the two electrode surfaces under high applied voltages. The sample 
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was immersed in silicon oil for the same reason. The electric field applied was incrementally 

increased from 0 kVcm-1 in 10 kVcm-1 increments, with the bipolar polarisation response 

measured until dielectric breakdown of the samples was observed. This was utilised to quantify 

a dielectric breakdown strength of the compositions. However, this is type of breakdown 

quantification does not define any statistical dependencies of electric field induced dielectric 

breakdown. A set of ‘identical’ ceramic samples will inherently exhibit a range of dielectric 

breakdown strengths, not characterised in this way. A Weibull statistical distribution of 

breakdown strengths is one mechanism of describing a distribution of failure in these  ‘real’ 

ceramic materials, where the cumulative dielectric breakdown probability P can be fitted against 

applied electric field E (relative to its nominal breakdown field E0 corresponding to the 63.2 % 

cumulative breakdown probability) for a larger sample size. β represents a fitting/shape 

parameter in a two parameter Weibull distribution [262]. 

 
𝑃(𝐸) = 1 − exp [

−𝐸

𝐸0
]
𝛽

 
(4.37) 

 

Consequently, average breakdown strengths can be defined, alongside confidence margins on 

failure and the overall range of breakdown strengths. Cumulative failure probability can be 

estimated for a known operational electric field. This offers insight into the reproducibility of the 

ceramics and their field resistance, and would be more appropriate for commercial scale 

application of the ceramic compositions investigated. This type of analysis neccesitates a larger 

sample size (compared to the single ceramic analysis described initially) that is not available from 

the lab-scale synthesis of dielectric compositions at this stage. The assumption of breakdown 

strength from single ceramic samples as opposed to a large batch is sufficient for comparison of 

dielectric properties within this thesis.  

 

4.7.4 X-ray Diffraction 

 

Powder X-ray diffraction was conducted on all sintered samples. These samples were sintered as 

bulk pellets, described in section 4.1, and subsequently crushed and ground using a pestle and 

mortar into a powder of crystallites typically microns in size. These powders were then annealed 

at 600 °C for an hour with a slow cooling rate of 0.8 °Cmin-1 to alleviate the effects the strain 

imparted by the new surface formation might have on diffraction peak width.  The powders were 

measured using two different machines. The Panalytical X’Pert3 (Malvern Panalytical, 

Netherlands) was used for general phase analysis, with a reflection type Bragg-Brentano θ-2θ 
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geometry. An accelerating voltage of 45 kV and a beam current of 30 mA was used, with Cu-Kα1,2 

(1.54 Å) radiation irradiating the samples. 99 % of Cu-Kβ radiation was filtered out using a Ni 

insert. The powder sample was backfilled into a sample holder 20 mm in diameter, whilst a scan 

step of 0.01° was used alongside a 2θ range of 10 – 100 °.  

For Rietveld refinements, diffraction patterns were measured using a STOE STADI P (STOE, 

Germany) diffractometer in Debye-Scherrer/transmission θ-2θ geometry. A monochromatic Mo-

Kα1 (0.7090 Å) wavelength was used, with a scan range of 2 – 50 ° and a step size of 0.01 °.  

Phase identification was identified using the ICDD SIeve+ software, comparing peak positions to 

PDF cards of known phases in the ICDD database. Rietveld refinements were conducted using 

GSAS II [263] software, refining background coefficients, instrument parameter Cagliotti 

functions (for peak shape), lattice parameters, crystallite size and micro strain, atomic 

coordinates, site fractions and isothermal parameters.  
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5 Results Chapter 1: Composite arrangement of NaxBa1-

xNbxTi1-xO3 (NNBT) – BaTiO3 (BT) as an alternative to 

multilayer systems for reduced TCC dielectrics.  

 

5.1 Introduction 

 

As described in chapter 3, BaTiO3 (BT) is a prototypical ferroelectric material that undergoes a 

series of phase transitions upon cooling, with the paraelectric-ferroelectric displacive type cubic-

to-tetragonal transition characterised by a sharp, large permittivity peak manifesting the 

associated change in order parameter.  NaNbO3 (NN) differs from BT in being characterised as an 

antiferroelectric material at room temperature consequent of the antiparallel arrangement of 

Nb5+ cation displacements that occur, forming the ‘P’ phase. The maximum permittivity observed 

for NN at the paraelectric-antiferroelectric phase transition is considerably smaller than that of 

BT but is observed at a much higher temperature, ~360 °C, and with a considerable permittivity 

variation with temperature. Both BT, and in particular NN, share the inherent compositional 

flexibility capable of hosting a variety of species within its component A and B site sublattices 

afforded to it by their perovskite structures, through cation displacements, independent and/or 

cooperative octahedral [BO6] tilting sequences or a combination of both.  

Dopants with a range of radii and valence, or vacancies, have been well characterised to stabilise 

in the perovskite structure at the expense of symmetry reductions. In fact, chapter 3.3 

characterised the capability of solid solution formation between NN and BT, forming the self-

compensating NaxBa1-xNbxTi1-xO3 (NNBT) series, with relaxor-ferroelectric dielectric properties 

obtained when the solid solution transitions towards equimolar NNBT compositions. 

Unfortunately, the TCC variability remains unsuitable for X7R or X8R class II dielectrics despite 

the high permittivities and low dielectric losses they exhibit. Chapter 3.8 revealed the capability 

of using these NNBT compositions in bilayer laminations with serial electrical connectivities to 

make use of the good dielectric properties they exhibit, utilising the compositionally driven 

distribution in Tm afforded to the solid solution.  

This results chapter will focus on work not conducted by Foeller et al [231] or Kerridge et al 

[149,232] regarding the compatibility of these bilayer structures for X7R rating when sintered  

without the use of Au interdiffusion barriers, characterising interdiffusion rates between NNBT 

compositions. Interdiffusion has already been reported to occur at the interface of 70/87.5 NNBT 

bilayers, inducing a ternary NNBT components ~ 100 µm thick, and inducing a loss of X7R rated 
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TCC [149]. Compositional homogenisation studies between NNBT components considered for 

bilayer use will assess the rates of diffusion between components of the NNBT solid solution to 

understand if there are preferential areas along the binary solution that compositions could be 

selected from to inhibit the requirement for expensive diffusion berries during sintering in a 

bilayer configuration. Diffusion rates will be analysed through the sintering of NNBT ceramic 

composites and analysis of the permittivity responses to identify the retention of electrically 

distinguishable heterogeneity post sintering, with respect to the permittivity responses expected 

of the NNBT composite components. In the process, the retention of compositional heterogeneity 

in a NNBT based biphasic ceramic composite post sintering will reveal TCC stabilisation and an 

alternative NNBT macrostructure for X7R rated class II dielectrics in MLCCs that could compete 

with bilayer systems proposed previously for dielectric commercialisation.  

5.2 Chapter Overview  

 

This results chapter will begin with an overview of the dielectric and structural characteristics of 

the NN-rich half of the NNBT solid solution, considered for NNBT bilayers in work by Foeller et al 

[136,231] and now considered for ceramic composite structures for X7R class II dielectrics.  

Kerridge et al [149] observed the deleterious effect of losing X7R rated TCC when the 

70/87.5NNBT bilayer was co-sintered in the absence of the Au diffusion barrier used by Foeller 

et al [231]. However, work published had no comparison of how fast the interdiffusion rates were 

between NNBT materials. Thus, this chapter will progress with a series of diffusion studies 

regarding the permittivity responses of sintered composites of NNBT and BT under short dwells. 

This will involve identifying if phase related permittivity responses (BT or NNBT related 

anomalies based on associated Tm and diffusivities) are distinguishable post sintering, comparing 

their intensities and inferring retained volume fractions.  

Following the observation that compositional heterogeneity retained due to lower diffusion rates 

between certain components of the NNBT solid solution offer a more thermally invariant 

permittivity response, the remainder of the chapter focuses on optimising the permittivity 

responses of these now composite structured NNBT systems as an alternative to multilayer 

architectures for X7R rated dielectrics. This focuses on quantifying the dielectric response and 

physical microstructures of the composites, and determining the reproducibility of such 

configurations. Reproducibility is an essential parameter to sustain any hope of industrialisation 

and challenge to the NNBT multilayer systems proposed. 

5.3 Experimental Conditions 
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All samples were synthesised using the conventional solid-state route. NNBT samples were 

calcined once at 1000 °C and sintered at 1250 °C for 5 hours. The 70/87.5NNBT bilayer was 

sintered using the same conditions by Kerridge [149]. 

To investigate homogenisation rates between hand-mixed components of the NNBT solid 

solution upon sintering, the same sintering temperature was used albeit at a shorter dwell period 

of 0.5 hours with the intention of preserving electrically measurable compositional 

heterogeneity.  The composite systems consequent of this homogenisation study, formed of hand 

mixed BT-60NNBT, initially in a 50:50 wt.% ratio but later with optimised weight percent ratios 

retained these same sintering conditions. 

Sample density () measurements were calculated using the geometrical method: 

 𝜌 =
𝑚

𝑉
  (5.1) 

 

The average thickness and diameter of the pellets was measured using digital callipers with an 

associated uncertainty of ±0.005 mm, from which the sample volume (V) could be calculated. 

Mass (m) of the sample was measured on an electronic balance with an associated uncertainty of 

±0.05 mg. The theoretical density of NNBT samples was obtained from Rietveld refinement of the 

X-ray diffraction patterns based on the total mass in the unit cell (from refined site occupancies) 

with respect to its volume (from refined lattice parameters). Relative density was then quantified 

as the ratio of sample density to the theoretical density: 

 𝜌𝑟𝑒𝑙 =
𝜌𝑠𝑎𝑚𝑝𝑙𝑒
𝜌𝑇ℎ𝑒𝑜𝑟𝑒𝑡𝑖𝑐𝑎𝑙

× 100 (5.2) 

 

For the 70/87.5NNBT bilayer and composite BT-NNBT architectures, the theoretical density was 

calculated using: 

1250 °C (5*, 0.5**) HR 

*NNBT, 70/87.5 Bilayer 

**BT-xNNBT  

Figure 5.1: The sintering conditions used in Results Chapter 1. * Indicates the dwell time used for 
NNBT and 70/87.5NNBT bilayer sintering. ** The dwell time used for samples hand mixed in 

homogenisation studies and for the BT-60NNBT composites investigated. 
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 1

𝜌𝑇𝑜𝑡𝑎𝑙
=
𝑥1
𝜌1
+
𝑥2
𝜌2
    

(5.3) 

 

where (x1, ρ1), (x2, ρ2) are the volume fraction and theoretical density of phase 1 and 2, 

respectively, in a binary phase multilayer system or composite. 

5.4 NaxBa1-xNbxTi1-xO3 (NNBT) compositions utilised 

 

5.4.1 Overview  

 

Four NNBT compositions were investigated, having previously been considered for use within 

the NNBT based multilayer arrangements for reduced TCC dielectrics: 

Table 5.1: The NNBT compositions synthesised and characterised. 

Composition Acronym 

Na0.6Ba0.4Nb0.6Ti0.4O3 60NNBT 

Na0.7Ba0.3Nb0.7Ti0.3O3 70NNBT 

Na0.8Ba0.2Nb0.8Ti0.2O3 80NNBT 

Na0.875Ba0.125Nb0.875Ti0.125O3 87.5NNBT 

 

This corresponds to a range beginning close to the centre of the solid solution, 60NNBT, and 

ending towards the NN-rich end, i.e. 87.5NNBT.  

5.4.2 XRD of NNBT  

 

All NNBT samples synthesised are refined with a phase pure average structure post sintering, 

with all peaks observed in the diffraction patterns being indexed, figure 5.2. The associated 

refinements are listed in Appendix 1, figures A1-A4. Samples do not appear phase pure after 

calcination at 1000 °C for 6 hours, appendix 1 figure A5; however, the secondary phases in the 

calcined powders do not appear to have affected phase formation during the elevated 

temperatures of sintering. Additional higher temperature calcinations (prior to sintering) were 
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not utilised due to the volatility of Na at such temperatures, and the potential non-stoichiometry 

additional calcinations could induce. 

87.5NNBT exhibits an orthorhombic Amm2 symmetry, with in-phase and anti-phase tilting of its 

[NbO6] octahedra producing the S1 and S2 superlattice reflections evident in figure 5.3, at 

(2θ~16.3 °, 19.3 °). As the NN content decreases, a suppression of the in-phase and anti-phase 

octahedral tilts present within the orthorhombic observed from figure 5.3 with a loss of the S1 

and S2 superlattice reflections. This induces a ferro-distortive transition to a tetragonal P4mm 

symmetry in 80NNBT. Splitting of the Bragg peaks assigned to the pseudo-cubic sub-cell, such as 

the (002)/(200) shown in figure 5.3,  reveal this tetragonal distortion. This is subsequently lost 

upon further BT substitution into the respective A and B sublattices, with a cubic Pm3m 

symmetry describing a compositionally disordered average 70NNBT and 60NNBT structure. 

 

 

Figure 5.2: XRD diffraction patterns for the sintered NNBT compositions at room temperature, transitioning 
from orthorhombic Amm2 to tetragonal P4mm and cubic Pm3m with increasing BT content. 
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 The refined site fractions are close to the nominal stoichiometry for all compositions, appendix 

1 tables A1-A4. Relatively linear expansion of the pseudo-cubic sub-cell is observed as the solid 

solution progresses from 87.5NNBT to 60NNBT on account of the substitution of Na (1.36 Å) by 

the larger Ba (1.61 Å)[86]. The theoretical densities of the synthesised NNBTs, calculated from 

the refined site occupancies and lattice parameters, are tabulated in table 5.2. The theoretical 

densities decrease with increasing NN content despite the decreasing unit cell volume shown in 

figure 5.4. The relative densities for the sintered NNBT samples are also tabulated in table 5.2. All 

NNBT samples have ρrel >95%, with density increasing in proportion to NN content with the 

exception of 80NNBT with 97.2%.  

 

Table 5.2: The theoretical and sample densities of the NNBT compositions synthesised. 

Composition  

(NNBT) 

Theoretical Density 

(gcm-3) 

Sample Density (gcm-

3) 

Relative Density 

 (%) 

60 5.049 4.853 ± 0.062 96.1± 1.23 

70 4.924 4.850 ± 0.038 98.5± 0.77 

80 4.770 4.636 ± 0.22 97.2± 4.61 

87.5 4.681 4.626 ± 0.054 98.8± 1.15 

Figure 5.3. Loss of super lattice reflections (S1 and S2), associated with in-phase and out-
of-phase tilting as the BT content increases. The right-hand side reveals a loss of peak 

splitting associated with an increase in symmetry as the solid solution transitions through 
its orthorhombic, tetragonal and cubic symmetries. 
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5.4.3 SEM of the synthesised NNBT compositions 

 

Figure 5.5 shows the micrographs from the back scattered electron (BSE) signals obtained from 

regions of each NNBT composition synthesised. Grain size progressively decreases with 

increasing BT content, whilst dense but variable microstructures are evident across the range of 

the solid solution analysed. The relatively NN-rich compositions show a fairly conventional 

ceramic microstructure featuring a distribution of differing grain sizes, each with a truncated 

octahedral type morphology and dihedral angles at the interstices typical of dense ceramics. 60 

and 70NNBT exhibit a range of morphologies within the microstructure, including smaller grains 

of this octahedral type but also much larger platelet formations and rounded areas dispersed 

amongst the microstructure. Aside from morphological variation, no significant contrast is 

evident within the bulk of the sample that would imply secondary phase formation. 

Figure 5.4: Room temperature pseudo-cubic sub-cell lattice parameter and volume variations 
with NNBT composition. A linear increase in volume is observed for increasing BT inclusion, 

obeying Vegard's Law. 
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60NNBT 70NNBT 

80NNBT 87.5NNBT 

(a) (b) 

(c) (d) 

Figure 5.5: Back Scattered electron (BSE) micrographs of the NNBT compositions, all at 2000 
magnification.  Variable morphology is observed within the 60NNBT (and to some extent 70NNBT) 
samples with respect to the conventional ceramic microstructure observed in the 80 and 87.5NNBT 

compositions. 

ρrel ~ 96.1 % ρrel ~ 98.5 % 

ρrel ~ 98.8 % ρrel ~ 97.2 % 30 µm 30 µm 

30 µm 30 µm 
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5.4.4 Electrical Characterisation 

 

The permittivity responses for the NNBT compositions are shown in figure 5.6.  

 

There is a clear transition from 87.5NNBT exhibiting a sharp, frequency independent 

permittivity-temperature dependence, typical of ferroelectrics, to a diffuse, highly frequency 

dependent response associated with 60NNBT - a prototypical relaxor response. A clear shoulder 

is evident on the permittivity response of 70NNBT towards higher temperatures, a response not 

evident within the other synthesised samples. As expected for relaxor materials, frequency 

dependence is manifested in both permittivity and tan δ as the solid solution transitions towards 

60NNBT. Higher frequencies exhibit a lower maximum permittivity at a higher corresponding 

Figure 5.7: The (overlaid) relative permittivity and (independently plotted) 
dielectric loss responses for each NNBT composition. 
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temperature, Tm. Conversely, the tan δ is greatest for higher frequencies, clear from figure 5.6. 

The enhancement in relaxor response towards the centre of the NNBT solid solution and the 

corresponding shortening in polar correlation lengths results in a reduction in maximum 

permittivity and associated temperature. A decrease in permittivity from ~11000 at 173 °C in 

87.5NNBT to ~4000 in 60NNBT at -135 °C is observed. The distribution in Tm afforded to the 

NNBT solid solution is shown in figure 5.7, constructed from dielectric data published and 

experimental data observed (all at 250 kHz), covering a total range of ~560 °C.  

Attempts to quantify the extent to which the long-range ferroelectric order has been lost with 

increasing BT content are given in the modified Curie-Weiss Equation 5.4: 

 1

𝜖
−
1

𝜖𝑚 
= (𝑇 − 𝑇𝑚)

𝛾   𝑤ℎ𝑒𝑟𝑒 1 ≤ 𝛾 ≤ 2 
(5.4) 

This can be plotted alternatively as ln((1/ε) - (1/εm)) versus ln(T-Tm) according to Equation 5.5, 

as shown in figure 5.8.  

 
ln ൬
1

𝜖
−
1

𝜖𝑚 
൰ = 𝛾 ln(𝑇 − 𝑇𝑚) 

(5.5) 

The relaxor parameter γ is calculated as the gradient of the linear fit to the depolarisation 

response above Tm. This relaxor parameter γ attempts to quantify the extent of diffusivity in the 

permittivity and thus the length scale of ordering of the intrinsic polarisation. A γ value of 1 is 

Figure 5.8: The distribution in the temperatures associated to the maximum 
permittivity response (Tm) of compositions across the NNBT solid solution, including 

responses from published data.  
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indicative of prototypical ferroelectric response with long range ordering of dipole moments, for 

which the modified Curie Weiss equation will reduce to the conventional Curie Weiss law. A value 

closer to 2 suggests the traditional Curie Weiss exponential decay of the permittivity with 

temperature is not followed, but instead the local PNR clusters are able to interact and sustain 

local fields and polarities that would have otherwise been disrupted by the increasing thermal 

motion above a ferroelectric curie temperature, Tc.  

Table 5.3 shows the γ coefficients calculated from the gradients of the linear fits of figure 5.8 for 

each of the NNBT compositions synthesised. The linear fit parameters are shown better in figure 

A6. 

Table 5.3: Modified Curie-Weiss Parameters for the synthesised NNBT compositions. 

Composition γ Coefficient 

60NNBT 2.00 ± 0.01 

70NNBT 1.10± 0.03 / 1.98 ± 0.007 

80NNBT 1.76 ± 0.005 

87.5NNBT 1.17 ± 0.001 

Figure 5.9: A plot of the natural logarithm of the modified Curie Weiss equation, equation 5.5, for 
each of the synthesized NNBT compositions. A larger depolarisation gradient equal to γ is shown 

for materials closer to 60NNBT. 
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A transition from ferroelectric to relaxor behaviour from 87.5NNBT to 60NNBT is reflected in the 

increase in γ from 1.17 ± 0.001 to 2.00 ± 0.01, table 5.3. The former coefficient does imply that 

87.5NNBT is not quite the prototypical ferroelectric material as suggested by its sharp, frequency 

independent permittivity response in figure 5.6. 

The dielectric loss shown in figure 5.6 is low for all NNBT compositions, tan δ <0.05 up to 400 °C, 

suggesting dielectric behaviour is retained for all compositions. There appears to be some (but 

low) space charge contributions towards higher temperatures that are relaxed out as frequency 

increases.  

The TCC response for each of the synthesised NNBT compositions at 250 kHz is shown in figure 

5.9.  

 

Of the compositions synthesised, 60NNBT exhibits the most diffuse thermally stable TCC 

response. The maximum and minimum TCC values are 93 and -76 %, respectively, whilst the X7R 

±15 % TCC window is only attained between the range of 4 and 42 °C. This is much lower than 

Figure 5.10: A comparison of the TCC profiles (for 250 kHz) for the various NNBTs, showing the suppression in 
temperature dependence of permittivity as the solid solution progresses towards its centre. 
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the -55 to 125 °C boundaries specified for X7R rating. Thus, none of the NNBT compositions alone 

are appropriate for X7R (or X8R) rated dielectrics.  

 

5.4.5 Impedance Spectroscopy of NNBT compositions 

 

Overlaid M’’ and Z’’ spectroscopic plots for each of the NNBT compositions at 550 °C is shown in 

figure 5.10.  

With the exception of 60NNBT, the equivalent circuit representing the electrical microstructure 

of the samples can be represented by a single, albeit non-ideal, parallel RC element. This is 

inferred from the presence of a single Debye peak within each formalism with (relatively) 

equivalent time constants, thereby sharing the same frequency corresponding to -Z’’/M’’ maxima, 

fmax. In each sample, the frequency corresponding to the maximum -Z’’ value, is slightly lower 

Figure 5.11: Overlaid Z'' & M'' spectroscopic plots for each NNBT composition at 550 °C. 
Except for 60NNBT, the electrical microstructure of each composition appears to be 

represented by a single, non-ideal parallel RC element. 
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than the M’’ equivalent. This disparity is not of a magnitude significant enough to suggest the 

presence of multiple parallel RC elements but instead represents the departure of the parallel RC 

element from ideality. This non-ideal response is also reflected in the broadening of the peaks 

above the full-width half-maximum (FWHM) ideal of 1.14 decades (on a log (frequency) scale), 

with each FWHM of the M’’ peaks shown in table 5.4. There is a noticeable broadening of 60NNBT, 

based on a FWHM of 1.93, with respect to the other materials synthesised. This is consistent with 

the observation of a clear shoulder in the M’’ peak towards higher frequencies in figure 5.10. 

Table 5.4: The FWHM for the M'' Debye peaks in figure 5.10, at 550 °C, plotted on a log(f) scale. 

 

The C’ plateaus for these NNBT compositions, at 550 °C, are represented in figure 5.11. Only one 

single high frequency plateau is evident for each of the materials, with the exception of 60NNBT 

which shows an inflection point marked by an asterisk. 

FWHM of NNBT M’’ Debye peaks at 550 °C 

Composition FWHM (decades) 

60NNBT 1.93 

70NNBT 1.56 

80NNBT 1.40 

87.5NNBT 1.39 

Figure 5.12: C’ spectroscopic response of the NNBT compositions at 550 °C. The 
high frequency plateau (corresponding to the peak of the M’’/Z’’ Debye peaks) 

shows a capacitance magnitude consistent with a bulk response. 
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 For these other NNBT compositions, these C’ plateaus correspond to the frequency domain of the 

M’’/-Z’’ fmax, and are all in the 10-11 Fcm-1 range. This suggests that the electrical responses 

observed in figure 5.10 and 5.11 are that of the bulk material. The electrical microstructure of 

60NNBT is clearly different from the other compositions synthesised. There appears to be two 

capacitance components of similar magnitude constituting the equivalent circuit of 60NNBT. This 

could be represented by two parallel RC elements connected in series. The more conductive 

component manifested by the shoulder in the M’’ peak at higher fmax (since there is no 

corresponding –Z’’ response overlaid in figure 5.10) appears to have a slightly smaller 

capacitance, but still of a bulk order of magnitude, and may represent the inflection point of figure 

5.11.  

 The Z* plot for each of the materials is shown in figure 5.12 at 550 °C. 

The Z* plots are consistent with a single, albeit elongated, semi-circle corresponding to a non-

ideal parallel RC element. No low frequency spike is observed, suggesting electronic conduction 

to be dominant. The total DC conductivities of the synthesised NNBT materials were calculated 

from the inverse of the Z’ intercept of the Z* semi-circles for each of the NNBT materials. The 

temperature dependence of the total DC conductivity for each NNBT composition is compared in 

figure 5.13, and alongside components of the wider solid solution in figure 5.26.  

Figure 5.13: Comparison of the Z* plots for each of the synthesized NNBT compositions at 
550 °C. The total DC conductivity for each of the compositions is calculated from the inverse 

of diameter of the single semi-circle.  
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Figure 5.13 reveals the lowest conductivity amongst the investigated NNBT compositions occurs 

at 80NNBT. As Ba and Ti substitute into NN it initially appears to decease the conductivity until 

80NNBT, hereafter further substitution of BT increases the conductivity to its maximum in 

60NNBT. This increase in conductivity is consistent with the significantly higher conductivity 

observed in BT-rich samples synthesised by Foeller et al [136], shown comparatively in figure 

5.28. For 87.5NNBT, two distinct activation energies are observed, termed EA_LT and EA_HT, each 

relating to the low temperature and high temperature conductivity regimes respectively1. 

Consistent activation energies are observed for the high temperature conduction regime of 

87.5NNBT and for the single activation energy evident for 70 and 80NNBT. This activation energy, 

~1.50 eV, is approximately half the band gap of both NN (~3.4 eV) and BT (~3.2 eV) [264,265] 

parent materials, corresponding to an intrinsic electronic band gap contribution.  

 
1 A similar effect is observed for 60NNBT, however, considering the unique electric modulus response 
observed for 60NNBT and the errors associated with these high and low temperature fit gradients of 
60NNBT, it is difficult to associate this to variation in activation energy and conduction mechanisms with 
reasonable certainty. 

Figure 5.14: Arrhenius plot showing the temperature dependence of total DC conductivity for the NNBT 
compositions. With the exception of 87.5NNBT, conduction appears to be dominated by intrinsic electronic 

contribution. 



124 
 

5.5 NNBT Overview 

All NNBT compositions synthesised appear phase pure post sintering, based on both XRD and 

SEM analyses. Although some contrast appears on the platelet formations that are evident for 

60NNBT from the BSE micrographs of figure 5.5, this may be a product of the sharp geometry and 

inclination angle relative to the incident electron beam such grain structures exhibit. The linear 

expansion of the ideal ABO3 perovskite unit sub-cell with BT content in figure 5.4 is 

complimentary to the suggestion of complete perovskite solid solution formation for the 

compositions synthesised, in accordance with Vegard’s law. Local straining due to the difference 

in radii between A and B site cations results in the loss of octahedral tilting which actively 

mediates local A site bonding requirements, and likely factors into an order-disorder transition 

between correlated Nb displacements which imparts the transition between the large and 

relatively sharp permittivity response of 87.5NNBT and the diffuse, lower permittivity response 

of 60NNBT, shown in figure 5.6. The polar correlation length in 60NNBT is consequently confined 

to the nanoscale, forming dynamic polar nano regions of a range of sizes and associated 

dynamism which imparts the diffuse and frequency dependent permittivity response observed. 

This is quantified with the relaxor parameter γ increasing towards 2 as the compositions 

transition from 87.5NNBT to 60NNBT. Figure 5.9 reveals the dramatic reduction of TCC 

associated with this relaxor transition, albeit not conforming to the desirable X7R commercial 

specification. However, low dielectric losses and high permittivities are observed across the solid 

solution, with a range of associated Tm’s shown in figure 5.7.  

This stimulated the use of NNBTs for temperature stable dielectrics as components of a bilayer 

macrostructure. This structure utilised the provision of permittivity across a large temperature 

range, a total range ~ 560 °C from figure 5.7, if the component materials were selected with 

complimentary diffusivities and Tm, X7R rated TCC could be achieved.  

 

5.6 Interlayer diffusion within NNBT based multilayers 

5.6.1 NNBT homogenisation study – formation of a temperature stable 

ceramic composite 

 

A homogenous hand-mixture, a biphasic composite, of the 70NNBT and 87.5NNBT constituents 

of the optimised X7R bilayer system from Kerridge [149] was sintered under a short dwell, 1250 

°C for 0.5 hours, to investigate homogenisation rates that induce the ternary phase reported to 

form at the interface. A short sintering dwell was used instead of a more conventional dwell 
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period ~5 hours in an attempt to retain electrically observable compositional heterogeneity 

(identifiable in the permittivity response as multiple peaks of varied Tm). The relative permittivity 

response (at 250 kHz) of the composite post sintering is shown in figure 5.14 alongside the 

individual 70NNBT and 87.5NNBT permittivity responses. 

 

 For the sintered mixture, a single permittivity peak is evident with a Tm ~75 °C. Using the gauss 

fit of the Tm distribution along the NNBT solid solution, figure 5.7, this peak temperature would 

correspond to a composition of ~80.3NNBT. This is consistent with the equimolar 79NNBT 

composition expected upon homogenisation. The permittivity peak maximum is lower than the 

70NNBT or 87.5NNBT samples, a manifestation of the lower relative density obtained from the 

short 0.5-hour sintering dwell used for the mixed sample (76.5 ± 1.8 %) compared to the 5 hours 

used for the individually sintered samples (table 5.2).  

 

5.6.2 Changing NNBT components to retain a ceramic composite structure 

post sintering 

 

Although diffusion rates are sufficiently high enough between 70 and 87.5NNBT components to 

produce a single permittivity response indicative of compositional homogenisation under the 0.5 

hour sintering dwell, this may not be the case for the whole NNBT solid solution. In an extension 

to the homogenisation study, all of the NNBT compositions synthesised were homogeneously 

hand-mixed with the BT solid solution end member to form an equimolar 50:50 wt.% binary 

composite and sintered under the same conditions of 1250 °C for 0.5 hours. This range in 

Figure 5.15: Homogenisation of the equimolar mix of 70 and 87.5NNBT, sintered at 1250C 
for 0.5 hours. Tm associated correlates to a composition of 80.3NNBT. 
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composition between mixed materials represents the largest compositional variance possible 

across the solid solution (for each NNBT composition). The resulting relative permittivity 

responses for each BT-NNBT mixture post sintering at a frequency of 250 kHz are shown in figure 

5.15.  

 

Multiple ‘peaks’ are visible in the permittivity responses as the materials are heated from the low 

temperature regime, suggesting the presence of electrically distinguishable compositional 

heterogeneity is retained post sintering for all composites. The most intense permittivity peak is 

at sub-ambient temperatures, which from figure 5.7 would associate this peak to a relaxor type 

NNBT composition. Significantly for all composites an additional permittivity anomaly is 

observed at ~127 °C. This temperature is consistent with the ferroelectric-paraelectric phase 

transition of BT, for which 50 wt.% of the starting composite was constituted. The presence of 

two peaks of considerably different Tm is indicative of retention of (at least) a ‘binary’ phase  

NNBT based composite post sintering. The magnitude of this high temperature permittivity peak 

Figure 5.15: The relative permittivity and dielectric loss (at 250 kHz) for BT-xNNBT 50:50 weight 
percent mixes, sintered under a short 0.5 hour dwell at 1250 °C. Using 60 (black), 70 (red), 80 

(blue) and 87.5NNBT (green). Variation in the intensity of a permittivity peak ~127 °C suggests a 
varied concentration of BT. 
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grows as the NN content in the initial NNBT component of the mixture decreases, i.e. a more 

relaxor-type NNBT is used in the pre-sintered composite. There is a progressive decrease in the 

maximum permittivity observed at low temperatures as the NN content in the NNBT decreases, 

i.e. the NNBT mixed is more of a relaxor-ferroelectric than a prototypical ferroelectric. This is with 

the exception of 80NNBT, that is substantially lower in permittivity than all of the other mixes. 

This a product of the lower relative density, 68.4 % of this composite with respect to the other 

sintered composites.  

Of all of the sintering mixtures investigated, BT-60NNBT offers the lowest dielectric losses, shown 

in figure 5.15. tan δ is <0.05 until 400 °C (above which the dielectric losses rise sharply), and 

therefore retains good dielectric behaviour. BT-60NNBT also exhibits the most temperature 

stable permittivity response relative to the other composites formed, an effect of these phase-

related high and low temperature permittivity maxima of varied diffusivities being more 

comparable in magnitude relative to the other BT-NNBT mixtures. This suggests TCC stabilisation 

in the composite can be enhanced should the magnitude of these phase dependent permittivity 

maxima be closer. Through iteration of the starting volume fractions (much like the multilayer 

system), desirable TCC response could be attained, closer to an X7R specification. Since BT-

60NNBT offered the most stable TCC response from this initial study and the lowest dielectric 

losses, iteration of BT and 60NNBT volume fractions in the corresponding composite system were 

investigated with the prospect of enhancing TCC to satisfy X7R rated specification. 

5.6.3 Optimising the TCC of the BT-60NNBT through variation in the mixing 

ratios 

Figure 5.16 shows the variation between the relative permittivity responses of BT-60NNBT for 

varied mixing ratios of BT and NNBT utilised in the pre-sintered composite (at 250 kHz).  A higher 

starting fraction of BT results in an increasing intensity of the peak at ~127 °C. As proposed, the 

combinatorial effect of this increase in permittivity associated to the high temperature peak and 

its consequential comparability in magnitude with the low temperature permittivity response 

results in a stabilisation of TCC. The TCC comparison of 60NNBT and two BT-60NNBT mixes 

(50:50 wt.% used in the initial homogenisation tests and the 80:20 wt.% optimised for TCC 

stabilisation) are shown in figure 5.17 to emphasise the stabilisation effect of achieving similarity  

in permittivity from its contributory phases, as well as a comparison of the TCC associated to the 

NNBT composite relative to the most thermally invariant NNBT composition synthesised. The 

80:20 wt.% post sintered BT-60NNBT composite yields the most stable TCC response, meeting 

X7R TCC specifications. It does so with an associated permittivity magnitude ~2000 across the -

55 to 125 °C operating temperature range and a tan δ < 0.05 up to ~400 °C. Figure 5.16 reveals 

that the variability in mixing ratios does influence dielectric loss, however all compositions retain 
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good dielectric behaviour for a range in excess of the X7R operating window. All composites 

Figure 5.16: The relative permittivity and dielectric loss (at 250 kHz) for BT-60NNBT at 30:70 
(black), 50:50 (red), 70:30 (blue) and 80:20 (green) weight percent mixes, sintered under a 

short 0.5 hour dwell at 1250 °C.  

Figure 5.17: A comparison of TCC (at 250 kHz) of 60NNBT (black), 50:50wt% BT-60NNBT used 
for investigating homogenisation rates between the two components (red), and the optimised 

TCC BT-60NNBT (80:20wt%) composite that meets X7R rated TCC specification (green). 
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appear to exhibit the onset of high thermally activated losses, likely a DC conduction contribution, 

however this onset is delayed according the starting ratio of composite components. The largest 

loss response is observed in the most NNBT rich starting ratio (30:70), whilst the 80:20 

composite that yields X7R rated TCC offers the lowest loss response at low temperatures and 

delays the onset of the thermally activated contribution to higher temperatures relative to the 

other composites formed.   

5.6.4 Reproducibility of the X7R rated BT-60NNBT Composite 

 

Since the composite system is formed from a 0.5 hour hand mixture of its BT and NNBT 

components, considering the inherent uncontrollability of this mixing mechanism (relative to wet 

ball milling methods) it is important to assess the reproducibility of the X7R rated dielectric 

response observed for the 80:20 wt.% BT:60NNBT composite. Was the stable TCC response 

achieved as a fortunate result of the phase distribution and particle morphology post mixing? 

Considering the reliance of the composite response on diffusion rates between its component 

Figure 5.18: The relative permittivity and dielectric loss (250 kHz) for 3 hand mixed BT-60NNBT 
composites. Variation is observed between the permittivity and tan δ, although this is relatively 

small and is likely a product of density variations with limited consistency inherent of a pestle and 
mortar mixing of the composite components. 



130 
 

phases, it is important to understand how sensitive the dielectric response of the composite 

system is to pre-sintering processing. Three different 80:20 wt.% BT-60NNBT batches were 

synthesised via the same hand mixed approach, with DS measurements taken for each and shown 

in figure 5.18.  Variable permittivity magnitudes and losses are evident for the three different 

batches, with the highest magnitude of ~2100 observed from the second repeat batch and the 

lowest magnitude of ~1750 observed for the first repeat batch. This is reflected in the density 

variation that exists between these repeated composites, between 84.8 ± 2.1 – 87.1 ± 1.8 % of the 

theoretical density, respectively. Comparison of the TCC variation for each batch is shown in 

figure 5.19.  

 

TCC removes the influence of density effects and instead shows the inherent temperature 

dependence of permittivity for each of the repeat composites via comparison of their associated 

shapes. The TCC profiles for the original batch and the second repeat are superimposable, with 

some variability observed within the first repeat regarding the intensity of the high temperature 

BT related permittivity peak relative to the low temperature NNBT related response. 

Nevertheless, all repeats show a ‘biphasic’ composite polarisation response constituent of high 

and low temperature polarisation contributions from its BT and NNBT component phases, 

respectively, and each with a magnitude comparable to the other. This behaviour is somewhat 

 Figure 5.19: Reproducibility of the BT-60NNBT (80:20 wt.%) composite, validated as a result of the 
similarity in TCC response of three independent batches. 
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insensitive to the uncontrollability of hand mixing. This consistency in TCC response suggests 

microstructural variability is confined to density variations as opposed to major changes in phase 

fraction or composition. The resulting X7R TCC rating is achieved for all repeats, with a 1 °C 

variability in T-15% (the temperature corresponding to the -15 % TCC threshold being met) 

between repeat 2 and the other two batches.  

Dielectric losses, shown in figure 5.18, are almost identical at sub-ambient conditions but do vary 

between these repeated composites at elevated temperatures, with the original sample offering 

the highest losses, the second repeat batch the lowest and the first batch in between the two. An 

anomaly in the losses of the first repeat composite at ~250 °C breaks this trend for a brief period, 

something not reflected in the permittivity response. Within the X7R operating range, losses vary 

by a maximum of ~ 0.011 between the three samples, with the highest tan δ of ~0.026 recorded 

within this range for the original batch composite. This dielectric behaviour is only lost at ~400 

°C for all repeated composites, with this dielectric response again appearing insensitive to any 

microstructural variation imparted by hand mixing of the component phases. Frequency 

dependence in both permittivity and dielectric losses is observed across both the low 

temperature and high temperature permittivity responses associated to both the NNBT and BT 

component phases, figure A7, A8 and A9 in appendix 1. At ~ -46 °C, a spike in the tan δ response 

can be seen which is subsequently relaxed out with increasing frequencies. A progressive 

decrease in the high temperature losses with frequency indicates a relaxation of space charge 

effects. Frequency dependence in permittivity is more significant at lower temperatures where 

the polarisation response is dominated by the 60NNBT relaxor component of the composite. Its 

effects on the BT related permittivity peak are minimal, with slight increases in permittivity 

maxima with frequency. Despite this, from 10 kHz to 1 MHz, the X7R TCC conditions are sustained 

whilst retaining good dielectric responses. 

5.6.5 SEM of BT-60NNBT (80:20 wt.%) Composites 

SEM reveals clear compositional heterogeneity is retained within these BT-60NNBT composites 

post sintering. Elemental mapping via EDX, particularly for Na and Nb in figure 5.20, show clear 

concentrations confined to regions a few microns in length, relative uniformly dispersed amongst 

the surrounding grain structure. The surrounding ‘matrix’ is comparatively dark suggesting little 

to no diffusion of the Na and Nb into this matrix. The converse effect can be seen within the Ba 

and Ti maps, with darker regions corresponding to low Ba and Ti concentrations (relative to the 

surrounding matrix) superimposable upon these Na and Nb rich regions. It is important to note 

that a detectable signal does still exist for Ba and Ti within these heterophase regions, and so the 

map suggests the smaller Na and Nb ‘rich’ regions correspond to NNBT phases that originate from 

the initial pre-calcined 60NNBT mixed with the BT.  
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The visual disparity in size between such Na and Nb rich regions relative to the surrounding Ba 

and Ti grain structure confirm these secondary regions to originate from the mixed 60NNBT, 

given the 80:20 wt.% pre-sintered ratio of BT:60NNBT. Intragranular concentration variation of 

Na and Nb within these NNBT secondary phases is inferred from variable pixel intensity in the 

corresponding elemental maps. This would suggest compositional heterogeneity within these 

Figure 5.20: SEM/EDX elemental mapping of Ba, Ti, Na and Nb within the composite. Clear 
secondary phases relating to 60NNBT can be seen as evidence of the compositional 

heterogeneity inferred from the dielectric response. 
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secondary phase grains. However, consideration of the inherent resolution limitations of EDX, 

particularly so for the mapping of Na, suggests such concentration gradients within these NNBT 

regions observed should be considered with reasonable uncertainty. Na and Nb signals are 

detected amongst the BT based matrix (outside of the smaller NNBT regions) suggesting some 

diffusion of these species into the BT during sintering. Additional secondary phases, such as those 

evident in the 70NNBT of the bilayer sample, do not seem apparent in the composite structure – 

although EDX spot analyses of the secondary NNBT phases would be necessary to associate a 

perovskite stoichiometry and rule out any other structural formations. The overall 

microstructure composed of NNBT phase grains homogeneously distributed within a BT 

polycrsytal matrix phase is schematically visualised in figure 5.20, reflecting these EDX results.  

5.6.6 Impedance Spectroscopy of (80:20) BT:60NNBT Composite 

 

The IS responses of the BT-60NNBT sample is indicative of a heterogeneous response expected 

for a binary composite composed of materials with differing grain sizes and conductivities. The 

Debye peaks in the spectroscopic responses of M’’ and Z’’ for the BT-60NNBT composite are 

plotted in figure 5.21. These M’’/Z’’ peaks are far broader than the expected FWHM of 1.14 

decades of an ideal parallel RC element, with the composite exhibiting an M’’ FWHM ~2.7 decades. 

The fmax associated to the Z’’ and M’’ peak maxima are comparatively disparate and suggest the 

presence of a heterogeneous electrical microstructure consistent of components with variable 

Figure 5.21: The M’’ and Z’’ spectroscopic plots for 60NNBT and the BT-60NNBT composite at 
550 °C. Both responses are indicative of heterogeneous electrical microstructures based on 

the broadness of these Debye peaks and the variable fmax observed. 
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time constants. 60NNBT, overlaid, shows a similar heterogeneity in its electrical microstructure 

with a secondary element of varied capacitance and lower resistivity clearly visible on the M’’ 

peak in a high frequency shoulder. Despite this, the broadness and disparity in fmax in the 

composite is clearly more pronounced when compared to 60NNBT. This effect of electrical 

heterogeneity in the BT-60NNBT composite is also represented in the depression and elongation 

of the Z* arc, figure 5.22. This is potentially indicative of a serial distribution of parallel RC 

elements, each of varied time constants and corresponding to the different phases composing the 

physical microstructure. The composite, like its components, does not show any low frequency 

responses/dispersions indicative of ionic conductivity – suggesting the conduction within the 

composite is electronic in nature. 

When the IS responses of the composite components are overlaid against the response of the 

composite itself, the capacitance (C’) response, figure 5.23, appears very much dominated by the 

60NNBT response, virtually overlaid upon the 60NNBT C’ plot. The capacitance magnitude is 

shown in figure 5.23 to be ~10-11 Fcm-1, suggesting the composite IS response is dominated by its 

bulk component, as opposed to any grain boundary components or surface contributions. Only 

one clear C’ plateau is evident for the composite material. The suggestion of a serial connectivity 

between multiple parallel RC elements, each referencing a component phase of the physical 

microstructure, is impossible to deconvolute from this C’ plot. The electrical microstructure is 

Figure 5.22: A comparison of the complex impedance response of the BT-60NNBT (80:20) 
composite relative to its constituents (independently sintered) for 550 °C. The Inset reveals 

the spectroscopic admittance (Y’) response of these three materials. The overall effect is 
greater DC resistivity for the composite compared to the individual materials. 
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probably better modelled with a constant phase element (CPE) that will account for the non-ideal 

response observed in the low frequency C’ dispersion and the depression/elongation of the Z* 

arc. 

 

 The total DC conductivity of the composite system is calculated from the inverse of the diameter 

of its associated Z* arc, and is plotted against temperature alongside independently sintered 

NNBT compositions in figure 5.24, including those measured by Foeller [136] towards the BT rich 

end of the NNBT solid solution. Based on the greater width of the composite Z* arc relative to its 

component materials, figure 5.22, the total DC resistivity is larger for the composite relative to its 

component materials. The low frequency Y’ spectroscopic data in figure 5.22 inset directly 

corresponds to the DC conductivity of the samples and is another representation of this 

resistivity/conductivity relationship. The total DC conductivity of the composite is lower with 

respect to all synthesised NNBT compositions and those NNBT compositions towards the BT 

boundary of the solid solution[136], shown in figure 5.24. The activation energy associated to the 

electronic conduction is consistent with that observed in 87.5NNBT, forming two discrete 

energies – a lower energy ~1.30 ± 0.02 eV at lower temperatures and increasing to ~ 1.51 ± 0.01 

eV at higher temperatures.   

Figure 5.23: The C' spectroscopic response of BT and 60NNBT (the components of the 
composite) and the BT--60NNBT composite structure for 550 °C.  
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5.7 Discussion 

Investigations into the inter-diffusion rates between an equimolar mixture of 70 and 87.5NNBT 

compositions revealed that a short sintering dwell of 0.5 hours was sufficient for the 

70/87.5NNBT equimolar composite to appear to homogenise, forming a single monolithic 

equilibrium 80.3NNBT. This was inferred from the single permittivity peak observed in figure 

5.14. The dwell period was sufficient for interdiffusion to occur but not for complete grain 

coarsening and densification to occur, inducing a lower permittivity relative to independently 

sintered 70 and 87.5NNBT plotted on figure 5.14. No XRD or SEM characterised this sample, and 

so complete compositional homogenisation cannot be verified. Regardless, the significance of this 

analysis was to understand how quickly diffusion and associated permittivity variation would 

occur relative to its components, since compositional variation at the interface of a multilayer is 

only an issue when the permittivity profile and associated TCC begins to vary. High diffusion rates 

clearly exist between these two NNBT compositions, limiting the industrial practicality of this 

70/87.5 NNBT bilayer when sintered without a diffusion barrier and inducing the 10 % thickness 

fraction the interdiffusion layer constitutes in the 70/87.5NNBT bilayer reported by Kerridge 

[149]. 

Figure 5.24: The total DC conductivity of the BT-60NNBT composite relative to the 
other synthesised NNBT materials. 
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Expanding the diffusion study to equimolar mixes of NNBT with BT revealed the ability to 

preserve compositional heterogeneity post sintering provided the difference in NNBT 

composition was sufficiently large. Compositional heterogeneity was inferred from figure 5.15 

from the appearance of two main dielectric anomalies, ~ -90 and 127 °C, respectively. The former 

exhibits an associated diffusivity, which combined with its sub ambient Tm and figure 5.7, likens 

such to a relaxor NNBT type material. Each of the composites exhibit a sub ambient permittivity 

peak with comparable Tm, suggesting the NNBT composition formed is comparable and originates 

from this relaxor centre of the NNBT solid solution. This is despite a range of NNBT materials 

being utilised in the pre sintered composites.  

The peak at ~ 127 °C shares a Tm with that expected of the ferroelectric-paraelectric tetragonal-

cubic phase transition of BT. Considering such was used within the pre-sintered composite at 50 

wt.% starting fraction, this high temperature peak is considered predominantly to be the 

polarisation response of undoped BT retained within the sintered composite.  The fact that this 

BT related permittivity peak increases in magnitude when the NNBT composition utilised within 

the pre-sintered composite originates from the relaxor centre of the solid solution, suggests 

higher volume fractions of BT are retained in the post sintered composite. Consequently, lower 

diffusion rates are associated.  

An energetic well, analogous to the NNBT Tm map across the solid solution constructed and shown 

in figure 5.7, may exist towards the centre of the solid solution. This is inferred not only by this 

higher volume fraction of BT preserved within the composite post sintering, but that the NNBT 

composition formed within the composite post sintering appear to be comparable in originating 

from this relaxor centre, sharing comparable Tm i.e. this NNBT composition is thermodynamically 

stabilised. A bilayer system may have exhibited a smaller interdiffusion layer and a less 

pronounced variation in its associated permittivity response had one of its components 

originated from the relaxor centre of the solid solution. A longer dwell period of 5 hours for the 

composites would be necessary to validate this theory, however, matching the sintering 

conditions of the bilayer [149]. The requirement of such a relaxor NNBT component for industrial 

feasibility and removal of Au diffusion barriers may need to be integrated into the optimisation 

code generated by Kerridge et al [232] to deduce a new optimal 60NNBT-containig bilayer 

fraction to satisfy X7R criteria. 

The notable effect of retaining such compositional heterogeneity in the form of a biphasic ceramic 

composite post sintering is an enhancement in the thermal stability of permittivity relative to the 

independent component materials, 60 NNBT and BT, as proposed. 60NNBT and BT are 

complimentary in sustaining stable TCC consequent of the distribution in Tm amongst the two 

phases: 60NNBT contributing to the low temperature permittivity response and BT providing the 
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high temperature permittivity response. It is apparent from figure 5.15 and 5.17 that under 

equimolar mixing conditions between 60NNBT and BT, X7R and X8R TCC specifications are still 

not met. T-15% falls short of the high temperature 125/150 °C operating bound by ~ 30 °C. 

Increasing the volume fraction of BT retained post sintering should increase the associated 

permittivity peak ~127 °C and improve the high temperature TCC characteristics of the resulting 

composite. By varying the starting weight percent ratios of BT and 60NNBT mixed prior to 

sintering, specifically towards a higher BT content, given the lower diffusion kinetics found to 

exist between BT-60NNBT relative to other NNBT materials, the high temperature permittivity 

peak associated with the BT matrix could be controlled. With the aim of producing a BT 

permittivity peak of similar magnitude to the low temperature 60NNBT related permittivity 

response, the overall composite response could be ‘levelled’, ultimately producing a more 

thermally stable dielectric response. 

The 80:20 wt.% BT:60NNBT composition was identified to optimise the TCC response, with T-15% 

shifted to higher temperatures with increasing BT content retained post sintering, to an 

optimised 135 °C for this starting mixture thereby meeting X7R TCC requirements, shown in 

figure 5.17. A permittivity magnitude ~2000 was observed at room temperature with good 

dielectric behaviour with an associated tan δ < 0.05 until 400 °C, clear from figure 5.16. This 

response was (relatively) repeatable for this hand-mixed composite system, with minimal 

variation in TCC indicating the inherent polarisation-temperature dependence could be repeated, 

but the magnitude in permittivity variation between repeat samples suggested that the level of 

porosity was comparatively less controllable. Not only did this composite system exhibit a TCC 

more stable than its constituent components, but a total DC conductivity lower than its 

component materials, clear from figure 5.24. 

 SEM and EDX analysis of this composite in figure 5.20 reveals a 3-0 intergranular connectivity 

[140] between the BT matrix phase and homogeneously distributed 60NNBT secondary phases. 

This is shown schematically in figure 5.20. Intragranular compositional gradients appear within 

the secondary NNBT phases, inducing a diffuse low temperature permittivity response in the 

composites that is broader than that expected of the independently sintered 60NNBT in figure 

5.6. The assignment of the low and high temperature permittivity anomalies to these respective 

NNBT and BT phases, inferred initially from the equimolar composite of figure 5.15 and 5.16, 

appears correct based on these EDX results.  

The magnitude of the BT associated permittivity peak, although ideal in its compatibility with the 

60NNBT low temperature response, was far lower than perhaps expected given its 80 wt.% 

fraction in the composite, composing the matrix phase of the composite clear from the SEM/EDX 

of figure 5.20. It was certainly considerably lower than the permittivity associated to a nominally, 
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independently sintered BT sample. The strain imposed by its local environment constituent of 

pores, comparatively larger, irregularly shaped 60NNBT grains and the compositional gradient 

associated to the secondary phase, may have supressed the polar modes associated to the 

typically large ferroelectric-paraelectric peak in BT. Simultaneously, the  small BT grain sizes and 

high grain boundary density, evident in the composite from SEM, may also limit the formation of 

long range ferroelectric domains that sustain the high permittivity response. The extensive 

porosity network evident in SEM and from density measurements could also significantly lower 

the average field BT grains were exposed to, also contributory to the observable lower 

permittivity magnitude associated to the BT when used as the composite matrix.  

This porosity, a product of the low sintering dwells utilised to achieve the necessary 

compositional heterogeneity for TCC stabilisation, is a significant drawback to the current 

composite system. The reliance of the composite to the retention of compositional heterogeneity 

limits the ability to sinter for extended periods or at higher temperatures that would typically 

attain higher densities. The mass transport necessary to remove porosity would be deleterious 

to the compositional heterogeneity and stable X7R TCC. Electric field strength (something not 

tested here) is likely to be a weakness of the current system based on the extensive porosity and 

air that is sustained within the sample post sintering. Use of sintering aids such as glass or oxides 

that are capable of forming a liquid phase during sintering could aid in the densification of the 

composite at such short sintering dwells.  Nevertheless, this 3-0 NNBT based composite system 

does provide an alternative macrostructure to the bilayer systems discussed previously where 

the useful dielectric properties of NNBT components can be utilised to attain a high permittivity, 

low loss dielectric that meets X7R TCC rating. There are no concerns relating to delamination, nor 

is there a necessity for expensive Au diffusion barriers. The formation of the composite, after a 

short mixing period of 0.5 hours, represents a potentially less industrially disruptive system with 

respect to the bilayer structures for a single slurry could theoretically be cast.  

5.8 Conclusions 

 

Diffusion rates between 70 and 87.5NNBT are sufficiently high enough to induce complete 

dielectric homogenisation in an equimolar composite formed of these two materials. This 

explains the formation of a ternary interdiffusion layer in 70/87.5NNBT bilayer system by 

Kerridge [149] in the absence of  a physical interdiffusion barrier, with a thickness that accounts 

for 10 % of the total bilayer and is deleterious to X7R TCC rating. Interdiffusion and compositional 

homogenisation can be limited when one component originates from the relaxor centre of the 

NNBT solid solution. This is suggested to be the product of enhanced thermodynamic stability for 
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compositions towards the NNBT solution centre, limiting the driving force for compositional 

diffusion between components when a BT-relaxor composite is sintered compared to one 

utilising NNBT materials closer to the end members. Consequently, a composite mixture of 

relaxor NNBT and BT could be retained post sintering with a heterogenous dielectric response 

composed of a high temperature BT related permittivity peak and a low temperature relaxor 

NNBT response. This is analogous to a core shell microstructure where a BT permittivity peak is 

coupled with a low temperature ‘paraelectric’ shell response. Since multilayers were reliant on a 

similar effect of high and low temperature permittivity contributions to provide an overall 

thermally stable dielectric response, these composite architectures provided an alternative 

microstructure to attain TCC stabilisation. 

A ceramic composite architecture composed of a BT matrix and homogeneously distributed 

60NNBT secondary phase, with a 3-0 physical connectivity, is able to achieve a reproducible X7R 

rated permittivity response when its constituent phases are hand mixed in a 80:20 wt.% fraction 

and sintered with a short dwell period (0.5 hours). Electronically insulating behaviour extended 

far beyond the X7R operating temperature range, with tan δ < 0.05 up to ~400 °C, whilst the 

magnitude of permittivity achieved, ~2000, is sufficiently large to afford flexibility in MLCC chip 

design without thinner or additional layers necessary to achieve a specified device capacitance 

(relative to a lower permittivity material). The composite is hindered by extensive porosity 

consequent of the short dwell periods used to retain the necessary compositional heterogeneity 

that sustains the stable TCC response. The largest relative density achieved for the composite 

system was ~87.1 ± 1.8 % of the theoretical value. This would, although not tested, limit the 

electric field induced breakdown strength of the material. This would be deleterious to its 

inclusion within a MLCC based on the somewhat high electric fields sustained across the dielectric 

layers consequent of their low thickness, negating the aforementioned qualities as a dielectric.  

The next stage in the development of these NNBT based ceramic composites as temperature 

stable dielectrics will be to push T-15% from ~ 135 °C to 150 °C or above, thereby extending the 

TCC stability from X7R to X8R rating. Results chapter 2 will focus on the utilisation of A site 

doped BT with increased TC (relative to undoped BT) as the matrix phase of the composite to 

push the high temperature permittivity peak in these composites, associated to the matrix 

phase, to higher temperatures and achieve X8R rated TCC. 
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5.9 Appendix A 

5.9.1 NNBT Refinements 

 

Figure A1: Rietveld refinement of the 60NNBT XRD 
diffraction pattern, fit to a Pm3m cubic symmetry with 
starting parameters sourced from the named PDF file. 

Figure A3: Rietveld refinement of the 80NNBT XRD 
diffraction pattern, fit to a P4mm tetragonal symmetry 
with starting parameters sourced from the named PDF 

file. 

Figure A2: Rietveld refinement of the 70NNBT XRD 
diffraction pattern, fit to a Pm3m cubic symmetry with 
starting parameters sourced from the named PDF file. 

Figure A4: Rietveld refinement of the 87.5NNBT XRD 
diffraction pattern, fit to an Amm2 orthorhombic symmetry 
with starting parameters sourced from the named PDF file. 



142 
 

Table A1: The refined atomic site coordinates, fractions and Uiso parameters for synthesised 60NNBT 

Atom x y z Site Fraction Multiplicity Uiso 

Na 0 0 0 0.581(10) 1 0.0090(12) 

Ba 0 0 0 0.382(2) 1 0.0087(3) 

Nb 0.5 0.5 0.5 0.570(3) 1 0.0110(3) 

Ti 0.5 0.5 0.5 0.398(6) 1 0.0070(8) 

O 0 0.5 0.5 0.999(4) 3 0.0098(5) 

Table A2: The refined atomic site coordinates, fractions and Uiso parameters for synthesised 70NNBT 

Atom x y z Site Fraction Multiplicity Uiso 

Na 0 0 0 0.706(4) 1 0.0147(8) 

Ba 0 0 0 0.298(1) 1 0.0088(3) 

Nb 0.5 0.5 0.5 0.694(1) 1 0.0102(2) 

Ti 0.5 0.5 0.5 0.297(2) 1 0.0061(8) 

O 0 0.5 0.5 1.018(4) 3 0.0110(5) 

 

Table A3: The refined atomic site coordinates, fractions and Uiso parameters for synthesised 80NNBT 

Atom x y z Site Fraction Multiplicity Uiso 

Ba 0 0 0.002(11) 0.201(1) 1 0.0113(4) 

Na 0 0 0.02(20) 0.781(4) 1 0.0107(7) 

Ti 0.5 0.5 0.498(28) 0.201(2) 1 0.0059(11) 

Nb 0.5 0.5 0.495(5) 0.793(1) 1 0.0097(2) 

O(1) 0.5 0 0.444(4) 0.964(7) 2 0.0067(13) 

O(2) 0.5 0.5 -0.033(3) 1.096(11) 1 0.022(3) 

 

Table A4: The refined atomic site coordinates, fractions and Uiso parameters for synthesised 87.5NNBT 

Atom x y z Site Fraction Multiplicity Uiso 

Na 0 0.7585(8) 0.0011(18) 0.85(4) 4 0.0107(5) 

Ba 0 0.7590(9) -0.0038(27) 0.126(1) 4 0.0136(6) 

Nb(1) 0.5 0 0.2455(4) 0.87(1) 2 0.00823(30) 

Ti(1) 0.5 0 0.2576(46) 0.14(1) 2 0.0020(22) 

Nb(2) 0.5 0.5 0.2438(13) 0.88(1) 2 0.0056(2) 

Ti(2) 0.5 0.5 0.2678(29) 0.11(1) 2 0.0131(2) 

O(1) 0 0 0.2875(17) 1.05(2) 2 0.0175(42) 

O(2) 0 0.5 0.2302(25) 0.97(2) 2 0.0136(32) 

O(3) 0.5 0.7355(26) 0.2698(14) 1.16(1) 4 0.0266(16) 

O(4) 0.5 0 0.0068(64) 0.86(2) 2 0.0111(30) 

O(5) 0.5 0.5 -0.0208(46) 0.84(2) 2 0.0230(40) 
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Figure A5: The XRD diffraction patterns for the NNBT compositions after calcination at 1000 
°C for 6 hours. There is an observable lack of phase purity, particularly for the 60 and 

70NNBT materials considering the cubic symmetry shown post sintering. 
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Figure A6: The calculation of the γ relaxor coefficient for each NNBT composition based on the 

logarithmic Curie-Weiss equation 5.5. The linear fit parameters for each plot are shown on the right. 
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Figure A7-A9: The frequency dependent dielectric response (left) and TCC (right) of the BT-60NNBT (80:20 
wt.%) composites. A8) Original A9) Repeat 1 A10) Repeat 2.  

Permittivity magnitude and losses vary across the frequency range investigated, yet X7R rated TCC is 
observed for the composite under all measured frequencies except 1 kHz. 
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6 Results Chapter 2: Optimisation of the BT-60NNBT based 

composite towards X8R rated TCC specification using Ba1-

xCaxTiO3 (BCT) 

 

6.1 Introduction 

 

The previous results chapter concluded with the ability to achieve X7R rated TCC specification 

for a hand-mixed composite arrangement of BT and 60NNBT in an 80:20 wt.% mixing ratio. 

Regarding X8R rated TCC, although the low temperature TCC characteristics retain temperature 

invariance far beyond the -55 °C lower limit for X8R specification, TCC exceeds the -15% limit 

~15 °C below the 150 °C high temperature boundary. The rapid decay in permittivity consequent 

of the ferroelectric-paraelectric transition in the BT matrix phase is responsible for this. Should 

the Tc associated to this BT matrix be shifted to a higher temperature, T-15% will consequently be 

shifted in proportion towards this 150 °C X8R boundary.  Upon isovalent substitution of Ca for Ba 

in the BT matrix, the resulting strain imposed due to this disparity in A site ionic radii sustains 

dipole moments in the unit cell and the consequent polarisation to higher temperatures. Ba1-

xCaxTiO3 (BCT) has been shown to increase Tc in proportion to calcium content, clear from figure 

6.4, until a saturation concentration is achieved at ~ 8 at% [92,95], as described in chapter 3.2. 

BCT is readily available commercially with varied Ca concentrations and morphologies. Isovalent 

substitution of BT with BCT with a higher associated Tc may therefore represent an industrially 

feasible mechanism for extending the TCC response of the composites to meet X8R demands.  

Ca substitution will come in the form of hand-mixing industrially sourced BCT nano-powders 

with 60NNBT in the same 80:20 wt.% ratio, replacing BT as the matrix phase of the composite. 

The BCT compositions used have 3, 5 and 7 mol% calcium substitutions onto the A-site of the 

perovskite (named BC3T, BC5T and BC7T, respectively). DS and IS are used to identify the 

polarisation response and the effect of BCT on shifting T-15% to higher temperatures, whilst 

assessing if dielectric behaviour is retained. This is especially important considering the potential 

alternate B-site location of Ca in the perovskite phases utilised within the composite, an acceptor 

doping mechanism [94,99]. An additional extrinsic p-type contribution to the conductivity, 

through oxidation of oxygen vacancies formed upon acceptor doping, would be observable in the 

tan δ and/or DC conductivity of the composites. B-site substitution would decrease the associated 
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Tm of the BCT matrix and be deleterious to the attainment of X7R or X8R rated TCC. DS would 

reflect such behaviours with a shift in the high temperature permittivity peak associated to the 

matrix phase of the composite, whilst wavelength dispersive Spectroscopy (WDS) via Electron 

Probe Micro Analysis (EPMA) will be used to quantify the cationic distributions within the BCT-

60NNBT composites and attempt to link observed dielectric behaviours to the compositional 

distribution of the composites. Structural characterisation via XRD will be complimentary to WDS 

in assessing the compositional distribution of cations within the composite, specifically to identify 

phase formations.    

6.2 Experimental Conditions 

 

The BCT used as the matrix phase in the composites was industrially sourced, with its 

nomenclature, Ca content and particle size tabulated in table 6.1.  

Table 6.1: The industrially sourced BCT used in the targeted X8R ceramic composites 

Commercial Materials used as Matrix Phase in Composite 

Commercial Name Ca2+ Content (mol%) Composition Particle Size (nm) 

KCM200 0 BaTiO3 200 

BC3T-200 3 Ba0.97Ca0.03TiO3 200 

BC5T-T2 5 Ba0.95Ca0.05TiO3 200 

BC7T-200 7 Ba0.93Ca0.07TiO3 200 

All BCT-60NNBT composites were synthesised using the same hand mixed 80:20 wt.% ratio 

optimised for X7R rated TCC in results chapter 1: sintering conditions of 1250 °C for 0.5 hours: 

 

1250 °C 0.5 HR  

BCT-60NNBT 

(80:20wt%) 

Figure 6.1: The sintering conditions used to synthesise the BCT-60NNBT ceramic composites. 
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6.3 Isovalent Ca A-site doping of the BT matrix within the composite to 

meet X8R rated TCC specification 

6.3.1 XRD of commercially sourced BCT 

 

The XRD diffraction patterns for each of the commercially sourced BCT powders at room 

temperature are overlaid and shown in figure 6.2. The diffraction peaks are consistent with a 

P4mm (#99) tetragonal space group, the room temperature ferroelectric polymorph of undoped 

BT. The a ≠ c condition is reflected in the splitting of relevant peaks, figure 6.2 inset. All diffraction 

peaks are characterised and associated to the reflection conditions of the space group, indicating 

phase purity (on the bulk scale at least) for each of the BCT materials. Lattice parameter variation 

with Ca content is shown in figure 6.3 and tabulated in table 6.2. Figure 6.3 shows a decrease in 

both a and c lattice parameters with increasing Ca content, with the rate of decrease of the a lattice 

parameter greater than that of the c parameter.  This lattice parameter variability is evident in 

the shifting of the split (002)/(200) peak on figure 6.2 inset. The variability in lattice parameter 

decrease along these orthogonal axes results in the increasing tetragonality, c/a, that occurs with 

increasing Ca content, figure 6.3 and table 6.2. The c/a ratio does slightly decrease upon 3 mol% 

Ca addition into the BT A site sublattice prior to the subsequent increase. This is a product of the 

Figure 6.2: XRD patterns of the three BCT compositions used to form the ceramic composites. 
The inset reveals the tetragonal splitting forming the (200) and (002) diffraction peaks. 
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similarity between the decrease in a and c lattice parameters when moving from BT to BC3T, 

unlike the rest of the investigated solid solution range. The decrease in peak intensities with 

increasing Ca content can be associated to the lower atomic form factor of Ca relative to Ba, in 

conjunction with the relative displacements of Ti with the increasing c/a of the unit cell.  

The volume of the unit cell (not shown) will decrease with Ca concentration as a result of this 

combined reduction of both a and c. This is a size effect attributed to the lower ionic radii of 

Ca2+
(XII) (1.34 Å) relative to Ba2+

(XII) (1.61 Å)[86]. 

Table 6.2: The lattice parameter and corresponding c/a ratio variation with Ca content. 

Ca Content a (Å) c (Å) c/a 

0 (BT) 3.99286(74) 4.03244(10) 1.00991(31) 

3 (BC3T) 3.98833(66) 4.02761(94) 1.00984(29) 

5 (BC5T) 3.98504(73) 4.02679(103) 1.01047(32) 

7 (BC7T) 3.98012(58) 4.02544(82) 1.01138(25) 

6.3.2 The effect of Ca doping on Tc of BT 

 

Figure 6.3: The variation in lattice parameters and c/a ratio for tetragonal BT and BCT compositions 
investigated. A clear increase in the c/a ratio is observed with increasing Ca content. 
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Figure 6.4 compares the dielectric response of BT, BC3T, BC5T and BC7T.  

 

An increase in Tc accompanies Ca concentration, with Tc increasing from 122 °C in undoped BT 

to 129 °C in BC7T, representing a ΔTc of +7 °C. Of the compositions investigated, Tc only increases 

for 5 mol% onwards with respect to undoped BT; 3 mol% does not show a shift in Tc. Although 

the data shown are only for above-ambient conditions, the rise in permittivity at room 

temperature towards the tetragonal-orthorhombic phase transition clear in the undoped BT 

appears supressed for all BCT compositions. It is likely that the associated transition temperature 

has decreased with Ca substitution into the A-site sublattice. 

The tan δ is < 0.05 until 400 °C for 3 and 5 mol% Ca. The thermally activated increase in losses 

present within all samples, a product of DC conductivity contributions surpassing the local ac 

polarisation losses, occurs at comparatively lower temperatures within the undoped BT and 

BC7T. These compositions retain low losses, tan δ is < 0.05, until ~ 350 °C. Thus, good dielectric 

Figure 6.4: The effect of Ca doping on the dielectric response of Ba1-xCaxTiO3, 
including associated Tc shifting. 
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behaviour is retained for all BCT compositions across a temperature range that far exceeds the 

X8R intended operating conditions. However, the thermally activated DC losses that are initially 

supressed from BT via small Ca substitutions into the A-site reappear for BC7T. At lower 

temperatures, the local ac losses are greatest in the BCT compositions relative to undoped BT. 

BC7T shows the lowest losses within this sub-Tc regime compared to BC3T and BC5T which are 

comparable in value. 

6.4 Synthesis of BCT-60NNBT (80:20) composites for X8R rated TCC 

6.4.1 XRD of BCT-60NNBT composite 

 

The XRD pattern for the BC7T-60NNBT composite at room temperature is shown in figure 6.5, 

alongside the patterns of its constituent phases. The XRD pattern shown was measured using Cu-

Kα1,2 wavelength radiation (compared to lower wavelength Mo-Kα1 radiation used for previous 

refinements) to maximise the observable disparity between the tetragonally split peaks of the 

BC7T matrix phase and thereby better distinguish the heterophases that constitute the 

composite. Each of the BCT-60NNBT composites are plotted against each other in figure 6.6, 

showing comparable peak shapes and positions. No peaks outside of those expected for the 

Figure 6.5: XRD diffraction patterns of the BC7T-60NNBT composite overlaid against the patterns of its 
BC7T and 60NNBT components. 
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tetragonal BCT and pseudo-cubic 60NNBT are evident. Comparison of the (111) reflection for 

each composite reveals a shift to higher 2θ with increasing Ca content in the matrix phase used. 

This is consistent with the same observed shift in (111) for the BCT compositions sintered 

independently, figure 6.6 (right).  

The pattern may first appear pseudo-cubic on the basis of a lack of clear peak splitting. On closer 

analysis, many peaks are relatively broad and asymmetric, indicated from the inset of figure 6.5, 

something more exaggerated for reflections of higher d-spacing’s. For the inset of figure 6.5, this 

composite (200) related reflection (blue) exhibits a clear shoulder towards lower 2θ angles. This 

asymmetry is likely due to co-incidence of the constituent tetragonally split (200)/(002) peaks of 

the BC7T matrix and the (200) of the pseudo-cubic 60NNBT, with the shoulder specifically related 

towards the (002) peak of the BC7T matrix phase. The composite (200)-related peak maxima and 

shoulder are not perfectly coincident with the reflections of its component phases sintered 

independently. This suggests the interplanar spacing’s and thus lattice parameters associated to 

the BC7T and 60NNBT phases vary when substituted in as components of the composite 

macrostructure compared to their independently sintered equivalents. The shoulder of the 

composite peak associated to (002) appears closer to (200) in the composite compared to BCT 

Figure 6.6: The XRD patterns for the BCT-60NNBT composites with different Ca concentrations in the starting BCT 
phase (BC3T, BC5T and BC7T). The shift in the (111) peak indicates variability in lattice parameters caused by this 

different Ca concentration. This is consistent with the observed peak shift in the same (111) reflection with 
increasing Ca content for independently sintered BCT (Right). 
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sintered independently. This could result in a change in c/a ratio for BC7T when it is integrated 

into the unique microstructure associated to the composite. 

 

6.4.2 EPMA (WDS) of the BCT-60NNBT composites 

 

WDS was used via EPMA to quantify and map the A and B site cationic distributions throughout 

the BCT based composites. Figure 6.7 maps these cationic distributions alongside the 

morphological attributes of the BC7T-60NNBT composite sintered at 1250 °C for 0.5 hours. 

Figure B1 in appendix B shows the cationic distributions for BC3T-60NNBT. The intention of this 

cationic mapping is twofold: 

i) To map and qualitatively analyse the distributions of cations between the matrix and 

secondary phases within the composite, potentially identifying intraphasic 

compositional gradients 

ii) To analyse Ca concentrations within the matrix phase to suggest A or B site 

substitution via comparison against superimposable Ba or Ti deficiencies. The areas 

of the lowest Ba and Ti concentration within the matrix will be mapped and compared 

to areas of the highest Ca concentration in the matrix, identifying if these regions are 

superimposable. This may imply Ca site preference in the perovskite.   

A microstructure comparable to that obtained in figure 5.20 (results chapter 1) for the BT-

60NNBT composite is observed. This is, on the macroscale, a biphasic composite constituent of 

larger, micron length NNBT secondary phases of variable size and irregular morphology 

distributed relatively homogeneously amongst a matrix phase composed of BCT related sub-

micron grains more regular in shape, shown schematically in figure 5.20. Na and Nb 

concentrations are coincident with Ba and Ti deficiencies and superimposable upon these 

secondary phase regions, hence their assignment to the NNBT phase used in the pre-sintered 

composite mix. The proportion of the imaged surface area covered by these grains is much 

smaller, hence termed secondary phases, and is consistent with the smaller 20 wt.% mixing ratio 

of 60NNBT relative to the 80 wt.% of BCT. Likewise, the surrounding matrix phase is 

comparatively Ba, Ti and Ca rich, indicating a BCT type matrix. An extensive porosity network 

runs throughout this matrix phase, unsurprising for the low relative density calculated of 79.7 %. 
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Figure 6.7: Elemental mapping of A and B site cation distributions throughout BC7T-60NNBT ceramic 
composite, from WDS via EPMA. 
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Intragranular compositional variance is clear amongst the secondary NNBT phases with core-

shell type distributions existing along the cross section of many grains. For these compositionally 

variant secondary phases, NaNbO3-rich concentrations exist towards the inner portion of the 

grains. These concentrations are generally not centralised (at least for the cross section of the 

visible grains). This microstructure and compositional heterogeneity is shown schematically in 

figure 6.7.  Despite Ba and Ti concentrations appearing comparatively more uniformly distributed 

in the surrounding matrix phase, when the scaling is reduced, figure 6.8 a) and c), similar 

compositional variance is clear. This compositional variance is ‘intra-phasic’, extending across the 

matrix phase as opposed to being confined within each of the constituent sub-micron grains. Since 

figure 6.8 a –c) reveal heterogeneous cationic concentration is distributed throughout the matrix, 

it is worth understanding their relative coincidence. Should Ba or Ti deficient regions be 

superimposable upon Ca-rich areas, A or Ba site preference for the Ca substitution may be 

implied.   

 

Figure 6.8 d) and f) reveal the lowest 10% of Ba and Ti concentration within the matrix phase, 

with areas falling within this threshold marked in red. The upper 5 % of Ca concentration found 

within the BCT matrix phase is highlighted in red in figure 6.8 e). These data are presented 

a b c

d e f 

Figure 6.8: a -c) Ba, Ca and Ti elemental maps with a smaller scaling to reveal compositional heterogeneity within 
the matrix phase. d & f) Ba and Ti compositional deficiencies relative to the modal matrix composition. e) The top 

5% Ca concentrations within the matrix phase. 
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simultaneously in an attempt to visually and qualitatively associate high Ca concentration within 

the matrix to corresponding Ba or Ti deficiencies, thereby inferring the preferential A or B site 

occupation. There is, however, no visually clear suggestion of preference towards either site.  

Deficiencies in the Ba and Ti (that are not related to the NNBT secondary phases) do not appear 

to be consistently superimposable upon the observed Ca concentrations. They instead appear 

predominantly around the circumference of the NNBT secondary phases.   

 

6.4.3 DS of the Hand-mixed BCT-60NNBT composites 

 

The effect of using BCT as opposed to BT as the matrix phase of the composite is reflected in its 

dielectric response, figure 6.9. All BCT composites show comparable bi-phasic permittivity 

responses constituent of a diffuse, low temperature frequency dependent permittivity peak 

related to the NNBT phase, and a high temperature comparatively frequency independent 

permittivity peak associated to the BCT matrix phase. This high temperature response can be 

shown in figure B5 (Appendix B) to increase in width with increasing Ca content, relative to the 

dip that occurs ~ 100°C. Relative permittivity decreases in magnitude in proportion to the Ca 

Figure 6.9: The effect of Ca substitution on the dielectric responses of the hand mixed ceramic 
composites. 
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content, compared to the BT-60NNBT parent composite. The BC3T and BC5T based composites 

are much closer in permittivity magnitude than BC5T and BC7T based composites. There is 

variation between the relative densities of each composite system investigated, varying from 79.7 

% in the BC7T system to 86.5 % in the original BT-60NNBT composite, as all BCT composite 

systems exhibit a relative density lower than that quantified for the BT-60NNBT composite of 

results chapter 1.  

The BCT-60NNBT composites retain good dielectric responses across the X8R operating 

temperature range, with the trend in local and DC/higher temperature losses reflecting that 

observed between the independently sintered BT and BCT in figure 6.4. That is, the BT and BC7T 

lose dielectric behaviour towards lower temperatures compared to BC3T and BC5T based 

composites. tan δ < 0.05 up to 475 °C for the BC3T and BC5T composites, whilst BT and BC7T 

show higher losses and exceed this arbitrary tan δ = 0.05 threshold at comparatively lower 

temperatures, 410 and 350 °C, respectively. Comparing figure 6.4 and 6.9, although the trends in 

dielectric loss are comparable between the independently sintered BCTs and the BCT based 

composites, the temperatures where tan δ > 0.05 are much higher for the composite systems than 

for the independently sintered BCT samples. This increase in dielectric losses towards higher 

temperatures is indicative of thermally activated DC conduction, and such long-range losses 

appear to have been supressed for the BCT when used as a matrix phase of this binary composite 

relative to its monolithic equivalent. 

Below the Tm attributed to the BT/BCT related high temperature permittivity peak, the BCT 

composite systems exhibit higher dielectric losses with respect to the BT composite. Higher, local 

polarisation related losses are incurred within these BCT composites at these lower 

temperatures. At sub-ambient conditions these now AC/local losses are virtually superimposable 

amongst the BCT composites, but greater than that of the BT system. Variability is only observed 

towards the lower end of the measured temperature range, -133 < T (°C) -100. Within this range, 

tan δ is greatest for the BC7T composite and lowest for the BC5T composite. This compares to the 

permittivity response in the according temperature range, with a more gradual decline in 

permittivity observed in the BC7T composite and the sharpest decline observed in the BC5T 

sample. The incline in tan δ towards room temperature, met with a sudden drop, is a product of 

the differing experimental environments the sample is exposed to during sub- and above-ambient 

DS2. 

 
2 Moisture adsorbed/absorbed onto/into the sample consequent of the atmospheric conditions in the post-
ambient testing jig induce higher losses which eventually decrease as the sample is heated. In the cryostat 
used for sub-ambient DS, the low pressure necessary for cooling results in moisture vaporisation from the 
sample, producing low losses on account of a decrease in the charge carrier concentration. Merging of the 
data results in a step-type increase in losses observed at room temperature as the sample is heated. 



158 
 

Figure 6.10 compares the TCC associated with the various BCT-60NNBT composites and the X7R-

rated BT-60NNBT from results chapter 1. It is clear that although all BCT-60NNBT composites 

sustain X7R rated TCC stability, only the BC7T based composite shifts the T-15% to a temperature 

sufficiently high enough to meet X8R TCC requirements. BC7T addition shifts the T-15% by 17 °C, 

whilst BC3T and BC5T only increase it by 8 and 9 °C, respectively.  

 

Table 6.3: Tm associated to the BT/BCT permittivity maxima in the composite responses of figure 6.9 

Composition in composite Associated Tm (°C) 

BT 121 

BC3T 121 

BC5T 121 

BC7T 122 

 

Despite the observable difference in Tc between these BCT compositions when sintered 

independently, figure 6.4, there is no variation in Tm associated to the BT and BCT related 

permittivity peaks in the composite system, as shown in table 6.3. The Ca concentration does not 

appear to have shifted Tm as had been expected, yet T-15% has still successfully shifted to elevated 

temperatures as intended.  

Since an increasing diffusivity/width of the BCT-related permittivity peak had been quantified in 

figure B5, could this have been responsible for the shift in T-15%, effectively delaying the onset of 

Figure.6.10: The effect of variable BCT as the matrix phase on the TCC of the ceramic composites. The image on the 
right reveals the shift in T-15% with BCT, with X8R TCC specification met only by the BC7T based composite. 
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the Curie-Weiss permittivity decay? Or could the different Ca concentrations instead be changing 

the relaxor parameter γ that describes the rate of polarisation decay beyond the ferroelectric-

paraelectric transition? To try and understand the underlying contribution to this T-15% shift, the 

Curie-Weiss plot, figure 6.11, and the modified logarithmic Curie-Weiss plot (results chapter 1, 

equation 5.5) which linearises the permittivity decay beyond Tm, was plotted, figure 6.12. Both 

the Curie-Weiss and modified Curie Weiss plots, figure 6.11 and 6.12 respectively, are 

complimentary in showing how the permittivity decay varies between each of the composites. 

This is clear from the different gradients observed for increasing 1/εr above Tm (~ 121 °C) in 

Figure 6.11: Curie-Weiss plots showing the reciprocal of relative permittivity (1/εr) with 
temperature at 250 kHz for each of the BCT composites synthesised. 
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figure 6.12.  The benefit of linearising the depolarisation response using equation 5.5 and plotting 

as figure 6.12 is the quantification of this diffusivity in permittivity decay, with γ. Figure 6.12 

reveals not only variability in this depolarisation decay between BCT composites, based on the 

differing linear fits, but that two different decay regimes are apparent as two linear fits. This is 

also suggested from the bending of the Curie Weiss plot in figure 6.11. 

These two depolarisation regimes are termed γ-Low temperature and γ-High temperature in 

figure 6.12. Since the T-15% falls within the γ-Low temperature regime, it is this area that will 

concern our attention. There is a variable γ parameter between the composites within this region, 

varying from 1.92 in the BC7T composite to 2.16 in the BC5T composite (which exceeds the 

maximum coefficient value of 2 proposed in the modified Curie Weiss law). Importantly, there is 

no trend in this diffusivity parameter nor are they sufficiently disparate to attribute the 

significant shift in T-15% between the composites to variable intrinsic depolarisation responses 

that yield γ.  

When comparing the γ-Low temperature linear fit of the composites of figure 6.12, the major 

difference between these depolarisation responses is the temperature it takes for the response 

to converge to this linear temperature dependence with this associated γ. Figure 6.12 (right) 

shows markers, white stars, that highlight the temperature range taken to converge from Tm to 

the linear fit. Quantification of this convergence range, termed Δln(T-Tm), shows that the 

temperature taken to converge to its intrinsic low temperature depolarisation response increases 

with Ca concentration, and is greatest for BC7T. This result is consistent with the peak widths 

Figure 6.12: The natural logarithm of the polarisation decay in the BCT-composites. The intrinsic polarisation decay due to 
increasing thermal motion is interrupted, changing gradient at high temperatures due to DC losses adding a competing, 
thermally activated contribution to polarisation. The data converges to its linear, intrinsic polarisation decay in the low 

temperature regime slowly as a result of the diffuse BCT permittivity peak, with the convergence temperature range 
marked out and quantified in the bottom image with white markers. 
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associated to the BCT permittivity peak being greatest for the BC7T composite, figure B5, and 

thus this convergence temperature range is a product of the increasing peak widths of the BCT 

permittivity peak in the composite permittivity responses. This relationship between 

convergence range and Ca content is consistent with that for the T-15% shift.  The close proximity 

of T-15% for BC3T and BC5T-based composites, separated by just +1 °C, is very much comparable 

to a close proximity of the Δln(T-Tm), separated by just 0.04. This compares well with BC7T 

composites which show a much larger of T-15%, variation from BC3T composites of ~9 °C and a 

Δln(T-Tm) ~ 1.13.    

 

6.4.4 IS of BC7T-60NNBT Composites 

 Z* plots and Z’’/M’’ spectroscopic plots for the X8R rated BC7T-60NNBT composite, at 500 °C, are 

shown in figure 6.13 and 6.14, respectively. The composite is overlaid with its components and 

the X7R achieving BT-60NNBT composite from chapter 1 (at the same temperature). The Z* plots 

for both composites are irregular elongated arcs, a potential representation of a heterogeneous 

electrical microstructure. This electrical microstructure could be composed of multiple parallel 

RC elements with varied R, C values, but hidden under the guise of this ‘single’ elongated arc. In 

Figure 6.13: The Z* response of the BC7T-60NNBT composite, compared against its BC7T 
and 60NNBT samples (independently sintered) and the BT-60NNBT predecessor from 

Chapter 1. 
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this case the element with the greatest DC resistivity dominates the Z* plot. The broad M’’ (and 

Z’’) peaks of the BC7T composite, figure 6.14, are comparable in suggesting this electrical 

heterogeneity. The disparity in fmax between the diffuse M’’ and –Z’’ peaks suggests that these 

separate RC elements vary in R and C and each dominate one of these two immittance formalisms. 

The more conductive element with the greatest fmax and lowest R value is not scaled on the Z’’ 

peak but exhibits a smaller capacitance compared to the other more resistive element, based on 

its dominance of the M’’ peak scaling. This is of course a primitive description of a serial 

connectivity between two parallel RC elements of differing conductivities and capacitances. The 

reality is likely a distribution of conductivities throughout the composite, with a more 

complicated connectivity. It does, however, serve well to describe the effects compositional 

heterogeneity induce on producing such a –Z’’/M’’ response. No low frequency spike is evident in 

the Z* plot (figure 6.13) or on the –Z’’ spectroscopic response (figure 6.14). 

The total DC conductivity of the BC7T-60NNBT composite is more consistent in magnitude with 

its most resistive component, 60NNBT, compared with the BT-60NNBT composite from results 

chapter 1, based on similarity of Z* diameters (Z’ intercept values) in figure 6.13. The composite 

is slightly lower in DC resistivity based on its smaller intercept value (1.95 vs 2.39 MΩcm).  The 

BC7T-60NNBT composite appears orders of magnitude more resistive than the total DC 

resistivity response of its matrix phase, BC7T, which dominates the volume fraction of the 

Figure 6.14: The Z''/M'' spectroscopic plots of BC7T-60NNBT at 500 °C, overlaid with its BC7T and 
60NNBT components at the same temperature (sintered independently). 
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physical microstructure. BC7T-60NNBT also appears more conductive than its BT-60NNBT 

predecessor, based on the smaller diameter of this Z* arc (1.95 vs 5.61 MΩcm). These conductivity 

relationships are better visualised in figure 6.16, showing the Arrhenius-type temperature 

dependence of total DC conductivity for all of the composite systems as calculated from the Z’ 

intercept value of the single elongated Z* arcs.  

Comparison between the M’’/Z’’ spectroscopic plots for each of the BCT-60NNBT composites, 

figure 6.15, reveal an electrically heterogeneous microstructure for all BCT composites. The Z* 

plots appear as single elongated arcs for all composites, particularly for BC3T and BC5T based 

composites. For these composites, the M’’ peaks appear significantly more asymmetric, 

constituent of at least two relatively distinguishable peaks with differing fmax. For the BC7T based 

composite heterogeneity in the M’’ peaks is less apparent, and is instead better distinguished from 

the disparity in fmax between its M’’ and –Z’’ peak maxima. In all cases, the impedance is dominated 

by the most resistive parallel RC element but the capacitance response is more convoluted, 

particularly so for the BC3T and BC5T composites as a result of the closer similarity in C 

magnitudes (with multiple peaks manifested in M’’) compared to the BC7T composite. 

An additional commonality is clear between the BC3T and BC5T based composites in that the 

more resistive RC element exhibits the smaller capacitance, whilst the more conductive element 

shares the biggest capacitance. For the BC7T based composite, the converse is true. The M’’ 

asymmetry (the shape of the M’’ peaks) is consistent within these two BC3T and BC5T based 

composites. For all of the composites, the difference between the fmax associated to each of the 

two regions of disparate conductivity (separate RC elements) are similar, i.e. each RC response is 

Figure 6.15: left): a comparison of the Z* plots at 500 °C for each of the BCT-60NNBT 
composites. right): Comparison of the M’’/Z’’ spectroscopic plots for each of the BCT-60NNBT 

composites at 500 °C. 
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of similar frequencies for all of the composites. This suggests that the capacitance variation 

between the two RC elements/ contributory electroactive components of the composite is more 

extensive than the variability of each regions conductivity. The capacitance magnitudes for each 

of the electroactive regions that respond for each BCT composite are all in the ~10-11 Fcm-1 range. 

Thus, each response considered can be described as a bulk-type contribution to the electrical 

microstructure.  

The variation in total DC conductivity calculated from the diameter of the Z* arcs for each of the 

BCT-60NNBT composites is plotted in figure 6.16. The total DC resistivity of the BC7T-60NNBT 

composite is smaller compared to these other two composite systems, clear from the smaller Z* 

arcs shown in figure 6.15 and the total conductivity distributions for the composites plotted in 

figure 6.16. This is also reflected in the higher dielectric loss observed, indicating a consistency 

between the local ac losses and longer-range DC conductivity. All composites, however, show a 

total DC conductivity that is lower than its component phases, and are all similar in magnitude. 

Towards higher temperatures, all of the BCT composites appear to converge to a consistent 

conductivity and share similar activation energies, tabulated in table 6.4. this ranges from 1.16 ± 

Figure 6.16: The temperature dependence of the total conductivity for each of the composites 
synthesised (BT and BCT based), as well as the component phases sintered independently. 

These conductivities were extracted from the Z’ diameters of the Z* arcs. 
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0.01 eV in the BC7T based composite to 1.54 ± 0.01 eV in the BC3T composite. The low 

temperature regime for the two more conductive composites, BC3T and BC7T based composites, 

show an additional linear temperature dependence, with a lower and very comparable activation 

energy of 0.76-0.77 ± 0.07 eV. It is also quite probable that could the total conductivity of the 

BC5T based composite have been measured to lower temperatures, a similar activation energy of 

conduction could have been derived.  

 

Table 6.4: The activation energy associated to the high and low temperature total DC conductivity 

regimes of the BT,BCT-60NNBT composites and their component phases sintered independently. 

Activation energy associated to the total DC conductivity of BT,BCT-60NNBT 

composites 

Sample Low Temperature Ea (eV) High Temperature Ea (eV) 

BC3T - 1.38 ± 0.02 

BC7T - 1.35 ± 0.02 

60NNBT 1.38 ± 0.07 1.53 ± 0.05 

BT-60NNBT 1.30 ± 0.02 1.51 ± 0.01 

BC3T-60NNBT 0.77 ± 0.07 1.54 ± 0.01 

BC5T-60NNBT - 1.53 ± 0.03 

BC7T-60NNBT 0.76 ± 0.07 1.16 ± 0.01 

 

 

6.5 Discussion 

 

Rietveld refinements of the XRD data of BT and BCT powders shown in figure 6.2 reveal a phase 

pure P4mm tetragonal symmetry, unsurprising as the maximum Ca concentration, 7 mol%, does 

not surpass the solid solution limit of ~ 25 mol% [90]. The volumetric contraction observed in 

figure 6.3 is consequent of the size effect induced by the comparatively smaller Ca2+(XII) (1.34 Å) 

substituting for Ba2+
(XII) (1.61 Å) [86,87]. The rate of decrease of the a parameter is greater than 

for the c parameter inducing the progressive increase in the c/a ratio observed in figure 6.3. This 

tetragonality is induced by the effect of the small and consequently under-bonded Ca displacing 

away from the A-site centre in order to reduce its anion coordination [96,98]. This contributes a 

dipolar charge imbalance compared to the larger Ba which is capable of centralising in the large 

12-fold coordination environment of the BT A-site. It is also proposed that the Ca displacements 
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and the varied Ca-O bonding environment that occurs can change the ground state for the Ti-O 

interactions, with Ti interactions/energies (specifically orbital hybridisations) previously 

suggested to be influential in the Ti intraoctahedral off-centring [88,96]. In this way, Ca off-

centring can directly interact and couple to the Ti displacements and stabilise this ferroelectric 

dipole moment to higher temperatures. The shift in Tc to higher temperatures with increasing 

c/a ratio, figure 6.4, suggests this A-site occupation and subsequent Ca off-centring is occurring. 

B-site occupation, either independently or simultaneous to A-site Ca occupation, has been 

reported to dramatically decrease Tc and thus from figure 6.4 we can suggest this has not 

occurred. B-site occupation would alleviate some of the Ca-O bond straining by changing the 

anion environment that coordinates such (introducing oxygen vacancies), reducing c/a, which 

has not occurred. The tan δ associated to the higher temperature DC losses in BC3T and BC5T are 

lower compared to BT and BC7T, and do not suggest any significant acceptor doping of Ca. 

Instead, Ca has been reported to increase the enthalpy of reduction when doped into the A-site of 

BT [101]. The lower concentration of oxygen vacancies formed in BC3T and BC5T with respect to 

BT as a result of this enthalpy change will result in a lower p type conductivity upon re-oxidation 

on account of fewer charge carriers. This suggests this rise in tan δ is caused by this intrinsic p-

type conductivity contribution. In BC7T the tan δ is very similar to that of the undoped BT. 

Perhaps the enthalpy for reduction is no longer as high considering the more extensive under 

bonding between the Ca and O, and thus charge carrier density is able to increase to a similar 

extent seen within undoped BT. 

When these BCT compositions are used with 60NNBT to form a composite structure equivalent 

to that of results chapter 1, under the same sintering conditions, SEM micrographs in figure 6.7 

confirm a 3-0 composite macrostructure equivalent to the one seen within the BT-60NNBT is 

replicated, shown schematically in figure 6.7.  Significant porosity is observed again, in agreement 

with the calculated relative density of ~ 79.7 %. WDS elemental mappings, figures 6.7 and 6.8, 

reveal clear compositional heterogeneity in both the BCT matrix and NNBT secondary phases of 

the composites, something not discernible from the insufficiently resolute EDX analyses of figure 

5.20. The diffusivity of the low temperature NNBT related response was noted in the previous 

chapter as being far more diffuse than that expected of independently sintered, nominal 60NNBT, 

shown in figure 5.6. Here we have evidence that this low temperature diffusivity is the product of 

a serial connectivity of slightly different relaxor NNBT compositions, each with shifted Tm.  

A perovskite stoichiometry appears to be retained based on the superimposable Ba:Ti and Na:Nb 

concentrations, such that A:B ratios would be conserved at ~ 1. No regions of irregular cation 

concentration not expected of BCT or NNBT type phases is evident within figure 6.7. This is 

complimentary to the XRD analysis of the composites in figure 6.5 and 6.6, where all reflections 
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can be associated to interplanar spacings consistent with a perovskite symmetry. No additional 

reflections are characterised. It should be considered, however, that many of the peaks are quite 

diffuse as a result of the coincident tetragonally split BCT and pseudo-cubic locally variable 

60NNBT. There is also likely a large strain component associated to the composite microstructure 

formed of different grains shapes and morphologies with a high interfacial surface area. 

Additional reflections could be hidden within these diffuse reflections. Comparatively NN rich 

cores are relatively centralised within these NNBT secondary phase grains. This could be a 

function of the NN related phase impurities that are present in the 60NNBT calcined powders, 

chapter 1 figure A5. These impurities could act as a nucleation site for the formation of these 

intragranular asymmetric concentration distributions within the NNBT grains of the composite 

upon sintering. It would be interesting to map the compositional variance within secondary phase 

grains in a composite system formed of 60NNBT that is phase pure post calcination to analyse the 

influence of phase impurities on these intragranular compositional gradients.  

Ca deficiency (relative to the matrix phase) is superimposable upon the larger secondary NNBT 

phases (alongside Ba and Ti deficiency), however the outer edges of these phases do show Ca 

intensity suggesting some (but little) Ca diffusion and substitution into the NNBT phase has 

occurred. This Ca is then confined to the (comparatively) BT-rich NNBT outer circumference of 

these grains. This is likely influential on the decrease in NNBT related permittivity magnitude 

with increasing Ca content, from figure 6.9, as it is unlikely to be density induced since all BCT-

60NNBT composite densities are of comparable magnitude. The relative densities decrease by 1.6 

% between BC3T and BC7T composites, but permittivity decreases by ~ 35 %, which is 

excessively large to be associated to a density contribution. Ca is comparatively less polarisable 

than the Ba for which it dopes for in both the matrix and outer regions of the NNBT secondary 

phases. The preferential off centring of Ca in the cubo-octahedral A site coordination was 

previously described to couple to the B cation displacements in BT, influencing the observed 

increase in Tc. Here, in NNBT phases where the permittivity contribution is influenced by 

localised, nanoscale Nb cation displacements from second order Jahn Teller instabilities, the 

heterogeneous distribution of Ca which is likely to interact electronically with these Nb cations, 

influencing the cooperative dipolar correlations and the size/dynamism of the PNRs that resulted 

in the large permittivity observed in 60NNBT. Alternatively, there could be the formation of a low 

permittivity secondary phase, that exists at low quantities to avoid detection via XRD and has not 

been observed by WDS/SEM, which only probes a small select cross sectional surface of the 

composite. 

The compositional heterogeneity of the BCT matrix phase clear from WDS elemental mappings of 

figure 6.7 and 6.8 results in a distribution of BCT components constituting the matrix, each with 
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varied Tm and associated volume fractions. The modal concentration of BCT in each composite 

may be similar based on the comparable Tm associated to the high temperature permittivity 

peaks, ~ 121 °C from table 6.3, but the range of BCT compositions is inherently different within 

the composites, and greatest in the BC7T system. This is a consequence of its larger starting Ca 

concentration in the BC7T material. This larger range of BCT compositions induces the increasing 

width of the BCT related permittivity peak, figure B5, since each effective BCT composition will 

have an inherently different Tm. The broader high temperature permittivity response for the 

BC7T composite delays the onset of the intrinsic thermally induced Curie Weiss depolarisation. 

This is shown in figure 6.12 as the onset of linear Curie Weiss depolarisation is converged to at 

higher temperatures for BC7T composites compared to BC3T or BC5T equivalents. There are a 

greater number of higher Ca doped BCT compositions in the BC7T system that are capable of 

sustaining polarisation towards higher temperatures, producing this deviation from linearity. 

The result is a shifting of T-15% to higher temperatures and attaining X8R rated TCC, clear from 

figure 6.10. The strain imposed by the compositional distribution within the matrix phase could 

also influence the stabilisation of tetragonal distortions within the matrix phase to higher 

temperatures, contributing to the diffusivity of the BCT related permittivity maxima in the BC7T 

composite.  

Figure 6.8 was utilised to reveal any potential coincidence between the Ca rich areas and the 

Ba/Ti deficient areas. This could have revealed the A or B site location of Ca within the matrix 

phase, particularly important to see if A-site substitution had been retained when the BCT was 

integrated into the composite. However, Ba and Ti deficiencies within the matrix phase 

predominantly occur along the circumference of the secondary phase grains and are difficult to 

correlate to the sites of Ca concentration. It is difficult to associate a particular sub lattice 

environment for the Ca within the composite from such mappings. Attempts to quantify A:B ratios 

were hampered by experimental issues, and although not shown, gave unexpectedly low cationic 

wt.% distributions with ratios that offered little interpretation. This is likely a product of the high 

degree of porosity within the composite samples, which encourages multiple scattering events 

for photoemitted electrons, changing their associated energies and wavelengths. The tan δ data 

remains relatively low for all composites whilst Tm remains ~ 121 °C, clear from figure 6.9, which 

remain the best indication of A site Ca occupation with respect to this WDS analysis attempt.  

All composites, BCT and BT based, offer a total DC conductivity lower than their component 

phases sintered independently. These are ‘banded’ together with the BT-60NNBT composite, 

clear within the green area of figure 6.16, showing somewhat comparable activation energies and 

conductivity magnitudes across the entire temperature range. At high temperatures, the linear 

temperature dependence of conductivity and associated activation energies are of similar 
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magnitudes. These are 1.51, 1.54 and 1.53 ± 0.01 eV in the BT, BC3T and BC5T composites and a 

lower 1.16 ± 0.02 eV for the BC7T based composite. This is typical of a value expected for intrinsic 

band conduction, based on the reported band gaps of BT (~3.2 eV) [266] and NN (~3.4 eV) [267]. 

For the latter three composites, this activation energy is almost identical to that quantified for 

60NNBT, 1.53 ± 0.05 eV (Chapter 1), and slightly larger than that expected for the independently 

sintered BC3T and BC7T, 1.38 and 1.35 ± 0.02 eV, respectively. This might suggest a dominance 

of the DC conductivity at these elevated temperatures by the 60NNBT secondary phase. For the 

former, the BC7T based composite, the activation energy is lower than what would be expected 

of intrinsic band conduction in either of its component phases.  

For the composites with measurable Z* responses at lower temperatures (the more conductive 

composites BC7T and BC3T), a separate linear temperature dependence of conductivity is 

observed. This linear region has a comparatively lower gradient and thus activation energy 

compared to the high temperature conductivity dependence.  This activation energy is ~0.76 ± 

0.07 eV in the BC3T and BC7T based composites, typifying extrinsic defect dominated conduction. 

This low temperature regime is likely highly sensitive to the pre-sintering processing of the 

composite. Defects and inter-granular interfacial effects are likely to influence the energy barrier 

for conduction. The low temperature conductivity response would likely vary between different 

samples of with the same component phases, based on the unique microstructures they yield. 

Repeat measurements may also reveal dissimilar conductivity behaviours, particularly if defects 

and associated energies change upon the thermal history of the sample. For the BC7T based 

composite, the high temperature activation energy is lower than what would be expected of 

intrinsic band conduction in either of its component phases, but higher than that observed at 

lower temperatures. This could imply a potential crossover between extrinsic and intrinsic 

conduction states. Alternatively, this lower activation energy is closer to that quantified for BC7T 

(1.35 ± 0.02 eV, table 2.3) than 60NNBT and could suggest a transition between the dominant 

electroactive material. This might transition from 60NNBT dominant in the BC3T and BC5T 

composites to BC7T dominant in this BC7T composite. The BC7T composite had been described 

to offer a more compositionally broad BCT matrix that shifted T-15% to a greater extent than the 

other two BCT composite systems, figure B5. Perhaps the interconnectivity of these 

compositionally variant BCT species is then yielding this variable activation energy compared to 

the independently sintered BC7T. 

Such a difference between BC7T based composites and the other two BCT composite systems is 

unsurprising since the BC3T and BC5T have been comparable to each other and different to BC7T-

composites in other electrical/dielectric analyses. They both share closer permittivity 

magnitudes and T-15% values. Their M’’ responses share similar profiles in terms of the more 
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resistive electroactive region offering the smallest capacitance. This is the converse to that of the 

BC7T composite, figure 6.15. This could also be indicative of a switch between the dominant 

electroactive material in the electrical microstructure, since the larger 60NNBT grains would 

inherently offer a lower capacitance and potentially correlate to the more resistive element in the 

BC3T and BC5T based composites. For BC7T, the more resistive element offers the smaller 

capacitance and thus the total impedance could be dominated by the BC7T related phases.  

This is, of course, assumes each of these electroactive regions separated from one another based 

on the irregularly shaped M’’ and disparate fmax correspond to each of these phases. The 

equivalent circuit is also likely to be much more complicated than a serial connection of two 

parallel RC elements, making this analysis primitive and qualitative. The roles of interfacial 

capacitances and resistances in such an irregular and variable microstructure will most likely 

influence the total impedance response of the composites and make reliable interpretation 

difficult.  

6.6 Conclusions 

X8R rated TCC can be achieved for the BC7T-60NNBT composite system when utilising the same 

80:20 wt.% pre-sintered mixing ratio optimised for X7R rated TCC in the BT-60NNBT (results 

chapter 1) and equivalent low dwell sintering conditions of 1250 °C for 0.5 hours. Ca concentrates 

locally throughout the matrix phase, producing a distribution of BCT components. The resulting 

effect of variable Tm associated to these volume fractions of locally variant BCT is a diffuse high 

temperature permittivity response. This diffuse permittivity response stabilises the polarisation 

to temperatures beyond the conventional Tc of independently sintered BCT materials, delaying 

the onset of thermally induced Curie Weiss type depolarisation to an extent that shifts T-15% above 

the 150 °C X8R threshold. WDS has revealed intragranular compositional variance within both 

bulk components phases of the composite that sustain diffuse permittivity responses in the low 

and high temperature regimes, essential for the TCC stabilisation acquired. 

Obtaining the X8R rated criteria by substituting BT for BC7T comes at the expense of significantly 

reduced room temperature permittivity, decreasing by nearly one half to ~1100, and greater 

dielectric losses. Porosity is still prevalent throughout the composite microstructure and based 

on the need for thinner layers of the BC7T-60NNBT dielectric to attain device capacitance 

consistent with the higher permittivity BT-60NNBT, porosity will likely be costly for the induction 

of premature electric field induced dielectric breakdown. 

The next stage of the composite system for use as an MLCC dielectric is to assess commercial 

feasibility. Specifically, the subsequent results chapter will investigate if a comparable dielectric 

response can be replicated using synthesis conditions and materials more relevant to 
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commercialisation, including ball milling and commercial nanopowders. The density will be 

improved without compromising compositional heterogeneity, and electric field strengths will be 

quantified.  

6.7 Appendix B  

 

 

 

 

 

 

 

 

BSE 

Figure B1: Rietveld Refinement of BC3T sintered at 1290 
°C for 5 hours. 

Figure B2: The Rietveld refinement of the BC5T sample 
sintered at 1290 °C for 5 hours 

Figure B3: The Rietveld refinement of the BC7T sample 
sintered at 1290 °C for 5 hours 
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Figure B5: A comparison of the width of the BCT related permittivity peaks in the hand 

mixed BCT-60NNBT composites. 

Figure B4: The distributions of A and B site cations composing the BC3T-60NNBT composite 

sintered at 1250 °C for 0.5 hours. Compositional heterogeneity is clear in the matrix and secondary 

phases. 
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7  Results Chapter 3: Industrial scalability of the BCT-

60NNBT composite system 

 

7.1 Introduction 

 

The previous results chapter concluded with the ability to achieve X8R-rated TCC specification 

for a hand-mixed composite arrangement of BC7T and 60NNBT in an 80:20 wt.% mixing ratio. 

Density calculations and SEM micrographs revealed an extensive degree of porosity exists within 

these composite systems investigated, ranging from 79.7 to 86.5 % in BC7T and BT based 

composites, respectively. This is inherent of the low sintering dwells afforded to the composites, 

used to retain the electrically distinguishable compositional heterogeneity that is essential for the 

provision of the TCC achieved. Low densities are deleterious to the magnitude of the permittivity, 

but potentially more significantly, offer comparatively lower electric field induced dielectric 

breakdown strengths with respect to fully dense ceramics. Specifically, pores act as nucleation 

site for dielectric breakdown on account of the large local electric fields that are geometrically 

induced around the circumference of the pore (depending on size, shape distribution and pore 

inter-connectivity of course) [268,269]. Prospective integration into MLCCs is hoped for these 

composite dielectric systems, but the higher electric fields these thin dielectric layers are typically 

exposed to, compared to the bulk ceramics analysed so far, will likely prove problematic on 

account of this significant porosity observed. Increasing the densification at current sintering 

conditions would be optimal to reduce porosity and retain the same extent of compositional 

heterogeneity that has yielded the good, repeatable, X8R rated dielectric responses.  

Glass is often used industrially in low weight percentages as a sintering additive, to lower 

sintering temperatures, improve densification and limit grain growth [270]. This occurs typically 

through a liquid phase sintering mechanism [271], as the glass melts at lower temperatures with 

respect to the ceramic, wetting the grains, re-packing and densifying with high associated 

kinetics. Glass can therefore help improve breakdown through a reduction in porosity, but also in 

controlling grain sizes by inhibiting grain coarsening stages during sintering, with breakdown 

frequently improved in proportion to grain boundary density [272–274]. Large quantities of 

literature have been dedicated to the use of glasses for this control over microstructure and 

dielectric breakdown strengths, including in BT [275–277], where the lower sintering 

temperature afforded by glasses is also beneficial for BME electrode integration. In ceramics with 

prospective use as high energy density capacitors, such as Ba0.4Sr0.6TiO3 (BST) [278–284],  glass 
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addition facilitates an enhancement of breakdown strength which allows linearly polarisable 

dielectrics to achieve higher maximum polarisation and increase the recoverable energy densities 

stored.  

Additions of glass to the composite system would be useful in reducing porosity that has been 

extensively characterised, without the need of extending sintering temperatures or dwells that 

would be deleterious to the compositional heterogeneity that sustains the X8R rated TCC.  Glass 

will be added in varied quantities with density, DS and electric field induced polarisation 

behaviour (P-E response) characterised, associating a field induced breakdown strength to the 

composites.  SEM/EDX will characterise any changes in microstructure imposed by the glass 

sintering additive, with correlations made to the DS results. The composite systems will then be 

synthesised with a more commercially feasible synthesis route to assess industrial scalability. 

This includes the composite pre sintered components being milled via ball milling as opposed to 

hand mixing, which would afford larger batch sizes necessary for commercialisation. DS 

responses of ball milled and hand mixed composites will assess if reproducible X8R rated 

dielectric response can be sustained upon this milling transition. It would also be preferable to 

synthesise the 60NNBT secondary phases during sintering from interdiffusion between the 

commercial NN and BT in a stoichiometric ball milled mixture of BCT, NN and BT. This would 

alleviate an additional calcination step to form 60NNBT pre-milling, expediating composite 

synthesis and reducing costs. DS will analyse the effect a stoichiometric mix of these commercially 

available nano powders has on reproducing the X8R rated permittivity response. 
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7.2 Experimental Conditions 

The B7CT and BC3T used in the composites was industrially sourced, with their nomenclature, 

Ca content and particle size tabulated in table 6.1. The industrially sourced glass mixed into the 

composites pre-sintering, via a 6 hour wet ball milling, has the composition tabulated in table 7.1. 

Table 7.1: The compositional content of Asahi glass, used as a sintering aid for enhanced 

composite densification, sourced from Kyocera-AVX. 

Asahi Glass Sintering Additive Data Sheet – As Received from 

Kyocera-AVX 

Composition (wt.%) 

SiO2 40.1 ± 2.0 % 

BaO 40.9 ± 2.0 % 

CaO 14.5 ± 1.0 % 

Li2O 4.0 ± 0.5 % 

SrO 0.8 % Max 

Al2O3 0.15 % Max 

Fe2O3 0.05 % Max 

Particle Size Distribution (Diameter, µm) 

Post Milling D50 0.85 

Post Milling D90 1.60 

Thermal Properties (°C) 

Transition Point 555 ± 20 

Softening Point 630 ± 20 

 

All BCT-60NNBT composites were synthesised using the same 80:20 wt.% ratio optimised for 

X7R rated TCC in results chapter 1, with the same sintering conditions of 1250 °C for 0.5 hours: 

 

1250 °C 0.5 HR  

BCT-60NNBT 

(80:20wt%) 

Figure 7.1: The sintering conditions used to prepare the BCT-60NNBT ceramic composites. 
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7.3 Hand-Mixed vs. Ball-Milled BC7T composites  

 

7.3.1 XRD of Hand-Mixed and Ball-Milled BC7T Composites 

The XRD patterns comparing the BC7T-60NNBT composites made from a pre sintering 0.5 hour 

hand mixing and a 6 hour ball-milling of the component phases are shown in figure 7.2. All 

reflections accounted for by the overlapping of the P4mm BC7T and Pm-3m pseudo-cubic 

60NNBT reflections, and are coincident between the two composites regardless of their pre-

sintering mixing mechanism. No additional phases are evident from the lack of additional 

reflections. Slight shifting in 2θ is apparent between the two composites, shown on the inset 

image of figure 7.2 for the (101)(110) reflections. There are slight changes in peak intensities 

between these two composites. 

Figure 7.2: The XRD diffraction patterns for BC7T-60NNBT composites formed from 
hand mixing vs ball milling of its constituents. 
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7.3.2 DS Responses of Hand-Mixed vs Ball-Milled BC7T composites 

 

A comparison of the dielectric responses of the BC7T composites where pre sintering processing 

varies between hand mixing (black) and ball-milling (red) of the BC7T and pre-calcined 60NNBT 

is shown in figure 7.3. The permittivity magnitudes vary slightly, with the ball milled sample 

offering a room temperature permittivity ~ 50 lower than the hand mixed sample. Both 

composites exhibit a permittivity magnitude in excess of 1200 at room temperature. The most 

significant variation in permittivity between the two composites appears towards the low 

temperature permittivity response, where the depolarisation of the NNBT related permittivity 

peak is not as sharp in the ball milled sample with respect the hand mixed sample. tan δ is almost 

identical for both samples. The loss in the hand mixed sample is higher by a maximum ~0.01 

compared to the ball-milled sample at temperatures below the Tm associated to the BC7T matrix 

phase. The high temperature rise, consistent with increasing DC conductivity contributions, is 

almost identical in both composites. 

Figure 7.3: A comparison of the dielectric responses of BC7T based composites sintered at 
1250 °C when the phase mixture was formed from hand-mixing vs ball milling of the 

associated components. 
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The TCC response, figure 7.4, shows the profile/shape of the permittivity response, and varies 

minimally across the X8R temperature range, -55 to 150 °C. Both composites are consistent in 

achieving the X8R rated TCC specification, with T-15% equivalent between both composites at 152 

°C. The difference in how ‘sharp’ the depolarisation of the low temperature NNBT-related phase 

is becomes more apparent from this TCC plot. It is apparent that the high temperature BCT related 

permittivity peak varies between the two composites, with the ball milled sample exhibiting an 

associated permittivity peak that is slightly higher with respect to the room temperature 

permittivity and comparatively more diffuse than the hand mixed sample. The Tm associated to 

the BCT related permittivity peak also varies between the two composites, with the ball milled 

sample exhibiting a Tm ~ 119 °C, lower than that of the hand mixed sample with ~ 122 °C.  

7.4 Ball-milled stoichiometric mix of BT, NN and BCT for the synthesis 

of 60NNBT during sintering  

 

7.4.1 XRD of Ball-Milled BC7T Composites using Pre-Calcined 60NNBT vs 

Stoichiometric Mix of BC7T, NN & BT 

 

Figure 7.4: The TCC responses of the hand-mixed and ball milled BC7T based 
composite systems. 
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It is next considered whether the 60NNBT used within the composite systems can be synthesised 

during sintering. This would be achieved from the necessary stoichiometric mix of BC7T, NN and 

BT (one pot) to yield the same 80:20 wt.% ratio of BC7T:60NNBT, as tabulated in table 7.2.  

Table 7.2: The necessary stoichiometry to attain a 15g batch of 80:20 BC7T: 60NNBT, assuming 60NNBT 

formation during sintering. 

Commercial Powder Mass (g) 

BC7T-200 12.00 

KCM200 (BT) 1.46 

NN 1.54 

 

A comparison of the diffraction patterns for BC7T-60NNBT composites synthesised from ball-

milling the BC7T and pre-calcined 60NNBT components in the 80:20 wt.% ratio (black), and ball 

milling of the stoichiometric mix of BC7T, BT and NN (red), is shown in figure 7.5. The overlaid 

diffraction patterns show a comparable effect as the comparison between hand mixed and ball 

milled composites formed with pre-calcined 60NNBT, figure 7.2.  

 

Figure 7.5: The XRD diffraction patterns of the BC7T-60NNBT composites formed from hand 
mixing and ball milling of BC7T with pre-calcined 60NNBT, and ball milling of the stoichiometric 

mix of BC7T, NN and BT (table 7.2). 60NNBT in the latter system is assumed to form during 
sintering. 
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 All reflections share similar 2θ values corresponding to overlapping tetragonal BC7T and 

pseudo-cubic 60NNBT reflections. 60NNBT appears to have been synthesised during sintering 

based on this similarity of XRD patterns for the composite formed from the mixed commercial 

powders with that of pre-calcined 60NNBT. No additional superlattice reflections ~ 26 – 41 ° are 

evident, which are associated to the in-phase/anti-phase tilting of [NbO6] octahedra that yield the 

antiferroelectric orthorhombic ‘P’ room temperature polymorph of NN. This implies the mixed, 

undoped NN is not retained post sintering. 2θ values do shift between the composites synthesised 

via these differing routes, indicating the lattice parameters for one or more of the component 

phases differ. Intensities of peaks are also found to vary according to the synthesis route.  

7.4.2 DS Response of Ball-Milled BC7T Composites using Pre-Calcined 

60NNBT vs Stoichiometric Mix of BC7T, NN & BT 

The dielectric responses of the BC7T-60NNBT composites formed from pre-calcined 60NNBT and  

from a stoichiometric mixture of BC7T, BT and NN are compared in figure 7.6. 

 

Figure 7.6: A comparison of the dielectric responses BC7T-60NNBT composites sintered at 1250 °C 

when the phase mixture was formed from ball milling with pre-calcined 60NNBT vs ball milling of the 

stoichiometric ratio of industrially sought BCT, NN and BT. 60NNBT is intended to be synthesised during 

sintering for the latter composite. 
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 Similarities exist between the two responses in the permittivity being composed of a low and 

high temperature response associated with a NNBT and BCT type phase, respectively. The 

relative intensities of these different permittivity peaks, however, are quite different. The 

permittivity of the NNBT type low temperature response is much lower in the composite formed 

from the mixing of oxides compared to that using pre-calcined 60NNBT. The intensity of the BC7T 

related permittivity peak in both composites is, however, similar. This disparity in relative 

intensities of the two constituent phases of the composites is better visualised on their 

corresponding TCC profiles, figure 7.7.  

 

Compared to the composite utilising pre-calcined 60NNBT, the composite formed from the 

stoichiometric mix of commercial powders exhibits a TCC profile where the high temperature 

BCT related peak is much higher with respect to the room temperature permittivity and the low 

temperature response is much lower with respect to the room temperature permittivity. This 

dissimilarity between low and high temperature permittivity magnitudes destabilises the 

associated TCC, pushing the composite closer to exceeding the R-type ± 15 % boundaries. The 

maximum TCC associated with the high temperature BCT related permittivity peak increases 

Figure 7.7: The TCC response, at 250 kHz, of the ball milled BC7T based composites formed 

from pre-calcined 60NNBT and the stoichiometric mix of BT, BCT and NN. 
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from 3.6 % at 122 °C in the hand mixed composite, to 12.4 % at 123 °C in the composite formed 

of the stoichiometric milling of oxides. Although the depolarisation rates between the two 

composite systems appear consistent based on the parallel decline of permittivity above Tm, T-15% 

is shifted from 152 °C to 159 °C when the composite is formed from the mixing of commercial 

oxides as opposed to pre calcined 60NNBT. 

From figure 7.6, the dielectric loss is identical for temperatures below Tm. Above Tm, tan δ is 

greatest for the composite formed from the mix of commercial powders, exceeding 0.05  ~ 300 

°C. The composite formed of pre-calcined 60NNBT exceeds the same threshold at ~ 350 °C.  

An equivalent comparison of the dielectric responses of the BC3T-60NNBT composites formed 

from ball milling of pre-calcined 60NNBT versus one where 60NNBT is intended to from during 

sintering of the mixed BC3T, NN and BT, is given in appendix C, figure C1. A comparable dielectric 

response is observed with the exception that unlike the BC7T analogue, the permittivity 

magnitude of the composite formed from the mix of commercial BC3T, BT and NN is higher than 

that of pre-calcined 60NNBT. The intensity of the BC3T related peak is again higher with respect 

to room temperature than when pre-calcined 60NNBT is used, but not to the same degree as that 

observed for the BC7T system. TCC, figure C2, is not pushed as close to the +15 % boundary, nor 

is T-15% increased by the same degree as in the BC7T system. T-15% increased by + 2 °C, from 143 

to 145 °C. The same relationship of an identical tan δ at sub-Tm temperatures and a higher tan δ 

above Tm exists between the BC3T composite formed from the mix of commercial powders and 

that formed of pre-calcined 60NNBT, respectively.   

 

7.5 Addition of Glass to Improve Densification of BCT-60NNBT 

Composites 

 

Since ball-milling of the composites achieves comparable dielectric response with respect to hand 

mixing of the BCT and 60NNBT components, the composite has moved closer to having industrial 

manufacturability. The porosity still remains an issue, quantified with a low ball milled relative 

density ~ 79.7 ± 0.91 %. The effect of glass as a sintering aid to improve density will be considered 

next, investigating its role on the dielectric response of the composite. Since BC3T composites 

were the furthest from X8R specification, comparing the effect of glass on these composites 

allowed for an additional assessment on its potential influence on T-15% and X8R attainment for a 

composite system with high relative permittivity.  
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7.5.1 XRD analysis of BC3T composites with glass additions 

  

The XRD diffraction patterns of the BC3T-60NNBT composites with varied wt.% of glass added to 

the pre-sintered mixture, namely 2, 4, 8 and 12 wt.%, are shown in figure 7.8.  

The reflections marked with an asterisk correspond to a Ba2TiSi2O8 Fresnoite phase, which 

increase in intensity with increasing glass additions into the composite. The peaks not marked 

with an asterisk correspond to the perovskite reflections of the tetragonal BC3T and pseudo-cubic 

60NNBT phases.  

 

 

 

Figure 7.8: The XRD patterns for BC3T-60NNBT composites sintered at 1250 °C for 0.5 
hours with increasing glass content. The growth of a Ba2TiSi2O8 Fresnoite phase is 

indicated by the peaks marked with an asterisk, * 
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7.5.2 SEM of glass-containing BC3T-composites 

 

SEM micrographs for no (0 wt.%), low (2 wt.%) and high (12 wt.%) additions of glass to the BC3T-

60NNBT composite are shown in figure 7.9. 2 wt.% results in a significant reduction in porosity, 

quantified as increasing from 79.7 ± 0.91 to 96.3 ± 1.01 %. Large grains comparatively darker 

with respect to its surrounding grain structure are clear from the 2 wt.% additions micrograph. 

These correspond to the 60NNBT related secondary phases that are of lower molecular mass 

(191.6) compared to the surrounding BC3T (230.3). The 12 wt.% additions of glass appear to 

increase the porosity from this 2 wt.% additions composite, with noticeable clustering of denser 

and potentially compositionally variant regions forming a ‘leopard print’ type microstructure, 

0wt% Asahi 

30 µm 

2wt% Asahi 

30 µm 

200 µm 200 µm 

12wt% Asahi 12wt% Asahi BSE 

Figure 7.9: The SE and BSE micrographs for the BC3T based composite sintered with 0, 2 and 12 wt.% glass. The 
growth of Si-rich clusters/islands is clear from the BSE of the 12 wt.% sample. 

ρrel = 79.7 ± 0.91 % ρrel = 96.3 ± 1.01 % 

ρrel = 92.4 ± 0.92 % ρrel = 92.4 ± 0.92 % 
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clear from the BSE image of figure 7.9 shown in the bottom right. The relative density also 

decreases form 96.3 ± 1.01 to 92.4 ± 0.92 %. 

 

Figure 7.10: EDX elemental maps of the 12 wt.% BC3T based composite, highlighting the 
edge of one of the Si rich morphological clusters.  
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EDX analysis of this 12 wt.% BC3T composite, figure 7.10, reveals these clusters to be Si-rich. The 

lighter shading of these regions makes sense from the comparatively lower atomic mass of Si 

(~28.1) with respect to the other cations that constitute the composite (with the exception of Na, 

~23.0, in the NNBT secondary phases). From the BSE image of figure 7.9, the porosity appears to 

be greater in the channels between these Si-rich clusters, with this porosity variability another 

factor influencing the clustering of contrasting intensity across the micrograph. The NNBT type 

phases that are clear in the EDX analyses as small, micron scaled spots of high Nb and Na 

concentration, appear to have a higher population density in the areas that are not Si rich. EDX 

reveals a relatively homogeneous distribution of Ba, Ti within the matrix phase, but the Ca 

distribution is heterogeneous. This is consistent with the WDS results in results chapter 2 for the 

glass-free composite, figure 6.5. There appears no preference for Ca-rich areas to form and are 

distributed relatively homogeneously throughout the area investigated, including the Si-rich 

regions.  

 

  



187 
 

 

7.5.3 DS of BC3T composites with glass additions 

 

The dielectric response of the BC3T composites with varied glass contents are shown in figure 

7.11, whilst their associated TCC responses are plotted in figure 7.12.  

 

The permittivity magnitude associated to the BC3T based composite decreases with increasing 

glass content. The frequency dependence at lower temperatures that is associated with the 

relaxor 60NNBT composition of the composite also decreases with increasing glass content. The 

low and high temperature depolarisation responses become increasingly diffuse, with this effect 

more noticeable on the TCC response. T-15%, at 143 °C for the composite without any glass addition 

from figure 6.9, is shifted to higher temperatures maximising at 164 °C for 12 wt.% glass addition. 

Across the 2 – 12 wt.% glass addition range, a Δ T-15% ~ + 12 °C is achieved, as shown in figure 

7.12. This BC3T composite that was previously only characterised with X7R rated TCC in the 

Figure 7.11: The effect of increasing glass content on BC3T based composites sintered at 1250 

°C for 0.5 hours. A loss of permittivity magnitude is observed with increasing glass content, 

whilst the permittivity profile becomes increasingly flattened. 



188 
 

previous chapter now meets X8R rated TCC specification for glass contents of 8 wt.% and above. 

Based on the shift of T-15% with glass content, plotted in appendix C figure C3, a glass content of ~ 

6.5 wt.% is sufficient to extent T-15% to the 150 °C 8R-type TCC boundary.  

The tan δ responses of the composites with varied glass contents are shown in figure 7.11. The 

sub ambient ‘relaxations’ in the loss that are clear at 2 wt.% additions (black) are progressively 

supressed with increasing glass content. This is in line with the comparable suppression in their 

associated permittivity anomalies with increasing glass addition. The overall tan δ for the sub 

ambient permittivity response is lower with increasing glass content. Above Tm, the trend appears 

to be the converse, with 12 wt.% exhibiting the highest losses and 2 wt.% exhibiting the lowest 

losses. 4 and 8 wt.% appear to show very consistent losses above Tm, and lie between these 

aforementioned minima and maxima. All composites show a rise in tan δ at temperatures above 

~ 375 °C, with the onset of DC conductivity dominating the dielectric losses as opposed to local 

ac polarisation losses.  

 

 

Figure 7.12: The TCC associated to the permittivity responses of BC3T composites sintered at 1250 °C 

for 0.5 hours with increasing glass content. 
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7.5.4 The electric field dependence of glass containing BC3T composites  

To assess the electric field dependence of these composites, a room temperature polarisation 

electric-field (PE) analysis of the composites was conducted, with results shown in figure 7.13. 

All samples were able to sustain a maximum voltage of ~ 110-120 kVcm-1. A glass-free composite 

is not shown on figure 7.13 for its electric field dependence was unmeasurable. Thus, electric field 

resistance is significantly improved upon low, 2 wt.%, additions of glass. The maximum 

polarisation achieved for the composites decreases with glass, which is consistent with the 

observed reduction in permittivity with increasing glass content. 

With increasing glass content, the PE loops appear to transition from a ferroelectric type response 

at 2 wt.% with the polarisation trending towards saturation at higher fields, to a more linear type 

response at 8 wt.%, with reduced saturation effects at higher electric fields. The PE response for 

the 12 wt.% composition is extremely wide, indicating large leakage currents and a transition 

from dielectric behaviour. Recoverable and irrecoverable energy densities of the composites 

were quantified according to the integrals stated in figure C4 of appendix C. From 2 – 8 wt.% glass 

additions, the increasing linearity of response results in a lower irrecoverable energy density. The 

lower polarisation achieved simultaneously decreases the recoverable energy density, with the 

maximum recoverable energy density occurring for the 2 wt.% composite at 0.56 Jcm-3, and the 

lowest occurring in the 12 wt.% composite at 0.13 Jcm-3. However, the recoverable and 

irrecoverable energy densities do not decrease at the same rate with increasing glass content, and 

consequently the efficiency in recovering stored energy density increases with glass content 

Figure 7.13: The P-E response of the BC3T based composites with varied glass content. The lower 
graph visualised the recoverable and unrecoverable energy density associated to the polarisation 

response of the composites, as well as the energy storage efficiency. 
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between 2 and 8 wt.%. The maximum efficiency is calculated as 81.5 % in the 8 wt.% composite, 

whilst the lowest efficiency is associated to the 12 wt.% glass composite, with an efficiency of 9.7 

%. For the 2 wt.% glass sample that shows no evidence of fresnoite phase formation, an associated 

energy storage efficiency ~77.1% is achieved. 

 

7.6 Discussion 

 

Figure 7.3 revealed that the X8R rated permittivity response attained for a hand-mixed 3-0 

composite of BC7T and pre-calcined 60NNBT could be reproduced with ball milling of its 

components in the same 80:20 wt.% ratio. This is reflected in permittivity magnitudes that differ 

minimally with superimposable TCC profiles, figure 7.4, and almost identical tan δ responses. No 

additional permittivity peaks/anomalies suggest additional phase formation are encouraged by 

the different milling technique utilised, consistent with the XRD diffraction patterns in figure 7.2 

exhibiting the same reflections at relatively equivalent 2θ. This is unsurprising since the same 

phases were mixed pre-sintering. Ball milling was only conducted for around 6 hours, so limited 

contamination from the YSZ milling media should have occurred. It is unlikely that the ball milling 

will have improved upon the homogeneity of the phase distribution as an already homogeneous 

3-0 distribution of NNBT secondary phases within the BC7T matrix was evident from the 

micrographs of figure 6.7 and 6.8, results chapter 2. Since the YSZ milling media were relatively 

large in size, cylinders 10 mm in diameter and 20 mm in length, the BC7T nano powders and the 

micron scaled 60NNBT (from solid state synthesis) that are milled are unlikely to reduce in size. 

Some materials can become susceptible to cold welding effects but since this ball milling is 

relatively low energy, it is unlikely to be the case. Thus, particle distribution and size are expected 

to be fairly consistent for the ball-milling and hand-mixed composites. Consequently, comparable 

interdiffusion rates between the BCT and 60NNBT phases are expected, producing similar 

compositional distributions and yielding the reproducible dielectric responses observed in figure 

7.3. This is significant in transitioning the composite systems from lab-scaled bulk prototyping 

towards industrial processing, where large batches of ball milled slurries are synthesised prior 

to tape casting of dielectric layers.  

For improved commercial feasibility, synthesising 60NNBT during the sintering stage from a 

stoichiometric ball milled mixture of BCT, NN and BT (one pot) would be preferable, alleviating 

the necessity for a calcination stage and expediating manufacture. Figure 7.6 shows that a 

comparable ‘biphasic’ BCT based composite permittivity response can be achieved from the 

stoichiometric mix of nano powders, with X8R rated TCC achieved (figure 7.7). Noticeable 
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differences occur at the low temperature NNBT related permittivity response in figure 7.6. It is 

logical that this is the region of the permittivity response that varies since it is the only composite 

component that varies between the two systems investigated. The fact that the shape of the 

permittivity response at low temperatures appears fairly consistent, just translated to a lower 

permittivity (by ~ 120) when the 60NNBT phase is synthesised during sintering, suggests 

compositionally similar NNBT type secondary phase compositions (with similar intragranular 

compositional gradients to those defined in results chapter 2 via WDS, figure 6.7) are equivalently 

homogeneously distributed throughout the BCT matrix phase. The XRD diffraction peaks of the 

two composites are in agreement with this theory, as the two composites share equivalent 

reflections with comparable diffusivities and asymmetries associated with the overlap of 

tetragonal (P4mm) BCT and pseudo-cubic (Pm-3m) 60NNBT, with only slightly shifted 2θ, and 

no evidence of unreacted NN retained after the short sintering dwell. The phase formation of this 

low temperature NNBT phase is perhaps the most thermodynamically stable configuration, 

suggested previously from the ability to retain a greater compositional heterogeneity when 

composites were constituted from BT and a relaxor NNBT pre sintering, figure 5.17.  

The morphology of these secondary NNBT-related phases is likely to be the major difference 

between the two composite systems. The NNBT phases synthesised during sintering will be 

different in shape and size with respect to those phases formed from pre-calcined 60NNBT, 

characterised in results chapter 1 and 2. They are potentially smaller as a result of their synthesis 

from nano powders under short sintering dwell times that limits coarsening effects. Since the 

permittivity contribution of this relaxor NNBT secondary phase is a product of PNRs, smaller 

grains on the nanoscale could impede the dynamism and correlated polarisability of these local 

PNR clusters, reducing the NNBT phase permittivity contribution. 

 As Ca was found to diffuse into these NNBT phase edges by WDS mappings, figure 6.7, and since 

these NNBT type phases are possibly smaller and are synthesised during sintering via local 

interdiffusion between local NN and BT nano particles, where there is also BCT present, it is 

possible that a higher proportion of the NNBT secondary phase is Ca doped in this nano powder 

based composite. Should Ca replace Ba in 1:1 charge conserving isovalent substitution, the lower 

polarisability and off centring of Ca, which may couple to the displacive behaviour of Nb, could 

lower the NNBT permittivity response as described previously in results chapter 2.  

The tan δ response is consistent for composites formed of pre calcined 60NNBT and the milling 

of nano powders for temperatures below Tm. This is expected as the composites are considered 

to feature the same components in comparable phase distributions. The high temperature tan δ 

are clearly different and larger in the composite that utilised a stoichiometric milling of the oxides, 

figure 7.6. Given the higher surface area of Na containing components within the stoichiometric 
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mix of oxides, NN nano powders as opposed to micron-scaled 60NNBT, there could be greater Na 

non-stoichiometry imposed into the sintered composite via lattice Na volatilisation. The 

consequence could be oxygen vacancy formation within the composite, resulting in p-type 

conductivity upon reoxidation as the composite cools from its 1250 °C sintering temperature. 

This increase in tan δ could then be the product of an increase in p-type carrier concentration. No 

impedance has been conducted yet to confirm these higher losses are electronic in nature, nor 

has atmospheric impedance been conducted to confirm if such losses are p-type.  

The overall effect of this lower NNBT related permittivity response in the composite formed from 

the mixed oxides rather than pre-calcined 60NNBT is a ‘anticlockwise rotation’ of the TCC 

response, figure 7.6. The BCT peak has a comparatively higher TCC maximum, ~ 12.4 % compared 

to ~3.6%, pushing closer to the +15 % R-rated TCC boundary. Since the depolarisation response 

in both composites appears consistent based on the comparable gradients of their associated 

permittivity decrease above Tm, it is this higher maximum TCC that pushes T-15% to higher 

temperatures. The increase is from 152 to 159 °C when the 60NNBT is synthesised during 

sintering. The increase in TCC associated to the BCT peak in the composite appears as another 

mechanism to shift T-15% to higher temperatures. Increasing the volume fraction of BCT retained 

post sintering could thereby induce a similar effect and push T-15% to higher temperatures.  

Figure C2 showed that X7R rated TCC for the BC3T-60NNBT composite achieved in results 

chapter 2 could also be reasonably reproduced when the 60NNBT was synthesised during 

sintering, as opposed to using pre-calcined 60NNBT. In this case, the permittivity of the 

stoichiometric mix of oxides yields a higher room temperature permittivity magnitude compared 

to the composite formed of pre-calcined 60NNBT, however the same anticlockwise TCC rotation 

induced by lower NNBT phase permittivity contributions is observed. No repeat samples were 

made for either BC3T or BC7T composite systems made from the stoichiometric mix of oxides, 

which is a priority of future work to assess how reproducible the observed permittivity 

magnitudes and associated TCCs are between batches.  Again, the maximum TCC associated to 

the BCT peak increases from ~ 3.4 to 7.9 % from the pre-calcined 60NNBT to mixed oxide 

composite, with an accompanying shift in T-15% from 143 to 145 °C. A consistent mechanism is 

shown in that an increasing TCC associated to the BCT permittivity peak yields a higher T-15%. 

Could the TCC of the BC3T related permittivity peak be increased to a similar extent shown in the 

BC7T composite, the T-15% could be shifted to even higher temperature possibly attaining X8R 

rated TCC, with an inherently higher permittivity magnitude than that of the BC7T composite 

based on its lower starting Ca content. 

Small 2 wt.% additions of glass are sufficient to induce a large increase in density, clear from the 

SEM micrographs of figure 7.9. The equivalent 3-0 BC3T-60NNBT composite macrostructure is 
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formed with small nanoscale BC3T related grains and micron scale NNBT phases distributed. The 

glass appears to mediate densification without inducing mass transport and grain coarsening 

effects. The resulting retention of compositional heterogeneity is shown in Figure 7.11, which 

reveals that glass addition does not compromise the biphasic permittivity contribution discussed 

for all composite structures. Increasing glass content decreases the permittivity magnitude, 

increases high temperature losses and flattens the depolarisation responses above Tm (and at low 

temperatures). This pushes T-15% to higher temperatures, thus BC3T-60NNBT is able to attain X8R 

rated TCC for estimated glass contents ≥ 6.5 wt.%, figure C3. Simultaneously, the XRD diffraction 

patterns for these glass containing composites, figure 7.8, reveal increasingly intense additional 

reflections, marked by an asterisk, associated to the formation of a Ba2TiSi2O8 fresnoite phase. Si 

is far too small for A and even B site occupation of the perovskite lattice, preferring a low 

coordination typically more covalent in character, such as the tetrahedral sites it occupies within 

this fresnoite structure, and so it is unsurprising to see it crystallise into this ternary phase with 

increasing wt.%. Si doping of BT has been found to exhibit a limit ~ 5 mol% [285], above which 

the formation of this fresnoite phase occurs ~ 800 °C. This phase formation can clearly be seen 

from the EDX and BSE images, clustering locally and influencing the NNBT phase distributions, 

figure 7.10. Significant diffraction peaks appear from 4 wt. % additions onwards, consistent with 

the quantities of silicate glasses added that yield fresnoite formation within literature [280,282] 

This additional Ba2TiSi2O8 Fresnoite phase forming has an inherently lower relative permittivity 

than either of the two other materials, often calculated ~ 18 [286,287] at room temperature. The 

temperature dependence of permittivity for undoped and Ca-doped Ba2TiSi2O8 are shown in 

Figure 7.14: The variation of relative permittivity of Ba2-xCaxTiSi2O8 with 
temperature, at 100 kHz. Reformatted from [286] 
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figure 7.14 [286]. Given the Ca content that exists within both the glass and the BCT matrix phase 

of the composite, it is not unreasonable to suggest some Ca will have doped into this ternary 

fresnoite phase formed. The relative permittivity remains relatively flat across the X8R 

temperature range, after which it begins to increase in permittivity. This low permittivity 

contribution from the fresnoite phase forming would lower that of the overall permittivity 

response of the composite, but based on its increase in permittivity towards higher temperatures, 

provide an additional polarisation response where the BCT and NNBT are increasingly thermally 

depolarised. This would explain the flattening of the depolarisation rate of the composite above 

Tm and the extension of T-15% to higher temperatures observed in figure 7.13.  

Voltage effects on permittivity stability, the so-called voltage coefficient of capacitance (VCC), 

have been shown to occur within composite core-shell structures when the conductivities of the 

component phases are sufficiently different [288]. Although the component phases within this 

composite have variable conductivities, figure 6.16, they are not orders of magnitude apart, nor 

is the electric field strength incurred by the 100 mV potential difference sufficient to encourage 

such VCC effects. Thus, the flattening of the TCC is not considered to be a function of local field 

variations throughout the composite, but more an effect of the fresnoite phase formation. 

The breakdown strength of the composites increases with glass addition, quantified as 110-120 

kVcm-1 for all glass containing composites, where no PE hysteresis loop could be measured for 

the glass-free composite. The breakdown strength is independent of glass content, suggesting the 

dielectric breakdown is not induced by the Ba2TiSi2O8 that progressively forms with increasing 

glass content. Breakdown strength would likely be improved for thinner samples where the 

statistical distribution of failure inducing flaws is lower, such as in tape cast layers of MLCCs. Data 

frequent within literature also utilise smaller electrode contacts to manipulate field induced 

breakdown values, preventing arcing between electrode interfaces. This also potentially 

indirectly probes smaller volumes of the ceramic and reduces the likelihood of breakdown on 

account of the inherent spreading resistance (depending upon the thickness of the sample and 

the resulting electrode radius to thickness ratio, s/r) [289,290]. Although we have quantified a 

breakdown strength, it is highly device and measurement sensitive, with direct comparison not 

so valid. Instead, this measurement mainly serves to prove the effect of reduced porosity on 

improving the field strength. Reasonably high energy density efficiencies are achieved, yet this 

was also quantified for a bipolar measurement as opposed to a unipolar measurement, which 

offers inherently higher efficiencies. Calculated recoverable energy densities are orders of 

magnitudes lower compared to publications aimed at high energy density capacitance [19], with 

the highest being 0.56 Jcm-3 in the 2 wt.% glass additions. This could be improved should the 
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breakdown strength be extended. There is, however good recoverable energy density, ~81.5 % 

under a bipolar electric field application.  

 

7.7 Conclusions 

 

The dielectric response of the X8R achieving hand mixed BC7T composite of results chapter 2 is 

relatively reproducible when its BC7T and 60NNBT components are ball milled instead of being 

hand mixed. Subtle differences in the temperature dependence of the permittivity at very low 

temperatures and higher temperatures exist; however, overall the profiles of these permittivity 

responses are almost superimposable, with almost identical TCC responses of the composites. 

Dielectric losses share a similar temperature dependence in both composites despite different 

milling/mixing mechanisms. The dielectric response of the composite system is therefore 

relatively insensitive to the pre-sintering processing. This gives promise to the industrial 

scalability of these composite systems that require larger batch sizes. Similar dielectric responses 

are achieved when the BCT-60NNBT composite is formed from ball milling of BCT, NN and BT 

nano powders in the necessary stoichiometry, where 60NNBT is assumed to form during 

sintering. Variability in 60NNNBT morphology is assumed based on the starting particle sizes and 

sintering conditions, and is yet to be characterised, but is likely the influential factor inducing a 

lower 60NNBT related permittivity response in the sintered composite. This influences TCC, 

pushing it closer to the ± 15 % thresholds, but X8R and X7R specifications are reproduced for 

BC7T and BC3T based systems, respectively. Higher losses are incurred in composites where 

60NNBT is synthesised during sintering, although good dielectric response is achieved for the 

X8R operating temperature range.  

Addition of a low wt.% of glass to the pre-sintered mixture, 2 wt.% being the optimal 

concentration investigated, has a significant effect on improving the density of the composite 

systems observed post-sintering, from 79.7 ± 0.91 to 96.3 ± 1.01 %. Higher concentrations of glass 

become deleterious to the magnitude of the permittivity due to the formation of an inherently 

low permittivity Ba2TiSi2O8 phase, clear from the EDX and XRD analyses of the composites. 

Although this phase formation and its polarisation contribution towards higher temperatures 

extends T-15% to even higher temperatures, the significant loss of permittivity, an increase in 

dielectric loss and increasing porosity does not appear to be worth this sacrifice. 

The dielectric breakdown strength for a ~0.5 mm bulk composite sample is observed for a bipolar 

electric field application to be ~110-120 kVcm-1, independent of the wt.% of glass added. This 
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compares to the inability to measure any P-E loop for the glass-free sample, with considerable 

enhancement in breakdown strength observed. Industrially, the BC7T-60NNBT with 2 wt.% glass 

addition appears to have improved upon the density and breakdown strength concerns without 

compromising the dielectric properties of the BC7T-composite that achieved X8R rated TCC from 

results chapter 2.  

This is the final results chapter investigating ceramic composites for temperature stable 

dielectrics. The next, and final, results chapter will transition from utilising heterostructures to 

homogeneous single phase materials for temperature stable dielectrics. Instead of composites, 

the fourth results chapter will utilise crystallographic defects, specificially Perovskite A-site 

vacancies, as a mechanism for flattening the dielectric response of an otherwise temperature 

dependent dielectric – NaNbO3. This represents a system with a comparably simpler 

compositional distribution that is inherently less sensitive to its processing conditions, and a 

potential alternative to composites for X7R or X8R TCC attainement.  
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7.8 Appendix 

 

Figure C1: The dielectric response of the ball-milled 
BC3T-60NNBT composites formed using pre-calcined 

60NNBT (black) vs stoichiometric mix of BC3T, NN 
and BT (red) where 60NNBT is assumed to form 

during sintering. 

Figure C2: The TCC associated with ball-milled BC3T-
60NNBT composites formed at 1250 °C for 0.5 hours, 
from pre calcined 60NNBT (black) vs a stoichiometric 

mix of BC3T, NN, BT (red). 60NNBT is assumed to form 
during sintering for the latter. 

Figure C4: The P-E response for the BC3T-60NNBT composite 
with 2 wt.% glass, sintered at 1250 °C for 0.5 hours. The plot gives 

the integrals that are used to quantify the irrecoverable and 
recoverable energy density associated with the polarisation 
response of the composite. The efficiency is  the ratio of the 

recoverable energy density to the total energy transferred upon 
polarisation. 

Figure C3: The distribution of T-15% for the BC3T-60NNBT 
composite sintered at 1250 °C for 0.5 hours with varied 

wt.% additions of glass. An estimated 6.5 wt.% of glass is 
necessary to shift the BC3T composite into X8R rated TCC. 
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8 Results Chapter 4: The role of A-site vacancies formed in 

the La1/3NbO3-NaNbO3 perovskite solid solution as a 

mechanism for improving the temperature invariance of 

permittivity and energy storage efficiency in dielectrics 

 

 

8.1 Introduction 

 

Interest in NaNbO3 has recently been renewed for integration as high energy density dielectrics, 

often a result of stabilising the antiferroelectric room temperature polymorph it exhibits which 

offers an inherently higher energy storage efficiency with respect to any ferroelectric analogues. 

More recent reports have summarised an ability  for A site vacancies to destabilise the long range 

ordering of these formerly antiferroelectric materials, inducing order disorder transitions that 

produce diffuse dielectric responses with relatively high permittivity [194,201,205,291], and 

consequently, improved energy storage efficiencies with decent recoverable energy densities, >1 

Jcm-3 [195]. Here, a report on the NaNbO3-La1/3NbO3 binary is made regarding structural, 

dielectric and electrical properties based on the role of A site vacancies in the NaNbO3 perovskite 

lattice, formed as charge compensating defects upon the aliovalent La3+ substitution for Na+. The 

dielectric/electric properties of the materials produced are assessed for different applications, 

including temperature stable dielectrics and high energy storage efficiency dielectrics. 

8.2 Overview 

 

A site vacancies were introduced as charge compensating defects due to the aliovalent nature of 

trivalent La3+ substitution for monovalent Na+, forming the solid solution LaxNa1-3xNbO3 (xLNN): 

 3𝑁𝑎𝑁𝑎
𝑋 → 𝐿𝑎𝑁𝑎

∙∙ +  2𝑉𝑁𝑎
′  (8.1) 

 

Compositions between the NaNbO3 and La1/3NbO3 end member were made via a solid-state 

synthesis route according to that shown in section 4.1, with a sintering temperature of 1325 °C 

for 5 hours used to create dense polycrystalline samples. The compositions made were tabulated 

in table 4.1 alongside the reagents used. Each sample was characterised structurally using XRD 
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and SEM, followed by DS, IS and PE analysis to characterise the dielectric performance of the solid 

solution. 

8.3 Results 

 

8.3.1 XRD  

XRD analysis reveals a series of room temperature polymorphs are accommodated across the 

solid solution range investigated, with the transitional patterns shown with increasing La content 

in figure 8.1 a).  

At low concentrations of La3+ (and 𝑉𝑁𝑎
′  ), the orthorhombic Pbcm (the antiferroelectric ‘P’ phase 

of NaNbO3) phase is stabilised. There is no evidence of a high intensity peak ~ 19.5 ° associated 

to the (221),(122) planes, characteristic of  a doubling of the pseudo-cubic ideal perovskite cell 

as present for the ferroelectric Q room temperature polymorph of NaNbO3 (see figure 8.1 b) for 

simulated patterns of the P and Q polymorphs). Instead, a diffuse and low intensity peak 

associated to the (124)(241)(025) orthorhombic lattice planes, characteristic of the 

antiferroelectric P room temperature polymorph of NaNbO3 is present.  A clear suppression in 

the superlattice reflections between 16 < 2θ (°) < 18.5 is shown in figure 8.1 c). These peaks are 

associated with the extended periodicity created from in-phase and antiphase octahedral tilt 

sequences of the P polymorph of NaNbO3 combined with the quadrupling of the pseudo-cubic cell 

length along [001] with the antiparallel Nb displacements.  

Figure 8.1: The compositionally driven phase transition sequence across the xLNN solid solution. 
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Figure 8.1 c) reveals a suppression in these superlattice reflections with increasing La3+ content. 

As the composition transitions towards 15LNN (x = 0.15), all superlattice reflections and peak 

splitting is lost, and the structure increases in symmetry towards a ‘pseudo-cubic’ Pm3m 

symmetry. This high symmetry state is subsequently lost as the material transitions to a 

tetragonal P4/mmm structure at 25LNN (x = 0.25). At 27LNN (x =0.27), a final room temperature 

compositionally driven phase transformation occurs to an orthorhombic structure based on 

space group Cmmm, which is associated with the 2/3 A site deficient La1/3NbO3 end member. No 

additional reflections that are not characterised by the space groups of each phase are evident in 

the XRD diffraction patterns across the series. The refinements for each symmetry exhibited are 

shown in appendix D, figures D1-D4. Tables D1 show the refined lattice parameters and goodness 

of fit parameters for each composition of the LNN series, whilst tables D2-D11 give their refined 

structural parameters and associated bond lengths.  

Each phase can be reduced to the ‘ideal’, ABO3 perovskite pseudo-cubic aristotype cell (ap) 

through geometric relationships shown in table 8.1. This is a direct result of their octahedral tilts 

and cationic displacements increasing the repeat length of the lattice. 

Table 8.1: The geometrical relationships between the 'ideal' aristotype pseudo-cubic ABO3 subcell and the 
unit cells of the room temperature phases across the LaxNa1-3xNbO3 solid solution. 

Space group Geometric relationship to ideal perovskite 

cell (with lattice parameter ap) 

Orthorhombic Pbcm 𝑎 = √2𝑎𝑝, 𝑏 = √2𝑎𝑝 𝑐 = 4𝑎𝑝 

Pseudocubic Pm3m 𝑎 = 𝑎𝑝 

Tetragonal P4mm 𝑎, 𝑏 = 𝑎𝑝, 𝑐 = 2𝑎𝑝  

Orthorhombic Cmmm 𝑎 = 2𝑎𝑝, 𝑏 = 2𝑎𝑝 𝑐 = 2𝑎𝑝 

 

The reduced pseudo-cubic subcell volume can be plotted against La3+ content as shown in figure 

8.2. A near linear expansion of the subcell occurs with increasing La3+ content until ~ 20LNN (x = 

0.20). Hereafter, the expansion rate reduces until it reaches the La1/3NbO3 end member.  
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8.3.2 SEM 

 

The micrographs of select compositions across the solid solution are shown in figure 8.3.  

 

Figure 8.3: The microstructures of a select number of compositions across the xLNN solid solution series. No 
evidence of secondary phase formation is evident. 

Figure 8.2: The expansion of the aristotype ABO3 ideal pseudocubic perovskite sub cell which 
constitutes the unit cells and lattice symmetry of each xLNN room temperature polymorph. 
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All micrographs reveal a grain structure typical of dense ceramics, with grains of truncated 

octahedra geometry. No areas of abnormal grain morphology appear. In the 15LNN and 33LNN 

samples, particularly for the latter, a bimodal grain size distribution appears to exist. No obvious 

contrasting grains appear that may be associated with any additional phase formation outside of 

the stoichiometry intended for LaxNa1-3xNbO3.  White spots do appear on the 25LNN sample, 

although these appear to be deposited upon the surface, being an artifact of the sample 

preparation stage. 

Intragranular contrast is evident in the BSE micrographs for a significant proportion of grains for 

compositions up to 20LNN, appearing like a core shell type gradient. A lighter core appears 

relative to the darker shell region, potentially indicative of a larger atomic mass towards the 

centre of the grain compared to the outer grain region. A corresponding line scan on the 10LNN 

sample via EDS analysis, shown in figure 8.4, suggests A site compositional variance, specifically 

Na deficient grain cores. These cores may be comparatively La1/3NbO3-rich with respect to the 

shell regions. 

8.3.3 Dielectric Spectroscopy 

 

The variation in relative permittivity and dielectric response for a select number of compositions 

across the solid solution is shown in figure 8.5. Upon low dopant concentrations of La3+, the 

overall shape and magnitude of the relative permittivity response typical of NaNbO3 is preserved. 

Tm, corresponding to the paraelectric-antiferroelectric phase transition, is simply lowered by ~ 

150 °C between 0 ≤ La3+ (mol%) ≤ 5, from 360 to 210 °C. In this same composition, dielectric 

Figure 8.4: A elemental line scan across a 10LNN grain with a contrasting core region, appearing Na 
deficient towards the centre of the grain. 
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losses are reduced with increasing La content to a minimum at 5 mol%, where tan δ < 0.05 across 

the entire temperature ranged measured, reaching a maximum of 0.017 at 500 °C.  

 

For compositions ≥ 7.5LNN a significant transition in the relative permittivity response is 

observed. Between 5 and 7.5LNN, Tm drops by 282 °C, with 7.5LNN having Tm at – 72 °C. The 

corresponding maximum observed permittivity increases, from 1180 in 5LNN to 1730 in 7.5LNN, 

whilst the diffusivity of the permittivity response increases dramatically. This diffusivity results 

in a permittivity response around room temperature appearing relatively linear, in 10LNN for 

example. There is an increase in the frequency dependence of relative permittivity after this 

transition between 5LNN and 7.5LNN, with lower frequencies offering lower Tm’s and higher 

maximum permittivity’s compared to higher frequencies. For 7.5 ≤ La3+ (mol%) < 15, tan δ 

remains low, < 0.05, for a temperature range of  -250 to 480 °C, but there is a greater increase in 

the higher temperature losses with respect to the compositions below 7.5LNN.  

For compositions above 7.5LNN, the significant effect that further La3+ substitution has on the 

relative permittivity response is to lower the maximum permittivity observed. Although Tm 

continues to decrease until the La1/3NbO3 end member, the rate of decrease is much smaller than 

Figure 8.5: The relative permittivity and tan δ for a select number of compositions across the 
xLNN solid solution. An increasing diffusivity in permittivity response occurs between 5 and 

7.5LNN. Dielectric losses increase considerably from 15LNN onwards. 
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the initial drop observed between 5LNN and 7.5LNN. The dielectric loss shows a significant 

transition from dielectric-like behaviour with low losses < 15LNN, to the onset of high losses 

towards room temperature for compositions above this threshold, indicative of a transition 

between insulating and conducting materials.  

The TCC variation of these compositions is shown in figure 8.6. A clear suppression in the 

temperature variance of TCC occurs with increasing La3+ content, particularly when the transition 

between the antiferroelectric 5LNN and diffuse 7.5LNN permittivity responses occurs.  Of the 

compositions investigated, only those above 25LNN exist with a TCC profile that satisfies the X7R 

TCC window. Of the compositions shown in figure 8.5, only 33LNN meets X8R rated TCC 

specification, although it far exceeds the 150 °C upper temperature boundary. T-15% is ~ 280 °C, 

whilst at the lower temperature regime the ± 15% TCC boundaries are not exceeded, figure 8.6. 

This composition does show good thermal stability, but only with a maximum permittivity of 

~145 occurring at -205 °C observable on figure 8.5. At room temperature, this permittivity drops 

to 131.  

Figure 8.6: The TCC variation across the solid solution, with increasing TCC stabilisation 
as the solution transitions towards the A site deficient La1/3NbO3 end member. 
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8.3.4 P-E analysis of 10LNN 

Since figure 8.5 revealed a near linear-type relative permittivity dependence of 10LNN around 

room temperature with low dielectric losses, the electric field dependence of polarisation for this 

composition was measured using a bipolar measurement. This PE dependence of 10LNN is shown 

in figure 8.7. 

There appears no saturation, typical of a ferroelectric or antiferroelectric, and the maximum 

polarisation achieved is constrained only by the onset of field induced dielectric breakdown 

strength ~ 100 kVcm-1. By integrating the areas of the curve according to the equations of figure 

C4 in appendix C (results chapter 3), the recoverable and irrecoverable energy densities, 

alongside the energy storage efficiency are given in table 8.2. 

Table 8.2: The recoverable and irrecoverable energy densities within 10LNN exposed to a maximum 
bipolar electric field of 100 kVcm-1, alongside the associated energy storage efficiency. 

PE characteristics of 10LNN 

Wrec (Jcm-3) 0.411 

Wloss (Jcm-3) 0.161 

η (%) 72 

 

Figure 8.7: The bipolar polarisation-electric field hysteresis of 10LNN showing relatively 
linear field dependency. Recoverable energy density, irrecoverable energy density and 

energy storage efficiency are stated on the inset. 
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8.3.5 Impedance Spectroscopy 

 

The Z* plots and corresponding Z’’/M’’ spectroscopic plots for LNN compositions from three 

distinct regions of the solid solution are shown in figures 8.8-8.10. These include 5LNN (figure 

8.8), 25LNN (figure 8.9) and 33LNN (figure 8.10), which correspond to a composition from: 

i) 5LNN represents a composition that is consistent with a P-type (AFE) polymorph 

based on XRD with a corresponding AFE NaNbO3-type dielectric response with low 

losses. 

ii) 25LNN represents the composition after 15LNN where the transition to a high 

dielectric loss state is maximised. The onset of high dc losses is observable above 

room temperature.  

iii) 33LNN contains no Na but still shows high dielectric loss behaviour associated with a 

dc conductivity contribution, similar to all compositions above 15LNN. It has been 

reported in the literature to exhibit  La3+ ion conduction [169]. 

 

Figure 8.8: The Z* and Z’’/M’’ spectroscopic plots for 5LNN at 450 and 650 °C. Suggestion of a single  
parallel RC element representative of the bulk ceramic response. No evidence of ionic conduction. 
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For all three compositions, Z* and combined Z’’/M’’ plots are shown at comparatively lower and 

higher temperatures to observe any evolution in the electrical microstructure with temperature 

that was inferred by the tan δ responses of figure 8.5. In the low temperature (upper portion) of 

figures 8.8-8.10, Z’’/M’’ peaks appear Debye like and share a similar fmax, thereby corresponding 

to the same electroactive region of the sample undergoing relaxation, representable (to a first 

approximation) by a parallel RC element. Based on the C associated with this RC element, in the 

order of ~ 10-11 Fcm-1, this electroactive parallel RC element in all three compositions is 

representative of the bulk response. There is no suggestion of a higher capacitance grain 

boundary or surface component being electrically distinguishable from this bulk response. There 

is a low frequency response associated with compositions 25 and 33LNN. 

 

Z* plots for all compositions is dominated by a single arc, indicative of a single (albeit not ‘ideal’) 

parallel RC element representative of the bulk response of the LNN grains. A low frequency 

Warburg spike is present in the low temperature responses of 25 and 33LNN, clear in figure 8.9 

and figure 8.10, respectively, which is compatible with the low frequency Z’’ spectroscopic 

Figure 8.9: The Z* and Z’’/M’’ spectroscopic plots for 25LNN at 200 and 450 °C. Suggestion of a 
single parallel RC element representative of the bulk ceramic response, with a low frequency spike 

representative of ionic conduction that subsequently collapses towards higher temperatures. 
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response in suggesting semi-infinite diffusion of an ionic species is occurring throughout these 

LNN compositions at these corresponding temperatures. 

 

For figure 8.8, the Z* plot at comparably higher temperatures still retains a single arc 

representative of the bulk dominant response. In figures 8.9 and 8.10, the low frequency Warburg 

spike in the Z* at low temperatures for 25 and 33LNN has collapsed, forming an additional semi-

circle. This would suggest a mixed ionic-electronic contribution, where the electronic component 

is becoming increasingly more dominant than the ionic contribution towards these elevated 

temperatures. Figure 8.11 shows a plot of LNN compositions total dc conductivity, calculated 

from the inverse of the diameter of the bulk arc in the Z* plots against temperature. All 

compositions show a linear, Arrhenius type conductivity, although the activation energy 

associated (which is tabulated in table 8.3) changes between samples and for distinct 

temperature regions. For 0 ≤ La3+ (mol%) < 15, a single linear fit can be made to the conductivity 

Figure 8.10: The Z* and Z’’/M’’ spectroscopic plots for 33LNN at 250 and 550 °C. Suggestion of a single 
parallel RC element representative of the bulk ceramic response, with a low frequency spike 
representative of ionic conduction that subsequently collapses towards higher temperatures. 
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values. These compositions fall into Region I on figure 8.11. The activation energy associated with 

this total dc conductivity, calculated from the gradient of the linear dependency, is between 1.10 

± 0.01 and 1.38 ± 0.03 eV. This linearity corresponds to compositions that do not show any 

evidence of a low frequency Warburg spike in Z* plots as shown for 5LNN in figure 8.8, and are 

therefore electronically conductive only.  

For compositions ≥ 15LNN, the temperature dependence of conductivity can be associated to a 

second region (Region II in figure 8.11), where activation energy transitions from a low energy 

state, ~ 0.34 ± 0.07 eV in 25LNN, to a higher energy state at higher temperatures. This higher 

temperature state shows an activation energy closer to band I compositions, visually manifested 

in the bending of the conductivity profiles towards a gradient more consistent with region I 

materials. This transition in activation energies corresponds to a collapse in the Z* low frequency 

response. Thus, the lower temperature activation energy is associated to the ionically dominant 

Figure 8.11: The temperature dependence of total dc conductivity for a select number of compositions 
across the xLNN solid solution. Compositions can be separated into two regions: Region I refers to 

compositions with electronic DC conductivity. Region II groups compositions with low temperature 
ionically dominant DC conduction and high temperature electronic dominant DC conduction. 
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contribution in LNN materials, and the higher temperature higher activation energy state reflects 

a transition to electronically dominant dc conductivity. 

Table 8.3: The activation energies for the distinct conduction regimes present across the LNN solid 
solution, as calculated from the linear gradient fit to the temperature dependence of total dc conductivity 

in figure 8.11. 

Activation Energy calculated from the gradient of the linear fit (eV) 

Composition (XLNN) Low Temperature domain High Temperature domain 

NaNbO3 (N/A, Region I composition) 1.10 ± 0.01 

5LNN (N/A, Region I composition) 1.38 ± 0.03 

7.5LNN (N/A, Region I composition) 1.23 ± 0.02 

10LNN (N/A, Region I composition) 1.34 ± 0.05 

15LNN 0.38 ± 0.006 1.02 ± 0.03 

25LNN 0.34 ± 0.007 0.77 ± 0.04 

27LNN 0.33 ± 0.005 0.86 ± 0.05 

33LNN 0.43 ± 0.006 0.95 ± 0.03 

 

The high temperature activation energies for the mixed ionic-electronic conductors (≥ 15LNN) 

are shown in red in table 8.3, emphasising their value must be considered with caution. The high 

temperature gradients are inherently difficult to extrapolate from figure 8.11 since there is 

bending of the conduction profiles associated to the transition between dominant ionic and 

electronic conduction states at such temperatures.  

Figure 8.12: The Z* responses for 27LNN under air and N2 atmospheres at 600 °C. A 
decrease in conductivity is observed under the latter based on the smaller diameter 

of the arc. 
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To isolate the type of electronic species being conducted, 27LNN was measured under air and an 

inert N2 atmosphere, at 600 °C. This reflected a temperature high enough for the electronic 

contribution to total conductivity to be significant, whilst not too high that a bulk parallel RC 

contribution exceeded the 1 MHz upper frequency limit of the impedance analyser. Figure 8.12 

shows the change in Z* between these two different atmospheres. An increase in conductivity 

under a N2 atmosphere is apparent from the reduction in the diameter of the Z* plot compared to 

air. This suggests that the electronic component is n-type. 

8.3.6 Galvanostatic Cycling of a symmetrically electrode Na|25LNN|Na cell 

 

To determine the conducting ionic species in the LNN compositions, a coin cell featuring the most 

conductive 25LNN sample was constructed with symmetric Na electrodes. This cell was cycled 

(via a galvanostatic cycling (GSC) operation) with a progressively increasing target current at 60 

°C. The current-voltage plot of the cell under cyclic voltage loading is shown in figure 8.13.  

 

The fact that a voltage could be established across the cell when a small current was applied 

suggests the Na from the electrodes is capable of migrating through the ceramic, and that the ionic 

species that is observed to conduct through the sample at lower temperatures, producing the 

Warburg spike evident in the Z* plot of figure 8.9, are Na+ ions. 

Figure 8.13: The galvanostatic cycling of the Na|25LNN|Na symmetric cell at 60 °C. The ability to run 
current through the sample indicates Na+ conductivity at lower temperatures. 
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8.4 Discussion 

 

XRD diffraction patterns in figure 8.1 and SEM micrographs in figure 8.3 suggest the intended 

LaxNa1-3xNbO3 stoichiometry is formed, with no discernible secondary phase formation occurring. 

La3+ substitution into the A site sublattice is accommodated for by formation of  𝑉𝑁𝑎
′ . The linear 

expansion of the pseudo-cubic sub-cell with increasing La3+ content is in agreement with this 

notion, in accordance with Vegard’s law, although deviation from linearity is observed towards 

the La1/3NbO3 end member, beyond 20LNN. This can be attributed to the progressive ordering of  

La3+/𝑉𝑁𝑎
′  into alternating (002) planes, doubling the c axis in the tetragonal P4/mmm and 

orthorhombic Cmmm symmetries with respect to the pseudo-cubic ideal ABO3 perovskite unit 

cell. Superlattice reflections associated with this cell doubling along [001] are clear when 

comparing the 15LNN and 25LNN diffraction patterns in figure 8.1 a), with peaks of the (h k odd) 

type appearing, such as the (001) singlet at 5.2 °. The expansion of the pseudo-cubic sub-cell with 

increasing La3+ and thus 𝑉𝑁𝑎
′  concentration is a direct result of increasing anionic repulsion effects 

with reduced average A site occupancy, rather than a size effect of competing A site cations since 

𝐿𝑎(𝑋𝐼𝐼)
3+  has a smaller radius (1.36 Å) than 𝑁𝑎(𝑋𝐼𝐼)

+  (1.39 Å). As the La3+/𝑉𝑁𝑎
′  are able to order within 

the tetragonal and orthorhombic symmetries at higher concentrations, this anionic repulsion 

effect is increasingly screened, and cell expansion rates are reduced. 

Peaks in the range 16 < 2θ (°) < 20 for compositions below 15LNN, magnified in figure 8.1 c), are 

reflections associated with both the independent and combinatorial effect of the in-phase and 

antiphase tilting of the [NbO6] octahedra, as well as the antiparallel Nb displacements. These 

peaks can be indexed as being (h k odd) type, which correspond to quarter integer ¼(001)pc 

reflections,  implying the quadrupling of the unit cell along the c axis compatible with the P-type 

room temperature polymorph of NaNbO3. From comparison of the superlattice reflections with 

the simulated patterns of both the P and Q phases of figure 8.1 b), similarity between the LNN 

samples and the P polymorph is clear. The most obvious difference is observed at ~ 19.5 °, where 

the experimental peak intensity is relatively weak compared to that expected of the (014) peak 

associated with the antiphase tilting in the ferroelectric Q room temperature polymorph of 

NaNbO3.  Thus, La3+ doping stabilises the antiferroelectric P phase at room temperature.  This is 

similar to CaZrO3 substitution into NaNbO3 which has been reported to stabilise the 

antiferroelectric P polymorph [210,292], but contrasts to Sr2+ doped NaNbO3, where the Q phase 

stabilisation is achieved [201,204,291]. Since Ca and Sr both introduce one vacancy per mole 

dopant, a good comparison between cation size and polymorphic stabilisation in doped NaNbO3 
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can be inferred. The P phase appears to be stabilised by a reduction in tolerance factor based on 

the A-site cation difference (ignoring vacancy radii), for which this La-based system is in 

agreement with.  

Cation size, by virtue of this phase stabilisation preference, is also found to prefer the suppression 

of certain tilt systems, unsurprising since tilt systems act to reduce the volume of the A site 

interstice and improve cation coordination. For both this La-based system and the Ca-based 

system, increasing 𝑉𝑁𝑎
′  begins to inhibit both the in-phase and anti-phase tilt sequences that 

create the antiferroelectric symmetry to the same extent. No preference for the suppression of a 

particular sense of tilt is apparent since all superlattice reflections in the range 16 < 2θ (°) < 20 

reduce in intensity to the same degree with composition. This is unlike the Bi3+ doped system, 

which appears to predominantly favour the suppression of anti-phase tilting [194], or Sr2+ doped 

NaNbO3 which exhibits a preference for in-phase octahedral tilt suppression [201].  

It is important to distinguish that the pseudo-cubic symmetry observed between 15LNN and 

25LNN reflects the average structure of the compositions near the midpoint of the solid solution. 

There is evidence of diffuse scattering between the (100) and (110) peak between 10 – 15 ° 

manifesting as a ‘curvature’ of the background intensity, corresponding to the same d-space 

region as the (101) ordering peak that appears in 25LNN. This could suggest a local ordering of 

La3+/𝑉𝑁𝑎
′  (and local tetragonal symmetry) is present within the pseudo-cubic compositions, with 

insufficient periodicity to create a Bragg type reflection. After 25 LNN, a threshold 𝑉𝑁𝑎
′  

concentration of 50 mol% drives a macroscopic ordering of A site cations and 𝑉𝑁𝑎
′  into alternating 

(001) planes, however diffusivity around these ordering peaks remains and indicates a clear 

competing long range vs short range structural ordering effect. Such local structure is better 

probed through characterisation techniques such as total scattering/pair distribution function 

analysis. Such local structural techniques had revealed the clustering of Bi3+ and 𝑉𝑁𝑎
′  in the Bi 

analogue, which had driven the order-disorder transition described at ~ 10 mol% Bi3+ doping.  

The core-shell type microstructure that is evident in figure 8.3 for compositions below 25LNN is 

relatively minor as EDS elemental line distributions shown in figure 8.4 for 10LNN reveal only a 

small decrease in [Na], whilst other elements including La appear relatively invariant. This could 

be a result of Na volatility, with core Na migrating towards the grain boundaries to compensate 

the loss of volatilisation of Na that may occur during sintering. However, given the inherent 

limitations of EDS at quantitatively defining the elemental distributions of light elements, and the 

low concentration drop suggested by the EDS line scans, the observed Na deficiencies may only 

truly be confirmed by a more resolute, WDS quantification in the future.  
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The dielectric responses show interesting and variable behaviour across the solid solution. Small 

La3+/𝑉𝑁𝑎
′  concentrations stabilise the typical NaNbO3 profile, with limited influence on the 

antiparallel Nb displacements that yield the polarisation response but rather a reduction in the 

length scale of domain formation that occurs.  This contrasts to Bi doped NaNbO3 where the same 

number of vacancies are generated per mole of A-site dopant, yet for 5 mol%  Tm drops below 100 

°C and shows large tan δ [195]. In that system there is an additional influence from the 

stereochemically active 6s2 lone pair which will add additional disruption to the polar ordering, 

whilst Bi (as well as Na) is volatile at the sintering temperature utilised, and additional non-

stoichiometries could be introduced imparting the higher dielectric losses observed. The sudden 

drop in Tm and diffusivity enhancement of the dielectric permittivity response between 5LNN and 

7.5LNN characterises an order-disorder transition associated to the cooperative/correlated Nb 

cation displacements. This type of transition has been observed in a wide variety of A-site 

deficient NaNbO3 systems, in Bi-, Sr- and Ca-NaNbO3 [194,195,201,205], occurring universally at 

[𝑉𝑁𝑎
′ ]~ 15-20 mol%. Levin et al [194] directly observed clustering of the vacancies associated 

with this transition, inducing a short scale ordering effect common in relaxor materials and 

inducing the diffuse frequency dependent permittivity response observed here. It is expected that 

a similar effect occurs universally for these A-site deficient NaNbO3 materials. The progressive 

decrease in permittivity magnitude beyond 7.5LNN reflects a reduction in size and frequency of 

these polar clusters (PNRs) that are embedded within a macroscopically non-polar matrix. A 

permittivity ~ 180 for the La1/3NbO3 end member is higher than that expected of the atomic 

polarisability of its component ions. This is likely a result of Nb displacements that occur away 

from the A site vacant planes of La1/3NbO3, enhancing the local dipole moments that form [167].  

The enhanced diffusivity associated with this order-disorder transition between 5LNN and 

7.5LNN reduces the TCC, clear from figure 8.6.  This, however, is only sufficient for X7R or X8R 

class II MLCCs near 25LNN, at which point the permittivity is maximised at the -55 °C minimum 

operating bound and is below 300 for all compositions. Not only is this permittivity magnitude 

unreasonably small for class II dielectrics but high dielectric losses associated with ionic 

conduction render these materials redundant for dielectric applications. Only those between 

7.5LNN and 15LNN would find use in temperature stable dielectrics, and would need to be 

utilised within an appropriate dielectric architecture, such as a multilayer lamination or 

composite structure, to satisfy any useful TCC criteria.   

10LNN does show a linear-type permittivity variation, producing a linear type PE response whose 

maximum polarisation is limited by its breakdown strength rather than saturation effects. The 

magnitude of recoverable energy density is not competitive with respect to other A-site deficient 

NaNbO3 compositions [195], although many of these materials have energy density quantification 
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towards much higher electric field applications ~ 200 kVcm-1. However, the role of A site 

vacancies in linearising the field dependency of polarisation is clear. This is achieved without the 

need for a multitude of dopants, as is often the case [293,294]. There is also a clear window for 

improving field strength, through reduction in sample thickness and the statistical reduction in 

breakdown nucleating flaws, by improving the density of the sample, or manipulating grain size. 

The use of a more polarisable dopant species in the solid solution, such as Bi3+ which whose 

stereochemical lone pair enhances off centring of the cation and improves dipole moment 

magnitudes, could work well for such an application, and is likely a reason such a system offered 

a recoverable energy density over twice greater than that reported here [195]. The composition 

for the LNN series with respect to energy density application was not optimised and compositions 

closer to the 7.5LNN order-disorder transition with less vacancies may offer greater polarisability 

and higher recoverable energy density. 

At compositions ≥ 15LNN, Na+ ionic conduction becomes clear from the presence of a low 

frequency Warburg diffusion element in the Z* plots, combined with the GSC data for the 

symmetric Na|25LNN|Na cell constructed. This is a sensible result since a monovalent ion can 

migrate though channels that begin to percolate through the structure with increasing vacancy 

concentration, shown for perovskite compositions in the LiNbO3-La1/3NbO3 binary system [177].  

This ionic conductivity is of course not desirable from a dielectric perspective, but optimises at 

25LNN with a value of 8.0 x 10-5 Scm-1 at 400 °C. This may be a consequence of a morphotropic 

type phase boundary where local coexistence of disordered and ordered vacancy states exist 

between a tetragonal and pseudo-cubic state, providing an optimal level of migration pathways. 

This may be combined with a favourable balance of columbic attractions between positively 

charged La3+/ (mobile) Na+ cations and the relatively negatively charged 𝑉𝑁𝑎
′ , as well as an 

optimal number of Na+ species available for migration.  

A review of this same composition [190] found a total conductivity ~ 1.06 x 10-5 Scm-1 at 30 °C 

with a comparable activation energy ~ 0.32 eV, suggesting similar Na+ dominant ionic 

conductivity. Extrapolating this to 400 °C would give a conductivity two orders of magnitude 

greater than the one reported in this thesis, ~ 8.8 x 10-3 Scm-1. There was, however, variability in 

processing between this report by Kong et al [190] and that presented here. 15 wt.% additional 

Na2C03 was added by Kong et al [190] to limit Na volatilisation effects during sintering  at a 

comparatively lower temperatures of 1250 °C. The SEM micrographs are limited and do not show 

a large distribution of grains, nor are EDX results presented. Electrical heterogeneity is clear 

within the Z* plots, with a grain bulk, grain boundary and an additional uncharacterised arc 

present, unlike the Z* plots shown in figure 8.9. XRD diffraction patterns presented by Kong et al 

[190] also show broad and asymmetric peaks not consistent with tetragonal symmetry, and so 
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this discrepancy in total conductivity is likely a product of a unique multiphasic distribution of 

phases in the reported literature work.  

Should the ionic conductivity be strongly linked to the coexistence of disordered and ordered 

states of 𝑉𝑁𝑎
′  at the pseudo-cubic/tetragonal phase boundary, variation in the B site cation could 

have a significant influence on the maximum achievable Na+ ionic conductivity. Since the room 

temperature polymorph of La1/3TaO3 is tetragonal P4/mmm as opposed to Orthorhombic Cmmm, 

the onset of an disorder-order condition between tetragonal and pseudo-cubic cells (~25LNN in 

the Nb based system) will possibly occur at a different Na content. Since Nb and Ta are of similar 

size, bottleneck sizes considered to be the main potential barrier for migration are expected to be 

similar and thus a different Na concentration could yield improved diffusion coefficients.  

For the La1/3NbO3 end member, the low frequency response in the Z* plots reveal a low 

temperature ionic contribution to the conductivity. Its activation energy is similar, but different 

to Na containing compositions, whilst the temperature dependence of the conductivity appears 

more convoluted, with multiple gradients and transition states yielding an often-curved 

temperature dependence. Of course, the species being conducted at low temperatures in 

La1/3NbO3 can no longer be Na+. This leaves three possibilities to consider: 

i) Proton (H+) conduction (due to adsorbed water near RT) 

ii) O2- conduction 

iii) La3+ conduction 

The species being conducted has not been identified to date, although ongoing efforts are in 

progress. There is a lack of any observable increase in resistivity above RT as a sample is heated 

as any (potential) H+ ions are evaporated as water. For O2- ions, it is not likely that La3+ would 

have acceptor doped into the B site on account of its large size, nor is there any volatile Na to 

induce non-stoichiometry. The formation of 𝑉𝑂
∙∙ is difficult to rationalise on this basis, and no La 

containing secondary phases are present within the microstructure from XRD or SEM analyses. 

O18 time of flight secondary ion mass spectrometry measurements are being conducted (Prof 

Roger de Souza, Aachen University) to determine if oxygen ions are mobile or not. La3+
 has been 

proposed to migrate through La1/3NbO3 in early work [169] however had been discredited on the 

basis of a lack of in-depth phase analysis on a post electrolysis sample, from which oxide ion 

conductivity was inferred. Furthermore, no effort was made to discredit protonic conductivity.  

 

8.5 Conclusions 
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A complete solid solution is formed between NaNbO3 and La1/3NbO3, with A site vacancies formed 

as charge compensating defects. No additional phases were evident in XRD or SEM analyses. The 

increasing structural strain imposed by A site vacancies and smaller La3+ cation doping for Na+ is 

relaxed through a series of room temperature phase transitions, driven by [NbO6] tilt variation, 

Nb displacements and disordering of the A site species. These structural variations are reflected 

in the range of dielectric behaviours exhibited across the solid solution series.  At low 

concentrations of La3+/VNa’ below 7.5LNN, antiferroelectric dielectrics are obtained, and the A site 

vacancies introduced simply act as Tm shifters. Dielectric losses remain low across a wide 

temperature range, up to 480 °C, but TCC remains highly temperature sensitive.   

For materials between 7.5 and 15LNN, an order-disorder transition occurs and relaxor-

antiferroelectric dielectrics are observed. TCC is improved and dielectric behaviour is retained, 

although the TCC achieved is insufficient for X7R or X8R classification. Linear type polarisation-

electric field dependence is achieved through this reduction in polar correlation lengths, with 

decent energy storage efficiencies achieved but limited recoverable energy densities. For the 15 

< La3+ (mol%) < 33 range, the materials can be characterised as mixed n-type electronic/Na+ 

conducting materials. These compositions are Na+ dominant at low and intermediate 

temperatures, and electronically dominant at high temperatures. Na+ ionic conductivity is 

optimised for 25LNN.  Ionic conductivity is achieved for the La1/3NbO3 end member, for which the 

mobile species is currently being investigated.  
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Table D1: The refined lattice parameters and volumes, with associated goodness of fit parameters, for 
each of the refined  LaxNa1-3xNbO3  components. 

 

 

LaxNa1-3xNbO3 

x a b c volume Rwp χ2 

0 5.50074(7) 5.56398(7) 15.5157(1) 474.875(6) 6.431 7.91 

0.05 5.50441(6) 5.55156(6) 15.59188(15) 476.458(7) 5.687 6.09 

0.075 5.5293(1) 5.5388(1) 15.6214(2) 478.425(6) 5.666 4.732 

0.1 5.5323(8) 5.5318(8) 15.6388(9) 478.614(4) 5.479 3.814 

0.15 3.91583(1)   60.045(1) 5.629 4.824 

0.2 3.9199(2)   60.234(1) 6.805 2.816 

0.25 3.92267(4)  7.85962(16) 120.939(2) 9.579 19.591 

0.27 7.82741(11) 7.83491(13) 7.88474(5) 483.548(5) 4.940 4.338 

0.31 7.81532(4) 7.83636(6) 7.90122(5) 483.914(6) 5.143 4.607 

0.33 7.81624(5) 7.83435(7) 7.90804(6) 484.251(5) 4.715 2.780 

Figure D1-D4: The Rietveld Refinements for x=0.05, 0.2, 0.25 & 0.33, Showing the 4 symmetries observed 
across the LaxNa1-3xNbO3 solid solution 
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0LNN 

Site x y z Fraction Uiso 

Na(1) 0.2278(14) 0.25 0 0.985(5) 0.0115(19) 

Na(2) 0.2303(16) 0.2200(9) 0.250 0.998(6) 0.0173(24) 

Nb 0.2530(3) 0.7318(2) 0.1245(2) 1 0.0077(1) 

O(1) 0.680(2) 0.250 0 1 0.0076(33) 

O(2) 0.2023(26) 0.7623(17) 0.25 1 0.0193(37) 

O(3) 0.4737(12) 0.4600(16) 0.1407(9) 1 0.0262(26) 

O(4) 0.0325(11) 0.0328(12) 0.1096(9) 1 0.0189(24) 

Microstrain Equatorial: 1287(38), axial: 501(20) 

Crystallite Size (µm) 1.88(12) 

Nb-O(1,2,3,4) 1.9695(8),1.9741(2),1.9829(2),2.0804(4) 

Na(1)-O(1a,b, 3,4) 2.8278(6)a/2.4869(9)b, 2.8309(3), 2.3471(9) 

Na(2)-O(2a,b, 3a,b 4) 3.0211(3)a/2.5514(5)b, 2.7611(9)a/2.5395(6)b, 2.6481(6) 

5LNN 

Site x y z Fraction Uiso 

La(1) 0.234(75) 0.25 0 0.054(2) 0.040(45) 

Na(1) 0.237(19) 0.25 0 0.831(4) 0.004(13) 

La(2) 0.250(25) 0.176(17) 0.250 0.031(2) 0.018(24) 

Na(2) 0.233(3) 0.232(2) 0.250 0.861(5) 0.005(7) 

Nb 0.2509(4) 0.7365(2) 0.1249(4) 1 0.00996(9) 

O(1) 0.698(4) 0.250 0 1 0.0179(7) 

O(2) 0.2083(41) 0.758(2) 0.25 1 0.0179(7) 

O(3) 0.476(1) 0.473(2) 0.140(1) 1 0.0179(7) 

O(4) 0.0289(14) 0.032(1) 0.112(1) 1 0.0179(7) 

Microstrain 713 (35) 

Crystallite Size (µm) 2.47(44) 

Nb-O(1,2,3a,b,4) 1.9690(9),1.9679(2),2.0100(7)a/1.9310(4)b,2.0574(6) 

Na(1)-O(1a,b, 3a,b, 4) 2.7981(8)a/2.5406(9)b, 3.1038(2)a/2.8306(6)b, 2.4130(5) 

La(1)-O(1a,b 3a,b, 4) 2.7999(5)a/2.5544(2)b, 3.1107(9)a/2.8444(4)b, 2.4130(5)  

Na(2)-O(2a,b, 3a,b 4) 3.0758(8)a/2.9260(6)b, 2.7466(9)a/2.5499(7)b, 2.6697(3) 

La(2)-O(2a,b, 3a,b 4) 3.2436(11)a/2.3274(54)b, 2.6834(1)a/2.5413(4)b, 2.5973(8) 
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7.5LNN 

Site x y z Fraction Uiso 

La(1) 0.237(18) 0.25 0 0.071(5) 0.011(28) 

Na(1) 0.246(13) 0.25 0 0.773(4) 0.004(15) 

La(2) 0.275(6) 0.264(7) 0.250 0.076(4) 0.009(78) 

Na(2) 0.218(4) 0.230(4) 0.250 0.752(6) 0.011(5) 

Nb 0.2516(2) 0.7473(6) 0.1256(4) 1 0.0105(1) 

O(1) 0.683(4) 0.250 0 1 0.021(7) 

O(2) 0.260(5) 0.778(6) 0.25 1 0.011(4) 

O(3) 0.491(4) 0.484(6) 0.139(1) 1 0.024(7) 

O(4) 0.0078(41) 0.023(5) 0.111(2) 1 0.039(8) 

Microstrain 1762 (135) 

Crystallite Size (µm) 10(27) 

Nb-O(1,2,3a,b,4) 1.9946(4),1.9515(8),1.9771(7)a/1.9522(8)b,2.0499(6) 

Na(1)-O(1a,b, 3a,b, 4) 2.7963(5)a/2.4172(5)b, 3.0073(6)a/2.8778(2)b, 2.5195(5) 

La(1)-O(1a,b 3a,b, 4) 2.8039(8)a/2.4690(1)b, 3.0326(9)a/2.8778(2)b, 2.4928(5)  

Na(2)-O(2a,b, 3a,b 4) 3.0453(2)a/2.8954(2)b, 2.7223(4)a/2.6852(1)b, 2.7121(3) 

La(2)-O(2a,b, 3a,b 4) 2.8520(2)a/2.5665(5)b, 2.6516(7)a/2.4220(3)b, 2.9422(8) 

10LNN 

Site x y z Fraction Uiso 

La(1) 0.244(60) 0.25 0 0.108(3) 0.0058(38) 

Na(1) 0.244(50) 0.25 0 0.693(3) 0.021(7) 

La(2) 0.275(5) 0.259(10) 0.250 0.098(3) 0.015(11) 

Na(2) 0.231(7) 0.241(11) 0.250 0.687(8) 0.014(10) 

Nb 0.2513(3) 0.7479(6) 0.1252(2) 1 0.0119(1) 

O(1) 0.703(6) 0.250 0 1 0.0276(6) 

O(2) 0.274(5) 0.781(6) 0.25 1 0.0276(6) 

O(3) 0.479(3) 0.485(5) 0.140(1) 1 0.0276(6) 

O(4) 0.018(4) 0.015(7) 0.120(1) 1 0.0276(6) 

Microstrain 844 (29) 

Crystallite Size (µm) 4.7(15) 

Nb-O(1,2,3a,b,4) 1.9743(4),1.9662(3),1.9733(1)a/1.9322(8)b,2.0560(9) 

Na(1)-O(1a,b, 3a,b, 4) 2.8114(7)a/2.4332(6)b, 3.0311(11)a/2.6114(2)b, 2.5221(8) 

La(1)-O(1a,b 3a,b, 4) 2.8114(6)a/2.4778(2)b, 3.0145(8)a/2.8812(4)b, 2.5233(7)  

Na(2)-O(2a,b, 3a,b 4) 3.0335(1)a/2.9022(3)b, 2.7341(5)a/2.7231(9)b, 2.7633(10) 

La(2)-O(2a,b, 3a,b 4) 2.8931(10)a/2.6613(5)b, 2.63112(5)a/2.4451(2)b, 2.8113(7) 
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15LNN 

Site x y z Fraction Uiso 

La 0 0 0 0.147(8) 0.0034(13) 

Na 0 0 0 0.544(3) 0.0234(34) 

Nb 0.5 0.5 0.5 1 0.0104(1) 

O 0 0.5 0.5 1 0.0341(6) 

Microstrain 546 (27) 

Crystallite Size (µm) 2.74(48) 

Nb-O 1.95792(1) 

La,Na-O 2.76891(1) 

20LNN 

Site x y z Fraction Uiso 

La 0 0 0 0.108(3) 0.015(11) 

Na 0 0 0 0.693(3) 0.011(13) 

Nb 0.5 0.5 0.5 0.098(3) 0.0131(2) 

O 0 0.5 0.5 0.687(8) 0.0290(8) 

Microstrain 384 (18) 

Crystallite Size (µm) 10(2) 

Nb-O 1.95998(1) 

La,Na-O 2.77983(1) 

25LNN 

Site x y z Fraction Uiso 

La 0 0 0 0.216(8) 0.0107(14) 

Na 0 0 0 0.393(5) 0.0113(4) 

La(2) 0 0 0.5 0.295(1) 0.0074(22) 

Na(2) 0 0 0.5 0.100(11) 0.0118(11) 

Nb 0.5 0.5 0.2552(2) 1 0.0126(2) 

O(5) 0.5 0.5 0 1 0.0179(67) 

O(6) 0.5 0.5 0.5 1 0.0303(74) 

O(7) 0 0.5 0.2409(7) 1 0.0234(34) 

Microstrain Equatorial: 988(38) Axial: 1035(111) 

Crystallite Size (µm) 3.477(62) 

Nb-O(5,6,7) 2.0061(6),1.9237(9),1.9645(2) 

La,Na-O(5,7) 2.7737(3),2.7266(5) 

La,Na(2)-O(6,7) 2.7737(6),2.8268(8) 
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27LNN 

Site x y z Fraction Uiso 

La 0 0.2463(11) 0 0.502(1) 0.0053(2) 

Na 0 0.2657(28) 0 0.372(5) 0.0284(4) 

La(2) 0 0.2560(18) 0.5 0.041(1) 0.0119(25) 

Nb 0.2507(7) 0 0.2601(1) 1 0.0117(1) 

O(3) 0.2494(5) 0 0 1 0.0231(17) 

O(4) 0.2705(19) 0 0.5 1 0.0177(17) 

O(5) 0 0 0.2458(38) 1 0.0169(57) 

O(6) 0 0.5 0.2073(20) 1 0.0202(44) 

O(7) 0.25 0.25 0.2425(19) 1 0.0094(26) 

Microstrain S400: 266(32), S040: 468(53), S004: 409(31), S220: -49(21), S202: 

-100(34), S022: 547(67) 

Crystallite Size (µm) 0.778(26) 

Nb-O(3,4,5,6,7) 2.0615(11), 1.9017(11), 1.9594(55), 1.9875(58), 1.9684(8) 

La-O(3
a,b

4,5,6) 2.9014(8)
a
/2.635(8)

b
, 2.700(6), 2.5921(8), 2.8044(9) 

Na-O(3
a,b

4,5,6) 2.926(3)
a
/2.653(2)

b
, 3.080(30)2.311(3), 2.722(7) 

 

31LNN 

Site x y z Fraction Uiso 

La 0 0.2462(2) 0 0.611 (5) 0.0047(29) 

Na 0 0.2945(48) 0 0.122(4) 0.038(4) 

Nb 0.2507(7) 0 0.2601(1) 1 0.0119(1) 

O(3) 0.2296(14) 0 0 1 0.014(5) 

O(4) 0.2701(14) 0 0.5 1 0.014(5) 

O(5) 0 0 0.2575(15) 1 0.014(5) 

O(6) 0 0.5 0.2103(14) 1 0.014(5) 

O(7) 0.25 0.25 0.235(1) 1 0.014(5) 

Microstrain 744 (41) 

Crystallite Size (µm) 1.12(33) 

Nb-O(3,4,5,6,7) 2.0615(11), 1.9017(11), 1.9594(55), 1.9875(58), 1.9684(8) 

La-O(3
a,b

4,5,6) 2.9014(8)
a
/2.635(8)

b
, 2.700(6), 2.5921(8), 2.8044(9) 

Na-O(3
a,b

4,5,6) 2.926(3)
a
/2.653(2)

b
, 3.080(30)2.311(3), 2.722(7) 
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33LNN 

Site x y z Fraction Uiso 

La 0 0.2455(3) 0 0.668(1) 0.0059(2) 

Nb 0.2505(5) 0 0.2604(1) 1 0.0109(1) 

O(3) 0.2308(13) 0 0 1 0.0103(5) 

O(4) 0.2711(12) 0 0.5 1 0.0103(5) 

O(5) 0 0 0.248(2) 1 0.0103(5) 

O(6) 0 0.5 0.2102(4) 1 0.0103(5) 

O(7) 0.25 0.25 0.238(1) 1 0.0103(5) 

Microstrain 650(28) 

Crystallite Size (µm) 3.44(86) 

Nb-O(1,2,3,4,5) 2.06575(2), 1.90093(1), 1.96066(2), 1.98978(2), 1.96610(0) 

La-O(1
a,b 

3,4,5) 2.89819(1)
a
/2.63751(1)

b
, 2.75077(1), 2.59576(1), 2.71763(2) 

 

Table D2-D11: The refined site coordinates, fractions, Uiso, microstrain and crystallite sizes for each LNN 

material synthesised. The A-O and B-O bond lengths are also tabulated. 

A-Oa,b refers to (a) long and (b) short cation-oxygen bonds between the crystallographically 

distinct sites.  

Oxygen Uiso and are held equivalent for 33, 31, 10 & 5LNN. Oxygen site fractions are held at 1 for 

all samples with the exception of 20LNN. These are done for the purpose of maintaining a stable 

refinement.  
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9 Conclusions 

 

The composites investigated show desirable dielectric properties for a materials system with 

prospective use within temperature stable class II MLCCs. For a system considered for X7R TCC 

specification, a relative permittivity of ~2000 can be obtained with low dielectric losses (tan δ < 

0.05) for a temperature range far exceeding the interested -55 to 125 °C X7R boundaries. BT and 

60NNBT can be mixed together under a short period, using both hand mixing (0.5 hours) and ball 

milling (6 hours) methods, to achieve a reproducible dielectric response. With small additions of 

sintering glass, the density can be improved and the dielectric breakdown strength is a 

reasonable ~ 110 kVcm-1 for composites. If X8R TCC specification is required, doping of ~ 7 mol% 

calcium into the A site of the BT matrix phase, forming BCT, results in the necessary extension of 

temperature stability. This comes at a cost of a reduction in permittivity magnitude, by almost 

half, and so thinner dielectric layers in an MLCC (thinner by roughly half) are necessary with these 

BCT composites relative to the BT composites to achieve an equivalent device capacitance. Based 

on the reasonable resistance to field induced dielectric breakdown, BCT composites with ≤ 2 wt.% 

glass addition could operate in the inherently higher electric field conditions imposed. 

Although results chapter 3 focused on enhancing the industrial scalability of the composite 

systems, there are still more questions to be answered before true industrial feasibility can be 

ascribed. Firstly, the sintering conditions used were all under air. For an MLCC formulation to be 

attractive industrially, its electrodes would need to be base metal (BME) for their lower cost 

(relative to inert Au, Pt or Ag-Pd types often used), and thus susceptible to oxidation under air 

sintering. This means that sintering of the dielectric must be performed under reduced 

atmospheres, and with the absence of any type of acceptor dopant within the system, it is likely 

that the dielectric behaviour of the composites would be lost. This is unless Ca is able to act as an 

amphoteric dopant and locate onto the B site of the matrix phase, however this would impart a 

significant reduction of Tm associated to the matrix BCT phase which is essential to yielding X8R 

rated TCC in the composite. Low pO2 conditions would also be observed in an organic burn off 

stage during manufacture, where components of the slurry used to ensure mechanical 

compliance with the casting methods used are removed. A reoxidation stage upon cooling would 

be necessary. 

Based on the Na content, and the Ellingham diagram for Ni and Na, Ni would act as a reducing 

agent for Na, causing the precipitation of Na metal and the oxidation of Ni. The two are 

thermodynamically incompatible at the processing conditions utilised for MLCCs and the 1250 °C 

sintering temperature used here. Cu is a BME more thermodynamically compatible with Na and 
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offers an inherent advantage over Ni in its comparably lower associated impedance. Its 

processing conditions do, however, necessitate a lower sintering temperature than what has been 

used within this thesis, < 1000 °C, based on its lower melting point compared to Ni. This could be 

achieved with the addition of glass or different commercial sintering additives, on thinner tapes 

as opposed to bulk samples. Further studies on the sintering conditions of the all nano-powder 

BCT, BT and NN mix used in results chapter 3 could yield a sufficiently lower sintering 

temperature for dense composite dielectric layers. This would, of course, necessitate further 

investigation. The lower firing temperature associated with the Cu BME could also reduce the 

potential for reduction, inhibiting the transition to semiconducting behaviour possible under 

lower pO2. 

Thus, the composite system shows a good, reproducible and industrially non-disruptive 

architecture to achieving temperature stable dielectric permittivity response from materials that 

independently cannot meet X7R or X8R TCC specification. The composite system represents a 

more competitive NNBT based macrostructure compared to multilayer systems suggested by 

preceding work [149,231,232] on an account of a lack of need for interfacial interdiffusion 

barriers, nor will it carry the same concerns of interlayer delamination and the additional 

manufacturing complexities that sequential layer lamination imposes. It does not, however, at 

this point represent a system that is capable of displacing BT core shell type formulations unless 

its processing window can be better understood. Should it be Cu compatible with lower 

associated sintering temperatures compared to existing conditions, it may become a more 

attractive formulation. There is a lack of rare earths in this composite system that are often used 

in industrial BaTiO3 on account of their amphoteric doping nature and core-shell inducing 

diffusion properties, which are undesirable for cost and geopolitically related availability 

insecurities. However, as discussed previously, this system has not sintered under industrial 

conditions and the behaviour without similar amphoteric dopants is unknown.  

For the LNN system, dielectric behaviour is only observed for a select compositional window in 

the solid solution, specifically 0 ≤ La3+ (mol%) < 15 substitutions into the A site sublattice. For 

this window, TCC is only improved for compositions of an even smaller compositional space, 

above the order-disorder transition at 7.5LNN. Despite ‘flattening’ of TCC, its variance still 

exceeds the ± 15 % boundaries required for an R type class II dielectric, and at much lower 

temperatures than the -55 to 125/150 °C operational window. These dielectrics would not be 

appropriate for class II temperature stable MLCCs.  

The variation in electrical properties with increasing La3+/𝑉𝑁𝑎
′  concentration is, however, a more 

interesting property of the solid solution. A transition between a dielectric-antiferroelectric, 

linear-dielectric and a mixed ionic-electronic conductor can be achieved solely by changing the 
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𝑉𝑁𝑎
′  concentration in the system and mediating structural transitions/order-disorder states. The 

linear dielectric response exhibits moderate energy storage efficiency and density, and should a 

more polarisable/breakdown resistant composition be found, promises higher recoverable 

energy densities suitable for energy density applications.  

There is certainly plenty of scope for enhancing the Na+ conductivity within the A-site deficient 

NaNbO3 perovskite window. Different sized rare earth A-site cations would be a first start. 

Addition of 6+ valence states into the perovskite B site, such as W or Mo doping of LNN, could 

encourage further A site vacancy concentration per Na/La ratio.  This may represent another 

avenue for Na+ conductivity optimisation. Should this conductivity be improved, the mixed 

conductivity nature of the LNN sample could find itself with prospective integration as an 

electrode material. The Na-Ce1/3NbO3 analogues, for example, showed zero strain [295], a 

property appropriate for anode materials in batteries and a property potentially shared by this 

isostructural LNN series.  Alternatively, additional dopants can be used to minimise the electronic 

contribution to the conductivity and isolate the Na+ ionic conductivity, leaving this as a solid-state 

electrolyte instead.  The La1/3NbO3 composition brings additional interesting complexities, for the 

ionic conduction that is clearly present must be a different but unknown migrating species. This 

solid solution represents a hugely diverse compositional space that clearly offers a basis for 

optimisation for a series of differing applications, all through the variation in  𝑉𝑁𝑎
′ . 

 

10 Future Work 

 

For the composite system, future work will predominantly relate to enhancing the 

industrial/commercial feasibility of the system with respect to MLCC integration. For the system 

formed of a stoichiometric mix of commercial NN, BT and BCT nano powders, characterisation of 

the NNBT phase grain size and morphology using SEM, whilst analysing intragranular 

compositional heterogeneity via EDX and/or WDS, is necessary to understand the lower 

permittivity contribution such phases offer with respect to composites formed of pre-calcined 

60NNBT. Should the lower permittivity be associated with smaller grain sizes, work should 

proceed on modifying the sintering conditions to facilitate grain coarsening and an increase in 

the polar correlation lengths without compromising the compositional heterogeneity between 

the BCT matrix and NNBT secondary phases. There was no data obtained for the reproducibility 

of this ‘industrial mix’ of commercial nano powders, thus, it is unknown at this stage whether or 

not this variability of permittivity response observed for a composite formed of commercial nano 

powders is a function of the starting materials used in the pre-sintered mixture or not. 
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Additional studies on the ability to lower the sintering temperature should be conducted. The 

addition of glass as a sintering aid, and the transient liquid phase formed during sintering, should 

mediate densification at reduced sintering temperatures. The composites with glass addition 

should be sintered at temperatures below 1250 °C and close to 1000 °C, with the prospect of 

utilising Cu electrodes in prototype MLCCs. The dwell time may need to be increased from 0.5 

hours to accommodate for the lower temperature at sintering. Should bulk densities be 

achievable at these sufficiently lower sintering temperatures, a prototype MLCC utilising the 

BC7T-60NNBT mixtures discussed in results chapter 2 should be constructed using Cu internal 

electrodes. This will need to be sintered under an inert/reducing atmosphere, likely N2, and 

reoxidised during an annealing stage at a temperature below sintering under a higher pO2. 

Dielectric spectroscopy will be important to understand if the dielectric properties of the 

composite have been retained, considering no acceptor dopants have been used within the 

formulation. 

For the LNN system, local structure analysis, potentially using neutron diffraction and pair 

distribution analyses or HRTEM, will be necessary to describe the difference in local structure 

from macrostructure which is evident from the diffusivity of some diffraction pattern reflections. 

Vacancy ordering and octahedral tilting cooperation is confined to incommensurate 

microdomains within the La1/3NbO3 end member, and incur the diffusivity in the Bi doped 

NaNbO3 system [194]. It will be analogous within this A site deficient LNN system, where the 

complete solid solution formed will offer a greater range of compositions to investigate these 

structural intricacies. Furthermore, the effect of local structure on optimal conductivity within 

these A site deficient NaNbO3 systems has not been described since other compositions, such as 

Ca, Sr or Bi, are unable to exceed the 20 mol% doping concentration on account of secondary 

phase formation. There is a large scope for conductivity optimisation within this family of RExNa1-

3xNbO3 A site deficient perovskites. Donor doping of the B site with W6+ or Mo6+ could increase the 

number of A-site vacancies introduced, or co doping of larger Ba2+ with W6+ can expand the O4 

bottleneck within the vacancy ordered 25LNN sample to improve the diffusion coefficient of Na+ 

without compromising the number of A site vacancies formed.  
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