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Abstract

This research describes changes in the magnetic properties of 3d transition
metals with hybrid nanocarbon and molecular carbon interfaces. Sputtered
amorphous carbon (a-C) offers a simple and cheap pathway to tune the
magnetic properties of transition metal thin films for magnetic memories
and different spintronic applications. Here, amorphous nanocarbon films
were RF-sputtered. Annealing the films changed the structure from amor-
phous to nanocrystalline as determined by Raman spectroscopy. The RF-
sputtered a-C films were then coupled with pure iron (Fe) and iron nitride
(FexN(1−x)) to study the magnetic properties for both hybrid interfaces at
different annealing temperatures. Before annealing, hybridisation at the
Fe/a-C interface leads to magnetic softening, with a reduction in coerciv-
ity (Hc) up to a factor of 5 for a Fe/a-C/Fe trilayer and a 10-30% lower
saturation magnetisation as a function of the metal film thickness. On the
other hand, after annealing, inter-diffusion and graphitisation of the carbon
layer results in increased coercivity, also by a factor of 5, with the highest
energy product being of the order of 53 kJ per m3 of iron in a 10 nm film
annealed at 500 ◦C. Kerr microscopy images of the films show a reduction
in domain size and increased pinning points after annealing. Similar re-
sults were obtained when Fe is doped with nitrogen, with a BH(max) of 9
kJ per m3 in a 9 nm FexN(1−x)/with RF-sputtered a-C was annealed at 500
◦C. RF-sputtered carbon overlayers and post-processing can therefore be
used to tune the anisotropy, domain configuration and magnetic properties
of metallic thin films in a synthesis methodology that, for some applica-
tions in thin film technologies, could be simpler and cheaper than the use
of heavy noble metals and/or rare earths.
C60 was also coupled with Fe and Co and the resulting Fe/C60 bilayer
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samples show changes in Hc after annealing when the metallic layer is
> 4 nm. Low temperature experiments at Co/C60 exhibited massive in-
creases in coercivity (Hc). The Hc also rose as a result of annealing the
film. Low temperature MR measurements point to an exchange spring ef-
fect. The research findings emphasise the importance of the hybridisation
effects between the nanocarbon and molecular π orbitals and 3d bands of
metals in controlling the magnetic properties at the interfaces before and
after annealing.
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CHAPTER 1

Introduction
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Spintronics is one of the most active areas of physics research and is a fast-growing
discipline of science and technology due to the high speed and low power consump-
tion required in computing [1–3]. Recently, much attention has been paid to the use of
the organic semi-conductor (OSC) in spintronics [2–8] because of the interesting prop-
erties of molecular materials, for instance mechanical [9–12] and chemical flexibility
[6]. Utilising OSCs has added new features and functions to the new spintronic devices
that conventional semiconductors cannot provide [10–14]. This is due to the low-spin
orbit coupling and low hyperfine interaction in OSCs [15]. The spin-orbit coupling
in most OSCs is very small due to their small atomic number [Z], where the strength
of the spin-orbit interaction is proportional to Z4 [16–18]. Moreover, the hyperfine
interaction is also weak in the absence of hydrogen, given the π-conjugated nature of
transport molecular orbitals as well as the deficiency of the magnetic moment in the
12C nuclei [18]. Consequently, the spin polarisation of the carriers is anticipated to be
maintained for prolonged periods (∼1µs) [4, 18].

Over the years, many types of organic semiconductor were used as spin transport
layers in devices [19]. In 2002, the first organic spintronic device was fabricated by
Dediu et al. They engineered a device containing two La0.7Sr0.3MnO3 (LSMO) elec-
trodes, separated by a 70-500 nm narrow channel of sexithieny1 (6T). A strong mag-
netoresistance (MR) of about 30% was measured at room temperature for 100-200 nm
6T channel lengths. A spin diffusion length of 200 nm was estimated in this organic
layer at room temperature [16, 20]. Many researchers carried on their studies on de-
vices with the same construction using Alq3 and other OSCs as a spacer layer. Various
signs and magnitudes of MR were obtained even within devices of the same structure
such as LSMO/Alq3/Co [21]. These variations in results are evidence of the effect of
the interface properties [21]. OSCs have paved the way for the creation of new spin-
tronic devices with multi-functional behaviour, facilitating the sensing of electrical,
magnetic, chemical and optical stimuli [18].

The hybrid interface effect plays a key role in spin-based technologies relying on
molecular interfaces [22]. The effect of hybridisation at FM/organic interfaces has at-
tracted significant attention over the last few years due to its potential in spintronic

2



applications [4, 21, 23]. The key role of charge transfer across metal/organic inter-
faces has been investigated previously [21, 24, 25]. Charge transfer and hybridisation
between the π-carbon orbitals and the d-orbitals of transition metals leads to the for-
mation of hybrid metal-carbon states, so the magnetic properties can be altered due to
spin-polarised charge transfer [8, 9, 26–28].

C60 has a strong effect on the magnetisation reversal at Fe/C60 interfaces grown on
MgO substrates and capped by 3 nm of Ta. Mallik et al. have reported an induced
magnetic moment in non-magnetic fullerenes of about 2.95 µB per cage, which was
observed at the interface of an Fe(15nm)/C60(40nm) bilayer. This induced magnetic
moment in C60 indicates a spin-polarised charge transfer at the Fe/C60 interface [29].
The hybridisation underlines the importance of chemical tuning of OSC/ferromagnetic
interfaces via hybridisation between molecular orbitals and 3d bands in Fe [30]. X-ray
absorption spectroscopy has shown significant hybridisation between 3d bands in Fe
and C60 orbitals in a C60/Fe(001) system. C60/Fe(001) were prepared on MgO sub-
strates and annealed at 450 ◦C for one hour [31]. The Fe3O4/C60 interface showed
the induced magnetic moment of C60 due to the electronic interaction between the
π orbital in C60 and 3d bands in Fe3O4 [26]. Recently, Al MaMari et al. investi-
gated the emergent magnetism at room temperature between non-magnetic transition
metal elements through C60 molecular interfaces. It was shown that Cu(2 nm)/C60(15
nm) and Mn(5 nm)/C60(15 nm) thin films exhibited ferromagnetic behaviour at room
temperature with magnetisation of 50 emu/cm3 and 15 emu/cm3 respectively. The hy-
bridisation at the interfaces leads to a change in the DOS due to charge transfer across
the metal/molecular interface [27]. Hybrid magneto-C60 interfaces have been studied
in bilayer and multilayer thin films of Co/C60. The results indicate a reduction in the
magnetisation of the Co while inducing magnetisation in C60 [32]. This is due to the
molecule becoming doped with spin polarised electrons when in contact with the fer-
romagnetic metal [32]. A Ni/graphene interface has also been studied and the results
show a strong hybridisation effect between the graphene π and 3d bands in Ni [33].

First measurements in carbon nanotubes investigated by Céspedes et al [34] gave
evidence for contact-induced magnetism at the interface between a ferromagnet and

3



carbon nanotube [34]. Coupling metal films with carbon layers can enhance the graphi-
tisation of carbon [35–38]. Graphitisation is a change that can occur when heated
between 425 ◦C and 600 ◦C for long periods of time [39, 40]. The graphitisation in a-
C/Co/a-C trilayer has been observed. A study using transmission electron microscopy
(TEM) confirmed the role of annealing temperature in fully crystallising the samples
between 500 ◦C and 600 ◦C, and the TEM showed the diffusion of a-C in this system
[41, 42]. In addition, increasing the annealing temperature caused an increase in the
coercivity (Hc) from 510 Oe to 650 Oe. This effect was obtained in a carbon/cobalt
alloy (CoCrPt)/carbon system, and the thin film was annealed at 400 ◦C and 600 ◦C
for 2 hours. The coercivity (Hc) showed a slight increase as the annealing temperature
was increased. The coercivity value for the as-deposited sample was 510 Oe and rose
to 650 Oe for the annealed sample at 600 ◦C [41]. Fe/C thin films were also deposited
on SiO2 glass substrates and the effect of annealing the substrates during the depo-
sition process was investigated. The coercivity rose to 200 Oe as the temperature of
the substrate was increased to 350 ◦C. On the other hand, Fe3C films demonstrated an
increase in Ms as the substrate temperature was increased. This indicated that the thin
films crystallised according to the increase in temperature [43].
Wu et al. fabricated Fe/Fe3C composites that showed changes in ferromagnetic proper-
ties after annealing. The magnetisation increased when the composites were annealed
at 700 ◦C. Due to change in the reaction time that can be also attributed to an increase
of the coercivity of about 200 Oe at 650 ◦C [44].
TEM has also been used to investigate the reaction between amorphous carbon and
Fe. Annealing a-C/Fe/a-C at 500 ◦C produces more diffraction spots and drops the
intensity of bcc iron rings. When the rings are complete, this indicates the formation
of a continuous layer of cementite (the iron carbide phase) and exists below 550 ◦C as
expected. However, as the annealing temperature is brought up to 550 ◦C (Fe3C), a-C
atoms diffuse into the Fe layer and eventually create a nano-graphitic phase [45].

Magnets are required in many everyday applications, from sensing to computing
and information storage [46, 47]. Rare earth elements such as Gd, Nd or Dy are com-
bined with ferromagnetic materials such as iron or cobalt to produce compounds that
have big hysteresis loops with high coercivities and energy products [48]. At the same
time, noble metals such as Pt or Ir are used to change the anisotropy and magnetic
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structure of thin films for magnetic storage applications [49, 50]. In order to meet
future energy needs, many studies have been carried out on different systems. For ex-
ample, FePt nanocrystals protected via an encapsulating graphite shell, show increased
Hc measurements of up to 2.5 kOe at room temperature. Annealing the FePt nanopar-
ticles can produce a Hc of up to 30 kOe [50]. Compounds of FM material with rare
earth elements, such as neodymium iron boron, aluminium nickel cobalt (Alnico) and
samarium cobalt (Sm-Co) leads to increase the (BH)max [47, 48]. For example a typ-
ical composition of Nd17B8Fe77 has a high energy product of about (BH)max = 290
kJ/m3 [51]. Cobalt (Co) can become harder when in contact with rare earth elements,
and attain a coercivity of up to (3-5) kOe useful for data storage applications [52, 53].
Studying the effect of annealing on the magnetic properties of Co/Gd multilayers with
different number of repeats has shown a rise in coercivity from 15 Oe to 50 Oe at 427
◦C due to inter-diffusion at the Gd/Co interface [54]. Lee et al. investigated the effect
of annealing temperature on the magnetic properties of Pt/Co. The saturation magneti-
sation (Ms) in Pt(0.2 nm)/Co(tCo) increased with the thickness of the Co layer, but was
slightly reduced when it was annealed at 400 ◦C. This was due to the intermixing of
Co and Pt during annealing [55].

In the present thesis we focus our investigations on systems with RF-sputtered
amorphous carbon (a-C). In the development of technological applications using thin
films, amorphous carbon (a-C) has some ideal qualities, including the extremely low
price of the target material, low thin film roughness when deposited at room tempera-
ture, and compatibility with the growth of layers sensitive to degradation. Furthermore,
amorphous carbon thin films display mechanical, chemical, and optical features, which
are accredited to the flexibility of the sp1, sp2 and sp3 concentration hybridisation sites
[56]. We have also involved C60 in our investigations because of its higher spin-orbit
interaction due to the curvature of the molecule [17]. The spin lifetime increases due
to the very weak hyperfine interaction in C60 [57] and thus C60 molecules have an
advantage over other organic materials containing hydrogen, which have a stronger
hyperfine interaction.

The research investigated the structure and growth conditions of RF-sputtered amor-
phous carbon (a-C) thin films on Fe in order to obtain a better understanding of their
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characteristics and magnetic properties.

Chapter 2 outlines the theoretical background to the experimental work and sets
out some of the findings of previous studies in the field. Firstly, we describe the ba-
sic concept of carbon and its allotropes, and discuss details of the magnetism between
ferromagnetic materials and nanocarbon. Some concepts related to magnetism such
as exchange energy, the fundamentals of magnetic anisotropy, domain wall formation
and energy product are discussed.

Chapter 3 describes the experimental techniques used in this research, including
sample growth, structural, magnetic and transport characterisation. For sample growth,
we discuss the deposition of RF-sputtered a-C samples by RF magnetron sputtering,
DC magnetron sputtering, and the in-situ thermal sublimation of C60. The annealing
process also plays an important part in our investigations as we document the effect
of annealing on the magnetic properties of the samples. X-ray reflectivity (XRR) is
used to study the structure of the samples and determine the thickness and roughness
of films. Raman spectroscopy is also used to study the bonding structure in carbon
before and after annealing. The magnetic properties are obtained using superconduct-
ing quantum interference device (SQUID-VSM) magnetometry and Kerr microscopy.
Low temperature transport measurements are taken to investigate the AMR effect in
Co/C60 thin films.

This research seeks to fine tune the magnetic properties in order to obtain a high
(BH)max. The interfacial effect between RF-sputtered a-C and transition metals is ad-
dressed in two chapters: Chapter 4 discusses Fe/RF-sputtered a-C interfaces and Chap-
ter 5 deals with FexN(1−x)/RF-sputtered a-C interfaces. These chapters focus on the
structure and magnetic properties of thin films before and after annealing. Informa-
tion about the carbon structure is obtained by Raman spectroscopy before and after
annealing. The magnetisation and coercivity results were obtained using SQUID and
the formation of the domains was observed using Kerr microscopy before and after
annealing the samples. The results obtained by each method are discussed in detail in
these chapters.
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In Chapter 6, we present the results of using low temperature transport and magne-
tometry to study the interfacial properties of transition metals and C60. The magnetic
properties at Fe/C60 interfaces and Co/C60 interfaces at room temperature, different
annealing temperature and low temperature are discussed in detail. Magneto-transport
measurements were taken to investigate the domain wall anisotropic magnetoresistance
effect on the Co/C60 system and to confirm the data obtained via SQUID-VSM.

In Chapter 7 we briefly summarise the experimental findings of this research and
suggest directions for future work.
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CHAPTER 2

Theoretical Background
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2.1 Introduction

2.1 Introduction

The hybrid interface between 3d transition ferromagnetic metals and nano-carbon plays
a significant role in altering the magnetic properties of 3d transition metals [58]. In this
chapter we discuss carbon and its allotropes, and introduce the topic of magnetism in
ferromagnetic metals (FM) - nanocarbon and the use of nanocarbon to tune magnets.
We also explain the exchange interaction and discuss magnetic anisotropy, which is a
major feature of this research. Finally, we illustrate the formation of domains structure
and discuss the magnetic energy product.

2.2 The Element Carbon and its Allotropes

2.2.1 Carbon Bonding

The element carbon has broad industrial and scientific applications [59] and appears in
various allotropes such as diamond, fullerenes and graphite [60, 61]. Although the po-
tential for allotrope formation is not exclusive to carbon, the properties of its allotropes
are exceptionally diverse compared to those of other Group IV elements. For exam-
ple, diamond is the hardest naturally-occurring substance, transparent to the visible
spectrum, and an electrical insulator, while graphite is a opaque electrical conductor.
Fullerenes are different again, being a family of large carbon molecules with stable
forms, in contrast to the unlimited networks of graphite and diamond. This wide range
of features is a consequence of how the atomic orbitals in carbon are hybridised during
chemical bond formation [62].

In order to understand the formation of different carbon-based materials, we first
need to look at the electronic configuration of the element. Carbon has an electronic
configuration of 1s2 2s2 2p2 in its ground state. It has 4 L shell electrons, where the
atomic orbitals 2p and 2s within the carbon atom can experience three distinct hybridi-
sations designated as sp3, sp2, and sp1 [60, 63] as illustrated in Figure 2.1 [64].
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2.2 The Element Carbon and its Allotropes

Figure 2.1: Hybridisations in carbon, designated as sp3, sp2, and sp1. The σ and π bonds act
as the lower energy bonding molecular orbitals (σ and π) Diagrams taken from [64].

A single 2s orbitals and two of three 2p orbitals of carbon are joined in sp2 hybridi-
sation to create three sp2 orbitals [62]. Moreover, sp2 hybrid orbitals are trigonally
expressed in planes at angles of 120◦ from each other (Figure 2.2), and possess one
valence electron in every orbital. The other valence electrons are placed in the rest of
the 2p orbitals, having a perpendicular axis to the plane of the 3 sp2 orbitals [62]. The
3 sp2 hybrid orbitals within the carbon atom create 3 σ bonds, having the orbitals in
nearby molecules or atoms [60]. The sp2 atom’s fourth electron lies in a p-π orbital,
which is positioned normal to the σ bonding plane. A weaker bond is formed by this
π orbital, having an π orbital in either one or more nearby atoms [65].
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2.2 The Element Carbon and its Allotropes

Figure 2.2: Linear combinations of the carbon outer orbitals (2s, 2px, 2py and 2pz), which can
be taken to provide the hybridised sp3-sp2- or sp-orbitals, which create σ -bonds with other
atoms. The rest of the unhybridised p-orbitals create π-bonds with the atoms nearby. Taken
from [60].

Due to hybridisation, π bonds are formed by the lateral overlap of p orbitals along
a plane perpendicular to the inter-nuclear axis. The π bonds have delocalised electrons
over the single molecule, and due to this delocalisation electron transport can happen
by interaction between the π-orbitals of adjacent molecules. A strong covalent σ -bond
can be formed between adjacent carbon atoms with hybrid orbitals by the overlap of
molecular orbitals along the inter-nuclear axis. However, the σ bonds are localised and
are not responsible for the electron transport.

2.2.2 Carbon allotropes and sputtering

Carbon, as noted, possesses exceptional capacity to undergo various hybridisations.
Thus, carbon can create various structures with different geometries and fractions
of sp3 and sp2 bonding in both crystalline as well as non-crystalline forms (Table
2.1). The features and structures of the two crystalline carbon forms are well known,
graphite having fully (100%) sp2 bonding and diamond having 100% sp3 bonding. The
non-crystalline stage of carbon is a combination of sp2 and sp3 orbitals with features
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2.2 The Element Carbon and its Allotropes

between those of graphite and diamond. Features of some carbon allotropes are shown
in Table 2.1 below [62].

Table 2.1: Features of different forms of carbon, a-C denotes amorphous carbon. Taken from
[62].

Density (g.m−3) Hardness (GPa) sp3% Hydrogen% Band gap (eV)

Diamond 3.515 100 100 5.5
Graphite 2.267 - 0 0
Evaporated a-C 1.9-2.0 2-5 <5 0.4-0.7
Hard a-C:H 1.6-2.2 10-40 30-60 20-40 0.8-1.7
Soft a-C:H 0.9-1.6 <5 50-80 40-65 1.6-4

The compositions of different amorphous carbons can be exhibited in a ternary
stage diagram (Figure 2.3). Normally, only sp3 and sp2 sites are found in amorphous
carbon, with the possibility of nitrogen and hydrogen being present [62]. An amor-
phous carbon (a-C) thin film can be described as a network of disordered carbon stages
with medium and short-range order [65]. Furthermore, amorphous carbon thin films
display mechanical, chemical, optical and thermal features which are attributed to the
flexibility of the sp1, sp2 and sp3 concentration hybridisation sites as well as the atomic
connectivity inside the carbon network [65].

Figure 2.3: The compositions of amorphous carbon as well as hydrogenated amorphous car-
bon, adapted from [62].
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2.2 The Element Carbon and its Allotropes

C60(buckminsterfullerene or buckyballs) is a carbon-based organic semiconductor.
It was discovered by Kroto et al in 1985 [66]. Buckminsterfullerene has attracted much
attention in the field of molecular spintronic devices because it can easily form high
quality films by thermal sublimation without damage from any metals deposited on the
top [66, 67]. The Fermi levels of ferromagnetic materials are higher than the lowest
unoccupied molecular orbital (LUMO) levels of C60, which means that spin is easily
injected compared to other organic materials [68, 69]. C60 is made up of 20 hexagonal
and 12 pentagonal faces and it is a close spherical cage molecule as shown in Figure
2.4.

Figure 2.4: Carbon and its allotropes: 3D diamond lattice and graphite, 2D graphene. 1D
single wall carbon nanotube, 0D C60 or buckyball. Diagrams from [70].
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The crystal structure of C60 is face-centred cubic (FCC) at room temperature. It
also has a disordered structure and natural diamagnetic properties. It sets an induced
magnetic dipole moment to the external magnetic field. Below temperatures of 260
K, crystalline C60 molecules reorientate themselves in an inequivalent fashion on the
Bravais sites of the FCC lattice. This first order change transition produces a simple
cubic structure. If the temperature decreases to 90 K and below, the rotational degrees
of freedom become frozen [71].

The properties of buckminsterfullerene are listed in Table 2.2 and are dependent on
growth conditions. C60 has a high electron affinity of about 2.6 eV [70, 72, 73] and
low LUMO (the lowest unoccupied molecular orbital) [69, 74] which leads to a strong
increase in the charge transfer. The magnetism appearing in Tetrakis (dimethylamino)
ethylene [TDAE]-C60 was found to emerge from this type of charge transfer mecha-
nism [75]. The relative orientations of the C60 molecules play an important part in the
charge transfer occurring at temperatures below 16 K [76]. The charge transfer and
the hybridisation effect could lead to a change in the magnetic properties at transition
metal-nanocarbon interfaces [27, 58].

Table 2.2: Properties of C60 [70].

Property Value

crystal structure FCC
density (g/cm3) 1.65
lattice constant (Å) 14.5
sublimation temperature (K) 800
conductivity n-type semiconductor
resistivity (Ω m) 1 x 1014 room temperature
electron affinity (eV) 2.6
Fermi energy for HOMO (eV) 6.2
Fermi energy for LUMO (eV) 4.5
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2.3 Magnetic ordering at metallo-molecular interfaces

Understanding the basic principles of hybrid interfacial states has been a recent re-
search focus [3]. The study of hybrid interfaces between inorganic materials has
broadened to include interfaces between inorganic and organic substances. For ex-
ample, observations show that magnetism is induced at the interfaces of ferromagnetic
materials and carbon nanotubes [34]. Hybridisation is characteristic of the chemical
bonds which appear at the interface of a magnetic surface and organic molecules, and
has been investigated [8, 21]. Steil and colleagues have explained the mechanism of the
charge carrier transfer that occurs across the ferromagnetic material/organic interface
and have also clarified the role of hybrid states in efficient spin filtering properties [77].

2.3.1 Organic molecules in magnetism

Identifying the uses of organic molecules in magnetism has become an important fo-
cus in recent years [78–80]. McConnell’s design for a ferromagnetic (FM) molecular
solid was the first theoretical work in this area [81]. He introduced the idea that fer-
romagnetic spin coupling occurs in a molecular system. It appears when a region of
negative spin density in one molecule overlaps with a region of positive spin density in
another molecule leads to the incomplete cancellation of anti-ferromagnetic coupled
spin components. A new term in the Hamiltonian has been used to support the above
mechanism. An interaction appears between two neighbouring molecules A and B

Ĥ =−2SASB ∑
i j

Ji jρ
i
Aρ

j
B (2.1)

where SA and SB together are the total spins on molecules A and B , and ij are cou-
pled by exchange interaction Ji j where i and j indicate the atoms located in molecules
A and B. ρ i

A and ρ
j

B are the spin densities on atoms i and j. If the magnetic coupling
is negative, then the two neighbouring molecules (A and B) will show a ferromagnetic
exchange interaction, if the interaction atoms for the spin densities have opposite signs
(negative product) that exhibit a positive coupling due to the limitation of this mecha-
nism. The second mechanism developed by McConnell further explains the alignment
of the spin in charge transfer complexes that the excited triplet states propagate along a
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2.3 Magnetic ordering at metallo-molecular interfaces

donor and acceptor molecule and gives rise to the magnetic ordering [82]. This opens
new pathway to altering the magnetism via organic molecules [58].

2.3.2 The use of molecules to tune magnets

Efforts have been made to understand how to engineer the magnetism generated by or-
ganic molecules. The spin-dependent density of states of a molecule can be modified
by contact with an inorganic ferromagnetic interface. This interfacial effect becomes
more complicated when a hard, metallic electrode makes contact with a soft organic
layer [83, 84]. Barraud et al [21] found that the nature of spin injection into molecules
depends on the chemical bonds between the organic and the magnetic electrodes at
the interface. They also noted that these chemical bonds can be engineered to provide
good control over the properties of spintronic devices [21].
The hybrid metal-nanocarbon states are created due to hybridisation between the d-
orbitals of metals and the π carbon orbitals, as well as charge transfer that affects the
magnetic properties in the system owing to a spin polarised charge transfer [28].
Bairagi et al [28] observed a strong increase in interfacial magnetic anisotropy in
C60/Co(0001) and decrease in perpendicular magnetic anisotropy (PMA) in C60/Fe(110).
An increase in Hc indicated a 3.2 ML Co film with C60 coverage (ML) as shown in Fig-
ure 2.5a. This enhancement can be related to an increase of the out-of-plane magnetic
anisotropy. However, the magnetisation is reduced due to the hybridisation between
C atoms and d-orbitals of Co and give a sign of the reduction of magnetic moment in
the Co (Figure 2.5a). A change in the effective anisotropy (Ke f f ) of the 6.4ML Co
film has been demonstrated as a function of C60 coverage (ML) as shown in Figure
2.5b. The data shows ∆ (Ke f f ) fully saturated at around 0.7 ML of C60, and below
0.7 the magnetic anisotropy energy (MAE) undergoes a change that can be induced
by the hybridisation between Co and C60 [28]. By Gruber et al [85] recorded that in
the magnetic coupling at room temperature between Co and MnPc (manganese ph-
thalocyanine), molecules were separated by a Cu spacer. The magnetisation amplitude
and direction of the molecules were tuned by changing the thickness of the Cu and im-
proved according to an interlayer exchange coupling mechanism as presented in Figure
2.5c [85].
The interface between tris(8-hydrixyquinolate) aluminium (Alq3) and the magnetic
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electrode NiFe was investigated by Morley et al [86]. The results indicate a change
in the coercivity of different NiFe thickness coupled with 10 nm of Alq3 as shown
in Figure 2.5d . The Hc decreases when the metallic layer become thick due to a
strong bonding at NiFe/Alq3 interfaces. Morley et al, also showed that the coercivity
of the NiFe (10 nm) films is smaller than Fe (10 nm) when both coupled with poly(2,5-
bis(3-hexadecylthiophen-2-yl)thieno[3,2-b]thiophene (PBTTT). This is because NiFe
is magnetically soft [87].
Moorsom et al [32] documented VSM data on a Co/C60 bilayer sample and Co/Cu/C60

samples with a thickness of 2 nm Cu, 5 nm of Co and variations in the thickness of the
C60 layer, all samples being measured at 100 K. Figure 2.5e shows that the coerciv-
ity of the Co/C60 bilayer samples is enhanced in comparison to the sample with a Cu
spacer layer. This enhancement in coercivity is due to an antiferromagnetic coupling
between the Co and the first layer of C60. The saturation magnetisation (Ms) of the Co
is decreased when Co is in contact with C60, compared to when the Cu spacer layer is
present. This can be related to the fact that the spin doping effect is interfacial and the
introduction of the Cu spacer layer into the Co/C60 causes further quenching of this
effect. Another possibility is that the charge is transferred from the Co layer to the C60

layer [32].
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(a) (b)

(c)

(d)

(e)

Figure 2.5: Shows (a) change in coercivity and saturation magnetisation as a function of
C60 coverage for a 3.2 ML Co film, (b) change in the interfacial magnetic anisotropy against
C60 coverage for a 6.4 ML Co film, (c) interlayer exchange coupling for the structure of
Co/Cu(dCu)/MnPc, (d) Coercivity as a function of NiFe thickness for a typical structure of
NiFe/Alq3 and NiFe films and (e) enhancement in the Hc of the Co(5 nm)/C60 system with
different thicknesses of C60 measured at 100 K.Taken from [28, 32, 85, 86].
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The molecules and inorganic materials are formed by molecular orbitals and a con-
tinuum of states, respectively. In organic semiconductors, the LUMO and the HOMO
are the orbitals used in charge transfer in the system, whereas in inorganic crystals the
valence and conduction bands are involved.
Two main bonding mechanisms, physisorption and chemisorption, can be observed
when an organic molecular system comes in contact with metal surfaces. The ph-
ysisorption mechanism is characterised by a weak adsorption energy of less than 0.1
V and the molecule to metal surface distance is large, at ≥ 3 Å. The chemisorption in-
teraction, on the other hand, has a large adsorption energy of ≥ 0.5 V, and the distance
from the molecule to the surface is ≤ 2.5 Å.
These interactions affect the surface of metals and the orbitals of the molecule, leading
to changes in the magnetic and electronic properties at the metallo-molecular inter-
faces.
Weak van der Waals interactions [88] are used to characterise the physisorption mech-
anism and propose a broadening of the molecular electron levels owing to their prox-
imity to the states of metals. The metallo-molecular interactions cause rearrangement
of the electron density and the alignment of the orbitals adjusts closer to Fermi lev-
els [7, 89, 90]. However, a new quantum mechanical system can be formed due to
chemisorption between the surface of the metals and the orbitals in the molecule.Due
to strong hybridisation and charge transfer between π-d interfacial states. The π-d are
molecular orbitals (π orbitals) and the metallic states (d-states) [83].
Therefore, in studying the interfaces between organic molecules and inorganic ferro-
magnetic materials, we need to understand the effects on the density of states (DOS)
of both materials. On the one hand, the DOS in ferromagnetic metals (metallic sur-
face) is broad and the spins are split into majority (spin-up) sub-band and minority
sub-band (spin-down) electrons, as shown in Figure 2.6. On the other hand, the DOS
in the organic material is made up of discrete molecular energy levels, so that only the
LUMO is close enough to the Fermi energy (EF ) of the metallic surface. If there is
no interaction at the hybrid interface between the ferromagnetic metal and the organic
molecule, then the electronic structure is a superposition of each density of state of the
two spin components. However, when the organic molecule comes into contact with
the ferromagnetic metal, the density of states is altered in two ways.
Firstly, the molecular orbitals become broader, owing to electrons leaking in and out of
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the molecule, leading to a broadening of the DOS. This broadening effect depends on
the interaction at the interface, where proximity and symmetry of the molecular levels
have an important effect on the degree of interaction. Moreover, in the ferromagnetic
material there is an imbalance in energy for the up and down spins. Thus, the molecu-
lar orbitals for up and down spin electrons are broadened by different amounts owing
to different energy between up and down spin electrons in metals.
Secondly, the energy level in the molecular orbitals is shifted and this shift can be spin-
dependent. The shifting can be aligned in a particular spin-polarised molecular orbital
with the Fermi energy EF , which here is the major dominating component, as shown
in Figure 2.6. However, if the minority spin ends up at EF , this leads to a change in the
magnetic properties at the metallo-molecular interfaces [21, 83].
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Figure 2.6: Hybridisation at the molecular and ferromagnetic metal interface. The molecule
has discrete levels whereby the ferromagnetic metal is characterised via a band structure. The
lower section shows the molecule C60 when it is closer to the metal surface, and the upper
section represents the DOS of both the ferromagnetic metal (left) and the isolated molecule
(right). When the physisorption and chemisorption interactions become stronger, coupling
the isolated molecule to the FM metal changes the DOS of the isolated molecule. The initial
discrete molecular orbitals broaden and shift their position to the Fermi level EF of the FM
metal as show on the left. Figure taken from [91].
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2.4 Magnetic Anisotropy

The total energy of the ferromagnetic system has an exchange energy that can be de-
scribed as a different energy between antiparallel and parallel spin orientations given
by

Eex =−2JS1S2 (2.2)

where is J the exchange constant, S1, and S2 are spins. J is positive in the ferromag-
netic system where the spins have parallel orientation. In ferromagnetic materials, the
magnetisation may prefer a certain orientation (easy axis), which makes the material
magnetically anisotropic. When the magnetisation is away from the easy axis energy
is needed which is know as anisotropy energy [92]. Magnetic anisotropy in ferromag-
netic materials is categorised by the crystal structure (magnetocrystalline anisotropy)
and the shape of the film (shape anisotropy) [93, 94].

2.4.1 Magnetocrystalline (MC) anisotropy

Magnetocrystalline (MC) anisotropy leads the magnetisation to align in a certain crys-
tallographic direction. The rotation become very hard when the coupling between the
crystalline lattice and orbital motion of electrons is strong, thus higher energy is needed
to rotate the magnetisation depending on the crystalline axes [95]. The samples in this
case have a magnetisation in the particular direction of the crystalline axis (easy axis).
During deposition, anisotropy can be induced in the thin film owing to the applied
magnetic field creating a preferred axis. Depending on the shape of the lattice struc-
ture, there are two types of crystal anisotropy.
1- The crystalline anisotropy is dependent on the angle between a specific crystalline
axis (θ ) and the magnetisation. In a cubic lattice system, cubic anisotropy is observed.
The most common examples are BCC iron and FCC nickel. The magnetocrystalline
anisotropy energy is represented as

E = KV
(
α

2
1 α

2
2 +α

2
2 α

2
3 +α

2
1 α

2
3
)

(2.3)

where K is the anisotropy constant, V is the volume of the sample, and α is the
cosine of the angle (θ ) between M (magnetisation) and the crystal axis.
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2- Uniaxial anisotropy will dominate a uniaxial hexagonal system such as that
found in cobalt. It has an orientation-dependent energy, in this case the anisotropy
energy is given by;

E = K1V sin2(θ)+K2V sin4(θ)+ . . . (2.4)

where is θ is the angle between the magnetisation and the easy axis, and K1,K2 are
first order and second order anisotropy constants [96, 97].

2.4.2 Shape anisotropy

At the surface of the material that is uniformly magnetised, the spin is aligned and
magnetic charges are created by the discontinuous magnetisation at the surfaces. These
charges result in a field with orientation opposite to the external applied magnetic field.
This field is expressed as the demagnetising field Hd [98], which is dependent on the
shape of the sample and proportional to the magnetisation given by

Hd = NdM (2.5)

where Nd is the demagnetisation factor. The shape anisotropy is written as,

Kd = 1/2Nµ0M2 (2.6)

where M is the magnetisation and µ0 is the magnetic permeability of free space.

Perpendicular anisotropy in thin film:
The total anisotropy energy in thin film is given by

E = Ke f fV sin2
θ (2.7)

when Ke f f is the effective anisotropy, and V is the volume of the sample,

Ke f f = KV +
2Ks

t
(2.8)

In this equation the effective anisotropy is equal to volume anisotropy KV and sur-
face anisotropy Ks, and t is the thickness of the thin film. KV includes a contribution
from the shape anisotropy and another from the magnetocrystalline anisotropy. The
orientation of the surface anisotropy Ks is perpendicular to the plane of the film. This
depends on the structure of the atomic orbitals at the interface and the spin orbit inter-
action [99].
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2.5 Exchange interaction

The behaviour of ferromagnetic materials is characterised by the spontaneous align-
ment of the magnetic moments with their neighbours to minimise the interaction en-
ergy between them. This magnetic ordering occurs at a specific critical temperature
known as the Curie temperature Tc. Above this temperature the materials become
paramagnetic. In paramagnetic materials, the spins are in a random orientation owing
to the thermal energy. The exchange interaction can be explained by the Pauli exclu-
sion principle [94] in terms of quantum mechanics. If two adjacent atoms overlap at
the orbitals of outer valence electrons, the electrostatic energy forming the Coulomb
interaction is minimised when the direction of spins are parallel to each other. This
occurs due to the Pauli principle, two parallel spins cannot share a common orbital and
thus they stay apart. Consider, two electrons (a) and (b) have space coordinates r1 and
r2, and wave functions ψa (r1) and ψb (r2) respectively, then, the total wave function
of the electrons is

Ψ1,2 = ψa (r1)ψb (r2) (2.9)

The electrons are fermions and are indistinguishable, and the Pauli exclusion prin-
ciple prevents fermions from occupying the same quantum state. So, the total ψ will
be antisymmetric to exchange.

Ψ1,2 =−Ψ1,2 (2.10)

In the electrons the total ψ is a product of the space and spin wave functions com-
bining a symmetric spatial state with an antisymmetric spin wave function leading
to the achievement of symmetry. The spin singlet state is χS (S=0) whereas the spin
triplet state is χT (S=1). The total wave functions for these are ΨS and ΨT respectively,
including the spatial and spin components as in the following equations,

ΨS =
1√
2
[ψa(r1)ψb(r2)+ψa(r2)ψb(r1)]χS (2.11)

ΨT =
1√
2
[ψa(r1)ψb(r2)−ψa(r2)ψb(r1)]χT (2.12)
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The exchange energy Eex is given by

ES−ET = 2
∫

ψ
∗
a (r1)ψ

∗
b (r2)Ĥψa(r2)ψb(r1)dr1dr2 (2.13)

where Eex is the difference between the electrostatic energies of ES for singlet states
and ET for triplet states, and Ĥ is the Hamiltonian. A spin-dependent Hamiltonian can
be written as,

Ĥ =−2∑
i j

Ji jS1.S2 (2.14)

where the exchange integral is J<0 , ES < ET , in this case the singlet state is
favoured. The spins are aligned antiparallel and indicate an antiferromagnetic interac-
tion. When J>0 and ET < ES this gives rise to a ferromagnetic interaction where the
triplet state is favoured, and the spins are aligned in parallel [94, 100].
In 1938, Edmund Stoner [101] identified a criterion to predict the itinerant ferromag-
netism of metals at room temperature. The Stoner criterion states that ferromagnetism
appears when the exchange energy is greater than the kinetic energy as result of flip-
ping a spin. The three elements that satisfy the Stoner criterion are iron (Fe), cobalt
(Co) and nickel (Ni), which have spontaneous ferromagnetism at room temperature.
Other transition metals exhibit diamagnetic or paramagnetic interactions. The mag-
netic moments in ferromagnetic materials align to a given direction because of the
exchange interaction between them.
The Stoner criterion explains why some transition metals are ferromagnetic while oth-
ers are not, despite having an unfilled 3d shell. The criterion is also a good predictor
of ferromagnetic ordering in an intermetallic compounds.

ID(EF)≥ 1 (2.15)

This condition is satisfied when the product of the DOS at Fermi energy D(EF ) and
the exchange interaction ( I ) is greater than one, to obtain ferromagnetism [94].
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In the Stoner criterion, the energy splits the DOS between the spin down and up
bands, according to Stoners equation 2.15. This split into bands is known as exchange
splitting ∆ex as shown in Figure 2.7. The splitting takes place in the absence of a
magnetic applied field and in the presence of spontaneous magnetisation. The Stoner
criterion will not be fulfilled if spontaneous magnetisation is not observed [102].
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(a)

(b)

(c)

Figure 2.7: (a) The narrow s and the broad d electron bands contribute to the density of states.
(b) The spin-dependent density of states in nickel (Ni). Due to the exchange coupling, d states
in this case are split, adapted from [102]. (c) The exchange integral J and the density of states
at the Fermi energy D(EF ) as a function of the atomic number Z. The bottom graph in (c)
shows the product of the exchange integral and the density of states where the elements with
values above one show ferromagnetism (Fe, Co and Ni). Two elements are close to reaching
the ferromagnetic conditions, i.e. Sc and Pd. Taken from [103].
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2.6 Magnetic domain wall

Magnetic materials are subdivided into domains in order to minimise their energy. The
magnetic moment is uniform for each domain. When the magnetisation changes from
one orientation to a different one at the interface between two magnetic domains this
phenomenon is known as a domain wall (DW) [94].

2.6.1 Magnetic domain formation

In thin films, more domains form in the first place due to energy associated with the
dipolar field saved by the formation of the magnetic domains. If ∇.B=0 and
B=µ0 (H+M), then

∇ ·H =−∇ ·M. (2.16)

where B is the magnetic flux density, H is the magnetic field, M is the magnetic
moment per unit volume and µ0 is the magnetic permeability of free space. At the
edges of the thin films, if the magnetisation stops and starts the magnetic field diverges,
and this produces a demagnetising field, the corresponding energy is given by

ED =−µ0

2

∫
V

M ·HDdV , (2.17)

where HD is the demagnetising field and V is the volume of the thin film. Some
thin films demagnetise along one of their principal axes, and so there is a reduction in
the energy

ED =
µ0

2
NM2V , (2.18)

where N is a demagnetising factor and V is the thin film volume. The formation of
the magnetic domains is balanced in to the cost of a domain wall and a demagnetising
field.
Figure 2.8 shows three types of magnetic domain structure in ferromagnetic thin films.
A large dipolar energy can be observed in a single domain structure, where there is no
domain formation as shown in Figure 2.8a. Figure 2.8b shows how the film breaks into
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two domains, reducing the dipolar energy. The formation of a closure domain structure
(many domain walls) quenches the dipolar energy, as shown in Figure 2.8c [94].

Figure 2.8: Different magnetic domain structures in ferromagnetic thin film. (a) shows a large
dipolar energy with no domain wall, and in (b), two domains are produced due to the reduction
in dipolar energy. In (c) the closure domain structure quenches dipolar energy and forms a
number of domain walls.

2.7 Energy product

The energy product is the most important parameter for permanent magnets, i.e. get-
ting the maximum value of BH obtainable from the hysteresis loop. The energy prod-
uct illustrates how much field is generated and how close to the magnet. The integral∫

B.HdV over all space will be zero for a permanent magnet so it can be split into the
integrals outside and inside the magnet, given by

∫
all space

B.HdV =
∫

insidemagnet

B.HdV +
∫

outsidemagnet

B.HdV = 0 (2.19)

where B=µ0H outside the magnet. So the useful energy of the magnet is given by,

∫
outsidemagnet

µ0H2dV =−
∫

insidemagnet

B.HdV (2.20)

29



2.7 Energy product

The maximum energy product can be described as a measurement of the maximum
amount of work that a permanent magnet is capable of outside the magnet. This is
measured as half the product of the coercive field and the remanent magnetic flux
density which is equal to twice the energy stored in the stray field of the magnet as
shown in the following equation

(BH)max =
1
2
(BrHc) (2.21)

where Br is the remanent magnetic flux density and Hc is the coercive field. For
a high energy product, a large coercivity is required, and remanence such as in a hard
magnetic material as shown in Figure 2.9 [104].

Figure 2.9: Magnetisation curves as a function of applied magnetic field for NdFeB at various
temperatures from 27 ◦C to 200 ◦C. Taken from [104].

30



CHAPTER 3

Experimental methods
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3.1 Introduction

In this chapter we describe the experimental techniques used to fabricate and char-
acterise the thin film multilayers of Fe/RF-sputtered amorphous carbon (a-C), Fe/C60

and Co/C60. The samples were grown using magnetron sputter deposition and thermal
sublimation. Several techniques were involved in characterising the structural, mag-
netic, electrical properties of the samples. To investigate the structure of the samples,
X-ray reflectivity (XRR) was used in order to measure the thickness of the films. Ra-
man spectroscopy was also used to monitor carbon graphitization after annealing at
100-750 ◦C. A superconducting quantum interference device vibrating sample magne-
tometer (SQUID-VSM) was used to study the magnetic properties with a sensitivity
down to 10−8 emu. Kerr microscopy was used in order to image the magnetic domain
structure. Low temperature electrical transport measurements were used to investigate
the anisotropic magnetoresistance in the Co/C60 system. The procedures followed in
all of the above techniques are discussed in detail in this chapter.

3.2 Sample Fabrication: Sputtering deposition system

Physical vapour deposition was employed in this research to grow high quality metallic
and amorphous carbon thin films on a substrate. Figure 3.1 shows the general princi-
ple of sputtering, whereby incident particles collide with the surface or near-surface
atoms of a target with enough energy to split bonds as well as displace atoms. If one
or more atoms are released from the solid during this procedure, they are deemed to be
sputtered atoms [105].
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Figure 3.1: Schematic representation of the sputtering principle where a high energy particle
collides with the surface of the target material. This leads to eject the target atoms from the
surface [105].

During the sputtering process, Ar gas is ionised to form a plasma, which is then
electrically accelerated towards a target, leading to the emission of atoms which are
then deposited on the substrate. We will use RF and DC magnetron sputtering, and
the choice depends on the material to be deposited. RF-sputtering is generally used to
grow insulating thin films, in this thesis is RF-sputtered a-C, whereas DC sputtering is
used to grow metallic thin films (Ta, Fe, Co, W, Cu, Nb and Al).

In this thesis, our sputtering system comprises of two magnetic guns and six non-
magnetic targets as well as an RF magnetron and an evaporation source for the depo-
sition of C60 by thermal sublimation. A maximum of 16 different sample holders can
be incorporated into the growth, and a shutter within the system allows the deposition
of multilayers of different materials. Computer software is used to control the shutter
position and the sample wheel. The substrates are cut to a 4 mm × 4 mm size and
cleaned first with acetone, then with isopropanol in an ultrasonic cleaner and dried us-
ing nitrogen gas/compressed air before sputtering. Cleaning the substrates improves
adherence to the substrate surface. All the targets are pre-sputtered for 10 minutes
before growing by energetic Ar+ ions bombardment to clean and remove contaminant
surface layer [106]. In the DC sputtering system involved in this thesis, a pair of elec-
trodes (cathode and anode). The cathode was based at a DC voltage around 400 V and
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the target material placed on the front surface. The cover of the target (the target can)
functioned as the anode, which is usually grounded with a base pressure of 10−8 Torr.

In this thesis, RF sputtering was used to grow 0.5-40 nm thick amorphous carbon
thin films. The XRR data for sputtered amorphous carbon are fitted using the software
Bede to get further information about the roughness. The X-ray reflectivity (XRR)
curve with its fitting is shown about 0.55 nm roughness. Creating a plasma using DC
constitutes the most basic technique; however, this requires two conductive electrodes
through which the DC current is passed. Since the amorphous carbon layers are electri-
cally insulating, the most common technique is to apply a coupled RF plasma [65, 107]
and in the majority of cases the usual radio frequency supplied to the electrode is 13.56
MHz [64, 108]. Using this method, it is possible to deposit insulator films via RF mag-
netron sputtering at rates considerably higher than those obtainable via DC techniques
[109].

To go from room pressure to 20-30 m Torr, the sputter chamber is pumped first with
a roughing pump. High vacuum conditions are then created by using a cryo-pump with
a base pressure in the main chamber of about 10−7 Torr after 12 hours. Water vapour
is drawn out using a Meissner trap by forming a low surface temperature of 77 K on
the tubing placed on the top of the chamber walls in which liquid nitrogen flows, fur-
ther reducing the pressure within the chamber to 10−8 Torr. The composition of the
pressure and gas/water content in the chamber can be determined using a residual gas
analyser (RGA) [91].

Figure 3.2 shows a diagram of the DC sputtering tool used in this thesis. For mag-
netron sputtering, permanent magnets are placed beneath the target surface in order to
confine the plasma by the Lorentz force. The magnetic field forms a closed loop path
which traps the electrons around the surface of the target. The ejected electrons due to
the magnetic field move in cycloid orbitals immediately above the target. Increasing
the orbital motion of the electrons strongly increases the probability of ionisation of
the argon gas, which effectively increases the sputtering rate [70, 107, 110].
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3.2 Sample Fabrication: Sputtering deposition system

Figure 3.2: Diagram of a DC magnetron sputtering system. A DC voltage is applied across
the anode (the target can) and cathode (target), after introducing the sputtering gas (argon)
into the evacuated chamber. The argon atoms are ionised owing to the accelerated electrons
between the cathode and anode, resulting in a plasma. The ionised ions bombard the target at
speed, ejecting metal ions from its surface which are then deposited on the substrate in a thin
layer. To enhance the ionisation rate and trap electrons, magnets are placed underneath the
target.

Figure 3.3 shows a diagram of the RF-sputtering used in this study. The oscillating
radio frequency (RF) voltage applied between the electrodes is typically around 13.56
MHz. The introduction of argon into the chamber and the ionisation due to the applied
voltage causes a beam of high energy positive argon ions to be accelerated towards the
target. The argon ions bombard the atoms of the target and cause the ejection of metal
ions from the target surface due to the transfer of momentum from the argon ions and
subsequent atom collisions [111]. The metal ions are then deposited on the substrate
[110].
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Figure 3.3: Diagrams show RF magnetron sputtering, here the cover of the target and target
holder are the anode and the cathode respectively.

The first main goal of this thesis is the optimisation of the growth conditions for
amorphous carbon (a-C) thin films by using RF sputtering. This was a new material
of study for the Condensed Matter group at the University of Leeds. The growth pa-
rameters such as power and time were varied then the structure of deposited/sputtered
carbon were later annealed at a range of temperatures. Figure 3.4 shows the power
range used versus the deposition rate and total film thickness estimated by XRR.
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3.2 Sample Fabrication: Sputtering deposition system

(a) (b)

Figure 3.4: (a) The deposition rate (b) the thickness of the RF sputtered carbon as a function
of growth power. The films are deposited for 1500 s, whereas one sample (45 W) is grown for
2400 s. The samples were grown via sputtering where the base pressure was 2×10−8 Torr in
the main chamber and argon flow rate was 24 SCCM (standard cubic centimetres per minute).

Throughout this study, C60 molecules were deposited via thermal sublimation in
the same sputtering chamber without breaking vacuum. C60 in powder form is placed
in a crucible and heated by a tungsten filament. The tungsten filament is attached to
two copper electrodes. A high current of approximately 20 A is applied to the copper
rods. Before growing the C60 thin films, the molecule source was pre-heated to actual
deposition temperature in order to remove the solvent impurities and the fullerene ox-
ides, and produce pure fullerene thin films [112].

To prevent the evaporation source from overheating, it is encased by a water-cooled
system. A quartz crystal monitor is used to determine the thickness of the deposited
thin films, usually 10-20 nm. The crystal oscillates at a resonant frequency in the MHz
range. The resonant frequency varies as the mass of the deposited material changes.
This leads to a change in frequency which is used to determine the thickness and the
growth rate. In order to have a reliable film thickness the tooling factor can be cal-
ibrated by measuring the Kiessig fringes via XRR after each growth. A schematic
diagram of the thermal sublimation source used in this project is shown in Figure 3.5.
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Obtaining uniform C60 layers is very important for this work. The magnetic prop-
erties can be affected by the thicknesses and roughness of the C60 layer. This parameter
can be altered by varying the growth rate of C60. Higher rates result in smoother films,
but with bigger variations in thickness from calibration. An optimal rate of 0.7-1 Å/s
is found for filament currents of 20-21 A.

Figure 3.5: Diagram of the fullerene C60 source. The C60 (powder) is placed in an aluminium
crucible attached to a copper rod. The crucible is heated by applying a current of about 20 A
through a tungsten filament. The current heats the tungsten filament to several hundred Kelvin.
Taken from [70].

3.3 Sample annealing process

In this thesis, the as deposited carbon thin films are amorphous. After measurement,
they were subsequently annealed to obtain a nano-crystalline structure and the post
annealing changes were investigated. The samples were placed in a tube furnace to be
annealed at different temperatures (100-750 ◦C) for different time intervals from one
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hour to ten hours at a pressure of 10−5 Torr. The tube furnace heats up to a specific
temperature and then cools down to room temperature at a consistent rate of 5 ◦C per
minute to avoid strain on the films.

3.4 Structural characterisation

3.4.1 X-ray reflectivity

X-ray diffraction (XRD) and X-ray reflectivity (XRR) make use of the coherent in-
terference of scattered Xrays to obtain information about the structure of materials
[70, 113].
The parameters that can be determined in XRR are the thickness, roughness and/or
inter-diffusion between layers. X-rays are high-energy electromagnetic radiation with
short wavelength (in our case Cu- Kα with λ= 1.54 Å). They are produced when high-
speed electrons collide with a metal target inside a vacuum tube. The usual technique
to generate X-rays in a laboratory utilises a vacuum tube containing a tungsten cath-
ode filament. An AC voltage is used to heat the filament, which generates electrons via
thermionic emission. Electrons are accelerated under high potentials that range from
5 to 80 kV directed towards a metal target (anode) to excite the electrons in the target
to higher energy levels. These electrons then relax into their ground state and X-ray
photons are emitted. The incident X-ray go to the sample, which is rotated together
with the detector in order to measure the X-ray counts [114]. The incident X-ray onto
a crystalline material then scatters waves from the parallel planes of the atoms in the
crystal. Then interference happens, which can be constructive or destructive. To de-
termine the thickness of a thin film, the constructive peaks are mapped by a diffraction
curve. The X-ray photons can be collimated when directed through filters and slits.
From the angular positions of the constructive peaks on the diffraction curve we can
obtain the thickness (t) of a thin film.

The incidence X-rays on the thin film at angle ω is reflected and detected by a
moveable detector at angle θ as shown in Figure 3.6. The incident beam angle ω and
the detector angle θ are equal in order to measure at the specular condition, where the
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coherent scattering of X-rays can be investigated. The intensities of the reflected wave
were observed as a function of the angle 2θ as shown in Figure 3.6. Reflection from
the film/substrate interface can occur when the critical angle θc is exceeded. Oscilla-
tions can be observed when multiple interference of X-rays reflect off the surface of
the film and the interface between the film and substrate. These oscillations are known
as Kiessig fringes and can be used to derive the thickness (t) of a thin film by analysing
the reflectivity intensity curves [70, 115].

λ = 2t
√

sin2
θn− sin2

θc, (3.1)

Where n is an integer, λ is the wavelength, θc the critical angle, and θn is the posi-
tion of the constructive peaks [115–117].

Figure 3.6: Schematic representation of X-ray reflectivity (XRR). The X-rays were incident on
the sample at angle ω and X-rays reflected to a movable detector from the sample at angle θ .
The measurements have been taken in specular conditions, where ω=θ and there is coherent
scattering of X-rays. Taken from [70].

Figure 3.7a presents a typical example of scattering from a single thin film sample.
The roughness of an amorphous carbon sample sputtered at 30 W for 25 minutes is
5.5±0.1 Å as determined by a Bede fitting as shown in Figure 3.7b. This roughness
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is in agreement with literature values [56]. In this work, the thickness of the metallic
film strongly affects the magnetic properties. Therefore, it is important to keep consis-
tency between the different samples and growths, in particular when depositing very
thin metallic layer for instance below 0.5 nm. A few seconds or small fluctuation in
pressure, power to get difference thickness will lead to significant differences in thick-
ness of a few nanometres. Calibration samples with superlattice structures were grown
by depositing one material on top of a different material in a repetitive sequence in
order to obtain a right value of thickness for thinnest metallic layer thin films. The
thickness and the time of a superlattice can be determined from the angular position
of the peaks using equation 3.1 [118]. The data for a superlattice structure obtained
from X-ray reflectivity was fitted by Bede software [119], where parameters such as
thickness, roughness and densities for each individual layer can be extracted from the
fit.

(a) (b)

Figure 3.7: X-ray reflectivity measurements of (a) a single layer of RF-sputtered amorphous
carbon (400±10 Å) and the thickness of was obtained using the Kiessig equation. Inset, the
Bragg peaks for fitting the data in (a) and the matching sample thickness. (b) Data taken from
Bede report showing a 5.5±0.1 Å roughness in a RF-sputtered a-C film 120±2 Å thick. Open
circles show the raw data and the solid red line shows fitting the data.
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3.5 Raman spectroscopy

Raman spectroscopy is a technique used to study the structure of the materials based
on the inelastic scattering of monochromatic light. The technique is named after Sir
Chandrasekhara Venkata Raman, who developed it in 1928 [120].
Characteristically, a monochromatic source when incident on a sample causes pho-
tons to scatter. The majority of these photons are scattered elastically, a phenomenon
known as Rayleigh scattering. However, about one in 106 - 107 of the photons are
scattered inelastically, with a resulting shift in the frequency of the photons, which is
termed the Raman effect. The three types of elastic and inelastic scattering of photons
are shown in Figure 3.8; these are (elastic) Rayleigh, (inelastic) Stokes and anti-Stokes
scattering. In Stokes scattering photons lose energy by exciting the material to a higher
energy vibrational state whereas anti-Stokes scattering photons gain energy from vi-
brating atoms. Frequency changes depend on the modes or transitions, for instance
the rotational or vibrational modes of the sample. Induction of a dipole moment P

takes place when an electric field Ē is incident to a given sample. The polarisability
α depends on the molecular structure as well as the bonds of the material [121]. The
equation can be written as:

P = αĒ (3.2)

The frequency of an incident electromagnet wave is ν0 gainst the electric field Ē.
The electric field Ē is time dependent, and defined as

Ē = Ē0 cos(2πν0t) (3.3)

Where, The electric field Ē is time dependent (t) and Ē0 is the energy of the ground
state.Therefore, the induced vibration of the dipolar moment can be described as,

P = αĒ0 cos(2πν0t) (3.4)

For any given molecular bond, there are vibrational modes allowed to which the
atoms are locked. The vibrational modes are quantised with the energy of a specific
vibrational mode Ēvib written as,
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Ēvib = ( j+1/2)hνvib (3.5)

where j represents the vibrational quantum number and νvib represents the fre-
quency of a vibrational mode. This polarisability is associated with the immediate
position of atoms since the electrons perturbation by an electric field is dependent on
the comparative location of atoms within the molecular structure. Thus, the physical
dislocation from equilibrium because of a vibrational mode dQ can be linked to the
maximum dislocation Q0 by

dQ = Q0 cos(2πνvibt) (3.6)

The polarisability for small dislocations can be described using a Taylor series,

α = α0 +
∂α

∂Q
dQ (3.7)

Combining the previous equations helps in relating the polarisability to the physical
dislocation,

α = α0 +
∂α

∂Q
Q0 cos(2πνvibt) (3.8)

P = α0Ē0 cos(2πν0t)+
∂α

∂Q
Q0Ē0 cos(2πν0t)cos(2πνvibt) (3.9)

The strength of the dipole moment P can be separated into three terms which ex-
plain Rayleigh, Stokes and anti-Stokes scattering as indicated in equation 3.10, by the
first, second and third terms respectively [70, 121].

P = α0Ē0 cos(2πν0t)+
(

∂α

∂Q
Q0Ē0

2

)
{cos(2π(ν0−νvib)t)+ cos(2π(ν0 +νvib)t)}

(3.10)
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Figure 3.8: Diagram showing the transitions of photons in Raman spectroscopy. Whenever the
frequency of a scattered photon is similar to the incident photon, the phenomenon is referred to
as Rayleigh scattering. The Raman effect generally occurs when the frequency of the scattered
photons shift from the incident frequency. This is known as Stokes when the frequencies shift
up and anti-Stokes when the frequencies shift down.

The Raman spectrometer [122] used in this thesis is the Horiba-Jobin-Yvon LabRam
HR800 system illustrated in Figure 3.9. First a laser emits monochromatic light which
is reflected off a mirror via a number of filters. Then, the light travels through a line fil-
ter which constricts the Gaussian circulation of the photons around the required wave-
length. The filtered light passes via an emission intensity filter to manage the intensity
of light incident on a sample. The light that is filtered is then reflected by two two-way
mirrors of a microscope and is finally reflected off a sample positioned underneath
the microscope. The objective lenses of the microscope have magnifications of 10, 50
and 100. Focusing the microscope on the sample is done using a white light source
together with a video captured by an USB camera. The light that is scattered off the
sample travels via the microscope, reflecting off the first two-way mirror and then the
second two-way mirror. The elastically scattered light is removed by a long wave pass
filter letting through the inelastically scattered light to diffract off the diffraction grat-
ing. The diffracted light is detected by a charge coupled device (CCD) that measures
the spectra of the light intensity at differ wave numbers. Rotation of the diffraction
grating ensures measurement of a wide range of wavelengths. The size of the diffrac-
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tion grating can be altered between 600 ln/mm and 1800 ln/ mm to vary the spectra
resolution; however, a resolution enhancement leads to a narrower and less intense
thinner spectrum band being incident on the CCD at any one given time. Three lasers
can be utilised: a blue 473 nm diode, a green 532 nm Nd:YAG, and a red 633 nm
HeNe pumped solid state laser [70]. Blue and green laser were used to characterise the
samples in this research.

Figure 3.9: Schematic of the Raman spectrometer shows the operating process of an emitting
laser. The diagram exhibits a Lab RAM HR800 with a laser excitation wavelength of 532 nm
used in this research. A 1800 ln/mm grating was used to obtain a better resolution.

Robertson and Ferrari have provided a wide-ranging evaluation of the Raman spec-
tra of carbon allotropes by a broad range of amorphous and disordered carbon al-
lotropes [123]. Carbon has two main vibrational modes which provide characterisa-
tion of bond disorder and can be distinguished easily in the Raman spectra. The first
vibration is the stretching mode (called the D peak) and the second one is the breathing
mode (called the G peak). The D and G peaks are located at approximately 1360 and
1600 cm−1, respectively, for visible excitation [123]. Because of the stretching move-
ment, the G peak (Figure 3.10a) of all sp2 atoms appears in both chains and rings.
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The D peak occurs due to the breathing mode (Figure 3.10b) of sp2 atoms in rings
[123][124]. The Raman spectrum relies on bond disorder. The clustering of the sp2

stage, the sp2/sp3 ratio and the presence of sp2 chains or rings gives different shapes to
the Raman spectra, as Figure 3.11 schematically indicates [124].

Figure 3.10: Schematic of carbon vibration modes. In (a) the G peak occurs due to the stretch-
ing motion of sp2 and in (b) the D peak occurs because of the breathing modes of sp2.

Figure 3.11: Schematic diagram of the D and G peaks on the Raman spectra. The dotted arrow
marking the indirect influence of the sp3 content on increasing G position intensity comparing
to the D peak which indicates clustering of the sp2. Taken from [124].
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The behaviour of the Raman spectra in all forms of amorphous carbon can be clas-
sified by the three-stage model in Figure 3.12. The first stage is graphite to nanocrys-
talline graphite (NC-G) (0% sp3). The G peak moves from 1581 to ∼1600 cm−1 in
the first stage and there is an increase of I(D)/I(G). The second stage is nanocrystalline
graphite to a-C (∼ 20% sp3), the G peak decreases from 1600 to ∼ 1510 cm−1 and the
ratio of I(D)/I(G) is 0.1. The third stage a-C to ta-C (∼ 100% sp3) characterised by an
increase in the G peak from ∼ 1510 to 1570 cm−1 (or ∼ 1630 cm−1 for sp2 dimmers
in ion implanted diamond). The ratio of I(D)/I(G) is very low or 0 [122, 124].

Figure 3.12: The amorphisation trajectory diagram characterised by the G position and
I(D):I(G) ratio. Taken from [124].
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Raman scattering spectroscopy [121] was used to analyse the films grown and the
properties of the RF-sputtered amorphous carbon thin films grown on silicon oxide be-
fore and after annealing. Figure 3.13a shows the Raman spectra taken on an amorphous
carbon sample before annealing with 119±2 Å thickness and grown on a Si/SiO2 sub-
strate using 35 W of power and sputtered for 25 minutes. The figure shows two silicon
peaks at 520 cm−1 and 950 cm−1. There are two primary carbon features shown by the
spectra, the D peak and the G peak, which have frequencies of around 1360 and 1600
cm−1 respectively for visible excitation [123]. Figure 3.13b shows the Raman spectra
taken on an amorphous carbon sample before annealing and after annealing at 400 ◦C
grown on a Si/SiO2 substrate using 50 W of power and sputtered for 25 minutes. Ra-
man spectra indicate a shift in the G peak to high frequency as carbon annealed to 400
◦C.

(a) (b)

Figure 3.13: Raman spectrum of the amorphous carbon thin film showing (a) silicon peaks
and G and D bands for as deposited RF-sputtered a-C film where D and G peaks around 1345-
1355 cm−1 and 1570-1590 cm−1, respectively [125, 126] (b) sample before (blue curve) and
after annealing (red curve) at 400 ◦C grown on a Si/SiO2 substrate using 50 W of power and
sputtered for 25 minutes, the spectrums indicates shifting in the G peak after annealing at 400
◦C.
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Figure 3.14 shows the Raman peaks position and ratio for varying deposition pow-
ers. An increase in power up to 50 W lead to decrease in G position from 1570 to 1548
cm−1, which means that the carbon thin films shifts from nanocrystalline (NC) graphite
to amorphous carbon (a-C) as shown in Figure 3.14a. There are variations of the D and
G peak intensities (I(D)/I(G)) between 0.3 and 0.5 with increasing power W, as shown
in Figure 3.14b. This ratio range for the samples lies between amorphous carbon and
nanocrystalline (NC). Most of the samples are closer to a-C ratio, so I(D)/I(G) is be-
tween 0.3 and 0.5. This range is in line with that of earlier studies, which found that
the a-C ratio between I(D) and I(G) tends to be near zero [124]. Amorphous carbon
has a 20% sp3 content whereas NC-graphite has a zero sp3 that consists of a clustering
of the sp2 bonds.

(a) (b)

Figure 3.14: (a) G position obtained from Raman measurement as a function of growth power
(b) The relationship between growth powers (W) and the ratio of I(D)/I(G). From G peak and
the ratio I(D)/I(G) the data indicate movement from nanocrystalline graphite to amorphous
carbon according to Figure 3.12. All the data here are taken before annealing.

A sample grown at 50 W was annealed in order to study the impact of annealing
on the carbon structure. The annealing experiment was done in a tube furnace with a
vacuum of 10−5 Torr, with annealing the sample at 200 ◦C, 300 ◦C and 400 ◦C. After
every period, the sample was permitted to cool fully for 40 minutes before opening to
air to avoid oxidation.
Figures 3.15a and 3.15b illustrate the relationship between growth power (W) and G
position (cm−1) as well as the relationship between the ratio I(D)/I(G) and power as
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functions of annealing. The transformation from amorphous carbon to nanocrystalline
graphite upon annealing is confirmed changes in from the G position (cm−1), which
increases from 1549 cm−1 to 1566 cm−1. The noncrystalline carbon obtained when the
film is annealed at 400 ◦C. Furthermore, there is a gradual increase in the ratio of I(D)
and I(G) from 0.4 to 0.6, which is consistent with the findings of Ferrari and Robertson
as discussed in this chapter [124]. Along with the other Raman results shown in Figure
3.15, it is clear that the carbon target produced by RF sputtering in our system is amor-
phous, which is the objective of this experimental work. Furthermore, the condition of
the growth can be play an important key role in modulating the properties [127–129]
of carbon thin films.

(a) (b)

Figure 3.15: Raman measurements of sample grown of 50 W and annealed at different tem-
peratures (a) shows the G position (cm−1) and (b) the ratio I(D)/I(G) of sample annealed at
different temperatures. The data indicate movement from amorphous carbon (20% of sp3) to
nanocrystalline graphite (0% of sp3) after annealing [130] as according to Figure 3.12.
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3.6 Magnetic characterisation

3.6.1 Superconducting Quantum Interference Device (SQUID)
Magnetometer

In this research, a superconducting quantum interference device (SQUID) was used to
study the magnetic properties of the thin films. The Quantum Design SQUID -VSM
system is a very sensitive magnetometer which can measure very small magnetic mo-
ments of about 10−8 emu. The default vibration frequency is 14 Hz with 5 mm am-
plitude. The samples studied have a magnetic moment in the 10-100 µ-emu range.
The SQUID magnetometer can measure the magnetic properties over a wide range of
magnetic fields (up to 7 T) and temperatures (1.8 K to 1000 K).

The superconducting quantum interference device consists of two Josephson junc-
tions, which, along with a superconducting loop, are inductively coupled to supercon-
ducting detection coils that are able to perform very sensitive magnetic measurements.
The detection coils are formed as a second order gradiometer to reduce signals from
external field. The second order gradiometer consists of a central coil with two sym-
metrical end coils connected in series and in opposition to the central coil as shown in
Figure 3.16. All coils are located in the uniform field region of the superconducting
coil. The SQUID-VSM measurement is performed by a vibrating magnetised sample
which is mounted on a non-magnetic quartz rod placed within the superconducting
detection coils. This produces a time-varying change in magnetic flux in the detection
coils caused by vibrating the magnetised sample through the coils. The two Joseph-
son junctions in parallel in a superconducting loop [131] and if there is no applied
magnetic field, the input current splits equally through the Josephson junctions. When
a small external magnetic field flows, a screening current Is starts to circulate in the
superconducting loop and generates a magnetic field which is equal and opposite to
the applied magnetic field, that cancels the applied net flux. Increasing the screening
current together with the magnetic flux leads the Josephson junction becomes resistive
when the magnetic flux reaches half a quantum. The sign of the screening current
changes and goes to zero at one flux quantum Øo. The vibration of the current in the
detection coils leads to a change in the magnetic flux that produces an output voltage
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V which is proportional to the magnetic moment of the sample. The SQUID feedback
circuit is used as a null detector, so it cancels the current in the detection coils except
the induced current owing to a change in flux in them [132, 133]. By using SQUID-
VSM, hysteresis loops can be measured for different magnetic materials by measuring
the magnetic moment at various field values. A magnetic moment against temperature
can also be obtained.

Figure 3.16: Schematic of a magnetometer (SQUID-VSM) detection system. SQUID-VSM con-
tains superconducting detection coils attached to an input coil of inductance which is coupled
in turn to the DC SQUID [91, 134].

3.6.2 Wide - field Kerr microscopy

In order to image the magnetic domain structure in a magnetic sample, we used Kerr
microscopy. The Kerr effect was first observed in 1877 [135]. It is an effect exhibited
by light when reflected off the surface of metallic thin films, causing a rotation of the
polarisation (Kerr rotation). Measuring the Kerr effect depends on the measurement
orientation. There are three possible forms (Figure 3.17) in which the Kerr effect can
be measured; polar Kerr effect when the magnetisation of the sample is perpendicular
to the surface, the transverse Kerr effect occurs when the magnetisation is parallel to
the surface of the sample, the longitudinal Kerr effect occurs when the magnetisation
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is in-plane. Kerr microscopy produces an images down to one micrometre resolution
depending on the lens used. A white light emitting diode source is used. By using
a camera, the reflected light from the thin film can be detected. The detected images
show changes in the intensity of the light that is proportional to the local magnetisation
of the thin film. By measuring the contrast across the surface of the films an image on
the different contrasts/domains can be created by computer software [96].

Figure 3.17: Illustration of the three possible configurations using Kerr microscopy. M is the
magnetisation of the samples as indicated by the arrows.

3.7 Low temperature transport measurement

Electron transport measurement in this work is carried out in a helium (He) flow cryo-
stat [136, 137] with a temperature range between 1.5 and 300 K. To perform electron
transport measurements as shown in Figure 3.18, the samples are mounted onto a spe-
cially designed head (sample holder) which attaches to the end of a stick and is placed
in the cryostat. The sample is surrounded by split pair superconducting coils that can
produce a magnetic field of up to 3T. The cryostat consist of three parts. A variable
temperature insert (VTI) is placed in liquid helium which allows the samples tempera-
ture to be adjusted with the flow of He gas. The temperature is controlled by a heater
which is set at the bottom of the VTI, and the He gas flows via a needle valve. The
needle valve (NV) is sited in the helium bath. The VTI is surrounded by a helium
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jacket in order to obtain measurements at a specific temperature and to provide the gas
flow. A nitrogen jacket around the He bath gives more insulation to the system [138].
To reduce the boil-off, a vacuum jacket is used around the cryostat.

Figure 3.18: Schematic diagram of the helium cryostat apparatus. The cryostat operates in
liquid He with a magnet that generates a field up to 3T.

The studied sample is the bilayer Co/C60 film of structure of Ta(4 nm)/Co(3 nm)/C60

(35 nm)/Al(10 nm). This film was grown on 4×4 mm2 silicon oxide substrate where
the electrical contacts (four point contacts) were formed using wire bonding. Keithley
6221 source meter was used to apply 2 mA and a lock-in amplier was used to mea-
sure voltages as it gives consistently good resolution of 2 nV. The magneto-transport
properties were measured in a helium flow cryostat where magnetic field was 3 T. The
magnetic field and charge current were both applied parallel to the easy axis of the
Co/C60 thin film. The resistance of the sample was measured while the sample cooled
down from 300 K to 5 K. This measurement presented a metallic behaviour of Co/C60
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bilayer where the resistance decreases as the temperature is lowered as shown in Figure
3.19.

Figure 3.19: Raw resistance (R) data against temperature (T) for a sample of Ta(4 nm)/Co(3
nm)/C60(35 nm)/Al(10 nm).
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Magnetic characterisation of
Fe/RF-sputtered amorphous carbon
interfaces
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4.1 Introduction

This chapter introduces the magnetic properties of iron (Fe) with RF-sputtered amor-
phous carbon (a-C) thin films. The hybridisation between the d orbitals of the transition
metal and the π carbon electrons leads to the formation of hybrid interfaces. A differ-
ent Fermi level for the carbonbased material and the transition metal (as discussed in
Chapter 2) leads to charge transfer at the interface. The charge transfer at the hybrid
interface results in unexpected changes in the electronic and magnetic properties of the
structure [8, 21, 28, 31, 32, 34, 139]. In this chapter, we investigate the magnetism of
ferromagnetic metal (iron) thin films and RF-sputtered amorphous carbon before and
after annealing. Annealing is used in this research due to the possibility of altering the
bonding, orbital states, metallic coupling and structure of the carbon atoms.

In order to investigate interfacial effects between 3d ferromagnetic metals and RF-
sputtered a-C, bilayer (Fe/a-C) and trilayer (Fe/a-C/Fe) structures were deposited via
sputtering deposition at a base pressure of 10−8 Torr. These structures were inves-
tigated using SQUID-VSM, Kerr microscopy, TEM and Raman spectroscopy. The
magnetometry (SQUID-VSM) results form a major part of this study, as they show the
magnetic moment of the samples before and after annealing, with high sensitivity of
about 10−8 emu (typically the moment of post-annealing samples in Fe/RF-sputtered
a-C is of the order of 10−5 emu and 10−4 emu).

The temperature dependence of the magnetisation Ms (T) and coercivity Hc (T)
was also investigated in Fe/RF-sputtered a-C, both in as-deposited and annealed sam-
ples. Raman spectroscopy was used to observe the change in the vibration modes of
the carbon interfaces before and after annealing. Kerr microscopy was used to image
the domain structure and make a comparison in domain size between as-deposited and
annealed samples. Cross-section transmission electron microscopy (TEM) was used
to check for iron and carbon diffusion.
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4.2 Magnetometry of Fe/RF-sputtered a-C before
annealing

4.2.1 Bilayer-system

We studied the thickness-dependent magnetic properties of Fe/RF-sputtered a-C grown
on Si/SiO2 substrates using SQUID-VSM magnetometry. The substrates were cut to 4
mm× 4 mm and cleaned in acetone and isopropanol (IPA) using an ultrasonic bath for
approximately 5 minutes, then dried with compressed air before mounting in a vacuum
chamber.
To investigate the magnetic effects of the Fe/RF-sputtered a-C, we deposited samples
with the structure Ta(3 nm)/Fe(t)/RF- sputtered a-C(5 nm)/Al(5 nm), where (t) ranged
from 3 nm to 20 nm. Fe/RF-sputtered a-C bilayers were deposited on top of a 3 nm
thick layer of Ta to prompt Fe crystalline growth [140–142]. Control samples were
also deposited for comparison by growing Ta(3 nm)/Fe(t)/Al(5 nm) without the a-C
layer, where (t) also ranged from 3 nm to 20 nm. The control samples were measured
in order to investigate the changes induced by coupling ferromagnetic material (Fe)
and RF-sputtered a-C.
Magnetometry measurements of a typical bilayer system of Fe/RF-sputtered a-C show
that the magnetisation changes due to RF-sputtered a-C are dependent on the thickness
of the ferromagnetic (Fe) layer, as shown in Figure 4.1. Fe thin films < 15 nm thick
with a 5 nm RF-sputtered a-C layer on top have a lower magnetisation, which indicates
that the bulk properties of Fe are fully apparent only when the metallic layer is thick
enough. The dependence of the magnetisation on the thickness of the ferromagnetic
layer arises for different growth number. These findings highlight the interfacial effect
between ferromagnetic materials and RF-sputtered a-C due to hybridisation between
the carbon and 3d metals band,and charge transfer at Fe/RF-sputtered a-C interfaces
[27, 30]. In order to exclude the hybridisation and charge transfer effects across the
interfaces, control samples without RF-sputtered a-C were measured and subtracted
from the samples with the RF-sputtered a-C. The change in magnetisation between the
samples with/out the RF-sputtered a-C is shown in Figure 4.1.
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4.2 Magnetometry of Fe/RF-sputtered a-C before annealing

Figure 4.1: Room temperature measurements show magnetisation dependence on thickness of
Fe films with structure of Ta(3)/Fe(t)/RF-sputtered a-C(5)/Al(5) compared with control samples
of Ta(3)/Fe(t)/Al(5), where (t) is varying Fe thicknesses from 3 to 20 measured by SQUID-VSM.
All thicknesses in brackets are in nm. The Ms here is the average value measured of about 10
samples at specific thicknesses.

The coercivity of our thin films is also dependent on the metallic layer thickness. In
this work, the coercivity was measured to characterise metallo-molecule interfaces for
the same sample structures [Ta(3 nm)/Fe(t)/a-C(5 nm)/Al(5 nm)] with and without RF-
sputtered a-C. The measurements show that the coercivity is dependent on the thick-
ness of the Fe layer at room temperature. Decrease in the coercivity appeared when
RF-sputtered a-C was introduced into the structure, as presented in Figure 4.2, which
shows the hysteresis loops measured at 300 K for a typical structure of Ta(3 nm)/Fe(12
nm)/a-C(5 nm)/Al(5 nm) and also without RF-sputtered a-C [Ta(3 nm)/Fe(12 nm)/Al(5
nm)].

59
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Figure 4.2: Hysteresis loops of Fe/RF-sputtered a-C and Fe taken at 300 K. They show a
decrease in the coercivity of 70 Oe and a 5-10 % lower magnetisation when 5 nm of RF-
sputtered a-C is introduced in the sample structure.

The coercivity Hc as a function of Fe thickness is plotted for samples with and
without the RF sputtered a-C as shown in Figure 4.3a. The maximum change in coer-
civity was observed in samples with Fe layer thickness of 9.5 nm. The coercivity value
of these samples dropped from 88 Oe to 59 Oe. Figure 4.3b shows the change in the Hc

between Fe and Fe/a-C is dependent on the thickness of the magnetic layer (Fe), where
Hc is the average value measured for 10 samples at each thickness. This change in Hc

could be evidence that hybridisation at metal-nanocarbon interfaces leads to change in
anisotropy [143] or spin orbital coupling. These experimental observations may un-
derline that the RF-sputtered a-C has a strong effect on the coercivity of Fe. Achieving
the smooth and symmetrical interface of magnetic layers is highly desirable in digital
technology [144]. RF-sputtered a-C might be a good choice of material for this kind
of application.
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(a)

(b)

Figure 4.3: Coercivity extracted from hysteresis loops measured for all samples at room tem-
perature, plotted as a function of Fe thickness. (a) Hc as a function of Fe thicknesses from
2.5 nm to 20 nm for samples of structure of Ta(3 nm)/Fe(t)/a-C(5 nm)/Al(5 nm) and Ta(3
nm)/Fe(t)/Al(5 nm). (b) The difference in coercivity between Fe and Fe/a-C as a function of
Fe thickness at 300 K. The Hc here is the average value measured of about 10 samples at
specific thicknesses.
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4.2.2 Trilayer-system

The studied samples here are tri-layers of Fe(t)/RF-sputtered a-C(R)/Fe(t), with 1 nm
< t < 21 nm and 0.2 nm < (R) < 11 nm where (t) represents the thickness of Fe and
(R) is the thickness of RF-sputtered a-C.
Figure 4.4. shows samples with two Fe layers (10 nm) separated by an RF-amorphous
carbon layer; the thickness of the RF-amorphous carbon was varied from 0 to 8 nm to
investigate how the thickness of this layer affects the magnetic properties. Room tem-
perature measurements for the samples with carbon thicknesses of 1 and 2 nm show a
large decrease in coercivity that could indicate the transfer of charge from the magnetic
layers to the carbon layer. The samples were measured in collaboration with Alistair
Walton an undergraduate student under my supervision. This effect, shown at specific
thicknesses, may indicate that the softness of the Fe/a-C/Fe system depends on how
thick the layers are. RF-sputtered a-C layer has grown in between Fe layers that may
be lead to make the system much softer. The measured Hc is observed to decrease dra-
matically with increasing RF-sputtered a-C layer, and may be due to greater roughness
in this layer.
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Figure 4.4: Coercivity plotted against RF-sputtered a-C (a-C) thickness. Various thicknesses
of RF-sputtered a-C were measured at room temperature for different growth. The sample
structure is Ta(3)/Fe(10)/a-C(t)/Fe(10)/Ta(5) and all thicknesses are shown in nm.

In order to investigate the effect of Fe thickness on this Fe/a-C/Fe system, differ-
ent thicknesses of RF-amorphous carbon were grown between 2, 6.5, 10 and 20 nm
of Fe, and capped with Al and measured before annealing using SQUID. Figure 4.5a
shows the room temperature magnetisation corresponding to a samples with the struc-
ture of Ta(3 nm)/Fe(t)/a-C(R)/Fe(t)/Al(5 nm), where (R) is varied from 0.5 to 11 nm
of RF-sputtered a-C thick, and (t) is varied to 2, 6.5 , 10 and 20 nm of Fe thick. The
saturation magnetisation in samples before annealing is dependent on the thickness
of the metallic layers where the Ms is increased with increasing the thickness of the
Fe. The thickness of the Fe and RF sputtered a-C films has a significant influence
on the magnetic properties [145]. The coercivity does not change when Fe layers are
6.5,10 and 20 nm, whereas 2 nm of Fe layers shows changes in Hc especially when
the nanocarbon layer is less than 8 nm, as shown in Figure 4.5b. This could be due
to a non-continuous or very thin layer of RF-sputtered a-C. Figure 4.5b also does not
appear to show a minimum in the coercivity at the thin layer of RF-sputtered a-C as
shown in Figure 4.4. This could be affected by the Al cap layer.
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(a) (b)

Figure 4.5: (a) The saturation magnetisation (b) coercivity verses RF-sputtered a-C (a-C)
thickness. Various thicknesses of RF-sputtered a-C were measured at room temperature for dif-
ferent Fe thickness. The sample structure is Ta(3)/Fe(t)/a-C(R)/Fe(t)/Al(5) and all thicknesses
are shown in nm, with 1 < t < 21 and 0.2 < ( R ) < 11 where ( t ) represent the thickness of Fe
and ( R ) shows the thickness of RF-sputtered a-C.

4.2.3 Multilayer-system

The saturation magnetisation and coercive field of multi-layered samples of Ta(3 nm)/
[Fe(10 nm)/a-C(5 nm)]x/Al(5) have been studied in order to investigate the coupling
between magnetics layers before annealing. The number of interface layers (x) was
varied from 2 to 5. Figure 4.6a shows a magnetisation of about 1600 emu/cc for the
as-deposited samples except (3 nm) of Fe which shows a high magnetisation of about
1800 emu/cc. This could be result for the growth condition so the magnetic proper-
ties of the samples can be affected by various parameters, for example, the deposition
pressure and substrate alignment. The coercive field is reduced from 50 Oe to 25 Oe
when the number of repeat increases as shown in Figure 4.6b. This could be explained
by increasing the RF-sputtered a-C content the charge transfer is raised from Fe to
carbon layer [146]. Alternatively, the reduced Hc may be the result of decreasing the
roughness with increasing number of interfaces.

64



4.3 Magnetometry of Fe/RF-sputtered a-C after annealing

(a) (b)

Figure 4.6: The dependence of (a) the saturation magnetisation (b) coercive field on the number
of repetitions for Ta(3 nm)/Fe(10 nm)/RF-sputtered a-C(5 nm)/Al(5 nm) for as-deposited thin
films. The samples ran from two repetitions (x=2) [Fe(10 nm)/RF-sputtered a-C(5 nm)]x to five
repetitions (x=5).

4.3 Magnetometry of Fe/RF-sputtered a-C after
annealing

4.3.1 Bilayer-system

Carbon-based materials have attracted attention due to their spin and structural proper-
ties [27, 32, 44, 147] . The effect of annealing at inorganic/organic interface has been
also studied in samples of Ta(3 nm)/Fe(t)/a-C(5nm)/cap layer (5 nm). Aluminium (Al)
and niobium (Nb), which have different melting points, were used as cap layers. Mag-
netic characterisation was obtained in samples annealed in the temperature range of
100 ◦C to 750 ◦C and measured in the SQUID-VSM magnetometer. The magnetic
field up to 2 kOe was applied in plane along the easy axis of samples. The annealing
process was done using a tube furnace in vacuum (10−5 Torr) for one hour. The typical
sample size was 4mm × 4mm, being the optimum size for SQUID-VSM magnetome-
try.
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4.3.1.1 Dependence of Ms on annealing temperature

The magnetisation at different temperatures was measured for samples as a function of
an in-plane applied magnetic field up to 2 kOe to ensure that the thin films were sat-
urated (Figure 4.7a). In hard magnetic thin films, remanence ratio is an important pa-
rameter [148]. The sample of a Ta(3 nm)/ Fe(10nm)/RF-sputtered a-C(5nm)/Al(5nm)
measured in-plane and we calculated the remanence ratio. The results in Figure 4.7b
show an initial decrease of Mr/Ms with annealing temperature. This may suggest that
the annealing temperature play a significant key role in the magnetic anisotropy of the
Fe/RF-sputtered a-C thin films. From the hysteresis loops, the saturation magnetisa-
tion Ms was extracted at different annealing temperatures for samples with different
capping layers. There is an increase in the magnetisation when the samples were an-
nealed up to 200 ◦C as presented in Figures 4.8. However, the magnetisation drops
with further annealing above 400 ◦C for both samples capped with Al or Nb, as in-
dicated in Figures 4.8a and 4.8b. These measurements can be understood as follows.
The increase in magnetisation at annealing temperature of 200 ◦C may be evidence of
changes in the Fe/RF-sputtered a-C structure. The data also shows that at 600 ◦C the
magnetisation reached a value of 730±20 emu/cc for samples capped by Al, whereas
the Ms value at 750 ◦C is 365±1 emu/cc for samples capped by Nb. The most probable
explanation for this reduction in magnetisation is the metal/carbon diffusion resulting
from annealing at high temperature. An another reason is that could be result in form-
ing non-magnetic iron carbide layer at the Fe/a-C interfaces after annealing and also
crystalline the system [147, 149].
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(a) (b)

Figure 4.7: (a) Hysteresis loops of a Ta(3 nm)/Fe (10nm)/RF-sputtered a-C(5nm)/Al(5nm) sam-
ple measured in in-plane magnetic field. The measurements were obtained at room temperature
for the as-deposited sample, and after annealing up to 600 ◦C. The bulk magnetisation in Fe
which is about 1750 emu/cc [150, 151]. (b) Plots of Mr/Ms ratios against temperature (T) for
Ta(3 nm)/Fe(10nm)/RF-sputtered a-C (5nm)/Al(5nm) samples.

(a) (b)

Figure 4.8: Magnetisation dependence on annealing temperature for different Fe concentra-
tions using different capping layers. (a) Ta(3nm)/Fe(t)/RF-sputtered a-C(5nm)/Al(5nm).(b)
Ta(3nm)/Fe(t)/RF-sputtered a-C (5nm)/Nb(5nm). The films were annealed at different tem-
peratures for one hour in a vacuum. The first data points (at 25 ◦C) represents the samples
before annealing.
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4.3.1.2 Dependence of Hc on annealing temperature

This section describes the changes in Hc for Fe/RF-sputtered a-C interfaces as the an-
nealing temperature is increased. Demonstrating the effect of post-annealing on Hc is
perhaps the most interesting part of this research. In order to explore the impact of
interfacial coupling between Fe and RF-sputtered a-C on the Hc Figure 4.9 shows the
changes in Hc as a function of the annealing temperature in the range of 100 ◦C to 750
◦C. Hc show the interfacial coupling and a significant reduction seems to be a factor of
∼ 2 comparing to as-deposited samples up to annealing temperatures of 400 ◦C. How-
ever, above 500 ◦C the annealed thin films showed a significant increase in coercivity
from 60 Oe in as-deposited films to 600 Oe. This change in coercivity when the sam-
ples were annealed above 500 ◦C can be attributed to diffusion, formation of pinning
points, formation of carbides and/or the changes in carbon structure from amorphous
to nano-crystalline. Formation of iron carbide should not take place until we reach ∼
600 ◦C [152] when the coercivity drops in Fe/RF-sputtered a-C. The carbon diffusion
may affect the coercivity, which could make the Fe/RF-sputtered a-C system into a
hard material so RF-sputtered a-C magnetically hardens Fe after annealing. Another
possible reason of increasing Hc is that the crystallinity of the thin films rises after an-
nealing [43]. Krishnan et al showed the formation of crystalline Fe3C after annealing
the Fe/C multilayers at 500 K in a vacuum [147].
The interfacial effect in a metallo-carbon system appears to cause an increase in co-
ercivity as a function of annealing temperatures, leading to the possibility of making
Fe/RF-sputtered a-C thin films with a controlled value of coercivity (Hc). As a re-
sult, Fe/RF-sputtered a-C may become important in many applications requiring hard
materials.
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(a) (b)

Figure 4.9: Effect of annealing temperatures on coercivity using different capping layers (a) 5
nm of Al (b) 5 nm of Nb. All of the samples were grown on top of Fe/RF- sputtered a-C with
the structure and Si/SiO2/Ta(3 nm)/Fe(t)/a-C(5nm)/cap (Al (5nm)) or (Nb (5nm)) from bottom
to top, where 2 nm < (t) < 20 nm. The Hc values were extracted from in-plane M-H loops
measured at room temperature.

4.3.2 Trilayer-system

In order to investigate the effect of annealing on the Fe/a-C/Fe system with carbon
-mediated iron layers coupling, RF-amorphous carbon layers were grown between 2,
6.5, 10 and 20 nm thick of Fe films, and measurements after different annealing tem-
peratures were made using SQUID. Figure 4.10a shows the magnetisation correspond-
ing to a samples with the structure of Ta(3 nm)/Fe(6.5 nm)/a-C(t)/Fe(6.5 nm)/Al(5
nm), where (t) is varied from 0.5 to 9 nm thick, obtained in as-deposited and annealed
samples. The saturation magnetisation in the samples before annealing dose not indi-
cates much changing for all Fe thickness. The coercivity of trilayered samples for all
thickness reaches a maximum value after annealing at 550 ◦C when the RF-sputtered
a-C layer is approximately 3 nm. This could be due to improvements in the roughness
and crystalline structure of the thin films after annealing, leading to a strong increase in
coercivity [153]. The thickness of the Fe and RF-sputtered a-C films also has a signifi-
cant influence on the magnetic properties [145]. The coercivity does not change before
annealing and with the increase in annealing temperature when the nanocarbon layer
is less than 2 nm, as shown in Figure 4.11a. This could be due to a non-continuous
layer of RF-sputtered a-C. However, the magnetisation of this sample reduces as the
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annealing temperature is increased. The magnetisation and coercivity in Figures 4.10
and 4.11 are extracted from the same samples.
Figures 4.10 and 4.11 also show Ms and Hc for different Fe thickness (2 nm,10 nm and
20 nm). The same trend appeared as shown in Figures 4.10a and Figures 4.11a when
the Fe thickness was 6.5 nm. This observation can be attributed to crystallisation of the
RF-sputtered a-C at 500 ◦C - 600 ◦C and its diffusion into the metallic layer. To clarify
the above results more samples were studied in which both the Fe and RF-sputtered
a-C thickness was varied. All of the results show clearly that the smaller thicknesses
of both metallic and nanocarbon layers have showed no or small and a continuous in-
terface is critical.
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(a) (b)

(c) (d)

Figure 4.10: The variation of saturation magnetisation with the thickness of RF-sputtered a-C
for trilayers of Fe( t )/RF-sputtered a-C ( R )/F( t ), with 1 < t < 21 and 0.2 < ( R ) < 11
where ( t ) represent the thickness of Fe and ( R ) shows the thickness of RF-sputtered a-C with
(a) Fe= 6.5 nm thick layer, (b) Fe= 2 nm thick layer, (c) Fe= 20 nm thick layer, and (d) Fe=
10 nm thick layer. All the data points presented are extracted from hysteresis loops at room
temperature as-deposited or after annealing at 500, 550 and 600 ◦C.
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(a) (b)

(c) (d)

Figure 4.11: The variation of the coercivity with the thickness of RF-sputtered a-C for trilayers
of Fe( t )/RF-sputtered a-C ( R )/Fe ( t ), with 1 < t < 21 and 0.2 < ( R ) < 11 where ( t ) is the
thickness of Fe and ( R ) is the thickness of RF-sputtered a-C with (a) Fe= 6.5 nm thick layer,
(b) Fe= 2 nm thick layer, (c) Fe= 20 nm thick layer, and (d) Fe= 10 nm thick layer . All the
data points presented are extracted from hysteresis loops measured at room temperature. All
the samples were measured before annealing and after annealing up to 600 ◦C.

To observe and clarify the RF-sputtered a-C thickness effects on the trilayer mag-
netic properties the remanence ratio are studied. The magnetic field was applied in
plane along the easy axis of samples. Remanence ratios Mr/Ms are plotted as a func-
tion of RF-sputtered a-C thickness as-deposited and after annealing the samples at 500
◦C and 550 ◦C as shown in Figure 4.12. Mr/Ms ratio is dropped from 0.95 to 0.82
with further RF-sputtered a-C thickness increasing. Mr/Ms ratio is also enhanced after
annealing the samples at 500 ◦C and 550 ◦C. The Mr/Ms ratio could be indirectly af-
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fected by the magnetic anisotropy [154], which is enhanced after annealing at 500 and
550 ◦C. The formation of domains after annealing leads the magnetisation to align in
a certain crystallographic direction that could enhance the magnetic anisotropy.

Figure 4.12: Shows the remanence ratio of Ta(3 nm)/Fe(10 nm)/a-C(t)/Fe(10 nm)/Al(5 nm),
where (t) varied from 0.5 nm to 10 nm. Mr/Ms decreased with the increase of RF-sputtered a-C
for all samples as- deposited and annealed at 500 ◦C and 550 ◦C.

4.3.3 Multilayer-system

The saturation magnetisation and coercive field of multi-layered samples of Fe/RF-
sputtered a-C have been studied before annealing see section 4.2.3.In order to investi-
gate the magnetics layers coupling after annealing the RF-sputtered a-C layer thickness
was kept constant, at 10 nm and 5 nm respectively. The number of interface layers was
varied from 2 to 5. Figure 4.13a shows the reduced magnetisation as the samples were
annealed. This drop in magnetisation could be attributed to changes in crystallinity
after annealing. This changing in the Ms after annealing may be due to the formation
of a non-magnetic dead layer at the Fe/RF-sputtered interface [147]. A reduction in
Ms has been reported in Fe3C multilayers after annealing at 500 K. Hc shows a strong
decrease with t(FM) in Fe3C multilayers [147]. However, we found that the annealed
samples exhibit an increase in coercivity from 50 Oe up to 350 Oe with increasing
temperature as shown in Figure 4.13b. Here, the hybridisation effect between the π
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carbon orbital and 3d metals band could play a significant role in altering the magnetic
properties in interfacial coupling. The magnetisation and the coercive field exhibited
consistent results in relation to the number of repetitions in the metallic-nanocarbon
interfaces. Further AFM study is required to confirm the roughness dependence on the
number of interfaces as reported in Cu/C60 system [91].

(a) (b)

Figure 4.13: (a) The magnetisation versus the number of repetitions for Ta(3 nm)/Fe(10
nm)/RF-sputtered a-C (5 nm)/Al(5 nm) (b) The dependence of the coercivity on the number
of interfaces for as-deposited and annealed samples. The samples ran from two repetitions
(x=2) [Fe(10 nm)RF-sputtered a-C (5 nm)]x to five repetitions (x=5). All the samples were
annealed at different temperatures for an hour under a vacuum ( 10−5 Torr).

4.4 Effect of the RF-sputtered a-C layer thickness on
the magnetic properties after annealing

Here we explore how the thickness of the RF-sputtered a-C layer affects the mag-
netic properties of the samples. The studied samples have structure of Si/SiO2/Ta(3
nm)/Fe(10 nm)/RF-sputtered a-C(t)/Al (5 nm), where (t) is varied from 0.5 nm to
25 nm. The magnetisation and the coercive field of the samples with different RF-
sputtered a-C thickness are shown in Figure 4.14. In this experiment, the samples were
heated to 500 ◦C and 550 ◦C at 10−5 Torr for one hour. As before, the magnetisa-
tion (Ms) and the coercivity (Hc) were measured at room temperature before and after
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annealing. Before annealing, the measurements show that the magnetisation and the
coercivity were slightly changed when the RF-sputtered a-C thick below 10 nm. After
annealing the samples, a dependence on the thickness of the RF-sputtered a-C layer
for annealed samples was observed. The Ms is decreased, whereas Hc is increased
after annealing. This dependence is clearly observed for RF-sputtered a-C layers 2
nm and above see Figures 4.14a and 4.14b. The changing in the magnetic proper-
ties after annealing might be due to the formation of a non-magnetic dead layer at the
Fe/RF-sputtered interface [147] as indicated in our Fe/RF-sputtered a-C multilayers
after annealing.

(a) (b)

Figure 4.14: (a) Magnetisation (b) coercivity dependence on the thickness of RF-sputtered a-C
for films with the structure Ta(3nm)/Fe(10nm )/a-C(t)/Al(5 nm), where (t) ranged from 0.5 nm to
25 nm. The magnetisation and coercivity measurements were performed at room temperature
and the calculations of Ms performed by considering the thickness of the Fe layer.

4.5 Magneto-optical Kerr effect microscopy

To understand changes in coercivity, Kerr microscopy was used. A sample of Ta (3
nm)/Fe(20 nm)/a-C(5 nm)/Al(5 nm) grown on silicon dioxide was imaged before and
after annealing at the specific annealing point where a change in the coercivity was
measured see, Figure 4.15. The domains observed at the coercive field are much
smaller and with lower contrast image after annealing the sample.
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The data taken from both SQUID-VSM magnetometry and magneto-optic Kerr mi-
croscopy (µ MOKE) show changes in the hysteresis loop and the magnetic images,
see Figure 4.15. Kerr images can offer information about samples pinning after apply-
ing an in-plane magnetic field. This could be expected because the density of pinning
sites may increase when the Fe is diffused along grain boundaries and crystallised upon
cooling. Pinning points are observed in the images that could also be due to structural
defects in the sample.

(a) (b)

Figure 4.15: (a) The dependence of the Hc on the annealing temperature of sample with 20 nm
of Fe thickness. (b) Magneto-optic Kerr microscopy (µMOKE) images taken at Hc show that
an as-deposited sample of Ta(3 nm)/Fe(20 nm)/a-C(5 nm)/Al(5 nm) has large domains before
annealing (top right image) whereas annealing the same sample at 500 ◦C (Hc peak) for 10 h
reduces greatly the domain size (bottom right image). Scale bars are 100 µm.

4.6 Magnetic energy product (BH)max in the
Fe/RF-sputtered a-C system

There is a demand for permanent magnets for use in different industrial applications,
and nowadays these are manufactured mostly using rare earth materials [46]. Per-
manent magnets require high magnetic flux density (B) with high coercivity (Hc),
since both of these parameters generate maximum magnetic energy products ((BH)max)
[155].
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The magnetic energy product (BH) was calculated from both magnetisation and coer-
civity for the samples (equation 2.21). Figure 4.16a shows the calculated BH product
for the samples with two different capping layers of Ta(3 nm)/Fe(t)/a-C(5 nm)/Al(5
nm) and Ta(3 nm)/Fe(t)/a-C (5 nm)/Nb(5 nm), with Fe thickness ranging from 7.5 nm
to 20 nm. In these two structures the maximum value of coercivity was about 600
Oe after annealing at 500 ◦C, as shown in Figure 4.16; with the calculated maximum
magnetic energy product at about 53 kJ/m3. This value, according to the literature, lies
between Alnico and ferrites [47], as shown in Figure 4.16b.
C60 was also introduced to the samples structure on top of RF-sputtered a-C. The objec-
tive was to use C60 to enhance the changes in the magnetic properties of ferromagnetic
metals. The sample with a C60 layer has a structure of Si/SiO2/Ta(3 nm)/Fe(10 nm)/a-
C(5 nm)/C60(20 nm)/Nb(5 nm). It was annealed in-situ in the SQUID-VSM up to 750
◦C. The magnetometry measurements show that the (BH)max in the Fe/RF-sputtered
a-C system was not greatly affected by the additional layer of C60 (20 nm). Also, the
diffusion of RF-amorphous carbon into the Fe layer may allow the C60 to change the
magnetic properties in the metallic-carbon structure. This gives an indication that hy-
bridisation between the fullerene C60 (pz orbital) and Fe (3d bands) was not formed due
to the RF-sputtered a-C layer when the annealing temperature is below 500 ◦C. How-
ever, the results after using C60 in our system of Fe/a-C show a slight enhancement in
the (BH)max value to 20 kJ/m3 when the annealing temperature is above 500 ◦C. This
shift in orbitals is consistent with the results obtained by Raman spectroscopy after
annealing Fe/RF-sputtered a-C at 600 ◦C. After annealing at 600 ◦C, RF-sputtered a-C
diffused into Fe leads to formation of carbide.
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(a)

(b)

Figure 4.16: (a) The dependence of the energy product on the annealing temperature for sam-
ples of Fe/RF-sputtered a-C with different Fe thicknesses and Fe/RF-sputtered a-C/C60. The
BH values of Fe thicknesses only were calculated in order to derive the BH product. (b) This
figure shows research carried out to develop the energy product of hard magnetic materials,
taken from [47].
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4.7 Raman spectroscopy and TEM characterisation at
Fe/RF-sputtered a-C interfaces

4.7.1 Raman spectroscopy characterisation for Fe/RF-sputtered
a-C bilayer before and after annealing

Raman spectroscopy measurements were carried out to investigate changes in the vi-
bration modes of RF-sputtered a-C thin films in as-deposited and annealed films. We
observed the change from amorphous carbon to a nano-crystalline graphite stage after
annealing the thin films at 600 ◦C. The spectra after annealing show two peaks, the D
and G vibration modes at 1360 and 1600 cm−1 respectively, as seen in Figure 4.17a.
The G band occurs due to the stretching of C-C sp2 sites in both rings and chains,
whereas the D band is due to the breathing of the sp2 present in rings only [122]. A
sample of Ta(3 nm)/Fe(10 nm)/RF-sputtered a-C(5 nm)/Al(5 nm) was annealed at 100
◦C - 600 ◦C for one hour in a vacuum 10−5 Torr. The Raman spectra of the Fe/RF-
sputtered amorphous carbon with different annealing temperatures are presented in
Figure 4.17b. Figure 4.17c shows the data extracted from these measurements, with
a shift in the G peak position to higher frequencies from 1561 to 1598 cm−1. At the
same time, the ratio of I(D)/I(G) increases from 1.3 to 1.7 after annealing at up to 600
◦C for one hour (Figure 4.17d).
With this information, we can confirm that the RF-sputtered a-C layer forms nano-
crystalline graphite after annealing. This finding is consistent with the results we ob-
tained in a Cu/RF-sputtered amorphous carbon system [58].
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(a) (b)

(c) (d)

Figure 4.17: Raman spectrum for a sample of Ta(3nm)/Fe(10nm)/RF-sputtered a-
C(5nm)/Al(5nm). (a) The (G and D) peaks as indicated by blue and green lines respectively. (b)
The Raman spectrum at different annealing temperatures up to 600 ◦C. (c) The position of the
G peak (cm−1) and (d) the intensity ratio I(D)/I(G) are extracted from Raman measurements
for sample at different annealing temperatures.Showing the change in sp3 to sp2 hybridisation.
The data indicate movement from amorphous carbon (20% of sp3) to nanocrystalline graphite
(0% of sp3) after annealing [130] as according to Figure 3.12.

4.7.2 Raman spectroscopy characterisation for Fe/RF-sputtered
a-C trilayers before and after annealing

Raman measurements were also carried out for trilayer samples to compare with those
in bilayers. Figure 4.18 shows the I(D)/I(G) and G positions of the as-deposited and
annealed Fe(2 nm)/RF-sputtered a-C(t)/Fe(2 nm) trilayer film extracted from Raman
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spectra measurements. The thickness of RF-sputtered a-C are varied from 4 nm to 10
nm. Below 4 nm, the Raman spectra cannot be obtained. The trilayer samples showed
a shift in G position to higher frequencies and at the same time an increase in the ratio
of intensities of I(D) to that of I(G). This observation strongly suggests that crystallisa-
tion of RF-sputtered a-C is possible above 500 ◦C [42] which is consistence with our
observation in Fe/RF-sputtered a-C bilayer system.

(a) (b)

Figure 4.18: Raman spectra using a 473 nm blue laser with a 1800 grating. The shift in
the G peak present in (a) and (b) increased the I(D)/I(G) ratio as the annealing temperature
was increased. According to Figure 3.12, the ratio I(D)/I(G) indicate movement from amor-
phous carbon to nanocrystalline graphite. All of the data points are for films with the structure
Ta(3nm)/Fe(2 nm)/RF-sputtered a-C (t)/Fe(2 nm)/Al(5nm), where (t) is varied from 4 to 10 nm
thick.

4.7.3 Cross-section transmission electron microscopy (TEM)
characterisation of Fe/RF-sputtered a-C bilayer before and
after annealing

TEM images were taken of typical structures of Ta(3nm)/Fe(10nm)/a-C(5nm)/Al(5nm)
before and after annealing. This technique is used in order to further characterise
the interfaces and provide information about inter-diffusion before and after anneal-
ing.Figures 4.19a and 4.19b show also a cross-sectional high resolution TEM image for

81



4.7 Raman spectroscopy and TEM characterisation at Fe/RF-sputtered a-C
interfaces

the same sample 4.19a before and 4.19b after annealing. Figure 4.19c and 4.19d show
the TEM cross section chemical analysis for images of each element in the Fe/RF-
sputtered a-C sample before and after annealing. From the graphs, it can be seen that
the as-deposited sample before annealing shows clear boundaries between the layers.
It is also clear that the RF-sputtered a-C layer has a smooth interface [56, 65]. After
annealing (sample annealed at 500 ◦C), the RF-sputtered a-C layer diffused partly into
the metallic layers (Fe and Al). Furthermore, it is likely that the bottom part of the Fe
layer remained pristine.
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(a) (b)

(c) (d)

Figure 4.19: Cross-sectional high resolution of Fe/a-C/Al films annealed at 500 ◦C show the
possibility of diffusion of RF-sputtered amorphous carbon before the formation of carbides.
Image of Fe(10 nm)/RF-sputtered a-C(20 nm)/Al(5 nm) film (a) as-deposited and (b) annealed
at 500 ◦C show the possibility of inter-diffusion of RF- sputtered a-C in this film after annealing
with comparison to as-deposited sample. A line scan data show the composition of the multi-
layers (c) before and (d) after annealing using TEM. Annealing will lead to carbon diffusion
along the Fe thin film grain boundaries [156, 157].
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Figures 4.20a and 4.20b show a cross-sectional high resolution TEM image of Ta(3
nm)/Fe(10 nm)/RF-sputtered a-C(20 nm)/W(5 nm) grown in similar conditions to the
samples measured in Figure 4.19. These images show clearly the inter-diffusion of RF-
sputtered amorphous carbon in this film after annealing. TEM cross section chemical
analysis images (line scans) of the sample before and after annealing are shown in Fig-
ures 4.20c and 4.20d. They also show a clear inter-diffusion of RF-sputtered a-C in the
system after annealing. Furthermore, the position of RF-sputtered a-C has changed as
shown in Figure 4.19b. RF-sputtered a-C also with Fe layers seem to have exchanged
places and completely inter-diffuse into each other after annealing as presented in Fig-
ure 4.20d.As well as Figures 4.20c and 4.20d show the position of Fe change from
(30-40) nm to (14-24) nm.
SQUID-VSM data taken for this sample before and after annealing show typical changes
in Hc after annealing, see Figure 4.20e. As expected, inter-diffusion between the Fe
and RF-sputtered a-C interfaces after annealing has occurred, which will affect the
magnetic properties at the nanocarbon interfaces.
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(a) (b)

(c) (d)

(e)

Figure 4.20: Cross-sectional high resolution of TEM images of Ta(3 nm)/Fe(10 nm)/RF-
sputtered a-C(20 nm)/W(5 nm) films annealed at 550 ◦C show the possibility of diffusion of
RF- sputtered amorphous carbon before the formation of carbides. The images show the com-
position of the multilayers (a) before and (b) after annealing using TEM. A line scans of film (c)
as-deposited and (d) annealed at 550 ◦C show the possibility of inter-diffusion of RF- sputtered
a-C in this film after annealing. (e) Results from SQUID-VSM confirm changes in Hc for this
sample before and after annealing.
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4.8 Effect of annealing time on the magnetic
properties of Fe/RF-sputtered a-C

Further study has been done to investigate the effect of annealing time on the Fe/RF-
sputtered a-C interfaces. For simplicity, bilayer samples of Ta(3 nm)/Fe(t)/RF-sputtered
a-C(5 nm)/Al(5 nm) with different thicknesses of Fe were studied to probe the effect
of annealing time on the magnetisation and coercivity. The samples were annealed for
10 hours instead of 1 hour and the magnetisation as a function of Fe thickness is shown
in Figure 4.21a. The saturation magnetisation of the samples is closer to the bulk value
of Fe when the metallic layer is over 15 nm thick. After annealing the sample at 500
- 550 ◦C for 10 hours, the magnetisation shows the same behaviour as observed for
samples annealed for 1 hour, as presented in Figure 4.8.The coercivity in Figure 4.21b
exhibits consistent results with the other sets of samples presented in Figure 4.9 where
samples annealed for 1 hour and the maximum change in Hc about 600 Oe observed
at 10 nm of Fe. This indicates that annealing the Fe/RF-sputtered a-C for a longer
time does not change the interfacial coupling, mixing or inter-diffusion in metallic-
nanocarbon systems. Control samples were grown without RF-sputtered a-C with the
structure Ta(3 nm)/Fe(t)/Al(5 nm), where (t) varied from 10 nm to 30 nm. The magne-
tometry results show a slight change in Ms of about 20% and in Hc of about 8% after
annealing at 550 ◦C as shown in Figures 4.22a and 4.22b, compared with the samples
where RF-sputtered a-C is in direct contact with the metallic layer (Fe), see Figure
4.21. This changes in Ms and Hc of a control sample Ta(3 nm)/Fe(t)/Al(5 nm) after
annealing could be explained by an increase of the antiferromagnetic coupling .This
happens at the interface between the ferromagnet and antiferromagnet when an anti-
ferromagnetic film is deposited on top of a ferromagnetic film the antiferromagnetic
spins at the interface align to the ferromagnetic spins [158].
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(a) (b)

Figure 4.21: Change in (a) magnetisation and (b) coercivity taken from the hysteresis loops
measured at room temperature. The sample structure of Ta(3nm)/Fe(t)/RF-sputtered a-C(5
nm)/Al(5 nm), where (t) is varied from 6 to 30 and annealed at different temperatures for 10 h.
The thickness of all of the samples is given in nm.

(a) (b)

Figure 4.22: The magnetic properties (a) magnetisation and (b) coercivity for control samples
of Ta(3 nm)/Fe(t)/Al(5 nm), where 9 nm > (t) > 31 nm. The data show the effect of annealing
temperature on the magnetic properties.
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4.9 Decoupling the Fe/RF-sputtered a-C interfaces

In order to confirm that the change in the magnetic properties is at least in part, due to
hybridisation and charge transfer effects between the nanocarbon and the metal inter-
face, Fe/RF-sputtered a-C samples with a spacer layer of Cu were grown and measured
in collaboration with Alistair Walton an undergraduate student under my supervision.
The magnetisation and coercivity dependence on the thickness of the Cu spacer in be-
tween Fe and RF-sputtered a-C is shown in Figures 4.23a and 4.23b. The spacer layer
was introduced to ensure good separation between Fe and RF-sputtered a-C to avoid
inter-diffusion after annealing, and the thickness of Cu was varied between 2 nm and
8 nm. The results confirmed a reduction in the magnetic properties at Fe/RF-sputtered
a-C interfaces as the thickness of the spacer layer increase. The effect was completely
quenched when the Cu thickness reached 8 nm.

(a) (b)

Figure 4.23: Room temperature (a) saturation magnetisation and (b) coercivity as a function of
Cu layer thickness for Fe(10 nm)/RF-sputtered a-C(5 nm) capped by 5 nm of Ta and measured
before and after annealing at 500 ◦C . The spacer layer was varied from 2 nm to 8 nm.
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4.10 Conclusion

In this chapter, magnetic properties of Fe/RF-sputtered a-C interfaces before and after
annealing were studied. The findings highlight the role that hybridisation and charge
transfer effects across the interfaces may have on the spin ordering at the interface
and/or in the iron film. Before annealing the Fe/RF-sputtered a-C, the results show
that the change in magnetisation at room temperature is dependent on the thickness of
the metallic layer with a peak when the Fe layer is less than 10 nm as shown in section
4.2. When the Fe layer becomes thick > 10 nm the bulk properties dominate and the
interfacial effect between the Fe and RF-sputtered a-C is quenched. The coercivity has
also shown thickness dependence when it measured at room temperature where the co-
ercivity reduced compared with control samples without the RF sputtered a-C. This re-
duction makes the Fe/RF-sputtered a-C softer. RF-sputtered a-C thickness-dependent
Ms and Hc measurements tend to indicate that the maximum changes in the magnetic
properties between Fe and RF-sputtered a-C take place when the RF-sputtered a-C
layer is 5 nm or thicker.

The study also highlighted the effect of annealing in altering the magnetic proper-
ties. The significant change has been observed when the annealing temperature reaches
above 500 ◦C where both magnetisation and coercivity has reached maximum change
of 1300 emu/cc and 600 Oe respectively, compared with the as-deposited samples. The
large change in the coercivity makes the Fe/RF-sputtered a-C harder in comparison to
the control samples without RF-sputtered a-C. Decoupling the interface with Cu leads
to the prevention of any charge transfer or hybridisation arising at the metal/organic
interface.

We then considered the magnetic energy product in the Fe/sputtered a-C system.
The results show a maximum magnetic energy product of about 53 kJ/m3 for 5 nm of
RF-sputtered a-C grown on top of a 10 nm thick layer of Fe similar to that of Alnico
and ferrites.

Tri-layer samples of Fe/RF-sputtered a-C/Fe system measured at room temperature
indicate the possibility that the system can be made softer before annealing with com-
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pression to the control sample. However, different thicknesses of RF-sputtered a-C in
between 6.5, 10 and 20 nm of Fe exhibited higher values in the coercivity when the RF-
sputtered a-C thickness was over 2 nm, and coercivity increases as the RF-sputtered
a-C thickness is increased. The saturation magnetisation in this system dropped up to
80% when the temperature was increased. These changes in the Ms and Hc were possi-
bly caused by the inter-diffusion of the carbon after annealing, and production of iron
carbide. The inter-diffusion of RF-sputtered a-C in the thin film after annealing has
been confirmed using TEM where an amount of graphitisation at the Fe/RF-sputtered
a-C interface was revealed.

The results obtained using Raman spectroscopy show changes in the G position
and I(D)/I(G) ratio in the Fe/RF-sputtered a-C system were observed after annealing
the samples. This enhancement in the Raman spectrum gives evidence that the RF-
sputtered a-C layer changes into nanocrystalline graphite and that the orbital hybridis-
ation changes from (20%) sp3 to (0%) sp3 [126, 130].

Finally, Kerr microscopy measurements of Fe/RF-sputtered a-C clearly reveal changes
in the domain size before and after annealing. The domains observed at the coercive
field in Fe with RF-sputtered a-C over-layer become much smaller and with lower con-
trast once the sample is annealed. This change in the coercivity of the samples and the
magnetic images can be explained by the large increase in the density of pinning points
when the Fe/RF-sputtered a-C is diffused and crystallised.

In summary, we have tailoring the possibility of tuning the hardness and softness
of iron thin films by using nanocarbon. We have achieved coercivties between ∼ 10
Oe and 700 Oe without changing thickness or magnetisation for Fe thin films more
than 10-50% which is useful in identifying the origin of novel magnetic phenomena in
metallic-nanocarbon structures.
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CHAPTER 5

Magnetic properties of
FexN(1−x)/RF-sputtered a-C interfaces
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5.1 Introduction

FexN(1−x) thin films may show a variety of magnetic properties, and structures such
as Fe16N2 phase present a very high magnetic moment of up to 2.6 µB , which is
higher than the moment in pure Fe [159–161]. The magnetic properties are very sen-
sitive to the nitrogen concentration, which means that FexN(1−x) with small x will be
non-ferromagnetic properties whereas FexN(1−x) with high x are ferromagnetic [162–
164]. Recently, Fe16N2 foils have shown high coercivities (Hc) of 1910 Oe, with a
BH product about 159 kJ/m3 at room temperature [50, 155]. Many studies have been
done in free-RE permanent magnetic materials searching for low cost, large Hc and
high Curie temperatures [50]. This work aims to get free-RE permanent magnetic
materials by using nanocarbon. We are trying to increase the magnetic moment and
coercivity to maximise BH product while considering as well different hybridisation
in FexN(1−x)/RF-sputtered amorphous carbon.

In this chapter we investigate the structural and magnetic properties of FexN(1−x)

thin films coupled with RF-sputtered a-C. We will also present XRR, SQUID magne-
tometry and Raman spectroscopy measurements in these films.

5.2 Characterisations of FexN(1−x) thin films

In order to investigate the interfacial effects in FexN(1−x)/RF-sputtered a-C, FexN(1−x)

thin films were deposited on Si/SiO2 substrates in a high vacuum where the base pres-
sure in the chamber was approximately 10−8 Torr. The FexN(1−x) layer was deposited
via DC magnetron sputtering of pure iron target in a fixed argon gas flow rate of 23
SCCM (standard cubic centimetres per minute), while nitrogen gas was introduced into
the chamber at different flow rates from 5 to 30%. In order to ensure that FexN(1−x)

was deposited and that the layer did result from reactive sputtering, the ratio of nitro-
gen added to the system was measured against voltage. The thickness of the deposited
FexN(1−x) layer and the magnetic properties were measured at the different percent-
ages of N2 in the mixture of Ar/N2.
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Figure 5.1 shows the voltage across the magnetron measured as function of the pres-
sure and percentage of nitrogen. The results indicate an increase in the voltage with
increased nitrogen flow. This provides evidence that the pressure in the system in-
creased and also the Fe target was sputtered normally with increasing N2 ratio, as
opposed to being sputtered reactively.

Figure 5.1: The graph illustrates the voltage across the magnetron as a function of the different
nitrogen ratio between 5% and 30%. The argon was fixed at 2.25 mTorr and the nitrogen flow
varied from 5% to 30%. Here,the growth time was fixed at 100 (s) for all the thin films.

The deposition rates for a range of samples show a decrease in the deposition rate
with increasing N2/Ar ratio as shown in Figure 5.2. This could suggest that the particle
pressure of the N2 flow increased and affected the deposition rates. This change in
the deposition rate could be corresponding to the sputter yield and/or the density of
Fe. The sputter yield drops with rising the nitrogen partial pressure owing to the high
dissociation energy of nitrogen [162].
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Figure 5.2: Dependence of the rate of Si/SiO2/FexN(1−x) thin films on the nitrogen ratio, where
the nitrogen was varied from 5% to 30%. The data shows that increasing the N2 flow lead to
drop the deposition rates.

Figure 5.3 shows the low angle XRR of un-annealed and annealed samples. The
XRR measurements indicate that 10 nm of FexN(1−x) grown at 15% N2 ratio have less
diffusion after annealing at 500 ◦C for one hour in a vacuum of about 10−5 Torr as pre-
sented in Figure 5.3a. However, FexN(1−x) samples of 10 nm thickness grown at 10%
N2 ratio show changes in the critical angle as shown in Figure 5.3b that give signs of Fe
diffusion after annealing. The deposited FexN(1−x) films have also annealed at 500 ◦C
and the roughness has been compared to the as-deposited films. The XRR reflectivity
data of FexN(1−x) thin film with 10% of N2 ratio fitted with Bede software and showed
an increase in roughness after annealing at 500 ◦C, as shown in Figure 5.3c. This may
due to crystalline the thin films after annealing. Figure 5.3d shows the XRD scan for
Si/SiO2/FexN(1−x) (100 nm) grown at 10% nitrogen and there is a peak observed at 2θ

= 43.2◦ which could be corresponded to Fe2N [165].
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(a)
(b)

(c) (d)

Figure 5.3: X-ray reflectivity measurements for Si/SiO2/FexN(1−x)(10 nm) grown at different
nitrogen ratios: (a) 15% (b) 10%. The XRR data was taken for as-deposited samples and
annealed samples at 500 ◦C. The nitrogen ratio of 10% and 15% are equivalent to thickness of
10 nm for both samples. (c) The roughness of Si/SiO2/FexN(1−x)(10nm) grown at 10% nitrogen
ratio as a function of annealing temperature was obtained using Bede fitting software. (d) X-
ray diffraction for Si/SiO2/FexN(1−x) (100 nm) grown at 10% nitrogen show a peak at 2θ =
43.2 ◦ that may be corresponded to Fe2N [165].
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5.3 Magnetometry of FexN(1−x) thin film

The magnetic properties of the deposited FexN(1−x) films have been characterised us-
ing SQUID magnetometry before and after annealing. Figures 5.4 and 5.5 show the
magnetisation and coercivity as a function of the N2 ratio, where the FexN(1−x) thick-
ness was varied from 7 nm to 11 nm (Figure 5.4) and from 24 nm to 39 nm (Figure
5.5). For as-deposited thin films, the magnetisation curve shows a decrease in the Ms

as the N2 to Ar ratio increases. The same behaviour was observed when the films were
annealed at 250 ◦C. However, annealing the films at 500 ◦C showed a slight increase
in Ms from 350 emu/cc to 600 emu/cc with nitrogen content. The coercivity in the
as-deposited film was very close to that of pure Fe films. However, Hc increased from
∼ 50 to 400 Oe after the samples were annealed at 500 ◦C, which is higher than a liter-
ature value (200 Oe) for annealed FeN, and smaller than the value observed in Fe16N2

[60, 155]. These changes in Ms and Hc after annealing could be due to the percentage
of nitrogen atoms around the Fe atoms. As a result, the hybridisation is quenched with
increasing the nitrogen concentration [162].
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(a) (b)

Figure 5.4: Room temperature(a) magnetisation and (b) coercivity as a function of nitrogen
ratio measured after annealing Si/SiO2/FexN(1−x)(t) thin films at different temperatures. The
thickness of the FexN(1−x) samples was 9±2 nm.

(a) (b)

Figure 5.5: Room temperature magnetometry measurement of FexN(1−x) thin films (a) magneti-
sation (b) coercivity measured as deposited and annealed at 500 ◦C. With the sample structure
of Si/SiO2/FexN(1−x)(t), all the FexN(1−x) thin films here in the range 23-40 nm thick.
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5.4 Magnetometry of Ferromagnetic/RF-sputtered
a-C bilayers

In this chapter, we are interested in whether the introduction of nitrogen creates changes
at FexN(1−x)/RF-sputtered a-C interfaces and whether it has any significant effect on
the magnetic properties.
In this work first, the FexN(1−x) films were deposited using DC magnetron sputtering
of pure iron at a fixed argon gas flow and different concentrations of nitrogen gas. Af-
ter depositing the FexN(1−x) films, RF-sputtered a-C was grown on top. The samples
have a typical structure of Ta(3 nm)/FexN(1−x) (11 nm)/RF-sputtered a-C(5 nm)/Al(5
nm), where the FexN(1−x) layer was grown at different N2 ratios, as shown in Figure
5.6. Ms showed no significant change when the samples were annealed to 500 ◦C, but
further annealing to 550 ◦C causes a 83% drop in Ms. This could be due to the in-
troduction of nitrogen to the Fe, for our thin films that might be contribute to preform
a FexN(1−x) phase with lower saturation magnetisation and an increase in Hc [106].
The magnetic measurements of FexN(1−x) (11 nm, 10% nitrogen ratio) coupled with
5 nm of RF-sputtered a-C exhibited a maximum change in the Hc from 50 Oe for as-
deposited samples to 150±20 Oe after annealing at 500 ◦C when the N2 fraction is
10%, after annealing at 550 ◦C, Hc was 90±20 Oe.
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(a) (b)

Figure 5.6: (a) Ms and (b) Hc measurements as a function of different N2 ratios measured by
SQUID before (25 ◦C) and after annealing at different temperatures: 500 and 550 ◦C. The
sample structure is Ta(3nm)/ FexN(1−x) (11 nm)/RF-sputtered a-C(5 nm)/Al(5 nm) grown on
silicon oxide substrates.

5.4.1 Room temperature magnetic behaviour

The samples studied are thin films of Ta(3 nm)/FexN(1−x)(t)/RF-sputtered a-C(5 nm)/
Al(5 nm), where the thickness of the FexN(1−x) layer was varied between 2 nm and 11
nm. The samples were grown in a mixture of Ar/N2, at 10% and 15% flow rates of N2.
The percentages of N2 (10% and 15%) have chosen due to a good magnetic properties
as seen in Figure 5.6.

Figure 5.7 shows the differences in the magnetisation of these films. The saturation
magnetisation ∼ 1200 emu/cc is slightly lower than for pure Fe [151]. The saturation
magnetisation changes only slightly when the FexN(1−x) thickness and the N2 flow
rate are varied, and the effect of nitrogen on the magnetisation of the FexN(1−x) thin
films was found to be consistent with previous studies [166]. The Ms values increase
as the N2 flow is decreased in many previous studies which N2 has an effect on the
saturation magnetisation of Fe [151]. Figure 5.8 shows changes in the coercivity com-
pared with control samples. The results indicate very small changes in the coercivity,
even when the percentage of N2 is varied. Nitrogen contents in the system appear to
prevent the hybridisation between Fe and RF-sputtered a-C and we do not observe the
systematic reduction in Hc that we measured for pure Fe/RF-sputtered a-C (see section
4.2.1). However, there is still a reduction in Ms with RF-sputtered a-C , at least for
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15% N2, that is similar to that seen in pure Fe/RF-sputtered a-C which suggest that
there is still an interfacial coupling between FexN(1−x) and RF-sputtered a-C , even
though the anisotropy is not changed as drastically as for pure Fe. The coercivity for
samples grown at 10% and 15% of N2 was 50 Oe which is lower than of some previ-
ously measured FexN(1−x) thin films [60][167].

(a) (b)

(c) (d)

Figure 5.7: (a) Magnetisation and (b) differences in magnetisation ∆Ms as a function of iron
nitride films with various thicknesses grown at 10% of N2 . (c) Ms and (d) ∆Ms for samples
grown at 15% of N2. The sample structure is Ta(3nm)/FexN(1−x)(t)/a-C(5nm)/Al(5nm), com-
pared with control samples of Ta(3 nm)/FexN(1−x)(t)/Al(5nm), where (t) is varying FexN(1−x)

thickness from 2 to 11 nm measured at 300 K. The error bars are smaller than the data points.
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(a) (b)

(c) (d)

Figure 5.8: Coercivity of FexN(1−x)/RF-sputtered a-C and FexN(1−x) thin films as a function of
thicknesses grown at different Ar/N2 ratios. (a) Hc and (b) Hc for samples grown at 10% of N2,
(c) Hc and (d) Hc for samples grown at 15% of N2 . All the data was extracted from hysteresis
M(H) loops measured at room temperature. Hc represents the change in Hc between the pure
FexN(1−x) samples and the FexN(1−x) samples with RF-sputtered a-C samples.

5.4.2 Effects of annealing on the saturation magnetisation (Ms)

The FexN(1−x)/RF-sputtered a-C samples grown at 10% and 15% N2 ratios were an-
nealed for one hour at 10−5 Torr, at temperatures of 500 ◦C, 550 ◦C and 600 ◦C. Figures
5.9a and 5.9b show the Ms measurements as a function of FexN(1−x) thicknesses. It can
be seen that the Ms decreased up to 80% as the annealing temperature was increased.
Figure 5.9 also show that Ms is enhanced with increasing the FexN(1−x) thickness for
both systems FexN(1−x)/RF-sputtered a-C and FexN(1−x). This enhancement starts for
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thickness above 3 nm. This could be result of increasing Fe content in the films [167].
The as-deposited control samples exhibit a Ms value close to the bulk value of Fe. This
could have been caused by specific formation of a FexN(1−x) phase where FexN(1−x)

with small x will be non-ferromagnetic properties whereas FexN(1−x) with high x are
ferromagnetic [162–164]. The reduction in Ms after annealing up to 550 ◦C when it is
coupled with the nanocarbon interface could indicate the effect of the hybrid interface
and the charge transfer in the FexN(1−x)/RF-sputtered a-C system.

(a) (b)

(c) (d)

Figure 5.9: Magnetisation as a function of thickness of the FexN(1−x) measured at 300 K for the
thin films FexN(1−x)/RF-sputtered a-C grown at (a) 10% nitrogen fraction and (b) 15% nitrogen
fraction and annealed at temperatures between 500 ◦C and 600 ◦C (c) Ms for the control sam-
ples of Ta(3 nm)/FexN(1−x)(t)/Al(5 nm) as a function of various FexN(1−x) thicknesses measured
at room temperature grown at N2 fractions of 10% and (d)15%.
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5.4.3 Annealing effects on the coercivity (Hc)

The coercivity as a function of FexN(1−x) thickness was measured after annealing for
the samples used in section 5.4.2. at 10% fraction of N2. Figure 5.10a shows that the
coercivity increased to 550 Oe in FexN(1−x)/ RF-sputtered a-C at 500 ◦C, and slightly
decreased when the annealing temperature was increased to 550 ◦C, which is similar
to the results observed in Fe/RF-sputtered a-C systems (see Section 4.3.1.2). When the
N2 fraction is equal to 15%, Hc showed a gradual increase from 50 Oe to 350 Oe when
the FexN(1−x) layer becomes thicker and annealed to higher temperatures, as shown in
Figure 5.10b. Similar behaviour is observed for FexN(1−x) layers where the change in
Hc after annealing is about 100 Oe, see Figures 5.10c and 5.10d. The change in Hc

for both FexN(1−x)/RF-sputtered a-C and FexN(1−x) samples when they are annealed
could give an indication of the effect of nitrogen content on the magnetic properties
that could be quench the hybridisation, also the crystallinity of the FexN(1−x) before
and after annealing may also contribute to explaining the changes in Hc. The results
indicate the formation of inter-diffusion which takes place during annealing the thin
films and that depends on the N2 fraction. The film with 15% N2 exhibited less diffu-
sion, whereas at 10% N2 , diffusion was clearly present in the system. Interestingly,
the change in the Hc with the RF-sputtered a-C is significant compared to the control
samples especially with 15% N2 ratio which could be due to the charge transfer that
occurs at the FexN(1−x)/RF-sputtered a-C interface.
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(a) (b)

(c) (d)

Figure 5.10: Changes in coercivity as a function of FexN(1−x) thickness at 300 K for thin
films of Ta(3 nm)/FexN(1−x)(t)/RF-sputtered a-C(5 nm)/Al(5 nm) grown at (a) 10% fraction of
nitrogen and (b) 15% nitrogen, and annealed at 500 to 600 ◦C. (c) Hc for the control samples
of Ta(3 nm)/FexN(1−x)(t)/Al(5 nm) as a function of various FexN(1−x) thicknesses measured at
room temperature grown at 10% N2 and (d) 15% N2.This data showed the interfacial effect of
FexN(1−x)/RF-sputtered a-C(5 nm) on the Hc before and after annealing.
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Figure 5.11 presents the X-ray reflectivity (XRR) spectra for two samples of
FexN(1−x)(5)/RF-sputtered a-C(5 nm)/Al(5 nm) and FexN(1−x)(5)/Al(5 nm) before and
after annealing at 500 ◦C. These data show clearly the inter-diffusion of RF-sputtered
a-C into iron nitride (Figure 5.11a) compared with a control sample as shown in Figure
5.11b.

(a) (b)

Figure 5.11: X-ray reflectivity of a typical film (b) Si/SiO2/Ta(3 nm)/FexN(1−x)(5)/RF-sputtered
a-C(5 nm)/Al(5 nm) and (b) Si/SiO2/Ta(3 nm)/FexN(1−x)(5)/Al(5 nm) before and after anneal-
ing. The samples grown at 10% of N2. The samples were annealed at 500 ◦C for one hour in a
vacuum about 10−5 Torr.

Figure 5.10a shows that the Hc reaches the maximum when the FexN(1−x) layer
is 7 nm - 9 nm. Based on this result, Figure 5.12 shows the coercivity and the sat-
uration magnetisation for layers with this thickness range as a function of annealing
temperature for FexN(1−x) coupled with RF-sputtered a-C (Figures 5.12a and 5.12c)
and FexN(1−x) as a control (Figure 5.12b). The samples were grown in a 10% fraction
of N2. It is clear that Hc peaks when the annealing temperature is 500 ◦C, and then
drops at higher temperature. From Figure 5.12c, it can be seen that Ms decreases as the
annealing temperature was increased. So the most effective annealing temperatures in
the FexN(1−x)/RF-sputtered a-C system are between 500 ◦C and 550 ◦C. These results
are probably due to the nitrogen concentration can affect the motion of the magnetic
domain and leads to increase coercivity and decrease Ms [168]. On the other hand, the
Hc for control samples present approximately no change for both sample thicknesses
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5.4 Magnetometry of Ferromagnetic/RF-sputtered a-C bilayers

at different annealing temperatures as shown in Figures 5.12b. Therefore, the growth
of FexN(1−x) is very important due to the nitrogen pressure that can affect the mag-
netic properties [162] in our FexN(1−x)/RF-sputtered a-C thin films. The thickness of
the metallic layer may be not accurate that could be due to growth condition such as
substrate alignment or deposition pressure and variations in volume.

(a) (b)

(c)

Figure 5.12: Dependence of (a-b) coercivity and (c) the saturation magnetisation on the an-
nealing temperatures.(a-c) the sample grown at 10% of N2 with structure of Si/SiO2/Ta(3
nm)/FexN(1−x)(t)/RF-sputtered a-C(5 nm)/Al(5 nm) and (b) Si/SiO2/Ta(3 nm)/FexN(1−x)(t)/Al(5
nm), where (t) are 7 nm and 9 nm. The samples were annealed from 150 ◦C to 600 ◦C for one
hour in a vacuum about 10−5 Torr.
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5.5 Magnetic energy product (BH)max in the
FexN(1−x)/RF-sputtered amorphous carbon system

Figure 5.13 shows the BHmax energy product as a function of FexN(1−x) thickness
grown with a 10% fraction of N2. The maximum value of BHmax was observed for 9
nm of FexN(1−x) and 5 nm of RF-sputtered a-C at about 9 kJ/m3 after it was annealed
at 500 ◦C. This could be due to the nitrogen content in the FexN(1−x)/RF-sputtered a-C
thin films can be reasonable for affecting the magnetic moment in this system [169].
However, the possibility of increasing the (BH)max value to 53 kJ/m3 was shown in
Fe/RF-sputtered a-C which was annealed at 500 ◦C. In Section 2.7 the calculation of
BHmax has been discussed.

Figure 5.13: The dependence of (BH)max product as a function of FexN(1−x) thickness for Ta
(3 nm)/FexN(1−x)(t)/RF-sputtered a-C(5 nm)/Al(5 nm) grown with a 10% fraction of N2, where
(t) ranges from 2 nm to 9 nm. In order to calculate the (BH)max product, all the samples were
measured at room temperature, both as-deposited and after annealing at 500 ◦C and 550 ◦C.
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5.6 Raman spectra of FexN(1−x)/RF-sputtered
amorphous carbon after annealing

In order to observe the hybridisation effect on FexN(1−x)/RF-sputtered a-C systems,
Raman spectroscopy was used. Samples presented in Figure 5.6, the Raman spectra
for these samples show a shift in G position to higher frequencies and an increase in
the I(D)/I(G) ratio with higher annealing temperatures as a function of N2 fractions
from 10% to 25% as shown in Figure 5.14. This points to the appearance of nanocrys-
talline graphite carbon after annealing. The data also shows lower I(D)/I(G) ratio and
G position at 25% of N2 that might be caused by the addition amount of nitrogen Nx

[170].

(a) (b)

Figure 5.14: Raman spectra measurements for Ta(3nm)/FexN(1−x)(11nm)/RF-sputtered a-
C(5nm)/Al(5nm), showing (a) G peak position and (b) I(D)/I(G) ratio as a function of different
N2 ratios. The data are from as-deposited samples, and samples post-annealed at 500 ◦C and
550 ◦C.
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We were able to classify the type of carbon through the sp3 and sp2 bonds before
and after annealing using Raman spectroscopy to try and correlate the results with
changes in both Ms and Hc of the studied samples with N2 fractions of 10% and 15%.

Figure 5.15 displays the G peak position extracted from the Raman spectra as a
function of FexN(1−x) thickness for samples measured in section 5.4.2 and 5.4.3. The
results reveal shifts to higher frequencies after annealing, indicating that the sp2 clus-
ters became large enough to allow observation of nanocrystalline graphite structures.
Raman spectra for Fe/RF-sputtered a-C thin films have shown the same trend that we
observe in FexN(1−x)/RF-sputtered a-C thin films.

The I(D)/I(G) ratio is presented as a function of FexN(1−x) thickness before and
after annealing in Figure 5.16. There is an increase in the I(D)/I(G) ratio after an-
nealing due to the conversion of sp3 bonds to sp2 bonds. We have seen annealing sp3

orbitals into sp2 orbitals leads to change the magnetic properties [58]. This confirms
the changes in the Ms and Hc due to the crystalline carbon layer which is altering the
orbital states leads to the bonding changes which cause unbalance in the charge trans-
fer hence altering the magnetic properties.
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(a) (b)

Figure 5.15: G position as a function of FexN(1−x) thickness for samples of Ta(3 nm)/
FexN(1−x)(t)/RF-sputtered a-C(5 nm)/Al(5nm), where (t) is varied from 2 nm to 9 nm. The
samples were deposited at (a) 10% fraction of nitrogen and (b) 15% fraction of nitrogen. Here,
as the temperature increases, the G peak moves from ∼ 1545 to 1600 cm−1. All the data were
extracted from Raman spectra for as-deposited and annealed samples.

(a) (b)

Figure 5.16: I(D)/I(G) is plotted against FexN(1−x) thickness for samples of Ta(3 nm)/
FexN(1−x)(t)/RF-sputtered a-C(5 nm)/Al(5nm), where (t) ranges from 2 nm to 9 nm. The sam-
ples were deposited at (a) 10% fraction of N2 and (b) 15% fraction of N2. An increase of
I(D)/I(G) was observed between 0.5 and 3 after annealing. All the data were extracted from
Raman spectra for as-deposited and annealed samples.

110



5.7 Conclusion

5.7 Conclusion

In this chapter, the magnetic properties of FexN(1−x) samples with and without RF-
sputtered a-C were studied. FexN(1−x) films have been grown with a fixed argon flow
but with varies N2 ratios. The films were annealed over a wide temperature range to
investigate the changes in the magnetic properties.
The results obtained using XRR emphasise the impact of annealing the FexN(1−x)

where the crystallinity can be improved after annealing [60]. Samples with 15% of
N2 ratio showed less diffusion compared to the samples with 10% N2 ratio. The data
obtained using SQUID shows the effect of N2 fraction on the magnetic properties of
the thin films.

FexN(1−x)/RF-sputtered a-C thin films measured at room temperature illustrate
small changes in Ms and Hc when compared to the Fe/RF-sputtered a-C system dis-
cussed in Chapter 4. In the case of Fe/RF-sputtered a-C system, the change in the
magnetic properties is due to hybridisation effect between the carbon and 3d metal
bands in Fe at the interfaces, so as-deposited samples show no inter-diffusion which is
approved by TEM. Whereas, the hybridisation effect is not presented in FexN(1−x)/RF-
sputtered a-C because it is quenched with nitrogen.
The FexN(1−x)/RF-sputtered a-C thin films grown at 10% and 15% fractions of N2 rise
in coercivity after annealing at 550 ◦C. However, the value of saturation magnetisation
becomes lower after annealing. This change in the magnetic properties could be caused
by the different nitrogen concentrations, hence different FexN(1−x) phases. This also
could results in different hybrid interfaces between FexN(1−x) and RF-sputtered a-C.

The magnetic energy product (BH) was calculated in the FexN(1−x)/RF-sputtered
a-C system after annealing at 500 ◦C. The results show a maximum magnetic energy
product of about 9 kJ/m3 for 5 nm of RF-sputtered a-C grown on top of a 9 nm thick
layer. However, a maximum magnetic energy product of about 53 kJ/m3 was observed
in the Fe/RF-sputtered a-C after annealing this system at 500 ◦C.

The Raman spectra indicated a shift in the G peak to higher frequencies and the
ratio of I(D)/I(G) increases when carbon is annealed at a higher temperature. The
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5.7 Conclusion

changes in the Raman spectra give evidence that the RF-sputtered a-C layer changes
into nanocrystalline graphite, and the orbital hybridisation changes from sp3 to sp2

accordingly. This change of sp3 orbitals into sp2 orbitals after annealing leads to con-
firms the corresponding changes in the magnetic properties.
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CHAPTER 6

Magnetic properties of 3d transition
metals with C60 thin films
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6.1 Introduction

In this chapter, we investigate the magnetic properties of Fe/C60 bilayers at room tem-
perature and the impact of annealing at 100 - 150 - 200 ◦C. The study is similar to
Fe/RF-sputtered a-C interfaces, except that a-C is replaced with C60. We used C60

because the molecules are easily deposited on the top of metals [57, 70, 171] and
because C60 has a simple structure with a higher spin orbit coupling and potentially
large charge transfer [17]. We also study the magnetic properties of Co/C60 thin films.
SQUID-VSM magnetometry was used to measure the magnetic moment of the sam-
ples at 300 K, 5 K and 3 K after cooling down to 2 K or 3 K in a high field of 70 kOe.
These magnetometry results contribute significantly to the findings of this study. The
effect of annealing on the magnetic properties at room and low temperatures of Co/C60

thin film is also investigated .
We used transport measurements in the metallo-molecular systems to probe the mag-
netic structure and the hybridisation effect at the metallo-molecular interfaces [21, 83].
Our research suggests the possibility that charge transfer at the Co/C60 interface may
affect the transport properties. The behaviour of resistance as a function of magnetic
field at different temperatures was also investigated in the Co/C60 thin films.

6.2 Effect of annealing on the magnetic properties of
Fe with C60 thin films

6.2.1 Magnetisation of Fe/C60 interfaces before and after
annealing

The samples studied had the same structure as those in the previous chapter, but the
RF-sputtered a-C was replaced by C60. The metal films were grown by sputtering
deposition, and C60 molecules were thermally sublimated in-situ in a chamber with
a base pressure of 10−8 Torr. Structures of Ta(5 nm)/Fe(t)/C60(R)/Ta(10 nm) were
grown on silicon oxide substrates, with 0.5 nm < t < 16 nm and the C60 thicknesses
(R) were fixed at 10 nm, 20 nm and 50 nm. The samples were annealed from 100 ◦C to
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200 ◦C for 2 hours in a vacuum of approximately 10−5 Torr. The Fe/C60 magnetometry
measurements were compared to those of control samples without C60. TEM measure-
ments by Wheeler show smooth interfaces in C60/Co multilayer thin films [70]. C60

layer becomes continuous and smooth when the thickness is about (10-20) nm [91].

First, the magnetic moment for all samples was measured at room temperature be-
fore annealing. The magnetic field was applied in-plane along the easy axis of the
samples, as determined by the growth field. We observed in the magnetometry mea-
surements that the magnetisation at room temperature was lower when the Fe was
coupled with C60. As the metallic layer became thicker the bulk properties dominated.
Figure 6.1a shows changes in the magnetisation after annealing at different tempera-
tures as a function of Fe thickness. The results indicate a decrease in room temperature
Ms as the annealing temperature is increased, beginning after 150 ◦C. This behaviour
may be attributed to charge transfer from Fe to the molecular C60. The characteristics
of the hybridisation depend on the contact geometry and electronic properties of the
contact metal. These can be tuned and lead to changes in the electronic structure of the
metal, just as the molecular leads to change in the density of states. The molecular or-
bitals may broaden and shift towards the Fermi level in the metallic system [83]. Figure
6.1b shows results for the control samples of Ta(5 nm)/Fe(t)/Ta(10 nm), which were
fabricated by sputter deposition without molecular C60. The control samples show less
change in the Ms as the thin films were annealed, which indicates that coupling Fe
with C60 leads to changes in magnetic moment at the Fe/C60 interface. The decrease
in magnetisation is dependent on the thickness of the Fe layer as shown in Figure 6.1c
whereas the positive changing in the magnetisation appears at the thinner thickness of
Fe . This reduction in Ms could be due to hybridisation between d and p orbitals at the
Fe/C60 interface.
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(a) (b)

(c)

Figure 6.1: Magnetisation measurements as a function of Fe thickness. (a) Ms for Ta(5
nm)/Fe(t)/C60(20 nm)/Ta(10 nm). (b) Ms for Ta(5 nm)/Fe(t)/Ta(10 nm) for different anneal-
ing temperatures. The bulk magnetisation in Fe which is about 1750 emu/cc [150, 151].
(c) Changes in Ms for Ta(5 nm)/Fe(t)/C60(20 nm)/Ta(10 nm) and control samples Ta(5
nm)/Fe(t)/Ta(10 nm) measured by SQUID magnetometer at room temperature. The samples
show dependence of the magnetisation on the Fe film thickness before and after annealing.The
uncertainty in Ms that could be due to sputtering parameters such as growth pressure or sub-
strate alignment or to variations in volume.

Figure 6.2 shows that Ms is dependent on the thickness of the Fe and C60, as the
C60 layer used is thinner (10 nm) or thicker (50 nm). The samples were measured first
at room temperature and then annealed up to 200 ◦C for 2h in a vacuum of ∼ 10−5

Torr. Measuring all structures at room temperature (black data) shows a decrease in
Ms values with increasing the C60 thickness, which indicates dependence on the C60
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thickness [83], as shown in Figures 6.1a ,6.2a and 6.2b. The same trend is observed
in the Ms in our thin films after annealing up to 200 ◦C, as shown in Figure 6.2. The
average of all structures confirmed that there is dependent on the C60 thickness (see
Figures 6.1c, 6.2c and 6.2d). This could be due to an increase in the content area of
C60 in the thin films, resulting in a smooth interface between the Fe/C60 after annealing.

(a) (b)

(c) (d)

Figure 6.2: The magnetisation of the films as a function of Fe thin film thickness at different
annealing temperatures. This shows that Ms decreases with increasing the annealing temper-
ature up to 200 ◦C. Each data point is measured at 300 K. (a) Ms for Ta(5 nm) /Fe(t)/C60(50
nm)/Ta(10 nm) (b) Ms for Ta(5 nm) /Fe(t)/C60(10 nm)/Ta(10 nm). Changes in Ms for (c)
Fe(t)/C60(50 nm) and (d) Fe(t)/C60(10 nm) with respect to control samples without a C60 layer
where ∆Ms is ( ∆Ms=Ms(Fe-C60) - Ms(Fe) ).
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6.2.2 Coercivity of Fe/C60 interfaces before and after annealing

The in-plane coercivities for the same sample structure of Ta(5)/Fe(t)/C60(20)/Ta(10)
are shown in Figure 6.3 for Fe/C60 interfaces and control samples without C60 at room
temperature before and after annealing. In Figure 6.3a and 6.3b there are significant
changes before annealing and the data shows thickness-dependent coercivity. Signifi-
cant changes were observed in thinner Fe layers of 2 and 3 nm after annealing at 150
◦C. The coercivity increases by 50%, compared to control samples, when the samples
are annealed at 150 ◦C as shown in Figure 6.3b. The results also show variation in
the coercivity behaviour after annealing the thin film at different temperatures. As the
temperature increases from 150 ◦C to 200 ◦C the Hc starts to decrease. This could be
interpreted as evidence that the iron/carbon diffuses at a specific effective annealing
temperature. Figure 6.3a also demonstrates that Hc rises with increased Fe thickness.
In comparison with the control sample in Figure 6.3b, changes in Hc are clearly ob-
served, see Figure 6.3c. Thus, altering the density of states at the Fe/C60 interface is
possible due to hybridisation between the molecular pz orbital and the 3d bands of Fe.
Changes in Hc are highly dependent on Fe thickness.
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(a) (b)

(c)

Figure 6.3: Illustrates the coercivity as a function of Fe thin film thickness at each of the
annealing temperatures, when measured at room temperature: (a) for Ta(5 nm)/Fe(t)/C60(20
nm)/Ta(10 nm) and (b) for control samples Ta(5 nm)/Fe(t)/Ta(10 nm). (c) shows changes in
Hc (∆Hc=Hc(Fe-C60) - Hc(Fe)) as a function of Fe thickness, with enhanced coercivity below 4
nm. The interface becomes less relevant as the Fe layer grows thicker until the bulk properties
of Fe dominate at 20 nm.

The same trend was observed with further increases in the thickness of the C60

layer as shown in Figure 6.4e and 6.4d, where the coercivity is enhanced when the Fe
layer thickness is less than 4 nm, then starts to drop above 4 nm until the bulk proper-
ties of Fe dominate at 20 nm. Due to to the increase in magnetic anisotropy, this kind
of behaviour in Hc after annealing was observed in the thinnest layer of Fe [28, 32].
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(a) (b)

(c) (d)

(e) (f)

Figure 6.4: Dependence of Hc on the Fe thin film thickness for different thicknesses of C60

layer: (a) for Ta(5 nm)/Fe(t)/C60(50 nm)/Ta(10 nm) and (b) control samples without C60. (c)
shows Ta(5 nm) /Fe(t)/C60(10 nm)/Ta(10 nm) and (d) control samples without C60. (e) and
(f) show ∆Hc for Fe thin film coupled with 50 nm and 10 nm of C60, respectively. It can be
seen that for all samples Hc is enhanced after annealing and these changes in Hc are clearly
dependent on the Fe thin film thickness, whereby ∆Hc is at its maximum when the Fe layer is
thinnest.
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6.3 Temperature dependent magnetisation and
coercivity

Here, the Ms and Hc of the annealed samples of Fe/C60 were measured at low tem-
peratures from 300 K to 2 K, in an in-plane applied field up to 5 kOe to ensure that
the sample was fully saturated. Figure 6.5 shows the Ms and Hc of Ta(5 nm)/Fe(1.8
nm)/C60(20 nm)/Ta(10 nm) and their control samples. The Ms(T) measurements for
these samples were taken before and after annealing them in the tube furnace for two
hours under a vacuum of 10−5 Torr. In Figure 6.5a, it can be seen that decreasing
the temperature to 2 K led to an increase in Ms. The same effect can also be clearly
observed in Hc, as indicated in Figure 6.5c. This behaviour is different from the con-
trol samples, Ta(5 nm)/Fe(1.8)/Ta(10 nm), which suggests that the effect is due to the
coupling of Fe with C60, as shown in Figures 6.5b and 6.5d. The results in Figure 6.5
show that coupling the Fe and C60 does not improve the Hc and Ms beyond 100 K.
At 90 K, a high order transition is observed where the rotational degrees of freedom
have been frozen [172, 173]. This may indicate that after 100 K there is no charge
transfer or hybridisation between 3d bands in the Fe and the carbon orbitals as a result
no enhancement in Ms and Hc as shown in Figure 6.5a and Figure 6.5c.
For each temperature, the ∆Ms and ∆Hc were extracted from the hysteresis loops and
these values are plotted in Figures 6.5e and 6.5f. This indicates that temperatures in
the region of 100 K yielded no further increase in the values of Hc and Ms.
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(a) (b)

(c) (d)

(e) (f)

Figure 6.5: Ms versus T curves for (a) Ta(5 nm)/Fe(1.8 nm)/C60(20 nm)/Ta(10 nm) and (b)
Ta(5 nm)/Fe(1.8 nm)/Ta(10 nm). Hc versus T curves for (c) Ta(5 nm)/Fe(1.8 nm)/C60(20 nm)
and for (d) Ta(5 nm)/Fe (1.8 nm)/Ta(10 nm). (e) Magnetisation change (∆Ms) and (f) coercivity
change (∆Hc), as a function of measuring temperature. The samples show the dependence of
magnetisation and coercivity on the temperature. The results show that the largest increases in
magnetisation and coercivity are obtained in the low temperature region (2 K).
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The data were fitted using Blochs T3/2 law, which describes the temperature depen-
dence of magnetisation of magnetic materials [174]. The magnetisation as a function
of temperature is given by

M (T ) = M0

[
1−
(

T
Tc

) 3
2
]β

, (6.1)

where M0 is the spontaneous magnetisation at absolute zero, Tc is the Curie tem-
perature and β is a critical exponent. From Equation 6.1 we can use a modified version
of Blochs law to take into account the anisotropy and behaviour close to Tc , as seen in
Figure 6.6. After annealing, fitting to Blochs law for Fe(1.8 nm)/Ta(10 nm) shows the
value of Tc to be 1000±40 K, which is close to the bulk value of Fe (1043 K) [174]
whereas Fe(1.8 nm)/C60(20 nm)/Ta(10 nm) shows 1400±100 K , which is higher than
the bulk value of Fe . The observed Curie temperature in Fe/C60 that could be owing
an exchange interaction between Fe and C60. Another possibility for increasing Tc in
the Fe/C60 system after annealing is the formation of domains. In order to confirm
this new results, it is not possible to anneal C60 above 300 K. Using RF-sputtered a-C
could be useful to explore this changing in Tc in Fe/RF-sputtered a-C system.
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6.3 Temperature dependent magnetisation and coercivity

Figure 6.6: Magnetisation versus temperature for Fe(1.8 nm)/C60(20 nm)/Ta(10 nm) film after
annealing at 150 ◦C . The red line is a fit using the Bloch T3/2 law and this gives the value of
Curie temperature 1400±100 K which is higher than the bulk value of Fe (1043 K). Here β =
0.5 where the best fitting is obtained.
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6.3 Temperature dependent magnetisation and coercivity

Similar measurements were done for the same sample structure but with a thicker
Fe layer of 5 nm (Figure 6.7). These measurements support the previous results, where
Hc increases gradually as the temperature decreases in iron layers coupled with C60,
but no change is observed in the control sample. Also, the Ms showed 250 emu/cc
difference between the molecular coupled and the un-coupled sample when annealed
at 200 ◦C.

(a) (b)

Figure 6.7: (a) Ms and (b) Hc as a function of temperature for un-annealed and annealed
samples, as indicated in the inset, for structures of Ta(5 nm)/Fe(5)/C60(20 nm)/Ta(10 nm) and
the control sample, which was annealed at 200 ◦C only. The data shows the effect of annealing
on Ms and Hc with 5 nm thick Fe.

Next we looked at thinner C60 films of 10 nm instead of 20 nm, as shown in Figure
6.8. The samples were annealed at 150 ◦C for 2h in a vacuum about 10−5 Torr. The
Hc(T) curve clearly shows a compensation point around 100 K and the Hc also depends
on the thickness of the Fe layer. A high order transition is observed at 90 K, where the
rotational degrees of freedom have been frozen at 90 K [172, 173].
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6.3 Temperature dependent magnetisation and coercivity

(a) (b)

(c) (d)

(e) (f)

Figure 6.8: The temperature dependence for different structures of Ta(5 nm)/Fe(t)/C60(10
nm)/Ta(10 nm) where t is 3 nm and 10 nm (a) Ms (b) Hc for 3 nm Fe layer and (c) Ms (d)
Hc for 10 nm Fe layer. Control samples without C60 for each sample are plotted in the same
graph. The data for the samples shows that increasing the Fe film thickness leads to a cor-
responding reduction in ∆Ms, see Figure (e). However, ∆Hc increases in the low temperature
region of about 450 Oe and 100 Oe, for 3 nm and 10 nm of Fe, and depends on the thickness
of the Fe thin film, as presented in (f). Here, the samples annealed at 150 ◦C for 2 hours in a
vacuum ∼ 10−5 Torr.
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6.3 Temperature dependent magnetisation and coercivity

The Ms and Hc were then observed, this time keeping the Fe layer constant while
varying the thickness of the C60 layer without annealing.
Figure 6.9 shows how the magnetic behaviour is dependent on temperature. The co-
ercive field was obtained from the hysteresis loops indicate increases in Hc as temper-
atures were lowered. The C60 layers were varied at 20 nm, 30 nm and 50 nm, and
similar behaviour was observed at all thicknesses. The Hc(T) curve clearly shows that
the thickness of the C60 may contribute to changes in the amounts of charge transfer
and anisotropy. The hybridisation effect between the π carbon orbital and 3d metals
band could play a significant role in altering the magnetic properties in interfacial cou-
pling [28].
Low temperature results obtained from SQUID-VSM of an Fe/C60 hybrid structure
show a thickness dependence for both the metallic and molecular layer. The temper-
ature dependent coercivity reveal repression above 100 K, where Hc starts to reach a
minimum. The maximum values for Hc observed at 2 K and this may indicate a change
in the magnetic behaviour of Fe/C60 at low temperature.

(a) (b)

Figure 6.9: The temperature dependence of (a) coercivity and (b) ∆Hc for un-annealed samples
of Ta(3 nm)/Fe(5)/C60(t nm)/Al(10 nm), where t is 20 nm, 30 nm and 50 nm. Results show that
coercivity increases as temperature is lowered.
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6.4 Co/C60 interfaces

6.4 Co/C60 interfaces

6.4.1 Magnetometry of Co/C60 bilayers

In this section, we focus on the transition metal Co and its interface with C60. First we
measured the samples with the structure Ta(3 nm)/Co(t)/Ta(10 nm), where (t) varied
from 2 nm to 15 nm. The purpose of using a wide range of Co thicknesses is to check
the presence of a magnetically-inactive layer (dead layer) by linear extrapolation of
the magnetic moment over area versus thickness. This dead layer exists at the Co/Ta
interface and is about 1 nm thick with a small error as indicated in Figure 6.10.

Figure 6.10: The linear extrapolation of magnetic moment as a function of Co thickness indi-
cates that there is a dead layer of ∼ 1 nm thick.

In order to explore the influence of coupling Co with C60, different thicknesses of
Al cap layer were used: 2 nm, 5 nm, and 10 nm. This is because the aluminium cap
plays a key role in preventing oxidation of the sample, giving a clean interface between
the Co and C60. The influence of coupling and the capping layer thickness was stud-
ied by measuring the hysteresis loops at 5 K after cooling in a high field of 70 kOe.
Co(3 nm) with C60(35 nm) samples show an increase in the coercive field when the
thickness of the Al cap is increased as demonstrated in Figure 6.11a.The changes in
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6.4 Co/C60 interfaces

Hc observed in Figure 6.11a could be because of having a pristine interface when Al is
thick enough, as oxygen would not penetrate and hence would not affect the coupling
between the Co and C60 when the thickness of the Al cap is much thinner. This in-
crease also in Hc could be attributed to pinning and antiferromagnetic interactions that
indicate the transfer of charge from the Al cap to the Co/C60 system, since when two
materials of different chemical potentials come into contact then charge transfer takes
place [70, 90, 175]. Another possibility is that the increase in Hc points to a complex
system of a hard and a soft layer, each with a different coercive field: a so-called ex-
change spring [176–178]. This phenomenon has been observed in many systems, for
example SmCo/Fe [177]. Within the region the spin is hard to saturate and a pinning
effect takes place whereby the point in the soft layer flows into the applied magnetic
field; however, when it moves toward the interfaces the pinning become stronger [179].
Thus, the Co/C60 become harder to saturate in this region.
A control sample without C60 with the structure of Ta(4 nm)/Co(3 nm)/Al(10 nm) was
measured in the same conditions and cooled in a 70 kOe magnetic field from room
temperature and measured at 5 K, as shown in Figure 6.11b. As expected, no change
in Hc was observed in the control sample, which indicates that the effect in Figure
6.11a appears due to coupling the Co with C60.

129



6.4 Co/C60 interfaces

(a) (b)

Figure 6.11: Magnetisation vs magnetic field (a) for a structure of Ta(4 nm)/Co(3 nm)/C60(35
nm)/Al(t), where (t) is 2 nm, 5 nm and 10 nm, cooled in a field of 70 kOe and measured at 5 K.
(b) Control sample of Ta(4 nm)/Co(3 nm)/Al(10 nm) measured at 5 K. The samples show that
coercivity rises as the Al thickness is increased after cooling the Co/C60 at high field, whereas
the Hc did not change in the control sample.

We have also demonstrated the effect of temperature on a bilayer system of Co/C60

after warming the samples up to 350 K. Hysteresis loops of the Ta(3 nm)/Co(6 nm)/C60

(35 nm)/Al(5 nm) sample were measured at different temperatures. First, the sample
was heated to 350 K under a pressure of 4 mTorr in a He atmosphere in a magnetometry
device (SQUID-VSM) with a magnetic field of 70 kOe. The sample was then cooled
down to 2 K under a high field (70 kOe) and the hysteresis loops for each temperature
were recorded, see Figure 6.12a. The Ms and Hc were extracted from the hysteresis
loops and plotted as a function of temperature as shown in Figure 6.12b and 6.12c.
Both Ms and Hc show an increase at 2 K. The coercivity appears at 2 K about 2 kOe
after cooling down to 2 K under a high field (70 kOe). Annealing the Co/C60 sample
could lead to a change in its crystallinity and morphology. From these results it ap-
pears that the coercive field of the Co/C60 bilayer sample is enhanced by compressing
the control samples as illustrated in Figure 6.12b, and the Ms is also increased, see
Figure 6.11a. This enhancement in the Hc of Co/C60 may be related to an antiferro-
magnetic coupling at the Co/C60 interface which takes place between the Co and the
first layer of C60 [70]. Another possibility for this enhancement in Hc is the formation
of pinned domains [180–182]. Due to disorder in the Co/C60 system, applying a high
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6.4 Co/C60 interfaces

field during the cooling process leads to alignment of the frustrated states where Co has
hybridised with C60. The magnetic anisotropy can be enhanced by coupling Co/C60 as
reported in research on graphene/Co thin films [183].
The application of a large reversal field is then required to flip these magnetic domains.
To ensure that the effect is due to Co/C60 coupling and not to intrinsic Co behaviour, a
control sample with the same structure but without the C60 layer was measured under
the same conditions, see Figure 6.12. The Hc of the control sample showed no change
with temperature, which provides clear evidence of the role of Co/C60 coupling. The
Ms of bulk Co has been found to be approximately 1400 emu/cc [184].
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6.4 Co/C60 interfaces

(a)

(b) (c)

Figure 6.12: The field-cooled data for a structure of Ta(3 nm)/Co(6 nm)/C60(35 nm)/Al(5 nm)
and a control sample of Ta(3 nm)/Co(3 nm)/Ta(10 nm) measured at different temperatures using
SQUID-VSM. (a) The hysteresis loops for a structure of Ta(3 nm)/Co(6 nm)/C60(35 nm)/Al(5
nm) measured at different temperatures. The temperature dependence of (b) the Ms and (c)
the Hc, where we observed an increase in Ms(T) and Hc(T) in the low temperature region.
The Hc(T) in a control sample (red curve) indicates no change with temperature. Each data
point presented in the Ms(T) and Hc(T) curves was extracted from the hysteresis loops at each
temperature. The hysteresis loops at different temperatures were taken along the easy axis after
cooling in 70 kOe.
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6.4 Co/C60 interfaces

Here we compare C60 coupling between Co and Fe. Equivalent multilayers were
studied with Co and Fe, with the structure of Ta(4 nm)/Co(3 nm)/C60(35 nm)/Al(8
nm) and Ta(5 nm)/Fe(2 nm)/C60(20 nm)/Ta(10 nm) respectively. The samples were
warmed up to 359 K, then both systems were measured at 3 K after being field-cooled
in a magnetic field of 70 kOe. The magnetic field was applied in-plane along the easy
axis of the thin film. In the Fe/C60 system, the results indicated changes in Hc rising to
1400 Oe at 3 K, whereas the Co/C60 showed a massive increase in Hc when a positive
field was applied. Hc

+ is 3300 Oe, whereas in a negative applied field Hc
− is about

-11400 Oe and the approximate value for the exchange bias (Hex) is about -4100 Oe,
as seen in Figures 6.13b and 6.13d. These results are evidence that the coupling of
Co/C60 is stronger than that of Fe/C60. This could suggest that the charge transfer and
hybridisation is greater at Co/C60 interfaces than at Fe/C60 interfaces. Co also shows
large exchange bias when coupled with the C60 [185]. The magnetic hardening effect
could take place [8, 186] in our Co/C60 thin films where C60 can contribute to making
our Co/C60 thin film a hard system, owing to the exchange bias effect at the interface
where there is a shift in the hysteresis loop of the FM [186].
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(a) (b)

(c) (d)

Figure 6.13: Magnetisation versus applied field curves for thin films of Ta(5 nm)/Fe(2
nm)/C60(20 nm)/Ta(10 nm) (red curves) and Ta(4 nm)/Co(3 nm)/C60(35 nm)/Al(8 nm) (blue
curves) measured after heating to 395 K (a) and (c), and then cooling to 3 K (b) and (d).
Measuring at 3 K shows a rise in Hc and is the largest effect observed in the Co/C60 system.
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6.4 Co/C60 interfaces

To investigate the impact of annealing, the bilayer Co/C60 sample was annealed at
200 ◦C for 2 h in a vacuum of ∼ 10−5 Torr. The annealed sample was cooled down in
SQUID under a magnetic field of (70 kOe) and measured at 5 K, then the system was
heated to 300 K and measured at that temperature, as shown in Figure 6.14. The an-
nealed sample shows a ∼ 4 times increase in Hc than that observed in the un-annealed
sample. For the annealed sample, the coercive field when a positive field is applied
(Hc

+) is 7300 Oe, whereas with a negative field, the Hc
− is about -15500 Oe and the

approximate value for the Hex is about -4100 Oe. The un-annealed sample shows the
coercive field Hc

+ = 4500 Oe when a positive field is applied, whereas with a nega-
tive field Hc

− = -9200 Oe with the approximate value for the Hex = -2400 Oe. This
indicates that annealing the Co/C60 leads to an increase in magnetic anisotropy and
molecular coupling. This could originate from a decrease in the grain size of C60 that
increases the density of the C60 film and the surface coupling to Co atoms [187]. There
is therefore also the possibility of increasing the Co contact in the film as well as the
magnetic anisotropy [188].

(a) (b)

Figure 6.14: Ms dependence of the magnetic field of (a) Ta(4 nm)/Co(3 nm)/C60(35 nm)/Al(10
nm) as-deposited (blue curve) and after annealing at 200 ◦C (red curve) where it was measured
at 5 K and (b) the annealed sample measured at 300 K after warming the system to room tem-
perature shows quenching of the effect observed in (a). The hysteresis loops for both annealed
and as-deposited samples become broader after being cooled to a low temperature (5 K) under
a magnetic field of (70 kOe).
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6.4 Co/C60 interfaces

6.4.2 Transport measurements of Co/C60 thin films

Anisotropic magnetoresistance (AMR) is a change in electrical resistance when a fer-
romagnetic thin film is subjected to an applied magnetic field due to spin orbital cou-
pling [189]. AMR can indicate a strong spin orbital coupling (SOC) at an interface, as
reported in [190]. Transport properties in the Co/C60 system were investigated. In this
section, the behaviour of resistance as a function of magnetic fields was observed at
different temperatures. The studied sample is a bilayer Co/C60 film with the structure
Ta(4 nm)/Co(3 nm)/C60(35 nm)/Al(10 nm). Figure 6.15 shows the field dependence of
the resistance in the studied sample. The longitudinal MR for Co(3 nm)/C60(35 nm) at
each temperature was measured twice (first field sweep and second field sweep). The
MR was measured at different temperatures of 5 K, 50 K and 100 K as presented in
Figure 6.15. The MR at 100 K shows no change in resistence between the different
sweeps ,whereas the MR at 50 K shows a change in resistance between the different
sweeps that is due to temperature drift. At 5 K, the longitudinal MR exhibits a strong
field dependence (first sweep) which is consistent with the magnetometry measure-
ment (see Figure 6.11a for the sample with 10 nm of Al cap). In the first magnetic
field sweep, formation of domain pinning [180–182] leads to incompletely aligned Co
spins in the negative magnetic field region between 0 kOe and -20 kOe [185, 191]. The
imperfect alignment of the Co layer to the magnetic field could reduce scattering in the
cross-section of orbitals due to Co resistance (R) [185]. The second sweep could be
indicate different switch mechanism after the first sweep. The data obtained in Fig-
ure 6.15 show the temperature dependence of the MR which is progressively reduced
when the temperature reaches 100 K.
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(a) (b)

(c) (d)

Figure 6.15: Field-dependent raw resistance for a sample with the structure Ta(4 nm)/Co(3
nm)/C60(35 nm)/Al(10 nm) measured at different temperatures: (a) 100 K, (b) 50 K, (c) 5 K,
where the sample was cooled under a magnetic field (30 kOe) from 150 K to 5 K and (d) 5 K,
where the sample was cooled under a magnetic field (30 kOe) from room temperature to 5 K.
The data also shows the temperature dependence in the first and second magnetic field sweep.
The illustrated AMR obtained at 5 K and 50 K during the first magnetic field sweep showed
a significant shift, whereas the second magnetic field sweep showed saturation behaviours for
both temperatures. All measurements were taken after field-cooling (FC) with +30 kOe.

To confirm that the magnetic state is affected by the way the sample is cooled down,
we measured the same sample but under different cooling conditions as presented in
Figure 6.16. First, in Figure 6.16a, the sample was cooled from 300 K to 5 K with-
out applying any magnetic field. Then, the resistance as a function of magnetic field
was measured at 5 K. The curve showed a symmetric loop as observed before (Figure
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6.15a). Second, a negative magnetic field of -30 kOe was applied to the sample at
300 K, then the sample was cooled down with this field to 5 K, and a resistance curve
was recorded as a function of the magnetic field (Figure 6.16b). The same steps were
followed to obtain the results in Figure 6.16d, but a positive field was applied while
cooling the sample. Two sweeps were run for each measurement. The first sweeps MR
in each measurement, for both negative and positive applied fields, give clear evidence
that is due to the magnetisation reversal without the formation of a domain wall, as
shown in Figures 6.16b and 6.16d. The direction of the magnetic field shows a strong
effect on the AMR, as reported in a Co/MOEP system [185]. However, different rever-
sal mechanism after the first sweep, which could be due to the physical realignment of
the molecules as illustrated in Figure 6.16c and 6.16e.
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(a)

(b) (c)

(d) (e)

Figure 6.16: Magnetic field dependence of the resistance at 5 K but with different cooling con-
ditions for Ta(4 nm)/Co(3 nm)/C60(35 nm)/Al(10 nm). (a) Sample cooled from 300 K without
any applied field and measured at 5 K. In (b) and (c) a negative field of 30 kOe was applied
while cooling down. (d) and (e) show the sample cooled down with a positive field of 30 kOe.
The magnetic field was aligned parallel to the thin film plane and the current.
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6.5 Conclusion

In this chapter, we have looked at the effects on the magnetic properties of thin films
when coupling C60 with two transition metals, Fe and Co. First, Fe/C60 interfaces
were studied in bilayer systems embedded between two Ta layers. The magnetic prop-
erties of these samples were measured and compared with control samples without the
C60 layer. Our findings show changes in both Ms and Hc when the metallic layer is
coupled with C60. This could give an indication of hybridised states between Fe and
C60 that confirm a charge transfer from the ferromagnetic layer into the molecular C60

film. Further study of the magnetic properties was carried out by annealing the sam-
ples at different temperatures, resulting in a further reduction of the magnetic moment
of Fe/C60 interfaces and an enhancement in Hc. low temperature magnetometry mea-
surements of Fe/C60 thin films suggest that it is not possible to improve the coupling
of Fe and C60 beyond 100 K.

Second, the coupling between C60 and Co was studied with Al as a cap layer.
Co/C60 samples showed a massive increase in Hc when the sample was cooled down
to 5 K under a high field of 70 kOe , which was not observed in the control sample
without C60. This could be the result of an antiferromagnetic coupling between Co and
the first C60 layer and/or the formation of an exchange spring magnet at the interface.
To exclude any effect due to oxidation related to the Al cap, different thicknesses of
Al cap were deposited on the top of Co/C60 bilayer and a thickness-dependent coer-
civity was demonstrated. The maximum coercive value appears for the thicker 10 nm
Al cap, which may suggest that the Al cap contributes to charge transfer to the C60

layer, changing the coupling with the ferromagnet or that 10 nm are needed to com-
pletely avoid oxidation. Also, magnetometry measurements were performed on Ta(4
nm)/Co(3 nm)/C60(35 nm)/Al(10 nm) after annealing at 200 ◦C for 2h in a vacuum of
10−5 Torr. A large exchange bias existed of ∼ - 4100 Oe compared to 2 kOe without
annealing after cooling the sample up to 5 K with a field of 70 kOe . This increase
in Hc could be the result of good crystallinity in the thin film after annealing. The
enhancement in coercive field in the Co/C60 system before and after annealing opens
the door to the potential for replacing rare earth permanent magnets. Besides magne-
tometry, AMR transport measurements of the same sample structure were observed at
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different temperatures in fields of up to 30 kOe , in a direction parallel to the current.
The findings show a strong AMR-dependent field at a low temperature of 5 K, which is
in agreement with the data obtained by SQUID magnetometry. Our research findings
also demonstrate manipulation of the AMR due to changes in the magnetisation rever-
sal processes, which is dependent on the field applied during the cooling process [185].
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CHAPTER 7

Conclusion and future work
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This research explores the interactions between nanocarbon and/or molecules and 3d
transition metals, and whether these significantly affect the magnetic structure through
spin-dependent hybridisation effects.

We optimised the growth of RF-sputtered amorphous carbon (a-C) thin films by
RF magnetron sputtering from a graphite target. Our RF-sputtered a-C showed a sur-
face roughness of about 5.5±0.1 Å, which is in agreement with previous research [56].
In order to acquire a fuller understanding and characterisation of RF-sputtered a-C,
we looked at the effect of growing it on a Si/SiO2 substrate and then annealing it at
temperatures of up to 400 ◦C. Raman spectroscopy measurements indicated the type
of carbon that was present before and after annealing process, as described by Ferrari
and Robertson [124], which can be defined within a three stage model as illustrated in
Chapter 3. Raman spectra showed that the structure of the RF-sputtered carbon films
was amorphous in the as-deposited films, however, annealing the films changed the
structure to nanocrystalline graphite.

The structural and magnetic properties of Fe/RF-sputtered a-C were studied exten-
sively before and after annealing using Raman spectroscopy, TEM, Kerr microscopy
and SQUID-VSM. Our magnetometry results for as-deposited samples show that the
saturation magnetisation (Ms) and coercivity (Hc), were dependent on the thickness of
the metallic layer. When the metallic layer was > 10 nm, the bulk properties domi-
nated and the interfacial effect between Fe and RF-sputtered a-C was quenched. At
thicknesses of under 10 nm, changes in the magnetic properties were observed. These
changes could be influenced by charge transfer and hybridisation at the interface be-
tween RF-sputtered a-C and the 3d band of Fe. These magnetic properties of Fe/RF-
sputtered a-C were altered when the films annealed at different temperatures. Anneal-
ing Fe/RF-sputtered a-C at 500 ◦C showed a significant change in the coercivity and
magnetisation with a maximum change of 600 Oe and 1300 emu/cc respectively, which
means that it is possible to make Fe/RF-sputtered a-C harder by annealing. Decoupling
the interface using copper quenches the change in magnetic properties. The magnetic
energy product of the Fe/RF-sputtered a-C was approximately 53 kJ/m3 for 5 nm of
RF-sputtered a-C grown on top of a 10 nm Fe layer, similar to that of Alnico and fer-
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Experiments with trilayer and multilayer samples of Fe/RF-sputtered a-C systems
revealed the possibility of making the system softer with a coercivity about 10 Oe
before annealing. After annealing, trilayer samples of Fe/RF-sputtered a-C and multi-
layer samples showed increases in coercivity up to 700 Oe and decreases in magneti-
sation up to 200 emu/cc that indicate inter-diffusion at the interfaces.
Raman spectroscopy showed that RF-sputtered a-C layer changes from amorphous
carbon into nanocrystalline graphite upon annealing at 500-550 ◦C and that the orbital
hybridisation changes from 20% sp3 to 0% sp3. Changes in magnetic the domain size
were observed after annealing using Kerr microscopy. The results illustrate changes in
the Hc where the magnetic images show evidence of the large increase in the density
of pinning points in Fe/RF-sputtered a-C after annealing which we attribute to carbon
diffusion in grain boundaries and/or the formation of carbides.

This research also investigated the effect of the hybrid interface on the magnetic
properties of RF-sputtered a-C coupled with FexN(1−x). Iron nitride films were de-
posited with various percentages of N2 by magnetron sputtering. The magnetic prop-
erties were studied before and after annealing for N2/Ar fractions of 10% and 15%.
Room temperature magnetometry data revealed small changes in the saturation mag-
netisation and coercivity after annealing. The maximum changes in Hc were achieved
after annealing at 500 ◦C when the value of (BH)max obtained for FexN(1−x)/RF-
sputtered a-C grown with 10% nitrogen was 9 kJ/m3. This value is small compared to
the interface between pure Fe and RF-sputtered a-C becuse the nitrogen in FexN(1−x)/
RF-sputtered a-C system quenched the hybridisation between Fe and RF-sputtered a-
C. Similar to Fe/RF- sputtered a-C films, the Raman spectra of FexN(1−x)/RF-sputtered
a-C for as-deposited and annealed samples showed a shift in the G peak to higher fre-
quencies and the ratio of I(D)/I(G) increased when annealed at a higher temperature at
550 ◦C indicating a change to nanocrystalline graphite.

The coupling of C60 interfaces with Fe and Co was also studied in this research.
Magnetometry results showed a change in the saturation magnetisation and coercivity
before and after annealing when Fe was coupled with C60 from 90 Oe to 200 Oe. The
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enhancement in Hc was less as that achieved in the Fe/RF-sputtered a-C, indicating less
diffusion of carbon in the Fe/C60 system. The data also showed the thickness depen-
dence of saturation magnetisation and coercivity. At low temperature measurements in
SQUID, the Ms and Hc data show no improvement in the coupling between C60 and Fe
beyond 100 K. The magnetometry results of Co/C60 hybrid structures showed an in-
crease in Hc after cooling under a high field (70 kOe), both before and after annealing,
and this increase was found to be dependent on the Al cap thickness. With a 10 nm Al
cap, a large increase in Hc was observed after annealing. This may have been due to
good C60 coverage of the Co film after annealing at 200 ◦C for 2 hours in a vacuum
(10−5 Torr).

Low transport measurements corroborated the data obtained by magnetometry where
Co/C60 thin films cooled down to 5 K in a high field (70 kOe) show a change in AMR
after the first magnetic field sweep. In the first magnetic field sweep no AMR peak
observed near zero field. This is due to the formation of domain pinning and incom-
pletely aligned Co spins [180–182, 185]. To clarify the hybrid interfacial interaction
between Co and C60 layers, the second magnetic field sweep was measured to demon-
strate a different reversal mechanism, which may be due to the physical realignment of
the C60. In the second magnetic field sweep AMR peaks appear for both forward and
backward sweeps. This also indicates the observation result in the first magnetic field
sweep due to an exchange spring effect [176–178]. Our transport measurement finding
show a strong AMR-dependent field at a low temperature of 5 K, which is in agreement
with the data obtained via magnetometry where the large coercivity observed.

In conclusion, the magnetic interfacial effects between 3d transition metals and
nanocarbon were investigated in this research. Annealing was found to alter the mag-
netic properties, leading to the possibility for creating free-RE element based perma-
nent magnetic materials and ultra-soft single element magnets and a tunability of these
properties through heat treatments. This could be important for applications requiring
excellent combinations of high maximum energy product (BH)max and coercivity.

It is possible that future research may be able to tune the magnetic properties of
FM/nanocarbon and FM/molecular interfaces and that observing the reaction times of
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annealing Fe/RF-sputtered a-C could lead to further increases in the coercivity. We
could also explore the domain structure and domain wall speed in Fe/RF-sputtered a-C
samples as a function of temperature using variable temperature at high field Kerr mi-
croscopy. Another possible way of enhancing the magnetic properties of FexN(1−x)/RF-
sputtered a-C is to deposit samples with a high substrate temperature in order to in-
crease coercivity and hence obtain high maximum energy products. Controlling the
substrates’ temperature could also help to improve the quality of the thin films and pro-
vide better control on the growth process. Alternative substrate materials and tempera-
tures can be optimised in order to study their influence on the magnetic properties and
structure of thin films [192]. Changes in magnetic properties of Co/C60 resulting from
modifications in the thickness of the Co could lead to the further study of magnetic
properties such as coercivity enhancement by annealing. Consequently, it would be
interesting to note the extent to which C60 changes this feature. Co/C60 trilayers could
also be studied to explore the effects of annealing on the magnetic properties. Trans-
port measurements could be carried out at low temperatures with varying the thickness
of the metallic layer. Using another molecules can be also used to investigate the mag-
netic properties before and after annealing. Further, ferromagnetic resonance (FMR)
could be carried out investigating the temperature dependent FMR properties such as
effective magnetisation (Me f f ) for Fe/RF-sputtered amorphous carbon and Co/C60.
Systematic study using XRD and XRR for Co/C60, Fe/C60, Fe/RF-sputtered a-C and
FexN(1−x)/RF-sputtered a-C could be also help to provide an explanation as to what is
happening to the structure before and after annealing.
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A. Csik, A. Liebig, G. Beddies, M. Albrecht, et al., “Grain boundary diffusion
induced reaction layer formation in fe/pt thin films,” Applied Physics A, vol. 115,
no. 1, pp. 203–211, 2014. 83

[158] R. Brajpuriya, S. Tripathi, A. Sharma, S. Chaudhari, D. Phase, A. Gupta,
T. Shripathi, W. Leitenberger, U. Pietsch, and N. Laxmi, “Temperature depen-
dent energy-dispersive x-ray diffraction and magnetic study of fe/al interface,”
Applied surface science, vol. 253, no. 21, pp. 8584–8587, 2007. 86

[159] J. Coey, “The magnetization of bulk α fe 16 n 2,” Journal of Applied Physics,
vol. 76, no. 10, pp. 6632–6636, 1994. 92

[160] K. H. Jack, “The iron-nitrogen system: the preparation and the crystal structures
of nitrogen-austenite (γ) and nitrogen-martensite (α’),” Proc. R. Soc. Lond. A,
vol. 208, no. 1093, pp. 200–215, 1951. 92

[161] H. Jacobs, A. Leineweber, and W. A. Kockelmann, “Order-disorder-phenomena
in the ε-phase of the system fe/n,” in Materials Science Forum, vol. 325,
pp. 117–124, Trans Tech Publ, 2000. 92

[162] G.-K. Li, Y. Liu, R.-B. Zhao, J.-J. Shen, S. Wang, P.-J. Shan, C.-M. Zhen, and
D.-L. Hou, “Crystallographic phases and magnetic properties of iron nitride
films,” Thin Solid Films, vol. 589, pp. 22–26, 2015. 92, 93, 96, 102, 106

163



REFERENCES

[163] Z. Tao, X. Cui, R. Zhang, X. Xiu, Z. Xie, and Y. Zheng, “Ferromagnetic fe3n
films grown on gan (0 0 0 2) substrates by mocvd,” Journal of Crystal Growth,
vol. 312, no. 9, pp. 1525–1528, 2010. 92, 102

[164] J. Coey and P. Smith, “Magnetic nitrides,” Journal of magnetism and magnetic

materials, vol. 200, no. 1-3, pp. 405–424, 1999. 92, 102

[165] Y. Zhang, Y. Xie, Y. Zhou, X. Wang, and K. Pan, “Well dispersed fe 2 n nanopar-
ticles on surface of nitrogen-doped reduced graphite oxide for highly efficient
electrochemical hydrogen evolution,” Journal of Materials Research, vol. 32,
no. 9, pp. 1770–1776, 2017. 94, 95

[166] W. Zhong, B. Tay, S. Lau, X. Sun, S. Li, and C. Sun, “Structural and magnetic
properties of iron-nitride thin films deposited using a filtered cathodic vacuum
arc,” Thin Solid Films, vol. 478, no. 1-2, pp. 61–66, 2005. 99

[167] V. H. Babu, J. Rajeswari, S. Venkatesh, and G. Markandeyulu, “Effect of thick-
ness on structural and magnetic properties in nanocrystalline fe–n thin films,”
Journal of Magnetism and Magnetic Materials, vol. 339, pp. 1–5, 2013. 100,
102

[168] G. Cui, X. Wei, E. A. Olevsky, R. M. German, and J. Chen, “Preparation of high
performance bulk fe–n alloy by spark plasma sintering,” Materials & Design,
vol. 90, pp. 115–121, 2016. 105

[169] H. Naganuma, R. Nakatani, Y. Endo, Y. Kawamura, and M. Yamamoto, “Mag-
netic and electrical properties of iron nitride films containing both amorphous
matrices and nanocrystalline grains,” Science and Technology of Advanced Ma-

terials, vol. 5, no. 1-2, p. 101, 2004. 107

[170] C.-W. Tsai, M.-H. Tu, C.-J. Chen, T.-F. Hung, R.-S. Liu, W.-R. Liu, M.-Y. Lo,
Y.-M. Peng, L. Zhang, J. Zhang, et al., “Nitrogen-doped graphene nanosheet-
supported non-precious iron nitride nanoparticles as an efficient electrocatalyst
for oxygen reduction,” Rsc Advances, vol. 1, no. 7, pp. 1349–1357, 2011. 108

[171] T. L. A. Tran, “Spintronics using c 60 fullerenes: Interface and devices,” PhD

thesis, 2013. 114

164



REFERENCES

[172] M. Cadek, O. Vostrowsky, and A. Hirsch, “Carbon, 7. fullerenes and carbon
nanomaterials,” Ullmann’s Encyclopedia of Industrial Chemistry, 2000. 121,
125

[173] W. David, R. Ibberson, T. Dennis, J. Hare, and K. Prassides, “Structural phase
transitions in the fullerene c 60,” EPL (Europhysics Letters), vol. 18, no. 3,
p. 219, 1992. 121, 125

[174] C. Kittel, P. McEuen, and P. McEuen, Introduction to solid state physics, vol. 8.
Wiley New York, 1976. 123

[175] M. Gruber, F. Ibrahim, S. Boukari, H. Isshiki, L. Joly, M. Peter, M. Stud-
niarek, V. Da Costa, H. Jabbar, V. Davesne, et al., “Exchange bias and room-
temperature magnetic order in molecular layers,” Nature materials, vol. 14,
no. 10, p. 981, 2015. 129

[176] J. S. Jiang, S. Bader, H. Kaper, G. Leaf, R. D. Shull, A. J. Shapiro, V. Gor-
nakov, V. I. Nikitenko, C. Platt, A. Berkowitz, et al., “Rotational hysteresis
of exchange-spring magnets,” Journal of Physics D: Applied Physics, vol. 35,
no. 19, p. 2339, 2002. 129, 145

[177] E. E. Fullerton, J. Jiang, and S. Bader, “Hard/soft magnetic heterostructures:
model exchange-spring magnets,” Journal of Magnetism and Magnetic Materi-

als, vol. 200, no. 1-3, pp. 392–404, 1999. 129, 145

[178] A. Bill and H. Braun, “Magnetic properties of exchange springs,” Journal of

magnetism and magnetic materials, vol. 272, pp. 1266–1267, 2004. 129, 145

[179] G. Stenning, G. Bowden, P. de Groot, G. van der Laan, A. Figueroa, P. Bencok,
P. Steadman, and T. Hesjedal, “Exchange spring switching in er-doped dyfe
2/yfe 2 magnetic thin films,” Physical Review B, vol. 92, no. 10, p. 104404,
2015. 129

[180] U. Nowak, K.-D. Usadel, J. Keller, P. Miltényi, B. Beschoten, and
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