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Abstract

The Selective Laser Melting(SLM) process generates large thermal gradients during
rapid melting, and during solidification certain nickel superalloys suffer from thermally

induced micro-cracking which cannot be eliminated by process optimisation.

This investigation sought to investigate and understand the root cause of microracking
in nickel superalloys when processed by SLM, with the aim of ultimately being able to

predict the crack susceptibility of an alloy from composition alone.

Microstructural analysis as well as implementation ofRapid Solidification Processing
(RSB theory and solute redistribution theory was used to establis SLM as a rapid
solidification process.As a consequence, secondary dendrite arm formation and solute
redistribution is largely inhibited, resulting in a bulk material which is near to a super

saturated solid solution.

The establishment d SLM as an RSP alg with morphological and chemical analysis of
micro-cracks supportElevated Temperature Solid Sate (ETSS) cracking as the primary

cracking mechanism in SLM processl nickel superalloys.

The crack susceptibility of a nickel superalloy? tvas defined as the ratio between the
solid solution strengthening contribution from alloying elementsand apparent thermal

stressgenerated by the process.

Minor increases inthe wt% of solid solution strengthening elementsn Hastelloy X, aigh
cracksusceptibility alloy, resulted in average eductions of crack density of 650. Thereby
supporting solid solution strength as a key factor in the crack susceptibility of a nickel

superalloy. The addition of the apparent thermal stress component, further symorted



the crack susceptibility model, with the modified Hastelloy X being predicted to have

lower crack susceptibility.

Additional validation of the crack susceptibility predictor was determined by taking
compositions and material properties from publidied SLM investigations and calculating
the crack susceptibility of the respective alloy. The results were found to be in good

agreement with the reported observations.
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1 Introduction

1.1 Problem statement

Additive Manufacturing (AM) is a method of manufacturing by means of successive
layering of processed material to achieve a-8imensional part. The extended design
freedom and low material waste itallows has resulted it in being one of the fastest

growing industries in the world.

Although polymer based systems lead the consumer market, metal based technologies
are the focus of engineering and functional industries such as aerospace, automotive and

medical.

A key target for the aerospace industry is the processing of high temperature
performance alloys, for use in next generation turbine engines. The difficult to work
with alloys are costly to process and design freedom is limited by conventional

techniques.

AM, specifically laser powder bed fusion techniques such as Selective Laser Melting

(SLM), offer a new avenue of development and the potential step change required for the

AAOT OPAAA ET AOOOOUBO 1TA@O CAT AOAGETT OAAETTI
The alloys of focus dr this investigation are nicketbase superalloys. These are the

obvious choice for aerospace users, as they operate in the hottest part of the engine and

must also withstand tens of thousands of hours of operation without failure.

Despite many of theal UO AAET ¢ AAOEI U OxAl AAAT A8h OAAA

that many of the nicketbase superalloys suffer from micrecracking during processing.
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Seemingly process optimisation is not sufficient to eliminate the problem, and a

fundamental design apppoach is required to optimise these alloys for the SLM process.

1.2

1.3

Aims and Objectives of Research

To develop an understanding of the SLM process, specifically relating the
influence of process parameters on material response and resultant

microstructures and behaviour of as processed material

To investigate and understand the root cause of microracking in nickel

superalloys when processed by SLM

To develop a method for identifying if an alloy will be susceptible to micro

cracking based on composition andundamental material properties

Thesis structure

Chapter 2 will feature an extensive literature review of the following:

In

=

Nickel superalloysz history, applications, metallurgy

Fundamentals of solidification

Selective laser meltingz process, current literaure, characteristics of the process

Nickel superalloys processed by SLM

Cracking mechanisms in nickel superalloys processed by conventional techniques

Chapter 3 the experimental methodology for the project and preliminary

investigations will be discused. Although much of the specific methodology will be

discussed in the relevant chapters, the operation of the SLM system, methods for sample
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analysis and equipment details are discussed here. The preliminary investigations focus
on verification of micro-cracking as a problem in a known cracisusceptible nickel
superalloy, Hastelloy® X, as well as establishment of relationships between density and

cracking and process parameters.

Chapter 4 discusses the establishment of SLM as rapid solidification proceasd the
implications this has on the microstructure, material properties and therefore material
response of nickel superalloys. As well as discussing the unique microstructure of SLM,
and how it evolves during processing. This understanding is key to théurther
development of a hypothesis for root cause of micraracking in SLM processed nickel

superalloys.

Chapter 5 uses conclusions of Chapter 4 to discuss a hypothesis for the root cause of
micro-cracking in SLM processed nickel superalloys. It also efilishes crack
susceptibilityas a material property, referring to the likelihood an alloy will experience
process induced micracracking with SLM. It is defined as the balance between the tensile

strength of the material and thermal stress imposed on thenaterial by the process.

Chapter 6 develops the crack susceptibility theory further, focussing on a method for
modelling/predicting the strengthening contribution of the alloying elements. The theory
is then tested by means of a direct comparison betweehe Hastelloy® X from Chapter 3
and a modified version with increased material strength. The two alloy powders are
processed with SLM, and the processed material is subjected to microstructural and

material property analysis, specifically looking at crack ensity and tensile performance.

Chapter 7 develops the process induced stress contribution for crack susceptibility.

Specifically looking at a method for simulating a stress component from composition and
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fundamental material properties alone. Various methds are discussed and tested for

suitability, before one is ultimately chosen.

In Chapter 8, the complete solution for prediction of crack susceptibility is validated. This
includes the design and manufacture of novel alloy powder as well as processing of
additional alloys. Finally, data from published investigations on processing nickel
superalloys by SLM is used to complete validation by means of comparison of crack
susceptibility prediction and reported/observed behaviour. Also discussed are
publications which may have impact on the work in this investigation, which have been

published after, or close to the end of completion.

Chapter 9 summarises the work conducted throughout the investigation as well

containing conclusions and final remarks.
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2 Background and Literature review

2.1 Selective Laser Melting: An Additive Manufacturing technique

2.1.1 The process

Selective laser melting (SLM) is one of a number of processes which come under the
umbrella of Additive Manufacturing (AM). A process is defined as gy additive if it uses
layering or epitaxial growth to construct a three dimensional object. The most common
types of material processed are plastics (polymers) and metals (or metallic), followed by

organic material and ceramicqGibson, Rosen et al. 20QSLM is a metallic process.

SLM (and other AM technologies) has seen a sharp increase in interest in both research
and commercial industry in recent years, and is looking set to be a part of future
manufacturing (Gibson, Rosen et al. 2030This is hrgely down to the following reasons:
building a part by layering allows for geometries that are simply not possible with
conventional techniques, such as internal lattice structures or complex cooling channels.
The precision of the processes allows for rie details which are either impossible or
extremely difficult/wasteful/expensive to achieve with casting or machining.
Components with moving parts can be fabricated in a single build, although this is more
difficult to achieve in the metallic processes.iRally, any material (powder) which is not
fused can be recycled thus providing huge feedstock waste reductions compared to

machining.

Due to branding and commercial competition a number of different names exist for the
SLM process; Renishaw, Realizer arfslLM Solutions all use SLM, Concept Laser call it

LaserCUSING® and EOS use Direct Metal Laser Sintering (DMLS). It may also be referred
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to in literature as selective laser sintering (SLS) and direct laser (metal) deposition (DLD

or DLMD), although strictlythese are separate processes.

In SLM, metallic powder is selectively melted and fused by a high powered laser. Cross
sections of a part are fused in layers, which are built up successively to create the
complete 3D objectz see Figure 2.1. It is this fabrication of solid parts through

consecutive layers which classes it as an AM process.

Servo controlled Ytterbium fibre laser
optical mirror forj
X-y control

—— Focal lens

Powder hopper

Powder bed

—_Wiper arm with
silicon (red) insert

Fused part

/]

Figure 2.1 - Schematic of the SLMbuild process for Renishaw SLM 125

Substrate
Over flow

Piston
Build chamber

A similar process to SLM is Electron Beam Melting (EBM), in which the same process is

used but, as the name suggests, it uses an electron beam rather than a laser.
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Of SLM and EBM, neither is grelgtsuperior to the other and both have advantages over

the other for various applications. SLM can build components to a higher degree of

precision than EBM, the advantage of which is twofold: finer geometries (resolution of

B¢ mtmMilaro, Colin et al. 2013) and better surface finish. Surface finish is of
AAOEOAAEI EOU EZ£ ITA xEOEAO Oi EAADP OEA Aii Pl
machine the part after build would diminishOEA DB OT AAOOSs AAOAT OACAS
EBM is preferable for rapid building as it has both a larger spot size and a higher limiting

power, but as a consequence is not able to deliver the same level of precision. Both are

able to produce fully dense partfWang, Hong et al. 2009Parthasarathy, Starly et al.

2010, Wang 2011, Wang, Wu et al. 2011Wang, Guan et al. 2012

2.1.2 Applications

SLM is a developing technology, therefore the number of applications it is compatible
with is ever increasing as the limiting factors are overcome. However, like any

technology, there are certain apptations which it is more suited to.

Due to the large startup costs (machines typically cost in excess of £250,000), running
costs of the machines and relatively low production volume, the technology is more

suited to high value markets such as dentistrynedical, jewellery and aerospace.

AM is perfect for customisable components, as no moulds or separate tooling have to be
created and subtle differences in shape and size can be easily processed in CAD software.
It therefore lends itself well to the production of patient-specific implants for the dental

and medical industries, of which there have been a number of reported successes;
Vandenbroucke and Kruth (2007)being one example. A specific example of one such

application already being implemered is joint replacements. The artificial socket is
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constructed with the intention of creating an interface which encourages bone and tissue
to grow into/assimilate the socket and thus reduce chances of infection or foreign body
rejection. This is achievedy building a fine complex mesh structure as the outer layers,
with the socket itself being machined and polishe@Parthasarathy, Starly et al. 2010 The
meshwork is of too finer detail to be created usinga cast, and would be highly time

consuming and wasteful if one were to try and machine it.

A large sector which is investing heavily in AM technology is the aerospace industry. The
aerospace industry demands the highest level of component integrity and germance.

All new materials and processes are subject to extensive testing and standardisation
before they can be approved for production use. High performance alloys, such as
titanium alloys and nickel/cobalt superalloys, are the material of choice for ntay of the
components, especially those operating at elevated temperature¢Reed 200§.
Unfortunately, the high performane properties of these alloys make them difficult to
form using conventional techniques. Building aerospace components with SLM offers
huge potential cost reductions for the industry, if the technology can be optimised; and
there has already been some sucss in the industry. The Rolls Royce Trent XW8&7
AT CETA AiAOOO OEA xi 01 A0 1 Addgnd @énpodeitA E OE O A
assembly; a ring of compression vanes with a 1.5 m diameter, which had been

manufactured out of Ti6AlI4V on an Arcam EBM machir&lowie 2014).

However, there has been less success with theghier temperature performance nickel
base superalloysz see Section 2.8. These alloys are primarily used in the hottest part of
the jet turbine engines and are often exposed to temperatures well in excess of 54D
whilst under heavy loading(Donachie and Donachie 2002 Material responses combined

with SLM process characteristics have led to diffidties achieving the level of part
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integrity required for aerospace components. Problem characteristics of the SLM process
will be discussed in the following section Nickel base superalloys will be discussed in

further detail in Sections 2.5 and 2.6.

2.2  Problem characteristics in SLM

As with any processing technique, SLM has a number of process characteristics which can
cause problems with material processing if not understood and/or controlled. The

nature, impact and controllability of thesecharacteristics will now be discussed.

2.2.1 High thermal and residual stresses

Residual stress can be simply defined as internal stresses which exist within a part

without any applied force or constraint. They are strongly associated with processing,

and it hasAAAT OAEA OEAO OAOAOU DOI AGAOGETT bDOI AA
OA OE A O AP. J.OvdHerd 2D s their presence is deemed inevitable, it is therefore

the management and manipulation of residual stress which has become the focus of many
investigations. Purely, they are the stress which results from elastic strains caused by

elastic misfits betweenregions. The nature of these misfits is varied, and can be anything

from lattice dislocations to thermally-induced strains(Moat 2009).

If of sufficient magnitude, residual stress can lead to part deformation, microracks and

limitations on load resistance/tensile performance(Mercelis and Kruth 206).

There a three types of residual stresses, which vary over increasingly smaller length
scales. Type | stresses are continuous across grain boundaries and vary over length scales

comparable to the size of a part, as such they are described as noastresses. Type Il
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stresses vary over a length scale comparable to that of grain size, and are generated by
misfit strains. Type Il stresses are inhomogeneous across the grain and are caused by
lattice defects such as dislocations and interstitial solats (Moat 2009). Both Type Il and

[Il are micro stresses. Due to the length scales over which they vary, Type | stresses have
the most influence on material strength. They are also generated by the thermal elastic
strains associated with changes in material tererature Z no more extreme than in fusion
processes. As such, Type | stresses are the primary focus of investigations of thermal and

residual stresses in AM processes.

Note: From this point we are only concerned with the mechanisms which create residual
stress, namely the in situ thermal stresses. However, thermal stresses are difficult to
measure in situ and it far easier to measure the resulting residual stress of a part once
processed. Ultimately relationships between process parameters and residual efs

infer the same for the thermal stresses from which the residual stress arose.

Mercelis and Kruth(Mercelis and Kruth 2006 described the residual stress found in SLM
and SLS parts as arising from two mechanisms; thermal gradient mechanism (TGM) and
the cooldown phase of molten top layers. TGM results from the steep thermal gradients
generated by the laser interaction with tre material. The rapid heating of the top surface,
combined with the relatively slow heat conduction of the material creates a steep
temperature gradient. When the top layer expands, it is restricted by the significantly
cooler lower layer, inducing elasticcompressive strain. However, at an increased
temperature the yield strength of the top layer is reduced, allowing it to be plastically
compressed. Cooling of the now plastically compressed top layer, causes it to shrink,

inducing a bending angle towardstie laser. This introduces a tensile stress in the build
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direction. It is important to note that this mechanism occurs in the solid phase (does not
require the material to bemolten). Figure 2.2 demonstrates TGM for a laser incident on

solid material.

Heating Cooling

alh ﬁlens
W

X

Figure 2.2 z Representation of TGM, with thermal strain &y, plastic strain £y, tensile
O000ALENdAT | DOA OOE Gy z0i@DHFom O Mércelis and Kruth 2006 )

The cooling of the molten top layer induces stress in a similar way to TGM. When the
material cools and solidifies it shrinks due to thermal contraction. This shrinkage is again
restricted by the cooler underlying material, causing tensile stress in the top layer dn

compressive stress in the underlying layer.

There have been several studies both observing and aiming to understand residual stress

build up the SLM process, through both modelling and experimental analysis.

Mercelis and Kruth performed an extensive stug into residual stresses in SLS and SLM
(Mercelis and Kruth 2006. The study aimed to model the thermal stresses induced by
the process and then compared the predicted stress profiles with experimentally
measured values. They used a simple model which assumed: room temperature build,
beam theory is valid, no external forces to parbase plate combination, stress in x
direction is independent of y ceordinate, the upper layer induces stress as a result of

OEOET EACA AT A OEAO OEA OAT OEI A OOOAT GCOE EO A
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The madel uses a baseplate of height @mm, with a partbuilt in 50 layers of thickness
of 50t | 8 4EA 91 O1ECd thebhséplatd® hnd Gdit are 210 GPa and 110 GPa
respectively, and the yield strength of the material is 300 MP&igure 2.3 showsthe result

given the initial parameter values.

Stress profile after 50 layers
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Figure 2.3 - Residual stress in the part and base plate, interface is at 20 mm height z
direct from Mercelis and Kruth (2006) .

The addition of a layer to the baseplate induced a compressive stress in the upper region
and a tensile stress in the lower. The addition of further layers added tbe stress profile
of the base plate but also to the underlying layers, thereby reducing the tensile stress

present from previous layering.

Figure 2.4 givesthe stress profile after the part has been removed. Both the part and the
baseplate undergo relaxation, in the case of the part this occurs through uniform

shrinkage (constant part of the relaxation stress) and bending deformation (linear part
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of the relaxation stress). After removal the par& stress profile consists of tensile stress

on the upper and lower surfaces with compressive stress in the central zone.

Stress profile after part removal (50 layers)

Stress [MPa]

-1 A A

0 0.5 1 1.5 2 25
Height after part removal [mm)

Figure 2.4- Modelled stress profile of part after removal from baseplate z direct from
Mercelis and Kruth (2006) .

The effects of number of layers, baseplate thickness and material yield strength on the
stress profile were also modelled. An increase in layers results in a higher final residual
stress, with a reduction in thke xaxis shrinkage as the number of layers increases, see
Figure 2.5. Thisis an important result as it confirms that larger parts, as a consequence

of increased exposureswill build up greater residual stress.
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Residual stress in the part and the base plate Residual stress in the part after wire EDM
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Figure 2.5 - Modelled progression of residual stress profiles of part attached to substrate
(left) and removed (right) with increasing number of layers  z direct from Mercelis and
Kruth (2006)

As baseplate thickness increases the final residual stress decreases, and bending
deformation of the part is also decreased with increasing plate thickness. Increasing the
yield strength of the material increases the residual stressegalthough not necessarily a
surprising result, this is of particular importance when considering thehigh strength

superalloys.

The model had good qualitative agreement with the XRD tests but a quantitative

AT T DPAOEOIT xAO 0110 AAOGUG8 4EEO xAO DOEI AOE
effects of TGM, only those of solidification shrinkage. It alsodlinot account for the

porosity that occurred in the XRD samples. Porosity reduces the stress values as the

stress around each porosity boarder equals zero. Also worth mentioning is that the part

is built straight onto the baseplate without the use of suppas. This means in reality the

part has to be removed by wire cutting or EDM, which itself can induce large tensile

stresses. This method also requires additional work to recycle the base plates. The use of
supports makes the part easier to remove and alsbelps with the fabrication of more

complex geometries. When a part is built on supports, the stress profile will not be the

OAi A AO OEAO 1T &£ OEA OAO POI AAOOGAAG DPAOOO EI
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the supports may have some effect, thegpt is more likely to have the stress profile of the
OOAI T OAA AT A OAI AoAAS DPAOOOS

Shiomi, Osakada et al. (2004neasured the distribution of regdual stress within an as
processed steel part fabricated by SLM. The material was a mixture of chrome
molybdenum steel with copper phosphate and nickel powder- which potentially
responds differently to fully prealloyed powder, but a similarity will be asumed for this
example. A cuboid of dimensions 65 45 mm height width length respectively was
built onto a substrate of 8 9 49 mm. Given a layer thickness of 108m, the built part
consisted of 600 layers. Residual stress was measured as a maximum of 500 MPa tensile
on the top surface down to 56100 MPa of compressive stress 2 mm from the base plate,
returning to tensile stress along the interface between the baselaie and the part. The
measured stress profile seeFigure 2.6, is inagreement with the stress profile predicted
by the Mercelis and Kruth model(Mercelis and Kruth 2009, although the eturn to
tensile stress before the interface is not consistent with that predicted for when the
component is still attached to the base plate. Instead the measured profile is closer to the
inverse quench predicted for a removed part, implying that in the >@erimental case

there may not be perfect cohesion between the part and the base plate.

Shiomi and Osakada also investigated the relationship between the top layer (maximum)
residual stress and laser scan speedsee Figure 2.6. Although a weak parabolic
relationship for mean values is recorded, the large error variationtead to a conclusion

that the maximum stress is not greatly affected by the scan eed.

35



600 600

L Scan speed %
o 500 = 4 mm/s o @ 500 |—
& =
S 400 :‘,é
1]
2 300 @ g0
@ 200 2 300 |—
g 5
T
ke 100 3 200 [
e 0 i 100
-100 B
200 oL L 11
0 1 2 3 4 5 6 7 2 4 6 8 10 12
Distance from top surface mm Scan speed mmv/s

Figure 2.6 - Measured residual stress profile for as processed part attached to base plate
in strong agreement with Mercelis and Kruth (2006) model (left), with conversely weak
relationship between sca n speed and maximum residual stress (right) z directly from
Shiomi, Osakada et al. (2004)

Moat, Pinkerton et al. (2011)studied the effects of laser pulse length and duty cycle on
the residual stress of SLM fabricated Waspaloy and Inconel 718. Although they built thin
walls rather than cuboidal structures, the stress profiles measuredgaeed well with the
findings of Mercelis and Kruth (2006). Stresses parallel to the free surfaces were tensile,
with those in the interior being compressive. It was found the stress profiles had a weak
dependence on the pulse length, but pulse length had little effect on the ri@um
stresses. Increasing the duty cycle increased the stress gradient and size of the region of

maximum stress for xdirection tensile stresses.

Longitudinal tensile stresses near the top surface were attributed to part shrinkage,
under the mechanism oftop layer cool down Longer pulses were found to increase the
proportion of high residual stress compared to short pulses. The increased exposure time
results in higher temperatures around the laser point, leading to higher cooling rates.

This is similarly explained by TGM.
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The featured literature focussed on relationships between process parameters and
residual stress. However, because the residual stress can be said to derive entirely from
thermal stress induced by the fusion process, it is actually theslationships between
process parameters and thermal stress that were revealed. Residual stress can be
relieved by simple post process heat treatments; therefore, as standalone problem it can
be easily remedied. It is the other, less reversible effects thiermal stress- defects which
occur as a material response to the stress, such as deformation or fracturing/rupture

that pose a greater challenge.

2.2.2 Porosity

Porosity refers to a pore, or number of pores present within a volume, and is usually
guoted as a % volume or area. However, the more common case is to quote a samples
density (% or kgm-3); this is because porosity refers to the characteristic, rather thaa
physical property. Pores are considered detrimental because they are potential crack
initiation sites, ultimately influencing the mechanical performance of the material. As
such the achievement of full density with a material is usually sought beforerducting
mechanical investigations. Many of early or initial investigations into processing of alloys
with SLM focus largely or only on densification of the materia]lMorgan, Sutcliffe etal.
2004, Kruth, Levy et al. 2007Mumtaz, Erasenthiran et al. 2008Gu, Hagedorn et al. 2012
Savitha, Gokhale et al. 201Xamath, Etdasher et al. 2014. From these investigations it
is gleaned that porosity in SLM occurs due to five reasons: insufficient melt overlap,
insufficient melting/fusion depth, trapped gas, balling and vapourisation. Balling and
vapourisation are also linked to poor surface finish, and will be discussed further in
Section 2.2.3. Examples of porosity reported in SLM processed INTE3(Rickenbacher

2013) are given inFigure 2.7.
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Figure 2.7 - a) High porosity caused by lack of fusion and b) low porosity achieved
through parameter optimisation z adapted from Rickenbacher (2013)

The porosity observed inFigure 2.7a has occurred due to lack of fusion, this is evident
because whole powder particles are still present within the voids. This is an extreme case,
at 53% porosity, and is a result of insufficient energy absorptionin Figure 2.7b the
process parameters have been optimised leading to a porosity of only 0.2%. There a
few pores still present, two large spherical and a number of significantly smaller spherica
pores. All spherical pores are caused by the trapping of gas within the melt. The gas
expands uniformly upon heating, creating a spherical void. The larger spherical pores are
approximately 50>m in diameter, too large to be porosity present within the pwder
itself; those are the cause of the much smaller micypores. The large pores are actually
the result of insufficient overlap, where all of the available powder has been melted but
hydrostatic forces have led to the creation of a void, in which gas cdme trapped. An
indicator to this mechanism is the alignment of pores to a pattern or direction, as it
implies they have formed along a hatch line. This mechanism will be discussed further in

the design of experiments in Chapter 3.
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With the exception oftrapped gas, which can originate from the powder particles, all
porosity is controllable with laser scan and machine parameters. Eliminating or
minimising porosity is therefore a matter of parameter optimisation specific to a given

material.

2.2.3 Surface roughness

Balling is a phenomenon in which molten liquid solidifies as beads on the surface, rather
than hemi-spheroidal drops. It occurs when the molten material does not (sufficiently)
wet the underlying material due to surface tension, causing the liquid tepheroidise
(Kruth, Froyen et al. 2004. The beads create a rough surface, which if built on result in
high porosity and a high surface roughness of the parKruth, Froyen et al. (2004)
investigated the physical mechanism and came up with a strategy to avoid the

phenomenon based on laser scan parameters.

Figure 2.8 depicts a flat, smooth and chemically homogenous surface (S), in contact with
non-reactive liquid (L) in the presence of a vapour phase (V). If the liquid does not fully

cover OEA OOOZAAARh OEA T ENOEA OOOZAAA xEII
corresponds to a minimum of the total free energy of the system. Due to the very short
ET OAOAAOCEIT OEIi A T &£/ OEA 1 AOAO | Al OEWapig |

(1804):

Equation 2.1
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angle. If the melt pool created by a laser is approximated as a half cylinder, balling is said

to occur when the total surface of the molten pool becomes larger than that of a sphere
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with the same volume. Thus, in order to avoid ballig, one must ensure that the length to

diameter ratio of the melt pool is less than 2.1.
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Figure 2.8- a) the wetting of a liquid on a solid substrate, b) transition from half cylinder
to sphere, depending on dimensions of the molten laser pool (Kruth, Froyen et al. 2004 ).

This is achieved through optimisation of the laser scan parameters. Kruth and Froyen
created parameter windows for a continuous and pulsed laser systersee Figure 2.9,
based on laser power against laser scan speed. They found that high scan speeds
combined with high power resulted in reduced balling. The high speeds reduce the length
of the melt track, satisfying the above ratio, whilst the high poweensures full melting of

the powder. In contrast, other studie Gu, Hagedorn et akR012) found that low power

with low speeds also reduced balling. This is attributed the low scan speeds allowing for
an increase in the width of the melt track through heat conduction. Again, the increased

width means that I:d is kept below 2.1.
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Figure 2.9 - Process windows for a) continuous wave and b) pulsed laser systems (Kruth,
Froyen et al. 2004 )

In Figure 2.9, we can see that balling occurs at high powers with low speeds, however

there is a further effect which can occur with this parameter se he slow speed and high

power results in a high energy density, allowing the laser melting temperature to meet

and exceed the evaporation temperature of the material. The evaporation causes a rapid
expansion of the particles, creating a recoil pressure ahe molten pool. The vapour can

then sometimes interact with laser radiation (if the incident intensity is high enough)

causing it to become ionised, forming a plasn@ruth, Froyenetal. 20048 ! 11 x ODBI A
OAAT EI 86 DPOAOOOOA AAT OAOGOI O EI OEA & AOOATE
balling effects and improving surface roughness. High pressures, however, result in the
expulsion of melt material and even nearbyowder particles from the layer. Much like

balling, it creates irregular voids through the layer, which obstruct a smooth layer

deposition resulting in high porosity in the part and puckered or uneven top surfaces.
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2.2.4 Process induced cracking

Process inducedcracking refers to the macro or micrecracks which form as a direct
result of the process. They can either form during processing or once processing has
finished z although they would have to occur without external influence to still be

considered processnduced.

Unfortunately, a large number of investigations in this field are carried out by commercial
bodies, and therefore often the results are not made public. Although there are a few
publicly available studies which report micra-cracking in SLM as pocessed material, it is
believed the number of affected alloys far exceeds those reported. If we include reports
for all laser deposition techniques, crack susceptible alloys reported in the public domain
are as follows: Hastelloy XWang 2011, Tomus, Jarvis et al. 201)3 Inconel 738(Zhong,
Sun et al. 2005 Rickenbacher 2013, Waspaloy(Mumtaz, Erasenthiran et al. 2008
CM247-LC(Carter, Martin et al. 2014, Aluminium 6061 (Fulcher, Leigh et al. 201%and

austenitic stainless stee(Yu, Rombouts et al. 2013

Figure 2.10 and Figure 2.11 display cracks observed in laser deposited austenitic steel
and SLM processed Waspaloy respectively. A key observation is that the cracks in both
cases initate from a pore/defect and propagate along the grain boundary, and they are

both jagged in morphology implying fracture of solid state material.
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Figure 2.10 -Micro-AOAAEET ¢ ET AO DPOT AAOOAA AOOOAT EOQEA
to have initiated at a pore. Both cracks have formed along grain boundaries also 7
adapted from Yu, Rombouts et al. (2013)

Figure 2.11 - Top surface crack observed in SLM fabricated Waspaloy, again the crack is
observed to lie along the grain boundary z direct from Mumtaz, Erasenthiran et al. (2008)

From those materials reported, the majority of cack susceptible alloys are nickebase
superalloys. The key point raised from these investigations is that although parameter
optimisation can reduce micracracking, it has not been sufficient to eliminate it
(Rickenbacher 2013 Tomus, Jarvis et al. 2013 Clearly migo-cracking affects a range of
alloys, however, as will be discussed in a Section 1.7 and 1.8, the specific mechanisms

behind cracking may not be saméor each alloy.
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2.3  Failure by fracture and critical crack length

Micro-cracks, along with other internal defects, act as crack initiation sites, that is, points
from which a macro crack will propagate leading to component failure. It is therefore
paramount for industries such as aerospace, where the overriding designitaria is safe
operation, that components are as close to defect free as possible. A crack will propagate
once thestress intensity factorKi, exceeds theracture toughnessKic, of the material
(Ashby, Shercliff et al. 200Y. If we consider a crack of lengthi, asdepicted byFigure2.12,
with applied remote stressA, thenKi and Kicare described byEquation 2.2 and Equation

2.3 respectively.

Remote stress o
Sharp crack, ? f T Lines of force

length ¢ concentrated

\ \\\\W

Tocal

O TTUmm——

Figure 2.12- Lines of force in a cracked body under load, taken from (Ashby, Shercliff et
al. 2007)

L Lazfk

Equation 2.2
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Ly lad Zf < Zh
Equation 2.3

where A™ is stress at propagation andY is 1 providing a << width of component.Kicis a
material property (independent of measurement technique) and is often known for
established metals and alloys. If a crack is small, the material may yield before fracture,
in which caseA gs equal to the yield strengthAy. The ninimum crack length required for

crack propagation,ccrit, in @ material can therefore be defined as

€
|

Equation 2.4

or

€

c“ ”

Equation 2.5
For an enclosed crack, where crack length is defined as.

Using Equation 2.4, ccrit has been calculated for a number of common alloys and metals,

seeTable2.1.
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Material Yield (MPa) UTS (MPa) Elongation (%) Kic(MPa.m¥2)  Cgit

(mm)

Nickel

Inconel 718 800 914 3.49 98 2.4
Inconel 718 aged 1110 1320 15 130 2.2
Inconel 625 434 900 34.9 358 108.3
Hastelloy X 724 777 40 400 48.6
Iron 210 432 36 80 23.1
316l wrought 310 620 50 72 8.6
Titanium 570 690 25 50 1.2
Ti6AI4V aged 1080 1270 13 100 1.4
Al6061 T651 266 605 10 29.2 1.9
Al 7075 110 236 16.1 39 20.0

Table 2.1 - Mechanical properties for range of alloys and metals. Values of yield strength,
Ultimate Tensile Strength ( UTS), elongation and K1c are all maximums in the range,
taken from CES Edupack 2014, ci: values are calculated.

From initial observation, it appears that the majority of materials will only fracture if an
internal crack is of the order of a millimetre or greater. The implication then being that a
micro-crack (of the order of 16100 >m) is not considered an integral problem, as the
material will yield before it would fracture. This would be the case if there was only one
micro-crack within the component. However, if there were multiple micrecracks, and
particularly if cracks were aligned providing potential link up, then it is thetotal crack
length that may be considered. At this point, component size becomes an important
consideration. If a material has a crack density, number of cracks per unit area or volume,
smaller components are less at risk ascit is an absolute value. Conversely, larger
components are more at risk of failure by fracture as they will contain more micraracks

and have a greater total crack length.

If a component of cross sectional area 40 minis made of material which has a crack
density of 10 cracks per mm, with each cack ~ 50 >m in length, total crack length is 2
mm. This value is comparable to the critical crack length of aged Inconel 718, one of the
most commonly used nickel superalloys, meaning it is unlikely to be acceptable for

service in a high loading environmen
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If an alloy is susceptible to process induced microracking, this places uncertainty on
whether it will be suitable for service as potential total crack length could exceeckri
depending on component size. Far better is to use a material with ultiaw or zero crack

susceptibility, that way mitigating the risk of exceedingecrit.

Given their reported high crack susceptibility it is therefore likely that, in their current
state, many nickel superalloys processed by SLM will not be accepted by aerospace

industry regulators.

2.4  Solidification and microstructure theory

2.4.1 Solidification fundamentals

Although this research concerns additive manufacturing only, solidification is a subject
of such intricacies that it is necessary to first cover solidification fundamentals, before

moving on to the specific cases of laser processing and additive manufactwy

In order for a melt to solidify, heat must be extracted. This is achieved by the application
of cooling to the melt leading to the creation of an external heat fluge. Heat extraction
affects the energy of the solid and liquid states by decreasine enthalpy due to cooling
(of liquid and solid), YO _ @& 'Q"ahd due to transformation (from liquid to solid) which

is the same as the latent heat of fusion, (. The resultant cooling ratedT/dt or wis related

to the external heat fluxby Equation 2.6, using the latent heat per unit volumeY'Q

YOj U (Kurz and Fisher 1998

(@]
@)
o-

Equation 2.6
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where cis specific heat per unit volumedfddt is change in volume fraction over time and
j ! 0 accodnts for the effect of casting geometry, with the ratio of surface arela,6to
volume,v. The control of heat extragbn allows for the control of cooling rate which for

a given location and time is given as

w 27 Q:Y}Q_| -
Qo QiTQo

Equation 2.7

where dT/dr is the temperature gradientGand dr/dt is the growth rate of the solid, or
solidification rate, V (or Vs). In the case of simple casting, hea extracted through via a
chill through the walls of the mouldseeFigure 2.13. Here, the solidification front moves
in a direction parallel and opposite to the heat fluxmoving from the mould wall forming

a columnar zone. As the solid front advances, the heat flux decreagkklLean 1983 and
therefore so doGandV. There are three distinguishable regions during the growth of the
columnar zone regions: liquid, liquid + solid (mushy) ad solid. The mushy zone is where
microstructural characteristics, such as grain size, porosity, precipitates are established.
But the morphology of the microstructure depends uponG and V and on the alloy

composition (Kurz and Fisher 199§.
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Figure 2.13 - Solidification in conventional casting z direct from (Kurz and Fisher 1998 )

The microstructural formation of a casting isshown in Figure 2.14. Initially, the relatively
low temperatures of the mould wall induce a high cooling rateesulting in the nucleation
of small randomly orientated equiaxed grains. The grains rapidly become dédritic and
grow arms in preferential crystallographic directions ([001] for cubic). Those grains
which can grow anti parallel to the heat flux eliminate others through competitive
growth, resulting in the columnar (directional) grain morphology, Figure 2.14a.
Directional growth is characterised by a positive thermal gradientG In the centre,
dendrite branches which have detached from the columnar armare allowed to grow
independently. Their latent heat is extracted radially through the undercooled melt
resulting in an equiaxed grainformation, Figure 2.14b (Kurz and Fisher 1998. This

similarly explained by Figure 2.15.
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Figure 2.14 - Microstructural formation in casting  z direct from (Kurz and Fisher 1998 )

Tmm

Figure 2.15 - Solid-liquid interface morphology and temperature distribution, s = solid
phase, | = Iquid, g= heat flux z direct from (Kurz and Fisher 1998)
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In Directional Solidification (DS), solidification is controlled through control of heat flux.
The most basic form uses a chill at the base of a mould, with insulating walls. This results
in a unidirectional heat flux down through the base othe mould, and therefore the
formation of columnar grains perpendicular to the base, with equiaxed at the top of the

mould.

In a pure metal Figure 2.15a, the columnar grains have a planar interface and grow
antiparallel to the heat flux. In alloys, or if impurities are present, the columnar crystals
are dendritic. For the central equiaxed region, crystals grow the same in both cases, which
is radially with heat flux direction. However, size may vary as in an alloy the growth is
controlled mainly by solute diffusion rather than just heat flux as for pure metals. If one
looks at the temperature profile it is observed that in columnar growth the liquid ighe
hottest part of the system,G> 0, however in equiaxed it is the crystal which is hottesG

< 0. This implies that the liquid must be undercooled for equiaxed crystals to for(Kurz

and Fisrer 1998).

In the solidification of analloy, solutes are rejected by the advancing solid front, causing
variation of the local equilibrium melting point along the solidliquid interface, due to
varying local concentrations. This creates instability in He initially planar interface,
which materialises as perturbations. The tips of the perturbations grow faster as they can
reject solutes radially, and ultimately the planar front breaks down, forming cells. Cells
are crystals and will only grow during thedirectional growth of alloys; they always grow
antiparallel to the heat flux direction, whereas dendrites grow along the preferred
crystallographic direction closest to parallel with the heat flux. A¥ increases, conditions
become more favourable to dendte formation and dendrites form quickly from the cells.

However, at highV cells can form as conditions approaclabsolute stability, seeFigure
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2.17. The distance between the centre of adjacent cells or dendrite trunks is the primary
(dendrite arm) spacing,<1, and this remains the same throughout solidification through
to full freezing. If conditions allow, secondary dendrites arms can form perpendicai to
primary trunk, these can then also have tertiary arms, seEigure 2.16. Secondary arm
spacing,<, is also a characteristic value for dendrite€Both <1 and <. depend on, and can

be used to calculate, the cooling ratéDavies, Shohoji et al. 1980

“tip

root

Figure 2.16- Dendrite root and tip for columnar growth at same point in solidification but
OAPAOAOAA AU AEOOAT AA €€ 1p8 .1TO0OA EiT x 1¢g AOTT
eventually growing to the point of dissolution of the tertiary arms at the root Z direct from
(Kurz and Fisher 1998 )
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Figure 2.17 displaysthe change of crystal morphology with increasing/, and also the tip

radius Rand <i1. High velocity, or rapid, solidificationwill be discussed in more detail in

Section 2.4.
102 1
A l 1
B |
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Figure 2.17 - Crystal morphologies of Al -2Cu alloy with increasing V along the top of the
image - from left to right: Plane front, cellular, cellular  -dendritic, dendritic, dendritic
with secondary arms, fine cellular and plane front. Vc is the limit of constitutiona Iz direct
from (Kurz and Fisher 1998 )

The rejection of solutes from the dendrite tips results in increased concentrations of
solute within the liquid. As this is pushed out radially it can become trapped between the
dendrite trunks and solidifies resulting in interdendritic regions with different solute
concentrations to the primary dendrite trunk. The mechanism is called segregation, or on
this scale, microsegregation. To what extent a solute will segregate depends on its
diffusion in the solid and liquid and the slape and size of the dendrit€Kurz and Fisher

1998) z which in turn depends onVandw Every element has a solute diffusion coefficient
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D specific to solution, which also varies for solids, liquid Di and solid-liquid interface D..
Each has to be experimentally dermined and thus only common solutesolution values

are available in literature.

If we take the simplest form of alloy, a binary system, it is theoretically possible to achieve
uniform concentrations of solute by means of diffusion between the solid andqguid
phases(McLean 1983. However this requires unrealistically fast diffusion rates, or,
impractically slow solidification velocities (0.5 1014 m/s for substitutional, and 0.5 10-

11 m/s for interstitial solutes (McLean 1983) and thus inconventionalsolidification one
will always observe some microsegregatiorfigure 2.18 demonstrates microsegregation
occurring in dendrite formation. This is often observed experimentally, where higher
concentrations of solute are found in the interdendritic regions and are darker in
contrast. As will be discussed in the next section, it is possible to have segregation free

structures, with very high solidification rates.

”»
|
b %

TN PR

Figure 2.18 - Dendritic structure of DS MarM246. White regions are dendrite crystals
with black interdendritic regions visible due to differences in chemical concentrations
being highlighted by chemical etching z direct from (McLean 1983)
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2.4.2 Rapid solidification

2.4.2.1 Solute diffusion and solute trapping

Rapid Solidification (RS) will occur either due to high undercooling of the melt e.g. rapid
guenching, or with rapidly moving temperature fields e.g. surface processing with high
power density sources such as laser§Kurz and Fisher 1998. Although the name
suggestsa dependence on solidification velocity, the characteristic phenomenon of RS
depends on the relationship between solidification velocity and diffusion. In low
conditions, microstructure evolves according to the relationshigR2V = constwhere Ris
dendrite tip radius (or 12V = constfor eutectic spacingl). Diffusion distanced = 2D/V,
where D is the solute diffusion coefficient in the liquid adjacent to the solidiquid
interface. If 2D/V < R, the diffusion field becomes localised with respect to
microstructure, limiting solute segregation. This point is deemed as the onset of RS, and

occurs at criticalV~ 10-2m/s (Kurz and Trivedi 1994).

AsVincreases, it eventually becomes comparable to, and then greater than, the diffusion
rate at the solidliquid interface D/ <; where D is the solute diffusion coefficient in liquid
and <is the inter atomic spacing(Aziz 1982). The solute atoms are then trapped by the
advancing solidliquid interface and incorporated into the solid. Concurrently, thecrystal

no longer has time to change its composition so as to reach the same chemical potential
of the melt and therefore the solidliquid interface is no longer in equilibrium (Kurz and
Fisher 1998). The two mechanisms are known as solute trapping and departure fro

local equilibrium, respectively.

Michael Aziz formulated a model for the redistribution of solutes during rapid
solidification (Aziz 1982). In which he proposed two mechanisms of growth: stepwise

and continuous. In stepwise, the growth occurs in lateral steps oelght < where<is the
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interatomic spacing. The average time between each stepZs=1/V. If the solute atom

AT A0 1T1 0 AEZAZZEOOA AAAE EIT OF OEA 1ENOEA AAZAE
monolayer as the interface advances. In continuous growthhe solute atom is being
OAOACCAAS OI xAOAO EOO |1 AOCOEAA OEOA 1 OAO OEI A
Rather than being in fixed steps, the potential surrounding of the solute is continuously

changing, making accurate solutions more diffult to write. However, ultimately

continuous growth was proved to be in better (and very good) agreement with
experimental results than stepwise growth, by Aziz himself and other author@ziz, Tsao

et al. 1986 Aziz 1988 Ahmad, Wheeler etal. 1998). As such it will be discussed in more

detail.

Consider solute atoms jumping across the interface between solid and liquid. For
continuous growth it is assumed that this occurs with a steady state flux, It is also
assumed each jump requires an activation energy, which must be greater than that for
crystallisation. For solute transition the jump is equal tal, for crystallisation the jump is

< 1. In the reference frame of the moving interface (moving aY), the steady state
requirement of the net solute diffusivity fluxJz) and net solute concentraton (z) is

—. 0 w6 T
a

!

Equation 2.8

This then becomes

Equation 2.9
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where b is flux from solid to liquid andJ s flux from liquid to solid, both are described
by Equation 2.10 and Equation 2.11. Gsiis the solute concentration in the newly formed

solid andGi is solute concentration in the liquid.

o
(3 z

Vo 0 "W 06 0QWh/ o vay

Equation 2.10

s s onany Y
. o —
Uo O 0O 02w Y'Y

Equation 2.11

For Equation 2.10, fsis the fraction of sites in the solute from which an atomic jump can
occur, usis the attempt frequency in the solidY* ° is the molar free energy of activation
to the transition state, rsis the activity coefficient of the solute in the solidRis the molar
gas constant andri is the temperature at the interfaceFor Equation2.11 f,gandr are the
same but for in liquid and ¥* is the change in standard molar free energy upon

recrystallization.

An interface diffusivity Di (which is smaller than D) and equilibrium segregation
coefficient ke(T:) are then defined as0 k _ " Qwi— andQ "Y k —Q 6 42— |

feeding theseinto Equation 2.11 and defining a dimensionless velocity k — this

simplifies to

Equation 2.12
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Or, if diffusion in the solid is taken to be negligible, so th&k = Giwe get

Equation 2.13

From this expression we see thata¥© mh OEA b A O &\ aBdrobchesKe, A EAE A E

and if | —then k(V) approaches 1. Therefore giving a transition range beginning at

equilibrium segregation at low V, up to complete solute trapping whenw| —. The

interface velocity range over which this transition occurs is predicted as a few orders of
magnitudes ofV; which for the case used iAziz (1982), is 0.£100 m/s, seeFigure 2.19.
It is noted that this relationship was initially only for dilute solutions, and it was assumed

that Di/ <=D// <= 10 m/s with Diis taken as ~ 10° m2/s and Ti = Tm.

0.50

025

log (£2)
Figure 2.19 - Predicted arsenic (k tET8 0 q OACOACAOETT ET OEI EAI 1T xE

growth model (b) and stepwise growth model (a), and Baker model  (Baker and Gahn
1969)(c). (d) is data from Baeri, Foti et al. (1981) . Here u = V. Direct from (Aziz 1982).
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The prediction of whether solute trapping will occur for a specific system is dependent
on the values ofV, D and }. However, the values chosen fobi and} carry the most
significance as they determine what the transition velocity rang®.crit will be.

<OAPI AAAA xEOE OEA;inBdteOotxgHKEAandOMEER FOD4P,0s0
usually taken as 1€ m (Kurz and Fisher 199§, but can be replaced by a specific distance
if using for larger length calculations. Although Aziz initially assumedi ~ D it is now
believed that Di < D, evidence of which was actually reported iAziz (1982) when data
from Baeri, Foti et al. (1981)suggested complete solute trapping of arsenic in silicon at
0.1 m/s. Boettinger, Coriell et al. (1984)proposed the calculation ofDi at interface
temperature To for various compositions. For the case of Silvefp = 943 K, and based on
an activation energy of 40 kJ mdl, Di was calculated to be 6 10-10 m2/s. This implied a
Verit ~ 0.01-10 m/s. Again this is for a dilute solution, calculations for concentrated
solutions such as superalloys have not been conducted. Arnold and Aziz later adapted the
Aziz model to include the atomic diffusive speed, which i e growth rate at whichk(V)

is in mid transition between ke and unity (Arnold, Aziz et al. 1999, Equation 2.14.

0 @
s w
Qw )

P &

Equation 2.14

This model was previously verified experimentally for planar interfaces using pulsed
laser processing, but using/o as a free parameter to help fit dendriteundercooling data.
In Arnold, Aziz et al. (1999) Vb was measured independently in a dilute NZr alloy and
found to be 26 m/s. Thisimplies a lower limit of V=26 m/s to achieve full solute trapping

than the initially predict 100 m/s. Unfortunately, what is very difficult to predict is the
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onset of solute trapping, all of the calculated or measured values only concern full solute
trapping, or microsegregation free structures i.e. planar. In more complex alloy systems,
each solute atom will possess a different diffusion rate, and solusolute interactions will

also affectVerit.

2.4.2.2 Microstructures in RSPs and laser surface treatment

Sekctive laser melting, as the name suggests, is a laser melting process and employs a
moving power source thereby creating moving temperature fields. In absence of
established theory for SLM, it is therefore reasonable to discuss the solidification and
microstructure formation theory of laser surface processing, as established in the late

1980s and early 1990s.

The characteristic solidification conditions for laser surface processing are outlined by
Kurz and Trivedi (Kurz and Trivedi 1994) in their work on Rapid Solidification
Processing (RSP). In RSP, microstructure selection is driven by the interface velogity

and cooling ratez, ard temperature gradient at the interfaceGis less significant.

Lasers transfer heat into a material through the reverse Bremsstrahlung effegt the
Bremsstrahlung effect is the process of photon emission by an excited electrgithat is
an electron being excited by the interaction with an incident photon. In the cas# laser
processing it is the interactions between photons from the laser with free or bound
electrons in the material(Bass 2012). In a metal, the electrons are freeseparate to the
atom z and sit in an electron cloud allowing for higher conductance through electren
electron interactions. Interactions between the excited electrons and lattice phonons
result in phonon vibrations. It is the vibrations that are detected as heat. If the metal
absorbs sufficient energy, the vibrations are enough to stretch the lattice bonds to the

extent they lose their mechanical strength and the metal mel{®effley 2012).
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Figure 2.20 is a schematic showing the melt pool morphology and solidification
conditions that occur with a moving laser source.Solidification velocity Vs increases
rapidly from zero at the base of the melt pool to ¥» (beam velocity) at the surface via the
relationship Vs= Vb E A Wh@r[ is the angle between the velocitie§Gremaud, Carrard

et al. 1990.
V), (beam rate)

r =
(10
\ x é A N

Melting |«+———| Solidification

V., {solid

Figure 2.20 - Melt pool f ormation for laser surface processing at high beam velocities
Where Vsj | A @ Q. - adapied from (Gremaud, Carrard et al. 1990 )

Therefore, a beam velocity of 1 m/s results in a pea%s of 1 m/s at the top of the trace.
However, the acceleration from zero at the base of the trace to such a maximum over the
relatively short distance of the trace depth, potentially results in a departure from steady
state theory. This would make it difficlt to interpret microstructural observations as
established phase transformation models, such as those discussed in Section 2.4.1, which
were developed for steadystate conditions. Zimmermann, Carrard et al. (1989)
demonstrated that a quasisteady state condition would be satisfied providing that the
change inVs, through a distance oD/Vs, was significantlyless thatVs - where D is the

diffusion coefficient of the solute in liquidz seeEquation 2.15.
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Equation 2.15
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and taking D to be of the order 10° m?/s (Kurz and Fisher 1999, the LHSof Equation
2.15 has values of 16-10-3 when applied to typical laser surface treatment solidification

rates. The quasisteady state condition is therefore satisfied, and steady state growth

theory can be aplied.

Along with additional works (Gremaud, Carrard et al. 1990Carrard, Gremaud et al.
1992), Kurz and Trivedi (1994) determine that solidification conditions for laser surface
treatment will, in most cases, lead to columnar directional) growth of dendrites.
However Zimmermann, Carrard et al. (19894iscovered that in the laser emelting of Ak
Cu eutectics, a new phase formed in between cellular and planar forms at high
solidification velocities. BeyondVs = 0.5 m/s, they observed a banded structure which
xEAT AT AT UOGAA xAO Al i bOEOCARI EAx& OOPAOBAOOAADA
I 1 #ARCu.

Figure 2.21 shows the interface response functions T-V curve) for the various
microstructures observed. Ordinarily beyond limit of absolute stability, plane front
morphology is the most stable. However, between the velocity range ¥ and the Virmax-
maximum of Tp 7z steady state plane front growth is unstable in time resulting in
oscillatory instabilities and an alternative growth of celtdendrites and plane front
morphology. This materialises as submicron spaced bands which are parallel to the

solidification front (Kurz and Trivedi 1994).

62



Plane front morphologies represent microsegregation free structures, where complete
solute trapping has occurred duringsolidification. Figure 2.22 shows a microstructure
selection map, inGV coordinates. It is observed that laser surface treatnms will either
form cell-dendrites at lower V or banded structures when pushing towards 1 m/s or
higher. With regards to solute trapping, in order to form dendrites there must be small
amount of diffusion, complete solute trapping will always result in aplane front

morphology, but the banded structure clearly represents a transition between the two.

Figure 2.21 - Interface response function for microstructure forms, plan e font T,
cellular -dendritic T p with undercooling -velocity T y. Microstructures are denoted as plane
front P, cellular C, dendrite D and banded B - Adapted from (Kurz and Trivedi 1994 )
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Figure 2.22 - Microstructure selection map in G -V coordinates. Column ar dendrites are
indicated by D s, banded structure B and planar structure P - adapted from (Kurz and
Trivedi 1994 ).

243 InSLM

The application of a concentrated heat source makes additive manufacturing more like
welding than casting or wrought manufactiring. Although there have been a number of
investigations on the modelling and simulation of the heat transfer process in SLM
(Matsumoto, Shiomi et al. 2002Gusarov, Yadroitsev et al. 20QGusarov and Smurov
2009, Gusarov, Yadroitsev et al. 20QRoberts, Wang et al. 2009Hussein, Hao et al.
2013), many of these only model single layers or in 2 dimensionshdre are few or no
investigations on the full modelling of microstructure formation for multi-layered SLM

processing.

The majority of research concerning SLM microstructure is observationalGu and
Meiners 2010, Thijs, Verhaeghe et al. 201,&Kempen,Yasa et al. 201]JAmato 2012, Amato,
Gaytan et al. 2012Vilaro, Colin et al. 2012Wang, Guan et al. 2002 A key observation to
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come out of these reports is that the grain structure of SLM as processed matedppears

to be relatively invariable. In that, regardless of material, machine or process parameters,
the basic structure is the same. That is, large high aspect ratio columnar grains, with low
angle grain boundaries which have a preferredbrientation of growth parallel to the build
direction z see Figure 2.23. The grains themselves are made up fine of columnar
dendrites, with only primary arms visible. Also visible is evidence of the melt

pools/tracks and the layering process.

Figure 2.23 - Micrographs from several studies of SLM processing of different alloys and
processing parameters. a) IN625 proces sed on an EOS M270 SLM system with a power of
200 W and scan velocity of 1000 mm/s (Amato 2012 ), b) Nimonic 263 processed on a
Trumpf SLM machine with laser power of 200W and scan velocity of 100 mm/s  (Vilaro,
Colin et al. 2012), c) Ti-6Al-4V processed on a customised laser machine with a power of
42 W and scan velocity of 200 mm/s (Thijs, Verhaeghe et al. 2010), d) Ti-6Al-7Nb on a
SLM Realiser Il (MCP-HEK) machine with power of 100W and scan velocity of 150 mm/s
#E1I AAOOR +0O0r1 BAEA AO Ai8 ¢mpp
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In addition to SEM analysis of microstructures, some investigations have used Electron
Back Scatter Diffraction (EBSD) to analyse the crystallographic texture of SLM processed
material (Bauer, Dawson et al. 20L&Etter, Kunze et al. 2015Divya, MufiozMoreno et al.
2016). From these investigations it is noted that solidification fibre texture tendsa a
preferred orientation of <001> which is parallel to the direction of growth, seeFigure
2.24. Additionally, Bauer, Dawson efal. (2013) reports that reduced energy densities,
specifically higher scan rates, resulted ira more chaotic microstructure, whereby the

epitaxial growth was disrupted and the texture became less distingt seeFigure 2.25.

0\ ) ) Z-build|
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Figure 2.24 z Inverse pole figure EBSD maps direct from a) Bauer, Dawson et al. (2013)
and b) Divya, Muioz-Moreno et al. (2016)
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Figure 2.25 z Inverse pole figure EBSD maps for energy densities of a) 116 J/mm 3 and
b)66 J/mm 3 z direct from Bauer, Dawson et al. (2013)

Although it appears that the SLM process places relatively tight constraints on
microstructure, further investigative analysisis required before conclusions can be made
with regards the particular solidification conditions and microstructure formation in
SLM. This will be carried out as part of the investigations of this work, detailof which

are found in Chapter 4.

2.5 Superalloys z History and Development

4EA OAOI O30PAOAITTT U8 OAEAOO O61 A cOi OP 1 E
operate at temperatures in excess of 540°C, and have base metals of nickel, -inakel

and colalt. This study focusses on nickebnd iron-nickel-base superalloys, as collectively

they form by far the largest group and by contrast have had relatively little attention in

the field of additive manufacturing research.

In this section we will discuss low and why nicketbase alloys were developed and what
properties and attributes they have which make them the material of choice for high

temperature applications.
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2.5.1 High temperature superalloys: the emergence of Nickel as the material of

choice

In the early decades of the 20 century, it became apparent that current metals were not
adequate for the technologies of the day and stronger, more corrosive resistant, high
temperature materials had to be developed. The stainless steels provided some respite,
but their strength limitations were soon highlighted and they became merely a stepping

stone to what be eventually be required.

With the beginning of World War Il came the dawn of the gas turbine, these machines
required materials which could withstand high lcads at temperatures well in excess of
540°C, and the alloys and steels of the time simply could not perform. As the technology
was developed, designers were pushing for components with greater and greater
properties, not just in high temperature strength lut also in corrosion resistance and
operational lifetime. The first true superalloys were derived from alloys used in quite
different applications to that of aerospace. The first cobalt superalloy was derived from
Vitallium, an alloy used in dentistry, whist nickel-chromium alloys (Inconel and
Nimonic) were said to have been adapted from the material used in toaster wire,

Nichrome (Donachie and Donachie 2002

2.5.2 Nickel as a solvent

As mentioned above, superalloys are not exclusively based on nickel, but niclald iron-
nickel-base superalloys have become the material of choice for high temperature
applications. This section summarises the properties and chemistry of nickel and shines

a light on the reason why its alloys dominate the aerospace industry.
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Atomic Atomic Isotopes Melting Density Crystal
number weight point (°C) (kgm-3) structure

28 58.71 58,60,61,62,64 1445 8907 FCC

Table 2.2 z Key material properties of nickel

Despite an obvious success as a base metal for high temperature superalloys, if one looks
at the material properties of nickel it is not obviously clear as to why. It has a micnge
melting temperature, less than half that of Carbon or Tungsten, and quigehigh density-
twice that of titanium (4508 kgmr3). However, the key property of nickel is its crystal
structure. If one views the transition metals, they are seen to be split into three structure
groups. Body Centred Cubic (bcc) largely to the left, Hexagonal Close Packed (hcp) in the
centre, and Face éntred Cubic (fcc) concentrated to the right. BCC metals tend to be
brittle and there is also a ductile/brittle transition which results in toughness decreasing
significantly with decreasing temperature. FCC metals on the other hand are both tough
and ducl A AT A AOA OEOO DPOAEAOOAA &I O EECE
structure is stable from room temperature up to its melting point. As a consequence,
nickel does not experience any phase changes as it is heated up to this point, minimising
thermally induced expansion or contraction. This is as a result of the significantly strong
cohesive energy provided by the outer ehell electrons; the same effect responsible for

T EAEAI 60 @ReEegE0A AT OEOU

FCC metals also have low diffusion rates, giving them considerabeicrostructure
stability at elevated temperatures. Low diffusion rates are also synonymous with low
rates of thermally activated creep, making fcc metals ideal for high temperature

applications (Reed 2009.

However, as ca be seerfrom Figure 2.26, the choice of viable candidates is quite limited.

The Platinum group metals (PGMs) are very dense and very costly, as goéd and silver,
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and mercury is liquid at room temperature. HCP are metals can be used, but out of them

only cobalt provides a viable candidate (Os has a poisonous oxide, Tc is radioactive and

Re and Ru are PGMs). Cobdiase superalloys are in fact usediowever they are more

expensive than nickelbase and nickeliron base, thus making them less commercially

attractive (Reed 206).

BCC
e VB VB \vus ViB = VIIIB - 1B B
23 |1 24 25 26 28 29
v cr Ni | cu
50.942 | 51.996 |54.9380 | 55.847 58.71 | 63.54
s | a 42 a5 | 46 | 47
Zr Nb Mo Rh Pd Ag
91.22 | 92.906 | 95.94 102.905| 106.4 |107.870
%57 | 72 | 73 | 74 77 | 78 | 79 | 80
La Hf Ta w Ir Pt Au Hg
138.91 | 178.49 | 180.948 | 183.85 1922 | 195.09 |196.967 | 200.59 | Hauid

\

FCC

HCP

Figure 2.26 - Crystal structures of the transition metals and their position on the periodic
table - taken from (Reed 2006)

Commercial viability is a large driver behind alloy development; alloy development is
driven by component desgn, which is driven by commercial demand. Thus it is no
surprise that alloys based on nickel, the fifth most abundant element on earth, have

become the industry favourite.

2.5.3 Conventional Manufacturing

Conventional manufacturing refers to any established marfacturing process of which
there are industry standards in place. In the case of superalloys it specifically relates to

casting, wrought (forging/work ing) and powder metallurgy. Welding of superalloys will
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2.5.3.1 Investment casting

Investment casting, like any other casting, involves the solidification of molten material
by means of heat extraction through the walls of a shaped mould. Disposable (generally
wax) models d the component are covered in ceramic slurry, this then hardens and the
wax is disposed of (usually with steam) leaving a moulded cavity. Molten material is then
poured into the ceramic mould and allowed to cool and solidify. The mould is then
destroyed to allow the removal of the componentgE AT AA OET OA QmbhakHieO 6

and Donachie 2002, seeFigure 2.27.
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Figure 2.27 - Diagram detailing the stages of investment casting z direct from (Donachie
and Donachie 2002 )
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Investment casting has been used heavily over the last 60 years in the manufaetwf

superalloy components, and specifically turbine blades or aircraft jet engines. In the
1950s nickelbase turbine blades were solid and forged from castings. However as the
operating temperatures increased, internal cooling channels were required and

investment cast blades took ovefDonachie and Donachie 2002

The grain structure which results from castingdepends on strength and direction of heat
extraction. Investment casting began with standard (uninfluenced) casting which
resulted in a coarse poly crystalline structure similar to that describedn Section 2.4.1.
Directional solidification was then implemented to create a columnar grain structure, and
then further to that single crystal structures. The coarse polycrystalline structure is
stronger than the finer structure of forged components at elevated temperatures, and is
also more resistant to creep dugo reduced grain boundarieReed 200§. The columnar
grain structure resulted in a substantial improvement in properties and allowed for the
use of nickel superalloys which had previously abandoned due to low ductility. The first
alloy to be commercially fabricated with DS was MARI-200, known as PWA 664 for DS,
which as cast had a high tensile strength but average ductyli Processing with DS casting
increased its ductility whilst maintaining the high tensile strength. Unfortunately, PWA
664 suffered from columnar grain separation at traverse grain boundaries. Addition of

hafnium solved the issue, and the new alloy was nmeed PWA 1422.

Single crystals are the ultimate in creep resistance due to the absence of grain boundaries,
and allow for more freedom with composition variations leading to more exotic, higher
performance alloys. Again, MARM-200 was the first single crysal alloy, but arguably the

first commercial application was with PWA 1480(Donachie and Donachie 2002
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As the requirement for greater cooling increased, blades with more complex internal

designs were needed. The disposable models were becoming increasingly difficult to
fabricate, bringing about one of the first applications of AM. Techniques such as
stereolithography and selective laser sintering are used to generate 3D patterns in either

xAg 10 bPil1UiAonh 1 AAAET ¢ O OEA AAOI U AAT pOA/
Donachie and Donachie (2002jlirect fabrication of the turbine blades themselves by AM

is already being considered.

2.5.3.2 Wrought and forging

Wrought alloys begin as cast ingots, but are then reheated and/or deformed numerous
times until a desired property or microstructure is reached. The deforming process
breaks up the coarse grains from casting into finer grain structure. Wrought alloys tend
to be more homogenous than cast, as the segregation present is cast microstructures is
dissolved and dispersed by the reheating and reforming. All of this means wrought alloys
are typically more ductile than cast, lending themselves to the forming of large
components such as turbine disk¢Donachie and Donachie 2002 Any process which is

forging or forming is cansidered wrought, for example: die forging, extrusion and rolling,

seeFigure 2.28.
G
Forging Extrusion Rolling

Figure 2.28 - Three common forms of wrought working  z adapted from (Donachie and
Donachie 2002)
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The advantage of forging iste ability to impart designed material properties through the
introduction of work energy by management and control of temperature and
deformation. As such a range of properties can be obtained from a single alloy
composition. However certain alloys are moe forgeable than others. An alloy is
principally forgeable if it can be deformed to a specific shape without creating surface
ruptures or internal defects. The rating increases in multiples of 1 (easily forgeable) with

increasing difficulty of forming i.e. more blows and more operations.

The design requirements for stronger and higher temperature performance nickel
superalloys lead to a range of alloys which were increasingly less forgeable. High
temperature steels such as &£86 have a forgeability ratingof 1. However, Hastelloy X,
which is not even used in high loading applications, has a rating of 3. Astroloy, designed

for application in turbine disks, has a rating of §Donachie and Donachie 200

A high rating does not mean the alloy is not forgeable; more that the energy and work
required to form and shape it is significantly increased. However, for the ul-high

strength alloys such as Astroloy and Rene 95, forging was too impractical and costly.

2.5.3.3 Powder Metallurgy processing
Powder Metallurgy (P/M) processing is used exclusively for nickel superalloy production,

and primarily for the high forgeability rated alloys designed for gas and jet turbine disks.

Principally, P/M uses high pressure and heat to consolidate powder into a net shape

ODOAA&EI Oi 6h xEEAE OEAT OANOEOAO i AAEgmudal ¢ AT A

like forging. Its introduction stemmed from difficulties and cost of forging Astrology as
well as its tendency to suffer from scattering chemical segregation. The solution was to

employ the rapid solidification conditions of atomisation. Prealloyed feedstock (cast
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ingot) was atomised nto powder, with fine grain structure and minimal segregation,
which was then consolidatedz but not remelted z to fully density by P/M processes.
(Donachie and Donachie 200R The primary P/M technique is Hot Isostatic Pressing, or
HIP(ing). Powder is poured into stainless steel containers which are either simple shapes
for billets or, in the case of a preform, more complex moulds. The container is then placed
with an autoclave and heated and pressurised isostatically using an inert gas, usually
argon. Typical temperature and pressure values for nickel superalloys are 1100 °C

with 100 MPa(Donachie and Donachie 2002

P/M requires fewer steps and reduced material input weight tharforging (see Figure
2.29), meaning it can achieve the same level of microstructural refinemeat a reduced
machine cost. However, increased cost of prealloyed powder feed stock combined with
high running costs of the machines mean P/M is only usedhen the alloy has a high

forgeability rating or there is a property advantage(Donachie and Donachie 2002
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Conventional processing

vacuum melting and Hot isostatic pressing Direct hot
cold forging plus hot forging isostatic pressing

Ingot @ & ) = =

P/M preform Near-netshape part
95 kg (210 Ib) 33kg(721b) 18kg (401b)
o,
forge

93 kg (205 Ib)

Blocker C 3
forge

91 kg (200 Ib) Y
. 33 kg (72 Ib)
Finish
forge
77 kg (170 Ib)
Machined
for heat
treating 75 kg (165 Ib) Y Y
20 kg (45 Ib) 18 kg (40 Ib)
) M Sonic =
Machined 32 kg (165 Ib)
sonic *
envelope
5kg(111b)
Finished part

Figure 2.29 - Process steps for forging vs HIP and Direct Hip z direct from (Donachie and
Donachie 2002)

The powder feedstock used for P/M is the same as that used for metal AM (if perhaps a
different size range), however in the majority of AM processes, the powder is fully ribed

leading to new grain structures. The existence of P/M processing meant that there was
no gap in supply of prealloyed powder feedstock for the new AM processes, and much of

the relevant knowledge and understanding of powders already exists.

2.6  Superalloys - Metallurgy
2.6.1 Phases and microstructure

Phases of an alloy form as a result of differing melting points of solutes within solution.
As the solution cools, the various phases will separate by means of differing solidification

temperatures. The first phase to from, in which the majority of the sgknt element will
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observed phases (beneficial and detrimental) in superalloys, ncluding their

microstructural contributions and the chemical forms which they take. The following list

adapted fromDonachie and Donachie (2002and Gessinger (1984)

Phase Crystal Chemical form Comments
structure
r fcc structure Solid Solution This isthe primary phase, it exhibits an fcc

structure and nearly always forms a
continuous matrix in  which other
secondary phases often reside

r o fcc NizAl/Ni 3(Alx,Tiy), This is the principal strengthening phase in
with x and y the majority of nickel- and nickeliron base
varying between superalloys. It exhibits an fcc structure,
0.51 and 00.5 which varies in lattice size by only & 0.5%
respectively, AOT I OEAO 1T &£ OEA
depending on coherent with it. It forms as precipitates
relative wt% of I x EOEET OEA r [ AOOE!
and Ti from spherical to cuboidal and whose size

varies with temperature and cooling rates.
In most modern superalloys, the
precipitates are cuboidal.

r 60 bct(ordered NisNb The second mosimport ant strengthening
D022) phase, occurs in nickel and nickeron base
superalloys which have relatively high
Niobium (Nb) contents. It precipitates
within the matrix as coherent discs aligned
in the {100] plane that have an average
diameter of 600A and thicknes50-90 A. It
is the principle strengthener in Inconel 718.

Carbides come in 4 forms, M represents metal element, C is carbon. Principle effect
improvement of creeprupture strength by reduction of grain boundary sliding, full details of
effects are desribed in subsequent section:

MC Cubic TiC, NbC and HfC, CubicstructurezO- 8 Al AT AT OC
HfC most stable Hf, Ta, Thorium and Zr. Active in and a
grain boundaries of the matrix and appears

as globular, irregularly shaped particles

M2sGCs fcc CrsGCe &1 Oi &EOiTi OEA AOAAE
(Fe,W,Mo0}3Gs temperatures. It can precipitate as films,
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globules, platelets, lamellae and cells an
mostly forms at grain boundaries. As films
it is brittle having an adverse effect on
ductility, however in globules it provides
grain boundary strengthening.

MsC  fcc FesMosC Randomly distributed carbides, usually
FesWsC FesW,C pinkish in colour. Similar effects to
FesNbsC mechanical properties as M:Gs, however
NbsCaC are more stable at higher temperatures. vV
TasCaxC elements are usually Mo or W.

M;G  Hexagonal CrG Usually observed as blocky intergranular

precipitate. In more complex alloys is
unstable andtransforms into M23Gs.

MsB,  Tetragonal TasB: Borides: Observe in Ni and F&li-base
V3B; superalloys with a %wt of >0.03 Boron. Act
NbzB, in similar ways to carbides, also reside in
(Mo,Ti,Cr,Ni,Fe)}B, COAET Al O1 AAOEAOS
MozFeB elements.

MN Cubic TiN Nitrides: Observed in alloys containing Ti,
(Ti,Nb,ZrnN Nb Zr. Not insoluble in temperatures below
(Ti,Nb,Zr)(C,N) the melting point. Have square rectangular
ZrN shape.
NbN

The topologically close packed phases or tcp phases asgarded as highly undesirable.
They include the below phases and are detrimental to rupture strength and ductility.

They are more likely to form with greater segregation.

S hcp (DQz4) NisTi This is an undesirable hcp phase which ca
be found in all superalloys with high Ti:Al
ratios after extended exposure.

1 Orthorhombic NisNb Observed in overaged Inconel 718. Form:
between 815-980°C by cellular reaction.

i Rhombohedral CoWs Usually observed in alloys with higher
(Fe,Co)(Mo,W)s concentrations of Mo or W. Form as courst
irregular Widmanstatten platelets at high

temperatures.
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Laves Hexagonal FeNb More common in the ironbase and cobalt

FeTi base superalloys, usually appearing as
FeMo elongated globules or platelets. Precipitate
CaTa after long term high temperature exposure.
CaTi

A Tetragonal FeCr Most common in irortnickel- and cobalt
FeCrMo base superalloys. Similar in morphology to
CrFeMoNi laves, but form dter extended periods of
CrCo exposure between 540°C and 980°C
CrNiMo

2.6.2 Alloying elements and their effects (nickel and nickel -iron)

This short section details the various alloying elements specific to nickélase
superalloys. This gives a more general overview as to the choice of alloying elements. The
below table has been created with information fromGessinger (1984)and Donachie and

Donachie (2002)

Group Elements Effect
-AOOE®@ jrq Al ACCo,Fe, Cr, Mo, W, Vi, Al, Solid solution strengthening.
Cc* *All are substitutional except
for carbon, which is
interstitial
r0Fr 60 Al, Ti, Nb, Ta Precipitation strengthening
Carbide forming Cr, Mo, W, V, Nb, Ta, Ti, H Reduction of grain boundary

sliding. Increasing creep-
rupture strength

Boride forming Mo, Ta, Nb, Ni, Fe, V Similar to carbides
Nitride forming Ti, Zr, Nb, C 8888888888
Grain boundary active Zr, B Enhance creep strength anc

rupture ductility

Additional Co Raises solvus temperature of
ro
Al, Cr)Y, La, Ce Oxidation resistance
La, Th Improve hot  corrosion
resistance
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Cr, Co, Si Sulfidation resistance

B, Ta Improves creep properties**
B, C, Zr, Hf Grain-boundary refiners**
Re 2A0A0A0 8 AT (

** By means of the formation oborides and carbides

2.6.3 Strengthening

If one wants to control the mechanical properties of a superalloy, then one needs to be

able to affect the microstructure. This is achieved by control of the processing conditions

or the chemical composition(Reed 200§. A good example of strengthening by processing

is wrought; where the microstructure of a cast alloy is physally altered by forming.

(T xAOAOR ET OEA 1 AET OEOU 1T &£ AAOGAOR AT AllIld
conditions and chemical composition.

10O EAO Al OAAAU AAAT AEOAOOOAA ET 3AAOQOEIT ¢8¢
the addition of alloying elements and the formation of phases. Depending on which phase

is active, the strengthening effects fall into three main categories: Solid Solution

Strengthening (SSS), precipitation strengthening and grain boundary strengthening.

Ultimately, the strength of metals is dependent on the propagation of dislocations

through the crystal structure. Dislocations occur in all real life materials, and the type and

i ACTEOOAA T £ OEAOGA AEOI T AAQGETT O O000ITCI U AEA
in 3 forms: edge, screw and mixed, where mixed is a part way between the other two. In

real life materials it is generally mixed(Tilley 2013).
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Figure 2.30 - Schematic of edge and screw dislocations z adapted from (Tilley 2013 )

Dislocations form stress fields around them, which are specific to the type of dislocation.
When stress is applied to the material, the dislocation propagates causing local
deformation. In a brittle material, the energy required to propagate a crack is less than
that required to propagate a dislocation, in a ductile material the opposite is the case

(Newey and Weaver 2013.

2.6.3.1 Solid-solution strengthening

When solvent atoms are placed withira solute lattice, local stress fields are formed as a
result of both lattice distortions (differing atomic size and lattice parameters) and
differing atomic moduli. A difference in lattice parameter results in a high stress field
around the solute atom, wihch will interact with those of the dislocation and inhibit its
propagation (Tilley 2013). A difference in modulus changes the local energy around the
dislocation, increasing the magnitude of the energy well and hence increasing the force
required to move past it. Both of theseeffects result in an increase of the yield stress of

the lattice (lattice stress), and therefore an increase thgield strengthof a material
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Depending on the relative size of the solute atoms, they will cause different types of lattice
distortion. If the solute atoms size differs by less than 15% of that of the solvent atoms,
then it can replace a solvent atom in the lattice forming a substitidnal solid solution
(Tilley 2013). If this results in increased lattice stress then it is referred to as
Substitutional Solid Solution Strengthenin@SS¥ seeFigure 2.31. Substitutional solute
atoms generate spherical stress fields, which have no srestress component. This

means they cannot interact with screw dislocations, as they possess shear stress fields.

(a) (b)

Figure 2.31 - a) representation of substitutional solute atom (green) in lattice, b)
propagation of edge dislocation through lattice being prevented by solute atom. Stress
fields (purple rings) of substitutional atom and dislocation repel each other, inhibiting

fur ther propagation z adapted from (Gedeon 2010)

If the solute atom is similar in size or smaller than the solvent atoms, it can occupy the
interstices of the lattice. This is known agnterstitial Solid Solution StrengtheningISSS)
Interstitial atoms create tetragonal distortion, which caninteract with sheer stress fields
and hence edge, screw and mixed dislocatiogsseeFigure 2.32. As a consequence small
interstitial solute atoms such as carbon, tend to be the more effective solid solution
strengtheners, per unit spacg Donachie and Donachie 2002 One of the most common

examples of ISSS is in carbon solute in iron, otherwise known as steel. In this system, the
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carbon atoms are distributed randomly throughout the fcc structure of tk iron, forming

austenite (Tilley 2013).

(a)

Figure 2.32 - a) Representation of interstitial solute atom (red) in lattice, b) as with
Figure 2.31- adapted from (Gedeon 2010)

If we now consider the stress required to move the dislocatiorz;

Yt OB Viod
Equation 2.16
Where Gis the shear modulushEO OEA | ACl EOOAA T iEkthdditibe " OOCA
strain causedby the solute andcis the concentration of the solute atoms. It can be seen
from Equation 2.16 that an increase in the concentration of solute atoms, will lead to an
increase inzZAT A OEOO Al ET AOAAOA ET OEA |1 AOGAOEAI GO
limitless solution as each solvent has a solubility limit for any given solute. It is also only
applicable for a single solute in solution. In multiple element alloys, compositions must
be carefully balanced so as to maintain a full solution and the prediction of resulting

lattice stress is far more complex.

83



2.6.3.2 Precipitation strengthening

In Section 2.6.1,the various elements involved in precipitation strengthening were
highlighted. The term encompasses the strengthening effects of any precipitate

i OAAT T AAoOUuq PEAOAh EI xAOAO EO EO OOOGAITTU T11
solid solution strengthening, it is the impediment of dislocations by the precipitates

which acts to strengthen the alloy. The effectiveness of the precipitation strengthening

depends on a number of factors: precipitatenatrix crystal coherence, crystal order and

precipitate size.

The most dfective strengthening is typically achieved whenthe precipitates crystal
structure is coherent with that of the matrix, however semicoherent and incoherent
matches can still provide strengtheningIn the optimal situation, the two wouldhave the

same crystal structure and a similar crystal lattice size. The greater the coherence, the
more precipitate one can pack into the matrix lattice. Thereby increasing the density of

Al TAEET ¢ OAI ATl A1 6068 AT A EIT AOAA &Enikel-BaBeOl T AAO
superalloys coherence achieved is approximately 99100% (Donachie and Donachie

2002).

PrecDEOAOAO OOAE AO 86 AT A 66 EAOA 1T OAAOAA
preference. Ordered states have greater energies than disordered, thus the introduction

I £ AT 1T OAAOAA POAAEPEOAOA ET O A Al i bABAOEOA
The higher energies increase the force required for dislocations to propagaigeed

2006).

The size of precipitates pobably has the greatest effect on the mechanical properties of
the alloy. Optimal size is dependant of the desired property; if the precipitates are too

small they will not block any dislocations effectively, too large and the dislocation will
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bow and strength will be lowered (Donachie and Donachie 2002 Creeprupture strength
benefits from smaller precipitates,whereas larger precipitates promote yield strength. In

reality, this results in compromises or the sacrifice of one property for the gain in another.

2.6.3.3 Carbides and grain boundary strengthening

Principally, carbides are used to strengthen grain boundariesncrease creeprupture
strength, prevent grainboundary sliding and permit stressrelaxation. They can also act
as substitutional solid solution strengtheners if they form fine precipitates within the
matrix structure. A tertiary effect is that the carbides often tie up potential detrimental
elements, which may otherwise cause phase instabilities during service. The several
types of carbide usually ceexist, but they do not all form at the same time. MC are
generally (depending on the M element) high tempeture forming, and thus tend to form

in the molten state. MC is intermediate (816982°C), and MsGs and MrCs are low
temperature (790-816°C) (Donachie and Donachie 2002 these are generally formed by

breakdown reactions of the MC, as seen in the below equations.

066 o0 & I

Equation 2.17

and

Equation 2.18

MC carbides are fcc in structure and are distributed heterogeneously through the alloy.
They can be found in both intergranular and transgranular locations, often in the

interdendritic regions. As well as forming in the melt they can also form in the
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precipitation from supersaturated solid solutions at high temperatures (>1038°C). In

order of decreasing stability, the preferred natural order of MC carbides is HfC, TaC, NbC
and TiC. These are not mutually exclusive compounds and the metallic elements can
readily substitute each other e.g. (Ti,Nb)C and even certain less reactive elements such as

Mo can be substituted e.g. (Ti,Mo)(Donachie and Donachie 200R2

M23Gs is the primary grain boundary carbide and if formed correctly, occurs as irregular,

blocky anddiscontinuouspatrticles, as inFigure 2.33. In some cases, the MC particles can

AA AT AOGAA ET A 1AUAO T &£ 6 DPOAAEDEOAOAN OEE
boundary layer (Gessinger 1984. The MC carbide can also precipitate as a blocky

particle in the grain boundaries, as well as sometimeforming in a Widmanstatten
intragranular morphology. Unlike MC carbides, MC have a complex cubic structure and

can only form if the molybdenum and/or tungsten content is more than 6 at.%Donachie

and Donachie 2002.

Figure 2.33 7 M23Gs carbides precipitated along the grain boundary of an experimental
superalloy during creep testing at 950°C and 290 MPa z direct from (Reed 2006)

Similar to carbon, boron has been found to improve the elevated temperature creep
properties of superalloys. The small size of the atom allows it to diffuse relatively easily
through the matrix and as with carbon it tends to concetnate and precipitate at the grain

boundaries of the! matrix (Reed 200§.
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2.7 Cracking in welding of Ni -base alloys and superalloys

In this section, established mechanisms for welding induced cracking in nickel alloys and
superalloys are discussed and considered. In the absence of research on cracking
mechanisms for AM or SLM, welding is the closest process with regards toiddication
conditions. It must be stressed that the applicability of these mechanisms to the SLM
process is not to be assumed at this stage, but that they are kept in mind for the chapters

and sections which follow.

2.7.1 Solidification cracking

The use of soliification cracking as a general term must be done so with care, as it refers
to a specific cracking mechanism. Solidification cracking occurs in the final phase of
solidification, where a thin film of liquid phase remains at the grain boundary, and
sometimes interdendritic regions, at the point in time when the solid phase is beginning
to shrink. The liquid film offers no resistance to the strains generated by the shrinking
grains and a cracks opens up along the grain boundaiippold, Kiser et al. 201). The
OOAOI ET Al OI 1 EAEZEZEAAQEIT AZEEI 108 AOA AOOAAOQE,
permitted by solute diffusion. The fraction of liquid film which forms can vary with alloy
composition and is dependent on the solidification temperature range of the alloy, as well
as solidification conditions (Lippold, Kiser et al. 201). Solute diffusion is therefore an
important factor in solidification cracking, as it affects both the solidification temperature
range at the solidliquid interface and the formation of the eutectic type phase. The
existence of a solidification temperature range results in formation of a solid+liquid zone,
called the mushy zone. It is within the mushy zone that the terminal liquid film forms and
a solidification crack propagates. The longer the mushy zone exists, the greater the

window for solidification cracking is. Higher solidification rates should therefore mhibit
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the solidification cracking mechanism, but this is highly dependent on the diffusion rates

of the alloy elements.

Figure 2.34 shows solidification cracking in Alloy 625 and Alloy 230W. In Alloy 625 it was
observed that terminal eutectic liquid phase fraction was high enough to heal the crack
that had formed (Lippold, Kiser et al. 201). However, in Alloy 230W, the film is so thin
that it is not observable and only the crack can be seen. The morphology of the cracks is
relatively unigue as it follows the pathof grain boundaries only, and because there has
not been any rupturing or fracturing of solid phase material, the crack edges are relatively

smooth.

(b)

Figure 2.34 - Solidification cracking in a) Alloy 625 an d b) Alloy 230W. Light area
highlighted by arrows in a) is Nb rich eutectic which has healed the crack. In Alloy 230W
the liquid film has a lower volume fraction and the cracks remain  z adapted from
(Bollinghaus, Herold et al. 2008 ).
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The susceptibility to solidification cracking has been quantified for some alloys by means
of determining the Solidification Cracking Temprature Range (SCTR), which is smaller
or equal to the solidification temperature range of the alloy. Alloys which are particularly
susceptible to solidification cracking are Alloy 625 with an SCTR = 210 K, Hastelloy X with
SCTR =190 K and Hastelloy W WitSCTR = 145 KLippold, Kiser et al. 201). As a general
indication, the larger the solidification temperature range of a nickel superalloy the more

susceptible it is to solidification cracking.

2.7.2 Heat affected zone (HAZ) Liquation cracking

HAZ liquation cracking occurs when solid material adjacent to fusion zone is exposed to
a range of peak temperatures resulting in partial melting of the microstructure, or
Partially Melted Zone (PMZ). Similar tosolidification cracking, the partially melted
material cannot withstand the thermally induced strains and forms a crack. There are two
mechanisms established as causing HAZ liquation cracking, solute segregation and melt

penetration (Lippold, Kiser et al. 201).

Segregation of solutes or impurities to the grain boundary depresses the melting
temperature in the local region. In the PMZ, the material is now more likely to form a
liquid film along the grain boundary as the low melting composition is already present.
This is different to solidification cracking as the segregation has already occurred and it

is subsequent heating that is driving the mechanism.

In penetration, local melting in the micostructure is intersected by a mobile grain
boundary. The liquid then penetrates, and moves along, the grain boundary and a crack

forms as above(Lippold, Kiser et al. 201).
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2.7.3 Ductility dip cracking and ductility minimum

2.7.3.1 Elevated temperature ductility minimum

The elevated temperature ductility minimum is a phenomenon that occurs when nickel
superalloys are plastically deformed at elevated temperatures. The critical temperature
at which this occurs, is approximately 760°C or 1400 °E an often chosen temperature

for elevated temperature tensile testing(Arkoosh and Fiore 1972.

The precise mechanism is detailed in Arkoosh and Fioi@&rkoosh and Fiore 1973 but
simply: the plastic deformation initiates the rapid formation of MC carbides, the higher
the temperature, the more carbides form. At first the carbides act against dislocation slip
and deformation, affectively reducing the ductility of the material. fis occurs to up a
point z the ductility minimum Zz beyond which the depletion of solid solution
strengthening elements in the matrix becomes more significant and normal ductility

resumes.

2.7.3.2 Ductility Dip Cracking (DDC)

DDC may be perceived as a more genertdrm as it is often used incorrectly or
inconsistently in literature. However specifically it refers to the cracking of an alloy as
result of a sudden dip in ductility over a temperature rang€dLippold, Kiser et al. 201).
This can occur as a result of the mechanism detailed in Section 2.7.3.1, but also due to
segregation of minor elements and formation of secondary phases such as carbides. In
nickel base weld metals, cracks are always observedoal a migrated grain boundary
(Lippold, Kiser et al. 201). Migrated Grain Boundaries (MGBs) form from the primary
solidification grain boundaries and are a separation of the crystallographic congment
from the compositional component. MGBs carry the same high angle misorientation as
the parent solidification grain boundary; they form as result of straightening of the
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crystallographic boundary to a lower energy state and pull away from the solidifation
grain boundary. The formation of an MGB is more likely in multiple pass welds, due to

reheating.

There have been a number of theories over the years as to the mechanisms behind DDC,
most recent of which was proposed by oung, Capobianco et al. (2008yho investigated

the effect of chromiumcontent in DDC of welded NCr alloys.

Full microstructural, chemical, tensile analysis and finite element modelling all indicated
that the DDC was caused by a combination of macro, thermal and solidification stresses
induced by the welding, and local gain boundary stresses generated during precipitation

of partially coherent (Cr,Fe}sGs carbides at the grainboundaries, sed~igure 2.35.
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Figure 2.35 - Pictorial description of PIC cracking. A) partially coherent sub  -micron sized
(Cr,Fe)23Cs form on grain boundary in reheated w eld metal creating significant mismatch.
B) precipitation creates stresses between carbides, promoting crack nucleation. C)
macroscopic thermal and solidification stresses link the intercarbide cracks resulting in
DDC along the grain boundary (Young, Capobianco et al. 2008).
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This mechanism of Precipitationinduced Cracking (PIC) can be mitigated by alloying to
minimise the formation of the problem carbides (Cr and Fe), through Nb or Ti additions
which form NbC and TiC instead. These simple carbides promote the formation of
tortuous grain boundaries which more resistant to DDCLippold, Kiser et al. 201). It is
noted that chromium content is the primary factor in DDC of welded nickel alloys, and as

such alloys with lowchromium content are not as susceptible to DDC.

2.7.4 Elevated temperature solid state cracking

Elevated Temperature Solid State (ETSS) cracking is crucially different to solidification
or liguation cracking because it occurs once the material is in solid phase. In the case of
ETSS, the material has fractured (or ruptured if ductile) in response toigh thermal
stresses induced by the process. Itis different to DDC in mechanism in that it is not caused
by a sudden drop in ductility or exhaustion of ductility(Lippold, Kiser et al. 201). Quie

simply it occurs when the local stress exceeds the UTS of the material in its current state.

ETSS cracks are visually very similar to DDC cracks and identifiable by the exposed crystal
structure within their interiors and a distinctly jagged profile. They are most likely to
form along the solidification grain boundaries as they are typically the path of least
resistance. High magnification electron microscopy and EDS can be used to check for the
presence of carbides or segregated solutes, which are icdtive of DDC. If there is no
presence of secondary phases or concentrated solutes it is then assumed that the fracture

has occurred purely as a stress relaxation mechanism.
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2.7.5 Elements associated with cracking mechanisms

The majority of the cracking mecharsms detailed in the previous sections are influenced

by the concentration of solute elements (including impurities), however which elements

and in what concentrations varies depending on the alloy. To date, there is insufficient

data in the public domain b draw any conclusions regarding the effects of certain solute

AT AT ATOO 11 OEA OPOI AAOOAAEI EOQUS T &£ AT Al 11
solute elements were implicated as having influence on DDC of nickel alloys and
superalloys. However, may of these elements serve a specific purpose once the alloy is

in operational state and therefore it is important to identify which elements, and at what

concentrations, are detrimental to weldability.

2.7.5.1 Carbon

From Section 2.6, it is known that the primay purpose for carbon in superalloys is to
form carbides. Carbides, when present in optimum size and numbers, are central for grain
boundary strengthening and creep resistance. It is also used as an interstitial solid

solution strengthener.

Due to their smdl size, carbon atoms sit interstitially within the lattice. This allows them
to move relatively freely through the lattice as they jump from interstice to interstice.
This high mobility allows carbon to segregate to regions of high energy (or stress) such
as grain boundaries, even in rapid solidification conditions. The segregation increases the
likelihood of carbide formation, which generates localised stress fields and can lead to
DDC (Section 2.7.3). This is a particularly prevalent problem in weldingf mickel base

alloys, resulting in the creation of low carbon (LC) versions of cast or wrought alloys.

93



Work by Collins and Lippold(Collins andLippold 2003) reviewed the reported effects of
carbon (and other minor element) content on weldability and micrecracking of nickel

based filler materials.

In concentrations of <0.1 wt%, it is shown to have only minor effect on microracking.
However, for concentrations >0.1 wt% it can have an effect on solidification path which
can influence microcracking behaviour. The reason for this is that the increased volume
fraction of carbides at the grain boundary ensures a liquid film is retained to lower
temperatures. This allows for increased risk of solidification cracking, but importantly

does affect DDC.

Although the formation of carbides has been linked to DDCY¥oung, Capobianco et al.
2008), carbide formation requires both carbon and the M element in sufficient
concentrations (Donachie and Donachie 200Rand in Young, Capoianco et al. it was

excessive M element concentration that was highlighted as being the problem.

In consideration of ETSS cracking, an increase in yield strength is often associated with a
reduction in ductility or increase in stiffness. It must therefoe be considered that carbon
content could have an effect on the ETSS by reducing the ductility of the superalloy. As a
case study, a comparison between the chemical composition and tensile performance of
IN713C and IN713LC, high and lowarbon versions ofthe same alloy base, is detailed in

Table2.3 and Table 2.4 respectively.

Alloy/Element Ni Cr C Mo Al B Ti Ta Zr  Other
IN713C 74 125 012 42 6 0012 08 175 0.1 O09Nb
IN713LC 75 12 005 45 6 001 0.6 4 0.1 -

Table 2.3 - Nominal compositions of IN713C and IN713LC, values in wt% (Donachie and
Donachie 2002).
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UTS (MPa) Yield strength (MPa)  Elongation (%)

Alloy/Temp 21°C 538°C 21°C 538°C 21°C 538°C
IN713C 850 860 740 705 8 10
IN713LC 895 895 750 760 15 11

Table 2.4 - Tensile data for room and elevated temperature of IN713C and IN713LC
(Donachie and Donachie 2002).

It is observed that, with the exception of a few elements, the compositions of the two
alloys are near identical. The carbon content of IN713LC is significantly reduced, but
there is also a large increase in the concentration of tantalum, which forms secondary
phases and is used for precipitation strengthening. This could be the reason that IN713LC
outperforms IN713C for tensile strength across the temperature range, whilst still having
an increased (if only marginaly) ductility. The tensile properties certainly place doubt on
the proposal of carbon reducing ductility as a compromise for increased tensile strength,
however the addition of tantalum and the fact that the tensile tests have been carried out
on solution treated and aged samples muddies the comparisdnterestingly the nominal
carbon content of IN713C is above the 0.1 wt% limit for excessive carbide formation
leading to increased chance of solidification cracking, as highlighted by Collins and
Lippold. This, combined with tensile properties, all but cofirms that the reduction of
carbon in nickel alloys to increase weldability is to reduce the chance of solidification

cracking and not to increase the ductility and prevent ETSS cracking.

2.7.5.2 Other minor elements
Minor elements are elements within an alloywhich are of ~2 %wt or less. They can be
purposeful additions, such as carbon in steel (typically <1 %wt) or impurities, such as

sulphur, which are inherent with the addition of certain alloying elements.
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From Collins and Lippold(Collins and Lippold 2003, varying concentrations of C, Si and
S in Inconel 718 between 0.0090.05%, 0.050.25 and 0.00060.0027 wt% respectively,
had no effect on nicro-cracking under welding. However, combinations of S, P and B can
yield better or poorer weldability depending on the ratios, making it difficult to pin point

any one particular element. The general conclusions were as follows:

1 Sulphur should be kept asow as possible as it is a tramp element and imparts no
particular benefit to the alloy or its weldability. Sulphide formers such as Mg, Ti,

Zr and Mn can be used to combine with sulphur and reduce its effects.

1 Phosphorusz high P values can be used to ipnove creep properties, but generally

it is to be considered in a similar vein as sulphur.

1 Boron should be kept as low as possible, but not so low as creep properties are

affected

1 Synergistic or competitive relationships between B, C and P relative to welbility

have been observed, but cannot be quantified.

Savage and Krantz investigate®( | O AOAAEE| ¢Sataje afdXKadAlbdsi U 86
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et al. 211). In the 1966 study, the relationship between micro cracking and solute
segregation was investigated, with particular focus on S, Si and Mn. Optical microscopy
showed that micro-cracking had occurred exclusively in regions exhibiting segregation,
and it was also confirmed that the microsegregation in the fusion zone had occurred as a

result of the solidification process.
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Savage and Krantz (1971)sought to identify all of the solute elements which had
segregatedand establish which species (secondary phases) they had formed as a result.

Solute segregation at the grain and sufrain boundaries was confirmed by specimen

current imaging. These regions were found to have high concentrations of Mo, S and Si,
moderate @ncentrations of Cr and Mn and were depleted in Ni, Fe and Co. Powder

analysis revealed the presence of six sulphides, three carbides, two nitrides and 2

Oi EOAAT T AT A1 608 ODPAAEAOG8 )OO xAO AAAI AAh AU |
metallurgical behaviour, that only the sulphides (Ce&, CeSs, CrSs, Fex-iS, MnS and

MoS) and carbides (MC, Ms3Gs, (Cr,FeyGs) were detrimental to crack behaviour. The
AAOAEAAO xAOA TAOAOOGAA O AOOEOO 1 ENOGAOGEIT 1/
whilst the sulphides are believed to reduce crack resistance and are responsible for the

PDi 1T O AOAAEETI ¢ AAEAOEI 6O EI A OEECE 00I PEOOS
Interestingly, although silicon is revealed to be very mobile, it is not deemed to have a

direct influence on the cracking resistance of the alloyz contrary to more recent

publications (Tomus, Jarvis et al. 201,3ru, Rombouts et al. 2013

2.7.5.3 Possible effects of hydrogen inclusion

Hydrogen has been shown to have a pronounced negative effect on the DDC elbddie
welding filler metals (Collins and Lippold 2003. Crackirg was found to be quite
significant at temperatures between 850z 1000°C with 1% applied strain. Rather than
creating a new mechanism, it increased the number of susceptible grain boundaries. It
must be stressed that hydrogen was added to melt using 954&H: shielding gas, rather
than being present in the metal before welding; also that samples were heated and

loaded, and cracks which formed as consequence of welding alone were not considered.
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Ordinarily hydrogen cracking is not a concern in fully austeniti (fcc) structures because
hydrogen has a high solubility and low diffusivity (in austenitic structures). However,
atomic hydrogen is an extremely mobile interstitial addition and may increase DDC
cracking if it occurs in sufficient concentration. Througloptical microscopy, it was found
that cracking was predominant at triple point intersections, supporting the hypothesis
that hydrogen diffuses to regions of the crystal lattice where tensile stress concentrations
are present, decreasing grain boundary casion and ultimately increasing DDC

susceptibility.
2.8 SLM processing: Nickel alloys, thermal stress and crack formation
2.8.1 Nickel superalloys: microstructure, mechanical properties and defects

There have been a number of studies on nickel superalloys processeg SLM, the
majority of which have investigated effect of process parameters on densification and
microstructure. To date, nickel superalloys reported to have been processed with full
density are Inconel 718(Amato, Gaytan et al. 201L,2Vang, Guan et al. 2012 Inconel 625
(Amato 2012 Savitha, Gokhale et al. 2032 Nimonic 263 (Vilaro, Colin et al. 2012,
Inconel 939 (Kanagarajah, Brenne et al. 2003 Inconel 738 L Rickenbacher 2013 and
Hastelloy X(Wang 2011). The range of alloys in this list should not be surprising, as the
stability of the nickel base fcc structuremeans the alloy does not experience phase

changes before melting making it easy to melt and fuse.

The microstructure conforms to that observed in other materialsWang, Guan et al
(2012) highlights the absence of 6 sNtEprecipitates in as processed Inconel 718, and
attributes this to inhibition of precipitate formation due to high solidification rates.

ConverselyAmato, Gaytan et al. (2012argue the presenceof6 D OAAEDPEOAOAO
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and TEM analysis. In the XRD, althougi®-bct NisNb peaks are detected, both the (200)
and (220) texture coincide with those for the! -fcc matrix peak and it is conceded that

AAAEOET T Al AOCEAAT AA EO OANOEOBREATU AL ABGADAADE

10 POAAEDPEOAOAOG AT dfodhldoral toctiedild dirgction, gs well ad 1
some coincident to the [010] plane (parallel to build direction)z seeFigure 2.36.
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Figure 2.36 - XRD spectra peaks for pre -alloyed Inconel 718 powder compared to as
processed SLM processed Inconel 718 (left). Supporting TEM image apparently showing
nano precipitates of Ni3Nb in as processed SLM processed Inconel 718 (right) z adapted

from (Amato, Gaytan et al. 2012)

Vilaro, Colin et al. (2012 AOAOOAA 11 387r 86 DOAAEDEOAOAOD
stating that solidification rates were high enough to inhibit their precipitation. However,

high magnification SEM imaging appears to show the presee of submicron sized
carbides surrounding interdendritic regions. Vilaro states that the segregation of Ti

solute to the interdendritic region is sufficient to allow the precipitation of TiC carbides.

The microstructural features to which Vilaro refers,are actually seen to be distributed

throughout the crystal structure, some even within the centre of a dendrite, which
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conflicts with the statement,seeFigure 2.37. Unfortunately, there is no additional data to

confirm the chemical composition of the features.

Figure 2.37 - Proposed TiC carbides highlighted by arrows, in Nimonic 263 processed by
SLMz adapted from (Vilaro, Colin et al. 2012)

Precipitation strengthened alloys, such as Inconel 718, therefe still require solution
treatment and aging if the designed properties are to be achieved. Indeed, in the as
processed state, the room temperature yield strength of Inconel 718 was reported to be
889-907 MPa, compared to 103167 MPa of wrought and agedHowever once the SLM
processed Inconel 718 was heat treated, yield strength increased to 113261 MPa. UTS,
91 01T Cc60 11 AOI OO AT A ATTTCAOQGET T x AnadAg, GuanOl
et al. 2012. Amato, Gaytan et al. (2012jeported similar results, but reported that the
SLM and heat treatedriconel 718 had slightly superior tensile strength to the equivalent
wrought. In fact for the majority cases, once heat treated and/or aged, precipitation

strengthened alloys have comparable or superior tensile properties when processed by
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SLM compared to wought (Vilaro, Colin et al. 2012 Kanagarajah, Brenne et al. 2013

Rickenbacher 2013.

The same is true for solution strengthened alloys such as Hastelloy Wang (2011)
reports room temperature yield strength, UTS and elongation values of between 81216
MPa, 923937 MPa and 3436 % respectively for the as processed state. Compared to max
yield strength 385 MPa and UTS of 775 MPa and elongation 45 % of for heat treated sheet
Hastelloy X(Inc. 1997), this represents a significant increase in tensile strength whilst
still maintaining good ductility. Table 2.5 gives a comparison between SLM and

conventionally processed nickel superalloys.

Kyo2 (MPa) Kuts(MPa) E (GPa) 1 (%)
Con. SLM +ht Con. SLM +ht Con. SLM +ht Con. SLM +ht

Hastelloy Xa 360 816 - 785 937 - 205 - 43 35
Inconel 718b 1185 907 1161 1435 1148 1358 208 204 201 21 26 22

Nimonic 263¢ 580 818 843 970 1085 1268 - 163 206 39 24 53

ayalues for Con(Donachie and Donachie 2002 SLM(Wang 2011
byvalues for Con(Donachie and Donachie 2002 SLM and +h{Wang, Guan et al. 2012
cvalues for Con.(Donachie and Donachie 2003, SLM and +htVilaro, Colin et al. 2012
Table 2.5 - Tensile properties of nickel base superalloys for conventional (C  on.), SLM as

processed (SLM) and SLM as processed plus heat treatment (+ht).

The increase in tensile strength for the SLM as processed states is attributed to the fine
grain structure, due to the HalPetch relation for grain size and yield strength, whst the
columnar structure allows for maintained (or sometimes increased) ductility(Vilaro,

Colin et al. 2012Wang, Guan et al. 201, Xanagarajah, Brenne et al. 2013

Amato, Gaytan et al. (2012and Kanagarajah, Brenne et al. (2013lso investigated the
consequence of the columnar microsticture on the directionality of tensile properties.
Amato reported that Inconel 718 samples built parallel to build direction had slightly

increased yield strength and UTS and elongation then those built perpendicular to the
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build direction. Interestingly Kanagarajah, Brenne et al. (2013)eported tensile strength
was similar between test orientations, but that elongation was greatdoy a factor of two
for samples built parallel to the build direction. It was proposed thaa difference in grain
aspect ratio with respect to the loading axis induces different mean free paths of

dislocation.

Although not as frequently reported as by commeeial users, there are reports of micre

cracking in as processed nickel superalloys in the public domaiNMumtaz, Erasenthiran

et al. (2008) mention issues of micrecracking in processing Waspoloy. Cracking was

reduced through the optimisation of scan parameters, is implied to not have been
eliminated. Similarly Wang (2011) reports micro-cracking in fully dense components of
(AOGOATTTU 8h OUDPEAAI I Uoy CEatkdgiE époriedBo Bednord O x Al
severe towards the edges of the parts, implying a relationship between cracking and the

thermal stress as described byMercelis and Kruth 20069, where tensile stress builds up

along the free surfaces. Unfortunately, neither Mumtaz nor Wang providebservational

evidence for either the initial micro-cracking or efforts to improve it.

Rickenbacher (2013)however, does provide observation evidence of micraracking in
SLM processed Inconel 738LC. SEM micrograpkseFigure 2.38, revealthat cracks are
of the order of 50>m in length and are predominantly intergranular. Based on the surface
morphology of the cracks i.e. exposed dendrites and intergranular, then cracks are
conddered (by Rickenbacher) to most likely be caused by solidification or liquation
cracking.DDCis not considered a likely cause, although no further investigation into this

is conducted.
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Figure 2.38 - SEMmicrographs of as processed IN738. Crack is approximately 80 >m in
length, and contrary to original author of investigation, look to be as a result of solid state
rupturing z adapted from (Rickenbacher 2013 ).

2.8.2 Reduction of thermal stress build up

In Section 2.2, high thermal stress and part residual stress was highlighted as a
characteristic problem for SLM processing. In response there have been a number of
studies which investigated the optimisation of laser scan parameters, in particular scan
strategy, to control and reduce thermal and residual stres€Shiomi, Osakada et al. 2004

Mercelis and Kruth 2006 Moat 2009, Yilbas, Karatas eal. 2011).

In the second half of their investigation into thermal and residual stresses in SLM and SLS,
Mercelis and Kruth (2006)found that a sectoned (chequerboard) scan pattern reduced
the maximum tensile stress compared to a simple raster pattern. In chequerboard, the
area is split up into a number of squares in which a raster pattern is scanned. Subsequent
squares are then selected at random, wihthe entire area is complete. The raster pattern

in each square is perpendicular in orientation with respect to its neighbour. By

sectioning, randomising and alternating the scan orientation, it ensures patterns of stress
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do not build up over the courseof multiple layers. The scan strategy has been adopted by

machine manufacturers, EOS and Concept Laser.

Shiomi, Osakada et al. (2004¢onducted a similar investigation into modelling and
reduction of residual stress in chrome molybdenum steel. The modelling results are
previously discussed in Section 2.2. Initially they found that heat treatment of as
processed parts- held at 600-700°C for onehour, without a controlling atmosphere 7
resulted in a 70% reduction in the residual stress. This is not a surprising result as heat
treatment is often employed to relieve residual stress after conventional processing.
Layer rescanning z rescanning of thelayer with the same or different laser scan
parameters z was also investigated. The hypothesis being that the secondary scanning
would reheat the solid layers below, effectively annealing them and relieving some of the
built up stress. Again, this is simdr to a conventional technique known as laser annealing,
which a laser surface treatment is used to relief stress along the surface of a part. In
Shiomi, Osakada et al. (2004), the secondary scan had the same parameters as the
primary. The result was a 586 reduction in residual stress compared to a part built

without rescanning.

Both Shiomi and Mercelis also investigated the effects of a heated powder bed on the
residual stress of a part. In principle, heating of the powder bed reduces the thermal
gradient by reducing the temperature difference between the laser incident surface and
the powder/under lying material. Reduction of the thermal gradient reduces stress
generated by TGM, and therefore the overall residual stress is reduced. The investigation
found that increasing the powder bed temperature to 160°C by means of a heated
substrate, resulted in a 40% reduction in final part residual stress. This agreed with the

qualitative findings of Mercelis and Kruth (2006).
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2.8.3 Post process crack and defect elimination

One solution to the problem of defects and cracking of SLM processed material is post
process treatments. Wang (2011) describes how internal defects in SLM processed
Hastelloy X, such as cracks, pores and unmelted powder particles can be consolidated

through HIPing.

HIPing has traditionally been used as both a powder metallurgy process and for
changing/improving the properties of already formed material. The high temperature

and applied pressure induce plastic deformation, creep and diffusion. The isostatic
application of pressure means that defects which are linked to the surface are not closed,

and only truly internal defects can be consolidated. Wang (2011) offers a remedy to this,

of simply machining off areas in which cracks remain; however, this is not ideal for a

number of reasons. Primarily, the loss of material would have to be accounted for in the
component design phase and would be difficult to predict. Secondly the application of
destructive machining, as opposed to surface finishing, would add to the total proses

cost and time.

7ATC jcmppq AT I PAOAA OEA OAT OEI A DPOI PAOOGEAO
(AOGOGAIT1TTU 88 11 OET OCE OOEIT OOPAOEI O O1 ETO
displayed significantly lower yield strength, UTS and elongation. The ason for this is

understood from an investigation carried out by Amtao (2012) for IN625. Comparisons

of the microstructure between3 , - AO DPOT AAOOAA OAI BPI A0 AT A O4

post SLM processing can be seen igure 2.39.
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different magnificatio ns. Adapted from (Amato 2012).

As can be seen, the fine columnar grain structure of the as processed sample has been
dissolved and a courser random orientation equiaxed structure as formed. The increase
in grain size results in a reduction of the tensile strength of the merial, thus explaining

the findings of Wang (2011). In the case of the investigation of Amato (2012) however,
the SLM samples were not fully dense resulting in poor tensile performance, and

therefore a fair comparison cannot be made.

Amato (2012) alsoAT | PAOAA AO POl AAOGOGAA AT A ()08A C AI
718 for microstructural and mechanical properties. Again the same transformation of
microstructure is observed, however the addition of annealing allows for the correct
DOAAEDPEOADORI ATIAEOERA OAEI OA OEA ()O038A C ATTAAI
higher yield strength and UTS than the as processed components.

Although annealing and heat treatments are used to precipitate out desired phases, they

can achieve this whilst maintaining thegrain structure. HIPing on the other hand will

always result in a markedly different grain structure, which may not be desirable.
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2.8.4 Anisotropic mechanical properties and crystal orientation

Of the investigations carried out into the mechanical properties d6LM processed nickel
superalloys, several report marked differences between test pieces built in the-yx
(horizontal) orientation and z (vertical) orientation (Vilaro, Colin et al. 2012 Bauer,
Dawson et al. 2013Kanagarajah, Brenne et al. 201, Rickenbacher 2013. Specifically, it
EO OEA Al AOOE Alusjwhidh vagids @bsCstgdifidantly,iwah xy orientated
pieces displaying higher values than those built in the z orientation. The anisotropy is

attributed to the high aspect ratio of the grain structure; however, it can be explained

further.

Etter, Kunze et al. (2015)nvestigated the phenomenon in SLM processed Hastelloy X and

sought to reduce the anisotrpy through heat treatment. It is reported that the elastic

tensor single crystalof Hastelloy X at room temperature i1 = 230.40 GPa,¢= 156.12

GPa, &= 121.77GPaThis results in aminimumi £ 91 01 ¢60 i1 AOI OO 1 £ »p
to <100> and maximum of 294 Ba parallel to <111>As with the other investigations,
specimenstested ithexU T OEAT OAOET 1T AEOPI AUAA A OECIT E A&E
than those tested in the z direction, typicallyl70 GPa versus 18 GPa respectively. As

with the investigations discussed in Section 2.4.3, the fibre texture of the as built material

was observed to be <002 parallel to the build direction,however this results ina nearly

transverse isotropic elastic tensor with respect to the build direction. Heat treatment of

the specimens resulted significant grain coursing and equiaxed grain formation

therefore creating additional texture components and reducing the anisotropy.

There is one other interesting point is to be considred from the above observations.
Although a strong fibre texture is present for the overall bulk material, not every grain is
mutually aligned. Therefore,when stress isapplied across multiple grainsz as would be
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the case for Type 1 stresses generate¢ @ GM- each grain maypossessa different elastic
modulus in that given stress plane. This variation could plausibly result in stress
formation along the grain boundaries creating weak points and possible crack initiation
sites within the material z similar to grain boundary carbide formation andDDC. This
may therefore ke considered as possiblexplanation for why nickel superalloys display

a high susceptibility to micro-cracking during SLM processing

2.8.5 Investigations in micro -cracking

Several studies orlaser metal deposition and SLM have investigated microracking of
alloys during laser powered fabrication(Li, Hu et al. 2005Zhong, Sun et al. 2009 omus,
Jarvis et al. 208, Yu, Rombouts et al. 2013Carter, Martin et al. 2014 Carter, Essa et al.
2015), with Tomus, Jarvis et al. (2013)Carter, Martin et al. (2014) and Carter, Essa et al.
(2015) relating to the specific topic of this work- nickel base superalloys processed with

SLM.

Zhong, Sun et al. (2005)nvestigated boundary liquation and interface cracking of laser
deposited Inconel 738LC onto a directionally solidified Nbase superalloy substrate.

They identified that there were five separate cracking situations:

1. Liquation cracking in substrate and liquation penetration into IN738 layer

2. Liquation cracking in substrate and cracking in IN738 layer, but without signs of

liquation

3. Cracking from substrate into deposition layer without signs of liquation

4. Cracking in substrate but no penetration into deposition layer

5. Cracking in deposibn layer originating from interface but no crack in substrate
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Despite the high cooling rates of laser metal deposition eutectic liquation at the grain
boundaries still occurred. One key point to highlight is that the liquation cracking

initiated in the substrate, and only penetrated into the deposition layer. This implies that

the lower cooling rates experienced by the substrate, as a result of thermal conductance,

allowed the eutectics to form and thus the liquation to occur. Penetration liquation

crackinC I AU T AAOO EZ OEA OI T AAl AT i PI OEOEIT TOOC
Indeed, the high temperature gradients and solidification rates associated with AM
techniques are expected to inhibit liquation at grain boundaries, due to the formation of

fine directional columnar structures and low segregation. Zhong and Sun thus attribute

OEA AOAAEET ¢ O OOEA Al i DOAEAT OEOA AEEAAOO 1
which are dependent on the processing parameters and local composition/structure

condiO E T (ZhOndy, Sun et al. 2006

Li and Hu (Li, Hu et al. 2005 investigated the effect of carbon content on the
microstructure and cracking of laser clad Febased alloys. It was found that both the
microstructure and cracking susceptibility were very sensitive to the carbon content.
Three powders were trialled of identical chemical compositions (Fe95&Nil.5zCrlz
Mn1zSil wt.%) bar the cabon content, which was 0.2, 0.3 and 0.4 wt.%. The alloys were
clad onto a medium carbon steel substrate using 3.5 kWO, laser with a diameter of
4mm. Cracks were not observed the powders of 0.2 and 0.3 wt.%, but were observed in

the powder of 0.4 wt.%.

The powder with the lowest carbon content demonstrated good cracking resistance, this

was attributed to a higher plasticity as a result of the lower carbon wt.%. Also believed to

be of importance was the nature of the solidification. The powder in questiodisplayed

A PDAOEOAAOEA OAAAOQEIT jAO 1bDPT OAA O AOOAA
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simultaneously, thereby removing the detrimental effects of remaining liquid films

between the grain boundaries.

Carter (2014) investigated the influence of lasr scanning strategy on the microstructure

and cracking behaviour of nickel superalloy CM247 #8 ) O xAO OADPIT OOAA
scan strategy (similar to a chequerboard with alternating hatch orientation) had a
significant influence on the microstructure of the material, by creating a bimodal grain
structure z seeFigure 2.40. Larger elongated grains were present in the centre of the
islands, preferentially orientated to [001], but these were surrounded by a highly

misorientated fine grain structure.

(b) Schematic representation of the grain

(a) Optical micrographs imposed on a cuboid
structure

I

|

Build Direction

/.

I Fine Grain Region
I Elongated Grains in Build Direction

Figure 2.40 z Grain structure created by island scanning strategy z direct from (Carter,
Martin et al. 2014 )

It was also reported that micro-cracks were more concentated in the fine grain region,
and proposed that the misorientated grain boundaries acted as weak points within the
material. Carter proposes that the mechanism for micraracking is that of DDC, however

the description presented aligns it more with that of ETSS crackindj is also possible that
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misorientation is creating increased stress along grain boundaries due to differences in

elastic moduli for a given stress plang as discussed in Section 2.8.4

In addition to the work on CM247LC, Carter, Essa et al. (201%)vestigated the influence
of laser scanning parameters on the microstructure and cracking behaviour of single
crystal nickel superalloy CMSX486. A statistical design of experiments, employing surface
response methodology was used to determine the key influencing parameters relating to
densification and micro-crack formation. It was found that laser power and laser scan
speed (and the interactions between the two) had the greatest influence of miciack
formation. However, no clear relationship could be definedor the input nominal energy
density. Low power (125W) and high scan speed2000 mm/s) were calculated to be
optimum pairing for minimum micro -cracking, however this was contrary to the
optimum parameters for maximum density (high power and lower scan speedMicro-
cracking was reduced to 2.24 mm/mm with optimum parameters of 128W laser power,
1007 mm/s laser scan speedand 63>m hatch spacingwhilst also achieving ~100%
density. Hawvever, it was concluded that there would always be aompromise between

achieving maximum density and minimum cracking

Tomus, Jarvis et al. (2013)nvestigated the effects of minor elements on the crack
susceptibility of Hastelloy X as processed by SLM. This was conducted by comparing
OAi 1T AO T &# A O11x8 AT A OEECES8 -1 <C 3E
processing conditions. This is aeapplication of the work carried out by Savage and
Krantz (1971), although the choice of Mn and Si as controlling elements runs slightly
contrary to the conclusions of the earlier papers. As a secondary point of intggtion,

the effect of scan speed on crack formation was also studied. Crack susceptibility was

measured by crack density, which was determined by visual comparison.
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although this is difficult to confirm visually in the literature due to insufficient image

resolution, see Figure 2.41. Focused ion beam micrographs of the cracked samples

showed that the cracks lay along the grain boundaries and ajagged in morphology;

implying cracks are ETSS or DDC cracks, but higher magnification images would be

required to confirm.

d Ny 200 ym b ZOO_pm

Figure 2.41 - Micrographs from Tomus, Jarvis et al. (2013) apparently showing a
OAAOAOEI1T EIT AOAAEEIC £ O AqQq 011 x8 3E C -

Thermodynamic simulations were also conducted on the effect on melting temperature
as a function of fraction @ solid. This showed a decrease in melting temperature range
with increased Mn and Si content. This is an expected result as alloying element/impurity

content is well known to effect melting ranges.

The effect of minor element content on cracking is attribted to an increase in
microsegregation to the grain boundaries. This in turn increases risk of crack initiation

AO COAET AT O1 AAOEAO AOA O1 001 AOGT EAAAT A8 OEC
Although this is not the only paper to imply microsegregation & a key factor in micre

cracking with SLM processing, it is the first to conclude it. Unfortunately, however, there
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are a number of reasons as to why this work is not fully conclusive. Primarily, there is no
analytical proof provided to back up the conclusn. Micrographs of the samples do show

cracks along the grain boundaries, however in a fully dense material grain boundaries

offer the path of least resistance for a crack to propagate. In addition, unlike witfu,

Rombouts et al. (2013) Tomus did not perfom any type of chemical analysis on the

cracked regions of the samples. Therefore, there is no evidence that Mn and Si were in
proportionately higher concentrations in the crack regions, and hence that their
segregation to the grain boundaries was drivinghe crack susceptibility.

AEAOA EO 11 Al OAO OEAO OEA OEECES 3E C -1 AT]
but the reasons behind this have not been fully explored. As the exactXvtchemical

Al i1 pi OEGETT 1 &£ OEA OEECES®S rtdd] thereCchri bedno OAI DI
comprehension as to the relative influence compared to the standard Hastelloy X
specification. Furthermore, there is nothing to deny that the increase in Mn and Si
concentrations is not having additional or alternative effects, e.g.ffacting material

DOl PAOOGEAO AOOI AEAOGAA xEOE OEAOI A1l OOOAOONR
expansion ceefficient.

Despite the inconclusive nature of this paper, evidence from separate investigatio(¥éu,

Rombouts et al. 2013 does imply microsegregation of minor eéments as a factor in
micro-cracking. What the paper fails in doing, is clarifying whether this effect is
significant in the standard composition of Hastelloy X, or any other nickdlase

superalloy.
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2.9 Improvement of processability through alloy composition

As was discussed in Section 2.7.5, certain elements have been identified as influencing
cracking in weldednickel alloys, leading to the creation of versions of alloys specific for
welding. This section discusses elements which have been identified as pdiafly
detrimental in SLM processing, but also alloy performance in general. In addition,

potentially beneficial alloying elements and systems will also be discussed.

2.9.1 Weldability, crack susceptibility and SLM

In section 1.7.5.2, sulphur and phosphorus werkighlighted as offering no benefit to an

alloy and being detrimental to weldability (Collins and Lippold 2003. Indeed, the

presence of MOOEOEAO EO OAOAT U OAAT A0 AAT AEEAEAI
DOAEAOOAAS (1T xAOAOh OEAOA EO 11 x AOEAAT AA O
elements may be affecting the crack susceptibility of superalloys in SLM.

Tomus et al. (2013) povides the first report of specific changes to alloy composition

affecting crack susceptibility of a nickel superalloy alloy processed by SLM. Although not
conclusive or quantified, Si and Mn content appeared to affect the crack susceptibility of

the alloy. This was reported to be the case for autogenous welding of Hastelloy, also, in

work by Savage and Krantz (1966, 1971) and was attributed to segregation of said

elements to the grain boundaries.

A review by Jena and Chaturvedi (1984) looked at the roled alloying elements in the
design of nicketbase superalloys. In this work, manganese is reported to be useful for
sulphidation resistance, and excess manganese (>1%) improves oxidation resistance and
weldability. However, the excess can lead to loss ofictility and therefore manganese is

restricted to 0.2-1 wt%. Silicon also improves oxidation resistance but is again kept to
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between 0.2 and 1 wt% due to embrittlement effects and influence on promotion ofd@
carbides and Laves phases. The detrimental effts occur when Mn and Si segregate to
the grain boundaries; this becomes more likely with higher concentrations. This raises a
AT T £ EAO 1T £ OAAO([Tontws$, Casiis &t hl. 2a@1BtHe Bighdi +Mh Evitent
resulted in more micro-cracking, but a high Mn content should improve processability
assuming similar solidification conditions in SLM to welding. Silicon was therefore
perhaps the more influential of the two, and likely in concentrations greater than the

specification limits of Hastelloy X.

Other elements that should be kept to a minimum are those which are insoluble in nickel
such as bismuth, lead, thallium and tellurium. These have the propensiy segregate to
the grain boundaries resulting in weakening and cracking, even when present in trace

amounts (Jena and Chaturvedi 1984Donachie and Donachie 2002

Oxygen, nitrogen and hydrogen (ONH), like carbon, are small enough to sit in interstices
of the lattice and have high diffusion rates. Therefore, even in conditions of rapid
solidification, they may still be able to segregate to grain boundass and areas of high

stress.

Ultimately the detrimental effect of many alloying elements depends on whether they are
allowed to segregate to grain boundaries or into sufficient concentrations to form
precipitates. From knowledge of rapid solidification, itis proposed that segregation of
solute elements will be limited (Section 2.4.2). This is supported by the reported
microstructures of SLM processed alloys, which do not show evidence of significant
secondary phase formation/precipitation (Section 2.4.3). The precise nature of
solidification and phase formation in SLM must therefore be established as a priority

before considerations of solute elements and their effects can be made.
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2.9.2 Beneficial minor element additions

In contrast there are also a number of pssible minor elementadditions which can be

made to help reduce crack susceptibility and improve alloy response

Magnesium will improve the stress rupture life of an alloy by reacting with interstitial
impurities such as oxygen, nitrogen and hydrogen. It sb reduces grain boundary
embrittlement caused by sulphur. Zirconium also reacts with sulphur, as well as carbon,
tying up both in carbides and carbesulphides, again improving ductility. Hafnium and
rare earth elements will also react with siphur and eliminate its effects (Jena and

Chaturvedi 1984).

2.9.3 Low thermal expansion allo y systems

The majority of the problem characteristics in SLM stem from the high thermal stresses.
Equation 2.19, demonstratesthat thermal stress A it is influenced by both the process
and material, where cteis mean coefficient of thermal expansiorEEO 91 O1 C6 O

A1 ATiszhange in temperature.

Equation 2.19

If one wantedto keep the tensile properties of an alloy the same, or similar, then the most

appropriate solution is to attempt to reduce the thermal expansion.

Rather than attempting to reduce the thermal expansion cefficient of a solid solution,
EOS GmbH focussednothe phase change between liquid and solid, specifically

solidification shrinkage. They developed a bronzéased multicomponent alloy called

A
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116



counter the shrinkage of the bulk méerial resulting in an overall reduced shrinkage. The

macro effect, is a compoent with superior dimensional accuracy and importantly, reduced
residual stresses. Unfortunately, as this is a commercial product, the chemical
composition data of DM20 is not poblicly available and as such the exact characteristics

of the expanding components in unknown.

One such metal which could be implemented in a material such as DM20 is Bismuth. Like

water, Bismuth expands in volume upon solidification (by ~ 3.32%). It has history of

AAET ¢ OOAA ET O11x A@PAT OEI 18 AlT1TUOh xEAOA
shrinkage of the bulk components(Norman 1998). The difficulty with using it for

selective laser melting is the effective application of the expansion. In order to be
effective, Bismuth has to be ircrystal form, rather than an alloy. Bismuth also has a
comparatively low melting temperature of 271°C, compared to the average melting
temperature of a superalloy of ~1300°C. As a consequence, it is possible that it may be
isolated as a eutectic phase angrecipitate either inter- intra- or transgranularly, much

like MC carbides.

Another material of interest for thermal expansion properties, is INVAR. INVAR is an iron

nickel alloy which has a thermal expansion cefficient of approximately 1.2 106 K1
between 20-100 °C, compared to that of steel (~1415 106 K1). INVAR is classically
64Fe-36Ni, although other variants exist such as Invoco (83Nizt 8 v #1 h cEHO Al

0.55 10¢K-1from 207100 °C) which have an even lower thermal expansion esfficient.

The low thermal expansion of INVAR makes it perfect for use in high precision
instruments, where a high dimensional stability is required. INVAR owes its low
expansion properties to a ferromagnetic phenomenon, known as the Invar effect, which

dependson the energetic state of the nearest neighbour Hee bondsRancourt and Dang
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(1996) found that up to one in five magnetic exchange bonds in Invar were energetically
unsatisfied, and as such it was a hedy frustrated system. Calculations of the ground
state magnetovolume properties revealed that the unsatisfied bonds display the opposite
magnetovolume action to satisfied bonds. The effect is large enough to near fully restrain
the normal thermal expanson of the alloy from 0-150 °C. Up until this point, thekT
energy is anomalously used up changing the domain alignment patterns from ferrto
paramagnetic, rather than increasing the vibrational energy of the atom. After this point,
the effect begins tadiminish until reaching the Qurie temperature (279°C), at which point
the material becomes completely paramagnetic and normal Heéi alloy expansion
resumes(Roy, Agrawal et al. 198% This of course means that only regions of the material
which are at temperatures lower than 200C will experience reduced thermal stress.
Unfortunately in SLM, upon laser exposure temperatures fluctuate between ~250Q and
30°C over a period of only millisecondgRoberts, Wang et al. 2000 So although the
bottom 200°C will occur with low expansion, the rest will be no different to a mild steel

and therefore thermal stress is unlikely to be significantly lower.

As a firal note on the subject, the ferromagnetienagnetovolume phenomenon is

sensitive to alloy composition. Fe content has to be > 45 wt.%, with the effect only being
substantial between 60 and 70 wt.%. This means it is effectively impossible to mimic the
phenomenon in an established superalloy, and very unlikely that INVAR can be modified

to meet the same standards without eliminating phenomenon.

2.10 Chapter summary

The relatively low number of publications specific to this investigation made it necessary

to seek theory and understanding from areas outside of this field of research. This
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allowed for a more holistic consideration of the potential mechanisms which infience
the material behaviours of nickel superalloys duringSLM processing.Review of rapid
solidification theory was vital in aiding the hypothesis and ultimate validation of
establishment of SLM as a rapid solidification proces3 ogether with a review ofcracking
mechanisms of nickel superalloys in laser welding, and more recent publications on
mechanisms driving thermal stress in SLM processing, this helped form a full hypothesis

for the potential root cause of process induced micraracking of nickel bag superalloys.

Finally, recent publications on SLM processing of nickel superalloys were reviewed, with
specific focus on the few which detailed micreracking and methods to improve or
eliminate it. Although there was some success in reduce micayacking reported, none
of the works achieved complete elimination, and chemical alteration to the alloys, rather

than processing parameter optimisation, showed the most promise.
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3 Principle experimental methodology and preliminary

investigations

3.1 Renishaw SLM125

All samples were fabricated on a Renishaw SLM 125 machine with all metallic powder
feedstock being supplied by LPW Technology unless stated otherwise. The Renishaw SLM
125 uses a modulated 200W Ytterbium fibre laser to process deposited poer feedstock
within a 125x125x125 mm build volume. The modulated laser scans in a poxb-point
regime, rather than a continuous scan seen on other systems such as those by EOS or

Concept Laser.

To avoid oxidation during melting, the process is conductedithin an argon atmosphere.
This is done by both holding an argon atmosphere and running a flow of argon across the

powder bed, which also helps to remove oxidised or partially sintered particles.

Before melting commences, the chamber is put under vacuuta remove air from the
chamber. Once under pressure reaches 945 mBar, the chamber is then flooded with argon
gas until a specified oxygen content is reached. The chamber has oxygen detectors at the
top and bottom of the build chamber. Oxygen limit reading are taken from the bottom
detector. All of the experiments were built with an oxygen limit of <1000 ppm, although
the oxygen content continues to drop throughout the build as more argon is introduced

into the system to maintain chamber pressure.

The arga flow is filtered to remove fine powder and burnt particles picked from the
powder bed, before being recirculated back across the powder bed. The gas circulation is
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only initiated whilst the laser is melting, as the argon atmosphere is sufficient to prewe

any further oxidation whilst new layer is deposited.

3.1.1 Controllable parameters

There are seven controllable processing parameters on the Renishaw SLM 125; Point
Distance (PD), Exposure Time (ET), Layer Thickness (LT), Focus Offset (FO), Hatch
Spacing (HS)Laser Power (LP) and scan strategy. Layer thickness is simply the thickness
of powder deposited for each layer, the implications of a thinner or thicker layer will be
discussed in Section 3.1.3 (DOE). Laser power is the input power of the laser and has a
range of 3200 W. The effect of power on material response will be discussed in the DOE

section.

In the point to point regime, rather than having a continuous scan of the laser along track
length. A scan length is made up of a series of exposure pointsset exposure time
separated by a sepoint distance which is defined as distance between the centres of
successive exposure pointgseeFigure 3.1. After each exposure the laser turns off, moves
by the point distance and then turns back on for the next exposure. Hatch spacing is the

distance between the centres of two adjacent melt tracks.
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Figure 3.1 - Representation of how point distance, exposure time and hatch spacing apply
to scanning and melt pool geometry.

Focus offset is used to alter the position of the focal point of the laser (in the z axis). This
is used to alter the focus of the laser anthereby the incident beam width and peak
intensity. If a laser has a particularly sharp profile, focus offset may be used to gain a
better distribution of energy and/or reduce the peak intensity for more control over
melting. The effect of varying focus d$et on beam profile characteristics are covered the

next section (3.1.2).

The scan strategy, or hatch pattern, is the pattern the laser will follow for the melting of
a two dimensional shape. The simplest form would be a repetition of parallel straight
lines across the width of an area. If the scan alternates in a parallel direction i.e. back and

forth, this is known as a raster pattern. Many strategies exist, each with a specific purpose,
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whether it be to reduce residual stress or reduce build time. ThedRishaw SLM 125 has

a number of preloaded strategies, but for the purposes of consistency the same strategy

xAO OOAA OEOI OCETI OO0 All AgpAOEI AT OO ET OEEO
scan strategy, which is a raster pattern with a 67° rotation foeach layer and is optimised

to minimise residual stress.

3.1.2 Beam measurements

Before material investigations were carried out, it was necessary to observe the energy
density profile of the laser beam for the Renishaw SLM 125 to assess whether it had any
anomalies or features that may affect melting. As well as merely observing the profile, the
peak intensity and beam diameter were also measured. In addition, the influence of focus

offset on the beam diameter and peak intensity was also investigated.

Understanding the profile of a laser beam is important as the distribution of energy
incident on the surface of a material has great effect on how the material responds. The
Traverse Electromagnetic Mode (TEM) of a laser describes the radial variation in beam
intensity, by means of two subscripts, p and I: p represents the node along the radius of
the beam intensity crosssection, and | represents the node along the circumference
(Deffley 2012). A commonTEM for welding and cutting lasers is TEM, which is
cylindrical in cross section and has a single peak Gaussiprofile, seeFigure 3.2. The
concentration of energy towards the centre of the beam allows for greater precision and

high energy densities(Mumtaz 2008).
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Figure 3.2 z Gaussian and Doughnut profiles z direct from (Swartz 2016)
Beam profiling was carried out using an Ophi3 PEOEAT T~ " AAi ' ACA” AT A

analysis software. The laser beam can be measured at operational powers by passing it
through a series of splitters and filters, to reduce the incident energy, onto a CCD which
measures the light intensity as counts per pixel. The profile is recorded, and analysis can

be performed on the still, including calculations of peak intensity and beam diameter.

3.1.2.1 Profiling and beam diameter results and discussion

The physical effect of changing thiocus offset is detailed irFigure 3.3. Apositive increase

in FO results in negative shift in the z axis of the focus point of the laser. This has #ffect

of increasing the spot size of the laser, i.e. the cross section of the beam incident on the

substrate.
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Figure 3.3 - Effect of changing focus offset on position of laser focal point and incident
spot size on substrate.

Before investigating the effect of FO on spot size and beam diameter, the profile of the
focussed beam (FO set as 0 mm) was obseryédgure 3.4a. As can be seen it is a sharp
Gaussiantype with a mild elliptical base profile (yellow circle), but appears to be without
any secondary peak features. Focus offset was then increased in thnmtervals up to 6
mm, each time observing and measuring the resulting beam profilEigure 3.4 showsthe

x and y profiles for the beam set at 200W with mFO of 0, 2, 4, and 6 mm for ajl)

respectively.
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Figure 3.4 z Laser power: 200 W, with focus offsets of a) 0.0 mm, b) 2.0 mm, c)4.0 mm and
d)6.0 mm. Whi te circle is the guide area, inner green circle represents beam diameter at
13.5% of peak intensity, yellow circle represents limit of differentiable beam (from
background).

As expected, the increase in FO results in an increase of beam diameter and reitumcof
intensity. The beam diameter is highlighted by the inner most circle (green) and is taken
as the 1/e2 of peak intensity, or 13.5% of the peak intensity. This method was used as the
background noise levels were too high to enable clear distinction begeen the

background and the edge of the beanTable 3.1 lists the measured values of x, y and

combined /e2AEAT AOGAO OA1 OAO6 AO xAll AO OEA DPAAE
FO DY%Pk DY%PkX DY%PKY Peak Pk % of 0.0 mm

mm) j11q jtrdq jt1qg (cnts) (%)

0 114 127 101 3299 100.0

2 144 158 123 2137 64.8

4 194 194 158 1221 37.0

6 257 264 224 757 22.9

Table 3.1 z Beam diameter and intensity readings. Pk% of 0.0mm is what percentage of
the peak at 0.0mm focus offset the given peak is.
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It is observed that an FO increased to 6mm results in a doubling of the bealiameter

and a quartering of the peak intensity. It must be stressed that the laser power, and

therefore the total energy incident on the surface, remains the same however the

distribution of that energy is spread across a greater area. Qualitatively thadrease in

FO results in a more even distribution and takes on a more classical Gaussian distribution

AO &/ 60
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as it will result in a more even distribution energy compared tole focussed beam. The

effect of FO on material response will be investigated Section 3.1.2.

The relationship between FO and Beam Diameter (BD) and Peak intensity has been

plotted below in Figure 3.5, and datafor the beam profiles is displayed in Table 3.1. Both

BD and Peak intensity have a linear relanship with FO.
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Figure 3.5 z Focus offset vs beam diameter and peak intensity for a laser powder of
200W.
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filters to reduce the energy of the beam incident on the CCD. It was observed, at lower

powers, that changing to a lower grade filter resulted in a small increase of the measured
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spot by Renishaw plcz is 50um. Therefore, the measured beam diameters will ndie
taken as absolutely representative of those during processing, but the relationship

between FO and BD and peak intensities still stand.

3.1.3 DOEZz Process parameter considerations

In this section, the thought process behind the designing of experiments wile detailed,
with primary focus on aiming to achieve full density. There are many approaches to
Design Of Experiment (DOE) from heavily statistical to purely empirical, and everything
in between. Statistical methods such as those employed by DOE softwaadempt to
minimise the number of samples or experiments by creating mathematical solutions from
an initial test experiment. The accuracy of these solutions depends on the scatter and
consistency of the initial results; as such they may not be ideal forew or less well

understood processes.

For less well understood processes, wide field screening trials followed by a series of
narrowing field trials give the user a more complete picture of the material response;
enabling the identification of a global fature (minimum or maximum) and then
increasing the resolution to establish local features. The advantage to the screening trials
is that a greater number of controllable parameters can be investigated in the same initial
experiment; subsequent narrower fidd trials are then used to investigate the effects of
individual parameters. Although the number of experiments is greater in a screening trial
method, statistical design can still be employed in the latter stages to minimise sample

number.
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In the case ofSLM, to achieve full density one must consider the melt pool and track
geometries with regards to controllable parameters.Figure 3.6 represents the cross

section of two adjacent melt tracks in an SLM process.

Dwp

A ZIVIP

LT

Figure 3.6 - Schematic showing geometry of cross section of melt tracks with controllable
parameters LT and HS highlighted in bold. Hatched area represents potential unmelted
or consolidated region.

The diameter of the melt track hp and depth of the melt trackZvwe are both controlled by
the energy absorbed by the material, which in the case of the Renishaw SLM 125 is
controlled by LP, ET and PDThe occurrence and subsequent size of the potential
unmelted region depends on whether the choice of LT and HS is correct for melt track

dimensions which result from the chosen LP, ET and PD.

In the absence of literature to use as a starting point, the ergy required to melt a mass

of material, Em, can be calculated with the following equation

0 adY ai

Equation 3.1
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where m is the mass of the materialcEO OEA ODPAAE £AEidthekcBaAgd inAAD AAE
temperature from ambient to melting point of the material and Lt is the latent heat of

fusion. For the case of laser fusion, the value is then divided by the absorptivityof the

material for the given laser wavelength.

Y ab
|

Equation 3.2

If the material is in powder form however, the absorptivity is not the same as that for the
bulk. Unfortunately, there is limited data on the relationship between powder and
absorptivity, and usually a reduction of 50% is employed. The mass of powder can be
worked out by assuming a volume comprised of the LTHS PD, and dividing by the
apparent density of the powder (this can be measured by weighing sagitated powder

in a known volume). Howvever, if one wanted to include overlap of melt pools appropriate
increases to LT, HS and PD would have to be made e.g. for 50% overlap multiply each

dimension by 1.5.

From the calculated required energy, one can then use measured beam diameter to work
out an energy density, and from this extrapolate an LP and ET. The obvious problem with
this method it that it requires predetermined values for LT, HS and PD. Ultimately it will
only ever serve as an approximation which can be used as a starting point forudl Ecale

DOE or to aid development of a DOE.
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3.2 Analysis techniques

3.2.1 Sample preparation

For initial experiments, samples were vertically sectioned using a Buehler IsoMet® 5000
linear precision saw before being mounted in Bakelite using a Buehler SimpliMet® 100.
However in later experiments, smaller sample size meant the initial sectioning sia was

not required and instead twin samples were mounted orthogonally to each other and

thus once mounted giving a vertical and horizontal section Figure 3.8 in Section 3.2.4.

All mounted samples were ground and polished on an EcoMet® 250 Grind@olisher.

Grinding and polishing stages were as follows: silicon carbide pads of 800, 1200 and
cuommh A T1TxAA AU $EAI A0 AEAMdA findl staQedod@O5T OET 1
silica suspension. Often additional polishing with 0.05 silica was required to reveal cracks

in samples as the initial grind process can result in the covering of cracks in ductile

materials.

If the samples were to be analysed wittelectron microscopy, they were mounted in
Buehler Konductomet, which is a graphite and mineral (SiO2) filled phenolic thermoset.
The addition of graphite allows for conduction of electrons through the mounting,
negating the application of conductive paird or ribbon to the sample. Given that
secondary SEM analysis was always a possibility; samples were usually mounted in

Konductomet.

Etching was also performed on samples for microstructural analysis, however as etchants
and the associated procedures aranaterial specific, these will be detailed in the

appropriate sections.
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3.2.2 Microscopes

Microstructural analysis was performed on a Nikon Eclipse LV150 optical microscope
(OM) and Camscan S2 scanning electron microscope (SEM). Energy Dispersive
Spectroscopy (BS) line scans were conducted on a FEI Inspect F field emission

microscope.

3.2.3 Porosity analysis

Porosity values were determined through area percentage measurements from optical
micrographs of prepared samples. Although Archimedes analysis is more precise, i
would not have been able to provide details of the porosity (size and morphology

gaseous or lack of fusion etc), nor would it give a comparable value. Although literature
values for the density of many commercial alloys are available, these may be eliéint to

that of the composition provided a given supplier, and thus any numerical value for
density would be meaningless. Porosity percentage combined with visual evidence is far

more applicable.

Low magnification (x50) micrographs were chosen for porosig analysis so as to have the
biggest focal area thereby minimising the bias caused by local variations. At this
magnification the captured sample area was 22.5 mm. The number of micrographs
taken depended on sample size, the aim being not to overlap imager include edge
boundaries between the mounting medium and the sample. % mm samples can
accommodate four micrographs, for example. Mean values and standard errors were then

calculated from the micrograph measurements.
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ImageJ software was used to procesthe images into a binary (black and white in this
case) image. The software then calculated the percentage of the area/features that have

been converted to distinctive dark regions. A visual example is displayéd Figure 3.7

- N -. — - e Make ik S E 5 G -
E s & A { binary | I ™ S
‘.‘? R ‘.‘ :> . *i“? w . “' Area =
~ ..~ - S > '_._ @ - »."‘ X, 4-,’ - N * '.' 0.865%
r ¢ 4 .- 3 ol ‘ . 4 , - °

Figure 3.7 - Representation of how OM micrograph is turned into a binary image

3.2.4 Micro -crack analysis

Crack density was determinedby counts per unit area. Using an area of 0.25 nim

x AOA

s o~ o~ s

jonm@unnt i @ ONOAOAh c¢m 1T AAOOOAT AT OO
statistically safe determination of an average per méwith 95% confidence level error.
The 20 measurements were split across aitiple micrographs depending on how many
were taken per sample; for the case of a 5x5x5 mm cube this would be 5 measurements
per micrograph, 4 micrographs per sample. In addition, micrographs were taken across

specific regions of the sampleg central, edg, top corner and bottom corner- again to

remove localbias, sed-igure 3.8.
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Figure 3.8 - Schematic demonstrating geometry of sections and micrograph positions

Another technique which can be used to quantify micr@racking is measurement of total
crack length for a given area/micrograph. Total crack length can be measured using

ImageJ software.

Both techniques have advantages. The total crack length method relies less on human
measurements (i.e. counting), but crack density is more scalable. Also the reliance on the

software to differentiate between a crack and an irregular pore may result in bias.

3.3 Hastelloy X

This section details the DOE conducted to optimise process parameters for maximum
density, and subsequently minimum micro cracking, for nickel base superalloy Hastelloy
X. A high density (>99.5%), or rather low porosity (<0.5%), had to be achiestebefore
concentrating on cracking, as any large pores or defects would be considered equally as

detrimental.
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Hastelloy X was chosen as the focus alloy for the investigation because it had been
established as high crack susceptibility alloy (when processeby SLM) in both literature

(Wang 2011) and by commercial users.

3.3.1 Hastelloy X Powder

The power used in this phase of the investigation was gas atomised Hastelloy X supplied
by LPW Technology Ltd and was sized at 288 >m. The composition of the powder was
independently analysed by LSM International and is detaileoh Table 3.2 along with the

specification ranges for ach alloying element.

Element Nominal Specification (wt%) LPW Hastelloy X (wt%)
Ni bal bal

Cr 20.5-23.0 21.3+0.19

Fe 17.0-20.0 19.5+0.17

Mo 8.0-10.0 9.0+0.12

Co 1.525 1.04+0.04

Mn 0.2-1.0 0.48+0.03

Si max 1.0 0.32+0.02

W 0.6-1.0 0.56+0.03

C 0.05-0.15 0.057+0.01

Table 3.2 z Composition in wt% of LPW Hastelloy X with nominal specification range as
given by LPW Technology LtD

Particle size analysis was carried out on the LPW Hastelloy X powder ¢onfirm the
particle size range and also obtain information regarding the particle size distribution. In

addition, SEM imaging was used to analyse the morphology of the powder.
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Particle size distribution was measured by Laser Size Diffraction (LSD) and wearried

out on a Malvern® Mastersizer® 3000. The particle shape was assumed to be spherical
and a Fraunhofer scatter model was used. Powder delivery was by dry dispersion; this
has an advantage over wet dispersion as it avoids conglomeration of smallerrpeles
which can be detected as one large particlealthough dry agglomeration may still occur.

A total of 3 cycles were performed, although data presented is for the mean average, see
Figure 3.9. The Dv (%) values, that is size of which a given percentage of the particles

were less than, were as follows: Dv (90) 56:8n, Dv (50) 37.7>m and Dv (10) 24.8>m.
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Figure 3.9 - Particle size distribution of LPW Hastelloy X powder, as volume density.

Although the powder was sized to a 263 >m range, approximately 15% of the powder
volume consists of particles which are >53m in size and 3.5% are <28m; with 0.6%
being >75>m. It is noted that the Mastersizer 3000 (a similar systems) exaggerates
volumes for particles >45>m as the algorithm breaks down over a certain diffraction

angle. When the powder is observed under SEBgeFigure 3.10, it isobserved that very
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few of the particles are >53>m in diameter. For a quantitative understanding of the
number distribution, the volume % data is converted by dividing through by the average
radius for each sizebin. Figure 3.11 gives the particlenumberdistribution. As can be seen,
there is a significant shift of the peak towards the left (finer particles), with the peak

16.8% of the particles being ~25>m in size.

Figure 3.10 - SEM micrograph of Hastelloy X powder in Secondary Electron (SE) imaging
mode. Note that this is sample was taken from powder which had been through a
processing run, and although sieved, some remelted particles have remai ned.
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Figure 3.11 - Particle size distribution of LPW Hastelloy X powder as number frequency.

In Figure 3.10 there do not appear to be any particles greater than 68m in size, thus the
observational data does not fully agree with the LSD data. This could be for a few of
reasons. Firstly one may nde the number of conjoined particles, which have partially
recombined in the atomisation process. The conjoined particles can be detected by LSD
as significantly larger particles, if the diameter is measured along their long axis. In
addition, although dry dispersion was used, there is still the possibility of having
agglomerates. Agglomerates are groupings of smaller particles which are bound by
friction or moisture; again these may be detected as a single large particle. Finally, the
number distribution i mplies only ~1% of the particles are >60>m in size, and therefore

may have just been outside of the field of view of the SEM micrograph.

For the purposes of processing, volume distribution is actually more applicable as the

user wants to know what percentage of deposited powder layer is taken up by particles
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larger, or smaller, than a chosen layer thickness. SEM micrographs are useful for
assessing the quality of the powder; there are also a number of techniques for measuring

powder flow, which is an important factor in the processability of a powder.

3.3.2 Parameter optimisation

3.3.2.1 Densification
Due to the number of controllable parameters, a series of trials had to be conducted to

assess the effect of each one on porosity and cracking.

Wang, Wu et al. (2011)processed Hastelloy X powder using a continuous laser SLM
system, and achieved full density (>99.5%) parts. The process parameters reported were
thus used as a guide for the initial wide field trial in this investigationln order to compare

the scan speed of a continuous laser to the PD and ET of a modulated laser, an apparent
velocity, or Ap Vel. can be calculated from PD, ET and the known time between exposures

Z seeEquation 3.3

Equation 3.3

where xppis point distance,texpis exposure time andvidie is the velocity at which the laser

travels between exposure spots.

The first trial looked to find a global minimum in porosity for Ap. Vel (PD and ET). This
was achieved by Central Composite Design (CCD) consisting of 13 experimental
parameter pairs of ETand PD (8 plus 1 central point repeated 5 times) generated using

DOE software Design X. Samples were built using the 13 parameter pairs built and then
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analysed for porosity. The porosity values were then input back into the software, which
generated a 4part solution for achieving <1% porosity. Alternative solutions taken from
the generated model were also built alongside the four initial ones. Samples were built as
10x10x10 mm cubes.Figure 3.12 is a contour plot of the resulting model. The fixed
DAOAT AOGAOO ET OEEO OOEAI xAOA ,0d pwuv 7h

from Wang, Wu et al. (2011)

56.13
0.62509
72.13 1.02438
68.13 !
[3.89921 ]
[17561] [389921] :
:
64.13 |
1.02438
60.13
56.13

0 24.23 52,23 80.23 108.23 136.23 164.23 192.23

Figure 3.12 - Contour plot of CCD model, contours are porosity as labels, red dots are the
9 parameter pairs. Note that maximum mathematical porosity is 100%, but model
generated unrealistic contours >100 as no limit was input.

The full set of values are plotted belovin Figure 3.13,in which a clear global minimum is
observed between 400600 mm/s. Another notable observation is the apparent
inconsistency of results, with the repeated samples (556 mm/s) varying between 1.13

and 2.10 % porosity; giving a standard deviation of 36.3%. In addition, none of the four
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solution values achieved values of <1%. This perhaps not surprising given the variation

of the repeated values.

60.00

50.00

40.00

30.00

Porosity %

20.00

10.00

0.00
363 389 464 480 484 490 501 513 515 556 556 595 909 1182
Apparent Speed mm/s

Figure 3.13 z Plot of apparent velocity against porosity for fixed parameters of LP: 195W,
,4d votih (3d nm8nw 11 ATA &/ d m I8 -AOEAA
and regions of high porosity (>5%) in red with blue representing porosities between 1%

and 5%.

Samples with porosity > 5% were classed according to the type of porosity that was
observed. Those at Ap. Vel <400 mm/s had very large irregular pores, void of powder,
which are believed to be caused by plasma recoiling as described in Section 2.2.3, see
Figure 3.14a. At velocities >700 mm/s, the point energy density was not sufficient to fully

penetrate the layer, causing lack of fusion pores throughouhe sample, some of which

were very extensive seeFigure 3.14c.
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Figure 3.14 - The three distinct types of porosity identified in the first experimental trial:
a) Large empty pores indicative of vapourisation, b) medium to large size spherical pores
indicative of insufficient overlap and c) severe lack of fusion porosity as indicated by

whole powder p articles.

The inconsistency in samples between 40600 mm/s was attributed to the type of

porosity seen within them. Although the samples were of 2% or less porosity, the

i AET OEOU 1T £ OEA DT OAO xAOA OPEAOEAAIusgdCAOAT O
by porosity within the powder. The implication was that these were caused by

insufficient overlap, however no discernible pattern was observed seeFigure 3.14b.

It was therefore evident that the parameters reported inWang, Wu et al. (2011jvere not
applicable for the Renishaw SLM 125 system, and as such aesgring trial was designed

to begin the DOE process from a base level.

The screening trial took minimum and maximum values of PD, ET, LT and FO. The

i ETEI O ,4 OEA 1 AAEET A AAT POT AAOGO EO ¢mnti A
upper particle size limitT £ OEA BT xAAOh voti 8 &I AOO 1T £F£OAOD
effect of broadening the laser beam to aid melt track overlap, and reducing the peak

intensity to avoid vapourisation. The FO limits were set as 0 minin focus- and 4 mm.

FO of 4 mm was cbsen as the maximum as it was felt that the reduction in peak intensity

for and FO of 6 mm was too great and would have likely led to extensive lack of fusion.
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Set parameters were LP at 195 W and HS a00. mm. Figure 3.15 shows a schematic

representing the DOE for the screening experiment.

20 LT(Tnﬂ 53 PD (um)
0
FO(mm) 1 ——————————————————————
. Apparent velocity (mm/s)

Figure 3.15 - Schematic presenting parameters chosen for screeni ng trial. Four
processing parameters were varied using minimum and maximum values. ET and PD
values combined to give four values for apparent velocity.

The results of this trial for porosity are displayedin Figure 3.16. From the porosity plot

xA OAA OEAO ,4 1T &£ ¢n i UEATI AAA OEA 11 xA0O0
of 4 mm had the lowest. Porosities of <0.1 % were achieved, and themas higher a

AT T OEOOAT Au AAOxAAT OEA ¢m ti 1 AUAO OAI PI AO
OAi b1 Abh OEA 1 AOCA OPEAOEAAI DI O1I OEOU xAO 11

layer samples as the reduced beam intensity resulted in minor lacKk tusion.
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Figure 3.16 z Plot of porosity against apparent velocity, for the four sets of samples

It was thus concluded that the large pores were as a result of insufficient melt track

overlapping, and thatas varying (reducing) hatch spacing may also have the same effect

a HS vs FO trial needed to be conducted.

&1 O OEA (3 00 &/ OOEAI h All OAIDPIAO xAOA
t O AT A , ZtheBe werathd optimum parametergaken from the screening trial.

The results porosity results for the HS vs FO trial are detailed Figure 3.17.
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Figure 3.17 z Porosity with varying hatch spacing and focus offset

Porosity appears to peak at a FO of 2 mm, finds a minimum at 4 mm before rising again

at 6 mm. These observations agree with the findings @feffley (2012) who investigated
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the effects of beam diameter and laser power on weld track widths for Inconel 718. It was
reported that an increase in beam diameter increases the width of the weld track until
the incident energy density is reduced to the point where the width begins to decreage

seeFigure 3.18.
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Figure 3.18 - Relationship between beam diameter and weld track width and beam
expander setting for EOS M280 with fixed power and laser scan speed of 195 W and 800
mm/s respectively. Beam expander is a non -continuous parameter with am aximum
value of 10. Direct from (Deffley 2012)

Additionally, when power was increased for the fully focussed beam, weld track width
increased. Analysis of the cross section of the weld trackrekd AA OEA DOAOAT AA
(extended width) at the top surface of weld tracks for the higher power samples. These
features are attributed to the increased significance of Marangoni convention over heat
conduction within the melt pool. Initially, increased energy density allows for the

formation of a melt pool larger than the diameter of the beam, however as the melt pool

widens the top surface temperature at the edge of the pool decreases which increases the

surface tension compared to the centre. The dérential in surface tension induces a flow
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of fluid from the centre to the edge, and then from the edge down back towards the centre

(Limmaneevichitr and Kou 2000, seeFigure 3.18. The increase in Marangoni convection

transfers heat from the centre to the edge resulg in an expansion of the melt into the

ol 1 EA

Figure 3.18 - The effect of laser power on the flow pattern in Marangoni convection
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Figure 3.19 displays the cross sections of three of the samples from the Deffley

experiment, and demonstrates the effect of a reduction in energy density on the cross

sectional shape of the weld track.

Figure 3.19 - Cross section of weld tracks with decreasing power from left to right for
Inconel 718. Note the depth of the tracks remains the same as the Marangoni convection

carries heat to the top edges. Adapted from (Deffley 2012).
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The above can now be used to explain the relationship observedFigure 3.17. AtFO =0
mm, although the beam is comparatively narrow, the incident energy density is high
AT T OCE O1 CATAOAOA A T A1 O PilTl xEEAE A@DPAT AC
due to Marangni convections. At FO = 2 mm, the beam diameter has increased peak
energy density has reduces and the situation is now akin to the far right image Figure
3.19 and the effect oMarangoni convection has reduced. In the absence of the wings, the
melt pool width is insufficient for the required overlap resulting in porosity formation. At

FO =4 mm the beam diameter has increased further resulting in @crease in melt track
width and providing sufficient overlap. For FO = 6 mm, micrographs show the presence
of lack of fusion porosity, indicating that the peak energy density was not sufficient to
fully melt through the layer. The work from Deffley (2012) is applicable to this
experiment as Inconel 718 is very similar to Hastelloy X in composition and the work was

performed on an commercial SLM machine.

Clearly, the beam diameteiand energy density resultant from FO = 4 mm yields more
consistent and stable melting. As such, FO = 4 mm was fixed for the remaining

experiments.

3.3.2.2 Reduction of crack density

Once full density (99.5%) had been achieved with the screening trial, the samplEem
that trial were analysed for crack density. This involved additional polishing to reveal the
cracks, as described in section 3.2.Eigure 3.20 shows the results for crack density with

apparent velocity.
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Figure 3.20z Plot of crack density against apparent velocity, for the four sets of samples.
Both samples built at LT 53 >m and 714 mm/s crack free but very porous.

The crack density held to a general trend of reduction with increasing apparent velocity.
When this observation is compared with the porosity results, it is also noted that samples
with higher porosities tend to have lower crack density @lues. Examples of the extensive
AOAAEET ¢ OAAT ET OAiIBPI AO -AT AAQI DOAAEEIOER
displayed in Figure 3.21. Within Figure 3.21a, a secondary image magnifies the cracks
within that sample and also represents thecrack counting methodz although it is
stressed thatthe box is only representative and dimensions are smaller than that used in

the actual analysis.
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Figure 3.21za) FO 4, LT 20, Ap. Vel 477, one of the lowest porosities achieved yet there is
extensive cracki ng through the centre of this sample with 36 + 3.6 cracks per mm 2. b) FO
0, LT 20, Ap. Vel 477, the same processing conditions as a) except the FO, note the
absence of large spherical pores in a) compared with b). ¢) FO 4, LT 20, Ap Vel 714, low
crack density but significant levels of lack of fusion porosity. d) FO 4, LT 53, Ap. Vel 596,

extensive large lack of fusion pores resulting from insufficient energy penetration.

As with the screening trial, crack density analysis was also performed on the samples

from the FO vs H%rial; Figure 3.22 displays the results.
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Figure 3.22 zCrack density with focus offset and hatch spacing

If the resultsin Figure 3.22 are compared to porosity results Figure 3.17) it is observed
that the trend of low porosity with higher crack densityz as observed in the screening
trial also z is present. Beyond this, there is no strong pattern fronwhich to make a

confident conclusion.

A final trial looked at whether crack density could be reduced by using a lower power,
whilst still maintaining 99.9% density. It was expected that there would be a strong trend
Al O 11T x Pl Ol OEOUPAMADEECGEOPI x A EAQEI] 10x
work (Deffley 2012). A range of 100195 W and ~ 306600 mm/s was chosen for LP and
Ap. Vel respectively. Fixed parameters were FO = 4mm, H8.69 mm and LT = 20>m.
All parts built at less than 150 W and one built at 150 W failed due to insufficient melting,
which resulted from the low energy densities. Of the successful parts, those with

porosities <0.5% are plottedin Figure 3.23.
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Figure 3.23 z Ap. Vel vs Laser Power for low porosity samples.

Figure 3.24 displaysthe corresponding crack density results, from which it is difficult to
argue any particular trend, although 477z 596 mm/s results in a drop in crack density

for all powers.
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Figure 3.24 z Crack density vs Apparent velocity for laser powers of 150 -195 W.

At this point it was decided that the use of apparent velocity was not the most appropriate

method of combining PD and ET. Power, exposure time and point distance are all
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controlling variables of laser energy, either per unit time or unit length. Plottinglensity
against one or two of the three is nonsensical as it neglects the influence of the other two.
As such, LP, ET and PD have been dimensionally reduced into a single parameter of 1D
line energy density. This is an appropriate use of energy density sia layer thickness and
hatch spacing are fixed, thus any variation in density is purely as a consequence of the
absorbed energy. If the energy density is considered over a set length it can be described

asEnergy per pointx Points per unit lengthor P x ET x 1j PD, this becomes:

“'"-R E
u

*Fr
Equation 3.4
where P is power of the source,efp is the exposure time, xp is the distance between

points of exposure, Q is energy anids line length.

Figure 3.25 displays the LP vs Ap Vel results as 1D energy densities. It is observed that
sample porosity has a strong relationship with energy density, whereas crack density is
more dependent on laser pwer. This is understood if the Rosenthal model for a moving
laser source is considered, in which the temperature profile has a significantly higher
dependence on laser power than beam velocityRosenhal 1946). Higher temperature
profiles result in steeper thermal gradients, and therefore an increase in the magnitude
of thermal stress(Mercelis and Kruth 2006 which in turn increases the susceptibility of

micro-cracking.

The minimum crack density achieved was 3.2 + 1.4 cracks per mpfior parameter set LP
pym 7h 0% ovm tih %4 pum t Oh zthispdia 1D erfergy& /

density of 0.54 JJ/mm. The relatively large errors on crack density are a consequence of
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the analysis method. As cracks are counted as integers, orloe numbers are reached

the deviation between measurements become respectively larger.
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Figure 3.25 - Porosity (grey) and crack density (black) with 1D energy density in sets of
laser power.

After all controllable parameters have been tested and optimised it can be sawdth
confidence that it is not possible to process this composition of Hastelloy X without
micro-cracksz as detectable through optical or electron microscopy, when processeah o
a Renishaw SLM 125 systenpproving the need for an alternative solution to parameter

optimisation.
3.4 Chapter summary

In this chapter, a number of preliminary but key experiments were performed. The
purpose of these experiments was to gain understanding operation of the SLM system

and the influence of process parametersromaterial response, a well as establishing a
benchmark for microAOAAEET ¢ T £ A OAOAAE OOOAADPOEAI A6
A DOE approach was used to optimise process parametersrfmmaximum density and

minimum porosity. Crack density was reduced to a minimum of 3.2 cracks per n#but
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critically, cracks could not be eliminated, providing justification for an alloy design

approach.

It was found that there was a relatively large procgss window in which >99.5% density
could be achieved, however crack density was much more sensitive, and clear

relationships between process parameters and crack density could not be defined.
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4 Establishment of Rapid Solidification

The theory of microstructure development for laser surface processing was discussed in
Section 2.4. SLM is regarded as a laser surface process, however up until this point SLM

has not been fully established as a Rapid Solidification Process (RSP).

Before considerations for adapting material response can be made to improve alloy
processability, the microstructure of the processed material must first be established,
and to an extent predicted. This chapter looks to establish whether SLM is indeed an RSP
andwhat the implications will be onthe microstructure and properties of SLM processed

material.

4.1 Rapid solidification conditions applied to SLM

4.1.1 Interface velocities and microstructure

From Section 2.4.3, observations in literature imply relatively strict sotification
conditions which result in similar microstructures for different materials and process

parametersz although the limit to this relationship is unknown.

In order to establish whether SLM lies in the realm of RSP, the relationships discussed in
Section 2.4.2.2 are applied to known SLM quantities. Firstly, for the solidification
interface velocity resultant from a moving laser beaniGremaud, Carrard et al. 1990 we
calculate Vs )X1 m/s given typical beam velocities of 0.41 m/s. This places the
solidification interface velocity firmly in the region of RS. However, the scenario is more
complicated when considering the specific RenishaBLML25 system, as the beam does

not have veloaty. Instead we consider the solidification for an individual melt pool.

155



Kear and Breinan(Bass 2013 described the heat transfer relationship for a single laser
spot for thermal gradient and cooling rate. First though, the solutions of the transient

temperature field during heat and cooling are described.

Term  Description Units Value (material Hastelloy X)
erfc complimentary error function
{ thermal conductivity W/cmK @RT=9.1
do absorbed power density W/cm?2 750,000
t time S
T temperature K
To initial temperature K 293
X depth beneath surface cm
diffusivity = [/ (m G) cm2/s @RT =0.023
r tzz S
zZ heat time (duration of laser power) S 100%x10%

Table 4.1 - Glossary of terms z adapted from (Bass 2012)

During heating:

o LI r’] T| b ¢ i ] e v Td) o
Yoo IT — 0Q ! wQl 'QT'T:C)O—J Y
Equation 4.1
During cooling:
SR | T { i LA |
Yoo rllT - Q ! : S Q ! J
. O . -, @
w Q1 — Q1 Y
7 ol Tr!
Equation 4.2
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The thermal gradient Gx,t) and cooling rate T(x,t) can then be written by partially

differentiating Equation 4.2 wit h respect tox andt respectively.

e 1Y N R ¢V
oo —. — Qi Q——— Qi Qu——
T o I T 0! T 7!
Equation 4.3
virn L Lo 0 Lo
T o | o} I
Equation 4.4
Solidification rate V=w Gor w=GV.
Equation 4.5

Equation 4.3 and Equation 4.4 can then be used to predict the solidification velocity
range, through Equation 4.5, for a given material and laser exposure parameters. It is

important to note at this point that this model does not consider latent heteof melting.

In order to calculate values from Equations 4-3.5 it is necessary to first consider the

initial conditions.

The maximum power output of the Renishaw SLM125 is 200 W, therefore given a beam
diameter ~ 100>m, theincidentB |1 x A O A A 126G Kk @®W/dEnA. Hewever, for the
wavelength of the Ytterbium fibre laser, 1060 nm, the absorptivity of nickel is 0.6 (60%),
in addition we assume a further 90% reduction as a result of material being in powder
form, giving agpe  p v T h 1t TR.IThis7laFdA reduction was determined by comparison

of predicted melt pool depths and those from experimental trials. Although it seems

157



unnaturally low, the use of higher absorptivity values results in unrealistic maximum

temperatures, this phenomenon is reported irother works (Roberts, Wang et al. 2000

For a nickel base alloy, 200W laser power combined with exposure times of ~10&
result in melt pool depths of ~150>m z with a powder depth of 20>m. 150>m is then set

as the melt pool depthd for the chosen q.

The condition of full melting implies tha the temperature at the base of the melt pool,
where x = d, will be that of the melting point of the alloy Tm. Equation 4.1 canthen be
solved iteratively, setting it equal toTm (for nickel superalloys 1500 K) to calculate the

time taken for T=Tmat x=d; this is referred to as the heat timez,

Given that the alloy is being surface heated, the temperature at the surface continues to
rise over time urtil it reaches its maximum, Tax at time z. Tmax can therefore be

calculated bysolving Equation4.1 for x= 0 andt =z.

Once the material has been melted to a depth after time z, energy input is ceased and
the melt begins to cool, and then solidify. As the material solidifies, the dépat which the
temperature is equal toTmeit moves towards the surface. Solidification is complete once
the surface temperature isequal to the Tmet. The timet = z at which solidification is
complete is established by solvingequation 4.2 iteratively for depth, between the limits

of 0 <x<d. This is represented graphically irFigure 4.1.

158



Heating and Cooling rates
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Figure 4.1 - Temperature for a given depth with time.

Oncez bad been calculated, a limiting value for was determined and Equation 4.3 and

Equation4.5 could be solved. The resulting plotsire given inFigure 4.2 to Figure 4.5
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Figure 4.3 - Cooling rate with melt depth
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Figure 4.4 - Solidification rate with melt depth

Figure 4.5 - Solidification rate at base of melt pool
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