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size, and half of the range of four measurements across each grain for actual grain size used in TEM

Lot =1 T 4 = ) KT 93

Table 5.2: Energy loss of primary beam electrons (-dE/dx) and the corresponding maximum
temperature rise (AT) attributable to electron beam heating effects in Li»TiOs. Key parameters used
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Table 5.3: Maximum kinetic energy transfer to lattice atoms (Li, Ti and O) in Li;TiO3 by 300 keV

electrons. Calculated according to equations (8) = (11)...cuuuueeeiieiiiiriiiiiiieeeeeeeeeeirireee e eeeeerrr e 104

Table 5.4: Displacement cross sections for Li, Ti and O lattice atoms in Li,;TiOs calculated using
different models for Tmax Using Eq. (14). *Note that in the case of Ti, the value stated corresponds to

the cross section for energy transfer only as insufficient energy is transferred to induce displacement.

Table 6.1: Mean average density and grain size (determined by SEM image analysis and manual
density measurements respectively) of the Li,TiO3 samples shown in Figure 6.4, Figure 6.6, Figure 6.7,
and Figure 6.8, and the actual size of the specific grains examined during electron beam irradiation
(determined from TEM micrographs). Errors quoted were calculated according to Eq. (2) for density,
1 ESD for mean grain size, and half of the range of four measurements across each grain for actual

grain size used iN TEM @XPEIIMENTS. .....cciiiiieiiieee e e e e e et e e e e e e e e ettt e e e e e eeeessearaaeeeas 138
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Abstract

Polycrystalline lithium metatitanate (Li,TiOs3) is an attractive material for a range of applications
including battery materials and microwave dielectrics, it has also attracted a great deal of attention
as proposed tritium breeder material for use in nuclear fusion reactors. During the continued
development of Li;TiOs, and similar Li-containing ceramics, for these advanced applications,
transmission electron microscopy (TEM) is likely to be employed to study the nano-structure of these

materials and, in the case of nuclear fusion applications, their response to radiation induced damage.

In this project, the effects of ceramic processing conditions on the microstructure of Li,TiO3 ceramics
was first identified. The effects of ceramic microstructure on the behaviour of Li,TiOs under electron
irradiation was subsequently investigated. Results show that electron irradiation in a conventional
TEM results in the formation of nanometre sized vacancy-type defects at room temperature, and
that the size and number density of the vacancy-type defects are linked to ceramic microstructure
and crystallographic disorder. Electron beam induced vacancy-type defect formation is discussed in
terms of electron beam heating, electron beam induced radiolysis and electron beam induced
displacement damage; the displacement of Li and O lattice atoms is proposed to be primarily
responsible for the observed damage. Results suggest that the formation and growth of vacancy-type
defects is initially driven by the supersaturation of vacancies due to the preferential loss of
interstitials to the surfaces of thin film TEM specimens, followed by coalescence of larger vacancy-
type defects, which leads to cavity growth. Results from X-ray diffraction suggest that growth at room
temperature may be facilitated by the presence of CO,, produced by the decomposition of a Li,CO3
surface reaction layer under the electron beam. These results highlight that care must be taken when

interpreting TEM data and undertaking the associated analysis, especially in Li-containing oxides.

Following the discovery of electron beam induced cavity formation in Li,TiOs, the thermal evolution
of these cavities at temperatures relevant to fusion breeder blanket operating conditions was
investigated using in-situ thermal annealing experiments, which were carried out under electron
irradiation in a TEM. The effects of temperature, electron beam exposure time, and ceramic
microstructure on cavity growth dynamics are discussed. The rate and extent of cavity growth was
found to be significantly enhanced at elevated temperature, this is primarily attributed to the
increased mobility of defects introduced as a result of electron beam induced displacement damage.

Minimising exposure of thin-film TEM specimens to the electron beam was found to significantly
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reduce the extent of cavity growth, particularly at high temperatures, indicating that cavity growth is
strongly dependent on electron fluence. The microstructural properties of low porosity and large
grain size may increase the resistance of Li;TiO3 to electron beam damage. This is attributed to the
longer diffusion path to defect sinks associated with large grain size and low porosity, resulting in a
reduction of preferential interstitial loss and increased probability of defect recombination; thus
reducing the excess vacancy concentration responsible for cavity growth in the bulk. A distinct
correlation between the temperature at which significant quantities of CO, were released from bulk
Li,TiO3 samples (revealed by the results of thermal desorption spectroscopy (TDS) experiments) and
accelerated cavity growth in thin film specimens was identified. Hence it is proposed that enhanced
cavity growth under electron irradiation at elevated temperature in Li;TiO3 may be facilitated by CO;

gas produced as a result of the thermal decomposition of an LioCOs surface reaction layer.

The accumulation of helium in Li;TiO3 samples with different microstructural properties was
investigated using in-situ helium ion implantation. The influence of the interactions of implanted
helium with electron beam induced radiation defects on cavity / gas bubble growth at elevated
temperatures was investigated using complimentary in-situ thermal annealing experiments. Helium
was found to accumulate to a greater extent in samples of low porosity and large grain size. The
extent of cavity / bubble growth was found to be significantly exacerbated at elevated temperatures
in samples which exhibited high helium retention. Such cavities have the potential to trap tritium in
a working breeder blanket, thereby impeding its release and increasing tritium inventory, both of
which would be detrimental to material performance. In the absence of implanted helium, the
microstructural properties of large grain size and low porosity appear to increase the radiation
tolerance of Li,TiOs to displacement damage induced by electron irradiation. However, since the
presence of helium has been shown to severely exacerbate cavity growth in Li;TiOs, the increased
helium retention by specimens of low porosity and large grain size in fact resulted in a greater extent
of cavity growth in such specimens at temperatures relevant to breeder blanket operating conditions.
As such, the properties of high porosity and small grain size are likely to be beneficial for the
optimisation of the performance of Li;TiOs ceramic breeder materials from the perspective of
reducing cavity formation at breeder blanket operating temperatures when the effects of helium are

taken into account.
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Chapter 1 - Introduction and aims

With ever increasing population, a dwindling supply of fossil fuels and increasing pressure to reduce
carbon emissions, meeting the global demand for energy in an environmentally responsible manner
is a challenge which cannot be ignored. Harvesting energy from nuclear fusion is a viable alternative
to fossil fuels; in conjunction with conventional nuclear fission and renewable energy sources, fusion
could make a major contribution towards solving the issue of the ever increasing global energy

demand.
Advantages of nuclear fusion include [1]:

e Fundamentally safe — There will be insufficient fuel in the plasma chamber for a potentially
dangerous runaway reaction to occur. Reactor design minimises the amount of radioactive
isotopes present at any one time.

e Sustainable — Fuel sources are plentiful. Deuterium can be recovered from water, and tritium
can be bred from lithium, which is sufficiently abundant on land to supply several hundred
years of energy generation (after which extraction of lithium from sea water is a possibility).

e Environmentally friendly — No carbon emissions are directly associated with the process. No
long lived radioactive isotopes are produced in the reaction; and while structural reactor
materials will become radioactive, they are expected to be safe to be recycled within around
100 years following removal from the reactor.

e Efficient — 1 kg of lithium could produce enough tritium to supply 3x10%3 J of energy
(equivalent to 900,000 | of petrol, or ~100,000 kg of coal).

The fusion reaction currently proposed for power generation is the reaction between two isotopes
of hydrogen, namely deuterium (D) and tritium (T), which fuse to form helium, and a high energy

neutron is ejected:
2H (D) +3H (T) = “He + In (17.6 MeV)

The energy is liberated in the form of kinetic energy, which is distributed between the neutron (14.1

MeV) and the helium nucleus (3.5 MeV) [2].

D and T have been selected as the fuels for fusion as the reaction cross section (a measure of the

probability of fusion) is the largest of any fusion reaction of interest for power generation, and hence
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the most easily achievable fusion reaction with a net energy gain [1, 2]. *He is very tightly bound; it
is this difference in binding energy between nucleons in the fuel nuclei (D and T) and the *He product

that is responsible for the energy liberated (see Figure 1.1).

Average hinding energy per nucleon (MeV)
S

Hl
0 30 60 90 120 150 180 210 240 270
Number of nucleons in nucleus

Figure 1.1: Average binding energy per nucleon vs. number of nucleons in nucleus. Adapted from
Wikimedia Commons. (https://commons.wikimedia.org/wiki/File:Binding_energy_curve_ -
_common_isotopes.svg)

While deuterium can be recovered from water, tritium is inherently unstable (ty = ~12 years), and
hence must be generated in-situ. Tritium can be “bred” from lithium by transmutation reaction,

which occurs following capture of neutrons produced by the fusion reaction by lithium atoms [1]:
®Li (n, a): 6Li+ In > T+ *He (+ 4.8 MeV)
Li(n,an): 7Li+n > T+%He+'n (-2.47 MeV)

This is the primary function of the breeder blanket, which is composed of a lithium-containing
material located in the first wall surrounding the plasma chamber (Figure 1.2, top). Its secondary

function is to convert the kinetic energy of neutrons produced during fusion to recoverable heat.

A number of different breeder blanket concept designs have been developed. These include Helium
Cooled Lithium Lead (HCLL), Water Cooled Lithium Lead (WCLL) and Dual Coolant Lithium Lead (DCLL)
designs [3], all of which utilise a molten lithium-lead eutectic (~“Pbieli) as a breeder material, the lead
component of which functions as a neutron multiplier; the former two designs utilise helium and

water as coolants respectively, while the latter utilises a combination of the two.
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The research carried out in this project is concerned with solid breeder materials in the form of
lithium containing ternary ceramics, which will be used in conjunction with a neutron multiplier
material. The function of the neutron multiplier (the EU reference material for which takes the form
of beryllium metal pebbles [4] while current designs are proposed to employ Be1,Ti beryllide or
molten lead [5]) is to increase the number of neutrons available for capture by lithium in the blanket;
thereby increasing the number of lithium transmutation events per fusion neutron produced and in
turn increasing the tritium breeding ratio (TBR), which is the ratio of tritium atoms produced per
fusion neutron. For the fusion reaction to be sustainable, the TBR must be greater than 1; current

design targets specify a TBR value > 1.05 [6].

Inside the EU, ceramic breeder materials are proposed to be used in the so called HCPB (Helium
Cooled Pebble Bed) concept. In the EU reference HCPB blanket design, a schematic of which is shown
in Figure 1.2, both the ceramic breeder and beryllium multiplier take the form of pebbles, which are
arranged in alternating layers in a number of breeder units surrounding the plasma chamber. Helium,
with a small addition of hydrogen, acts as both a coolant (for heat recovery) and a purge gas for

tritium extraction [3, 7].
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Figure 1.2: Top: Schematic of breeder blanket surrounding the plasma chamber in a fusion reactor.
Bottom: Reference HCPB blanket module design circa. 2015, adapted from [3].
The latest proposed HCPB design [5], shown in Figure 1.3, utilises “fuel-breeder pins” which house
lithium ceramic breeder pebbles, surrounded by hexagonal blocks of Bei1,Ti neutron multiplier as
opposed to the layered configuration of the reference design. This design is reported to reduce the
risk of structural materials overheating, and a variant of this design allows the use of a molten lead
neutron multiplier in place of beryllium; thus circumventing inherent issues associated with the use
of beryllium as a neutron multiplier material such as its toxicity, reactivity and relatively low

abundance.
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Figure 1.3: “Enhanced” HCPB blanket configuration, adapted from [5].

The material studied in this project was lithium metatitanate (Li.TiO3), which is considered to be one
of the leading candidate ceramic breeder materials; indeed, Li,TiOs is incorporated into the latest
generation of ceramic breeder materials being developed for use with the aforementioned EU HCPB
concept, which are composed primarily of lithium orthosilicate (LiaSiO4) with additions of Li,TiOsz as a
secondary phase [8]. Li,TiO3 has also been proposed for use in the various breeder blanket concept

designs being investigated by wider international research groups [9-11].

During operation, ceramic breeder materials must withstand the extreme conditions associated with
nuclear fusion, including high temperatures and thermal gradients, and high magnetic fields. Breeder
materials must also be compatible with structural reactor materials, and remain stable for their

operational lifetime [12].
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Possibly the most demanding condition however, is the high levels of radiation damage which will be
induced by exposure to a high flux of high energy neutrons (14.1 MeV c.f. ~2 MeV for conventional
fission). The estimated neutron flux at the first wall of the DEMO pilot plant is 1.75 MW m, rising to
2.2 MW m in the first industrial plant; this equates to 9.86x10'7 14.1 MeV neutrons m? s?, or
approximately 150-200 displacements per atom (dpa) in first-wall steel over the lifetime of the

blanket (based on an approximation for Fe) [13].

Neutron irradiation damage will result in the displacement of lattice atoms in ceramic breeder
materials from their equilibrium positions, introducing defects in the form of vacancies and
interstitials (Frenkel pairs); the correlation between defect annihilation and tritium release behaviour
suggests that these defects may act as trapping sites for tritium [14-16], and as such impede tritium
release and recovery, which is detrimental to the material’s performance. The aggregation of like
defects can also result in the formation of extended defects such as voids, cavities, and dislocation
loops [17, 18]; tritium could potentially become trapped in such cavities, impeding its recovery and
increasing the tritium inventory of the blanket material. Excessive tritium retention in the breeder
blanket poses a potential safety risk at the blanket End-of-Life due to the inherent radioactivity of

tritium [6].

A second key issue associated with tritium production is the large quantities of helium produced
within the breeder material as a result of lithium transmutation. Due to its insolubility in most solids
[19], accumulation of helium can result in the formation of gas bubbles in irradiated materials [20].
Furthermore, it has long been established that the nucleation and growth of irradiation induced voids
and cavities is facilitated by the presence of gas atoms [21-23]. As such, in addition to accumulating
to form bubbles which could act as trapping sites for tritium, the helium produced as a result of
lithium transmutation has the potential to exacerbate the formation and growth of extended
radiation defects such as voids and cavities; this could be detrimental to the mechanical integrity of
ceramic breeder pebbles, and further impede tritium release and recovery. To date however,
relatively little research has been carried out regarding the role of helium in ceramic breeder
materials; despite this, there exists some limited evidence in the literature which suggests that the
presence of helium could have a detrimental effect on the tritium release characteristics of Li;TiOs

[24].
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Microstructural properties such as grain size are known to affect the irradiation behaviour of
materials. Enhanced radiation tolerance, attributed to increased interfacial area associated with
grain boundaries which act as efficient defect sinks, has been reported in numerous nanocrystalline
materials [25-29]. Aggregation of defects in larger grained analogues, leading to the formation of
defect clusters, has previously been attributed to the longer diffusion path to sinks at grain
boundaries [25, 30]. Conversely, some materials exhibit higher radiation tolerance when they are
composed of larger grains; for example, UO,, ThO; and CeO; are all reported to exhibit a greater
degree of volumetric swelling as a result of heavy ion implantation in nanocrystalline format than
their analogous microcrystalline counterparts [31]. Helium retention and gas bubble formation has
also been shown to be affected by microstructure; for example, Huang et al. [29] reported that a
higher fluence of helium was required to induce bubble formation in Gd,Zr,07 ceramics with smaller
grain size. Similarly, according to El-Atwani et al. [32], no helium bubbles were observed in helium
implanted iron with grain sizes less than 400 nm, but helium bubble density was reported to increase
with increasing grain size in specimens with grain sizes up to 3 um. The microstructural properties of
high porosity and small grain size have also been reported to be beneficial for tritium release for

ceramic breeder materials [33].

lon implantation and electron irradiation are commonly used to “simulate” radiation damage and
fission gas production in materials [34, 35]. Transmission Electron Microscopy (TEM) is one of the key
techniques used to investigate the effects of externally induced damage introduced as a result of
neutron irradiation or ion implantation [36, 37]. However, one factor that is often overlooked is the
effect of the electron beams utilised in TEM, which are also capable of inducing damage, on the
specimen being examined. The mechanisms by which damage is induced by electron beams are likely
to differ from those of neutron damage owing to a significant difference in mass, and the charge
associated with electrons. However, given that electron irradiation in a TEM has the potential to
introduce defects which are similar in nature (i.e. atomic displacement) to those induced by neutron
irradiation and ion implantation, it is important to determine how examination of ion implanted /
irradiated materials using TEM techniques will affect the nano-structure of the material being

examined in order to avoid the erroneous interpretation of results.

In addition to being the subject of extensive research for application as a ceramic breeder material,
Li;TiO3 has been proposed for use in a multitude of other applications including electrode materials

for use in lithium ion batteries [38-44], microwave dielectrics [45-47], and supercapattery
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applications [48]. Since a number of the applications for which Li;TiO3 and similar lithium-containing
ceramics have been proposed utilise materials with sub-micron or nanoscale microstructural
properties [38, 41, 43-45, 48], TEM is likely to be used to examine their microstructure on the nano-
scale. Hence, an understanding of the behaviour of Li;TiOs under electron irradiation in a TEM may
also assist in the explanation of unexpected phenomena observed during TEM examination of
analogous materials developed for wider applications; thus avoiding the potential for erroneous

findings being made and reported.

The aims of this project were:
e Todetermine the effects of the interactions of conventional TEM electron beams with Li;TiO3
ceramics.
e To investigate the influence of ceramic microstructure and processing conditions on the
susceptibility of Li>TiOs to electron beam damage.
e To investigate the effects of ceramic microstructure on helium accumulation in Li;TiOs, and
identify the influence of implanted helium on the thermal evolution of irradiation defects

therein at temperatures relevant to breeder blanket operating conditions.

In order to achieve the above aims, the effects of ceramic processing conditions on the
microstructure of Li;TiOs ceramics produced by solid state synthesis and conventional sintering
methods were firstly investigated. Thereafter, in-situ transmission electron microscopy was used to
observe the effects of electron beam irradiation on polycrystalline Li,TiOs at room temperature. We
report, for the first time, the observation of electron beam induced cavity formation in Li;TiOs. The
effects of electron irradiation time and the microstructure of the ceramic in its as-prepared state on
the formation and growth of cavities are identified, and the possible mechanisms responsible for the
observed cavity formation under electron irradiation are discussed. Subsequently, in-situ thermal
annealing experiments under electron irradiation in a TEM were used to investigate the thermal
evolution of electron beam induced cavities in Li;TiOs ceramics with different microstructural
properties; such that the effects of the electron beam could be taken into account when interpreting
the results of the ion implantation experiments which followed. Finally, in-situ helium ion
implantation and complimentary in-situ thermal annealing experiments were used to investigate the
effects of ceramic microstructure on the extent of helium accumulation and bubble formation in
Li;TiO3, and to determine the influence of helium on cavity and bubble growth therein at

temperatures relevant to breeder blanket operating conditions.
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Chapter 2 - Literature review

2.1 Candidate ceramic breeder materials

To be suitable for application as breeder blanket materials, lithium ceramics must possess [49]:

(i) High lithium atom density in order to maximise tritium breeding ratio (TBR), which is the
number of tritium atoms produced per fusion neutron. The TBR must be >1 to achieve
tritium self-sufficiency.

(ii) Low tritium solubility for efficient tritium release and recovery.

(iii) High thermal conductivity for efficient heat recovery.

(iv) Good thermal, chemical and mechanical stability.

(v) Good compatibility with structural reactor materials.

(vi) Desirable irradiation behaviour

In addition, current activation targets dictate that activity levels of fusion reactor materials should be
sufficiently low that they can be safely recycled within 100 years following removal from the reactor
[50]; as such, the residual tritium inventory of candidate ceramic breeder materials should ideally be
low, and the elemental composition should be such that no long-lived radioactive isotopes are

produced as a result of neutron irradiation.

Early investigations focused on Li,O due to its high lithium atom density (0.93 g cm3) and thermal
conductivity (3.4 Wm™K?) [49]. However, it has since been eliminated due to concerns regarding its
chemical reactivity with water (Li.O reacts readily with water to form caustic LiOH) and structural
reactor materials, and mechanical stability [51]. Hence, ceramic breeder materials research shifted
towards the ternary lithium ceramics LisSiOs, Li;TiOs, Li2ZrOs and LiAlO,. LiAlO; has since been
eliminated due to its low lithium content and concerns about the activation of aluminium [52].
Internationally, Li;TiOs and LisSiO4 are currently favoured over Li>ZrOs, presumably because of the

lower lithium atom density of the latter and the potential for zirconium activation.

Li;TiOs is currently the material of choice for use with blanket designs utilising ceramic breeder
materials in India [10], Korea [53] and Japan [54], who are also developing so-called ‘super advanced’
tritium breeders composed of a solid solution of Li;TiO3 and Li»ZrOs [55]. The EU reference material,
which is scheduled to be tested in Test Blanket Modules at the International Thermonuclear

Experimental Reactor (ITER TBM) is composed of hyperstoichiometric LisSiO4 with minor inclusions
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of Li,SiOs [56]; recent studies however, have shown that incorporating Li;TiOs as a secondary phase
enhanced the mechanical properties of the latest generation of ‘advanced’ bi-phasic ceramic breeder

pebbles [8], which are currently being developed for use with the EU DEMO HCPB concept [5].

The crystal structures and compositional chemistry of current candidate ceramic breeder materials
are discussed below, selected properties are listed in Table 2.1. The research carried out in this
project focussed on single phase Li,TiOs; the structures and compositional details of LisSiOs and

Li2ZrOs are included for comparison.

2.1.2 Lithium metatitanate (Li,TiO3)

According to the phase diagram of the Li;O-TiO, system [57] (as shown in Figure 2.1), three
polymorphs of Li;TiO3 exist. At low temperatures a metastable cubic phase (a-Li;TiO3) exists, which
can be prepared under hydrothermal conditions [58]; above 300°C a-Li;TiOs is progressively and
irreversibly converted to the B-phase over a wide temperature range. The stable polymorph under
ambient conditions is monoclinic B-Li,;TiOs, which has a narrow homogeneity range, forming solid

solutions between ~48 and ~51 mol% TiO; [57, 59].

The phase of interest for application as a ceramic breeder material is the B-polymorph, since it is

stable across the entire range of expected blanket operating temperatures (~400 °C — 920 °C [60]).

Stoichiometric B-Li,TiOs is stable up to ~1155°C [57], at which point a rapid, reversible transition to
the high-temperature cubic phase (y — Li>TiO3) takes place [59]. The high-temperature cubic phase
adopts a disordered rock salt structure and forms solid solutions over a wide range of compositions
(44 - 60 mol% depending on temperature); non-stoichiometric solid solutions remain stable in the
cubic structure to lower temperatures (~1050°C and ~930°C at lithia-rich and titania-rich limits

respectively) than stoichiometric Li,;TiOs [57, 59], which melts congruently at ~1533°C.
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Figure 2.1 Phase diagram for the Li,O-TiO; system. Taken from [57].

Kataoka et al. [61] is shown in Figure 2.2.
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Monoclinic B-Li>TiOs belongs to space group C2/c and crystallises in a distorted rock salt structure
similar to Li2SnOs [61]. The layered structure is constructed from edge-sharing LiOs and TiOs
octahedra. Hexagonal close packed cation layers in the 004 planes are occupied alternately by layers
exclusively composed of lithium, and layers composed of a 2:1 ratio of titanium and lithium [62]. In
the mixed cation layers, lithium atoms occupy the centres of the hexagons, while titanium atoms

occupy the vertices. Oxygen atoms lie between the layers of cations. The structure according to



Figure 2.2: Structure of B- Li,TiOs according to Katakoa et al.[61] . Images generated using
CrystalMaker® [63].

2.1.1 Lithium orthosilicate (LisSiO4)

Under ambient conditions, the crystal structure of LisSiOs is reported to be monoclinic, with space
group P21/m. The LisSiO4 unit cell contains 14 formula units and can be described as a supercell

consisting of seven smaller subcell units, each containing two formula units [64].

The structure according to De Jong et al. [65] is shown in Figure 2.3. The majority of lithium atoms
are tetrahedrally coordinated by oxygen atoms, although fivefold and sixfold coordination of lithium
is also observed in the structure. Some partial occupancy of lithium atom sites is also reported. Silicon
is exclusively tetrahedrally coordinated. The SiOa, LiO4, LiOs, and LiOs polyhedra form a three

dimensional network by a combination of corner- and edge-sharing.

26



Figure 2.3: Structure of LisSiO4 according to De Jong et al.[65] Images generated using
CrystalMaker® [63].

LisSiOs melts congruently at 1255°C [66]. A reversible displacive transition involving a slight
contraction of the crystal lattice in the c-axis with concurrent expansion in the a- and b-axes is
reported to occur at 666°C, which results in a small overall increase in unit cell volume [67]. Since no
change in crystal system or space group is associated with this transition, the high temperature

structure is assumed to be a slightly distorted version of the room temperature structure.

According to the binary phase diagram for the Li,O-SiO system [66, 68] several lithium silicates exist
in the region between 20 mol% and 50 mol% SiO,. Single phase LisSiO4 is only obtained at precisely

stoichiometric composition (33.3 mol% SiO;).

In lithium rich regions (20 < mol% SiO; < 33.3) LisSiOs forms as a stable secondary phase below 832°C;
above this temperature LigSiOs decomposes to Li;O and LisSiOa. Further heating results in the
formation of a lithium-rich liquid secondary phase at 992°C. In silica rich regions (33.3 < mol% SiO; <
50) lithium metasilicate (Li»SiOs) forms as a secondary phase below 1024°C. Above this temperature,
either side of the eutectic point at ~38 mol% SiO,, either LisSiO4 or Li,SiO3 coexists with a liquid phase.

Two other, possibly metastable phases (LisSiOs [69] and LisSi,O7 [70]) have also been reported.

The EU breeder blanket reference material is based on LisSiO4 with a small excess of silica, such that
LiaSiO4 is the major phase (90 mol%) and Li,SiOs3 is present as a minor phase (10 mol%) [71].

Incorporation of Li,SiO3; secondary phase is reported to enhance mechanical properties [72]. The
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structure of Li,SiOs is orthorhombic with space group Cmc21. Chains of corner-sharing SiO4 tetrahedra
parallel to the (001) plane are in turn corner-linked to chains of corner-sharing LiO4 tetrahedra

parallel to the same plane, such that Li atoms lie between SiO4 chains [73].

2.1.3 Lithium metazirconate (Li»ZrOs)

Similarly to LisSiOas, Li2ZrOs is a so called ‘line phase’ (i.e. it is not known to form non-stoichiometric
solid solutions with excess Li,O or ZrO;) and as such pure Li2ZrOs is only obtained at precisely

stoichiometric composition (50 mol% Li,0).

At stoichiometric composition, pure phase Li;ZrOs exists as one of two polymorphs. At lower
temperatures, Li»ZrOs adopts a tetragonal structure (t-Li2ZrOs) [74] which undergoes a progressive,
irreversible transformation to the stable monoclinic form (m-Li>ZrOs) at elevated temperatures [75].
The precise temperature at which this transition occurs is not clear from the available literature; it is
noted however that all of the samples examined by Wyers and Cordfunke [75] which initially
contained t-Li»ZrOs at lower temperatures were found to consist exclusively of m-Li,ZrOs following
heat treatments exceeding 975K (~701°C), indicating that the transition to the monoclinic form is

complete at this temperature.

In lithium deficient regions (< 50 mol% Li»0) Li>ZrOs is found to coexist with either of two polymorphs
of ZrO, depending on the temperature of the system; with a monoclinic to tetragonal transition of
ZrO; occurring at ~1177°C. In lithium rich regions close to stoichiometric composition (50 < mol% Li,O
< 60) Li»ZrOs coexists with LisZr.07 up to the melting point of the latter (~1269 °C) at which point

LisZr,07 melts incongruently into a lithia-rich liquid and solid Li,ZrOs [75].

m-Li>ZrOsis the phase of interest for breeder blanket applications. This phase is reported to be stable
up to its estimated melting point at 1695+15°C [75], although decomposition due to lithia losses has

been reported at temperatures exceeding 900°C [76].

The structure of m-Li;ZrOs, as reported by Hodeau et al. [77], is shown in Figure 2.4; it belongs to

space group C2/c and crystallises in a distorted rock salt structure similar to LioSnO3 and B-Li;TiOs.
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Figure 2.4: Structure of m-Li,ZrO3 according to Hodeau et al.[77]. Images generated using
CrystalMaker®.
Similarly to the structure of B-Li>TiOs, the layered structure is constructed from edge-sharing LiOs and
ZrOg octahedra with cations occupying hexagonal close packed layers in 004 planes; the difference
being that in the case of Li,ZrOs, all cation layers are composed of lithium and zirconium in a ratio of
2:1. In each cation layer zirconium atoms occupy the centres of the hexagons, while lithium atoms
occupy the vertices [77] (effectively the reverse of the mixed cation layers observed in B-Li;TiO3).

Oxygen atoms lie between the layers of cations.

Table 2.1: Basic properties of candidate ceramic breeder materials LisSiO4, Li;TiO3 and Li2ZrOs.

Candidate Material: Li2SiO4 B- Li;TiOs3 m- Li,ZrO3
[49, 65] [61, 78] [77, 78]
Empirical Formula: LiSiOa Li,TiOs Li»ZrO3
Formula Weight / g mol™: 119.85 109.76 153.10
Bulk Density / g cm™ 2.35 3.43 4.15
Lithium atom density / gecm™? | 0.54 0.43 0.33
Melting point / °C 1255 1533 1695
Crystal System: Monoclinic Monoclinic Monoclinic
Space Group: P21/m C2/c C2/c
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2.2 Synthesis methods
2.2.1 Solid state synthesis

The oldest and simplest method employed for ceramic synthesis is the Solid State Reaction method,
in which stoichiometric amounts of reactant materials in powder form are mixed together, pressed
into the desired shape and heated at high temperature for prolonged periods such that reaction
occurs at the interface between reactant particles [79]. This technique is still widely used today and,
according to literature [80-83], it remains the conventional method for the preparation of Li;TiOs.
Titania (TiO2) is commonly used as a titanium source, while lithium carbonate (Li»COs) is the favoured

source of lithium.

Mandal et al. [82] reported that solid state reaction between anatase TiO; and Li»COs3 begins at
around 600°C, but found that pure Li,COs does not begin to decompose until ~740 °C. Hence they
proposed that formation of Li>TiO3 must occur without prior decomposition of the carbonate via the

following reaction:
Li,CO3 +TiO, = Li>TiO3 + CO»

A slight variation on this mechanism is proposed by Sonak et al. [84] who suggest that TiO; particles
have a catalytic effect on the decomposition of Li,COs; as such the carbonate decomposes at the

surface of TiO; particles and the resulting oxide reacts rapidly with TiO; to form Li;TiOs:
LiCO3 > Li2O + CO2 (surface contact with TiO, particle)
Li,O + TiO; > Li>TiOs

Growth of the resulting Li,TiOs phase is then proposed to proceed by the diffusion of Liand O through
the Li;TiO3 layer and subsequent reaction with TiO,. The authors reported no evidence of

intermediate phases in X-ray diffraction (XRD) patterns of partially reacted powders.

Since solid state reaction is, by definition, reliant on the diffusion of ions through solid materials,
therefore high temperatures and long thermal soaking times are often required. Reducing the
particle size, thereby reducing the diffusion distance required for reactants to come into contact, can
aid the process of solid state synthesis. This can be achieved by milling the reactant materials

together prior to calcination, which also ensures that reactants are well mixed.
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Zhukov et al. [85] investigated the effect of so-called mechanoactivation of TiO;-Li,CO3 mixtures by
high energy ball milling. They found that increased milling time resulted in more successful
conversion of reactant powders to the desired phase upon heat treatment under the same
conditions. Optimum parameters for the synthesis of Li;TiOs are reported to be 30 minutes planetary
ball milling followed by heat treatment at 650°C with an isothermal soaking time of two hours;
although longer milling time and higher calcination temperatures are more commonly adopted [82,

86, 87].

While milling may facilitate the formation of the desired phase by solid state reaction at lowered
temperature and/or reduced thermal soaking time, sintering at relatively high temperatures is

usually required to fabricate Li;TiO3 ceramics of high density.

Maximising the bulk density of ceramic breeder materials is considered desirable as the overall
lithium atom density will be greater in a dense ceramic than a porous equivalent; hence the
probability of fusion neutrons interacting with lithium atoms in the breeder blanket will be increased
in a dense ceramic, which in turn increases the tritium breeding ratio. Densification of ceramics is
commonly achieved by solid state sintering, where ceramic powders are compacted under high
pressure and subsequently heat treated at temperatures typically ranging from 50-90% of the
melting point of the material [88]. At such temperatures, diffusion of atoms from grain boundaries
and dislocations to neck regions between contacting particles results in densification by the filling of
pores. It is widely accepted that the process of densification is driven by the reduction in surface free

energy associated with the reduction of internal surface area attributed to pores.

However, due to the inherent volatility of lithium, sintering of lithium-containing ceramics can be
problematic; the high temperatures required can result in the loss of lithium species. High
temperature vapourisation and thermal stability studies have been carried out on numerous
candidate breeder materials including Li>O [89], lithium aluminates [90], lithium zirconates [76, 91]
and lithium titanate [92]; Li and Li.O are usually the predominant species detected in the vapour

phase, with LiO and LizO present in smaller quantities in some cases.
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For example, the thermal stability of lithium silicates has been investigated by Cruz et al. [93] who
found that LisSiOs decomposes to Li,SiO3 due to sublimation of lithium in the form of Li,O according

to the process:
Li4SiO4(s) > LizSiOg(s) + LizO(g)

Since the formation of Li,SiOs attributed to the sublimation of lithium species is observed across the
entire temperature range investigated in their study (900°C - 1400°C), it is unclear at what
temperature the onset of lithium sublimation takes place. It is clear however, that the rate of lithium
sublimation increases significantly with increased temperature. While lithium vaporisation has been
reported in Li;TiO3 at temperatures in excess of 900 °C [92], its structure is likely to be reasonably
tolerant of the associated lithium deficiency due to the homogeneous range of solid solutions around
the stoichiometric composition of Li>TiOs3 in the Li;O-TiO; system. Nonetheless, lowering sintering
temperature as far as reasonably possible is considered beneficial from the perspective of maximising

lithium retention.

Densification during sintering is accompanied by grain growth, the driving force for which is the
associated reduction in total surface (or interfacial) area, thus reducing the total interfacial energy of
a polycrystalline system. Densification and grain growth in Li,TiOs has been shown to be strongly
dependent on sintering conditions (e.g. temperature and duration) [94, 95]; as such, a degree of

microstructural control can be afforded by systematic variation of sintering conditions.

2.2.3 Sol-gel methods

Sol gel methods feature regularly in the literature concerned with synthesis of ceramic breeder
materials. The key advantage of sol-gel methods over traditional solid state reaction is the increased
homogeneity of reagents (afforded by the use of solution state precursors) which facilitates lower

processing temperatures and greater control over particle size and morphology [96].

Traditionally, sol-gel synthesis relies upon hydrolysis and condensation of metal alkoxides by reaction
with water in an organic co-solvent. Hydrolysis results in polymerisation of the metal alkoxide via
formation of metaloxane bonds. Initially, this leads to partial condensation (forming the ‘sol’); as the
condensation reaction proceeds, cross-linking occurs between polymer chains (forming a ‘gel’) [96,

97]. The solvent is then removed and the gel calcined to yield the final product.
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The reaction is often acid- or base-catalysed. Choice of alkoxide precursor, type and concentration of
catalyst employed and alkoxide:water ratio can all have significant effects on the structure of the gel
obtained. Li;TiOs and LisSiOs with well-controlled near-identical microstructures have been

synthesised by this method by Renoult et al. [98].

Modern sol-gel techniques however, are not limited to reactions employing alkoxide precursors and
organic solvents. Water-based systems - where the sol consists of a colloidal suspension of precursors
which gel due to intermolecular forces (van der Waals/ hydrogen bonding) or interaction between
metal complexes [96] - are increasingly utilised. Relevant examples of this include methods employed
by Yu et al. [99] and Wu et al [100], in the synthesis of LisSiO4 and Li,TiO3 respectively using water-

based sol-gel methods employing citric acid as a chelating agent.

2.2.4 Melt spraying

A method which has attracted major attention is the melt-based KALOS (Karlsruhe Lithium
Orthosilicate) process, originally developed by a leading fusion ceramics research group at the
Karlsruhe Institute of Technology (KIT) for the production of LisSiO4 [101]. The process has since been
further developed for the production of dual-phase “advanced” ceramic breeder pebbles composed
of LisSiO4 and Li;TiOs [8]; the addition the lithium titanate secondary phase is reported to enhance
the mechanical properties of the resulting ceramics. In this process, lithium hydroxide hydrate, silica,
and titania powders are mixed together and co-melted. The resulting melt is allowed to pass through
a pinhole nozzle at the base of the crucible; after passing through the nozzle, droplets are formed as
a result of the decay of the jet of liquid as it falls through the air beneath. The resulting droplets are
dropped into liquid nitrogen to reduce deformation and inhibit microstructural changes. This rapid
qguenching is reportedly responsible for the dendritic microstructure of the resulting ceramic pebbles,

which exhibit densities > 95% of theoretical density (TD) depending on Li»TiOs content.

For its simplicity, in conjunction with the microstructure control afforded by variation of sintering
conditions, solid state synthesis and solid state sintering were the methods utilised in the synthesis

and microstructure engineering aspects of this project.
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2.3 Radiation damage
2.3.1 Radiation damage mechanisms

The energy transferred to lattice atoms as a result of the interactions of crystalline materials with
particulate radiation (defined here as neutrons or charged particles such as ions and electrons) can
cause structural damage in the form of atomic displacements. The mechanisms of energy transfer
can be split into two major categories; electronic stopping and nuclear stopping [102]. In electronic
stopping, the energy of the incident particle is transferred to the electron cloud associated with
atoms in the material via inelastic interactions, resulting in electronic excitation and ionisation.
Electronic stopping mechanisms result in low levels of damage over a long range. Nuclear stopping,
where energy of the incident particle is transferred to target nuclei via elastic collisions, can result in
much higher levels of displacement damage over a shorter range. Neutrons, being neutral particles,
transfer energy to lattice atoms via elastic interactions with atomic nuclei. With the exception of low
energy heavy ions, the majority of energy transferred by charged particles (i.e. electrons and ions),
which interact with both atomic electrons and nuclei in a Coulombic manner, occurs via inelastic

interactions with atomic electrons.

Several models designed to calculate the maximum kinetic energy transferred to a lattice atom by
incident particles exist (which are further discussed in Chapter 5), the simplest approximation of this
is the binary collision model, which is based on a “hard sphere” ballistic interaction between two
particles, which takes no account of relativistic effects. For an incident particle of energy E and mass

m, the maximum kinetic energy Tmax transferred to a lattice atom of mass M is given by [103]:

T —F 4Mm
max — (M +m)2

From this relationship, it is clear that the proportion of the energy of the incident particle which is
transferred to target atoms by ballistic interactions is strongly dependent on the difference in mass
between the incident particle and the target nuclei; i.e. a larger proportion of incident particle energy
is transferred to target nuclei by incident particles of similar mass. Nonetheless, sufficient energy can
be transferred from high energy particles of significantly different mass to that of target nuclei (such
as the beams of accelerated electrons utilised in electron microscopy) to induce ‘knock-on’

displacement of lattice atoms via ballistic interactions [104].
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Atomic displacements result in the production of point defects in the form of vacancies and

interstitials, known as a Frenkel pairs, a basic 2D schematic is shown in

Figure 2.5.
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Figure 2.5: 2D Schematic of atomic displacement resulting in the production of a vacancy defect
and an interstitial defect (Frenkel pair).
The displacement energy (Eq) of an atom in a crystalline structure is defined as the energy required
to displace the atom from its lattice site. If the energy transferred to the lattice atom by the incident
particle is greater than Eg, the atom will be displaced, creating a primary knock-on atom (PKA) which
may then displace further atoms in a so called damage cascade. Incident particles and the resulting
knock-on atoms will continue to displace further atoms until their respective energies are reduced
below Eq. The amount of damage produced in a material as a result of interactions with radiation is
often quantified in terms of displacements per atom (dpa); defined as the average number of times

an atom in a given system has been displaced.

Knock-on displacement damage can occur directly, as a result of elastic collisions of incident particles
(charged or neutral) with atomic nuclei. For knock-on displacement to occur, the kinetic energy
transferred to the lattice atom by incident particles must be sufficient to exceed the displacement
energy (Eq); thus, if the maximum possible kinetic energy transfer to lattice atoms exceeds Eg, lattice
atoms can be permanently displaced. Radiation induced point defects in ceramic breeder materials

can originate from interactions of lattice atoms with (i) incident neutrons produced by the fusion

35



reaction, (ii) recoil “He or T atoms resulting from lithium transmutation, (iii) knock on atoms, or (iv)

creation of lithium vacancies due to Li burnup resulting from lithium transmutation [105].

Charged particles (such as electrons and ions) can also induce displacements indirectly as a result of
radiolysis due to inelastic interactions with atomic electrons. A major part of the research carried
out in this project was concerned with the investigation of the effects of displacement damage
induced as a result of electron irradiation in Li>TiO3 ceramics under a conventional TEM electron
beam. In addition to knock-on displacements due to elastic interactions with beam electrons, a
number of inorganic materials are known to be susceptible to electron beam induced displacement
damage as aresult of radiolytic mechanisms; examples include alkali halides [106-108], alkaline earth
fluorides [109, 110] and silicates [111, 112]. For displacement to occur via radiolysis, a sufficiently
localised excitation of energy greater than E4 and sufficient excitation lifetime (>1 ps) must be
induced, and a mechanism for the conversion of excitation energy to momentum must exist [113].
One such mechanism was proposed by Knotek and Fiebelman [114] to explain the phenomenon of
electron stimulated desorption of oxygen from maximum valency ionic compounds (where the cation
is ionised to its maximum oxidation state such that its outer electron shell is nominally empty).
According to this mechanism, externally induced electronic excitation (e.g. by an electron beam)
resulting in ionisation of a core electron of the cation results in an inter-atomic Auger process
whereby the core electron hole on the cation is filled by a valence electron from a neighbouring
oxygen anion. The energy released in this decay process is transferred to other electrons in the
oxygen anion, resulting in Auger emission of one or two Auger electrons; thus, Auger decays can
remove sufficient electrons from oxygen anions to render them positively charged. The resulting
Coulombic repulsion between positively charged oxygen ions and surrounding metal cations

subsequently leads to displacement (or desorption if located at the surface) of the oxygen ion.

2.3.2 lon implantation

Currently, no neutron source is capable of producing a sufficiently high flux of 14.1 MeV neutrons to
replicate the irradiation conditions of the first wall in a fusion reactor. While a number of neutron
irradiation campaigns have been carried out on ceramic breeder materials [115-121], the relatively
low flux of neutrons results in slow accumulation of damage, which limits practically achievable dose

levels in a reasonable time frame. As such the number of studies in which ceramic breeders have
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been neutron irradiated to fluences corresponding to levels of lithium burnup which are

representative of an operational fusion reactor are relatively few.

lon beam accelerators are commonly used to induce displacement damage and simulate the
production of gases in irradiated materials. Heavy ions such as Au [35] and Xe [122] are often
employed in studies concerned with inducing high levels of displacement damage since the
proportion of energy deposited by nuclear stopping mechanisms is greater for heavy ions. The
production of gaseous transmutation products such as helium [123] can be simulated by implantation
of the relevant species; deuterium is commonly used as a tritium surrogate in studies concerned with
tritium transport [124-126]. lon beam accelerators allow for simultaneous dual (or multiple) ion
implantation, such that the effects of displacement damage and gas accumulation can be studied
simultaneously [127]. Some facilities, like the MIAMI-II system [128] at the University of Huddersfield
(part of the UK National lon Beam Centre) which was extensively used in this project, allow in-situ
examination of the effects of ion implantation using TEM; such facilities have been used to study the

nucleation and growth of gas bubbles in irradiated materials at controlled temperatures [19, 129].

The main advantage ion implantation is that high dose levels can be achieved in a short time frame
[130]. Additionally, ion implantation offers a high level of control with respect to experimental
parameters such as ion energy, flux, fluence and species [131]; these parameters can be tuned, often
according to the results of simulations using the software package SRIM [132] (Stopping Range of
lons in Matter), such that ions are implanted to an appropriate depth and the effects of individual
parameters can be studied. However, typical implantation depths are limited to an approximately 1
um layer close to the sample surface; as such, it is difficult to determine whether the damage induced
and / or behaviour of implanted gases in this limited irradiation volume are representative of bulk
radiation behaviour. The higher proportion of low energy PKA’s produced by ion irradiation
compared to those induced by neutron irradiation results in smaller defect clusters in the damage
cascade, and a higher surviving defect fraction [131]; additionally, sub-threshold collisions and
ionisation effects can cause increased point defect diffusion in ion irradiated materials. Surface
effects are of particular importance to in-situ TEM experiments, which call for very thin specimens
with high surface area to volume ratio. Free surfaces act as a planar sink for point defects; defect-
depleted or denuded zones attributed to the reduction in point defect supersaturation in the vicinity
of the free surface has been reported [133, 134]; conversely, localised void swelling may occur close

to free surfaces due to the biased loss of interstitials to the surface sink [135].
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2.3.3 Extended defects: Formation and growth of cavities and gas bubbles

While the vast majority of Frenkel defects induced as a result of displacement damage by the various
forms of irradiation recombine and annihilate, the aggregation of like defects can lead to the
formation of larger, more stable extended defects such as voids, cavities and dislocation loops [17,

18, 136-138].

Nucleation of voids and cavities is generally attributed the aggregation of vacancies, which form
clusters as a result of vacancy supersaturation (an excess concentration of vacancies over and above
the equilibrium vacancy concentration of a material at a given temperature). Several theories
regarding the causes of vacancy supersaturation have been proposed. One long-standing theory is
the “Dislocation Bias” model, the basis of which is that, following initial displacement and the
associated formation of a Frenkel pair, interstitial defects are preferentially absorbed at dislocations
due to the high elastic strains associated with self-interstitial atoms [18], thus leaving behind an
excess concentration of vacancies. An atomic scale HRTEM experiment by Xu et al. [136]
unequivocally showed the nucleation and growth of voids in the vicinity of self-interstitial atom (SIA)
loops in Mg under electron irradiation. Void nucleation in this case was attributed to vacancy

supersaturation adjacent to SIA loops which acted as biased sinks for interstitial atoms.

Alternatively, the “Production Bias” model suggests that the intra-cascade production of thermally
stable, mobile SIA clusters in addition to thermally unstable vacancy clusters can result in high levels
of vacancy supersaturation; following the diffusion of mobile SIA clusters by one-dimensional glide,
subsequent (partial) absorption of SIA clusters by sinks at dislocations and grain boundaries results

supersaturation of the corresponding vacancies [139].

In the absence of dislocations, cavity formation due to vacancy supersaturation has also been
attributed to the preferential loss of interstitial defects at free surfaces of thin film TEM specimens
as a result of the higher mobility of interstitials compared to that of vacancies [140]. Under conditions
where a vacancy supersaturation has been established, the resultant net influx of mobile vacancies

to the walls of existing vacancy clusters results in cavity growth [18].

However, given that small vacancy clusters readily collapse into dislocation loops or stacking fault
tetrahedra [141-144], the homogeneous nucleation of voids by random coalescence of mobile
vacancies is generally considered unlikely [21]; as such it has long been theorised that the presence
of gas atoms is essential for void / cavity nucleation and subsequent growth [18, 22]. The presence
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of gas atoms reduces the surface energy associated with vacancy clusters, voids and cavities [145],
thereby stabilising the internal surfaces, and in turn preventing the collapse of small voids and
facilitating growth. Void number density has been reported to increase with gas concentration in
irradiated metals, indicating that the gas acts as an efficient nucleating agent [146]. In addition to
aiding nucleation, void embryos containing a sufficient quantity of gas have been reported to
experience preferential growth, where void number density was significantly reduced or entirely
absent in degassed specimens of the same material [145]. Hence, the nucleation and growth of voids
and cavities is generally believed to occur by the absorption of vacancies and gas atoms [18, 23]; the
extent of (volumetric) growth is primarily dictated by the supply of vacancies, the net absorption of

which may be driven by the internal pressure of the stabilising gas [147].

According to Mayer et al. [146], any gas is capable of stabilising voids and cavities. Helium is known
to be particularly efficient in this aspect; indeed, vacancy defects have been described as an
insaturable trap for helium due to the positive binding energy between interstitial helium atoms and
helium-vacancy clusters [147]. As such, helium trapped within cavities can reach very high gas
pressures, which in turn increases the driving force for vacancy absorption. Additionally, due to its
insolubility in most solids [19], combined with high mobility and a strong affinity for vacancy defects
[148] helium readily agglomerates to form bubbles in irradiated materials. Helium bubble formation
has been observed in numerous classes of materials including metals [19, 149], ceramics [20, 123,

150, 151] and glasses [152].

Once nucleated, the growth and coarsening (i.e. an average increase in size and concurrent reduction

of number density) of cavities and gas bubbles occurs by a number of different mechanisms [153]:

(i) Vacancy collection - the net absorption of vacancies by cavities, driven by the excess
pressure inside the cavities (exerted by gas atoms contained therein).

(ii) Migration and coalescence (MC) — Long range driving forces such as temperature or stress
gradients can result in the migration of cavities, which subsequently leads to coalescence
and growth. Migration of cavities has also been shown to occur by Brownian motion in
the absence of long range driving force [154].

(iii) Ostwald Ripening (OR) — Exchange of vacancies and gas atoms between cavities / bubbles

by thermally activated dissociation (re-dissolution into the matrix) of vacancies and gas
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atoms from small cavities / bubbles, and subsequent re-deposition at larger ones. This

process is driven by the difference in pressures within small and large bubbles.

The efficiency of cavity and bubble growth is known to be temperature dependent. The growth of
cavities and bubbles can be enhanced at elevated temperatures as a result of the associated increase
in the mobility of point defects (i.e. vacancies), gas atoms, and the cavities / bubbles themselves [155,
156]. Hence, the frequency of coalescence events is increased due to the enhanced mobility of stable
cavities and bubbles, increasing the efficiency of MC. Under conditions where a vacancy
supersaturation is present, the flux of vacancies to existing bubbles / cavities is increased; thereby
accelerating growth by vacancy collection. Additionally, since the migration energy of vacancies is
generally greater than that of interstitials in oxide ceramics [157], vacancies are less mobile than
interstitials. As such, at low temperatures where vacancies remain relatively immobile, mutual
recombination with mobile interstitials may be favoured over the vacancy aggregation processes,
limiting cavity growth. In the case of Ostwald Ripening, this mechanism relies on the thermally
activated dissociation of vacancies and gas atoms from existing vacancy-gas complexes. As such, the
activation energy for OR where helium is present is equal to the activation energy for helium (and
vacancy) dissociation from existing bubbles, which is reported to be much higher than that of
migration and coalescence [156]; hence MC is expected to dominate at lower temperatures, where
OR mechanisms may contribute to growth to a greater extent at relatively higher temperatures.
Indeed, a transition from MC to OR in helium implanted metals has been suggested by Shroeder and
Fichner [158]. Comparison of MC and OR “void” coarsening mechanisms in helium implanted silicon
was discussed by Evans [159], who concluded that, under conditions where growth by Ostwald
Ripening mechanisms would be appreciable, loss of vacancies to the surface would inhibit growth to
such an extent that it would not be possible to reach the cavity sizes observed in specimens annealed
in the temperature range of 700 - 1000 °C; whereas the migration and coalescence model fitted
experimental data very well. Hence it was suggested that OR mechanisms did not contribute to void
growth at such temperatures. The pressure exerted by gases contained within cavities is reported to

reduce the thermal emission of vacancies, which would also inhibit OR growth mechanisms [140].

Thermal annealing experiments are commonly used to investigate the effect of temperature on the
growth of cavities and gas bubbles. Enhanced growth is often attributed to the increased mobility of
defects, gas atoms, and the bubbles / cavities themselves. Ono et al. [129] reported that the growth

of helium bubbles as a result of coalescence by random migration in helium implanted silicon became
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more significant at temperatures in excess of 870 °C; no shrinkage of smaller bubbles was observed,
as such they conclude that OR mechanisms were not a contributing factor. Sasajima et al. [37]
attributed the preferential formation of helium bubbles in the vicinity of dislocation loop planes in
Al,O3 at elevated temperature (1073 K) to the increased mobility of helium and vacancies, and the
de-trapping of helium from vacancies at higher temperature. Zinkle et al/ [20] suggested that the
reduction in the helium fluence required to produce resolvable cavities in MgAIl,04, MgO and Al,O3
at elevated temperatures was due to the increased mobility of helium-vacancy clusters, they also
suggest that the decrease in cavity density in hydrogen and helium implanted MgAl,O4 at peak
implantation depth was due to the coalescence of neighbouring bubbles at 650 °C. Helium bubble
growth in MgAl;04 and Al,Os during thermal annealing was also attributed to coalescence
mechanisms by Furuno et al. [160]. Ofan et al. [161] ascribed the aggregation of implanted helium
into bubble strings in LiINbO3 to increased mobility of helium at elevated temperature, subsequent
growth of helium bubbles was again attributed to coalescence. Vacancy-type defects in helium
implanted zirconia were shown by Yang et al. [150] to increase in size with increasing helium fluence
at room temperature; preferential accumulation of helium at grain boundaries followed by
coalescence of the resulting bubbles was reported to result in the formation of a connected channel
along the grain boundary. Taylor et al. [162] reported that helium implantation into palladium metal
at 400 °C resulted in the rapid migration of helium and implantation-induced vacancies to existing
cavities, indicating the high mobility of the aforementioned species at such temperatures.
Subsequent cavity growth at temperatures in excess of 500 °C was attributed to coalescence.
According to Chernikov et al., [163] the coarsening of helium bubbles in helium implanted nickel was
faster close to the surface of thin-film specimens during thermal annealing in the temperature range
of 873-1273 K. The authors ascribe this to enhanced relaxation of bubbles facilitated by the greater
supply of vacancies in near-surface regions, which are reportedly transferred between bubbles by an
OR type mechanism. In the bulk however, bubble growth was proposed to occur via MC mechanisms
since an insufficient supply of vacancies (provided from dislocations in the bulk) prevents OR. Bubble
growth during the thermal annealing of helium implanted nickel has also shown to occur by
coalescence in the work of Muntifering [26], who also reported that the increased grain boundary
area in nanocrystalline nickel had a negligible ability to limit the growth of cavities. Their work also
showed that specimens which had been pre-damaged by heavy-ion implantation prior to helium
implantation exhibited a higher, uniform, number density of helium bubbles in the bulk of the grains

than those which had not been pre-damaged; suggesting that existing defects can act as nucleation
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sites for gas bubbles. Growth of cavities in TiO; by coalescence under electron irradiation has also
been reported [164], which was shown by McCartney and Smith to be significantly exacerbated at

elevated temperatures [165].

2.3.4 Effect of microstructure on radiation tolerance and helium accumulation

The influence of microstructural properties such as grain size on radiation induced damage
accumulation and recovery has been investigated for numerous materials, many of these studies are
concerned with nanocrystalline oxide ceramics. The contrasting results of selected studies are briefly

discussed forthwith.

A number of materials have been reported to have superior radiation stability in nanocrystalline form
compared to their larger grained analogues. This effect was first highlighted by Rose et al. [25] who
reported a linear correlation between grain size and defect number density in nanocrystalline ZrO»
in the grain size range 18 - ~70 nm, saturation of defect number density was apparently observed in
grains 70 — 100 nm in size. They proposed that, since no resolvable defects were observed in grains
smaller than 15nm, all point defects were absorbed at grain boundaries, which act as efficient defect
sinks. Agglomeration of defects in larger grains, leading to cluster formation, was attributed to the
increased diffusion path length to grain boundaries. Enhanced radiation stability in the context of
defect accumulation and amorphisation has also been reported for nanocrystalline MgGa,04 [28],
which was reported to remain crystalline at Kr* fluences approximately a factor of eight higher than
the onset of amorphisation in large grained (~10 um) polycrystalline counterparts; and Gd,Zr,07 [29],
where a lesser proportion of samples consisting of 55 nm grains was reported to have amorphised
than those consisting of 221 nm grains under He* irradiation. Dey et al.[30] reported that larger
grained (220 nm) samples of yttria stabilised zirconia exhibited a higher number density of defects
than those with smaller grains (25 — 38 nm) under Kr* irradiation; adding that both vacancy and
interstitial clusters were observed in larger grained samples, where only vacancy-type defect clusters
were observed in smaller grained samples. They attribute this observation to the preferential
migration of interstitial defects to defect sinks at grain boundaries during the cascade. However,
aside from the increased availability of defect sinks associated with the increased grain boundary
area of smaller grained materials, their irradiation response can also be affected by competing effects
which are detrimental to radiation damage tolerance. High surface energy associated with increased

interfacial area enhances the driving force for structural modifications which reduce the free energy
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of the system, such as grain growth and phase transformations, which can reduce radiation stability
[166]. The highly localised energy deposition resulting from the increased confinement of excited
phonons and electrons in small grains, where the dissipation of energy is impeded due to scattering
at grain boundaries, can result in thermal spikes. In conjunction with the excess free energy of grain
interfaces, these two factors reduce the energy difference between amorphous (disordered) and
crystalline (ordered) states, lowering radiation damage resistance; as proposed by Lu et al. to explain
the amorphisation of nanocrystalline monoclinic ZrO; under U* irradiation [167] when bulk ZrO; with
~ 0.2 um grains could not be amorphised under similar irradiation conditions [168]. Other materials
where larger grain size has been reported to improve radiation tolerance include ZrO,-MgO
composite ceramics [169], where larger grained samples exhibited increased resistance to phase
transitions under Xe* irradiation; and UO,, ThO, and CeO; [31], all of which showed increased
volumetric swelling of unit cell parameters in nanocrystalline form (~20 nm grain size) as a result of
Au* irradiation compared to microcrystalline analogues (~2 um grain size). With reference to helium
accumulation, Huang et al. [29] reported that a higher fluence of helium was required to induce
bubble formation in Gd,Zr,07 ceramics with smaller grain size. Similarly, according to El-Atwani et al.
[32], no helium bubbles were observed in helium implanted iron with grain sizes less than 400 nm,
but helium bubble density was reported to increase with increasing grain size in specimens with grain

sizes up to 3um.

2.4 Radiation damage studies on Li.TiOs (and other candidate ceramic breeder materials) and its

implications for material performance

The effect of Xe* ion irradiation on the structure of Li;TiOs has been investigated by Nakazawa et al.
[122, 170] using a combination of XRD and Raman spectroscopy. Evidence of the breakdown of long
range order as a result of irradiation induced damage was demonstrated by observed reduction in
XRD peak intensity with increased ion fluence. Reduction of intensity and eventual disappearance of
peaks observed in Raman spectra with increased ion energy was also reported, indicating disruption
to short-range order in structural units as a result of ion implantation; the authors suggest that
structural disorder as a result of irradiations is more dependent on electronic stopping mechanisms
than nuclear stopping. Similar observations (significant reduction in Raman and XRD peak intensities)
have been made by Zhou et al. [171] inthe results of Ar* irradiation experiments carried out on Li;TiO3

with grain size <5um.
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In addition to introducing structural disorder, and the formation of extended defects such as
dislocation loops and cavities discussed previously, radiation damage can lead to the formation of
secondary phases; colloidal Li metal has been detected in neutron irradiated Li,O [172], presumably
due to radiation induced segregation caused by preferential migration of particular types of defect.
Lithium burnup during operation will also result in compositional changes, potentially causing

precipitation of secondary phases.

Tiliks et al. [173] detected colloidal lithium in LisSiO4 irradiated with fast electrons at an absorbed
dose of 10-20 MGy between 400-600 K, but argue that LisSiO4 is sufficiently radiation stable for
application as a breeder material as the degree of radiolysis (the number of radiation induced defects
per structural unit) was 0.1-1% and does not exceed Li burn-up. Under the same conditions, no
colloidal Li was detected in Li;TiOs up to a dose of 500 MGy, and the limit of thermal stability for
localised defects is reported to be 550-600 K; hence the authors state that Li;TiO3 has very high
radiation stability. Zarins et al. [174] conducted a similar experiment on LisSiO4 using 5 MeV electron
irradiation (10.56 GGy dose); the results suggest that samples with small grain size (1 um) are more
stable under irradiation than samples with larger grain sizes. No publications concerned with electron
irradiation of ceramic breeder materials using TEM electron beams, nor the stability of thin-film

specimens thereof under such beams has been discovered in this literature survey.

The aforementioned paper by Zarins et al. is however, one of the very few which has shown direct
correlation between as-prepared microstructure on irradiation stability. In many cases key
microstructural details (particularly morphological information) are omitted from papers concerned
with radiation damage performance. It is also apparent that, in cases where microstructural details
are provided, the microstructures of different candidate materials subjected to similar experimental
investigation are often not comparable, thereby rendering true comparison of irradiation
performance problematic. There is a clear need to approach this area of research in a more
systematic fashion; this view appears to be shared by some of the leading researchers in the field:
“The effects of pebble microstructure on tritium release and mechanical integrity and stability need

to be verified” [72].

Gas bubbles attributed to helium accumulation have been observed in Li;O [175]. Macroscopic
swelling in irradiated Li,O has also been attributed to retained helium [176]. While there exists a

preponderance of evidence that gas bubble formation can occur in ceramics as a result of neutron
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irradiation or ion implantation, very little effort has been made to understand the mechanisms of
helium accommodation in lithium ceramics for application as breeder materials. Nano-scale
examination of irradiated or helium / hydrogen isotope implanted ceramic breeder materials appears
to be rarely carried out; Carella et al. [177] examined He implanted Li>TiO3 under a TEM, and suggest
that precipitated helium forms nanocavities in the damage cascade during implantation; no follow-

up paper appears to have been published to date.

It is generally agreed in the literature that the mechanism for tritium release from lithium ceramics
is a complex process involving (i) diffusion through the bulk of the grain, (ii) grain boundary diffusion,
(iii) surface diffusion (iv) surface reaction (adsorption/desorption/ion exchange), (v) gas phase
percolation through pore structure, and (vi) trapping/detrapping of tritium by irradiation defects. It
is recognised that bulk diffusion is generally the rate determining step for large-grained samples,
while surface interactions can dominate in smaller grained samples [178-181]. Trapping of tritium on

defect sites becomes significant at high levels of displacement damage [15].

It is often stated that small grain size and open porosity are beneficial for efficient tritium release [33,
182]; Wedemeyer et al found that tritium release from small-grained LisSiO4 was faster than that of
samples with larger grains [183]. Increased pebble density has been shown to increase tritium
residence time in Li;TiO3 [184]. Furthermore, the results of recent neutron irradiation experiments
on LisSiO4 breeder pebbles suggest that tritium release behaviour is dominated by the recombination
of tritium species at the sample surfaces [185]; such surface processes could be significantly altered

according to the porosity and grain size of ceramic breeder materials.

The extent of radiation damage is also proposed to affect tritium release characteristics. A thermal
desorption spectroscopy (TDS) study by Kobayashi et al. [186] showed a reduction in tritium release
rate and concurrent increase in peak tritium release temperature with increased neutron fluence in
Li,TiOs. They propose that increased neutron fluence results in a higher concentration of defect sites,
which trap tritium and inhibit its release from the material. A similar shift in tritium release
temperature was observed in the case of neutron irradiated LisSiO4, where samples which had been
irradiated to higher Li burn-up exhibited peak tritium release at higher temperature [116]. Further
evidence that radiation induced defects have a significant effect on tritium release performance is
the correlation defect annihilation and the rate of tritium release observed in neutron irradiated

LizTiOg and Li4SiO4 [14].
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Numerous studies concerning tritium diffusion and release have been carried out; the influence of
the presence of helium on tritium diffusion however, has not been thoroughly investigated. One of
the few publications which directly investigates the influence of helium on tritium release from
ceramic breeder materials was carried out by Kobayashi et al. [24], who found that that the amount
of tritium released from Li;TiO3 was reduced in samples which had been pre-implanted with helium.
Initially they proposed this to be due to trapping of tritium in helium bubbles, but also note that the
level of residual tritium detected was low, and suggest that helium may displace tritium from trapping
sites, aiding its release. Although they appear to have reached conflicting conclusions, the results of
this study indicate that the presence of helium effects tritium release; as such their findings warrant

further investigation of the behaviour of helium in ceramic breeder materials.
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Chapter 3 - Materials and methods

This chapter describes the methods used to synthesise, process and characterise the materials
studied in this project in their pristine (“un-irradiated”) state. The methods used thereafter to
investigate the effects of the microstructural properties of the materials fabricated on their
behaviour under electron irradiation, the behaviour of implanted helium therein, and the thermal
evolution of irradiation / implantation induced defects at temperatures relevant to breeder blanket

operating conditions are also detailed here.

3.1 Ceramic synthesis and processing
3.1.1 Solid state synthesis of Li,TiO3 powders

Lithium metatitanate (Li.TiO3) powders were synthesised via the solid state reaction method

according to the following reaction:
Li2CO3(5) + TiOz s) > Li>TiO3 (5) + CO2 (g)

The phase purity of commercially available reagent powders Li,COs3 (Acros Organics Li2CO3 99+ % ACS
Reagent) and TiO; (Aldrich Titanium (IV) oxide, ~325 mesh, >99% trace metals basis) was confirmed
by X-ray diffraction as detailed in section 3.2.2 below. Reagents were dried (180 °C and 900 °C
respectively) for a minimum of 12 h prior to synthesis. The dried reagent powders were mixed
together in stoichiometric ratios and ball milled for 24 h under isopropanol with 10 mm yttria-
stabilised zirconia (YSZ) media. The resulting slurry was dried overnight (80 °C) to remove the

isopropanol, and sieved using a mesh size of 250 um.

3.1.2 Thermogravimetric analysis (TGA) of milled reagent powders

TGA can be used to monitor the mass loss associated with the decomposition of reagent powders
during solid state reaction as a function of temperature. In the case of the formation of Li,TiOs by
reaction of TiO, with Li>COs, the reaction is considered to be complete at such a temperature where
no further mass loss associated with the evolution of CO; as a result of Li,CO3 decomposition is
observed. Hence, in order to identify an appropriate calcination temperature, a Perkin Elmer
TGA4000 thermogravimetric analyser was employed to carry out TGA on a portion (~40 mg) of the
milled reagent powders prior to calcination. TGA was performed under flowing air (30 ml mint) from

30 °C — 855 °C using a heating rate of 10 °C min™.
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Based on the results of thermogravimetric analysis (detailed in Chapter 4), the milled reagent
powders were calcined under atmospheric air in a box furnace using the two-stage calcination
program shown in Figure 3.1 (RT to 700 °C, heating rate of 5 °C min', 4 h dwell; and 700 to 730 °C, 5
°C min! heating rate, 4 h dwell). The two-stage calcination program was adopted in order to allow
the reaction to progress as far as reasonably possible below the melting point of Li,CO3 during the
first stage, thus mitigating the extent of possible particle agglomeration; the second stage ensured
that the reaction reached completion. The calcined product was ball milled for 24 h under

isopropanol with 10 mm YSZ media, dried overnight at 80 °C, and sieved using a mesh size of 250 um.
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Figure 3.1: Temperature profile of the two-stage calcination programme adopted for the solid state
synthesis of Li,TiOs powders from Li,COs and TiO; reagents.

3.1.3 Sintering — Densification and microstructural manipulation

Portions of Li;TiOs powder (~0.3 g), synthesised as per section 3.1.1, were uniaxially pressed into
pellets (10 mm diameter, 0.8 Ton load = 100 MPa, 1 min hold) to form “green bodies”, which were
subsequently sintered under atmospheric air in a tube furnace. One of the main aims of this project
was to investigate the effect of grain size and porosity on helium accommodation mechanisms;
hence, in order to investigate this, suites of samples with varying grain size and porosity were
produced. In order to determine the processing conditions required to produce the desired
microstructures, a sintering study was initially undertaken; sintering conditions were systematically
varied in order to determine the effects of sintering (i) temperature and (ii) duration, on the density

and microstructure of the resulting ceramics.
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Initially, green bodies were sintered at systematically increasing temperature (750 °C — 1150 °C, 50
°Cincrements, 6 h dwell) in order to investigate the effect of sintering temperature on densification
behaviour, and thus identify appropriate sintering temperatures for the production of Li;TiO3
ceramics of different densities. Based on the results of the aforementioned initial study, further green
bodies were sintered at two different temperatures for systematically increasing durations (900 °C,
3 h-9h, 3 hincrements; and 1000 °C, 2 h - 8 h, 2 h increments) to produce two suites of ceramic
samples - a high porosity suite and a low porosity suite — comprising a range of grain sizes. This
allowed the investigation of the effects of sintering duration on ceramic grain size at the
temperatures adopted. A longer duration increment was employed during sintering of the porous
suite as the rate of grain growth was expected to be lesser at lower temperature. In each case, two

pellets were sintered simultaneously at each incremental temperature / duration.

3.2 Characterisation of reagents and pristine Li,TiO3 samples

3.2.1 Preparation of sintered pellets

One face of all sintered Li, TiOs pellets was progressively polished to a 1 um finish using silicon carbide
grit paper followed by non-aqueous diamond suspensions, and thermally etched under atmospheric

air at 90% of the respective sintering temperature for 30 min prior to characterisation.

3.2.2 X-ray diffraction (XRD) — phase analysis

XRD is commonly used to probe the structure of crystalline materials, allowing the determination of
unit cell (the smallest repeating unit representative of the full symmetry of the crystal structure of a
material) parameters, space group, and the position of atoms which make up the respective unit cell.
Phase identification is commonly achieved by comparison of XRD patterns to entries corresponding

to known structures in the International Centre for Diffraction Data (ICDD) database.

Given that the atoms in crystalline materials are, by definition, ordered in a regular repeating array,
the structure of crystalline materials can be visualised as sets of uniformly spaced planes of atoms
separated by a distance d. The orientation of a given set of crystal planes in relation to the unit cell

is conventionally represented by fractions of unit cell vertices denoted Miller Indices.
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Figure 3.2 (Adapted from [187]): Schematic diagram portraying diffraction of X-rays, as described by
Bragg’s law. Crystal planes are represented by horizontal lines shown in black, X-rays are
represented by waves shown in green.

X-rays are a class of electromagnetic radiation, as such incident X-rays are scattered by atomic
electrons. Scattering of X-rays at consecutive planes within the penetration depth of the incident
beam results in interference, which can be either constructive or destructive. The majority of
scattering events result in destructive interference; however, when the path length of X-rays
scattered at consecutive planes differs by an integer number of wavelengths, constructive
interference occurs, increasing the cumulative amplitude of the scattered wave. This constructive
interference gives rise to peaks in the diffraction patterns of crystalline materials. Diffraction peaks
are directly related to the interplanar spacing d of a given set of crystal planes according to Bragg’s

law:
nA =2dsinf
Where n is an integer, A is the X-ray wavelength and 6 is the incident angle of X-rays.

Using the scenario depicted in Figure 3.2, in which incident X-rays are scattered by an angle equal to
20 at a set of crystal planes such that the path difference of X-rays scattered at consecutive planes
differs by 1A (resulting in coherent scattering due to constructive interference of “in phase” scattered
waves); the origin of Bragg’s law can be demonstrated using trigonometry. The total path difference
of X-rays scattered at consecutive crystal planes is equal to the sum of the (equal) distances AB and

BC, which is in turn equal to 2 - (AB). Therefore nA = 2 AB.
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. AB . ,
Using trigonometry: sSin 8 = - . AB = dsin 0

yl . .
Substituting AB for nd / 2: n? =d sin 6 2> nl=2dsiné

X-rays are widely utilised for diffraction studies since the wavelength of X-ray radiation is typically
the same order of magnitude as the d spacing of crystal planes; thus X-rays are of a suitable
wavelength to allow the diffraction peaks corresponding to the d spacing of planes of atoms in a

crystalline material to be resolved.

Diffraction patterns for simple (cubic) systems can be indexed (i.e. Miller Indices can be assigned to
each diffraction peak) using equations relating interplanar spacing, d, to the unit cell parameter, a,

and possible values of Miller Indices, h, k, |, in conjunction with Bragg’s law. i.e. for a cubic system:

1 (h2+k2+lz) . n?2? 2 2 2

- = —- . e 0 =—-- (h"+k [

dz a2 4(12 ( + + )
Once indexed, approximate unit cell parameters can be calculated from the d spacing of peaks with
known hkl values. However, such equations become significantly more complicated to solve where
more complex (less symmetric) systems are concerned; e.g. for monoclinic crystal systems such as
that of Li,TiOs, the above equation for 1 / d?> becomes:

1 h? k? 12 2 hlcosp

;: azp + F-I_czﬁ acf

Hence indexing and unit cell refinement are often carried out with the aid of appropriate software

packages when dealing with more complex systems.

In this work, XRD was used to confirm phase purity of reagent powders, as well as the phase
assemblage of the as-synthesised Li;TiO3 powder and the sintered ceramic pellets. Powder samples
were ground to a fine, visually uniform texture using a pestle and mortar prior to data collection. All
XRD data were collected in Bragg Brentano geometry using Cu Ka radiation (A = 1.5418 A). Bruker D2
Phaser or PANalytical X’Pert®> Powder diffractometers were utilised. Phase identification was
achieved by comparison of observed diffraction patterns to entries in the ICDD PDF4+ database with

the aid of EVA 3.1 (Bruker Diffrac Suite) and PDF4+ (ICDD) software packages.
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3.2.3 Density measurement

The dimensions of each sintered pellet were measured using Vernier callipers (precision: 0.01 + 0.005
mm). The mass of each pellet was measured using a mass balance (precision: 0.0001 + 0.00005 g).
Modelling each pellet as a cylinder, the absolute density (p ) of each of the sintered pellets was
calculated from its mass (m ) and the mean values (obtained from six measurements) of diameter
(D) and depth (d) according to Eq. (3.1). The error (dp) associated with the density of each individual
pellet was calculated by propagating the maximum deviation and instrumental error associated with

each measured dimension through to density according to Eq. (3.2).

p= == T (3.2)

o =5 J(2- %)+ (2 a2

where Vis the volume of the pellet, Asis the surface area of the circular pellet face, ris the pellet
radius, and dDand dd are the absolute errors associated with diameter and depth respectively (taken
as half of the range of six measurements, plus the instrumental error). Full details of how Eq. (3.2)

was constructed are given below:
p= T L8 \/(5—’”)2 + (6—")2
v p m 14
Neglecting %ﬂ (negligibly small by comparison to f/—v):
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Final values of density were calculated from the mean average values of the absolute density

obtained from two pellets prepared under identical conditions. The final values of associated errors
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(8pror) are quoted as the sum of the errors calculated for each individual pellet propagated through

to the mean, and half of the range of the absolute density values obtained (Eq. (3.3)):

\/ﬁ -
Spro; = ( Gp)?+(p2)? | lor=pal) (3 3)

2 2

3.2.4 Scanning electron microscopy (SEM) — grain size analysis

SEM was used to examine the morphology of the milled Li>TiO3 powder, give an estimation of powder
particle size prior to sintering, and to obtain a micro-scale overview of the microstructure of the
sintered ceramic pellets. SEM micrographs also provided visual verification of the nature and extent

of porosity, and the extent of grain growth, exhibited by samples sintered under different conditions.
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Figure 3.3: Basic schematic of a typical SEM setup showing the escape depth of the secondary and
backscattered electrons which can be used for imaging.
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A basic schematic of a typical SEM setup is shown in Figure 3.3. A beam of accelerated electrons
(typically <30 keV) is focussed to a small probe (typically 1-10 nm in diameter) on the surface of a
sample by a set of electromagnetic lenses. The probe is rastered across the sample surface.
Secondary electrons (SE) are produced as a result of inelastic scattering interactions of beam
electrons with weakly bound outer-shell (valence or conduction) atomic electrons. If sufficient energy
is transferred from incident beam electrons to outer-shell atomic electrons to overcome the
Coulombic forces which confine them to a particular atom, a secondary electron is released; any
excess energy transferred to the released electron is retained in the form of kinetic energy. Most
secondary electrons come to rest within the interaction volume (the three-dimensional region of the
sample in which most of the scattered beam electrons are contained), but those very close to the
surface may escape to the vacuum where they can be detected by the secondary electron detector.
Since detectable secondary electrons originate from very close to the surface, SE imaging is used to

obtain topographical information about the sample.

Beam electrons can also be backscattered (scattered through an angle greater than 90°) as a result
of elastic interactions with positively charged atomic nuclei. Due to the elastic nature of such
interactions, the kinetic energy of backscattered electrons (BSE) is comparable to that of the incident
beam, and significantly greater than that of secondary electrons; as such the escape depth of BSE is
much greater than that of SE. As a result of this, much of the topographical information is lost, but
since the cross section for high-angle elastic scattering is proportional to atomic number (Z), more
electrons are backscattered by elements of higher atomic number. Hence, the contrast observed in
BSE images can provide information corresponding to variations in the elemental composition of the

sample.

In this work, powder / pellet samples were mounted to aluminium stubs using self-adhesive carbon
pads. The upward-facing surfaces (polished and thermally etched in the case of pellet samples) of
samples were sputter-coated with gold (15 mA, 2-3 minutes) prior to imaging in order to reduce
specimen charging. All SEM micrographs were collected in SE imaging mode using FEI Inspect F or FEI
Inspect F50 electron microscopes operated at 20 kV. Both microscopes are equipped with field

emission gun electron sources.

The SE SEM micrographs obtained were subsequently used to determine the grain size distribution

and mean average grain size exhibited by Li;TiOs samples sintered under the different conditions
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detailed in section 3.1. Using the image processing package Imagel [188], the longest available
dimension of 450 grains per sample was measured, and the corresponding mean average grain size
calculated. Errors associated with the mean grain size are quoted as the estimated standard deviation

(ESD) of the 450 grain population measured.

3.3 (In-situ) transmission electron microscopy (TEM)

In a TEM, a beam of accelerated electrons is focussed onto a thin (~100 nm) specimen by a series of
electromagnetic lenses. As the beam of electrons passes through the specimen, they are scattered
as a result of interactions (which may be elastic and inelastic) with atomic nuclei and atomic electrons
associated with the specimen material. Forward-scattered beam electrons are subsequently
collected, magnified, and focussed onto a fluorescent screen or a CCD detector by further sets of
electromagnetic lenses to form either an image or a diffraction pattern depending on the strength of
the second set of lenses. A simplified schematic detailing the basic components of a conventional

TEM is shown in Figure 3.4.
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Figure 3.4 (Adapted from [189]): Simplified schematic showing the basic components of a
conventional TEM. Schematic of an electron gun with a thermionic emission source inset top left.

56



The Hitachi H-9500 microscope used in this work, utilises a LaBs crystal electron source, where
electrons are produced by thermionic emission as a result of ohmic heating. Within the electron gun,
the LaBs source is housed in a Wehnelt cylinder, where it acts as the cathode, and the electrons
produced are accelerated towards the earthed anode of the cylinder due to the difference in applied
potential. This difference in applied potential is known as the accelerating voltage. A slight negative
bias is applied to the Wehnelt cylinder; the resulting electric field focuses the accelerated electrons
into a crossover, and directs them through a hole in the anode into the microscope itself. The
electrons from the gun are transferred to the specimen by a series of condenser lenses (four in the
case of the microscope used here) and an aperture. The first condenser lens (C1) creates a
demagnified image of the gun-crossover; the strength of subsequent condenser lenses are adjusted
to produce an under-focussed image of the C1 crossover at the plane of the specimen such that a
“parallel beam” is incident on the specimen. The condenser aperture reduces the convergence angle

of the electrons which reach the specimen, thereby producing a more parallel beam.

After passing through the sample, scattered beams of electrons are collected by the objective lens,
and magnified by a series of intermediate lenses (3 in the case of the Hitachi H-9500) before being
projected on the screen / detector by the final (projector) lens. The strength of the intermediate
lenses can be adjusted in order to produce an image or a diffraction pattern, and control
magnification. If the strength of the uppermost intermediate lens is adjusted such that its object
plane coincides with the image plane of the objective lens, an image is produced on the screen /
detector; if the strength of the intermediate lens is such that its object plane coincides with the back-
focal plane (BFP) of the objective lens, a diffraction pattern is produced. Respectively, the objective
and selected area apertures are used to limit the collection angle of scattered electrons exiting the

specimen, and dictate the area from which a diffraction pattern is obtained.

The TEM micrographs featured in this work were taken exclusively in bright-field (BF) imaging mode.
For the formation of BF TEM micrographs, the objective aperture (located at the BFP of the objective
lens) is centred around the direct beam on the optic axis. In BF imaging mode, the contrast observed

in TEM micrographs is generally dominated by amplitude contrast arising from:

(i) Mass / thickness contrast — Atoms of greater atomic number (Z) and/or thicker regions of
the specimen inelastically scatter electrons to a greater extent than atoms of lower Z /

thinner regions. Thus a larger number of electrons are scattered off-axis (and blocked by
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the objective aperture) by higher Z / thicker regions of the specimen and as such these
regions appear darker in a BF image.

(ii) Diffraction contrast — Regions of the specimen which are oriented such that they diffract
the incident beam away from the optic axis sufficiently for the diffracted beam to be
blocked by the objective aperture appear darker in a BF image; this is because the
electrons originating from the diffracting region of the specimen are intercepted by the

objective aperture, and hence do not contribute to the final image.

Fresnel contrast, utilised extensively in this work according to the Fresnel contrast analysis method
described in section 3.3.2, is a phase contrast effect arising as a result of an abrupt change of inner
potential between a feature (such as an edge, void, bubble or cavity) and the matrix material.
Interference patterns due to the difference in path length of spherical waves scattered from the edge
of the feature with those that are scattered to a lesser extent (i.e. those passing through the
void/cavity or the vacuum immediately beyond the edge of the specimen) results in the formation of

fringes at the edges of the feature.

In this work, four sample types, two from the high porosity suite and two from the low porosity suite

detailed in section 3.1.3, were selected for TEM experiments on the basis that:

(i) Samples from different suites exhibited a significant difference in density (and hence by
association the degree of porosity).
(ii) Within their respective suite, samples exhibited comparable density and a significant

difference in grain size.

Thus allowing the effects of porosity and grain size to be investigated in the following in-situ TEM

experiments.

All TEM experiments were carried out at the University of Huddersfield MIAMI Facility [128] using a
modified Hitachi H-9500 TEM equipped with a lanthanum hexaboride (LaBs) electron gun, operated
in bright field (BF) TEM mode at 300 kV. Beam current was recorded at 55 nA. Images and videos

were captured by a Gatan OneView CMOS camera with resolution of 16 MPx.

TEM was initially used to characterise the microstructure of the selected Li;TiO3 ceramic samples on
the nanoscale. In-situ electron irradiation experiments were used to investigate the formation and

growth of electron beam induced cavities in Li;TiO3 samples with different microstructural properties
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at room temperature. The effects of temperature and electron beam exposure time on the thermal
evolution of electron beam induced cavities were investigated in in-situ thermal annealing

experiments.

3.3.1 TEM sample preparation

To produce thin film specimens for use in TEM experiments, selected sintered pellets were sectioned
into cubes (~¥2 mm3) using a slow saw equipped with a diamond cutting disk. The resulting cubes of
ceramic were mechanically thinned to a thickness of 60 um + 10 um using silicon carbide grit paper
(P1200 - P4000), the opposing faces were subsequently polished to a 1 um finish using non-agueous
diamond suspension. A Gatan model 656 dimple grinder was utilised to achieve a final thickness of
~20 um in a hemispherical region (polished to a 0.25 um finish) in the centre of each sample. Samples
were subsequently mounted to molybdenum TEM grids using Gatan G1 epoxy (cured at 80 °C, 1 h).
Electron transparent regions were produced using a Precision lon Polishing System (Gatan PIPS Il -
dual beam modulation, automatic gas flow rate); Ar* ion energy was gradually reduced (5 keV at 6°,
3 keV at 4°, 1 keV at 4°) during the ion milling process in order to minimise surface damage and

contamination, and to produce a greater area of electron transparency.

3.3.2 Room temperature in-situ electron irradiation

In order to investigate the formation and growth of electron beam induced cavities in Li;TiO3 at room
temperature, an area of selected thin-film specimens was exposed a 300 keV TEM electron beam and
the exposure time (defined as the time elapsed while an area of specimen was exposed to the TEM
electron beam) was recorded. Live video was captured during in-situ electron irradiation, and bright
field TEM micrographs were taken at regular intervals. Fresnel contrast analysis was used to identify
vacancy-type defects. In this technique, BF TEM micrographs are defocussed by + 500 — 1000 nm in
order to observe the appearance and change in intensity distribution of Fresnel fringes which form
around vacancy-type defects such as small voids, cavities, vacancy clusters or gas bubbles. In under-
focus images, vacancy-type defects appear bright with a dark fringe, while in over-focus images they
appear dark with a bright fringe. Small (< 5 nm) vacancy-type defects are invisible when the TEM
image is in focus; thus the observation of a change in Fresnel contrast when the objective lens is
defocussed also allows a distinction to be made between vacancy-type defects and secondary phase
precipitates as the contrast associated with precipitates does not vary in this way, and often remains

the same irrespective of focus. In this work, bright field through-focal-series micrographs (x 500 nm
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objective lens defocus) were taken at 10 minute intervals of beam exposure to monitor the formation
and evolution of TEM resolvable vacancy-type defects. Condenser lens settings were altered
according to the optimal conditions for imaging each individual specimen, as such it was not possible
to consistently monitor electron fluence; this has been taken into consideration when discussing the

effects of electron beam exposure on Li;TiOs.

3.3.3 In-situ thermal annealing of Li,TiOs; under electron irradiation

In order to investigate the effects of temperature on the thermal evolution of electron beam induced
cavities in Li;TiOs3, a thin film specimen was initially thermally annealed in-situ under constant
electron irradiation by a 300 keV TEM electron beam. Using a Gatan Model 652 double-tilt heating
holder equipped with a water-fed cooling system, the specimen was heated from 30 °C to 1000 °C in
100 °C increments; a 10 min dwell was incorporated into the heating program at each incremental
temperature. Live video was captured throughout the annealing process under constant electron
irradiation, bright field through-focal series micrographs (+ 500 nm objective lens defocus) were

taken at the end of the dwell time at each incremental temperature.

In order to investigate the effects of minimising electron beam exposure time (and thus reduced
electron fluence) on the thermal evolution of electron beam induced cavities in Li;TiOs, the
experiment described immediately above was repeated with the gun valve closed (i.e. the electron
beam was effectively “switched off”) during the dwell time at each incremental temperature. The
same heating program as that specified above was adopted (30 °C — 1000 °C, 100 °C increments, 10
min dwell / temperature increment). The gun valve was only briefly opened at the end of the dwell
time associated with each temperature increment in order to capture bright field through-focal-
series micrographs, thereby minimising electron beam exposure time as much as reasonably
possible. The electron beam exposure time corresponding to through focal-series micrographs

captured at each incremental temperature was recorded.

In order to investigate the effects of ceramic microstructure and processing conditions on the
formation and thermal evolution of electron beam induced cavities in Li;TiO3, subsequent analogous
experiments were conducted on selected Li;TiO3 samples with different microstructural properties
(produced according to the procedure detailed in section 3.1.3). The previously described method

for minimising electron beam exposure time was adopted throughout; the electron beam exposure
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time corresponding to through focal-series micrographs captured at each incremental temperature

was recorded in each case.

3.3.4 In-situ helium ion implantation and thermal annealing

In-situ helium ion implantation was used to investigate the accumulation of helium in Li;TiO3
ceramics with different microstructural properties at room temperature. Subsequent in-situ
annealing experiments were used to investigate the thermal evolution of helium bubbles, and the
effect of the interaction of electron beam induced defects with implanted helium on the thermal

evolution of cavities / helium bubbles.

To simulate the production of helium in Li>TiO3 as a result of lithium transmutation following neutron
capture, thin film specimens were implanted with helium ions in-situ in a TEM using the MIAMI-II

system [128] at the University of Huddersfield MIAMI Facility.

High energy beamline
(not utilised in this work)
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Figure 3.5 (Adapted from [128]): Schematic of the layout low energy beamline of the MIAMI — II
system. Inset top left shows the geometry of the incident ion beam relative to the TEM electron
beam and the axes of the goniometer / sample holder.
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Figure 3.5 shows a schematic of the layout of the low energy (< 20 kV) beamline of the MIAMI-II
system utilised in this study; the system is also equipped with a medium energy (< 350 kV) beamline
which was not used here. The low energy beamline utilises a Coultron G-2 ion gun to produce high
ion currents from light gaseous species. The helium ion energy utilised in this work was tuned
according to the results of SRIM [132] simulations such that the majority of helium was deposited
within the thin film specimens, and peak helium concentration coincided approximately with the
centre of each specimen. The thickness of electron transparent regions of the specimen was
estimated to be ~100 nm. In order to investigate the effects of ceramic microstructure and
processing conditions on helium accumulation in Li;TiO3, selected thin film specimens with different
microstructural properties (produced according to the procedure detailed in section 3.1.3) were
implanted in-situ with 5.5 keV He* ions. Implantation was carried out at room temperature using a
He* ion fluence of approximately 4x10'3 ions cm™ s. Specimens were implanted in 10 min 15 s
intervals (such that each interval corresponded to a fluence of ~2.5x10'® ions cm?), to a total fluence
of 1x10%” ions cm?. In order to circumvent any synergistic effects between the electron and ion beams
during implantation, the electron beam was not incident on the sample during implantation. Bright
field through-focal-series micrographs were captured at each fluence interval. The electron beam
exposure time associated with the acquisition of micrographs at each interval, which was minimised

as far and reasonably possible, was recorded.

In order to investigate the thermal evolution behaviour of implanted helium in Li,TiOs with different
microstructural properties, and the interactions of helium with electron beam induced defects, the
helium implanted specimens were subsequently annealed in-situ using the same temperature profile
as was detailed in section 3.3.3 above (30 °C—1000 °C, 100 °C increments, 10 min dwell / temperature
increment). Bright field through-focal-series micrographs were captured at the end of the dwell time
at each incremental temperature. Electron beam exposure time was minimised throughout
according to the procedure detailed in section 3.3.3; the electron beam exposure time corresponding
to through focal-series micrographs captured at each incremental temperature was recorded in each
case. At the end of each experiment, areas of the specimen which had not been previously exposed
to the electron beam were examined in order to independently determine the behaviour of

implanted helium at elevated temperatures in the absence of electron beam induced damage; thus
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enabling the effects the interactions of electron beam induced defects with implanted helium on the

thermal evolution of cavities / helium bubbles in Li,TiOs to be evaluated.

3.3.5 Image analysis

After acquisition, image processing was performed using the image editing software ImagelJ [188]. A
bandpass filter (3-50 pixels) was applied to each 4K image (horizontal resolution = 4080 pixels) to
suppress features of low spatial resolution, and the contrast adjusted to enhance features of interest.
Processed under- and over-focus micrographs corresponding to each through-focus-series were

subsequently aligned and stacked.

As detailed in section 3.3.2, vacancy-type defects (used here to describe voids, cavities or gas
bubbles) appear bright with a dark fringe in under-focus micrographs, and dark with a bright fringe
in over-focus images due to Fresnel contrast. Vacancy-type defects were considered resolvable only
if the fringes associated therewith could be observed in both under- and over-focus micrographs

after processing.

The number density of vacancy-type defects was calculated by taking the mean average of the
number of resolvable defects observed in three different regions of equal area (25 x 25 nm or 50 x
50 nm depending on defect size), associated errors are quoted as + half of the range of the values
obtained over three areas. Vacancy-type defect size was determined using the “Intensity Profile” and
“Multi Plot” tools incorporated into the software package Imagel) [188] in conjunction with a
purpose-built Excel spreadsheet. Greyscale intensity profiles of linescans across the longest available
dimension of individual vacancy-type defects with well resolved fringes on opposing edges were
obtained using the line intensity profile and multi plot tools in ImagelJ [188]. The distance between
fringes was extracted from intensity profiles in a semi-automated fashion using a purpose-built Excel
spreadsheet which yields: (i) individual cavity diameters (taken as the average distance between
fringes of the same cavity measured in equivalent under- and over-focus images), (ii) the mean
average cavity diameter (calculated from the extracted diameter of 50 cavities), (iii) Estimated errors
in the form of the ESD and the standard error of the mean, and (iv) a population distribution of the

measured cavities according to size in graphical format.

Values of defect size reported here are given as the mean average value calculated from the extracted
diameter of 50 cavities; associated errors are quoted as the standard error of the mean. Examples of
the graphical outputs obtained from the purpose-built Excel spreadsheet are shown in Figure 3.6.
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Figure 3.6: Example of semi-automated measurement of defects in (a) over- and (b) under-focus
micrographs, and the respective graphical outputs (c and d) obtained from Excel defect size
measurement spreadsheet (superimposed over corresponding BF TEM micrographs). (e) Example
histogram of defect size distribution constructed using output generated from Excel defect size
measurement spreadsheet; fitted distribution curve added using OriginPro [190].

An outline of the process by which feature sizes (in this case cavity diameters) are extracted from
raw greyscale intensity profile data exported from Imagel by the purpose-built spreadsheet is
detailed below. Note that the spreadsheet is designed such that the only input required from the
user is to paste the data (in the default .csv format from Imagel) into a master sheet, and select an
appropriate threshold intensity; all outputs are automated. This is a novel process, developed during

this PhD and is therefore described in detail below. The spreadsheet will be made publically available

via the publication presented in Chapter 5:

1. Greyscale intensity values for each linescan are automatically normalised to their respective

maximum.
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2. Individual graphical representations of each linescan (Linescan Distance vs. Normalised
Intensity) are automatically plotted. On each graph a horizontal “threshold” line, and
corresponding vertical intersects at the maximum and minimum intersection points of
intensity data with the threshold line is automatically generated. This provides the user with
a visual representation of how the measurement is being extracted, thus the cause of any

errors in output values can be easily identified.

3. The (%) intensity value at which the threshold line intersects the Y axis is adjusted (by the
user) to an appropriate value such that the corresponding vertical intersects are
representative of the position of the opposing edges of the fringes of the features of interest.
The horizontal threshold and corresponding vertical intersect lines displayed on all graphs are
simultaneously updated automatically with the input of the desired intensity threshold

percentage into a single cell by the user.

4. The lesser of the two linescan distance values corresponding to the vertical intersects on each
graph is automatically subtracted from the greater to yield the distance between fringes and
thus the diameter of the feature across which each linescan was drawn. The diameter of each

feature is output and automatically transposed to a table in the form of a list.

5. The mean diameter of the same feature in under- and over-focus images is automatically

calculated to give a final value of diameter for each individual feature, and added to the table.

6. The mean average defect diameter of the population, an ESD, and the standard error of the
mean are automatically calculated from the final values of diameter measured from 50
defects. The diameter distribution is automatically displayed in the form of a customisable

histogram.

A copy of this spreadsheet along with a user guide can be found in supplementary file 1a.
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3.3.6 Thermal Desorption Spectroscopy (TDS)

TDS was used to investigate the release characteristics of gaseous species from Li;TiO3 samples with
different microstructural properties as a function of temperature. All TDS experiments were carried
out at the UK Atomic Energy Authority Materials Research Facility, located at the Culham Centre for
Fusion Energy. The TDS system employed was a TPD Workstation type 640100 manufactured by
Hiden Analytical, shown in Figure 3.7; the system is equipped with a Hiden Analytical HAL/3F RC 1051-

9 PIC quadrupole mass spectrometer (MS).

Ultra-high-vacuum analytical chamber Heated sample stage Quadrupole MS

Figure 3.7: (Adapted from [191, 192]): (a) Photograph showing the layout of the TDS system utilised
in this work (Hiden Analytical Workstation type 640100). (b) Photograph of the Internal layout of
the UHV analytical chamber showing the position of the MS relative to the heated sample stage;

inset shows an example of the configuration of the sample, stage and MS during operation.

In this TDS system, the main analytical chamber is under ultra-high vacuum (UHV) during data

collection. The sample is heated from below by the ohmically heated sample stage, the temperature

of which is controlled by an embedded thermocouple. Gaseous species evolved from the sample
during the heating programme are recorded by a quadruple MS positioned directly above the sample,
in line of sight of the sample surface. Upon entering the MS, the desorbed gaseous species are initially

positively ionised by electron bombardment, and subsequently extracted to the quadrupole mass

analyser by a set of electrostatic lenses which accelerate and focus the gas ions.
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Figure 3.8: Schematic representation of a quadrupole mass analyser.

The quadrupole mass analyser itself (depicted in Figure 3.8) consists of four parallel rods where
opposite rods are electrically connected. A voltage of opposite polarity, consisting of both direct
current (DC) and radio frequency (RF) components, is applied to adjacent rods. The electric field
produced by the biased rods causes the ions to oscillate as they travel through the central region
between the rods, the amplitude of these oscillations is dependent on the mass to charge ratio of
the ion (m/z). If the oscillations become too large or unstable, the ion will strike the rods and become
neutralised, as such only ions within a very narrow range of m/z will traverse the rods and reach the
detector; hence the ions which enter the MS are separated according to the mass to charge ratio.
Incrementally scanning through the voltage applied to the rods allows ions with sequentially larger

values of m/z to pass through the rods to the detector.

In this work, sintered pellets were individually loaded into the TDS system and manipulated onto the
sample stage in the main chamber. An aluminium nitride ceramic plate was placed between the

sample and the stage itself to prevent contamination/reaction with the stage.

Each sample was heated by the sample stage under ultra-high vacuum (1.8x10° + 0.5x10° Torr when
heating was initiated) from room temperature to 900 °C using a heating rate of 5°C mint; a 30 minute
dwell was incorporated into the heating programme at the maximum temperature. The vacuum
pump was running throughout each experiment, the maximum pressure reached within the main
chamber, which increases during the heating programme due to outgassing of gaseous species from
the sample, was ~ 5x10°® Torr. The release profiles of desorbed gaseous species of masses 1-50 amu

were recorded by the MS as a function of the stage temperature.
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3.4 Potential bias in the measurement of grain, cavity and bubble size

Line-based measurements are commonly used to measure the size and distribution of
microstructural features such as grain size from two dimensional (2D) micrographs. Lineal intercept
methods, such as those described in the ASTM E112 standard for metallic materials [193], have been
devised to streamline the process of manually measuring average grain size based on linear
intercepts with line segments. In these methods, a line is superimposed over a 2D micrograph, and
the average grain size is calculated from the known length of the superimposed line and the number
of intercepts between the line and grain boundaries. However, it is recognised that measurements
take from 2D images are inherently biased towards underestimating the dimensions of 3D features
since the imaged surface is an indiscriminate cross-section through 3D volume. As such, the
probability of this cross-section coinciding with the longest dimension of a randomly oriented three-
dimensional particle is small; thus the actual measurement often corresponds to a dimension which
is shorter than the longest dimension of the particle. Correction factors such as those calculated by
Mendelson [194] (recently corrected by Gerlt [195]), where grains are modelled as
tetrakaidecahedral in morphology with log-normal size distribution, and grain size is interpreted as
the mean perpendicular distance between two parallel tangent planes averaged over all orientations,
can be used to take account for this experimental artefact. However, as pointed out by Wurst [196],
these corrections are based on a fully dense microstructure consisting of equiaxed grains. Hence, in
light of the significant degree of porosity exhibited by the Li,TiOs ceramics studied in this work, it was
concluded that the use of conventional lineal intercept methods for the measurement of grain size
would not be appropriate here. Instead, a variation of a lineal intercept method was used in which
well-defined, individual grains were manually selected and linear measurements were taken along
the longest available dimension on the basis that grain morphology was not typically significantly
anisotropic. While this method had the potential to introduce bias due to the somewhat subjective
nature of defining the longest dimension and the precise position of grain boundaries, it allowed the
measurement of only well-defined grains while simultaneously counteracting the inherent bias of 2D

measurement to underestimate 3D grain size to some degree.

A similar method, as described in section 3.3.5, was used to measure cavity and bubble sizes in
electron irradiated and / or helium implanted Li>TiOs ceramics using the longest available linear
dimension of manually selected features. While this method had the potential to introduce similar

biases as those discussed above with respect to grain size, as well as the potential to overestimate
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cavity and bubble sizes where larger, more anisotropic features were concerned, this method
allowed the measurement of only well-resolved features; thereby reducing the uncertainty arising
from overlapping features or lack of resolution in regions of poor contrast which would otherwise

have been included if a conventional lineal intersect methodology had been adopted.

Measurement of each grain, cavity or bubble across multiple dimensions would have afforded a
greater degree of accuracy and reduced the extent of any overestimation of the size of anisotropic
features, but this was deemed overly labour intensive given the number of samples / conditions
studied and the number of measurements involved. It is recognised that the accuracy of the absolute
values quoted with respect to grain, cavity and bubble size in this work may not, quantitatively
speaking, be an exact representation of the features from which the measurements were obtained,
and are likely to be underestimates of the true values where approximately equiaxed features are
concerned, and potentially overestimates where anisotropic features are concerned. Nonetheless,
the methods employed for the measurement of grain, cavity and bubble size throughout this work
were deemed sufficiently consistent to make valid comparison between the results obtained from

the samples studied.
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Chapter 4 - Pristine characterisation and microstructure manipulation

In this chapter, the results of solid state synthesis experiments and the characterisation of Li,TiO3
powder are presented. The effect of post-synthesis sintering conditions on the microstructure of the

resulting ceramic pellets is discussed.

4.1 Solid state synthesis and characterisation of Li,TiO; powder

Li,TiOs was synthesised from Li.CO3 and TiO; as detailed in section 3.1.1 according to the reaction:
LioCO3 (s) + TiO2 (s) > LiTiOs3 ) + CO: (g)

In order to identify a suitable calcination temperature for the preparation of Li;TiOs; powder,
Thermogravimetric Analysis (TGA) was carried out on the milled reagent powder mixture prepared
according to the procedure described in section 3.1.2. The results of this study are shown in Figure
4.1. It is noted that mass loss associated with CO; evolution begins to occur at ~470 °C, well below
the decomposition temperature of pure lithium carbonate in the absence of contacting TiO; particles
(reported to commence at ~740 °C by Mandal et al. [82]). As proposed by Sonak et al. [84], this may
indicate that the decomposition of Li;COs, and subsequent reaction of the resulting Li.O with TiO; to

form Li;TiOs, may be catalysed at the surface of TiO; particles.
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Figure 4.1: TGA data collected from milled Li,COs / TiO, reagent powder mixture under flowing air.
Data collected using a Perkin ElImer TGA4000 thermogravimetric analyser over a temperature range
of 30 — 855 °C; heating rate 10 °C mint.

70



No further significant mass loss associated with CO; evolution is observed above 730°C; as such it can
be concluded that the reaction is complete at this temperature. Hence a maximum temperature of
730°C was defined for batch reagent powder calcination in order to minimise lithium vapourisation

and maintain small particle size in the Li>TiO3 product.

A powder X-ray diffraction (PXRD) pattern obtained from the powder prepared according to the
procedure detailed in section 3.1.1 (using a maximum calcination temperature of 730 °C according
to the TGA results) is shown in Figure 4.2. Phase analysis carried out using the ICDD database in
conjunction with Bruker Diffrac Eva 3.1 software showed that the pattern indexed well to the
monoclinic B-Li;TiO3 structure reported by Kataoka et al. [61]. Only peaks consistent with this
structure were observed, confirming that the powder obtained was single phase B-Li;TiOs. Miller
indices were assigned according to the corresponding ICDD Powder Diffraction File (ICDD PDF no. 01-

077-8280).
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Figure 4.2: Powder XRD pattern obtained from Li>TiO3 powder prepared by solid state synthesis.
Data collected using a Bruker D2 Phaser diffractometer using Cu K radiation; 10-80° 26, 0.02° step,
0.2 s / point. Indexed according to ICDD PDF no. 01-077-8280 [61]. *Some hkl labels omitted for
clarity.

Figure 4.3 shows secondary electron SEM micrographs of the milled Li;TiOs powder from which

sintered pellets were fabricated in subsequent ceramic processing experiments. The rounded powder

particles generally exhibit relatively spherical (as opposed to angular) morphology and low aspect
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ratio; the powder agglomerates observed in SEM micrographs were found to be composed of
particles estimated to be in the range of 0.2-1.5 um in size, with a typical particle size of

approximately 0.5 um.

Figure 4.3: Secondary Electron SEM micrographs, captured using an FEI Inspect F50 electron
microscope operated at 20 kV, showing the particle size and morphology of milled Li,TiO3 ceramic
powder prepared by solid state synthesis.

The small crystallite size associated with sub-micron particle size is likely to be a contributing factor
to the relatively broad peak profiles observed in the PXRD pattern, which is in turn responsible for
the lack of resolution where peaks corresponding to crystal planes of similar d-spacing are concerned.
As such, many of the peaks observed in the diffraction pattern shown in Figure 4.2 represent a
convolution of the contributions of X-rays diffracted at several different crystal planes of similar d-

spacing.

The Li;TiOs powder described above was used to form the green bodies for use in subsequent

sintering experiments, the results of which are discussed in the following section.

4.2 Densification and microstructure manipulation

Maximising the bulk density of ceramic breeder materials is considered desirable as the overall
lithium atom density will be greater in a dense ceramic than a porous equivalent; hence the
probability of fusion neutrons interacting with lithium atoms in the breeder blanket will be increased
in a dense ceramic, which in turn increases tritium breeding ratio (TBR). However, the reduction in
surface area and open porosity associated with densification may have a detrimental effect on tritium
transport and release characteristics [197]. Furthermore, ceramic microstructure could have

significant effects on radiation damage resistance and helium accommodation mechanisms of
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ceramic breeder materials. Hence, the effects of ceramic processing conditions on ceramic density
and grain size in Li;TiO3 were investigated and subsequently tailored in order to produce two suites
of samples — of high and low porosity respectively — which exhibited different grain sizes in order to
independently identify the effects of ceramic density and grain size on material performance in
subsequent electron irradiation and ion-implantation experiments. The results below show the
effects of sintering green bodies at different temperatures (between 750 and 1150 °C) for different
durations (between 2 and 9 hours), carried out to determine appropriate sintering conditions to

produce the two suites of samples required for the implantation / irradiation experiments.

Figure 4.4 shows the measured density of LixTiOs ceramic pellets sintered for 6 hours under
atmospheric air at incrementally increasing temperature. Data points shown are the mean average
value of the absolute measured densities obtained from two pellets prepared under identical

conditions, error bars were calculated according to Eqn. (3.3) as detailed in section 3.2.3.
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Figure 4.4: Measured density of Li,TiO3 ceramic pellets sintered under atmospheric air for 6 hours
duration at incrementally increasing temperature.
The densification behaviour of Li;TiOz was shown to be strongly dependent on sintering temperature.
A significant increase in densification efficiency was observed between 800 °C and 950 °C, clearly
indicating an increase in the rate of the thermally activated atomic diffusion processes responsible

for densification in this temperature range. At temperatures in excess of 950 °C, the observed
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increase in density with temperature was markedly reduced; the density of pellets sintered between
1000 °C and 1150 °C became effectively constant within the error associated with density
measurement. Hence, sintering temperatures of 900 °C and 1000 - 1100 °C were subsequently
employed to produce suites of Li;TiOs ceramics which exhibited “high” and “low” porosity

respectively.

Secondary electron SEM micrographs showing the microstructure of the polished surfaces of Li;TiOs
ceramic pellets, sintered at 900 — 1100 °C for various durations in order to produce samples with
different grain sizes, are shown in Figure 4.5. In agreement with the results of the preceding sintering
temperature study, it was visually apparent from SEM micrographs that the porosity of samples
sintered at 1000 °C and above was markedly reduced compared to those sintered at 900 °C; thus

confirming the strong dependence of densification efficiency on temperature.
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Figure 4.5: Secondary Electron SEM micrographs showing the polished and thermally etched surfaces
of Li,TiOs ceramic pellets sintered 900 — 1100 °C for various durations (2 — 9 hours), captured using
an FEIl Inspect F50 electron microscope operated at 20 kV. “High porosity” samples shown on blue
background (top row), “low porosity” samples shown on orange background (lower two rows).
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On the basis of visual inspection, the effect of sintering duration on densification at constant
temperature appeared to be minimal, although a slight reduction in the porosity of samples sintered
at 1000 °C may be evident at longer sintering durations. Grain growth was also shown to be more
strongly dependant on temperature than sintering duration under the conditions studied; significant
non-uniform grain growth was observed with increasing sintering temperature (see Figure 4.5 (ii),
(vi) and (viii) for example). Grain morphology initially became more angular during densification and
grain growth, presumably due to the reduction in surface energy associated with reducing the
average surface curvature of the rounded powder particles and maximising the contacting surfaces
of adjacent particles. As densification and grain growth progressed, grain boundaries were found to
become less angular which is proposed to be due to the reduction of interfacial energy associated
with grain boundaries of lower angle. While it is apparent that the effect of sintering duration on the
extent of grain growth was comparably lesser than that of temperature, a subtle increase in grain
size was generally observed with increasing sintering duration at a given temperature; thus a broad
range of grain sizes was produced across the two suites of samples. The non-uniformity of the
observed grain growth resulted in a concurrent widening of grain size distributions as shown in Figure
4.6, which shows the grain size distributions obtained from each sample shown in Figure 4.5 based
on measurement of the longest dimension of 450 grains per sample observed in 2D secondary
electron SEM micrographs. Quoted errors associated with the mean average grain size are equal to

one ESD.
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durations (2 — 9 hours). Statistics shown are based on measurement of the longest dimension of 450
grains per sample observed in 2D secondary electron SEM micrographs. Quoted errors associated
with the mean average grain size are equal to one ESD. The inset figure in (i) shows the grain size

Figure 4.6: Grain size distributions of Li;TiO3 ceramic pellets sintered at 900 — 1100 °C for various
distribution obtained from the sample as the main figure over a narrower range.



Grain size distribution was found to be relatively narrow in samples sintered at low temperature (900
°C; Figure 4.6 (i)-(iii)). The sample sintered at low temperature for the shortest duration (900°C, 3h)
exhibited a grain size range of less than 1.5 um, which broadens to 2.5 um after extended sintering
duration. In each case the population deviated slightly from a normal distribution of grain sizes, the
modal value was found to be slightly skewed towards a value slightly smaller than the mean average
grain size. Consistent with non-uniform grain growth, this deviation from a normal distribution was
shown to increase in samples sintered at higher temperatures (= 1000 °C); the distribution of grain
sizes becomes increasingly skewed towards values smaller than the mean with increasing sintering
duration / temperature. While the modal size of the grains measured was consistently between 1 pm
and 2.5 um, the range of grain sizes was found to increase significantly with increasing sintering
duration at higher temperatures, rising from ~4 um (1000 °C, 2h) to ~9 um after 8 h of sintering at
1000 °C; further increasing to ~16 um after 6 h at the maximum sintering temperature of 1100°C,
where grain sizes appear to have approached a bimodal distribution. The observed increase in the
range of grain sizes is accompanied by a general increase in mean grain size, suggesting that a
relatively small number of large grains are growing at the expense of smaller ones, consistent with
an Ostwald Ripening type grain growth mechanism. However, in contrast to the statistics obtained
here, it is noted that this grain growth mechanism would theoretically result in a skew of the grain
size distribution towards larger grain sizes during the intermediate stages of grain growth, as
described by the Lifshitz-Slyozov-Wagner (LSW) model [198, 199], where an extended tail is expected
at the small end of the particle diameter range. It is proposed that the high proportion of smaller
grains observed in 2D SEM micrographs, which are responsible for the aforementioned skewing of
grain size distribution to sizes smaller than the mean, is due (at least in part) to the method by which
grain size measurements were obtained. Measurements taken from a two-dimensional “slice”
represented in an SEM micrograph obtained from a sample surface are inherently biased towards
underestimating grain size since the imaged surface is an indiscriminate cross-section through the
grains. As such, the probability of this cross-section coinciding with the longest dimension of a
randomly oriented three-dimensional particle is small; thus the actual measurement often
corresponds to a dimension which is shorter than the longest dimension of the particle. This effect is
exacerbated in the case of samples with large grains, since many of the “small grains” observed
between larger grains in SEM micrographs are in fact likely to represent cross-sections through short
dimensions of much larger grains, the longer dimensions of which are obscured by surrounding

particles in two-dimensional images. This experimental artefact may explain the consistently small
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modal grain size measured across all of the Li;TiO3 ceramics processed under the various sintering
conditions, and the increasingly skewed grain size distributions observed with increasing mean grain
size. It is also noted that the corresponding values of mean grain size calculated for each sample are

likely to be an underestimate of their true value as a consequence.

The mean average grain size and corresponding density of all of the Li>TiO3 ceramics produced are
detailed in Table 4.1; the corresponding graphical representation is shown in Figure 4.7. Density data
points shown are the mean average value of the absolute measured densities obtained from two
pellets prepared under identical conditions, density error bars were calculated according to Egn. (3.3)
as detailed in section 3.2.3. Grain size data points were calculated from the mean average value of
the longest measured dimension of 450 grains analysed per sample, grain size error bars are equal
to + one estimated standard deviation (ESD). Values of density and mean grain size, and associated

errors, quoted in Table 4.1 are rounded to the nearest 1 % TD and 0.1 um respectively.

Table 4.1: Measured density and mean average grain size data (determined by SEM image analysis
and manual density measurements respectively) of Li;TiO3 pellets sintered at 900 — 1100 °C for

various durations (2 — 9 hours). Used to construct the graphical representation shown in Figure 4.7.

Assigned suite Sintering Density (%TD) | Mean grain size Sample ID for
“High Porosity”: HP conditions (um) from SEM TEM
Low Porosity™: LP analysis experiments
(where applicable)
HP 900 °C, 3 hours 65+4 0.7+0.3 A
HP 900 °C, 6 hours 67+3 1.0+0.4 B
LP 1000°7°C, 2 8212 1.6+0.8 C
hours
LP 1000°C, 4 84+1 22+1.0
hours
LP 1000°C, 6 84+2 23+1.2
hours
1000 °C, 8
LP ’ 871 23115
hours
LP 1100°C, 6 84+2 34+2.6 D
hours
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Figure 4.7: Top panel: Measured density of Li;TiOs pellets sintered at 900 — 1100 °C as a function of
sintering duration (in hours). Bottom panel: Mean average grain size measured from the longest
dimension of 450 grains per sample observed in 2D secondary electron SEM micrographs. Samples
(A —D) selected for use in TEM studies are marked with adjacent letters. *Note the log scale, used
to highlight difference in grain sizes of the high porosity suite sintered at 900 °C.
Concurrent with the microstructure observations made from visual inspection of SEM micrographs,
the effect of sintering duration at constant temperature on densification was shown to be
significantly less pronounced than that of sintering temperature itself under the conditions studied
(Figure 4.7, top panel). These results suggest that the majority of densification occurred during the
first 2-3 hours of sintering. The absolute measured density of samples sintered at constant
temperature was found to vary by ~ 7 % and ~ 5 % of theoretical density (TD) at 900 °C and 1000 °C
respectively; whereas the difference in density between the two suites of samples (sintered at 900

°C and > 1000 °C respectively) is in the region of 15 - 20 % TD. The density of the sample sintered at

1100 °C for 6h was found to be comparable to those sintered at 1000 °C. Thus a significant difference
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in density, and hence porosity by association, exists between the “high porosity” suite (sintered at
900 °C) and the “low porosity” suite (sintered at = 1000 °C); samples inside their respective suite

exhibited relatively comparable density.

In conjunction with the grain size distributions shown in Figure 4.6, mean average grain size data
(Figure 4.7, bottom panel) confirms that sintering temperature also had a more significant effect on
grain growth than sintering duration. In the case of samples sintered at 900 °C, mean grain size
initially increased from 0.7 um + 0.3 um to 1.0 um + 0.4 um at 3 hours and 6 hours sintering duration
respectively; however, no further grain growth was observed at 9 hours sintering duration, indicating
that the thermal energy provided is insufficient to promote further grain growth at this temperature.
It is also noted that the rate of grain growth appeared to slow at sintering durations longer than 4
hours in samples sintered at 1000 °C. Comparatively, samples sintered for 6 hours at incrementally
increasing temperature showed a significant increase in mean grain size (1.0 um + 0.4 pym, 2.3 um #

1.2 um, and 3.4 um % 2.6 um at 900 °C, 1000 °C and 1100 °C respectively).

Two samples from each suite (two high porosity [A and B] and two low porosity [C and D], marked by
adjacent letters in Figure 4.7) were selected for subsequent TEM studies on the basis of exhibiting
the most comparable density within their respective suite, in conjunction with the largest available
difference in grain size. This allowed the effects of ceramic density and grain size on material
performance to be investigated in subsequent electron irradiation and ion-implantation experiments

detailed in the chapters which follow (Chapters 5 - 7).

A summary of the properties of the samples selected for TEM studies, including a brief discussion of
the crystallographic differences between samples processed under different conditions (identified
from XRD patterns), and the actual grain size of specific grains observed during TEM experiments is
given as part of the following results chapter (Chapter 5), which is presented in the format of a

manuscript prepared for publication.
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4.3 Conclusions of pristine characterisation and microstructure manipulation experiments

The microstructural properties of Li;TiO3 ceramics prepared using solid state synthesis and
conventional sintering methods were shown to be strongly dependant on post-synthetic processing
conditions. The densification behaviour of Li,TiOs was found to be strongly dependant on
temperature, and relatively independent of sintering duration within the limits of the conditions
studied. The extent of grain growth during sintering was shown to be affected by both the
temperature and duration; hence, by adjusting the conditions employed, the microstructure of
Li2TiOs ceramics can be tuned in such a way that the contributions of porosity and grain size to the
material’s performance in different environments can be investigated. Temperature dependant
crystallographic disorder, attributed to the presence of stacking faults and cation disorder has been
identified in B- Li2TiO3 ceramics prepared by conventional solid state sintering; an inverse
relationship between sintering temperature and the degree of deviation from the ideal structure was
found to exist, suggesting that the concentration of intrinsic defects is likely to be greater in samples

sintered at lower temperatures.
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Chapter 5 - Room temperature electron beam induced cavity formation in Li,TiO3

ceramics

Chapter 5 details work carried out in order to observe the effects of electron beam irradiation on
polycrystalline Li;TiO3 ceramics at room temperature using in-situ transmission electron microscopy
(in-situ TEM). Details of the synthesis and characterisation of the bulk samples (which were selected
from those described in Chapter 4) from which the thin-film TEM specimens used in this work were
prepared prior to in-situ TEM experiments are included. This work is presented in the form of a

manuscript which has been prepared for publication.

For ease of reference, the labels corresponding to figures and tables have been adapted in keeping
with the format of this thesis. A separate reference list, which relates only to this chapter and the

manuscript therein, is included at the end of this chapter.
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Abstract

Polycrystalline lithium metatitanate (Li,;TiOs) is an attractive material for a range of applications,
including battery materials and microwave dielectrics, it has also attracted a great deal of attention
as proposed tritium breeder material for use in nuclear fusion reactors. During the continued
development of Li;TiOs, and similar Li-containing ceramics, for these advanced applications,
transmission electron microscopy (TEM) is likely to be employed to study the nano-structure of these
materials and, in the case of nuclear fusion applications, their response to radiation induced damage.
In this work, we have shown that electron irradiation in a conventional TEM results in the formation
of nanometre sized vacancy-type defects at room temperature, and that the size and number density
of the vacancy-type defects are linked to ceramic microstructure and crystallographic disorder.
Electron beam induced vacancy-type defect formation is discussed in terms of electron beam
heating, electron beam induced radiolysis and electron beam induced displacement damage; the
displacement of Li and O lattice atoms is proposed to be primarily responsible for the observed
damage. Results suggest that the formation and growth of vacancy-type defects is a two-stage
processes, initially driven by the supersaturation of vacancies due to the preferential loss of
interstitials to the surfaces of thin film TEM specimens, followed by coalescence of larger vacancy-
type defects, which leads to cavity growth. Furthermore, results from X-ray diffraction suggest that

growth is facilitated by the presence of CO;, produced by the decomposition of a Li,COs surface
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reaction layer under the electron beam. These results highlight that care must be taken when

interpreting TEM data and undertaking the associated analysis, especially in Li-containing oxides.

Introduction

Lithium metatitanate, Li;TiOs, has been the subject of research for a multitude of applications
including electrode materials for use in lithium ion batteries [1-7], microwave dielectrics [8-10], and
supercapattery applications [11]. Li;TiO3 has attracted particular interest in the field of tritium
breeder materials research for nuclear fusion, and is currently considered to be one of the leading
candidate ceramic breeder materials for use with various breeder blanket concept designs proposed

by several international research groups [12-14].

The latest generation of ceramic breeder materials being developed for use with the EU DEMO
concept design, known as the helium cooled pebble bed (HCPB) [15], are composed primarily of
lithium orthosilicate (LisSiO4) incorporating Li>TiO3 as a secondary phase [16]; addition of lithium
titanate to the EU reference formulation, composed of hyperstoichiometric LisSiOs with minor
inclusions of Li;SiOs [17], was shown to enhance the mechanical stability of the ceramic pebbles.
While the compatibility of these ‘advanced’ ceramic breeder pebbles may be cause for concern [18],
the pebbles are reported to show excellent thermal stability [19], adequate thermal conductivity [20],

appropriate tritium release characteristics [21], and reasonable tolerance to radiation [22].

During operation, ceramic breeder materials will be subjected to high levels of radiation, primarily
from high energy (14.1 MeV) neutrons, which will induce high levels of displacement damage.
Radiation induced displacement events introduce defects in the form of vacancies and interstitial
atoms (known as Frenkel pairs); the correlation between defect annihilation and tritium release
behaviour suggests that these defects may act as trapping sites for tritium [23-25], and as such
impede tritium release and recovery, which is detrimental to the material’s performance.
Furthermore, aggregation of vacancy and/or interstitial defects can result in the formation of

extended defects such as voids, cavities and dislocation loops [26-30].

Microstructural properties such as grain size are known to affect the irradiation behaviour of
materials. Enhanced radiation tolerance, attributed to increased interfacial area associated with

grain boundaries which act as efficient defect sinks, has been reported in numerous nanocrystalline
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materials [31-35]. Aggregation of defects in larger grained analogues, leading to the formation of
defect clusters, has previously been attributed to the longer diffusion path to sinks at grain
boundaries[31, 36]. Conversely, other materials exhibit higher radiation tolerance when they are
composed of larger grains; for example, UO,, ThO; and CeO; are all reported to exhibit a greater
degree of volumetric swelling as a result of heavy ion implantation in nanocrystalline format than
their analogous microcrystalline counterparts [37]. While the increased availability of defect sinks
associated with the increased grain boundary area of smaller grained materials may improve their
radiation damage tolerance, competing effects such as the enhanced driving force for structural
modifications associated with higher surface energy, and the increased localisation of energy
deposition due to inefficient dissipation of energy as a result of phonon scattering at grain boundaries

[37, 38] potentially reduces the radiation damage resistance of smaller grained materials.

Transmission Electron Microscopy (TEM) is routinely used to examine the effects of externally
induced radiation damage, including void and cavity formation, in irradiated and ion-implanted
materials [28, 39, 40]. Irrespective of the application, TEM is likely to be used to examine Li;TiO3 (and
similar lithium-containing ceramics) on the nano-scale; particularly since a number of its proposed
applications utilise materials with sub-micron or nanoscale microstructural properties [1, 4, 6-8, 11].
One factor that is often overlooked is the so called ‘Observer Effect’, i.e. “An act of Observation is
thus necessarily accompanied by some disturbance of the Object observed” (P. A. M. Dirac, 1947) [41];
which, in this context, refers to the effects of the TEM electron beam itself on the specimen being
examined. Electron beam induced damage can occur as a result of scattering interactions of incident
(beam) electrons with the electrons or nuclei of the specimen material. Where elastic scattering
interactions with nuclei can induce knock-on displacement of lattice atoms directly, inelastic
interactions with atomic electrons can indirectly induce displacement damage via radiolytic
mechanisms [42]. TEM electron beam damage has been reported in many inorganic materials,
notably alkali halides [43-46], alkaline earth fluorides [47, 48], silicates [49, 50], zeolites [51], and

maximum valency transition metal oxides [52-56].

Given that electron irradiation in a TEM has the potential to introduce defects which are similar in
nature (i.e. atomic displacement) to those induced by neutron irradiation and ion implantation — both
of which are commonly used to study / emulate radiation effects in materials - it is important to
determine how examination of Li;TiOsz using TEM techniques will affect the nano-structure of the

ceramic in order to avoid the erroneous interpretation of results. Such investigations allow the effects
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of the electron beam to be taken into account in any future experiments which utilise TEM to
investigate the effects of radiation damage in ceramic breeder materials containing Li,TiOs, and may
assist in the explanation of unexpected phenomena observed during TEM examination of analogous
materials developed for wider applications; thus avoiding the potential for erroneous findings being

made and reported.

In this work, in-situ transmission electron microscopy was used to observe the effects of electron
beam irradiation on polycrystalline Li,TiOs at room temperature. The effects of electron irradiation
time and the microstructure of the ceramic in its as-prepared state are identified, and the possible

mechanisms responsible for the observed behaviour under electron irradiation are discussed.

Methods

Lithium metatitanate (Li;TiO3) powders were synthesised via the solid state reaction method.
Commercially available reagents Li;COs (Acros Organics Li;CO3 99+ % ACS Reagent) and TiO2 (Aldrich
Titanium (1V) oxide, ~325 mesh, >99% trace metals basis) were dried (180 °C and 900 °C respectively)
for a minimum of 12 h prior to synthesis. The dried reagent powders were mixed together in
stoichiometric ratios and ball milled for 24 h under isopropanol with 10 mm yttria-stabilised zirconia
(YSZ) media. The resulting slurry was dried overnight (80 °C) to remove the isopropanol, sieved using
a mesh size of 250 um, and calcined under atmospheric air in a box furnace using a two-stage
calcination program (from RT to 700 °C, heating rate of 5 °C min, 4 h dwell; and from 700 to 730 °C,
5 °C min heating rate, 4 h dwell). The calcined product was ball milled for 24 h under isopropanol

with 10 mm YSZ media, dried overnight at 80 °C, and sieved using a mesh size of 250 um.

Portions of the resulting powder (~ 0.3 g) were uniaxially pressed into 10 mm pellets, (100 MPa, 1
min hold) to form “green bodies” and sintered under atmospheric air in a tube furnace. In this work,
the relationship between ceramic grain size and electron beam induced damage was investigated. To
investigate this, four pellets were sintered at different times and temperatures to produce a range
of grain sizes and open volume porosity. Specifically, two high porosity samples were produced by
sintering at 900 °C for 3 h or 900 °C for 6 h; and two low porosity samples were produced by sintering

at 1000 °C for 2 h or 1100 °C for 6 h.
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Due to the relatively high degree of open porosity exhibited by the pellets, and the propensity for
LizTiO3 and other lithium ceramics to react with air and water [57-62], density measurements using
the Archimedes principle were not appropriate in this case. Therefore, the density of each sintered
pellet was calculated from its respective mass, diameter and depth, modelling each pellet as a
cylinder. The values of density reported here were calculated from the mean average values of the

densities obtained from two pellets prepared under identical conditions.

One face of all sintered ceramic pellets was polished to a 1 um finish using non-aqueous diamond
suspension and thermally etched at 90% of the sintering temperature for 30 min prior to
characterisation. X-ray diffraction (XRD) was used to confirm the identity and phase purity of the

sintered ceramic pellets. XRD data were collected at room temperature in Bragg Brentano geometry

using Cu Ko radiation (A = 1.5418 A) using a PANalytical X’'Pert® Powder diffractometer. Phase

identification was achieved by comparison of observed diffraction patterns to entries in the ICDD

PDF-4+ database [63].

Scanning Electron Microscopy (SEM) was used to determine grain size, grain morphology and the
nature of porosity in the sintered pellets. The pellets were mounted onto aluminium stubs using
adhesive carbon discs and the polished surfaces were sputter coated with gold. Secondary electron
SEM images were collected using an Inspect F50 SEM equipped with a field emission gun (FEG)
electron source operated at 20 kV. Grain size statistics were calculated based on measurement of
the longest dimension of 450 grains per sample observed in 2D SEM images, measured using Image)

[64].

Transmission Electron Microscopy (TEM) was used to characterise the microstructure of the pristine
specimens on the nano-scale, and to investigate the formation and growth of cavities due to
exposure to the electron beam. To produce thin film specimens for use in TEM experiments, sintered
pellets were sectioned into cubes (~*2 mm?3) using a slow saw equipped with a diamond cutting disk.
The resulting ceramic cubes were mechanically thinned to a thickness of 60 um + 10 um and polished
to a1 um finish using non-aqueous diamond suspension. A Gatan 656 dimple grinder was utilised to
achieve a final thickness of ~20 um in a hemispherical region (polished to a 0.25 um finish) at the
centre of each sample. Each sample was mounted to molybdenum TEM grids using Gatan G1 epoxy
(cured at 80 °C for 1 h). Electron transparent regions were produced using a Precision lon Polishing

System (Gatan PIPS Il - dual beam modulation, automatic gas flow rate). During the milling process,
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the Ar* ion energy was gradually reduced from 5 keV at a milling angle of 6°, to 1 keV at a milling
angle of 4° in order to minimise surface damage and contamination, and to produce a greater area
of electron transparency. All TEM experiments were carried out using the MIAMI-II system [65], at
the University of Huddersfield using a modified Hitachi H-9500 TEM equipped with a lanthanum
hexaboride (LaBs) electron gun, operated in bright field (BF) TEM mode at 300 kV. Images and videos
were captured by a Gatan OneView CMOS camera with resolution of 16 MPx. In order to investigate
the formation and growth of cavities in Li;TiO3 under the electron beam, the beam exposure time
(defined as the time elapsed while an area of specimen was exposed to the TEM electron beam) was
recorded throughout. Condenser lens settings were altered according to the optimal conditions for
imaging each individual specimen, as such we were unable to consistently monitor electron fluence;
this has been taken into consideration when discussing the effects of electron beam exposure on
Li2TiOs. Where possible, live video was captured during in-situ experiments, and bright field TEM
micrographs were taken at 10 minute intervals. Fresnel contrast analysis was used to identify
vacancy-type defects in the samples. In this technique, BF TEM micrographs were defocussed by #
500 — 1000 nm in order to observe the appearance and change in intensity distribution of Fresnel
fringes which form around vacancy-type defects such as small voids, cavities, vacancy clusters or gas
bubbles. In under-focus images, vacancy-type defects appear bright with a dark fringe, while in over-
focus images they appear dark with a bright fringe. Small (< 5nm) vacancy-type defects are invisible
when the TEM image is in focus; thus the observation of a change in Fresnel contrast when the
objective lens is defocussed also allows a distinction to be made between vacancy-type defects and
secondary phase precipitates as the contrast associated with precipitates does not vary in this way,
and often remains the same irrespective of focus. In this work, bright field through-focal-series
micrographs (£ 500 nm objective lens defocus) were taken at 10 minute intervals of beam exposure
to monitor the formation and evolution of TEM resolvable vacancy-type defects. After acquisition,
image processing was performed using the image editing software Imagel [64]. A bandpass filter (3-
50 pixels) was applied to each 4K image (horizontal resolution = 4080 pixels) to suppress features of
low spatial resolution, and the contrast adjusted to enhance features of interest. Processed under-
and over-focus images were subsequently aligned and stacked. Cavity number density was calculated
by taking the mean average of the number of resolvable defects observed in three 25 x 25 nm areas.
Greyscale intensity profiles of linescans across cavities were obtained using the “line intensity profile”
and “multi plot” tools in Imagel. The distance between fringes was extracted from intensity profiles

in a semi-automated fashion using a purpose-built Excel spreadsheet which yields: (i) individual cavity
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diameters (taken as the average distance between fringes of the same cavity measured in equivalent
under- and over-focus images), (ii) the mean average cavity diameter (calculated from the extracted
diameter of 50 cavities), and (iii) a population distribution of the measured cavities according to size.
Examples of the graphical outputs obtained from the purpose-built Excel spreadsheet are shown in

Figure 5.1.

s“
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Figure 5.1: Example of semi-automated measurement of defects in (a) over- and (b) under-focus
micrographs, and the respective graphical outputs (c and d) obtained from Excel defect size
measurement spreadsheet (superimposed over corresponding BF TEM micrographs). Example
histogram of defect size distribution (e) constructed using output generated from Excel defect size
measurement spreadsheet; fitted distribution curve added using OriginPro.

The spreadsheet is designed such that the only input required from the user is to paste the data (in
the default .csv format from Imagel) into a master sheet, and select an appropriate threshold

intensity (indicated by the white dashed line in Figure 5.1). All outputs are automated. A copy of this

spreadsheet along with a user guide can be found in Supplementary file 1a.
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Results and discussion
Microstructure and phase analysis

One of the aims of this work was to investigate the link between ceramic grain size and porosity, and
electron beam induced damage. In order to separately investigate the effect of grain size and
porosity, two suites of samples were produced, each with different densities; the samples within

each suite exhibited similar ceramic densities but different grain sizes.

SEM and manual density measurements were used to determine the mean grain size and density of
ceramic pellets. Figure 5.2 shows secondary electron SEM images of Li;TiOs samples sintered at A)
900 °C for 3 hours, B) 900 °C for 6 hours, C) 1000 °C for 2 hours, and D) 1100 °C for 6 hours, and the
corresponding low-magnification bright field TEM micrographs showing the specific grains examined

during TEM electron irradiation.

-y

(A) 900°C, 3h (SEM) |((B) 900°C, 6h (SEM) ||(C) 1000°C, 2h (SEM) || (D) 1100°C, 6h (SEM)

-

Figure 5.2: Upper row: Secondary electron SEM images showing an overview of the microstructure
of four Li,TiO3 samples A-D, sintered for different durations at different temperatures in order to
produce the suite of samples used in this study. Lower row: Corresponding low-magnification bright
field TEM micrographs showing the specific grains examined during TEM electron irradiation.
Table 5.1 details the mean average grain size and density (determined by SEM image analysis and

manual density measurements respectively) of each of the samples shown in Figure 5.2. Individual

grain sizes were measured using the longest available dimension, the mean average grain size was
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subsequently calculated from the longest measured dimension of 450 grains analysed per sample.

Errors quoted for mean grain size are equal to one estimated standard deviation (ESD).

It is noted that, while there is a general increase in mean grain size from sample A to sample D, each
sample exhibits a range of grain sizes. As indicated by the increase in the ESD associated with grain
size distributions, the breadth of this range is shown to increase as mean grain size increases,
consistent with a discontinuous (non-uniform) grain growth mechanism. Hence, in order to avoid
ambiguity, the grain size of the specific grains investigated in TEM experiments was measured directly
from TEM micrographs. The actual grain sizes used in TEM experiments, stated as the mean value of
four measurements taken across each grain, are listed in Table 5.1; errors quoted are half the range

of the four measurements taken across each grain.

The density values given in Table 5.1 were calculated from the mean average values of the densities
obtained from two pellets prepared under identical conditions. The absolute density (p) of each
cylindrical pellet was calculated from its mass, and the mean average values of diameter (D) and
depth (d) obtained from six measurements. The error (§p) associated with the density of each pellet

were calculated according to Eq. (1):

o=pJ2D) + (@ w

where 8D and 6d are the absolute errors associated with diameter and depth respectively (taken as

half of the range of six measurements, plus the instrumental error). The final errors quoted in Table
5.1 are the sum of the errors calculated for each individual pellet propagated though to the mean,

and half of the range of the absolute density values obtained (Eq. (2)):

J(6p)2+(6p2)? |p1—p2l
Spror = (01)2(02) + P12P2 2)
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Table 5.1: Mean average density and grain size (determined by SEM image analysis and manual
density measurements respectively) of the Li;TiO3 samples shown in Figure 5.2, and the actual size
of the specific grains examined during electron beam irradiation (determined from TEM
micrographs). Errors quoted were calculated according to Eq. (2) for density, 1 ESD for mean grain
size, and half of the range of four measurements across each grain for actual grain size used in TEM
experiments.

Sample ID and sintering | Density | Mean grain size (um) Actual grain size
conditions (%TD) from SEM analysis used in TEM

experiments (um)

A) 900 °C, 3 hours 65+4 0.7+0.3 0.58+£0.11
B) 900 °C, 6 hours 67+3 1.0+0.4 0.75+0.12
C) 1000 °C, 2 hours 82+2 1.6+0.8 0.93+0.12
D) 1100 °C, 6 hours 84 +2 34+26 >1.09 + 0.08*

*Longest dimension of grain was larger than the field of view in the lowest available magnification
image of this area; hence the figure quoted corresponds to the minimum possible grain size and is

likely to be an underestimate of the actual grain size.

Figure 5.3 illustrates the variation in densities and grain sizes of the four samples studied. Samples A
and B were determined to have comparable densities (65% of TD + 4% and 67 % of TD + 3%,
respectively), but different grain sizes (0.7 um + 0.3 um and 1.0 um + 0.4 um, respectively). Similarly,
samples C and D were determined to have comparable densities (82% of TD + 2% and 84 % of TD +
2%, respectively), but different grain sizes (1.6 um £ 0.8 um and 3.4 um £ 2.6 um, respectively). Owing
to the difference in densities, and hence the degree of porosity by association, samples A and B are

referred to as the “high porosity suite”, and samples C and D referred to as the “low porosity suite”.
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Figure 5.3: Top panel: Measured density of Li;TiOs pellets (A), (B), (C) and (D) as a function of
sintering duration, in hours. Bottom panel: Mean average grain size measured from the longest
dimension of 450 grains per sample observed in 2D secondary electron SEM micrographs. *Note

the log scale, used to highlight difference in grain size of 900 °C suite, samples (A) and (B).

Figure 5.4 shows normalised XRD patterns obtained from the polished and thermally etched surfaces

of the sintered pellets. Phase analysis carried out using the ICDD PDF-4+ database showed that the
structure indexed well to the monoclinic B-LiTiOs structure reported by Kataoka et al. [66] (ICDD PDF

no. 01-077-8280). Only peaks consistent with this structure were observed in the diffraction patterns
of all samples; hence, diffraction patterns were indexed according to this structure using space group
C2/c and lattice parameters a = 5.0623(5) A, b = 8.7876(9) A, ¢ = 9.7533(15) A, and 8 = 100.212(11)°
as reported by Kataoka et al.. It is noted that some peaks are entirely absent or unresolvable in the
diffraction patterns of samples sintered at 900 °C (specifically (021) (023) (112) and (112) peaks), and
some variation in relative peak intensities (i.e. inversion of (020) and (110) peaks, and loss of
resolution of (111), (111) and (022) peaks) exists between samples sintered at different
temperatures. Deviation from the ideal structure is apparently reduced with increased sintering
temperature. Very similar peak broadening, loss of resolution and inversion of relative peak
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intensities has been reported by Boulineau et al. in the crystalographically analogous material
Li2MnO3 [67]; they ascribe these observations to cation disorder and the presence of stacking faults.
Hence we propose that cation disorder (Li/Ti exchange) and the presence of stacking faults is likely
to be largely responsible for the deviation of Li>TiO3 from the structure reported by Kataoka et al.
particularly in the case of samples sintered at lower temperature where the thermal energy supplied

may be insufficient to form the ideal, fully ordered structure.
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Figure 5.4: Bottom: XRD patterns of Li,TiOs pellets sintered under different conditions. Indexed
according to ICDD PDF no. 01-077-8280 [63, 66]. Lowermost pattern (shown in black) simulated from
[66] (generated using CrystalDiffract® [68]), tick marks correspond to indexed peaks, some hkl labels
omitted for clarity. Top: Expanded view of 19-36 ° 26 range showing inversion of (020) and (110) peak
intensity and loss of low angle peak resolution in samples sintered at lower temperature.
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Electron beam induced damage — effect of exposure time

High porosity sample A (smallest grains, sintered at 900°C for 3 hours), was used to investigate the
effect of electron beam exposure time on polycrystalline Li;TiOs. Figure 5.5 shows the formation and
growth of defects in Li;TiO3z under a 300 kV TEM electron beam at ambient temperature as a function
of exposure time. We define the “pristine” image in Figure 5.5 as being taken from a region of the
sample which had only been exposed to the electron beam for the time it took to set the eucentric
height and take the through-focal-series. In order to achieve this, the standard TEM calibration
process was carried out on a different region of the sample. Vacancy-type defects were identified by
analysis of bright-field through-focal-series micrographs according to the observation of the change
in contrast of Fresnel fringes upon defocussing the objective lens. Inspection of the live video
[Supplementary file 2], taken in under-focus condition during electron beam exposure, revealed the
appearance of very small (~1 nm) bright features after approximately 6 to 7 minutes of exposure to
the electron beam. After 10 minutes’ beam exposure time, a distinct change in contrast of the Fresnel
fringes around these features was observed in through-focal-series micrographs (shown inset in

Figure 5.5), indicative of vacancy-type defects.
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(A) Pristine

Figure 5.5: Under-focused bright field TEM micrographs of Li,;TiOs (sample A) taken at 10 minute

intervals, with the corresponding through-focal-series inset. The contrast change observed in the

under-focused (U), in-focus (F) and over-focused (O) micrographs is characteristic of vacancy-type

defects.

As shown in Figure 5.5, the vacancy-type defects appear to nucleate relatively uniformly throughout
the region observed, and increase in size with increasing electron beam exposure time. The defects
exhibited irregular, non-spherical morphology, with rounded (as opposed to angular) edges in most
cases. Non-spherical cavities attributed to the effects of ion irradiation have been observed to form
in other oxide ceramics; for example in the work of Zinkle et al. [69], irregularly shaped cavities were
found to form in the vicinity of dislocation loops in H* implanted Al;Os, and in H* implanted MgAl,04
where no distinct relationship between cavity morphology and the crystallographic orientation of the

matrix material was identified.

Individual defect sizes were measured across the longest available dimension with well resolved

fringes on opposing edges. Figure 5.6 shows the mean average defect size (calculated from 50 defects
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per image) observed in Li;TiOs measured at 10 minute intervals of beam exposure, and the
corresponding mean average number density observed in three 25 x 25 nm (625 nm?) areas. Error
bars represent the standard error of the mean in the case of defect size, and the range over three
areas in the case of number density. The mean average defect size was found to increase from ~1.4
nm after 10 minutes of beam exposure time, to ~2.3 nm after 120 minutes of beam exposure time.
The most significant defect growth occurred in the first 40 minutes of electron beam exposure, where
a near-linear increase in defect size was observed. Beyond 40 minutes of beam exposure the rate of
defect growth was observed to decrease; mean average defect size was shown to stabilise after ~60
minutes, after which time the defect size was found to remain constant up to 120 minutes of beam

exposure within the error associated with measurements.
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Figure 5.6: Mean average defect size and defect number density observed in Li;TiO3 (sample A) as a
function of electron beam exposure time.

A concurrent decrease in defect number density was observed with defect growth; an approximately

inverse relationship exists, characteristic of a coarsening process. During the first 40 minutes of

exposure to the electron beam, where the highest rate of defect growth was observed, defect

number density was shown to decrease rapidly from ~100 defects to ~60 defects per 625 nm? area,

confirming that defect growth was accompanied by coarsening.

No TEM resolvable vacancy-type defects were observed regions of the sample far removed from the
area that had been under irradiation. Since no vacancy-type defects were resolvable in the pristine

specimen, nor in areas of the specimen which had not been previously exposed to the electron beam,
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we conclude that these defects form as a direct result of exposure to the TEM electron beam. Next
we will describe and discuss potential damage mechanisms that gave rise to the observed defect

formation.

Electron beam damage can be broadly split into three categories, namely radiolysis (ionisation

effects), knock-on damage (atomic displacement due to ballistic collisions) and beam heating.

Beam heating

Beam heating may occur due to inelastic interactions of beam electrons with the atomic electrons of
the specimen. Due to the similar mass of the particles (electrons) involved in such interactions, a
significant amount of energy can be transferred to atomic electrons; this energy may be dissipated

in the form of heat, resulting in a localised increase in specimen temperature [70].

Building on the work of Fischer [71], Jencic et al. [72] developed an equation (Eq. (3) below) designed

to estimate the maximum rise in local specimen temperature, AT, induced by a TEM electron beam:

o7 = Z()m(E) o

Where | is the primary beam current, k is the thermal conductivity of the specimen material, e is the
charge on an electron, b is the radius of the heat sink (1.5 mm for a TEM specimen 3mm in diameter)
and rp is the radius of the primary beam (estimated to be between 1.5 um and 2.5um in this work).
AE is the total energy loss for a single electron over a distance d (sample thickness). According to
Jenci¢ et al. [72], and later Edmondson et. al. [73], assuming the beam energy loss is constant
throughout the sample, and negligibly small compared to the incident beam energy, the AE/d term
in equation (3) can be substituted for the rate of energy loss by beam electrons (-dE / dx) due to
interactions with atomic electrons. This can be calculated using the Bethe-Bloch formula, which, for
electrons (including corrections for relativistic effects) is shown in Eq. (4). Note that the expression
given by Jenci¢ et al. [72] requires that the density (p) of the specimen material is input in atoms m-3
to yield the correct result if all other input values are in SI units; here, Na and A terms have been

added to Eq. (4) such that if all input values are in Sl units, the equation yields an output in J m™ [72]:

N (i)z In (E(E;TOC i ) +(1+p)-(2-J1-BZ—1+p2)n2

dx myv2A \4me, + %(1 B \/1__132) (4)
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Here Z p and A are respectively the average atomic number, density (in kg m=3), and molar mass (in
kg mol?) of the specimen material, Na is the Avogadro constant, my is the rest mass of an electron,
and v is the electron velocity. e is the charge on an electron, &, is the vacuum permittivity, E is the
primary beam energy, c is the speed of light in a vacuum, 8 = v/c, and /. is the average excitation
energy for electrons in the specimen material. v can be calculated according to equation (5) [74]
where Vis the accelerating voltage. A close approximation for /. can be calculated from the weighted
sum of the electron excitation of the elements from which specimen material is composed using

Bragg’s rule of additivity [75] (Eq. (6)):

N[

(5)

Ziniziln(lei)) (6)

Ie (Compound) = exp( YiniZ;

Where, in Eq. (6), n; is the number of atoms of element i per formula unit in the specimen material,

Ziis the atomic number of element i, and /i is the mean excitation energy for electrons in element .

As a brief aside, it is noted that there appears to be a printing error with respect to the Bethe-Bloch
formula detailed in the paper by Edmondson et al. [74], where the exponent of the (e? / 4rte;)? term
appears to be missing. Itis also noted that, in the same paper, the goterm is described as the dielectric
constant as opposed to the vacuum permittivity; indeed, values of the dielectric constants of the
materials with which the paper is concerned are listed in the corresponding table. Permittivity has
units of F m™ (*or C? s? kg* m3), which are required for Eq. (4) to yield an output in terms of energy
per unit distance (J m™ in Sl); since the dielectric constant is a unitless ratio of the permittivity of a
material relative to that of a vacuum, its use in place of the vacuum permittivity in Eqg. (4) is not
appropriate. While the use of the permittivity of the specimen material in place of the vacuum
permittivity would yield an output in terms of energy per unit distance, the value of —dE/dx obtained
for the materials concerned would differ significantly from the values quoted (more than an order of
magnitude at 200 keV). It is also noted that, for silicon at 200 keV, the value of —dE/dx calculated
using Eq. (4) (for comparison purposes only) was in good agreement with that reported by Jencic et
al., but the values quoted by Edmondson et al. could not be obtained (differing by approximately a

factor of two).
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The thermal conductivity of a polycrystalline material is known to vary with porosity and grain size.
Small grain size may reduce thermal conductivity due to increased phonon scattering at grain
boundaries in cases where the mean free path of phonon scattering is less than the grain size [76].
The effect of porosity on the thermal conductivity of Li,TiOs has been reported by Saito el al. [76] and
Gierszewski [77]; both of whom provide equations, derived from experimental data, which allow the
thermal conductivity of Li;TiOs of a known porosity to be estimated. In this work, since the
temperature rise induced by electron beam heating is inversely proportional to thermal conductivity,
the equation given by Gierszewski [77] (Eg. (7)) was used, simply because it yielded the lesser of the

two values obtained.
k= (1-P)?9[5.35—(4.78 x 1073T) + (2.87 x 107°T?)] (7)

Where « is the thermal conductivity, P is the porosity of the sample as a proportion of its theoretical

density (1 — [measured density / theoretical density]), and T is the sample temperature.

In order to determine whether beam heating was likely to have contributed to the observed cavity
formation and growth in Li;TiOs under the TEM electron beam, the maximum local temperature
increase due to beam heating was calculated for Li;TiO3 using equation (3). The primary beam current
was recorded as 55 nA at the specimen position, the minimum beam radius was estimated to be 1.5
um. The thermal conductivity of the highest porosity specimen at 300 K (~27 °C) was estimated using
equation (7). AE/d was substituted for —dE/dx, which was calculated using equation (4). With respect
to equation (4), the input value of l. was calculated according to equation (6) using the elemental
electron excitation energies reported by Seltzer et al. [75], and the theoretical density of Li,TiO3 [78]
was used as the input value for p as this yields the maximum value of —dE/dx, which in turn yielded
the maximum value of AT. It is also valid to use the theoretical density in the calculation of —dE/dx
since regions of “porosity” in a thin film TEM sample are effectively empty space, as such no energy
is deposited in the pores; whereas the sample grains themselves (where energy is deposited by the
beam) are likely to exhibit densities close to the theoretical maximum. The results are summarised

in Table 5.2.
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Table 5.2: Energy loss of primary beam electrons (-dE/dx) and the corresponding maximum
temperature rise (AT) attributable to electron beam heating effects in Li,TiOs. Key parameters used
in calculations are included.

Material | Z P (*Theoretical) | E le -dE / dx | P K AT
/gcm?3 /keV [ /eV | /eVvnm? | /nA JWmiK?! | /K
Li>TiOs 8.6 |3.43 300 132 | 0.115 55 0.35 | 1.2 11.6

The results of beam heating calculations show that the maximum local temperature rise in Li;TiO3
attributable to possible beam heating effects under the conditions employed here was approximately
12 °C. Hence it is concluded that the effects of beam heating on defect aggregation and subsequent
cavity formation in Li,TiOs under electron irradiation were negligible under the conditions employed
here, since the maximum temperature rise induced by the TEM electron beam was insignificant in

terms of the possible enhancement of defect mobility.

Radiolysis

Displacement damage however, often manifests itself in the form of vacancy clusters [79]; as such, it
is probable that displacement damage is responsible for the formation of vacancy-type defects

observed in Li;TiOs under electron irradiation in a TEM.

Displacement damage can occur directly, as a result of elastic collisions of incident electrons with
atomic nuclei, or indirectly as a result of radiolysis due to inelastic interactions with atomic electrons.
In the case of the latter, electronic excitations and/or complete ionisation can lead to the production
of exciton states and subsequent bond cleavage [80, 81]; examples of inorganic materials which
exhibit radiolytic displacement damage mechanisms include alkali halides [43-45], alkaline earth
fluorides [47, 48] and silicates [49, 50]. For displacement to occur via radiolysis, a sufficiently localised
excitation of energy greater than the threshold displacement energy (Eq) and sufficient excitation
lifetime (>1 ps) must be induced, and a mechanism for the conversion of excitation energy to
momentum must exist [42]. One such mechanism was proposed by Knotek and Fiebelman [82] to
explain the phenomenon of electron stimulated desorption of oxygen form maximum valency ionic
compounds (where the cation is ionised to its maximum oxidation state such that its outer electron

shell is nominally empty). According to this mechanism, externally induced electronic excitation (i.e.
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by an electron beam) resulting in ionisation of a core electron of the cation results in an inter-atomic
Auger process whereby the core electron hole on the cation is filled by a valence electron from a
neighbouring oxygen anion. The energy released in this decay process is transferred to other
electrons in the oxygen anion, resulting in Auger emission of one or two Auger electrons; thus, Auger
decays can remove sufficient electrons from oxygen anions to render them positively charged. The
resulting Coulombic repulsion between positively charged oxygen ions and surrounding metal cations

subsequently leads to displacement (or desorption if located at the surface) of the oxygen ion.

It is not clear from the current literature whether such a mechanism exists in Li,TiOs to efficiently
convert the energy released as a result of the decay of electronic excitations into sufficient
momentum to induce displacement. However, owing toits relatively low electronic conductivity (~10°
6S cm™ [83, 84]) and the wide band gap responsible for its dielectric properties (reported as 3.49 eV
by Wan et al. [85]) Li,TiOs may satisfy all of the other criteria for radiolytic displacement; as such

radiolysis cannot be ruled out as a possible cause of displacement damage in this case.

Knock-on damage

For knock-on displacement to occur, the kinetic energy transferred to the lattice atom by incident
electrons must be sufficient to exceed the displacement energy (Eq); thus, if the maximum possible
kinetic energy transfer to lattice atoms exceeds Eq4, lattice atoms can be permanently displaced.
Several different models exist which describe the maximum kinetic energy transfer from electrons to
lattice atoms; commonly used models include an equation given by Hobbs [80] (Eq. (8)), the Sonder
and Sibley equation [86] (Eq. (9)), the expression given by Lehmann [87] (Eg. (10)) and the binary
collision model (Eq. 11). It is noted that, while the Hobbs, and Sonder and Sibley equations were
derived experimentally, the binary collision model is based on ion-solid interactions using a hard-
sphere approximation and as such is not strictly valid for interactions involving relativistic particles
such as electrons. Nonetheless the binary collision model is still occasionally utilised with respect to

electron-solid interactions [88].

5(20E+10)2-100

Thax = -4 (8)
2147.7E(E+1.002

Tnax = S4 ) (9)
2E(E+2mc?

Tnax = % (10)
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4M
Trax = E s (11)

Where Tmax is the maximum energy transferred (in eV) to a lattice atom of relative atomic mass A or
mass M (in amu), by an electron of mass m (in amu). c is the speed of light in a vacuum (in ms!), and
E is the primary beam energy (in MeV for equations (8) and (9), and eV for equations (10) and (11)).
With respect to equations (10) and (11), in order to account for relativistic effects due to electron

velocities in excess of 0.5¢, the electron mass should be adjusted according to the equation [73]:
m = Nymg(1+ Ve/myc?) (12)

where mg is the rest mass of the electron (in kg), V is the accelerating voltage (in V), and Na is the

Avogadro constant, to yield the relativistic mass of the electron, m (in amu).

The maximum kinetic energy transferred to lattice atoms in Li>TiO3 by 300 keV electrons, calculated

from each model, are given in Table 5.3.

Table 5.3: Maximum kinetic energy transfer to lattice atoms (Li, Ti and Q) in Li;TiO3 by 300 keV
electrons. Calculated according to equations (8) - (11).

Maximum Kinetic Energy Transfer / eV
Displacement
Lattice Hobbs' Sonder and Sibley Lehmann Binary collision Energy (Eq) / eV
atom (Eq. 8) (Eq. 9) (Eq. 10) (Eg. 11) (Fischer et al. [71])
o 73.75 52.43 65.31 65.30 23
Li 170.00 120.86 150.54 150.51 45
Ti 24.65 17.53 21.83 21.83 76

By comparing the calculated maximum kinetic energy transfer to the displacement threshold
energies for each atom (Li, O and Ti), as reported by Fischer et al. [71], it can be concluded that,
regardless of the model employed, sufficient energy is transferred to lattice atoms in Li;TiO3 by
incident electrons to displace both lithium and oxygen atoms from their respective lattice sites at an
operating voltage of 300 kV. Conversely, insufficient energy is transferred to titanium lattice atoms
to induce displacement. Hence we propose that the vacancy-type defects observed in Li;TiO3 after
electron irradiation in a TEM arise as a result of irradiation damage associated with the displacement

of lithium and oxygen atoms.
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Using the maximum kinetic energy transfer given by the above equations, the displacement cross
section (i.e. the probability of a displacement event) for a direct interaction between incident
electrons and lattice atoms can be estimated using the McKinley-Feshbach approximation [89] to the
Mott expression [90]. A detailed explanation of how Eq. (14) is attained from the integral shown in

Eqg. (13) using this approximation can be found in the review by Reyes-Gasga et al. [91].

04 = J,"* P4(T)a(T, E)dT. (13)

o0 = e (Spett)” 287 (e )+ g o (2) ™ - 1] - i (B - poin (22)] aa

The displacement cross section, ag, is obtained by integrating the product of o(T, E) (the cross section
for energy transfer T for an electron of energy E), and the probability of a displacement event due to
the energy transferred, P4 (T), over all possible values as per Eq. (13). For direct interaction only (i.e.
not including cascade effects) the maximum and minimum limits of Eq. (13) become Tmax and Eqg
respectively, and the P4 (T) term has the conditions: (i) P4(T)=0if T < Eq, and (ii) P4(T)= 1 if E4< T <
Tmax. 0 (T, E) is given by the McKinley-Freshbach approximation to the Mott expression to yield Eq.
(14), where Z is the atomic number of the displaced nucleus, E4 is the corresponding displacement
energy, ao is the Bohr radius, Ur the Rydberg energy (in J), a = Z/137, and B = v/c where v is the

velocity of incident electrons. v can be calculated according to equation (5).

The displacement cross sections for direct interaction between incident 300 keV electrons and
constituent lattice atoms in Li;TiOs, calculated using the maximum kinetic energy transfer
corresponding to each of the previously detailed models, are shown in Table 5.4. Note that while
values for the direct interaction cross section of titanium have been included for completeness, the
value stated corresponds to the cross section for energy transfer only as opposed to displacement
since insufficient energy is transferred to titanium lattice atoms to induce displacement from it’s
lattice site; as such the displacement cross section for titanium is in fact zero as the P4(T) term in Eq.

(13) is always equal to zero.
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Table 5.4: Displacement cross sections for Li, Ti and O lattice atoms in Li>TiOs calculated using
different models for Tmax Using Eq. (14). *Note that in the case of Ti, the value stated corresponds to
the cross section for energy transfer only as insufficient energy is transferred to induce
displacement.

Displacement cross section for direct interaction a4 / Barns

Lattice (off (off Od Od

atom (Tmax Hobbs) (Tmax Sonder and Sibley) (Tmax Lehmann) (Tmax Binary collision)

O (o4) 27.25 14.13 21.90 21.90
Li (odq) 4.92 2.71 4.02 4.02
*Ti (oq) 14.12 37.27 21.70 21.71

Regardless of which model of kinetic energy transfer is used, the estimated displacement cross
section for oxygen is consistently larger than that of lithium due to the relationship between atomic
number, Z, and displacement cross section. This indicates that oxygen atom displacements are likely
to occur more frequently than those of lithium atoms when exposed to the TEM electron beam under
the conditions employed here. However, it is also noted that these approximations provide only an
indication of the probability of displacement, and are not necessarily indicative of the defect
concentration per incident electron since they do not account for recombination. Since there are
three oxygen sites for every two lithium sites in Li;TiOs, a greater proportion of oxygen sites are
available for recombination of oxygen Frenkel defects than those of lithium; thus the probability of
oxygen defect recombination is greater than that of lithium defect recombination. As such, it not
necessarily the case that the contribution of lithium defects to the observed vacancy-type defect

formation and growth is lesser than that of oxygen defects.

Radiation induced cavity growth

Regarding the mechanisms of radiation induced cavity growth, one long-standing theory is that,
following initial displacement and the associated formation of a Frenkel pair, interstitial defects are
preferentially absorbed at dislocations due to the high elastic strains associated with self-interstitial
atoms [29]. This results in vacancy supersaturation, and a net vacancy flow to vacancy clusters, which
are relatively unstrained. Indeed, an atomic scale HRTEM experiment by Xu et al. [26] unequivocally
showed the nucleation and growth of voids in the vicinity of self-interstitial atom (SIA) loops in Mg

under electron irradiation. Void nucleation in this case was attributed to vacancy supersaturation
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adjacent to SIA loops which acted as biased sinks for interstitial atoms. However, since no resolvable
dislocations were observed in any of the Li,TiOs samples studied here, and cavity growth was shown
to occur across the entire area illuminated by the electron beam, an alternative mechanism is likely

to be dominant.

The thermal migration energy of interstitials is generally significantly lower than that of vacancies in
oxide ceramics [92]. Hence, mobile interstitial atoms migrate to the free surface of the TEM foil more
readily than vacancies. Free surfaces act as efficient sinks for defects. Additionally, since surface
atoms are not fully coordinated, and need only be supplied with sufficient energy to break the
remaining bonds in order to be displaced, whereas bulk atoms must additionally receive sufficient
energy to (i) break all bonds, and (ii) form a stable Frenkel pair [93]; the displacement energy of atoms
at the surface is significantly lower than that of bulk lattice atoms. As such, surface interstitials are
readily lost due to sputtering. To compound this effect, lithium is known to be volatile and as such
may be lost to surface evaporation under the influence of the electron beam. This preferential loss
of interstitial defects at the sample surface leaves behind an excess vacancy concentration.
Subsequent migration of single vacancies and small vacancy clusters by a combination of thermal and
ballistically induced processes results in a net vacancy flux to larger, less mobile clusters, leading to

cavity growth.

As part of a computational modelling study designed to investigate point defect processes and
lithium diffusion, Kuganathan et al. [94] evaluated the formation energies of intrinsic defects in
Li,TiOs by comparing a defective crystal to an ideal, non-defective, crystal (the defect formation
parameters of which are interconnected by thermodynamic relations) using atomistic simulations.
They reported that the defect formation energy for intrinsic Li Frenkel defects is significantly lower
than that of oxygen Frenkel defects in Li,TiO3 under thermal equilibrium conditions. The presence of
lithium vacancies is also believed to facilitate lithium diffusion [95]; hence lithium diffusion is likely
to be enhanced under electron irradiation due to the increased vacancy concentration resulting from
electron beam induced displacement damage. While comparatively few studies have been carried
out on oxygen diffusion, it is likely that oxygen ions are less mobile than lithium ions due to the larger
ionic radius of oxygen anions. Oyaidzu et al. [96] investigated the annihilation of radiation induced
defects during isothermal annealing of neutron irradiated Li,TiOs using Electron Spin Resonance (ESR)
spectroscopy. They reported that defect annihilation consisted primarily of two processes; a fast

process associated with lithium ion diffusion, and a slow process associated with the annihilation of
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oxygen vacancies, with the slower kinetics of the latter process being attributed to low oxygen
diffusivity. In light of these factors, it is likely that the diffusion and subsequent loss of lithium
interstitials at the free surface of the TEM foil (resulting in the increased excess vacancy
concentration responsible for cavity growth) is greater than the loss of oxygen interstitials due to the

faster diffusion kinetics of Li.

Therefore, we propose that, despite possessing a smaller displacement cross section than oxygen,
the contribution of vacancy defects originating from the electron beam induced displacement of
lithium lattice atoms to the nucleation and growth of cavities in Li>TiOs is likely to be greater than

those originating from oxygen displacement.

Following initial nucleation, based on the defect size and number density data presented in Figure
5.6, growth of existing (defined here as TEM resolvable) defects was found to be favoured over the
nucleation of additional defect aggregations at new sites. During the early stages of defect growth, it
is proposed that ongoing displacement events induced by constant electron irradiation provide a net
positive flux of vacancies to the walls of existing defects by Brownian motion. Subsequently,
continued growth in conjunction with the close proximity of defects results in coalescence and the
formation of larger cavities. Note that since the resolvable cavities were found to be largely immobile,
coalescence events are believed to occur primarily as a result of impingement of the walls of
neighbouring cavities on one another during growth, their close proximity negating the need for
significant migration. This phenomenon was most apparent during the first 30 minutes of exposure
to the electron beam, concurrent with the fastest rate of coarsening. Beyond 40 minutes of beam
exposure, both number density and mean defect size began to stabilise as the occurrence of further
coalescence events became less frequent. This is likely to be due to the further reduced mobility of
larger, more stable cavities at ambient temperature, combined with the relatively large number of
additional vacancies which would be required to induce a sufficient volume increase for further
coalescence of larger contiguous cavities to occur without significant migration. Thus, in the absence
of coalescence, further defect growth is abated as the process becomes predominantly reliant on
diffusion of newly created vacancies to existing cavities. A cavity growth mechanism dominated by
coalescence (as opposed to an Ostwald Ripening type mechanism) may also account for the irregular
morphology of larger cavities; according to Muntifering et al. [32] cavity growth by coalescence was
reportedly responsible for the non-spherical morphology of larger cavities in nanocrystalline Ni which

had been implanted with helium and self-ions. Their findings, corroborated by a video recorded
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during in-situ (TEM) annealing experiments, showed that only one side of some cavities expanded to

combine with a neighbouring cavity, resulting in the formation of a larger, non-spherical cavity.

Given that small vacancy clusters readily collapse into dislocation loops or stacking fault tetrahedra
[97-100], the homogeneous nucleation of voids by random coalescence of mobile vacancies is
generally considered unlikely [101]; as such it has long been theorised that the presence of gas atoms
is essential for void / cavity nucleation and subsequent growth [29]. Hence, the fact that electron
beam induced vacancy-type defects in Li;TiOs are observed to nucleate extensively and evolve into
larger cavities (as opposed to collapsing or being absorbed by neutral defect sinks such as grain
boundaries) may indicate the presence of a gaseous species which sufficiently stabilises the internal
free surfaces of small clusters to facilitate growth. Formation of a LiCOs surface layer on Li>TiOs3 due
to exposure to atmospheric air under ambient conditions has been reported previously [57]; based
on the behaviour of other lithium ceramics [58-62] surface reaction at ambient temperature likely
occurs via an LiOH intermediate (resulting from initial reaction of Li,TiOs with atmospheric water)
which subsequently reacts with CO; to form Li,COs. Figure 5.7 shows an X-ray diffraction pattern
obtained from an Li;TiOs pellet that had been exposed to ambient air for a period of several months.
In addition to the peaks corresponding to the expected Li»TiO3 phase, peaks corresponding to Li2CO3
are present. This indicates the presence of a Li,COs3, the formation of which is attributed to the

surface reaction of Li;TiO3 with atmospheric CO..
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Figure 5.7: XRD pattern obtained from an atmospherically exposed Li;TiO3 pellet showing additional
peaks corresponding to the presence of Li,COs in green. Indexed according to ICDD PDF no. 01-087-
0728 [63].
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Since the surface area of TEM specimens is very high, it is feasible that this reaction occurs to a
significant extent during specimen preparation. Lin et al. [102] reported that the LiCOs surface
reaction layer found on lithiated NiO nanosheets rapidly decomposed under the TEM electron beam
during the acquisition of Electron Energy Loss Spectra (EELS). The decomposition of Li,COs is likely to

evolve CO; according to the following reaction:
Li2CO3 (s) > Li,O () + CO3 (g)

Hence it is speculated that CO,, evolved as a result of the decomposition of a LiCO3 surface reaction
layer under electron irradiation, may be responsible for the stabilisation of vacancy-type defects
induced by the electron beam, thus facilitating the nucleation and growth of the observed cavities in

Li>TiOs.

Electron beam induced damage — effect of ceramic microstructure

The effect of ceramic microstructure on electron irradiation induced defect formation and evolution
was studied using the four pellets processed under different conditions as described in the
Microstructure and Phase Analysis section. These processing conditions resulted in the production of
ceramic samples which exhibited different grain sizes and densities, as described in Table 5.1 and
variations in the extent of intrinsic crystallographic disorder attributed to stacking fault
concentrations, as indicated in Figure 5.4. To investigate the effect of grain size and porosity on
electron beam induced damage, thin film TEM specimens with the following grain sizes were
examined, sintering conditions are detailed in brackets: High Porosity Sample A (900 °C, 3 h) 0.58 +
0.11 nm; High Porosity Sample B (900 °C, 6 h) 0.75 + 0.12 nm; Low Porosity Sample C (1000 °C, 2 h),
0.93 +0.12 nm; and Low Porosity Sample D (1100 °C, 6 h), 1.09 + 0.08 nm. Bright field through-focal-
series were taken at 10 minute intervals during the electron beam irradiation, up to a maximum of
30 minutes’ beam exposure time. Figure 5.8 shows under-focussed bright field TEM micrographs of
the samples before and after 30 minutes of exposure to the electron beam, the corresponding
through-focal-series micrographs are inset. It is visually apparent that the specimens sintered at 900
°C (A and B) exhibit a higher concentration of cavities than the analogous specimens sintered at
higher temperatures (C and D), indicating that samples sintered at higher temperature may be less

susceptible to electron beam induced cavity formation.
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Figure 5.8: Under-focussed bright field TEM micrographs showing the difference in the size and
number density of cavities observed in Li>TiO3 ceramics prepared under different conditions, before
(pristine) and after 30 minutes of exposure to a 300kV electron beam at room temperature.
Corresponding through-focal-series inset showing change in contrast in under-focused (U), in-focus
(F) and over-focused (O) micrographs, characteristic of vacancy-type defects.

The size and number density of TEM resolvable vacancy-type defects were determined using the
method described previously. Figure 5.9 shows the mean defect size and number density of electron

beam induced cavities observed in Li;TiO3 specimens sintered under different conditions during the

first 30 minutes of electron beam exposure. In each case, cavity growth and a concurrent decrease
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in number density approximately commensurate with the degree of growth, was observed with
increased electron beam exposure time. This suggests that the coarsening mechanisms proposed in

the previous section are likely to be consistent for all of the samples examined in this study.
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Figure 5.9: Mean average size and number density observed in Li,TiO3 ceramics prepared under
different conditions (sintering conditions: (A): 900 °C, 3 hours; (B): 900 °C, 6 hours; (C): 1000 °C, 2
hours; (D): 1100 °C, 6 hours) after 30 minutes of exposure to a 300 keV electron beam at room
temperature
It is noted that the high porosity sample (B) sintered for the longer of the two durations (900 °C, 6h)
exhibited abnormally large cavities at significantly lower number density after only a short period of
exposure to the electron beam when compared to other specimens. It is suspected that this is due
to a difference in electron beam intensity between this experiment and those of the other specimens.
As condenser lens settings were not explicitly monitored, the beam intensity may have inadvertently

been greater in this case, resulting in accelerated cavity growth and stabilisation of number density

over a shorter time period.

Comparison of the mean size and corresponding number density of cavities observed in the high
porosity sample (A) with the smallest grain size (sintered at 900 °C, 3h), with those observed in the
low porosity specimens with larger grains ((C) sintered at 1000 °C and (D) sintered at 1100 °C) reveals

that sample A exhibited cavities that were both larger, and greater in number density than samples
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C and D. Comparing the low porosity specimens (C and D), mean cavity size was shown to be
comparable, but the sample with the larger of the two grain sizes ((D) sintered at 1100 °C, 6h)
exhibited lower cavity number density. Hence, it is arguable that the microstructural properties of
low porosity and large grain size reduce the susceptibility of Li,TiOs to electron beam induced

damage.

The influence of grain size on radiation induced damage accumulation and recovery has been
investigated for numerous materials; the contrasting results of selected studies which have been

conducted on oxide ceramics are briefly discussed forthwith.

A number of materials have been reported to have superior radiation stability in nanocrystalline form
compared to their larger grained analogues, this effect was first highlighted by Rose et al. [31] who
reported a linear correlation between grain size and defect number density in nanocrystalline ZrO»
in the grain size range 18 - ~70nm, saturation of defect number density was apparently observed in
grains 70 — 100 nm in size. They proposed that, since no resolvable defects were observed in grains
smaller that 15nm, all point defects were absorbed at grain boundaries, which act efficient defect
sinks. Agglomeration of defects in larger grains, leading to cluster formation, was attributed to the
increased diffusion path length to grain boundaries. Enhanced radiation stability in the context of
defect accumulation and amorphisation has also been reported for nanocrystalline MgGa,04 [34],
which was reported to remain crystalline at Kr* fluences approximately a factor of eight higher than
the onset of amorphisation in large grained (~10 um) polycrystalline counterparts; and Gd,Zr,07 [35],
where a lesser proportion of samples consisting of 55 nm grains was reported to have amorphised
than those consisting of 221 nm grains under He* irradiation. Dey et al.[36] reported that larger
grained (220 nm) samples of yttria stabilised zirconia exhibited a higher number density of defects
than those with smaller grains (25 — 38 nm) under Kr* irradiation; adding that both vacancy and
interstitial clusters were observed in larger grained samples, where only vacancy-type defect clusters
were observed in smaller grained samples. They attribute this observation to the preferential
migration of interstitial defects to defect sinks at grain boundaries during the cascade. However,
aside from the increased availability of defect sinks associated with the increased grain boundary
area of smaller grained materials, their irradiation response can also be affected by competing effects
which are detrimental to radiation damage tolerance. High surface energy associated with increased
interfacial area enhances the driving force for structural modifications which reduce the free energy

of the system, such as grain growth and phase transformations, which can reduce radiation stability
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[38]. The highly localised energy deposition resulting from the increased confinement of excited
phonons and electrons in small grains, where the dissipation of energy is impeded due to scattering
at grain boundaries, can result in thermal spikes. In conjunction with the excess free energy of grain
interfaces, these two factors reduce the energy difference between amorphous (disordered) and
crystalline (ordered) states, lowering radiation damage resistance; as proposed by Lu et al. to explain
the amorphisation of nanocrystalline monoclinic ZrO; under U* irradiation [103] when bulk ZrO; with
~ 0.2 um grains could not be amorphised under similar irradiation conditions [104]. Other materials
where larger grain size has been reported to improve radiation tolerance include ZrO;-MgO
composite ceramics [105], where larger grained samples exhibited increased resistance to phase
transitions under Xe* irradiation; and UO, ThO; and CeO; [37], all of which showed increased
volumetric swelling of unit cell parameters in nanocrystalline form (~20 nm grain size) as a result of

Au* irradiation compared to microcrystalline analogues (~2 um grain size).

Here, we propose that the shorter diffusion path length to grain boundaries and free surfaces, which
act as sinks for defects, in the smaller grained specimens of higher porosity (A and B), results in
greater losses of mobile interstitials produced as a result of electron beam induced displacement
damage; thus lowering the probability of the annihilation of Frenkel defects by recombination. This

in turn leads to a greater excess vacancy concentration within grains, facilitating cavity growth.

Preferential cavity formation at the grain boundary, where lattice atoms are less ordered and the
concentration of intrinsic defects is greater, is also apparent in the low porosity specimen with the
largest grains (see Figure 5.8D, marked with an arrow). This may indicate that cavity nucleation occurs

preferentially at existing intrinsic defect sites.

XRD patterns obtained from the ceramic pellets from which the thin film TEM specimens were
prepared (detailed previously, Figure 5.4) imply that the ideal, fully ordered Li,TiOs structure was not
completely formed at the lower end of the sintering temperatures employed. As such the degree of
disorder, and consequently the concentration of intrinsic defect sites, is likely to be greater in
specimens which had been sintered at lower temperatures. Hence, the greater number of sites
available to facilitate cavity nucleation results in increased cavity number density in specimens
sintered at lower temperature. It is therefore proposed that the apparently lesser susceptibility of

Li,TiOs specimens with lower porosity and larger grains to electron beam induced cavity formation
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relative to analogous small grained specimens of high porosity, is due to a combination of

crystallographic and microstructural contributions:

(i) The greater degree of crystallographic order present in specimens sintered at higher temperature
results in fewer intrinsic defect sites to facilitate cavity nucleation, and thus reduced cavity number

density.

(ii) The longer diffusion path to the surface of specimens with larger grains reduces the extent of
interstitial defect losses due to sputtering and evaporation, thereby reducing the excess vacancy

concentration responsible for cavity growth.

The combination of these two factors is believed to be responsible for the observation that electron
beam induced cavities in samples which had been sintered at higher temperature, with larger grains
and lower porosity, exhibit fewer cavities of smaller size than those observed in in smaller grained,

high porosity samples sintered at lower temperature.

Conclusions

We have shown that Li;TiOs is susceptible to beam damage under a conventional 300 keV TEM
electron beam at room temperature. The damage induced by electron irradiation manifests itself as
cavity formation, which is believed to be due to the aggregation of vacancy-type defects introduced
as a result of displacement damage. While radiolytic displacement mechanisms may contribute to
the induced damage, our calculations show that sufficient kinetic energy is transferred from 300 keV
electrons to Li and O lattice atoms in Li,TiOs via elastic interactions to induce their displacement from
equilibrium positions; hence knock-on damage is proposed to be the primary damage mechanism.
The effects of electron beam heating were found to be negligibly small. Cavity nucleation and growth
is proposed to occur as a result of the preferential loss of interstitial defects, introduced as a result
of electron beam induced displacements, from the surface of thin film specimens. Owing to the lesser
thermal migration energy of interstitial defects compared to that of vacancies, it is theorised that the
preferential loss of mobile interstitial defects at the specimen surface leaves behind an excess
vacancy concentration which ultimately leads to vacancy supersaturation and the formation of
vacancy clusters. Following the extensive nucleation in the first few minutes of electron irradiation,
subsequent growth of nucleated clusters into TEM resolvable cavities is attributed to continued

introduction of excess vacancy defects as a result of electron beam induced displacement and
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preferential interstitial losses, resulting in a net influx of vacancies to the walls of vacancy clusters
and small cavities. The initial stages of cavity growth are assumed to occur due to the net positive
flux of excess vacancies, induced by ongoing displacement events and sustained loss of interstitial
defects at the specimen surface under electron irradiation, to the walls of existing cavities by
Brownian motion. The coalescence of contiguous cavities in close proximity as a result of
impingement of the walls of neighbouring cavities on one another is proposed to be the dominant
growth mechanism during subsequent stages of relatively rapid growth and concurrent coarsening,
the rate of which was shown to slow or cease entirely after 40-60 minutes of electron beam exposure
as the supply of vacancies required to facilitate further growth of larger, immobile cavities became

increasingly reliant on Brownian motion of newly created Frenkel defects.

Despite possessing a lesser displacement cross section, the contribution of vacancies originating from
lithium displacement to the total excess vacancy concentration responsible for cavity growth is
speculated to be greater than that of oxygen. This is considered likely due to the combination of the
faster diffusion kinetics of lithium, resulting in a greater extent of lithium interstitial loss at the

surface, and the lesser proportion of available sites for defect recombination.

Cavity nucleation and growth in Li;TiOs under electron irradiation may be facilitated by the stabilising
effect of gaseous CO; produced as a result of the decomposition of an LioCOs surface reaction layer

under the electron beam.

Specimens sintered at higher temperatures, which exhibited low porosity and larger grain size appear
to be less susceptible to electron beam induced cavity formation than analogous high porosity
specimens with smaller grains which had been sintered at lower temperatures. This is attributed to
the former possessing a lesser number of intrinsic defects which may act as cavity nucleation sites,
in conjunction with the lesser degree of interstitial losses from the specimen surface due to the
longer diffusion path to the free surface in specimens with larger grains. These observations suggest
that the properties of low porosity, large grain size and low intrinsic defect concentration may
enhance the resistance of Li,TiOs to electron irradiation damage and associated cavity formation and

growth.

Cavities induced as a result of electron beam damage could easily be misinterpreted as damage and
/ or gas bubble formation induced by external radiation sources during the inspection thereof using

TEM techniques; as such, caution is advised when interpreting the results of such experimental work
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where Li;TiO3 or similar materials are concerned in order to avoid the unintentional reporting of
erroneous findings. Given the proposed mechanism of cavity growth, the effects of electron
irradiation on Li;TiO3 described in this work are likely to be exacerbated in thin film TEM specimens
due to surface effects (i.e. very high surface area to volume ratio); it is also noted that the
mechanisms of neutron damage differ significantly from that which is induced by electrons due to
the significantly greater mass and neutral charge of the former particle. Nonetheless, in light of the
high flux of high energy neutrons to which lithium titanate would be subjected in the breeder blanket
of a working fusion reactor, if the cavity formation and growth observed in this study is indeed
primarily due to a similar mechanism of knock-on displacement damage, further nanoscale
investigation of the radiation tolerance of Li,TiOs and other candidate ceramic breeder materials
should be undertaken such that the composition and microstructural properties thereof can be
tailored in such a way as to mitigate these effects as far as reasonably possible. The accompanying
second part of this publication investigates the effect of temperature on the formation and growth

of electron beam induced cavities in LioTiO3 and the interaction of implanted helium therewith.
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Chapter 6 - Thermal evolution of electron beam induced cavities in Li,TiO; ceramics

Lithium metatitanate has previously been shown to be susceptible to electron beam induced
damage, resulting in the formation of cavities at room temperature (see Chapter 5). The formation
and growth of such cavities is believed to be due to the aggregation of vacancies produced as a result
of displacement damage induced by the TEM electron beam. The mobility of vacancy and interstitial
defects produced as a result of irradiation induced displacement events is known to be enhanced at
elevated temperature; as such, the dynamics of cavity growth under irradiation can be strongly
affected by temperature. In this chapter, the effects of elevated temperature and electron beam
exposure time on cavity growth in Li,TiOs ceramics with different microstructural properties (using

samples with analogous microstructures to those discussed in the previous chapter) are discussed.

6.1 Effect of elevated temperature on electron beam induced cavity growth

An overview of the microstructures of the specific specimens examined in the first half of this
chapter, which is concerned with the growth dynamics of electron beam induced cavities in Li>TiOs
as a function of temperature, is shown in Figure 6.1. The actual grains examined during in-situ
thermal annealing experiments in their pristine state, along with the corresponding grain sizes
measured from TEM micrographs are detailed. Grain size measurements and associated errors were

calculated according to the method described previously.
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A: High porosity (900 °C, 3h)
Constant beam exposure

A’: High porosity (900 °C, 3h)
Minimised beam exposure

B: High porosity (900 °C, 6h)
Minimised beam exposure

Actual size of examined grain:
0.4 um £ 0.1 um

Actual size of examined grain:

0.9 um £ 0.4 um

Actual size of examined grain:
1.2 um 0.4 pm

C: Low porosity (1000 °C, 2h)
Minimised beam exposure

D: Low porosity (1100 °C, 6h)
Minimised beam exposure

Actual size of examined grain:

22um+ 1.2 um

Actual size of examined grain:
6.5 um £ 2.6 um

Figure 6.1: Low-magnification (overview) bright field TEM micrographs showing the specific grains
examined in specimens A-D during in-situ annealing experiments. The corresponding grain sizes,
measured from TEM micrographs, are listed below the respective image. Sintering conditions are

shown in brackets.

Figure 6.2 shows the thermal evolution of electron beam induced cavities in specimen A (high

porosity, smallest grain size) during in-situ thermal annealing under constant electron irradiation by

a 300 keV TEM electron beam.
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Figure 6.2: Bright field TEM micrographs showing the thermal evolution of electron beam induced
cavities during in-situ annealing of Specimen A (high porosity, smallest grain size; sintered at 900 °C,
3h) under constant irradiation by a 300 keV electron beam.

After a short period of exposure to the electron beam (< 5 mins) at room temperature, no resolvable
vacancy-type defects were observed in bright field through focal series micrographs of the pristine
specimen in either under- or over-focus condition. Upon increasing the specimen temperature, small
(<2 nm) bright features became clearly visible in under-focus condition after ~ 20 seconds at 100 °C
(~ 3-4 mins total electron beam exposure time). Initially forming close to the edge of the specimen,

these features were found to nucleate extensively across the bulk of grains in the area illuminated
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by the electron beam over a period of 2-3 minutes. These features were identified as cavities by
inspection of the change in Fresnel contrast (from bright features with dark fringes in under-focus
condition, to dark features with bright fringes in over-focus condition) observed in through focal

series micrographs.

After 10 minutes at 100 °C the mean size of 50 measured cavities was 1.7 + 0.1 nm remaining stable
within the error associated with measurement at 200 °C. Slow growth was observed at 300-400 °C,
where mean cavity size increased by approximately 0.1 nm at each temperature increment. At 500
°C, mean cavity size increased by ~0.3 nm from 1.9 £ 0.1 nm to 2.2 nm £ 0.1nm, possibly indicating
the onset of accelerated growth rate. Above 500 °C significant cavity growth occurred, with mean
cavity size increasing sharply to 3.9 + 0.2 nm and 4.3 + 0.2 nm at 600 °C and 700 °C respectively. At
such temperatures, many of the observed cavities had adopted a more faceted morphology due to
the bounds imposed by the lattice planes of the crystalline matrix between which the cavities are
accommodated. Such faceted morphology supposedly minimises the interfacial energy associated
with voids and cavities more effectively than spherical forms [200]. Above 700 °C cavity growth was
further enhanced, with growth rate increasing at each incremental temperature. The largest increase
in cavity size was observed between 900 °C and the maximum temperature of 1000 °C, indicating
that the fastest rate of cavity growth occurs at the highest temperature, where defect mobility is

highest.

While large cavities up to ~36 nm in size were observed at the maximum temperature in areas of the
specimen which had been exposed to the electron beam, no resolvable cavities were observed at
equivalent temperature in areas of the specimen which had not been illuminated by the electron
beam. This unequivocally shows that the observed cavity formation and growth of cavities in thin
film specimens of Li,TiOs occurs as a direct result of electron beam induced damage, and cannot be

attributed to any peculiarity native to the properties of the material itself.
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Figure 6.3: Mean average cavity size observed in Specimen A under constant irradiation by a 300
keV electron beam: (i) At room temperature (black), and (ii) During in-situ annealing (blue). Anneal
temperature profile is shown in red, dashed blue line represents exponential fit of defect size
during in-situ annealing at temperatures > 300 °C.

Figure 6.3 shows a graphical representation of the mean cavity size of 50 measured cavities as a
function of electron beam exposure time under constant electron irradiation during in-situ annealing
compared to those measured at room temperature. During the first 60 minutes of electron beam
exposure, although the dynamics of cavity growth vary somewhat, the mean size of cavities observed
during thermal annealing up to temperatures of 500 °C was found to be similar to those observed at
room temperature. In both cases cavity growth was observed to be slow during the first 60 minutes
of electron irradiation; as such mean cavity size remains relatively small (< 2.5 nm) regardless of
temperature. However, where at room temperature the majority of cavity growth occurred in the
early stages of exposure to the electron beam (stabilising after ~40 minutes) and mean cavity size
reached a maximum of only 2.3 nm over the entire 120 minutes of electron irradiation; extensive
growth occurred in the later stages of thermal annealing under constant electron irradiation. Mean
cavity size reached 11.2 + 1.1 nm at 1000 °C, almost five times larger than those observed at room
temperature at comparable electron beam exposure time. Closer inspection of the cavity growth
profile revealed that, at temperatures greater than 400 °C, mean cavity size under constant electron
irradiation was shown to increase pseudo-exponentially with temperature (see Figure 6.3
exponential fit, note log y scale). This indicates that the growth of electron beam induced cavities in

Li;TiOs is enhanced at temperatures in excess of 400 °C under constant electron irradiation, and that
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the rate of cavity growth is increasingly accelerated with increasing temperature above this

threshold.

As proposed in the previous chapter, the nucleation and growth of electron beam induced cavities in
Li;TiOs is believed to occur due to the preferential loss of interstitial defects, introduced as a result
of displacement damage, at the specimen surface due to the higher mobility of interstitials compared
to that of vacancies. The preferential loss of interstitials leaves behind an excess vacancy
concentration, which ultimately leads to vacancy supersaturation resulting in cavity formation and

growth.

Enhanced cavity growth at elevated temperature is primarily attributed to the associated increase in
defect mobility, which results in a faster rate of interstitial loss, and therefore increased excess
vacancy concentration. In conjunction with this, the mobility of the corresponding vacancy defects is
also increased, resulting in a higher flux of excess vacancies to the walls of existing cavities; thus

exacerbating cavity growth.
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6.2 Effect of reducing beam exposure during annealing on cavity growth

Figure 6.4 shows the thermal evolution of electron beam induced cavities in Li;TiO3 during in-situ

thermal annealing under minimised exposure to the electron beam.

(A’) Room Temperature m» %] 1(A’) 100 °C St ' (A’) 200 °C
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Figure 6.4: Bright field TEM micrographs showing the thermal evolution of electron beam induced

cavities during in-situ annealing of Specimen A’ (high porosity, smallest grain size; sintered at 900

°C, 3h) under a 300 keV electron beam where electron beam exposure time was minimised (beam
switched off during isothermal dwell time at each incremental temperature).
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The extent of cavity growth was found to be significantly reduced by switching off the TEM electron
beam during the isothermal dwell time at each incremental temperature, thereby reducing the
duration for which the specimen was exposed to the electron beam and thus reducing electron
fluence. It is visually apparent that cavities were consistently smaller throughout the annealing
process than those observed at equivalent temperature under constant electron irradiation. This is
particularly noticeable at intermediate temperatures (500 — 600 °C); growth rate remained slow and
cavities remained relatively small under minimised electron beam exposure, where under constant
electron irradiation cavity growth had significantly accelerated at such temperatures. The onset of
enhanced cavity growth appears delayed under minimised electron beam exposure, where rapid
growth was not observed below 700 °C; at which temperature considerable growth was observed.

Beyond 700 °C cavities continued to increase in size with increasing temperature up to the maximum

of 1000 °C.
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Figure 6.5: Mean average defect size observed at incrementally increasing temperatures during in-
situ annealing. a) Under constant exposure to a 300 keV electron beam (Specimen A), and b) under
minimised exposure to a 300 keV electron beam (Specimen A’).

Figure 6.5 shows a graphical representation of the mean cavity size of 50 measured cavities as a
function of temperature during in-situ annealing under constant electron irradiation compared to
those measured when electron beam exposure was minimised. Concurrent with visual examination
of TEM micrographs, inspection of mean cavity size statistics shows that cavities were found to be
consistently smaller at equivalent temperature throughout the thermal annealing process under

minimised electron beam exposure; showing a clear dependence of cavity size on electron fluence.

131



This is proposed to be primarily due to the reduction in vacancy defect production and thus lowered
excess vacancy concentration associated with reduced electron fluence. Hence the lesser supply of
vacancies results in a reduced flux of vacancies to cavity walls, and cavity growth occurs to a lesser

extent.

The cavity growth profile under minimised electron beam exposure deviates significantly from that
observed under constant electron irradiation. While the measured cavity sizes are similar at
temperatures up to 400 °C, the thermal evolution behaviour of cavities subjected to different doses
of electron irradiation is dramatically different above this temperature. Where cavity growth was
approximately exponential with temperature above 400 °C under constant electron irradiation, when
exposure to the electron beam was minimised the onset of accelerated cavity growth during thermal
annealing was delayed until the specimen reached 700 °C. In this case significant cavity growth
occurred only between 700 °C and 900 °C. The fastest rate of growth was observed at 800 °C, above

which the growth rate slowed at both 900 °C and 1000 °C respectively.

This behaviour can be explained by variations in the factors affecting cavity growth. Two key
temperature dependent factors are the vacancy diffusion coefficient and the equilibrium vacancy
concentration [155]. At low temperature, cavity growth is limited by low defect mobility; hence the
flux of vacancy defects to existing cavities is low, and growth is relatively slow. Additionally, since the
migration energy of vacancies is generally greater than that of interstitials in oxide ceramics [157],
vacancies are less mobile than interstitials. As such, at low temperatures where vacancies remain
relatively immobile, mutual recombination with mobile interstitials may be favoured over the

vacancy aggregation processes, further limiting cavity growth.

The equilibrium vacancy concentration, C2, in a material varies proportionally with temperature, T,

according to the approximate relationship [201]:

CQ « exp (;ED (6.1)
b

Where E]l’ is the vacancy defect formation energy and k,, is the Boltzmann constant. As temperature
increases, the magnitude of the negative exponent decreases, and consequently equilibrium vacancy
concentration increases with temperature. Thus, at high temperature the degree of vacancy
supersaturation is lessened as the thermal equilibrium vacancy concentration approaches the

concentration of electron beam induced (vacancy) defects. Such diminution of supersaturation
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results in a lesser supply of excess vacancies to facilitate cavity growth. Hence, it is proposed that
under minimized electron beam exposure conditions, the introduction of extrinsic defects was
sufficiently lessened for the thermal equilibrium vacancy concentration to become significant,
resulting in retarded cavity growth at high temperature. Emission of vacancies by cavities may also
increase at high temperature, contributing to reduced growth rate by partially counteracting the net
vacancy influx. Hence, the most efficient cavity growth under minimised electron beam exposure was
observed at intermediate temperature (in this case 700 — 900 °C); where vacancies were sufficiently
mobile to allow rapid diffusion to the walls of existing cavies, and the equilibrium vacancy

concentration was sufficiently low to maintain adequate supersaturation to facilitate growth.

The observation that the onset of accelerated cavity growth during thermal annealing was delayed
until the specimen reached 700 °C when exposure to the electron beam was minimised (c.f. 400 -
500 °C under constant electron irradiation) indicates that a threshold vacancy concentration for
efficient cavity growth exists. However, it is noted that this corresponds to a beam exposure time of
~20 minutes at 700 °C; significantly less than the exposure time at which accelerated growth rate was
observed under constant electron irradiation at lower temperature (40-60 minutes). Hence, since a
lesser electron fluence was required to promote efficient cavity growth at higher temperature, it is
concluded that the aforementioned threshold vacancy concentration is temperature dependent. As
such, it is clear that both electron fluence (and thus vacancy defect concentration) and specimen
temperature (defect mobility) contribute to cavity growth dynamics, and the contributions of these

two factors are interdependent.

The observation that cavities were consistently smaller under minimised electron beam exposure
than those observed under constant electron irradiation at equivalent temperature shows that
reducing electron fluence suppresses cavity growth to some extent regardless of specimen
temperature. However, at low temperatures, it is proposed that cavity growth is primarily diffusion
limited, as cavity size was similar up to 400 °C regardless of electron beam exposure time; cavities
also remained significantly smaller at higher dose (>20 minutes’ electron beam exposure time) under
constant electron irradiation at low temperature than those observed at higher temperature and
equivalent dose under minimised electron beam exposure. Accordingly, larger cavities were
observed at equivalent doses at higher temperature; indicating that, beyond a threshold vacancy
concentration required for efficient cavity growth, defect mobility has a greater influence than dose

on cavity growth dynamics. Nonetheless, it was shown that the mean cavity size reached at the
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maximum temperature is dramatically reduced from ~11.2 nm under constant electron irradiation to
~5.4 nm when beam exposure time was reduced; hence it is proposed that, at high temperature
where defect mobility is high, cavity growth is primarily limited by the supply of electron beam
induced vacancy defects (dose limited). Radiation enhanced diffusion of lattice atoms (and
consequently enhanced diffusion the vacancy defects by which atomic diffusion is facilitated) due to
increased point defect concentration [157, 202], and / or ionisation enhanced diffusion - by which
the thermal activation energy input required for diffusion is potentially lowered due to the lower
migration energy of ionised point defects [203] - may also contribute to the earlier onset of enhanced

cavity growth occurring at lower temperatures under constant electron irradiation.

6.3 Effect of ceramic microstructure on the thermal evolution of electron beam induced

cavities during thermal annealing

Figure 6.6, Figure 6.7 and Figure 6.8 show the thermal evolution of electron beam induced cavities in
Li,TiO3 specimens with different microstructural properties (grain size and porosity) under minimised

electron beam exposure.
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Figure 6.6: Bright field TEM micrographs showing the thermal evolution of electron beam induced
cavities during in-situ annealing of Specimen B (high porosity, intermediate grain size [*Grain size:
A’<B<C<D]; sintered at 900 °C, 6h) under a 300 keV electron beam where electron beam exposure
time was minimised (beam switched off during isothermal dwell time at each incremental
temperature).
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Figure 6.7: Bright field TEM micrographs showing the thermal evolution of electron beam induced
cavities during in-situ annealing of Specimen C (low porosity, intermediate grain size [*Grain size:
A’<B<C<D]; sintered at 1000 °C, 2h) under a 300 keV electron beam where electron beam exposure
time was minimised (beam switched off during isothermal dwell time at each incremental
temperature).
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Figure 6.8: Bright field TEM micrographs showing the thermal evolution of electron beam induced
cavities during in-situ annealing of Specimen D (low porosity, largest grain size; sintered at 1100 °C,
6h) under a 300 keV electron beam where electron beam exposure time was minimised (beam
switched off during isothermal dwell time at each incremental temperature).
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The primary purpose of these experiments was to determine the extent of electron beam damage
leading to cavity formation and growth in microstructurally different specimens, such that the effects
of the interactions of the electron beam with microstructurally analogous specimens could be taken
into account in subsequent in-situ helium implantation and thermal annealing experiments, which

will be discussed in Chapter 7.

Figure 6.6 corresponds to Specimen B, which was of similar porosity but larger grain size than that of
Specimen A’ (shown in Figure 6.4). Hereafter, these will be referred to as high porosity specimens.
Figure 6.7 and Figure 6.8 correspond to Specimens C and D respectively, hereafter referred to as low
porosity specimens, which were of lower porosity and larger grain size than that of Specimens A and
B. Note also that the grain size of Specimen D was significantly larger than that of Specimen C; thus

a significant difference in grain size existed within each suite of samples of comparable porosity.

The density, mean average grain size, and actual size of the grains examined during in-situ thermal
annealing experiments (determined by manual density measurements, SEM image analysis, and
analysis of TEM micrographs respectively) are summarised in Table 6.1. Values and associated errors
were calculated according to the methods described in the previous chapter. Further details of

specimen characteristics were presented in in Chapter 4.

Table 6.1: Mean average density and grain size (determined by SEM image analysis and manual
density measurements respectively) of the Li;TiO3 samples shown in Figure 6.4, Figure 6.6, Figure 6.7,
and Figure 6.8, and the actual size of the specific grains examined during electron beam irradiation
(determined from TEM micrographs). Errors quoted were calculated according to Eq. (3.3) for
density, 1 ESD for mean grain size, and half of the range of four measurements across each grain for
actual grain size used in TEM experiments.

Corresponding Sample ID and Density Mean grain size Actual grain size
figure sintering conditions (%TD) (um) from SEM used in TEM
analysis experiments (um)
Figure 6.4 A’ (900 °C, 3 hours) 65+4 0.7+0.3 0904
Figure 6.6 B (900 °C, 6 hours) 67*3 1.0+04 1.2+04
Figure 6.7 C (1000 °C, 2 hours) 8212 1.6+0.8 22+1.2
Figure 6.8 D (1100 °C, 6 hours) 84+2 34126 6.5+2.6

138



Figure 6.9 shows a graphical representation of the mean cavity size of 50 cavities measured from
micrographs of each specimen as a function of temperature during in-situ annealing under minimised
electron beam exposure conditions. For ease of comparison, the data shown in Figure 6.5b is

duplicated in Figure 6.9a.
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Figure 6.9: Mean average defect size and defect number density observed at incrementally
increasing temperatures during in-situ annealing under minimised electron beam exposure. a)
Specimen A’ - high porosity, smallest grain size; b) Specimen B - high porosity, intermediate grain
size; c) Specimen C - low porosity, intermediate grain size; d) Specimen D - low porosity, largest
grain size.

Comparing the size of cavities exhibited in high porosity specimens, prepared from Li,TiOsz ceramic
samples sintered at 900 °C for 3h and 6h (Figure 6.9a and b respectively), cavities were consistently

larger in the larger grained specimen sintered for 6h despite lesser electron beam exposure time. The

electron beam induced cavity growth behaviour exhibited by this specimen type was also shown to
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be somewhat anomalous at room temperature (see Chapter 4). The reason for this remains

unknown.

Although no resolvable cavities were observed at 100°C, the mean size and growth profile of cavities
in the low porosity specimen with the smaller of the two grain sizes, prepared from an Li»TiO3 ceramic
sample sintered at 1000 °C for 2h (Figure 6.9c), was remarkably similar to that of the high porosity
specimen with the smallest grains (sintered at 900 °C for 3h, Figure 6.9a) at annealing temperatures
of 200 °C - 600°C. In this temperature range cavity growth was relatively slow and cavities remained
small, mean cavity size increased by only ~0.5 nm (from ~1.7 nm to ~2.2 nm). Although cavity growth
was enhanced between 700 °C and 900 °C, which is proposed to be due mainly to enhanced defect
mobility at such temperatures, the extent of growth was found to be less than that of the high
porosity specimen with the smallest grains. It is probable that this is due to the slightly reduced
electron beam exposure time in this temperature interval, in conjunction with the longer diffusion
path required for interstitial defects to escape the specimen surface in the case of the low porosity
specimen with larger grains, resulting in a reduction in the excess vacancy concentration responsible
for cavity growth. Interestingly, the rate of cavity growth did not slow between 900 °C and 1000 °C
in the low porosity specimen sintered at 1000 °C for 2h as it did in the high porosity specimen sintered
at 900 °C for 3h; as a result, the mean cavity sizes at 1000 °C were similar (5.6 nm and 5.4 nm
respectively) despite the former exhibiting slower growth at intermediate temperatures. This could
be attributed to the lesser degree of vacancy defect loss to unbiased sinks at grain boundaries in
specimens with larger grains; the result being that a higher vacancy excess, and thus a greater net
influx of vacancies to existing cavities, is maintained despite increased equilibrium vacancy

concentration at higher temperatures.

In contrast, the cavity growth dynamics of the low porosity specimen with the largest grain size,
prepared from an Li;TiO3 ceramic sample sintered at 1100 °C for 6h, differ significantly from those
exhibited by the other specimens investigated. Visual inspection of TEM micrographs (Figure 6.8) in
conjunction with mean cavity size statistics (Figure 6.9c) reveals that some resolvable cavity
formation was apparent at 100 °C — 200 °C, and measurable growth was observed at 300 °C (from 1.2
nm to 1.8 nm). A concurrent decrease in cavity number density was observed with cavity growth up
to 300 °C, indicative of a coarsening process similar to that observed in other specimens. However,
despite being subjected to the longest duration of electron beam exposure experienced by any of

the specimens (at equivalent temperatures), mean cavity size reached a maximum at 300 °C, above
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which cavity shrinkage occurred in the 400 °C — 600 °C temperature range. The observed shrinkage
was accompanied by the continued reduction of cavity number density, indicating that some cavities
had annealed out entirely. This was particularly apparent at 500 °C — 600 °C, at which temperature
damage recovery processes resulting in the shrinkage and annihilation of cavities appear to outweigh
further cavity nucleation and growth. Void shrinkage can be attributed to (i) a net absorption of
interstitials by voids, (ii) the emission of vacancies by voids, or a combination of these two factors
[204]. In this case, it is proposed that the longer diffusion path for interstitials to reach sinks at grain
boundaries or escape from the surface of the specimen with the largest grains also results in a
reduction of the extent of the preferential loss of interstitials, which in turn increases the probability
of vacancy-interstitial recombination and thus reduces the excess vacancy concentration responsible
for cavity formation and growth. The influence of the increased diffusion path length to surfaces /
grain boundaries on excess vacancy concentration may be more significant at elevated temperature

where defect mobility is enhanced.

The rate of thermal vacancy emission (Rv) from voids or cavities increases with temperature (T),

and can be described by [155]:

_ DyCY 20y

R,, p [1 —exp (m)] Eqg. (6.2)

Where D,, and CJ are vacancy diffusivity and thermal equilibrium concentration respectively, R is the
cavity radius, Q is atomic volume and y is the free surface energy. Hence it is suggested that cavity

shrinkage at temperatures above 300 °C is due to a combination of two factors:

(i) The thermal equilibrium vacancy concentration (see eq. (6.1)) is sufficiently high to
suppress further cavity growth in this specimen as the processes responsible for excess
vacancy production are likely to be less efficient in specimens with large grains.

(ii) Increased thermal emission of vacancies from existing cavities and their subsequent
diffusion away from the cavity where they may be accommodated in the bulk due to

increased equilibrium vacancy concentration at elevated temperature.

Note from Eq. (6.2) that the rate of thermal emission of vacancies from voids or cavities is greater for
cavities of smaller radius. Given the proposed reduction in excess vacancy concentration in the bulk

of larger grained specimens due to the increased probability of defect recombination, it is feasible
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that the rate of vacancy emission from existing small cavities at elevated temperature outweighs the

influx of excess vacancies to cavity walls; resulting in the shrinkage and dissolution of cavities.

The observation of damage recovery in the form of cavity shrinkage in the 400 °C — 600°C
temperature range, in conjunction with the relatively low number density of smaller cavities
exhibited by the largest grained, low porosity specimen at 600 °C, indicates that this specimen is the

most resistant to electron beam induced cavity formation, particularly at intermediate temperatures.

Unfortunately, mechanical failure of the thin film specimen at 700 °C forced the examination of an
area which had not previously been illuminated by the electron beam at temperatures of 700 °C and
above. No resolvable defects were observed at 700 °C and 800 °C (3 minutes and 4 minutes electron
beam exposure time respectively). Sparingly resolvable defects were observed at 900 °C after ~6
minutes of electron beam exposure. Where significantly enhanced growth was observed in the other
specimen types studied at such temperatures, minimal cavity growth of only 0.3 nm (from 1.3 nm to
1.6 nm) was observed in this specimen on increasing the temperature to 1000 °C and exposure time
to 8 minutes. This is likely to be due to the reduced electron fluence (dose) experienced by this area
of the specimen owing to the earlier mechanical failure; as such, the excess vacancy concentration
responsible for cavity growth had not been previously allowed to build up at lower temperature, and
hence the supply of vacancies to cavity walls was insufficient for efficient growth to occur despite the
high temperatures. Notably however, the number density of resolvable defects observed at 900 °C —
1000 °C was approximately half that of defects observed at low temperature at approximately
equivalent electron exposure time. This suggests that Li,TiO3 exhibits a greater resistance to electron
beam induced damage when the associated electron irradiation is carried out at high temperature.
The apparently lesser susceptibility of Li,TiOs to electron beam induced cavity formation when
irradiated at high temperature is proposed to be due to the higher recombination rate of electron
beam induced Frenkel pairs at elevated temperature due to increased defect mobility; hence the
excess vacancy concentration responsible for cavity growth builds up to a lesser extent and the extent

of cavity formation and growth is reduced.

6.4 Possible influence of CO, release on cavity growth

It has long been established that the presence of gas atoms is considered essential for void/cavity
nucleation and growth [18, 21, 22]. The presence of gas atoms reduces the surface energy associated

with vacancy clusters, voids and cavities [145]; thereby stabilising the internal surfaces, in turn
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preventing the collapse of small voids into dislocation loops and facilitating growth. Void number
density has been reported to increase with gas concentration in irradiated metals, indicating that the
gas acts as an efficient nucleating agent [146]. In addition to aiding nucleation, void embryos
containing a sufficient quantity of gas have been reported to experience preferential growth, where
void number density was significantly reduced or entirely absent in degassed specimens of the same
material [145]. Once nucleated, growth of existing voids and cavities is generally believed to occur by
the absorption of vacancies and gas atoms [18, 23]; the extent of (volumetric) growth is primarily
dictated by the supply of vacancies, the net absorption of which may be driven by the internal
pressure of the stabilising gas [147]. The pressure exerted by gases contained within cavities may
also serve to reduce the thermal emission of vacancies [140], which would otherwise counter the net

influx of vacancies responsible for cavity growth to a greater extent.

Li;TiOs3 is known to absorb atmospheric water and CO, at room temperature, resulting in the
formation of a Li;COs surface layer [205]. Evidence of Li,COs formation due to the reaction of the
Li;TiOs pellets used in this work with atmospheric CO, was shown previously in the XRD pattern
obtained from a pellet which had been deliberately exposed to atmospheric air for a long period (see
Figure 5.7, Chapter 5). While all specimens used in TEM experiments, and the pellets from which
they were prepared, were stored under inert (dry argon) atmosphere in order to minimise
atmospheric exposure as far as reasonably possible, some degree of surface reaction during sample
preparation was inevitable. The results of thermal desorption spectroscopy (TDS) experiments
designed to identify the gaseous species evolved from the pristine Li,;TiO3 samples used in this work

as a function of temperature are shown in Figure 6.10.
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Figure 6.10: TDS spectra showing H,0, OH and CO; release profiles obtained from “pristine” Li,TiOs
pellets sintered under different conditions as a function of temperature (using a constant heating
rate of 10 °C min-1). Data shown has been background subtracted and normalised according to the
mass of each sample. Main figures are plotted on an appropriate linear y scale to highlight key
features in the gas desorption profiles of each sample; insets show identical data plotted on
equivalent logarithmic y scales to enable the comparison of the desorption rates observed in the
data obtained from different samples.

The TDS spectra obtained from pristine Li,TiOs pellets were dominated by signals corresponding to
H.0, OH and CO; species, indicating that significant quantities of water and CO; had been absorbed
in all cases. Peak positions and desorption profiles of H,O and OH species were found to be very
similar, with the latter scaling approximately to the former; hence it was concluded that both of these

signals could be attributed to water desorption. The signal corresponding to OH is potentially due to

fragmentation of H,O as a result of the ionisation process associated with mass spectrometry.

All samples exhibited initial water and OH desorption events at low temperature (~40 °C), which was
attributed to the desorption of weakly physisorbed surface water. Significant desorption of water
from all samples was observed between ~50 °C and ~350 °C, which appears to occur in a two-stage
process. Increased water release at slightly elevated temperatures (~50 — ~150 °C), which appears

most clearly as a shoulder in the TDS spectra corresponding to samples A and C, was attributed to
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desorption of weakly chemisorbed water at the sample surfaces; peak water desorption, which
occurred at temperatures between 200 °C and 300 °C in each case, was attributed to the thermally
activated desorption of chemisorbed water originating from further beneath the sample surfaces. It
is noted that the magnitude of the main water desorption peak is significantly greater in the case of
the high porosity samples (Figure 6.10, A and B) than those of the low porosity samples (Figure 6.10,
C and D), indicating that the latter two samples absorbed less water during sample preparation and
interim storage; this is proposed to be due to the lower accessible surface area of the low porosity

samples resulting in lesser surface available for absorption of atmospheric moisture.

Minor CO; desorption peaks were also observed between ~50 °C and ~350 °C, concurrent with peak
water release. This was attributed to the desorption of physisorbed and/or weakly chemisorbed CO,,
the release of which appears to have been assisted by the desorption of water, which may be acting
as a carrier gas which assists the desorption of weakly bound CO; from the sample surface. The main
CO; desorption events occur above 500 °C, with peak CO; release observed between ~640 °C and
~740 °C in each case. This temperature range coincides with the thermal decomposition temperature
of Li2COs3 (~740 °C under ambient conditions) [82], the decomposition of which may occur at lower
temperature when in contact with a catalysing surface [84], or may be slightly reduced under
vacuum. Hence the major CO; desorption event is ascribed to the thermal decomposition of Li,COs3,
formed as a result of surface reaction of Li,TiOs with atmospheric CO, during sample preparation.
Similarly to water desorption, CO, desorption from low porosity samples was significantly less than
that of high porosity samples; peak CO, desorption from the sample of lowest porosity (Figure 6.10
D) was found to be approximately three orders of magnitude less than the maximum desorption
observed from high porosity samples. Again this is attributed to the lower accessible surface area of
low porosity samples, resulting in less surface availability for reaction with atmospheric CO;; thus

Li,COs formation occurs to a lesser extent in low porosity specimens.

According to Mayer et al. [146], any gas is capable of stabilising voids and cavities. While diffusion
processes associated with water desorption appear to have negligible effects on cavity growth in
Li;TiOs, a distinct correlation exists between CO; desorption and the rate of cavity growth during
thermal annealing under electron irradiation. Neglecting the cavity growth statistics for specimen D
due to its mechanical failure, the fastest rate of cavity growth was observed at 700 °C - 800 °C in thin
film specimens A - C during thermal annealing under electron irradiation; this correlates well to the

peak CO; desorption temperatures observed in TDS data collected from the analogous pellet
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samples. As CO; produced by the thermal decomposition of Li,COs diffuses through the thin film
specimens, it will invariably meet the surfaces of cavities formed as a result of electron beam damage.
Hence it is proposed that, while the majority of CO; escapes from the specimen surface, sufficient
CO, is absorbed by existing cavities to further stabilise them by reducing the surface energy
associated therewith; the internal gas pressure exerted also increases the driving force for vacancy
absorption, resulting in enhanced cavity growth due to increased absorption of vacancies and gas
atoms. The low levels of CO; release observed in TDS data obtained from sample D relative to that of
the other samples may also contribute to the comparatively low number density of small cavities
observed at high temperatures; it is feasible that insufficient gas atoms are present to stabilise the

nucleation and growth of a large number of voids at such temperatures.

6.5 Conclusions of thermal evolution of electron beam induced cavities study

Li2TiOs has previously been shown to be susceptible to electron beam induced damage, resulting in
cavity formation (see Chapter 5). In this chapter effect of temperature on the evolution of electron
beam induced damage was investigated; the growth of cavities under a 300 keV TEM electron beam
was found to be significantly enhanced at elevated temperatures, relevant to the operating
temperatures of ceramic breeder materials in a working fusion reactor. Under constant electron
irradiation, the size of cavities was shown to increase exponentially with increasing temperature at
temperatures in excess of 400 °C, this is primarily attributed to the enhanced mobility of irradiation

induced defects at elevated temperatures.

Minimising exposure of thin-film specimens to the electron beam was found to significantly reduce
the extent of cavity growth, particularly at high temperatures, indicating that cavity growth is strongly
dependent on electron fluence. Based on the results of this study, it is proposed that cavity growth
in Li;TiOs under electron irradiation is diffusion limited at low temperatures, whereas at high
temperatures, where the equilibrium vacancy concentration becomes significant by comparison to
the number of additional vacancies introduced as a result of electron beam damage, the excess
vacancy concentration (which correlates to electron irradiation dose) becomes the limiting factor for
cavity growth. That said, beyond a threshold irradiation dose, defect mobility is proposed to have a

greater overall influence on cavity growth dynamics than electron fluence.

The microstructure of Li;TiO3 ceramics was found to effect the growth dynamics of electron beam

induced cavities as a function of temperature. The thin film specimen of low porosity with the largest
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grain size showed cavity shrinkage at intermediate temperatures (400 °C — 600 °C) where continued
growth of cavities was observed in all other specimens at equivalent temperatures; indicating that
low porosity and large grain size may increase the resistance of Li;TiO3 to electron beam damage.
This is attributed to the longer diffusion path to defect sinks associated with large grain size, resulting
in a lesser degree of preferential interstitial loss and increased probability of defect recombination;
thus reducing the excess vacancy concentration responsible for cavity growth in the bulk. Limited
evidence, in the form of the significantly reduced number density of small cavities which formed at
high temperature compared to those observed to nucleate at low temperature in the early stages of
cavity formation, suggests that radiation damage recovery may be enhanced when electron

irradiation of a pristine region of such specimens is carried out at high temperature.

A distinct correlation between the temperature at which significant quantities of CO, were released
from bulk Li,TiOs samples and accelerated cavity growth in thin film specimens was identified. Hence
it is proposed that enhanced cavity growth under electron irradiation at elevated temperature in
Li2TiO3 may be facilitated by CO; gas produced as a result of the thermal decomposition of an Li,CO3
surface reaction layer. The presence of CO; gas is proposed to enhance cavity growth by stabilising
the internal free surfaces of cavities, and exerting pressure on cavity walls, which increases the
driving force for vacancy absorption and reduces the rate of thermal emission of vacancies from

existing cavities.

147



Chapter 7 - In-situ helium ion implantation and thermal annealing experiments

As stated in the previous section, the nucleation and growth of cavities is believed to be facilitated
by gas atoms due to a combination of the stabilisation effect associated with the reduction of the
free surface energy of internal cavity surfaces, and the pressure exerted by gas contained within
cavities. Helium is known to be particularly efficient in its capacity to stabilise cavities; indeed vacancy
defects, the aggregation of which is proposed to be the origin of cavity formation in Li;TiO3, have
been described as an insaturable trap for helium due to the positive binding energy between
interstitial helium atoms and helium-vacancy clusters [147]. As such, helium trapped within cavities
can reach very high gas pressures, which in turn increases the driving force for vacancy absorption

by existing helium filled cavities.

The results of room temperature in-situ helium ion implantation and subsequent thermal annealing
experiments designed to investigate the thermal evolution of implanted helium in Li,TiO3 at
temperatures relevant to breeder blanket operating temperatures are discussed in the following
section. The main objectives of these experiments were to investigate the nature and extent of
helium accumulation in Li;TiOs samples with different microstructural properties as a function of
temperature, and to determine the effects of the interactions of implanted helium with electron

beam induced radiation defects.

7.1 Room temperature in-situ He* implantation

Prior to in-situ helium implantation experiments, in order to identify an appropriate ion energy such
that the majority of implanted helium was deposited within thin film specimens of Li,TiOs, the ion
implantation range and the associated displacement damage profile induced by implanted ions was
simulated using SRIM [132]. The results of SRIM simulations corresponding to the implantation of 5.5
keV He* ions into Li,TiOs using the “Detailed Calculation with full Damage Cascades” model are shown
in Figure 7.1. The threshold displacement energies corresponding to each lattice atom type used in
simulations were taken from the work of Fisher et al. [206]. The theoretical density of Li,TiO3 (3.43 g
cm3 [78]) was used in simulations since the regions of porosity in a thin film specimen are effectively
empty space which the ions pass through unhindered, whereas the grains of ceramic with which the
ion beam interacts are likely to possess a density approximately equal to the theoretical maximum.
A total fluence of 10! He* ions cm™ was selected based on the fluence of helium which has been

reported in the literature to result in helium bubble formation in other ceramics [37, 123, 127, 151].
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Helium concentration and ion induced dpa profiles were calculated from SRIM outputs using

equations 7.1 and 7.2 respectively:

__ He™ Jons (Atomscm™3 [ Atoms cm™?) -Fluence (lonscm™?)

[He] (atom %) =

(7.1)

Target density,p (Atomscm=3)

Total Het Induced Vacancies (Vancancies A= Ion™1) -Fluence (Ions cm™2)

He*Induced dpa = (7.2)

Target density,p (Atomscm=3):1078 (cm A™1)

Where the “He* ions” (in units of Atoms cm3 / Atoms cm™) and “Total He* Induced Vacancies” (in
units of vacancies Al lon) terms at a given range are direct outputs from SRIM, the latter of which

was calculated from the sum of the outputs corresponding to each target atom type (Li, Ti and O).
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Figure 7.1: lon range profile (black) and associated ion-induced displacement damage profile (red) of
5.5 keV He*ions implanted into the surface of a Li,;TiOs thin film at 18.7° to the surface normal to a
total fluence of 10 He* ions cm™; simulated using SRIM [132]. Estimated specimen thickness is
shown by the grey area, dashed orange line indicates the centre of the specimen in the plane parallel
to the specimen surface. Inset shows the contributions of each lattice atom type to the total
displacements per atom induced by implanted He* ions.
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As shown in Figure 7.1, assuming a specimen thickness of 100 nm, the maximum concentration of
implanted helium coincides approximately with the centre of the specimens, and the implantation
range of 5.5 keV He* ions is such that the majority of implanted helium was deposited within the thin
film specimens. The results of SRIM simulations show that peak helium concentration theoretically
reached ~17 atomic percent at the fluence employed in this work, and the mean average helium
concentration over the depth of the specimens was ~8 atomic percent. Peak and average helium
concentrations therefore correspond to the quantity of helium which would be produced as a result
of ~52% and ~25% lithium burnup in Li;TiOs during operation in a fusion reactor (according to the Li
(n,0) reaction) respectively. For Li;TiO3, an end-of-life lithium burnup of ~17% in the EU DEMO fusion
reactor is considered feasible [33]; simulations performed by Shimwell et al. [207] showed that the
depletion of °Li (with which ceramic breeders have been proposed to be enriched to up to 90% of
their total lithium content [12]) in LisSiOs due to burnup was estimated reach a maximum of 19 %
after five years in operation. As such the helium concentration corresponding to the fluence used in
this work is somewhat higher than that which is expected to be produced during the testing of
ceramic breeder materials in the DEMO programme; however, considering that it is unlikely that all
of the implanted helium was retained by the thin film specimens, and that thermal migration is likely
to result in localised regions of high helium concentration under operational conditions in a working
breeder blanket, it is reasonable to assume that the helium concentration resulting from the ion
fluence used in this work is fairly representative of that which might occur under operational

conditions.

The effects of helium ion implantation on the specimens is twofold; firstly, the implanted helium may
act as a stabilising gas, facilitating cavity formation and growth, and / or accumulating to form helium
bubbles due to its insolubility in most solids [19]. Secondly, as shown by the results of SRIM
simulations, sufficient energy is transferred from incident helium ions to lattice atoms to induce a
significant number atomic displacements, thereby introducing an appreciable amount of damage to
the crystal structure. Peak ion induced damage was predicted to reach approximately 5 dpa at the
maximum fluence used in this work according to SRIM simulations, the majority of which is
supposedly due to displacements in the oxygen sublattice (see Figure 7.1, inset). It is noted however,
that this is likely to be an overestimate of the actual extent of damage present in the specimen since
SRIM simulations do not account for defect recombination; as such the number of “surviving”

vacancies per Angstrom-lon is likely to be significantly lower than that which is predicted using SRIM.
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Nonetheless, a significant number of defects are expected to have been introduced as a result of

displacement damage associated with the ion implantation process.

As such, in addition to potential gas bubble formation as a result of helium accumulation, and the
facilitation of cavity nucleation and growth in Li>TiO3 specimens due to the stabilising effect of helium
on the internal surfaces thereof; additional vacancies introduced as a result of displacement damage
induced by helium ion implantation are expected to enhance cavity growth in areas exposed to the
electron beam. The introduction of additional vacancies as a result of ion induced displacements
increases the vacancy concentration, thus increasing the extent of vacancy supersaturation; this in
turn results in a higher flux of vacancies to the walls of existing cavities which, in conjunction with by

the concurrent absorption of gas atoms, is expected to enhance cavity growth.

Figure 7.2, Figure 7.3 and Figure 7.4 show cavity / helium bubble formation in Li;TiO3 specimens A
(high porosity, smallest grains), C (low porosity, larger grains) and D (low porosity, largest grains)
respectively at progressively increasing He* fluence during in-situ ion implantation at room
temperature. The grain sizes of the specific grains examined in each specimen during in-situ helium
ion implantation (and subsequent in-situ thermal annealing experiments), measured from TEM

micrographs according to the method described previously, were as follows:

High porosity - Specimen A: 1.2 um + 0.5 pum
Low porosity - Specimen C: 2.8 um £ 2.5 um
Low porosity - Specimen D: 7.1 um £ 2.8 um

Electron beam exposure time was minimised as far as reasonably possible during ion implantation.
The lower rightmost micrographs in each figure, which were taken at the end of the room
temperature ion implantation process, correspond to an area of each specimen which had not
previously been exposed to the electron beam during ion implantation; as such the formation of
features observed in these regions was ascribed solely to the effects of the implanted helium. All
other micrographs correspond to areas which had been subjected to the minimum possible electron
exposure time which allowed the acquisition of through focal series micrographs at incrementally
increasing ion fluence; hence the formation of features observed in these regions was attributed to

effects arising due to a combination of ion implantation and electron beam damage.
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(A) Pristine [WESSS RES | (A) 2.5x10%¢ He* lons cm?”

Figure 7.2: Bright field TEM micrographs showing the formation of cavities and/or helium bubbles
with increasing fluence of 5.5 keV He+ ions during in-situ implantation of Li,TiOs Specimen A (high
porosity, smallest grain size; sintered at 900 °C, 3h) at room temperature.

(C) Pristine X 2 Ul (C) 5.0x10%¢ He*

(C) 1.0x10' He* lons cm#?”
(Unilluminated area)

Figure 7.3: Bright field TEM micrographs showing the formation of cavities and/or helium bubbles
with increasing fluence of 5.5 keV He+ ions during in-situ implantation of Li,TiOs Specimen C (Low
porosity, intermediate grain size; sintered at 1000 °C, 2h) at room temperature.
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Figure 7.4: Bright field TEM micrographs showing the formation of cavities and/or helium bubbles
with increasing fluence of 5.5 keV He+ ions during in-situ implantation of Li,TiOs Specimen D (Low
porosity, largest grain size; sintered at 1100 °C, 6h) at room temperature.

TEM resolvable cavities, possibly stabilised by the implanted helium, became visible in TEM
micrographs of specimens A and D at the lowest incremental fluence (2.5x10% He* ions cm™), at
which point the regions from which through focal series micrographs were taken had been subjected
to 4 minutes and 9 minutes of electron beam exposure respectively. Cavities began to become
resolvable in specimen C at a fluence of 5x10% He* ions cm™, corresponding to an electron beam
exposure time of 11 minutes. Given the similarity of the cavities observed in specimen C to those
observed in specimens A and D at higher fluences, this discrepancy is assumed to be an artefact of
image acquisition parameters (i.e. focus) or a difference in specimen thickness affecting the quality
of the micrographs obtained. Beyond the fluence at which cavities become resolvable, increasing
helium fluence did not generally appear to have a dramatic effect on the size or number density of
cavities at room temperature; although some cavity growth, accompanied with an increase cavity

number density, appears to have occurred in specimen A with increasing fluence.

Based on the combined data available from all three samples, it is probable that the critical fluence
for helium bubble formation in Li>TiOs is less than or equal to 2.5x10'® He* ions cm™?, corresponding
to a peak helium concentration of ~4 atomic %; equivalent to the quantity of helium produced at a
lithium burnup of ~ 13 %. It is noted however, that the cavities observed under in-situ helium

implantation at room temperature are somewhat indiscernible from those observed under electron
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irradiation at equivalent temperature; as such, the contribution of the effects of implanted helium to
cavity nucleation and growth is not clear from regions of the specimen which were intermittently
exposed to the electron beam during helium implantation. A high number density of similar cavities
was observed to have formed in all specimens in regions which had not been previously exposed to
the electron beam during ion implantation; these regions, far removed from the regions observed
during ion implantations, had only been exposed to the electron beam for the minimum amount of
time which allowed through focal series micrographs to be acquired after ion implantation was
complete (~2 minutes). Since electron beam induced defects were not resolvable at room
temperature until Li>TiO3 specimens had been exposed to the electron beam for 6-7 minutes in the
absence of implanted helium (see chapter 6), the observation of cavities in these regions confirms
that helium has accumulated to a sufficient extent in all specimens to result in the formation of a

high number density of nanometre sized bubbles independently of electron beam induced defects.
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Figure 7.5: Comparison of the mean size (bottom) and number density (top) of bubbles / cavities
observed in specimens A, C and D at room temperature as a result of (i) electron beam damage only
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after 20 minutes electron beam exposure to a 300 keV electron beam (black data points); (ii) 5.5
keV He* ion implantation only (< 2 minutes electron beam exposure) to a total fluence of 1x10Y’
Het*ions cm™ (red data points); (iii) Combined He* ion implantation and electron beam damage
(orange data points) at equivalent ion fluence (1x10'’ 5.5 keV He*ions cm™2) and comparable
electron beam exposure time (15.5 minutes * 2.5 minutes exposure to a 300 KeV electron beam).
Figure 7.5 shows a graphical representation of the mean size and number density of cavities / helium
bubbles observed in previously unilluminated regions of specimens A, C and D at room temperature
following helium ion implantation to a total fluence of 1x10'’ He* ions cm™ (< 2 minutes electron
beam exposure) compared to those observed in regions of the same specimens which had been
intermittently exposed to the electron beam during implantation (15.5 minutes * 2.5 minutes
electron beam exposure). The mean size and number density of cavities observed in analogous
specimens at comparable electron beam exposure times (20 minutes) following room temperature
electron irradiation in the absence of implanted helium are included for further comparison. Across
the three specimens, cavities observed in regions of helium implanted specimens which had not
previously been exposed to the electron beam were found to be consistently smaller, and higher in
number density than those observed in specimens which had been electron irradiated in the absence
of helium, suggesting that helium is acting as a nucleating agent for vacancy aggregation. Regions of
helium implanted specimens which had been exposed to the electron beam during ion implantation
typically exhibited intermediate cavity size and number density, with values lying between those
obtained from regions where damage was associated solely with either helium implantation or
electron irradiation. In these regions, cavity size was found to increase slightly compared to regions
which had not been previously exposed to the electron beam; the concurrent decrease in cavity
number density is characteristic of a coarsening process consistent with cavity growth. Hence it is
proposed that implanted helium is primarily responsible for the increase in cavity number density
compared to specimens which had been electron irradiated in the absence of helium; whereas
increased cavity growth in regions which had been subjected to appreciable doses of electron
irradiation is primarily attributed to a net influx of vacancies to the walls of stable cavities induced as

a result of electron irradiation, which may be assisted by radiation enhanced diffusion effects.

7.2 Influence of implanted helium on cavity growth dynamics during thermal annealing

Figure 7.6 shows the thermal evolution of cavities during in-situ annealing of high porosity Specimen

A (high porosity, smallest grains) following room temperature helium ion implantation. A graphical
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representation of the corresponding mean cavity size and cavity number density at each incremental

temperature is shown in Figure 7.7.

(A) Room Temp. Overview

N

oRlAm.

O

Figure 7.6: Bright field TEM micrographs showing the thermal evolution of cavities during in-situ
annealing of Li,TiOs Specimen A (high porosity, smallest grain size; sintered at 900 °C, 3h) following
room temperature ion implantation to a total fluence of 1x10%” He* ions cm™.
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Figure 7.7: Mean average defect size and defect number density observed at incrementally
increasing temperatures during in-situ annealing of specimen A following room temperature ion
implantation to a total fluence of 1x10'” He* ions cm™.

The morphology of cavities observed during in-situ thermal annealing of specimen A following helium
ion implantation was found to be very similar to those observed in the analogous un-implanted
specimen which had been annealed under minimised electron beam exposure (see Figure 6.4,
Chapter 6). Furthermore, at equivalent temperature, the number density of cavities observed in the
helium implanted specimen was found to be comparable to that of the analogous un-implanted
specimen throughout the thermal annealing process, and the respective mean cavity sizes were
remarkably similar at equivalent temperatures up to 800 °C (see Figure 6.5b, Chapter 6. Note change
of y scale). At temperatures in excess of 800 °C however, where cavity growth rate was found to
progressively decrease in the un-implanted specimen, growth of cavities in the helium implanted
specimen was observed to continue at an accelerated rate, which remained approximately constant
rate up to the maximum temperature of 1000 °C. This continued growth may in part be facilitated by
the absorption of helium atoms by cavities, and the resultant stabilising effect, in conjunction with
the additional vacancies introduced as a result of ion implantation. However, in the interest of
consistency, regions of helium implanted specimens observed during in-situ annealing were the same
as those observed during room temperature ion implantation; as such the duration for which the
regions observed during thermal the annealing of helium implanted specimens were exposed to the
electron beam was slightly greater (11 minutes + 3 minutes additional electron beam exposure time)
than that of analogous un-implanted specimens at equivalent temperature. Hence it is possible that

the additional vacancies produced due to a greater degree of electron beam damage contribute
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significantly to the enhanced cavity growth at high temperature, particularly because the volume
increase of cavities is dependent on vacancy supply [147]. Given the similarity of cavity size and
number density observed in helium implanted and analogous un-implanted specimens up to 800 °C,
and the previous observation that cavity growth was enhanced by increasing the total electron
fluence at high temperatures (see Figure 6.5a c.f. Figure 6.5b, Chapter 6), it is equally likely that the
enhanced growth observed at high temperature during the thermal annealing of specimen A
following helium ion implantation compared to its un-implanted analogue is mainly due to increased
electron beam exposure. Indeed, it is possible that the majority of implanted helium had escaped
specimen A due to its high porosity and the relatively short diffusion path to the specimen surface
associated with small grain size; hence the influence of helium on cavity growth dynamics may be

minimal in this case.

The thermal evolution of cavities during in-situ annealing of low porosity Specimens C and D (low
porosity, intermediate and largest grain sizes respectively) following room temperature helium ion
implantation are shown in Figure 7.8 and Figure 7.9. A graphical representation of the corresponding
mean cavity sizes and cavity number densities at each incremental temperature is shown in Figure

7.10.
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Figure 7.8: Bright field TEM micrographs showing the thermal evolution of cavities during in-situ
annealing of Li,TiOs Specimen C (Low porosity, intermediate grain size; sintered at 1000 °C, 2h)
following room temperature ion implantation to a total fluence of 1x10*” He* ions cm™.
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Figure 7.9: Bright field TEM micrographs showing the thermal evolution of cavities during in-situ
annealing of Li,TiO3; Specimen D (Low porosity, largest grain size; sintered at 1100 °C, 6h) following
room temperature ion implantation to a total fluence of 1x10%” He* ions cm™.
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Figure 7.10: Mean average defect size and defect number density observed at incrementally
increasing temperatures during in-situ annealing of a) specimen C (low porosity, intermediate grain
size); and b) Specimen D (low porosity, largest grain size) following room temperature ion
implantation to a total fluence of 1x10'’ He* ions cm™.

Similarly to the behaviour of the high porosity specimen (specimen A), the size and number density
of cavities observed in low porosity specimens C and D was found to be comparable to those
observed in un-implanted analogues at low temperatures (< 400 °C). However, in stark contrast to
the behaviour of the high porosity specimen, the growth of cavities was found to be significantly
enhanced in helium implanted specimens of low porosity compared to their respective un-implanted
analogues at elevated temperatures; cavity sizes reached maximums in excess of five times the size
of those observed in analogous un-implanted specimens (see Figure 6.9c and Figure 6.9d, Chapter 6).
The difference in cavity size between those observed in helium implanted specimens and those
observed in un-implanted analogues was shown to increase with increasing temperature, indicating
that cavity growth is increasingly accelerated by the presence of helium as temperature increases.
This is proposed to be due to the greater retention of implanted helium by low porosity specimens
with larger grains as a result of the longer diffusion distance to grain boundaries or the sample
surface, in conjunction with the enhanced mobility of defects (vacancies and interstitials induced by
the combined effect of electron irradiation and ion implantation) and implanted helium atoms at
elevated temperature. While the latter increases the flux of vacancies and gas atoms to the walls of
existing cavities, and enhances the rate of interstitial defect loss to the surface, thereby increasing
the excess vacancy concentration; the internal pressure exerted by helium contained within cavities

increases the driving force for vacancy absorption. This effect is compounded by the reduction in the
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rate of thermal emission of vacancies from cavities due to the opposing pressure of the gas, which
would otherwise counter the net influx of vacancies responsible for cavity growth. Reduced thermal
emission of vacancies from existing cavities also reduces the number of vacancies which may
otherwise have escaped the confines of cavities, migrated to the specimen surface, and subsequently
have been lost to the vacuum; thus the reduction in the rate of vacancy emission from cavities due
to the presence of helium also contributes to maintaining the vacancy supersaturation responsible
for cavity growth. The net result being the significant enhancement of cavity growth in implanted
specimens which are proposed to have retained significant quantities of helium due to their low

porosity and large grain size.

In both low porosity specimens, cavity growth is accompanied by concurrent decrease in cavity
number density, again characteristic of a coarsening process. The absence of very small cavities at
sufficiently elevated temperatures to promote efficient cavity growth, in conjunction with the
observation that, at high temperatures, the largest cavities form in the vicinity of regions previously
occupied by a greater number of cavities of intermediate size, suggests that the dominating
mechanism of coarsening is coalescence as opposed to Ostwald ripening. The cavity growth dynamics
of the two helium implanted low porosity specimens was found to be very similar at temperatures
up to 600 °C. Beyond this temperature the cavity growth characteristics exhibited by the low porosity
specimens vary significantly; similarly to the behaviour of its un-implanted analogue, cavity growth
rate is significantly enhanced at 700 °C in helium implanted specimen C (low porosity, intermediate
grain size), where rapid cavity growth continued up to 1000 °C. In the case of helium implanted
specimen D, cavities continued to grow larger than those observed in its un-implanted analogue at
temperatures in excess of 300 °C (as opposed to the shrinkage observed in the un-implanted
specimen, as shown in Figure 6.9d, Chapter 6), confirming that the presence of helium facilitates
cavity growth. However, the onset of significantly enhanced cavity growth occurred at 900 °C; 200 °C
higher than the temperature at which rapid cavity growth was observed in specimen C. The mean
cavity sizes observed in specimen D at temperatures in excess of 600 °C were also consistently smaller
than those observed in specimen C at equivalent temperature despite specimen D having received a
slightly higher dose of electron irradiation. Hence it is proposed that, while both low porosity
specimens have retained sufficient helium to facilitate cavity growth, the shorter diffusion path to
the specimen surface attributed to the smaller grains of specimen C results in a greater degree of

preferential interstitial loss; this in turn results in a greater extent of vacancy supersaturation, and
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thus a greater influx of vacancies to the walls of existing cavities which leads to enhanced cavity
growth. Indeed, it was earlier proposed, with reference to electron irradiated specimens, that cavity
growth at high temperature was likely to be dose limited; it is perhaps more correctly stated that the
extent of cavity growth at high temperature is primarily limited by the extent of vacancy
supersaturation; which itself is dose dependent, but also varies according to the microstructure of

the material.

High Porosity Low Porosity

Figure 7.11: Bright field TEM micrographs showing helium bubbles observed in areas of Li>TiO3

Specimens A - C which had not previously been exposed to the electron beam. The micrographs

shown were obtained at an annealing temperature of 1000 °C following room temperature ion

implantation to a total fluence of 1x10%” He* ions cm™.

Cavity growth during thermal annealing was clearly exacerbated in low porosity specimens with
relatively large grain size (specimen’s C and D) as a result of helium implantation, whereas the effect
of helium implantation on cavity growth has been shown to be significantly less pronounced in the
high porosity specimen with small grains (specimen A). This was believed to be due to the higher
retention of helium in low porosity specimens due to the longer diffusion path required for helium
to escape from the free surfaces of specimens with lager grains, in conjunction with the lesser
availability of free surfaces in low porosity specimens. Inspection of regions of helium implanted
specimens which had not previously been exposed to the electron beam at the end of thermal
annealing experiments confirmed that helium had indeed accumulated to a greater extent in low
porosity specimens of Li>TiOs. As shown in Figure 7.11, a significant number density of relatively
large helium bubbles clearly formed in regions of low porosity specimens far removed from the
regions which were exposed to electron irradiation during thermal annealing. In contrast, the extent
of helium bubble formation and growth in the high porosity specimen with the smallest grain size in

the absence of the electron beam was found to be significantly lower, as indicated by the markedly
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smaller defects observed in the corresponding TEM micrographs. This indicates that the majority of
helium is likely to have escaped specimen A, and that a much greater proportion of helium was
retained by specimen’s C and D; which unequivocally confirms that helium accumulates to a greater

extent in Li>TiO3 specimens of lower porosity and larger grain size.

This also accounts for the lesser degree of cavity growth enhancement observed in regions of the
helium implanted high porosity specimen which had been intermittently exposed to the electron
beam during thermal annealing (Figure 7.6) compared to those observed in low porosity specimens
under comparable conditions (Figure 7.8 and Figure 7.9). It is also apparent that the extent of cavity
growth in regions of helium implanted Li,TiOs; specimens which had been intermittently exposed to
the electron beam during thermal annealing is significantly greater than that of helium bubbles
formed in regions which had not previously been exposed to electron irradiation. This is clear
evidence that defects induced by radiation induced displacement damage interact with implanted
helium, resulting in enhanced cavity growth. This is consistent with the theory that cavity growth is
primarily driven by the absorption of vacancies induced as a result of displacement damage, while
implanted helium serves to stabilise cavities, increase the driving force for vacancy absorption, and
increase the retention of vacancies by existing cavities due to the combination of internal gas

pressure and the strength of vacancy-helium complexes.

7.3 Conclusions of In-situ helium ion implantation and thermal annealing study

Implantation of helium was found to have significant effects on cavity growth dynamics in Li,TiOs,
particularly at high temperatures. Resolvable cavities were observed to form at room temperature
in electron irradiated regions of helium implanted Li,TiOs at fluences from 2.5x10'® He* ions cm™
(equivalent to 4 atomic % He, or 13% lithium burnup). Helium bubbles observed to form
independently of electron beam damage at a total fluence of 1x10'’ He* ions cm™ confirmed that
helium accumulated to some degree in all specimens, regardless of their microstructural properties.
The increased number density of smaller cavities observed in helium implanted specimens compared
to those observed in un-implanted analogues indicates that helium acts as a nucleating agent for

cavity formation.

Cavity growth has been shown to be significantly exacerbated by the presence of implanted helium,
most notably at high temperatures (700 °C — 1000 °C). The extent of helium accumulation was found

to be greater in specimens of low porosity, and large grain size; helium implanted specimens with
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the aforementioned microstructural properties exhibited severely enhanced cavity growth,
particularly in regions which were also subjected to electron beam damage. The enhancement of
cavity growth in helium implanted specimens is proposed to be due to the stabilisation of cavities as
a result of the reduction in surface free energy of cavities associated with helium contained therein.
The pressure of helium contained within cavities can supposedly reach very high pressures as
vacancies are thought to be an insaturable trap for helium atoms, and the strength of vacancy-helium
complexes is reported to be high, limiting the emission of helium and vacancies from nucleated
cavities. The pressure exerted by the gas is proposed to increase the driving force for vacancy
absorption and reduce the rate of the thermal emission of vacancies from existing cavities, thus

enhancing cavity growth.

Large cavities were observed in electron irradiated regions of helium implanted low porosity
specimens with larger grain sizes, whereas the high porosity specimen with the smallest grain size
exhibited comparably lesser enhancement of cavity growth as a result of helium implantation. This is
attributed to the higher retention of implanted helium by specimens of low porosity and larger grain
size due to the lesser availability of free surfaces from which helium can escape and the longer
diffusion path to such free surfaces associated with larger grain size. However, the largest cavities
were observed in electron irradiated regions of the helium implanted low porosity specimen with the
smaller of the two grain sizes; this is attributed to high helium retention in conjunction with the
shorter diffusion path for interstitial defects introduced as a result of displacement damage to escape
the surface, resulting in increased preferential interstitial loss and thus increased excess vacancy

concentration. The combination of these two factors results in the greatest degree of cavity growth.

The interactions of retained helium with defects introduced as a result of radiation induced
displacement damage has been shown to significantly exacerbate the extent of cavity growth in
Li;TiO3 at temperatures relevant to breeder blanket operating conditions. Such cavities have the
potential to trap tritium in a working blanket, thereby impeding its release and increasing tritium
inventory, both of which would be detrimental to material performance. In the absence of implanted
helium, the microstructural properties of large grain size and low porosity appear to increase the
radiation tolerance of Li;TiO3 to displacement damage induced by electron irradiation. However,
since the presence of helium has been shown to severely exacerbate cavity growth in Li;TiOs, the
increased helium retention by specimens of low porosity and large grain size and the influence of

helium on the cavity growth dynamics thereof in fact resulted in a greater extent of cavity growth in
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such specimens at temperatures relevant to breeder blanket operating conditions. As such, in spite
of exhibiting an apparently lesser resistance to irradiation induced displacement damage in the
absence of helium, when the effects of helium are taken into account the high porosity specimen
with the smallest grain size showed the best overall performance in terms of cavity formation at

breeder blanket operating temperatures.

It is therefore proposed that, given the high levels of neutron damage and helium production which
are expected to occur in ceramic breeder materials during operation, the properties of high porosity
and small grain size are likely to be beneficial for the optimisation of the performance of lithium
titanate ceramic breeder materials from the perspective of overall radiation damage tolerance when

the effects of helium are taken into account.
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Chapter 8 - Conclusions and future work

8.1 Conclusions

The microstructural properties of LixTiO3 ceramics prepared using solid state synthesis and
conventional sintering methods were shown to be strongly dependent on post-synthesis processing
conditions. The densification behaviour of Li;TiOs was found to be strongly dependent on
temperature, and relatively independent of sintering duration within the limits of the conditions
studied. The extent of grain growth during sintering was shown to be affected by both the
temperature and duration; hence, by adjusting the conditions employed, the microstructure of
Li»TiO3 ceramics can be tuned in such a way that the contributions of porosity and grain size to the
material’s performance in different environments could be investigated. Temperature dependent
crystallographic disorder, attributed to the presence of stacking faults and cation disorder has been
identified in B- Li>TiO3 ceramics prepared by conventional solid state sintering; an inverse relationship
between sintering temperature and the degree of deviation from the ideal structure was found to
exist, suggesting that the concentration of intrinsic defects is likely to be greater in samples sintered

at lower temperatures.

Two suites of Li;TiO3 samples, one “high porosity” suite and one “low porosity” suite, each comprising
two sample types of comparable density but different grain size, were fabricated. These samples
were subsequently used to independently investigate the effects of ceramic density (and porosity by
association) and grain size on the behaviour of Li>TiO3 under electron irradiation in a conventional
TEM. We have shown, for the first time, that Li,TiOs is susceptible to electron beam damage, which
is manifested as cavity formation and growth. Electron beam induced cavity formation in Li,TiOs is
proposed to be due to the aggregation of vacancy defects introduced as a result of displacement
damage; the majority of damage is believed to be due to the displacement of Li and O lattice atoms
via knock-on damage mechanisms, although radiolytic displacement mechanisms may also
contribute.  The build-up of an excess vacancy concentration, which leads to vacancy
supersaturation, subsequent aggregation and cavity formation, is proposed to occur as a result of the
preferential loss of interstitial defects at the specimen surface due to the higher mobility of
interstitials compared to that of vacancies. Room temperature cavity nucleation and growth in Li;TiO3
under electron irradiation may be facilitated by the stabilising effect of gaseous CO; produced as a

result of the decomposition of an Li,COs surface reaction layer under the electron beam. Specimens
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which had been sintered at higher temperatures, which exhibited low porosity and larger grain size
were found to be least susceptible to electron beam induced cavity formation at room temperature.
This is proposed to be due to the lesser number of intrinsic defect sites available for cavity nucleation
in samples sintered at higher temperature, in conjunction with the longer diffusion path for
interstitials to escape the specimen surface; thereby reducing the preferential loss of interstitials,
thus reducing the extent of vacancy supersaturation responsible for cavity growth. Hence it is
suggested that the properties of low porosity, large grain size, and low intrinsic defect concentration

increase the tolerance of Li;TiO3 to electron beam induced damage.

The cavities which were found to form in Li;TiOs under a conventional TEM electron beam at room
temperature could be easily misinterpreted as damage or gas bubble formation induced by an
external radiation source. Hence, in order to avoid the unintentional reporting of erroneous results,
extreme care should be taken when interpreting data on which scientific arguments are based where
this data has been obtained using TEM techniques, particularly where Li,TiOs or similar materials are

the subject of experimental research.

Complimentary in-situ thermal annealing experiments, coupled with in-situ helium ion implantation
studies were used to further investigate electron beam induced cavity growth in Li,TiOs, and the
influence of implanted helium thereon, at temperatures relevant to breeder blanket operating
conditions. The effects of ceramic grain size and porosity on the extent of cavity growth and helium
accumulation, and the correlation between the latter two, at elevated temperatures was investigated

using analogous specimens to those used in the prior room temperature electron irradiation study.

Growth of electron beam induced cavities in LioTiO3 was found to be significantly enhanced at
elevated temperature. Minimising the time for which thin film specimens were exposed to the
electron beam has been shown to reduce the extent of cavity growth, indicating a clear dependence
on irradiation dose. Where cavity growth is believed to be primarily limited by defect diffusion at low
temperatures, growth of cavities is effectively dose limited at high temperatures. Beyond a threshold
electron fluence, enhanced defect mobility at elevated temperature is proposed to have a greater
overall effect on the extent of cavity growth than electron irradiation dose. In agreement with the
room temperature electron irradiation study, the properties of low porosity and large grain size
appear to improve the tolerance of Li;TiOs ceramics to electron beam induced damage and cavity

formation. The evolution of gaseous CO; as a result of the thermal decomposition of an Li,COs surface
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reaction layer, and its subsequent capture by cavities, is proposed to have facilitated cavity growth
during thermal annealing due to the stabilising effect of the gas and the increased driving force for

vacancy absorption associated with the pressure exerted by the gas on cavity walls.

Helium, implanted to a total fluence of 1x10%” He* ions cm, was shown to accumulate in Li>TiO3 to
a sufficient degree to form bubbles at room temperature in all specimens. The extent of helium
accumulation / retention at elevated temperature is proposed to be greater in low porosity
specimens with larger grains, corroborated by the observation of significantly larger helium bubbles
in areas of low porosity specimens with larger grain size which had not been previously exposed to
the electron beam at the end of in-situ thermal annealing experiments compared to those observed
in high porosity analogues with small grains. Cavity growth in electron irradiated regions was found
to be significantly exacerbated by the presence of helium, particularly at high temperatures relevant
to breeder blanket operating conditions. The enhancement of cavity growth in helium implanted
specimens is proposed to be due to the stabilisation of cavities as a result of the reduction in surface
free energy of cavities associated with helium contained therein, in conjunction with the increased
driving force for vacancy absorption and reduced rate of thermal emission of vacancies from existing
cavities associated with the pressure exerted by gaseous helium on cavity walls. Hence the greater
degree of enhancement of cavity growth in low porosity specimens with large grains compared to
that of analogous specimens of high porosity and small grain size is attributed to the increased helium
retention of the former. Thus, it is proposed that the interactions of implanted helium with defects
induced as a result of displacement damage dramatically enhance cavity growth; as a result of this,
in spite of exhibiting an apparently lower resistance to irradiation induced displacement damage in
the absence of helium, when the effects of helium are taken into account the high porosity specimen
with the smallest grain size showed the best overall performance in terms of cavity formation at

breeder blanket operating temperatures.

It is therefore proposed that the properties of high porosity and small grain size are likely to be
beneficial for the optimisation of the performance of lithium titanate ceramic breeder materials from
the perspective of overall radiation damage tolerance when the effects of helium are taken into
account. In light of the findings of this project, further nanoscale investigation of the radiation
tolerance of candidate ceramic breeder materials, and the interaction of radiation induced defects
therein with helium is recommended. Tailoring the composition and microstructural properties of

ceramic breeder materials may enable the mitigation of extensive cavity formation under irradiation
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in a helium-rich environment, thus diminishing the potential for trapping of tritium therein and

improving material performance.

8.2 Future work

In light of the findings of this project, it is suggested that further investigation into the mechanisms
of electron beam induced damage under TEM electron beams in Li;TiO3 (and similar lithium ceramics)
should be conducted such that the respective contributions of knock-on and radiolytic damage
mechanisms can identified, and the contributions of damage corresponding to the displacement of
each lattice atom type can be established. This could potentially be achieved by systematically
reducing the accelerating voltage to such an extent that insufficient energy is transferred to lattice
atoms of a particular type by a particular mechanism (i.e. knock-on) that only specific lattice atom
types could theoretically be displaced. Observation of the formation of extended defects (or lack
thereof) as a result of electron irradiation at progressively lower accelerating voltage may allow the
identification of which displacement mechanism is dominant, and / or the displacement of which
lattice atom type is responsible for the resulting cavity formation by process of elimination. Such
investigations would potentially allow the optimisation of experimental parameters for use in TEM
examination of lithium ceramics such that the effects of electron beam damage are mitigated or
eliminated entirely; thereby allowing the unambiguous examination of the effects of externally
induced radiation damage (or other pre-existing features) without the need to account for the effects
of electron beam damage when interpreting results. Furthermore, the susceptibility of the latest
generation of advanced dual-phase ceramic breeders proposed for testing in test blanket modules at
ITER to electron beam damage should be investigated in order to avoid the erroneous reporting of
the results of any future experimental work which utilises TEM techniques to characterise neutron

damage where in these materials.

Pending the outcome such electron beam damage susceptibility experiments, and the optimisation
of experimental parameters such that the effects of electron beam damage can be mitigated, further
nanoscale investigation of helium accumulation in the latest generation of ceramic breeder materials
using TEM techniques. The effects of irradiation temperature, and the interactions of helium with
defects induced as a result of displacement damage should be further explored in these materials.
This could be achieved by conducting dual-beam implantations with helium and heavy ions (using

the latter to induce fusion-representative levels of displacement damage) and complimentary
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thermal annealing experiments. If in-situ ion implantation is employed for this purpose, the results,
(along with those detailed in this report) should be verified by conducting analogous experiments on
bulk ceramic samples, followed by analysis using cross-sectional TEM. This would firstly allow the
validity of results obtained from thin-film specimens in terms of their representativeness of the
behaviour of bulk ceramics to be assessed, and secondly allow the contribution of surface effects

associated with thin-film specimens to the observed behaviour to be evaluated.

The results of the work detailed in this report indicate that the degree of radiation tolerance and
extent of helium accumulation in Li;TiOs is affected by its microstructural properties. The
combination of small grain size and high porosity was found to be beneficial in terms of reducing the
extent of cavity / helium bubble formation at temperatures relevant to breeder blanket operating
conditions when the effects of helium were taken into account. Nonetheless, on the grounds that
high ceramic density is generally considered to be beneficial due the associated increase in TBR,
further work could be carried out regarding the optimisation of the microstructural properties of
ceramic breeder materials. Alternative synthesis methods to those used in this work, such as sol-gel
methods which may afford a greater degree of control over the powder particle size, (thereby
allowing the production of very small particles of precursor powder [45]) could be used in conjunction
with novel densification techniques such as spark plasma sintering (which has been reported to allow
full densification of some ceramics at lower temperatures than conventional methods while
maintaining the original fine-grained structure of green bodies [208]) to produce high density lithium
ceramics with small grain size. By variation of sintering conditions, larger grained samples of
equivalent density could be produced. Comparison of the performance of the materials produced
using these methods to higher porosity samples of comparable grain sizes, possibly prepared by more
conventional methods such as those utilised in this work, would allow the individual contributions of
porosity and grain size to helium accumulation, radiation tolerance and tritium release be further
clarified according to the results of subsequent ion implantation / neutron irradiation studies. The

microstructural properties of future ceramic breeder materials could then be optimised accordingly.

Finally, given that the current literature on the subject is currently very limited, the influence of
helium on tritium release characteristics of candidate ceramic breeder materials could be further
investigated using ion implantation and complementary thermal desorption spectroscopy
techniques. The newly established TRICEM system [209] at the UK Atomic Energy Authority Materials

Research Facility allows actual tritium implantation (as opposed to the use of other hydrogen
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isotopes as tritium simulants); this system, in conjunction with existing TDS capabilities at the same

facility, could be used to further explore this concept.
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