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Abstract 

 

Materials based on the normal spinel structure have attracted significant interest due to the 

wide number of elements that can be incorporated and the interesting electrical properties 

which they display. This, as well as the open three-dimensional framework that they contain, 

has led to the successful commercialisation of several Li-based spinel materials e.g. LiMn2O4 

and Li4Ti5O12 in Li-ion batteries. Materials based on the inverse spinel structure have also been 

investigated. However, their continued development and optimisation has been restricted by 

the lack of a complete understanding of how Li-ions diffuse through such materials.    

This thesis explores the synthesis, structural and electrical characterisation as well as 

the electrochemical properties of a series of novel inverse spinels with the formula Li2+xNi2-

2xCrxV2O8 (0 ≤ x ≤ 1) for potential Li-ion battery applications. In Chapter 1, an introduction to 

the theory that underpins battery materials is outlined. Chapter 2 details a comprehensive 

review of the literature to date regarding spinel structures, as well as other common structure 

types of interest for Li-ion battery applications. Chapter 3 reports the experimental methods 

utilised within this work, including synthesis and characterisation techniques. The synthesis 

of Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) via solid-state and citric acid sol-gel routes is investigated in 

Chapter 4. In analysis of combined X-ray and neutron powder diffraction refinements, the 

materials adopt an inverse spinel structure with no evidence of cation ordering on octahedral 

sites. Meanwhile, impedance measurements indicate that the total conductivity increases 

with increasing Li/Cr content. The determined activation energies are found to be comparable 

to those in normal spinels. In Chapter 5, the Li-ion diffusion is determined to be via a 16c-8a-

16c pathway using variable-temperature neutron powder diffraction measurements. 

Alongside this, muon spectroscopy is used as a complementary technique to probe the local 

Li-ion diffusion kinetics. The electrochemical properties of the solid solution as potential 

cathode and anode materials are investigated in Chapter 6 using galvanostatic cycling and in-

situ cycling XANES. The cathodic performance is shown to be limited due to the irreversible 

capacity loss caused by oxidation of Cr3+ to Cr6+. The anodic performance, however, shows 

promising capacity retention after 30 cycles for samples excluding Ni. Finally, the main 

findings of this work, as well as potential future avenues, are summarised in Chapter 7.
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Chapter 1: Introduction 
 

1.1. Introduction  

Lithium-ion batteries (LiBs) have become prevalent within society since they were first 

commercialised by Sony in 1991 due to the growth of consumer electronics such as laptops 

and mobile phones. In recent years the demand for LiBs has increased significantly due to the 

shift away from fossil fuels towards greener alternatives such as wind and solar energy. 

Emerging markets e.g. electric vehicles are expected to rapidly dominate the market for LiB 

technologies and as of 2019 make up 60 % of the LiB market (Figure 1.1).[1], [2] This is despite 

electric vehicles accounting for just 1 % of automotive sales in 2019. New initiatives to tackle 

climate change, such as the UK’s target to become carbon neutral by 2050 and the ban on 

new petrol and diesel cars from 2030, will mean the global market for LiBs could exceed €200 

billion per year by 2040.[3]    

 Because of the wide variety of applications that LiBs are expected to fill, different LiB 

technologies will be desired e.g. for long-range electric vehicles, LiBs which have high energy 

densities are required, whereas for mass transit applications, faster charging speeds may be 

more desirable. These differing requirements mean a range of materials with varying 

properties are necessary. As such, the properties of potential LiB materials needs to be fully 

understood at different length-scales if they are to be further optimised.        

 

Figure 1.1. Global market for LiB technologies between 2011 to 2019.[2] 
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1.2. Batteries 

Batteries are devices containing one or more electrochemical cell that converts stored 

chemical energy into electricity. When connected to a circuit, electrochemical cells can utilise 

redox reactions to generate electrical energy. Each cell is comprised of three main 

components, the anode, cathode, and electrolyte. The two electrodes (anode and cathode), 

have differing electrode potentials, defined as the oxidising, or reducing strength of the 

electrode. The anode acts as a source of electrons (reducing agent) and the cathode as a sink 

of electrons (oxidising agent). During discharge, ions move from the anode (the more negative 

potential), through the electrolyte, to the cathode (the more positive potential). The 

electrolyte separates the two electrodes and is electronically insulating therefore, electrons 

must flow through an external circuit providing electrical energy and then recombining at the 

cathode to maintain charge neutrality. The overall cell potential or open-circuit voltage (Voc) 

is the difference between the electrode potentials of the anode (µA) and cathode (µC) 

(Equation 1.1), with a higher voltage allowing the battery to generate greater power. An 

example of the two half reactions for a Zinc-alkaline battery are shown in Equations 1.2 to 

1.4.    

𝑉𝑜𝑐 =
µ𝐴−µ𝐶

𝑒
    (Equation 1.1) 

Zn(s) + 2OH-
(aq) → ZnO(s) + H2O(l) + 2e-    E = 1.28 V (Equation 1.2) 

 

2MnO2(s) + H2O(l) + 2e- → Mn2O3(s) + 2OH-
(aq)    E = 0.15 V (Equation 1.3) 

 

Overall: Zn(s) + 2MnO2(s) = ZnO(s) + Mn2O3(s)    E = 1.43 V (Equation 1.4)  

  Batteries are generally divided into two types, primary and secondary. In primary 

batteries, the reaction that converts stored chemical energy into electrical energy during 

discharge is irreversible. Examples of primary batteries include zinc-alkaline and zinc-carbon 

batteries. Secondary, or rechargeable batteries can be charged by applying a large voltage, 

enabling ions to move from the cathode to the anode. Examples of secondary batteries 
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include lead-acid, nickel-cadmium, nickel-metal hydride, and lithium-ion. Figure 1.2 

summarises the main secondary batteries in terms of energy density per unit of volume and 

mass.[4] Alongside energy density, there are several other performance parameters that 

batteries can be measured by, summarised in Table 1.1. Ideally, a battery would also be 

inexpensive, environmentally friendly, and safe over repeated use. Lithium is the most 

electropositive element (3.04 V vs a standard hydrogen electrode) and is the lightest metal. 

This mean LIBs can typically operate at higher voltages (ca. 3.7 V), power and energy densities 

than other secondary battery technologies such as lead-acid and nickel-based.[4]–[6] 

 

 

Figure 1.2. Comparison of the main secondary battery materials in terms of energy densities per unit 
of volume and weight.[4] 
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Table 1.1. Summary of important battery characteristics and their definition.  

 Performance 

Characteristic 

Definition 

 Capacity  The amount of current the battery/active material can store. It is 

usually measured in mAh (capacity = current x time) 

Specific capacity Capacity divided by mass (gravimetric) or volume of active material 

(mAh/g or mAh/l). The specific capacity is often less than the 

theoretical as not all the active material may be accessible. 

Energy density The amount of energy a battery can store by weight (g) or volume (l). 

Units are typically given in Wh/kg or l. 

Power density The amount of power (power = current x volts) a battery can delivery 

per gram/litre (W/g, W/l). 

Open-circuit 

voltage 

Electrode potential(cathode) - Electrode potential(anode). The energy of cell 

can be related to the cell voltage by ΔG = -nFE, where n = number of 

electrons, F = Faraday constant and E = charge of an electron.  

Cycle life The maximum number of times the battery can be charged/discharged.  

C-rate The rate which a battery is (dis)charged relative to its maximum 

capacity over a specific time e.g. 1C = a discharge rate of one hour. 

Coulombic 

Efficiency (CE) 

The ratio between charge and discharge capacities. The discharge 

capacity is often lower than the charge discharge due to irreversible 

reactions between the electrodes and electrolyte during initial cycles.   

 

 A key feature of many battery materials is their ability to change their composition by 

the process of (de)intercalation. Intercalation is the ability of a host structure to accept ions 

or molecules without altering the basic structure. Materials in which (de)intercalation can 

occur typically have either open layers, tunnels, or a three-dimensional framework. For 

example, in commercial LIBs both the anode and cathode are often layered structures that 

allow Li-ions to diffuse in-between the layers during charge/discharge.    
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1.3. The Spinel Structure 

The spinel structure, with the general formula AB2O4, has attracted significant attention since 

it was first reported in 1915.[7], [8] This is due to the vast number of cations which can 

combine to form the spinel structure. The physical properties of spinel oxides are strongly 

influenced by the arrangement of these cations. The spinel structure consists of a cubic close-

packed array of O2- anions, with 1/8 of the tetrahedral (Wyckoff site 8a or 8b) and 1/2 of the 

octahedral (Wyckoff site 16d or 16c) sites occupied by A and B cations, respectively. A Wyckoff 

site or position describes a collection of points within the crystal structure which can be 

related by symmetry. They can be used to describe how atoms are distributed and therefore 

are also an important tool for describing how mobile cations diffuse through the unit cell. 

Typically, the general formula is written as [A1-iBi]tet[B2-iAi]OctO4, where i is the degree of 

inversion. Spinel oxides with an inversion equal to zero are referred to as ‘normal’ spinels, 

while a material with an inversion degree equal to one is referred to as an ‘inverse’ spinels. 

Materials with a degree of inversion between zero and one are described as random or mixed 

spinels.[9] It should be noted for Li-containing ternary spinels, the distinction between normal 

and inverse spinels are typically described by the distribution of Li-ions, either in tetrahedral 

sites (normal spinels) or octahedral sites (inverse spinels).[10]  

A and B cations are connected in a three-dimensional framework of edge-sharing BO6 

octahedra, which share corners with AO4 tetrahedra. The three-dimensional framework 

structure, alongside the large number of empty sites (56 tetrahedral and 16 octahedral) offer 

a wide array of options for ions to migrate with ease (Figure 1.3). It is for this reason a great 

deal of Li-containing spinels have been researched as  potential electrode materials in LIBs 

e.g. the anode material Li4Ti5O12 ([Li]tet[Li1/3Ti5/3]octO4), as well as the cathode materials 

Li2NiMn3O8 ([Li]tet[Ni0.5Mn1.5]octO4) and Li2Ni2V2O8 ([V]tet[LiNi]octO4).[11]–[13]  
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Figure 1.3. a) Portion of the spinel crystal structure, showing the possible Li-ion conduction pathway 
through the tetrahedral face of 8a sites (orange) into intermediate 16c sites (blue); b) Simplified crystal 
structure, orientated in the {111} plane, showing all possible Li positions in the spinel structure, which 
form ribbons of empty edge sharing octahedra connected to tetrahedra via face sharing.  

 

 

Figure 1.4. Structure and Li-ion diffusion pathway (as shown by the blue dashed line) in the spinel 
Li2NiMn3O8. a) disordered structure and b) ordered structure.[16] 

 

Ternary spinel oxides such as Li2NiMn3O8 are commonly referred to as complex spinels 

due to the occupancy of tetrahedral or octahedral sites by more than one cation.[14] The 

distribution of cations in these sites can be disordered or ordered for instance, a 1:3 (Ni:Mn) 

ordering is observed in Li2NiMn3O8 at low temperatures (<750 °C).[15] This 1:3 ordering leads 
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to a splitting of the octahedral (16d or 16c) site into two distinct sites (Wyckoff sites 4b and 

12d), and results in a relatively lower symmetry P4332 space group, compared to the high 

symmetry Fd3̅m space group for disordered spinel oxides (Figure 1.4).[16] Differences in the 

cation distributions have been explained by factors such as site preference of cations, 

electrostatic repulsion between cations and anion polarisation i.e. the degree of 

ionic/covalent bonding between anion and cations.[10], [14] The degree of ordering in these 

structures can affect the Li-ion conduction pathway and therefore influence electrochemical 

properties such as how fast a battery can be charged/discharged. A greater understanding of 

how Li-ion conduction pathways differ in these materials can help design new electrode 

materials with improved electrochemical characteristics.      

 

1.3.1. Crystal Field Theory  

The coordination environment of transition metals in many battery materials can contribute 

significantly to the observed electrochemical properties, as previously discussed. Crystal and 

ligand field theories can often be used to predict whether a transition metal will occupy an 

octahedral or tetrahedral coordination.[17] Crystal field theory is an electrostatic model 

which predicts that if a transition metal ion is in a crystal field e.g. octahedral, or tetrahedral, 

then the d orbitals are not degenerate, i.e. not of equal energy. The model treats ligands (e.g. 

OH-) as point charges which create an electric field around the metal centre. This assumes 

there is an electrostatic attraction between the ligands and metal cation as well as a repulsive 

interaction between the d orbitals and ligand electrons; covalent interactions between 

ligands and metal cations are not accounted for d orbitals that point towards the ligands (3dz2 

and 3dx2-y2) are destabilised because of the repulsive electron interactions, whilst d orbitals 

in-between (3dxy, 3dxz and 3dyz) are stabilised. Figure 1.5 summarises the energy difference, 

Δoct and Δtet, between sets of d orbitals for a metal cation in octahedral and tetrahedral fields, 

respectively. The magnitude of Δoct is determined by the strength of the crystal field and is 

governed by the nature of transition metal, ligands, and oxidation state. 
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Figure 1.5. Crystal field splitting diagrams for spherical, octahedral, and tetrahedral fields. Adapted 
from [17]. 

 

For transition metal cations with a d4 to d7 electron configuration the complex may be 

high-spin or low-spin. In a high-spin arrangement all d electrons are unpaired, while in low 

spin arrangements, d electrons may pair if the pairing energy is lower than the crystal field 

stabilisation energy between sets of d orbitals (t2g and eg). For example, Co2+ (d7) and Co3+ (d6) 

can both be in either high or low spin configurations depending on the ligands.  

Ligand field theory is an extension of crystal field theory which incorporates covalent and 

electrostatic interactions between transition metal cations and ligands. The ligand field 

stabilisation energies (LFSE) of d0 to d10 electrons in high-spin octahedral and tetrahedral 

systems are presented in Figure 1.6. This indicates that d0, d5 and d10 cations have no LFSE 

and therefore no preference between tetrahedral and octahedral environments, while d3 and 

d8 cations e.g. Cr3+ and Ni2+ respectively, have the largest preference for octahedral 

environments. Both ligand and crystal field theories are often used to rationalise the 

distribution of metal cations in the spinel structure. For example, in LiMn2O4, Mn+3 (d4) has a 

higher LFSE  in octahedral sites compared to tetrahedral sites, thus LiMn2O4 is a normal spinel 

([Li]tet[Mn2]octO4). In LiNiVO4, Ni2+ (d8) has a strong preference for octahedral sites, while V5+ 

(d0) has no LFSE effect and therefore the site preference will be biased on other factors such 

as ionic radius. As a result, V5+ occupies tetrahedral sites in the inverse spinel structure 

([V]tet[LiNi]octO4).  



9 
 

 

Figure 1.6. Ligand field stabilisation energies (LFSE) vs. number of d electrons for high-spin octahedral 
and tetrahedral configurations. Adapted from [17].  

 

1.4. Conduction Mechanisms  

How quickly Li-ions can diffuse through a material is extremely important for the kinetics and 

charging rate of LIBs. There are two main mechanisms by which ions can diffuse through a 

material, via either (i) cation vacancies (Schottky defects), or (ii) Interstitial sites (Frenkel 

defects), Figure 1.7.[18] In the case of cation vacancies, mobile ions can diffuse through the 

lattice via randomly hopping into empty sites. For interstitial defects, mobile ions can either 

hop into empty interstitial site (sites in-between the lattice of ions) or by knocking adjacent 

ions into empty interstitial sites and subsequently occupying the now empty lattice site. Ions 

within the crystal structure are trapped in their lattice sites until they can absorb enough 

thermal energy to become mobile. The conductivity, σ, of a material is related to the number, 

n, charge, e, and mobility, µ, of carriers by Equation 1.5. The mobility of carriers is governed 

by the diffusion rate, DLi and activation energy of hopping, Ea. 

 

𝜎 = 𝑛 × 𝑒 × 𝜇    (Equation 1.5) 



10 
 

 

Figure 1.7. 2D schematic of ionic conduction mechanisms in NaCl and AgCl showing a) Schottky defects 
and b) Frenkel defects. Adapted from [18].  

 

There is a temperature dependence on conductivity because ions require enough 

thermal energy to activate hopping and become mobile. The relationship between 

conductivity and temperature is given by the Arrhenius equation (Equation 1.6):  

𝜎 = 𝜎0𝑒(
−𝐸𝑎

𝑘𝑏𝑇
)   (Equation 1.6) 

Where 𝜎 is conductivity, 𝜎0 is the pre-exponential factor, Ea is the activation energy, 𝑘𝑏 is the 

Boltzmann constant and T is the temperature in Kelvin.  

The activation energy of long-range hopping is governed by the energy associated with 

the formation of defects (Ef) and defect migration (Em). Figure 1.8 summarises the variations 

of conductivity with temperature. At high temperatures, intrinsic ionic conduction dominates, 

and the number of carriers and mobility increases with temperature. The next stage is 

extrinsic ionic conduction, which arises due to dopants or impurities in the material. In this 

case, the number of carriers is constant, and the mobility increases with increasing 

temperature. A third stage can sometimes occur, whereby at even lower temperatures 

defects of opposite charge can associate to form defect complexes that are then trapped. 
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Figure 1.8. Summary of the general variation in ionic conduction with temperature. Activation energy 

for intrinsic conduction is governed by the formation of defects (Ef) and defect migration (Em). 

Extrinsic conduction is governed by defect migration and defect association is governed by defect 

formation and association of defects with opposite charge. Adapted from [18]. 

 

For a high ionic conductivity (>10-7 S cm-1) a number of requirements must be met:  

1. There should be a high number of mobile ions i.e. n is large.  

2. There should be an equally high number of empty sites for mobile ions to hop into.  

3. Neighbouring sites (empty and occupied) should have similar potential energies 

with a low activation energy for hopping between sites. i.e. the hopping windows 

between sites should be sufficiently large to enable easy migration and ions 

around the defect should be able to relax. The hopping window cannot be too 

large, or the ions will need to travel longer distances which requires more energy. 

4. The crystal structure should have an open framework or channels which mobile 

ions can diffuse through.   

Requirements one and two are related to the term c(1-c), where c is the concentration of 

mobile carriers and (1-c) is the number of vacant sites. The pre-exponential factor in the 

Arrhenius equation is proportional to c(1-c). Ionic conductivity will be low if the concentration 

of mobile carriers and vacancies are low i.e. c and (1-c) is small. However, the conductivity 

will be higher when there is an equal amount of vacant sites and mobile ions i.e. c ≈ (1-c). The 

number of cation vacancies and interstitials can be altered via aliovalent doping to form solid-

solutions. For example, substituting for a higher valence cation, will charge balance by 
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creating cation vacancies or interstitial anions whilst, substituting for a lower valence cation 

will generate anion vacancies or interstitial cations.[18] In the following chapter, the most 

common battery materials are reviewed, with a particular emphasis on conduction 

mechanisms within these materials.   
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Chapter 2: Literature Review 

2.1. Lithium-ion Batteries (LiBs) 

The first iteration of the modern Li-ion battery was commercialised by Sony in 1991, 

consisting of LiCoO2 as the cathode, coke (coal product) as the anode and a lithium salt (LiPF6) 

in an organic solvent as the electrolyte (Figure 2.1).[1], [2] This followed nearly two decades 

of fundamental research into LIBs. The slow development of LIB technologies was partly 

attributed to the reactivity of Li metal and the thermodynamic instability of the electrolyte.[3] 

The open-circuit voltage (Voc) is constrained by the electrolyte window, i.e. the energy 

separation (Eg) between the lowest unoccupied molecular orbital (LUMO) and the highest 

occupied molecular orbital (HOMO) of the electrolyte. As shown in Figure 2.2, an anode with 

an electrochemical potential (µa) above the LUMO will reduce the electrolyte; likewise, a 

cathode with an electrochemical potential (µc) below the HOMO will oxidise the electrolyte. 

These reactions can decrease the amount of Li-ions available for (de)intercalation.[2], [4]  

Aqueous electrolytes are not suitable in these systems due to the small electrolyte window 

of 1.5 V, which would limit the achievable energy density and voltage. 

In the 1970s, Whittingham demonstrated a rechargeable LIB with the layered 

intercalation compound TiS2 as the cathode, Li metal as the anode and lithium perchlorate in 

dioxolane as the electrolyte.[5] However, these systems were not viable as the voltage was 

limited to 2.2 V vs Li/Li+. Li metal can react with the organic electrolyte forming a secondary 

electrode interface (SEI) made up of several Li-containing salts. This SEI layer would 

continuously breakdown and reform during subsequent charge/discharge cycles, reducing 

the overall capacity. Uneven Li metal growth (dendrites) can also deposit on the SEI layer, and 

over time can grow across the separator, resulting in an internal short circuit.[2] In practice, 

the formation of an SEI layer can be beneficial as it can act as a protective barrier, stopping 

further breakdown of the electrolyte. However, if possible an SEI layer would not be necessary 

as its formation reduces the available capacity of the battery. Ideally, Li metal would be used 

as the anode material as it allows for the widest chemical potential difference and therefore 

the largest overall cell voltage.[6] However, due to the safety shortcomings of Li metal, lithium 

alloys were proposed instead.[7] These alloys could only survive a limited number of cycles 

due to large volume changes and thus intercalated compounds such as pyrolytic carbon (LixC6) 

were developed.[8]  
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 In 2019 the Nobel prize in chemistry was awarded to John B. Goodenough, M. Stanley 

Whittingham, and Akira Yoshino for the development of the lithium-ion battery. 

Whittingham’s contribution was awarded due to his research into titanium disulphide as an 

intercalated cathode material; Goodenough’s for his research into lithium cobalt oxide as a 

cathode material, which increased the voltage of LIBs from 2.2 V to 3.7 V (Section 1.2); and 

Yoshino’s for the creation of the first LIB using pyrolytic carbon as the anode instead of lithium 

metal in 1985. This substantially increased the cycle life and safety of LIBs; thus, it was the 

first commercially viable LIB produced.[9]  

 The subsequent sections aim to give an overview of the main contenders for the 

anode, electrolyte, and cathode materials in LIBs, with an emphasis on Li-based spinels.  

 

 

Figure 2.1. Schematic of a lithium-ion battery, comprising of a graphite (LixC6) anode and a LiCoO2 
cathode, separated by an electrolyte (LiPF6 in a non-aqueous organic solvent).[2] 
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Figure 2.2. Schematic showing the relative energy separation (Eg) of an electrolyte, compared to the 
electrochemical potential of the anode (µA) and cathode (µC).[2]  

 

2.2. Anode Materials 

The ideal anode material for LIBs would have the following characteristics: little to no volume 

change during cycling, good mechanical stability, reasonable electronic and ionic conductivity 

(>10-3 S cm-1), high volumetric and gravimetric capacity, low cost, and a low electrochemical 

potential vs. Li.[10] As previously discussed, (Section 2.1), Li metal cannot currently be used 

in LIBs due to the inherent safety concerns, although it is commonly used as a reference 

material for the majority of fundamental research in the area.[6], [11] Current anode 

materials are significantly safer than metallic lithium, yet they sacrifice capacity and have a 

larger electrochemical potential vs. Li. The main contenders can be categorised into three 

distinct groups: intercalation materials e.g. graphitic carbon and Li4Ti5O12, alloying metals e.g. 

Sn and Si, and conversion materials, such as Co3O4.[12], [13]  

 

2.2.1. Intercalation Anodes 

Intercalation-type anode materials are the most commercially successful employed in 

LIBs.[12] During charge in a full cell, lithium-ions are inserted into the host structure with little 

volume change and therefore the basic structure of the host material is maintained. Graphitic 

carbon can accommodate Li-ions between graphene sheets, enabling one Li-ion per six-
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membered ring of carbon atoms (LixC6).[14] It is typically the anode material of choice, owing 

to its many advantageous properties. For instance, good mechanical stability, reasonable 

electrical and Li-ion conductivity, availability, low cost, low electrochemical potential vs. Li 

(0.1-0.3 V) and low volume change during cycling (ca. 10 %).[15], [16] Little to no volume 

change is required to maintain the SEI layer which would otherwise consume more Li-ions, 

leading to greater irreversible capacity loss. Although graphite displays excellent mechanical 

and electrochemical stability, it is limited by its relatively low specific capacity (370 mAh g-

1).[16], [17] Graphitic carbon also limits the choice of electrolyte, as some solvents such as 

propylene carbonate (PC) can intercalate between the graphene sheets, further reducing 

capacity.[18] Another drawback of graphitic carbon is its limited rate capability, i.e. how fast 

the battery can be charged, due to the tendency for plating Li metal on the anode surface at 

higher charge rates. This can lead to SEI breakdown, resulting in capacity loss and safety 

concerns due to the potential for the battery to short circuit as Li metal continues to grow 

across the separator during subsequent cycles.[19]       

Li4Ti5O12 (LTO) has been developed as an anode material within LIBs due to its greatly 

improved safety characteristics over other candidates. LTO crystallises in the normal spinel 

structure: a close-packed array of O2- anions with tetrahedral 8a sites fully occupied by Li-ions 

and octahedral 16d sites also fully occupied, one sixth with Li-ions, with the remaining five 

sixths with Ti4+. The LTO spinel structure has several empty tetrahedral (8b and 48f) and 

octahedral (16c) sites which enable lithium to be inserted.[20], [21] During lithiation 

(discharge vs. Li), a solid solution between the two end members Li4Ti5O12 and Li7Ti5O12 is 

formed in the following reaction: 

[Li]8a[Li1/3Ti5/3]16d[O4]32e + 3Li+ + 3e- → [Li2]16c[Li1/3Ti5/3]16d[O4]32e 

The additional Li-ions cause a shift in lithium occupation from tetrahedral 8a to 16c 

octahedral sites, due to the small interatomic distance between lithium sites (1.81 Å).[21]–

[23] To accommodate the additional lithium-ions three out of five Ti atoms are reduced from 

Ti4+ to Ti3+ and a phase change occurs from the Li-poor spinel Li4Ti5O12 to the Li-rich rocksalt 

Li7Ti5O12 (Figure 2.3). The corresponding volume change is negligible, at ca. 0.2 – 0.3 %, 

compared to approximately 10 % for graphite due to the very similar lattice parameters 

between end-members.[20] LTO also displays a flat voltage plateau at 1.5 V and is capable of 

fast (dis)charge rates. The higher potential vs. Li means there is little to no SEI or dendrite 
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formation on charging.[24] Whilst this enables an extremely large cycle life, it also means that 

the overall cell voltage is lower, at ca. 2.5 V compared the to 3.7 V obtained when using 

graphite-based anodes.[24], [25] The main disadvantages of LTO over other anode candidates 

are its low electronic conductivity (<10-13 S cm-1) and relatively low theoretical capacity (175 

mAh g-1).[21] To overcome its poor electronic conductivity, research has focused on 

fabricating Li4Ti5O12 nanoparticles and carbon-based surface coatings.[21], [26], [27] These 

research efforts have enabled LTO-based anodes with extremely fast charging rates, e.g. a 

specific capacity of 156 mAh g-1 was observed on charge at a C-rate of 50C for 20 nm sized 

LTO nanoparticles.[26] 

          

 

Figure 2.3. Crystal structure of a) spinel Li4Ti5O12 and b) rocksalt Li7Ti5O12. Li and Ti atoms on octahedral 
16d sites are shown in green and Li atoms on tetrahedral 8a and octahedral 16c sites are shown in 
yellow.[21] 

 

 Anode materials based on the inverse spinel structure have also been demonstrated 

with the general formula LiMVO4 (M = Ni, Cu, Mg and Zn).[28]–[30] The inverse spinel 

structure can be described as a close packed array of O2- anions with Li and M2+ cations 

distributed randomly over octahedral 16c sites with the tetrahedral 8b sites occupied by V5+ 

ions. For example, the compounds LiMg1-xZnxVO4 (x = 0 to 1) were investigated by Uyama et 

al. as anode materials due to the potential of a two electron V5+/3+ redox process. 

Compositions with x = 0 displayed an initial discharge (lithiation) capacity of ca. 581 mAh g-1 



20 
 

and an operating voltage of ca. 0.8 V vs. Li. The subsequent charge (delithiation) was, 

however, significantly lower at ca. 200 mAh g-1, suggesting a large irreversible reaction had 

occurred.[30] The proposed overall reaction mechanism can be described by: 

[V5+]8b[LiM]16cO4 + 2Li+ + 2e- → [Li]8b[LiV3+]16d[LiM]16cO4 

 The large irreversible capacity loss was attributed to vanadium being unable to be 

oxidised back to V5+ during delithiation; instead, a one-electron process occurs in subsequent 

cycles.[30] For compounds containing Zn, the rocksalt phase (LiaZnbVc)O was observed 

alongside [Li]8b[LiV3+]16d[LiM]16cO4 using ex-situ X-ray powder diffraction, resulting in the 

reaction mechanism: 

[Li]tet[LiV3+]oct[LiM]octO4 + xLi+ + xe- → x(Lia,Znb,Vc)O 

  This reaction mechanism differs from LTO and other normal spinels, with vanadium 

cations shifting from tetrahedral to octahedral sites to enable Li diffusion through 8b 

tetrahedral sites to 16d octahedral sites (Figure 2.4), followed by a conversion-like mechanism 

(Section 2.2.3). The formation of the rocksalt phase enabled significantly larger capacities with 

increasing x, up to 1008 mAh g-1 for x = 1. However, the formation of this phase was also 

suggested to cause poor capacity retention (ca. 42 % after 30 cycles for x = 1) due to isolation 

of active material from the conducting carbon.[30] These materials were only measured for a 

limited number of cycles with a slow charge/discharge rate of 0.05 C.[30] Their practical use 

is also limited by the large irreversible capacity loss seen during the first cycle. Nevertheless, 

they are promising anodes due to their lower operating voltage vs. Li and slightly larger 

capacity compared to LTO. 
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Figure 2.4. Reaction mechanism of the inverse spinel LiZnVO4 anode during lithiation.[30] 

 

2.2.2. Alloying Metals  

Si and Sn are examples of metals which can form alloys with lithium and have low 

electrochemical potentials, as well as extremely large volumetric and specific capacities. Si 

has an operating voltage range of 0.1 – 0.4 V vs. Li and a theoretical capacity of ca. 4200 mAh 

g-1. Meanwhile, Sn has an operating voltage of ca. 0.4 V and a theoretical capacity of 960 mAh 

g-1.[10], [12], [31] They act as anode materials via an alloying mechanism, where during 

lithiation, they can react with Li-ions to form various lithium-based alloys such as Li12Si17.[32] 

This process can by described by: 

    M + xLi+ + xe- → LixM (M = metal) 

  Both Si and Sn suffer from huge volume changes during lithium insertion (>400 and 

255 %, respectively), which results in loss of contact between the electrode/electrolyte 

interface.[15], [25] This can damage the SEI layer, leading to greater consumption of the 

electrolyte and Li-ions. The huge volume change during cycling means these materials have 

low coulombic efficiencies and  poor cycling stability, thus severely limiting their commercial 

application. For example, Si powder has an initial coulombic efficiency of only ca. 36 % during 

the first charge/discharge cycle, which continues to decrease during subsequent cycles.[33] 

To overcome these issues, carbon composites with small additions of the alloying element 

have been investigated to increase cycle life.[13], [34], [35] These nanocomposite materials 

can accommodate large volume changes during cycling, resulting in greater capacity retention 

over time (up to 97 % after 1000 cycles). [13], [35], [36] As a result, Si/carbon nanocomposite 
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materials are seen as the next generation anode materials, offering improved specific 

capacities (up to 500 mAh g-1) over their graphitic carbon counterparts.[37]    

 

2.2.3. Conversion Anodes 

Many transition metal oxides can react with Li-ions and are potential anode materials. The 

mechanism differs from intercalation-type metal oxides such as LTO, where the basic 

structure is maintained, and instead follows a conversion-type mechanism which can be 

described by the following process: 

    MxOy + 2yLi+ + 2ye- → yLi2O + xM (M = metal) 

 During lithiation, the metal oxides are reduced to metallic clusters which are 

surrounded in a Li2O matrix. During delithiation, the process is reversible, and the metallic 

clusters react with Li2O to reform the corresponding metal oxide.[31] Examples of conversion-

type anodes include CuO, Co3O4, Fe2O3/Fe3O4 and Mn3O4, many of which are based on the 

spinel structure.[38]–[41] The main advantage of these materials over intercalation-type are 

their high theoretical capacity (e.g. CuO = 674 mAh g-1, Co3O4 = 890 mAh g-1 and Fe3O4 = 1007 

mAh g-1). However, a large hysteresis in the voltage during cycling is observed e.g., Co3O4 has 

an operating voltage of 1.1 V and 2.1 V vs. Li during lithiation/delithiation, respectively (Figure 

2.5).[31], [40] The overpotential significantly limits the capacity and thus the energy density, 

alongside columbic efficiency (ca. <70 %). This is due to a large irreversible capacity loss 

observed during the first cycle, as not all the Li2O can be oxidised on delithiation.[40] Like 

alloying-type anodes, strategies such as lowering the particle size (increasing surface area), 

multiphase composites and thin films have been implemented to increase cycling 

stability.[13], [31], [41] However, these are yet to produce a high capacity anode with the 

cycle life required for commercialisation.   
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Figure 2.5. Charge/discharge curves of Co3O4 vs. Li, demonstrating the large overpotential seen in 
conversion anodes during cycling.[40] 

 

 

2.3. Electrolyte Materials 

The choice of electrolyte used in LIBs greatly influences the operating voltage, power density, 

cycle life and critically, the safety parameters in these systems. The safety aspects of LIBs are 

frequently governed by the chemical stability (electrolyte window) of the electrolyte used, 

especially since it is in close proximity with the electrodes. As such, advances in new cathode 

and anode materials are often limited practically by their compatibility with current 

electrolyte materials. These compatibility issues have led to more attention being placed on 

the choice of electrolyte, but it is imperative that cathode, anode, and electrolyte materials 

be developed in tandem to overcome the challenges associated with LIBs. 

Electrolyte materials are typically classed into three main groups: organic and 

inorganic liquids, polymers, and inorganic solids.[42]–[44] Regardless of the type, several 

criteria must be fulfilled for practical viability: 

1)  A large electrolyte window, and thus thermodynamically stability in contact with 

the electrodes used. 
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2) Kinetic stability if the electrode potentials lie outside the thermodynamic stability 

range.  

3) Ionically conductive, i.e. an ionic conductivity, σi ≥ 10-3 S cm-1 at 25 °C. 

4) Electronically insulating, i.e. an electronic conductivity, σe < 10-10 S cm-1 at 25 °C. 

5) Chemical and mechanical stability over an operating temperature range of 

typically -20 °C to 60 °C.  

6) Preferably materials that are non-flammable, non-toxic, whilst also being 

sustainable and relatively cheap to fabricate.  

Meeting all of these conditions demonstrates why the development of new electrolytes is 

such a challenging task. 

 

2.3.1. Organic and Polymer Electrolytes 

Depending on the required properties, the organic electrolyte is typically comprised of the 

lithium salt, LiPF6, in a carbonate-based solvent mixture of ethylene carbonate (EC) and either 

propylene carbonate (PC), dimethyl carbonate (DMC), ethyl methyl carbonate (EMC) and/or 

diethyl carbonate (DEC).[42] The most common blend used in commercial LIBs is a 1:1 molar 

mixture of EC and DMC. Lithium salts are highly soluble in the cyclic carbonate EC and more 

importantly, EC enables the formation of the solid-electrolyte interface layer. DMC is a linear 

carbonate used for its relatively low viscosity, which results in better Li-ion diffusion due to 

the lower activation energy.[43], [45]–[47] The combination of these electrolyte solutions can 

give ionic conductivities between 5-10 mS cm-1 and is one of the main reasons they are still 

widely used today. Despite this, carbonate-based solvents and lithium salts have several 

drawbacks; they are volatile and highly flammable; the ionic conductivity can drop 

significantly below -15 °C, limiting the operating temperature range; whilst the lithium salts 

used are expensive and toxic.[46]  

The most common electrolyte solution of 1:1 EC and DMC (generation one) is 

thermodynamically stable with current commercial cathode materials however, this is not the 

case on the anode side. To enable the use of graphitic carbon as the anode, a passivating SEI 

layer must form for the electrolyte to be stable (Section 2.2.1). During this process, 

approximately 10 % of the battery’s capacity is lost and the resulting interface formed may 
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impede Li-ion mobility. Nevertheless, the SEI layer provides kinetic stability via enlarging of 

the electrolyte window thus, preventing further chemical reactions between the electrolyte 

and electrodes.[17], [48] The main drawback with carbonate-based electrolytes are their 

relatively low operating voltage stability. Generation one based electrolytes are unstable 

when charging above 4.5 V vs. Li; generation two (1.2 M LiPF6 in 3:7 EC/EMC) increased the 

stability to 4.9 V vs. Li however, this is still incompatible with many high voltage cathode 

materials, with cells made using materials that operate at high potentials still suffering from 

significantly limited cycle life (Section 2.4.4).[49], [50] 

Over time, the lithium salt can also undergo chemical side reactions. LiPF6 can decompose 

to LiF and PF5, which are involved in surface reactions on the anode, disrupting the SEI layer. 

The decomposition product, PF5 can react with water or carbonate solvents to release PF3O 

and HF. HF can then interact with the cathode, leading to reductions in capacity, cycle life, as 

well as additional safety concerns.[45], [48], [51] 

Polymer electrolytes can be treated as composite materials consisting of a polymer such 

as polyethylene oxides (PEOs) and a lithium containing salt (LiPF6) or inorganic solid 

electrolyte. They have the advantages of being low-cost, less toxic and display good chemical 

stability and mechanical properties.[43], [52] Unfortunately, they are poor Li-ion conductors 

at room temperature and have yet to be implemented into LIBs.[53] Confusingly, systems 

based on so-called lithium polymer batteries (LiPo) are already a commercial reality. These 

use polymer-gel electrolyte materials that can be described as hybrid systems which aim to 

exploit the advantages of both solid-polymer and organic carbonate electrolytes. Polymer-gel 

electrolytes use a microporous membrane separator and are infused with liquid electrolytes 

to form a gel (Figure 2.6).[3] Unlike their solid polymer counterparts, they offer comparable 

ionic conductivities to carbonate-based electrolytes, whilst also offering additional benefits 

such as flexibility, lightweight, and lower the chances of leakage.[54] The nature of these 

hybrid systems means that they also exhibit many of the same disadvantages as organic 

carbonate-based electrolytes such as flammability, continued capacity loss and reduced 

mechanical properties compared to solid polymers.[43], [53] LiPo batteries are used 

extensively in portable devices however, ongoing incidents for example, the Samsung Note 7 

recall, reignite the debate around the safety of these systems and highlight the growing need 

for new, safer electrolyte materials.[42], [55] 
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Figure 2.6. Schematic of a commercial Li-ion polymer battery that is used within portable devices. 
Adapted from [3]. 

 

2.3.2. Inorganic Solid Electrolytes 

Inorganic solid electrolytes can potentially solve many of the problems previously discussed 

concerning liquid electrolytes. The use of a solid electrolyte with a wide electrochemical 

stability window would enable Li metal and high voltage cathode materials (> 4.5 V) to be 

used, thus improving many performance characteristics for instance operating temperature 

range, cycle life, power output, energy density, and capacity. A wide electrochemical stability 

window would also eliminate the need for an SEI layer (assuming Li metal dendrites do not 

form).[56] In addition, solid electrolytes present other advantages in terms of overall design 

and safety of LIBs when compared to their liquid and polymer-gel counterparts; they would 

remove the need for a separator, therefore simplifying cell design, whilst likewise creating a 

battery that is durable, leakage free and non-flammable.[4], [54] 

The main ceramic materials under focus are LISICON-based, NASICON-based, perovskites, 

and garnet-type Li-ion conductors. Ceramic-based electrolytes meet many of the criteria 

outlined in Section 2.3. However, the general ongoing challenges include, relatively low Li-ion 

conduction, electrode/electrolyte interfacial resistance, volume changes during cycling, and 

difficult synthesis conditions (particularly for sulphur and halide-containing electrolytes, as 

they are reactive under ambient conditions). Reported room temperature Li-ion conductivity 

ranges for many common ceramic electrolyte structural families are presented in Figure 

2.7.[54], [57]–[62]  
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Figure 2.7. Total ionic conductivity for many of the most well-known structures under investigation as 
potential solid electrolyte materials.[59] 

 

2.3.2.1 LISICONs 

The Lithium Super Ionic Conductor (LISICON) family were first described by Hong for the 

compound Li14ZnGe4O16, and later by Bruce et al. for the solution solid Li2+2xZn1-xGeO4.[63], 

[64] LISICON compounds adopt a three-dimensional (3D) framework structure similar to γ-

Li3PO4, with all cations located in tetrahedral sites (Figure 2.8).[65] Mobile Li-ions can diffuse 

between LiO4 tetrahedra and octahedral interstitial sites. Li14ZnGe4O16 exhibits a high Li-ion 

conduction of 0.125 S cm-1 at 300 °C however, the Li-ion conductivity is only 1 x 10-7 S cm-1 at 

room temperature.[57], [59], [63] Phosphorus in γ-Li3PO4 can be substituted by Si, Ge or V to 

create the solid solution Li3+xY1-xXxO4, (x = Si, Ge and Y = V, P). The excess Li, required to charge 

balance, occupy interstitial octahedral sites and increases the Li-ion conductivity in these 

systems; the highest of which is seen for the compound, Li3.6Ge0.6V0.4O4 (4 x 10-5 S cm-1 at 25 

°C).[66] Besides their relatively low conductivity, LISICON materials are reactive with lithium 

metal and CO2, limiting their usage in LIBs.[58]  
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Figure 2.8. Crystal structure of the Lithium Super Ionic Conductor (LISICON), Li14ZnGe4O16. Li atoms at 
shown in red, with ZnO4 and GeO4 tetrahedra in blue and yellow, respectively.[65], [67] 

 

Replacing oxygen for sulphur in LISICON-based materials has led to the biggest increase in 

Li-ion conduction. The thio-LISICON family of materials can achieve conductivities comparable 

or even higher than current organic-based electrolytes (e.g. Li10GeP2S12, 1.2 x 10-2 S cm-1 and 

Li3.25Ge0.25P0.75S4, 2.2 x 10-3 S cm-1 at room temperature).[68]–[70] Although, Ge is expensive 

and can be reduced at low voltages (between 1.7 and 1.6 V).[71] Attempts to substitute Ge 

for Sn or Si can give conductivities as high as 4 x 10-3 S cm-1.[61], [69], [72] The main drawbacks 

to thio-LISICON materials are: They are unstable in air (decomposing to form toxic H2S), they 

can decompose at cell voltages above 4 V (by side reactions with the cathode), and many can 

react with lithium metal to form a mixed conductive SEI layer which continues to grow during 

cycling, leading to a potential short circuit.[56], [59], [62]  
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2.3.2.2. NASICONs 

The Sodium Super Ionic Conductor (NASICON) term was first given to the solid solution 

Na1+xZr2SixP3−xO12 by Hong et al. in 1976.[73] The end-member, NaZr2P3O12 consists of corner-

sharing PO4 tetrahedra and ZrO6 octahedra. There are two interstitial sites, with Na ions fully 

occupying one, and the other remaining empty. Replacement of P5+ by Si4+ and Na+ causes 

excess sodium to partially fill empty interstitial sites, shortening the Na+ hopping distance and 

enabling a 3D conduction pathway. The lithium analogue, LiM2(PO4)3 (where M = Zr, Ti, Ge 

and Hf) likewise adopts a NASICON framework, Figure 2.9.[67], [74] However, these materials 

display low total (bulk and grain boundary) conductivity (ca. 10-7 S cm-1 at 25 °C) due to high 

grain boundary resistance and difficult sintering conditions.[57], [74], [75] Creating Li 

interstitials via substituting Ti4+ ions for lower valance cations e.g. Al3+ has a pronounced effect 

on ionic conductivity, with Li1.3Al0.3Ti1.7(PO4)3 exhibiting the highest conductivity of 3 x 10-3 S 

cm-1 at 25 °C for these materials.[76] Unlike sulphur-based electrolytes, NASICON-based 

materials are also typically stable in air and water. Nevertheless, they cannot be used with 

lithium metal due to the reduction of Ti4+ to Ti3+ during cycling.[77], [78] 

 

 

Figure 2.9. Crystal structure of the Sodium Super Ionic Conductor (NASICON), LiM2(PO4)3 (where M = 
Zr, Ti, Ge and Hf).[67], [74] 
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2.3.2.3. Perovskites  

Materials based on the perovskite structure (ABO3) have been widely investigated in the solid-

state community and are used extensively in applications such as capacitors, piezoelectrics, 

solar cells and oxygen-conductors in solid oxide fuel cells. The A-site deficient perovskite, 

Li0.34La0.51TiO2.94 currently exhibits the highest bulk Li-ion conductivity for perovskite-based 

materials (1 x 10-3 S cm-1 at room temperature).[79] The structure consists of Li and La on the 

A-site in a 12-fold coordination and corner-sharing TiO6 in the B-site (Figure 2.10).[67] The 

high bulk Li-ion conduction makes Li-containing titanate perovskites a promising class of 

materials for use as a solid electrolyte in LIBs. Despite this, these materials have several 

disadvantages such as low total Li-ion conduction (7 x 10-5 S cm-1) due to grain boundary 

resistance. They also require high sintering temperatures (>1200 °C), which can lead to 

difficulties in controlling the lithium and oxygen content.[80] Ti-containing perovskites also 

cannot be used with Li metal for the same reason as Ti-based NASICON structures.[81], [82] 

 

 

Figure 2.10. Crystal structure of the A-site deficient perovskite, (La/Li)TiO3.[67] 
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2.3.2.4. Li-stuffed Garnets 

Li-stuffed garnets have been under extensive research since their discovery in 2003, owing to 

their high Li-ion conductivity (between 10-6 to 10-3 S cm-1 at room temperature) and stability 

with Li metal.[83] The ideal garnet with a general formula, A3B2C3O12, can host a range of 

elements with A-site ions typically being group two alkali earth or rare earth elements (e.g. 

Ca, Mg, Y or La), in an eight-fold coordination; B-sites are typically +3 transition metal ions 

(e.g. Al, Fe, Ga, Ge, Mn, Ni or V), in a six-fold coordination, and C-site ions are either Si, Ge or 

Al in a four-fold coordination.[67], [84], [85] Lithium-based garnets can also incorporate many 

different elements onto A, B and C sites. Figure 2.11 highlights the compositional variation in 

Li-based garnet with cation substitution. In Li-stuffed garnets excess lithium can occupy 

mobile octahedral sites (Figure 2.12) which contribute to the high ionic conductivity seen, ca. 

10-4 to 10-3 S cm-1 at 25 °C.[85]  

 

 

Figure 2.11. Evolution of Li-stuffed garnets with cationic substitution.[84] 
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Figure 2.12. Crystal structure of a) an ideal garnet structure, A3B2X3O12 (A = rare earth element, B = Te 
and X = Li) consisting of AO8, BO6 and XO4 units and b) a Li-stuffed garnet-type structure, Li5La3M2O12, 
(M = Ta, Nb, Bi or Sb) consisting of LiO4, LiO6, LaO8 and MO6 units.[67] 

 

Li7 phases were first reported in 2007 by Murugan et al. by substituting Zr4+ for M5+ ions 

in Li5La3M2O12 (M = Ta, Nb) to give Li7La3Zr2O12 (LLZO).[86] Initial fabrication of these materials 

reported a cubic Li-stuffed garnet structure and the highest conductivity in the garnet family 

of 7.74 x 10-4 S cm-1 at 25 °C, up to this point.[86] Cubic LLZO was synthesised at 1230 °C for 

36 h, with temperatures below this producing tetragonal LLZO. The tetragonal phase exhibits 

a bulk ionic conductivity two orders of magnitude lower than its cubic counterpart (1.63 × 

10−6 S cm-1 at 27 °C).[87] The lower Li-ion conductivity was attributed to numerous reasons 

for instance, lower densities and the difference between the occupancy of Li-ions within 

tetragonal and cubic LLZO. Three main strategies have been adopted to stabilise the highly 

conductivity cubic LLZO phase: 1) partially replacing Li+ with 3+ metal ions to form the general 
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formula, Li7-3xMXLa3Zr2O12 (M = Al, Fe or Ga), 2) substituting Zr4+ for 5+ metal ions to form the 

general formula, Li7-xLa3Zr2-xMxO12 (M = Ta or Nb) and 3) substitution of La3+ for 2+ cations to 

form the general formula Li7-xLa3-xMxZr2O12 (M = Ba, Ca or Sr).[84], [88]–[93] To date, the 

highest room temperature Li-ion conductivities have resulted because of these strategies, for 

example Li6.4La3Zr1.4Ta0.6O12 (1.0 x 10-3 S cm-1), and Li6.55La3Zr2Ga0.15O12 (1.3 x 10-3 S cm-1).[89], 

[92], [94]  

Despite the high ionic conduction seen, Li-stuffed garnets face numerous challenges to 

overcome before they can be used as solid electrolytes in LIBs. They can undergo proton 

exchange (H3O+/Li+) and CO2 absorption when handled under ambient atmospheres, 

substantially reducing levels of Li-ion conductivity.[67], [84], [95] CO2 absorption can also lead 

to LiCO3 formation on the surface of pellets which greatly increases interfacial resistance with 

electrode materials during charge/discharge. While they are not reduced by Li metal, 

dendrites can form leading to safety concerns and limited cycle life. Finally, like many Li-based 

ceramics, they require sintering at high temperatures (>1000 °C) for up to 36 hours which can 

lead to difficulty in controlling lithium content and unwanted secondary phases.[96] 
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2.3.2.4. The Complex Spinel, Li2NiGe3O8 

Numerous spinel structured materials have been considered for both the cathode and anode 

(e.g. LiNi0.5Mn0.5O4 and Li4Ti5O12). Many of these spinel-structured electrodes exhibit little to 

no volume change during cycling. This gives the possibility of all-spinel solid-state batteries 

with excellent lattice matching if a solid electrolyte material with the spinel crystal structure 

could be developed.  

Some such materials have indeed been investigated such as the complex spinel, 

Li2NiGe3O8.[97], [98] Complex spinel structures have the general formula A2BB’3O8. These 

phases allow tetrahedral and/or octahedral sites to be occupied by more than one cation. 

Octahedral sites exhibit a 1:3 cation ordering, which causes a splitting of the octahedral site 

in normal spinels into two separate octahedral sites (Section 1.3). Complex spinel phases may 

also have cation mixing between octahedral and tetrahedral sites, to give the general formula 

(Li2-YMY)tet(AYM1-Y)oct1(M’)oct2O8.[99] Several lithium-based complex spinels have previously 

been reported with the general formula, Li2MM’3O8 (where M = Mg, Co, Ni, Zn and M’ = Ti, 

Ge or Mn). Examples of normal and partially inverse complex spinels are Li2NiGe3O8 and 

Li2ZnGe3O8, respectively. Li2NiGe3O8 was previously reported with moderate Li-ion 

conductivity of ca. 10-7 S cm-1 at 60 °C, and crucially is not redox active up to 5 V.[99] At room 

temperature, the crystal structure for Li2NiGe3O8 consists of lithium in tetrahedral 8c sites, 

nickel and germanium on 4b and 12d octahedral sites, with oxygen split over 8c and 24e sites 

(Figure 2.13).[99] Reeves-McLaren et al. used variable-temperature time-of-flight neutron 

powder diffraction (ToF ND) to investigate the conduction pathway of Li2NiGe3O8, finding the 

addition of a second Li site (12d octahedral site) at high temperatures.[97] The conduction 

pathway was proposed to be a 3D 8c-12d-8c hopping mechanism (Figure 2.14).[97] Further 

computational work by Nakayama et al. confirmed the activation energy for this hopping 

pathway was lower than others proposed and therefore more likely.[100] On the other hand, 

Li2ZnGe3O8 exhibits extremely low Li-ion conduction. This is because zinc in Li2ZnGe3O8 

partially occupies 8c tetrahedral sites ([Li/Zn]tet8c[Li]oct4b[Ge3]oct12dO8) that block the 8c-12d-8c 

pathway for Li-ion to migrate through, thus a more complex mechanism is required that limits 

Li-ion conduction.[97], [99]  

 If the Li-ion conductivity of these complex spinel phases could be improved, then they 

may be utilised as solid electrolytes in LIBs or in composite materials with a faster Li-ion 
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conducting electrolyte. This would help minimise interfacial resistance between the 

electrode/electrolyte, which many materials currently suffer from.[101]   

                        

 

Figure 2.13. Crystal structure and 3D migration network in the complex spinel, Li2NiX3O8 (X = Ge).[100] 

 

 

Figure 2.14. 8c-12d-8c conduction pathway in the complex spinel, Li2NiGe3O8.[97] 
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2.4. Cathode Materials 

Since the commercialisation of LIBs in 1991, the development and understanding of cathode 

materials have arguable seen the most improvement, compared to their anode and 

electrolyte counterparts. This is partly due to the cathode often being the limiting component 

of full cells in terms of capacity, energy density and cycle life.[45] The main contenders are 

often drawn from a small number of structural families that include: 1) Layered transition 

metal oxides, 2) Li-rich metal oxides, 3) Olivine-type and 4) spinel-based structures. These 

materials all consist of a host framework, which enables Li-ions to shuttle in-between the 

framework during charge/discharge. Research into state-of-the-art materials have focused of 

improving operating voltage, capacity, cycle life and safety aspects.    

  

  2.4.1. Layered Transition Metal Oxides 

The layered transition metal oxide family LiMO2 (M = Co, Ni, Mn) was first proposed by 

Goodenough et al. in 1989.[102] This new family of materials resulted in LIBs with higher 

voltages (3.7 V) and energy densities (120-150 W h/kg) than previously seen.[4] The structure 

is comprised of a cubic close-packed anion array, (O2-), with cations (Li and M) occupying 

octahedral sites in ordered alternating layers.[103] During cycling, Li-ions can diffuse via a 

two-dimensional conduction pathway, in which they can hop into adjacent octahedral sites 

through empty tetrahedral sites (Figure 2.15). Li1-xCoO2 has a theoretical capacity of 275 mAh 

g-1 however, its specific capacity is only half of this at ca. 140 mAh g-1 in practice.[2], [104] 

Attempting to extract more Li-ions, beyond x ≥ 0.5, leads to a phase transition from a 

rhombohedral to monoclinic crystal structure. Over time, this structural change can result in 

cracking and other defects of the electrode material.[105] Besides capacity loss over time, 

delithiation greater than x = 0.5 can cause oxygen gas evolution, which can then react with 

the organic electrolyte, generating heat and leading to thermal runaway in extreme cases.[4] 

The use of cobalt means these materials are often toxic and expensive to produce due to 

cobalt’s unstable and limited supply. These supply limitations are expected to greatly increase 

due to the rapid growth of electric vehicles.[106] Attempts to transition to the lower cost and 

more environmentally compatible LiNiO2 were unsuccessful due to mixing between Li and Ni 

layers during synthesis and cycling.[25], [104], [107] This interlayer mixing blocks Li-ion 

diffusion, thereby limiting capacity, and cycling performance. LiNiO2 also suffers from low 
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thermal stability and ordered layered structure can be difficult to synthesise.[108] The 

manganese analogue, LiMnO2, has greatly improved thermal stability although, it also has 

several drawbacks such as being difficult to synthesise in its layered form, converting to the 

spinel LiMn2O4 on charge and interlayer mixing between Mn and Li layers.[104], [109]  

 

Figure 2.15. Two-dimensional Li-ion conduction pathway (shown by the yellow arrows) in the layered 
transition metal oxides LiMO2 (M = Co, Ni, or Mn). Li-ion (purple) can diffuse through the lithium layers 
via hopping into adjacent octahedral site.[103] 

 

Layered transition metal oxides have been studied extensively, with researchers 

endeavouring to combine the various strengths of Ni, Co, and Mn whilst minimising the 

drawbacks (Figure 2.16).[104] Doping with Mn has been shown to improve thermal stability, 

higher Ni content increases discharge capacity however, it also leads to larger volume changes 

and cracking, reducing cycle life.[110] Despite the increase in cost, Co stabilises the ordered 

layered structure, preventing intermixing of cations within individual layers as well as 

improving rate performance.[25], [111], [112] These efforts have led to compounds such as 

Li[Ni1/3Co1/3Mn1/3]O2, commonly referred to as NMC-111 or NMC-333, which show improved 

thermal stability and specific capacity (up to 170 mAh g-1) over their LiMO2 

counterparts.[104], [113] More current research has focussed on reducing the reliance of Co 

in NMC, while increasing Ni content due to the higher discharge capacities seen (> 200 mAh 

g-1 in NMC-811).[114] Other strategies include doping with small amounts of non-redox active 

cations such as Al in an effort to minimise interlayer mixing and increase structural 
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stability.[111] For example, Li[Ni0.80Co0.15Al0.05]O2 (NCA) has a discharge capacity of 199 mAh 

g-1 and has been successfully commercialised.[114]  

 

 

Figure 2.16. Summary of the effects of dopants in the layered transition metal oxide, NMC. The 
numbers in brackets indicate the Ni, Mn and Co fractional content, showing that Mn governs thermal 
stability, Ni discharge capacity and Co capacity retention.[104] 

 

2.4.2. Li-rich Cathode Materials 

Li-rich oxides are seen as some of the next generation cathode materials due to their large 

specific capacity, in excess of 250 mAh g-1, with average discharge voltages of ca. 3.5 V vs. 

Li/Li+.[104], [115], [116] Li-rich oxides have the general Li1+xM1-xO2 (M = transition metal) with 

a Li/M ratio greater than one. They are typically classified into two groups: layered Li-rich 

oxides (e.g. Li2MnO3 and Li2RuO3) and disordered Li-rich oxides (e.g. Li4Mn2O5 and 

Li2VO2F).[117]–[120] Layered Li-rich oxides adopt a similar structure to LiMO2 (M = Mn, Ni or 

Co), where additional Li-ions partially occupy the transition metal layer. In contrast, all cations 

are randomly distributed in disordered Li-rich oxides, Figure 2.17.[116]      



39 
 

 

Figure 2.17. Structure of Li-rich oxides a) ordered b) disordered.[116] 

 

Layered Li-rich oxides tend to display greater cycling stability and higher discharge 

voltages, whereas disordered Li-rich oxides tend to show higher specific capacities.[116] The 

larger observed capacity seen in these materials, compared to their layered transition metal 

counterparts, is due to their ability to undergo anionic (O2-/O2
2-), as well as cationic redox 

reactions. These redox processes are typically observed in charge/discharge voltage profiles 

by a smooth slope below 4.5 V, followed by a voltage plateau between 4.5 to 4.6 V during  the 

initial charge. On discharge, a single slope is typically seen from 4.6 to 3 V, Figure 2.18.[121] 

This highlight’s one of the significant challenges in developing Li-rich cathode materials due 

to voltage fade over subsequent cycles, reducing energy density. Additional drawbacks 

include capacity fade and low initial coulombic efficiency due to irreversible structural 

changes and severe O2 loss, which currently limits their commercialisation.[116]  
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Figure 2.18. Charge/discharge voltage profile of the layered Li-rich oxide Li1.2Ni0.2Mn0.6O2, highlighting 
the challenge of voltage fade in Li-rich cathode materials.[121]  

   

2.4.3. Olivine-type Cathode Materials 

Olivine-type materials (theoretical capacity ≈ 170 mAh g-1), with general formula LiMPO4 (M 

= Fe, Mn, Co and Ni) are promising cathodes due to their potential use in applications 

requiring high power density and thermal stability e.g. electric vehicles.[122]–[124] The 

olivine-type structure consists of a distorted hexagonal close-packed framework in which Li+ 

and M2+ ions occupy octahedral sites, with P5+ in tetrahedral sites, Figure 2.19.[125] Li+ ions 

can only travel through one-dimensional (1D) tunnels, which together with the lack of a 

continuous network of MO6 octahedra, results in low electronic and ionic conductivity.[124], 

[126], [127] This is one of the major drawbacks of this class of materials. Of the different 

olivine-type materials LiCoPO4 and LiNiPO4 are considered high voltage cathodes, operating 

at 4.8 V and 5.1 V respectively. LiMnPO4 and LiFePO4 operate at lower potentials of 4.1 V and 

3.4 V, respectively.[124] The higher voltage of Co and Ni- olivine materials enables larger 

energy densities, though these are currently incompatible with current organic electrolytes, 

limiting cycle life and practical uses.[124], [128] Likewise, LiMnPO4 has a higher theoretical 

energy density than LiFePO4 but suffers from lower electronic conductivity (reducing rate 

performance) and capacity fade over time due to structural changes caused by the presence 

of Mn3+ and associated Jahn-Teller distortions, which limit Li-ion diffusion at the 

LiMnPO4/MnPO4 interface.[128]  
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LiFePO4 has received the most attention due to its low toxicity, low cost, inclusion of high 

abundance materials, and excellent thermal stability.[126], [129] Despite the lower energy 

density compared to other olivine-type materials, LiFePO4  has the highest electronic and ionic 

conductivity and is the easiest to prepare. Since its conception, researchers have focused on 

improving its electrochemical properties via carbon coating, reduction of particle size and 

partial cation or anion substitution.[126], [130]–[134] LiFePO4 has been successfully 

commercialised in applications that require long cycle life at moderate voltages.[124] 

 

 

Figure 2.19. Structure of Olivine-type LiMPO4 (M = Fe, Co or Ni) during charge and discharge, showing 
Li-ion in green, MO6 octahedra in blue and PO4 tetrahedra in purple.[123]  
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2.4.4. Li-containing Normal Spinels 

LiMn2O4 was first reported as a potential cathode material in 1984, with a theoretical capacity 

of ca. 148 mAh g-1.[135] It benefits from many of the same safety, cost, and environmental 

factors as LiFePO4, whilst operating at a slightly higher voltage of 3.9 V vs Li/Li+.[136], [137] 

LiMn2O4 adopts a cubic spinel structure (Section 1.3), which enables Li-ions to follow a three-

dimensional conduction pathway through empty 16c octahedral sites, adjacent to their 

typical 8a sites, before migrating on to the next tetrahedral site forming an 8a-16c-8a route 

(Figure 2.20). LiMn2O4 was successfully commercialised in the first-generation electric 

vehicles e.g. Nissan Leaf. Nevertheless, LiMn2O4 suffers from significant capacity loss over 

time at elevated temperatures due to 1) disproportionation of Mn3+ to Mn2+ and Mn4+ and 2) 

Jahn-Teller distortion of Mn3+ ions. The Jahn-Teller distortions can cause a phase transition 

from cubic to orthorhombic; while Mn2+ can react with the electrolyte and SEI layer in side-

reactions that consume Li-ions, thus reducing capacity.[136]–[138] Partial substitution of Mn 

with other transition metal ions to form LiMn2-xMxO4 (M = Ni, Fe, Cr, Cu and Co), Table 2.1, 

can limit the disproportionation reaction and improve cycle life, whilst also increasing the 

operating voltage from 3.9 V to ca. 5.0 V depending on the transition metal used.[139]–[144] 

This offers an alternative route towards superior energy densities relative to pure 

LiMn2O4.[142], [145] 

 

 

Figure 2.20. Li-ion conduction pathway in normal disordered spinels.[30] 
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Table 2.1. Electrochemical data for potential high voltage spinel-based cathode materials.[145]–[147] 

Cathode Material Structure 

Type 

Redox couple and Discharge 

voltage vs. Li/Li+ 

Theoretical Capacity 

(mAh g-1) 

LiNi0.5Mn1.5O4 Normal 

Spinel 

Ni2+/3+/4+, 4.7 V 147 

LiCrxMn2-xO4 (x = 0.5 

to 1) 

Normal 

Spinel 

Cr3+/4+, 4.8 V 

Mn3+/4+ 3.9 V 

151 

LiCoxMn2-XO4 (x = 

0.5 to 1) 

Normal 

Spinel 

Co3+/4+, 5.0 V 

Mn3+/4+ 3.9 V 

145 

LiFe0.5Mn1.5O4 Normal 

Spinel 

Fe3+/4+, 5.1 V 

Mn3+/4+ 3.9 V 

148 

LiCu0.5Mn1.5O4 Normal 

Spinel 

Cu2+/3+, 4.9 V 145 

LiNiVO4 Inverse 

Spinel 

Ni2+/3+, 4.8 V 148 

 

These doped LiMn2O4 materials have the general formula LiMMnO4 (M = Cr or Co) or 

Li2MMn3O8 (M = Cr, Cu, Co, Fe, or Ni).[145] Several of these materials exhibit cationic ordering 

on the octahedral sites, e.g. 3:1 order of Li2NiMn3O8. Sigala et al. reported Cr substitution for 

Mn in the formula LiCr3+
xMn3+

1-xMn4+O4 (x = 0 to 1) gave rise to two voltage plateaus, one at 

3.9 V due to Mn3+/4+ and another at 4.8 V due to Cr3+/4+. Cr-substitution was observed to 

improved cyclability up to x = 0.5 compared to LiMn2O4.[139] This improvement is likely due 

to the replacement of Mn3+ ions, limiting disproportionation and Jahn-Teller distortions. 

Above x = 0.5 Sigala et al. noticed a detrimental effect of Cr-substitution, which was explained 

by structural defects during cycling. These structural defects can lead to partial occupancy of 

Lithium tetrahedral sites by Cr6+ ions that block the 8a-16c-8a conduction pathway.[140] 

Substitution of Mn by Cu, Co and Fe with the formulas Li2CuMn3O8, Li2CoMn3O8, and 

Li2FeMn3O8  also leads to the observation of two voltage plateaus at 3.9 V and 4.9 V for Fe 

and Cu and 5.1 V for Co.[141]–[145] As previously mentioned, Mn3+ ions can have a 

detrimental effect on cyclability and thus the 3.9 V plateau should be avoided. On cycling, 
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LiCoMnO4 and Li2NiMn3O8 both exhibit a single (dis)charge plateau at 5.0 V and 4.7 V 

respectively, with Mn ions all ideally being in the 4+ oxidation state. Initial reports show that 

LiCoMnO4 and Li2NiMn3O8 exhibit discharge capacities of ca. 95 mAh g-1, with theoretical 

capacities of 145 and 147 mAh g-1 respectively.[145] Despite the slightly lower voltage, 

Li2NiMn3O8 have received a greater deal of attention because nickel is cheaper and more 

environmentally friendly than cobalt, as previously discussed.  

The disordered Fd3̅m phase of Li2NiMn3O8 is considered to have improved long term 

cyclability over the ordered P4332 phase. This has been attributed to greater electronic 

conductivity and charge-transfer kinetics of the disordered phase.[136], [138] However, 

preparation of phase-pure Li2NiMn3O8 can be difficult due to the formation of rocksalt 

impurity phases, such as NiO and Li2MnO3.[147], [148] The ordered phase is typically 

synthesised at 700 °C, while the disordered phase is typically prepared by sintering at 900 °C. 

The elevated temperatures required can result in oxygen loss and the reduction of Mn4+ to 

Mn3+.[138], [148] In this instance, the formation of an Li2MnO3-δ phase with a small amount 

of Mn3+ has been shown to improve rate performance due to increased electronic 

conductivity.[138] Small amounts of substitution of Ni and/or Mn by M3+ ions for instance, Fe 

and Cr, have been shown to be beneficial to long term cycling (Figure 2.21).[149] Such dopants 

can reduce oxygen vacancies and rocksalt impurities, whilst also generating small amounts of 

Mn3+ to charge balance, increasing charge-transfer kinetics.[150]  

Other significant problems with lithium manganate spinels are the dissolution of Mn at 

high voltages and the breakdown of the organic electrolytes. Both doping and surface coating, 

e.g. with Al2O3, have been demonstrated to be beneficial and limit these concerns.[151], [152] 

However, these strategies do not eliminate the drawbacks of high voltage cathodes with 

current electrolytes completely; more robust liquid electrolytes and/or solid electrolytes need 

to be developed to make high voltage cathodes commercially viable. 
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Figure 2.21. Summary of doping strategies for the high voltage cathode Li2NiMn3O8.[149]   

 

2.4.5. Li-containing Inverse Spinels 

Cathode materials based on the inverse spinel structure have received less attention than 

their normal spinel counterparts. The three main materials investigated are LiMnVO4, LiCoVO4 

and LiNiVO4, operating at 3.8 V, 4.2 V and 4.8 V vs. Li/Li+, respectively.[153], [154] These 

vanadate-based inverse spinels have theoretical capacities of ca. 148 mAh g-1 however, their 

observed capacity is significantly lower at between 40 to 50 mAh g-1.[155] LiMnVO4 displays 

the highest observed capacity at ca. 90 mAh g-1, though the phase can only be formed at high 

pressures (5.5 GPa), instead forming an olivine structure at ambient pressures.[154], [156] 

Another drawback is the significant and irreversible capacity loss over time. Explanations for 

this have been limited, with low electronic conductivity and cation mixing over octahedral 

and tetrahedral sites during charge/discharge cycles suggested to be major factors.[156]–

[158] 

In an effort to improve cycling performance, several doping strategies have been carried 

out, which includes: 1) mixed solid solutions between LiNiVO4 and LiCoVO4 (LiNi1-xCoxVO4, x = 

0 to 1), 2) partial substitution of Co2+ for Cr, Cu and Fe (LiCo0.9M0.1VO4), and 3) Partial 

substitution of LiNiVO4 and LiCoVO4 by Mn to form the general formula Li(Ni/Co)1-

xMnxVO4.[159]–[161] The first strategy had little effect on the overall cycling performance. 

However, strategies two and three have been shown to improve electronic conductivity and 
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overall cycling performance, increasing initial (dis)charge capacities, and improving 

cyclability.[160], [161] Following on from these strategies, several groups have tried co-

doping of LiNiVO4 with Mn and Co to produce the composition LiNi1/3Co1/3Mn1/3VO4.[156], 

[162] Unlike the parent phase LiNiVO4, only Mn and Co in LiNi1/3Co1/3Mn1/3VO4 appears to be 

redox active, operating at between 3.6 to 4.2 V for Mn2+/4+ and between 4.3 to 4.6 V for 

Co2+/3+. Kitajou et al. reported that the initial capacity of LiNi1/3Co1/3Mn1/3VO4 can be increased 

further by the introduction of transition metal vacancies to give the general formula 

Li(Ni1/3Co1/3Mn1/3)1-xV1-xO4 (x = 0.1 and 0.2).[156] This material has the highest observed 

discharge capacity in an inverse spinel, at 120 mAh g-1 on the first cycle, decreasing to ca. 100 

mAh g-1 after 20 cycles. Despite the relatively high voltage inverse spinels can operate at, the 

dramatic capacity fade over the limited number of charge/discharge cycles (20 to 30 cycles) 

investigated is a significant hindrance to their practical use.     

Unlike normal spinels such as LiMn2O4, Li-ion diffusion in inverse spinels is unexpected as 

there are no obvious tunnels through which Li-ions can diffuse. This is due to the random 

distribution of octahedral sites by both Li and transition metal cations. For example, once Li-

ions hop into adjacent empty tetrahedral sites, their diffusion may be blocked by the presence 

of the transition metal cations in octahedral sites. Nevertheless, the limited reversible 

charge/discharge capacities suggest the Li-ion conduction pathway in inverse spinels is not 

completely blocked by the shared occupancy of octahedral sites. Page et al. used neutron and 

X-ray total scattering to investigate the local ordering in a number of inverse spinels.[163] It 

was suggested that inverse spinels such as LiNiVO4 adopted an ordered structure (space group 

P4122) up to 8 Å, in which Li+ and Ni2+ cations order alternatively in 4a and 4b octahedral sites, 

Figure 2.22.[163] However, these octahedral sites are not fully ordered, with ca. 25 % cation 

site mixing observed in the local structure. In contrast, no ionic conduction is reported in the 

long range ordered inverse spinel LiZnNbO4 (P4122), in which Zn2+ cations occupy tetrahedral 

4c sites, with Li+ and Nb5+ cations fully ordered over 4a and 4b octahedral sites.[164]  
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Figure 2.22. Short range ordered (P4122) structure of LiM2+VO4. LiO6 and MO6 octahedra are shown in 
green and blue, respectively, with VO4 tetrahedra in orange.[163] 

 

Several other inverse spinels have previously been reported in the 1960’s with the general 

formula Li3M3+V2O8 (M = Cr or Ga). Blasse reported an Li3CrV2O8 phase crystallising in an 

inverse spinel structure, [Li1.5Cr0.5]oct[V]tetO4,[165] suggesting a 1:3 ordering on octahedral 

sites was evident from X-ray diffraction patterns. At a similar time, Joubert and Durif reported 

the same Li3CrV2O8 phase to be a disordered inverse spinel (space group Fd3̅m).[166] The 

aforementioned study by Page et al. indicated that there is a correlation between the ionic 

radii and cation charge difference on the presence of ordering on octahedral sites. For 

instance, an inverse spinel with a larger charge and ionic radius difference is likely to possess 

long range ordering, as is the case for LiZnNbO4 (charge and ionic radius difference = 4 and 

0.12 Ȧ respectively).[163], [164] Considering this, Li3CrV2O8, where the charge and ionic radius 

difference are 2 and 0.14 Ȧ, respectively, may exhibit short-range ordered or long-range 

ordering depending on the synthetic conditions. No electrochemical data have been reported 

for this inverse spinel material. The cation ordering and thus Li-ion conduction pathway in 

these materials are likely to be complex.  

It is clear that there is a need to investigate a range of inverse spinel compositions to 

better understand how Li-ions diffuse through these complex materials, and to expand the 

understanding of their electrochemical properties. 
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2.5. Aims 

As seen throughout this literature review, materials with the spinel structure have great 

potential to be used in LiBs. Several of these, such as LiMn2O4 and Li4Ti5O12, are already 

available for commercial use. Investigations into materials with the inverse spinel structure 

have also shown promise as both high voltage cathodes and high capacity anodes. 

Nevertheless, the continued development of such materials has been restricted by the lack 

of a complete understanding of the structural and Li-ion diffusion properties. The overall aim 

of this thesis is to evaluate the crystal structures, Li-ion diffusion kinetics and electrochemical 

properties within novel inverse spinel structures. As a result, this work will enable future 

researchers to develop new strategies and materials with greatly improved electrochemical 

properties, thus leading to their commercialisation within future LiB technologies.           

 The aims of Chapter 4 were to revisit the inverse spinel, Li3CrV2O8 and fully 

characterise its crystal structure through the use of combined X-ray and neutron refinements. 

The synthesis of a novel solid solution between Li2Ni2V2O8 and Li3CrV2O8 was also 

investigated. Subsequently, the effect of altering the Li and transition metal ratio on the 

electrical properties were investigated through impedance spectroscopy in the compositions 

Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1).  

 In Chapter 5 the average Li-ion diffusion mechanisms within the inverse spinels, 

Li3CrV2O8 and Li2.5NiCr0.5V2O8, were investigated through variable-temperature neutron 

powder diffraction Rietveld refinements. Alongside this, the local Li-ion kinetics were 

investigated using muon spectroscopy. 

 Finally, the aims of Chapter 6 were to evaluate the electrochemical properties of 

Li2+xNi2-2xCrxV2O8, x = 0, 0.25, 0.5, 0.75 and 1 as potential cathode and anode materials for 

LiBs. This was attempted through the use of galvanostatic cycling and in-situ cycling X-ray 

absorption near edge structure (XANES). This is of interest because the substitution of Ni2+ for 

Cr3+ and Li+ may influence cycle life, as well as improving the capacity of inverse spinels by 

increasing the number of charge carriers available.       
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Chapter 3: Experimental Theory and Methodology 

3.1. Synthesis Methods 

3.1.1. Solid State Synthesis 

Solid-state synthesis is the process whereby powder precursors are mixed and subsequently 

heated at high temperatures (> 800 °C) over many hours to produce an end product. Solid-

state methods are typically easy to replicate and can be used to produce large batches of 

material. For this reason, it is the most commonly used synthesis method for inorganic oxide 

materials. Nevertheless, it has several disadvantages. For instance, it is an inherently slow and 

high energy process due to the slow interdiffusion of different ions in solids. Intimate mixing 

of precursors before and between heating steps can promote reaction by increasing the 

homogeneity of particles at the micron scale. However, the reaction mixtures are still 

generally inhomogeneous on the atomic scale. The two stages of the solid-state method are 

nucleation and growth. In the nucleation stage, counterions must diffuse through and arrange 

at the interfaces of precursors to form small crystals (nucleation sites) of the new phase. 

Nucleation is facilitated if it is heterogeneous i.e., nucleation is easier at the interface between 

precursors and products as well as if the product and precursors have similar structures 

(lattice matching). For growth of subsequent crystals, they must reach a critical size at which 

there is a balance between the free energy of formation of the product and the surface energy 

of the crystal nucleus.[1] Further growth of the product becomes increasingly more difficult 

as the path length for counter diffusion of ions to the reaction interface increases. Because of 

this, reactions often require multiple steps of mixing and heating to form a single phase 

product.  

 

3.1.2 Soft Chemical Synthetic Routes 

There are various different synthesis methods which employ soft or wet chemistry 

processes, such as alkoxide and citric acid sol-gel methods.[1], [2] The reactants used during 

these processes are typically in the liquid phase and therefore mix well on the atomic scale. 

This is a significant advantage over solid-state synthesis and often results in lower 

temperatures being required during the final heating process. Products produced using wet 

chemistry methods have a high chemical homogeneity and typically smaller particle sizes than 

if synthesised via a solid-state route. Materials can also be fabricated into different particle 
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morphologies e.g., nanowires.[2], [3] These qualities often lead to improved electrochemical 

properties and lower energy cost associated with synthesis.[4] Disadvantages of wet 

chemistry methods are that they can be more complex and are difficult to use on larger scales 

due to reagents often being expensive and/or requiring special handling.  

Sol-gel synthesis methods differ depending on the solvents, cation species, and the 

chelating and/or polymerisation agents used. However, the stages of sol-gel methods are 

similar, with the first stage being to produce a homogenous solution. Traditional sol-gel 

methods use metal-organic liquid reagents such as titanium isopropoxide, Ti(OiPr)4, as a Ti 

source.[2] The alkoxides are mixed in the desired ratios with water and either an acid or base 

to speed up hydrolysis. Alcohol is also added to promote mixing between the alkoxides and 

water. Hydrolysis occurs by first replacement of an -OR group by -OH e.g., replacement of a 

OiPr group in M(OiPr)4 to form M(OiPr)3OH. Two M(OiPr)3OH groups can then react in a 

condensation polymerisation reaction. The resulting gel is heated to decompose the organic 

species forming an oxide product. In this thesis, the citric acid sol-gel method was utilised. 

This method differs slightly to conventional sol-gel synthesis by first dissolving metal salts, 

typically nitrates, in water before slowly adding citric acid under heating. The citric acid is a 

chelating agent which acts as a ligand to bind the cationic species. As the water is evaporated, 

a gel and finally foam is produced which again can be heated to produce an oxide product. 

The complexity of these reactions can be increased with the addition of aids, such as alcohols 

to facilitate polymerisation or nitric acid to control pH and avoid precipitation of insoluble 

precursors. The citric acid method was particularly useful in this work as it can react with 

insoluble V2O5 in water to form a vanadium-citric acid complex.[5]       
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3.2. X-ray Powder Diffraction 

The following section was written with the aid of the references [1], [6]. 

X-ray powder diffraction (XRD) is one of the fundamental techniques for materials 

characterisation. A diffraction pattern contains a wealth of information on the crystal 

structure of the material studied and can often be used as a fingerprint to help identify 

different phases present within a sample. X-rays are part of the electromagnetic spectrum 

with wavelengths in the magnitude of 1 Å, which is comparable to the interatomic spacing of 

many typical solid state materials. They can be treated as electromagnetic waves or as high 

energy particles which can be described by Equations 3.1 and 3.2.  

     𝜈 =
𝐶

𝜆
 and 𝐸 = ℎ𝜈   (Equation 3.1 and 3.2) 

Where ν is frequency (s-1), λ is wavelength (m), c is the speed of light in a vacuum (ms-1), E is 

energy and h is Planck’s constant (Js). 

Laboratory X-rays are generated by accelerating a beam of electrons produced from a 

filament to impact a metal target made from e.g. Cu. Below a certain energy, continuous 

(white) radiation is produced through the deceleration of electrons within the metal target. 

However, above a critical energy, the incident electrons have sufficient kinetic energy to 

ionise some core (1s) electrons, which results in transfer of outer shell electrons, from higher 

energy 2p or 3p orbitals, to replenish the vacated core shell. This is accompanied by the 

emission of characteristic radiation - an X-ray photon of a fixed energy determined by the 

specific metal species and electronic transition. 

There are a number of ways that X-rays can interact with matter. These include 

absorption, and scattering, which may be inelastic or elastic. For diffraction experiments 

elastic scattering is required, where no energy is lost during the scattering process and the 

scattered X-rays are coherent (‘in phase’) with the incident X-rays. Crystals can be described 

using repeating arrays of atoms, often referred to as lattice planes. The scattering of X-rays 

by these lattice planes are described by Bragg’s law (nλ = 2dsinϴ, where n is the diffraction 

order, λ is the wavelength, d is the interplanar spacing and ϴ is the angle of the scattered X-

ray), which treats these planes as semi-transparent mirrors running through the crystal 

structure. Figure 3.1 shows the derivation of Bragg’s law, which shows that Bragg’s law is 

satisfied when the diffracted X-rays are in-phase and interfere constructively. Bragg’s law can 
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be used to predict the direction of the diffracted X-rays from the lattice planes which describe 

the crystal structure. The angle an X-ray is diffracted by, is determined by the interatomic 

distances (d-spacing, d) between repeating lattice planes; this angle 2ϴ can be measured 

using a detector and gives a characteristic pattern obtained for a given material. For example, 

in a cubic system the interatomic distance is related to the unit cell dimensions (a = b = c) and 

the Miller indices (orientation, hkl) of a given lattice plane by Equation 3.3. 

 
1

𝑑2
=  

ℎ2+ 𝑘2+ 𝑙2

𝑎2
   (Equation 3.3) 

 

 

Figure 3.1. Derivation of Bragg’s law (nλ = 2dsinϴ, where n is the diffraction order e.g. 1 or 2, λ is the 
wavelength (related to the distance between point x, y and z) , d is the interplanar spacing and ϴ is 
the angle of the scattered X-ray). 

     

In principle, Bragg’s law and e.g., Equation 3.3 for cubic systems can be used to 

calculate all possible d-spacing values and every lattice plane should give rise to a diffraction 

peak. However, certain reflections from sets of lattice planes may have zero intensity due to 

systematic absences, which are a result of extreme destructive interference. Systematic 

absences are observed when one set of atoms diffract X-rays exactly out of phase with 

another set of the same atoms and is dependent on the type of Bravais lattice.  

Characteristic radiation results in photons with specific wavelengths e.g., with a Cu 

metal target, the transition from a 2p shell to a 1s shell results in the emission of X-rays with 

an average wavelength of 1.5418 Å and is called Kα. Some transitions are more probable than 

others and therefore are more intense e.g., Kα radiation is ca. five times as intense as Kβ (3p 

to 1s). For most diffraction experiments, a monochromatic beam is desired to avoid additional 
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complexity in the diffraction pattern. For X-rays generated by a Cu target this is accomplished 

using a Ni filter. The energy required to ionise the 1s core shell of Ni lies between the 

wavelengths (and hence energies, based on Equation 3.2) of the Kβ and Kα lines. Therefore, 

the Kβ emission lines are preferentially absorbed by the Ni filter alongside most of the 

continuous radiation. Such ‘filtration’ results in the suppression of both Kα and Kβ lines, but 

the ratio between the two is increased from 5:1 to around 200:1 or even greater, depending 

on the thickness of Ni foil used. Ni filtration cannot separate lines with very similar 

wavelengths, such as Kα1 and Kα2. In this case, a primary beam monochromator would be the 

most suitable method for generating monochromatic Kα1 radiation, with removal of both Kα2 

and Kβ radiation. 

A typical schematic diagram of a laboratory reflection (Bragg-Brentano) X-ray 

diffraction setup is shown in Figure 3.2. At a fundamental level, the setup includes a source 

(X-ray tube), sample and detector, though modern diffractometers also include several means 

of managing the beam pathway using slits, filters and/or monochromators. Examples of 

focusing ‘optics’ are Soller slits, divergence slits and diffracted beam slits. These are used to 

suppress the divergence of the X-ray beam, both from the source and sample. This can help 

reduce instrumental errors such as flat plate specimen error which occurs when the flat 

sample deviates slightly from the diffraction circle, resulting in a systematic shift in 2ϴ of the 

diffraction pattern. They are also used to control the beam path such as to reduce axial 

divergence, improving the shape of the observed Bragg peaks. 

Monochromators are devices that diffract the X-ray beam with single crystals to select 

for specific desired wavelengths, or to operate similarly to filters by removing unwanted 

wavelengths of X-rays such as Kβ and white radiation. Other variations of diffractometers 

include transmission geometry where the incident X-rays pass through a very thin sample. 

However, the fundamental setup is similar to Bragg-Brentano geometry. 
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Figure 3.2. Schematic of a Bragg-Brentano geometry diffractometer setup. 

    

There are numerous factors which can affect the peak position, intensity, and shape 

of a diffraction pattern. Peak positions depend on the crystal structure and lattice planes as 

well as instrumental contributions such as sample height displacement. The contributions to 

peak intensity can be classified into instrumental, phase chemistry, and specimen factors. 

Instrumental contributions include the intensity of generated X-rays, the distance between 

the sample and detector as well as the energy or wavelength of generated X-rays. Phase 

chemistry factors include the unit cell volume, reflection multiplicity and structure factor (Fhkl) 

of diffracting lattice (hkl) planes for a given phase. Multiplicity is the result of peak overlap 

due to crystal symmetry of a given phase e.g., in a cubic system h00 has a multiplicity of six, 

resulting from the presence of six symmetrically equivalent reflections.  

The structure factor is a function of the scattering factor (f) of atoms and their relative 

positions. The X-ray scattering factor of an atom is proportional to the number of electrons, 

i.e. denser atoms scatter X-rays with greater intensity. The effect of scattering factors also 

leads to intensity decreasing at higher 2ϴ angles. This is because X-rays scattered by an atom 

are the summation of the scattering by each electron in the atom. As a result, scattering at 

2ϴ angles greater than zero in relation to the incident X-rays will have some small degree of 

phase difference between the X-rays scattered by different electrons and therefore partial 

destructive interference will occur. Finally, specimen factors include the absorption of X-rays 

by the sample, and the volume fraction of a particular phase in a specimen. 
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The peak shapes of a diffraction pattern are typically described using one of three 

functions, Gaussian, Lorentzian or Pseudo-Voigt (a combination of Gaussian and Lorentzian 

functions). Peak shapes may also be asymmetric. Similarly to peak position and intensity, peak 

shape is affected by both instrumental (typically Gaussian) and sample factors (typically 

Lorentzian). Instrumental contributions include divergence of X-ray beam e.g., due to flat 

plate specimen error or misalignment of the diffractometer, and the finite width of the beam 

i.e., the beam is not a perfectly sharp spot or line.  These contributions are generally constant 

for a given diffractometer, and as such they can be accounted for using a standard which has 

negligible or known sample contributions to peak shape. Sample contributions arise from 

factors such as sample transparency, crystallite size, and microstrain (lattice distortions). 

Sample transparency occurs in samples with low absorption coefficients e.g., organic 

materials.  

 In this work, a Bruker D2 Phaser diffractometer and  PANalytical X’Pert3 (Cu Kα, λ = 

1.5418 Å) diffractometer in Bragg-Brentano geometry was used for initial phase 

characterisation and collection of diffraction data at high temperatures, respectively. A STOE 

STADI P, fitted with a linear PSD detector and primary beam monochromator to give a highly 

pure Mo Kα1 beam (λ = 0.7107 Å, was used in transmission geometry to collect data for lattice 

parameter refinements (Section 3.4). 

 

3.3. Neutron Powder Diffraction   

Neutron powder diffraction (ND) is often used as a complimentary technique to XRD. It is 

particularly useful when studying crystal structures containing light atoms, which are poor 

scatterers of X-rays, such as Li and O, as well as atoms which have a similar number of 

electrons e.g. adjacent d-block atoms, and therefore can be difficult to distinguish using X-

rays alone. This is because neutrons are scattered by the nucleus of atoms and the coherent 

neutron scattering length (b) of atoms does not vary proportionally with atomic number 

(Figure 3.3). The effective area of a nucleus which can scatter a neutron is known as the 

scattering cross-section (σ = 4πb2, where b is a measure of the strength between the 

interactions of the nucleus and neutron).[7] The scattering of neutrons can be described by 

Bragg’s Law and the de Broglie equation (Equation 3.4).    
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      λ =
ℎ

𝑚𝑣
=  

ℎ𝑡

𝑚𝐿
     (Equation 3.4) 

Where λ is the wavelength, ℎ is Planck’s constant, 𝑚 is the neutron mass, 𝑡 is the total time 

of flight, 𝑣 is the frequency and 𝐿 is the total slight path from moderator to sample detector.  

 

 

Figure 3.3. Variation of the coherent scattering length of neutrons with atomic weight.[8] 

 

 Neutrons are produced in large quantities using two different types of sources, reactor 

or spallation. Examples of facilities with reactor and spallation sources are the High-Flux 

reactor at the ILL, Grenoble, France and the ISIS Neutron and Muon Facility, Rutherford 

Appleton Laboratory, UK respectively. At reactor sources, neutrons are produced by nuclear 

fission using uranium fuel rods. The resulting neutrons are of varying wavelength which are 

then monochromated to produce a beam of neutrons of constant wavelength for 

experiments. Constant wavelength neutrons are a directly analogous to XRD, as discussed in 

Section 3.2. On the other hand, spallation sources produce neutrons using a particle 

accelerator to accelerate protons, which then bombard a metal target e.g. tungsten. This 

process causes an ejection of neutrons of differing velocities. Experiments at spallation 

sources make use of the time taken (t) to reach a fixed detector over a defined path length 

(l), known as time-of-flight. Using Bragg’s law and Equation 3.4, this can then be related to 

the d-spacing via Equation 3.5.  



68 
 

        

𝑡 =  (
2𝑚

ℎ
) 𝐿 sin 𝛳 𝑑   (Equation 3.5) 

 

The total scattering lengths for the elements studied, i.e. the summation of the 

coherent scattering lengths of different isotopes of the same atom, are -1.90 fm, 10.30 fm, 

3.60 fm, -0.38 fm and 5.80 for Li, Ni, Cr, V and O, respectively.[9] The large variation in total 

scattering length of different atoms can mean it is easier to distinguish between them. 

Generally, a larger magnitude means the atom is a better scatterer of neutrons. A positive 

scattering length indicates the interaction between the nucleus and scattered neutron is a 

repulsive interaction, with the opposite being true for negative scattering lengths.[7] The 

neutron powder diffraction data used in this thesis was collected using the Polaris instrument 

at the ISIS Neutron and Muon Facility. Polaris collects data on five detector banks that are 

able to measure d-spacings between 0.2 and 40 Ȧ. Data collected on detector banks 5, 4 and 

3 (the backscattering, 90° and low angle detector banks) were used for Rietveld refinements, 

as these offered the highest resolution. For room temperature datasets, vanadium cans were 

used due to the small scattering length of vanadium. 

 

3.4. The Rietveld Method 

The Rietveld method is a computational technique that utilises a least squares approach to fit 

and refine modelled crystal structures to measured diffraction patterns. Over the course of 

the refinement, sample and instrumental parameters, e.g. lattice parameters and peak shape 

terms are iteratively refined until the calculated diffraction pattern more closely resembles 

the experimentally derived dataset.[10], [11] The quality of the resulting fit is acceptable if 

the weighted profile, Rwp and goodness-of-fit, χ2, are small alongside a sensible refined 

structural model e.g. the interatomic distances are appropriate. The statistical measures, Rwp, 

Rexp and χ2, are defined in Equations 3.6, 3.7 and 3.8: 

𝑅𝑤𝑝
2 =

∑ 𝑤𝑖(𝑦𝑜𝑖−𝑦𝑐𝑖)2
𝑖

∑ 𝑦𝑜𝑖𝑖
    (Equation 3.6) 
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𝑅𝑒𝑥𝑝
2 =

𝑁−𝑃

∑ 𝑤𝑖𝑦𝑜𝑖
2

𝑖
     (Equation 3.7) 

 

𝜒2 = (
𝑅𝑤𝑝

𝑅𝑒𝑥𝑝
)     (Equation 3.8) 

Where Rwp and Rexp are the weighted and expected profile R-factor for the full diffraction 

pattern, respectively. yoi and yci are the observed and calculated intensities at each point i. wi 

is the weighting factor. N is the number of data points and finally, P is the number of least-

squares variables. 

 Parameters may be related to the crystal structure of the phase(s) present within a 

sample or to instrumental effects on peak shape and position, and are typically refined or 

kept at fixed values. Fixed parameters include instrumental factors such as the wavelength 

used. For the refinements in this thesis, the data was imported alongside an appropriate 

starting model, and parameters were then usually refined in the following order: 

1) Background and scale factors. The background function, as the name suggests, models 

the background in the observed diffraction pattern, excluding the Bragg peaks. The scale 

factors can be separated into an overall histogram scale factor, or individual phase 

fraction scale factors in a multi-phase refinement. 

 

2) Lattice parameters and diffractometer constants. Both the lattice parameters and 

diffractometer constants define the position of Bragg peaks. For accurate lattice 

parameter calculations, data collected using a standard sample (e.g. Si powder) is 

required to determine the diffractometer constants. The diffractometer constants 

account for contributions such as sample height displacement. For time-of-flight neutron 

diffraction data the diffractometer constants refined are DIFC and DIFA, which relate the 

time-of-flight of a Bragg reflection to its d-spacing.    

 

3) Peak shape parameters (U, V, W, X and Y). The peak shapes were modelled using a 

Pseudo-Voigt function, which uses a combination of Gaussian (terms U, V and W) and 

Lorentzian (terms X and Y) functions to describe the peak shape.    
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4) Atomic positions (x, y, z). The atomic positions describe where an atom sits within the 

crystal structure. The atomic positions of an atom may be refined if it is not on a special 

position. Special positions are occupied by atoms placed on a point symmetry element 

and depend on the space group of the material studied.          

 

5) Thermal displacement parameters (U, Ȧ2) and fractional occupancies. The thermal 

displacement parameters are usually refined in order of scattering length magnitude i.e. 

larger scattering lengths are refined first. It is a measure of an atom’s vibration and/or 

displacement off a crystallographic site and can be described either as isotropic or 

anisotropic, with a common starting value of 0.005 Ȧ2. Fractional occupancies are also 

usually refined in order of scattering length magnitude. Fractional occupancies and 

thermal displacement parameters should typically be refined independently of each 

other due to the correlated effect they have on Bragg peak intensities.   

 

3.4.1. Difference Fourier Maps 

Difference Fourier maps can be used during a refinement to locate atoms that may be missing 

from, or poorly described by a structural model and are analogous to contour maps. 

Difference Fourier maps can be obtained by subtracting the observed structure factors from 

the calculated structure factors.[1] For example, difference Fourier maps generated during a 

refinement using XRD data may show regions of positive electron density, associated with a 

missing atom; or may show regions of negative electron density associated with a poorly 

placed atom. For Fourier maps generated using ND data, negative density may also be 

observed as a result of missing atoms with a negative scattering length e.g. Li. This fact is 

particularly useful in identifying interstitial sites along the Li-ion diffusion pathway of a given 

material using variable-temperature neutron diffraction data. At higher temperatures, Li-ions 

may have sufficient thermal energy to become mobile and hop off their ideal crystallographic 

site(s) into interstitial conduction sites. During a Rietveld refinement using the resulting 

collected data, difference Fourier maps can be generated once a base model has been 

determined. Any new Li sites due to thermally activated hopping may then appear in 

generated Fourier maps as negative contours. This technique has previously been used to 
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investigate the Li-ion conduction pathway(s) of several battery materials, such as Li4Ti5O12 and 

Li2NiGe3O8.[12], [13]      

 

3.5. Differential Scanning Calorimetry (DSC) 

DSC is an analytical technique used to examine the different thermal events that may occur 

within a sample on heating and/or cooling e.g. melting or decomposition. In DSC experiments, 

the sample and an inert reference are maintained at the same temperature. Subsequently, 

the amount of energy required to maintain the sample temperature compared to the 

reference is recorded. For endothermic events, extra heat will be input to the sample to 

increase the temperature at the same rate as the reference. For exothermic events, the 

reverse will occur, i.e. the sample will require less heat to maintain the temperature 

compared to the reference. In this work, DSC was used to measure the thermal stability of 

synthesised materials up to 900 °C. Powder samples were analysed using a SDT Q600 

Simultaneous DSC-TGA in air over the temperature range of 20 to 900 °C, using a heating rate 

of 10 °C min-1.  

  

3.6. Impedance Spectroscopy  

Impedance spectroscopy is a commonly used technique to measure the resistance of Li-ion 

conductors.[14] It is especially useful for distinguishing different electrical components e.g. 

bulk, grain boundaries and surface effects (assuming these components can be 

separated).[15] Impedance measurements are carried out by applying a small alternating 

current (ac) voltage over a wide frequency range (typically 10-2 to 106 Hz), the phase shift and 

magnitude of the resulting current (at each frequency) can then be recorded. The phase shift 

is related to the reactive component (capacitance and/or inductive components) and the 

magnitude to the resistive component.[16] The data is most commonly expressed through 

complex impedance (Z*) plots, with both real (Z’) and imaginary (Z”) components. The 

complex formalism for impedance is given in Equation 3.9, however three other formalisms 

can be used to represent the same data, the admittance (Y*), electric modulus (M*) and 

permittivity (ε*).[16] These complex formalisms can by interrelated through Equations 3.10 

to 3.12:  
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Z* = Z’ (resistive) – jZ” (reactive)  (Equation 3.9) 

Y* = (Z*)-1 = Y’ + Y”     (Equation 3.10) 

M* = jωCoZ* = M’ + M”    (Equation 3.11) 

ε* = (M*)-1 = Y*(jωCo)-1 = ε’ + ε”   (Equation 3.12) 

Where j = √−1, Co = εoA/l (εo is the permittivity of free space, 8.854 x 10-14 Fcm-1, A and I are 

the area and separation between the electrodes, respectively). ω is the angular frequency 

(2πf). 

 The four complex formalisms may be plotted either as complex plane plots (imaginary 

vs. real components) or as spectroscopic plots (imaginary or real components vs. frequency). 

The plotting of multiple formalisms can be useful in distinguishing the different electrical 

components of a system e.g. bulk and grain boundary, as they emphasis different regions of 

the material under study.   

 The different electrical components or regions of a material will be ideally represented 

in impedance data by distinct semicircles, which can be modelled by a resistor (R) and 

capacitor (C) in parallel. Each component can be characterised by its relaxation time or time 

constant, τ, which is the product of the separate RC elements (τ = RC). Differing RC elements 

are able to be separated over a measured frequency range if ωmaxRC = 1, where ωmax is the 

frequency of maximum loss (relaxation maxima).[15], [16] An example of a complex 

impedance plot with two semicircles (R1C1 and R2C2) is shown in Figure 3.4. Resistance values 

can be extracted from the high intercepts on the real axis (Z’), where the highest intercept 

will be Rtotal and is equal to R1+R2. Capacitance values can be calculated by using the frequency 

at the maximum of each semicircle with Equation 3.13. 

 

     C = 
1

2𝜋𝑓×𝑅
         (Equation 3.13) 
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Figure 3.4. Ideal impedance complex plane plot for a material containing two different components. 

 

The capacitance values can then be used to distinguish the different regions of the 

sample. This can be calculated using Equation 3.14, assuming the different regions of the 

sample vary in thickness (l) but have the same permittivity (ε’) and therefore the capacitance 

values for each region differ only in l, Figure 3.5. The capacitance values for different region 

of a sample are summarised in Table 3.1.[15], [16] 

     C = ε’ εo
𝐴

𝑙
      (Equation 3.14) 

 

Figure 3.5. Brickwork model for different regions in a ceramic sample.[15] 
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Table 3.1. Summary of capacitance values and their possible interpretations.[15]  

Capacitance  (F cm-1) Phenomenon or Region 

10-12 Bulk 
10-11 Minor, second phase 

10-11 to 10-8 Grain boundary 
10-10 to 10-9 Bulk ferroelectric 
10-9 to 10-7 Surface layer 
10-4 to 10-5 Sample-electrode interface 

10-4 Electrochemical reactions 

 

 When using impedance spectroscopy to measure Li-ion conductors, Pellets of the 

sample are typically pressed, sintered at high temperatures and subsequently coated on 

opposite sides with conductive metal electrodes, often gold. Gold electrodes are blocking in 

Li-ion conductors, meaning the Li-ions are unable to pass through the gold electrode layer. As 

a results, Li-ions will form a layer at the electrode-sample interface when a current is applied. 

This is shown in complex impedance plots by a vertical ‘Warburg’ spike at low frequencies. 

However, commonly the electrode interface is not ideal and may only be partially blocking. 

These cases are often observed within complex impedance plots by an inclined low frequency 

spike and is associated with ionic conduction.[16]  

 In practice, the observed semicircles in complex impedance plots may also be non-

ideal and instead appear as depressed or partially resolved semicircles. The non-ideal 

behaviour may be due to the presence of multiple relaxations with the bulk e.g. successive Li-

ion hops are dependent on previous hops and thus may have differing relaxation times. 

Partially resolved semicircles occur when the time constants of different regions are similar 

and is due to the small differences in capacitance values between regions e.g. in poorly 

sintered samples.[1], [16] Nevertheless, impedance spectroscopy can be a powerful 

technique for measuring the resistance of Li-ion conductors over a wide temperature range 

and thus, can be used to extract the conductivity and activation energy of Li-ion diffusion.            
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3.7. Muon Spectroscopy 

Muon spectroscopy is a commonly used technique to study magnetic properties in materials 

and more recently ionic diffusion of cations (e.g. Li-ions) in battery materials. This is due to its 

sensitivity to local internal fields such as electronic and nuclear moments.[17]–[20] How 

quickly Li-ions can diffuse through a material is extremely important for the kinetics and 

(dis)charge rates of LIBs. Ionic diffusion properties are defined by the diffusion rate, DLi, and 

activation energy, Ea, associated with diffusion (Section 1.4). Impedance spectroscopy is a 

widely used technique to measure bulk and grain boundary conductivity in electroceramics, 

as discussed above. However, the measured ionic conductivity can vary greatly depending on 

processing conditions such as sintering temperature and time, density of pellets as well as the 

electrodes or pressing techniques employed. Separation of bulk and grain boundary 

components can be difficult unless these parameters are fully controlled and understood.[21] 

Solid-state NMR is another technique used to measure bulk ionic motion within battery 

materials and is a direct probe of the ions under investigation.[18] Nevertheless, the presence 

of paramagnetic ions in many battery materials adds additional complexity in the 

interpretation of ionic diffusion rates due to broadening of the peaks this information is 

derived from. The changes in ionic diffusion at different length scales (bulk and grains) means 

a variety of techniques should be used to better understand LIB materials.[21]  

Muons are fundamental particles that can be considered as heavy unstable electrons 

(µ-) or light unstable protons (µ+), with a lifetime of 2.197 µs.[17] For ionic diffusion studies, 

positive muons are used, as when they are implanted ca. 200 µm into an oxygen-containing 

sample they reside approximately 1 – 1.2 Å away from O2- sites, forming stable µ+ – O2- bonds. 

This enables the implanted muons to be sensitive to nuclear magnetic fields of the ions being 

investigated e.g. Li-ions.[18] The large quantities of muons required for these experiments 

are produced at large-scale beamline facilities such as ISIS Neutron and Muon Facility, 

Rutherford Appleton Laboratory, UK. They can be generated when high-energy protons are 

accelerated into a carbon target producing pions, π+, which subsequently decay into positive 

muons (µ+) and muon-neutrinos (νμ).[18] The generated muons are 100 % spin polarised i.e. 

their spins all face the same direction. Before the muons decay, their spin can precess 

depending on the different magnetic fields it experiences, for instance by an external applied 

field, the inherent nuclear spin of an element or by the spin of an unpaired electron. The 
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diffusion of Li-ions leads the muon to undergo a spin flip due to the inherent nuclear magnetic 

moment of lithium. When the muon decays, positrons are produced and are most likely to be 

emitted in the direction of the muon spin at the time of its decay (Figure 3.6). By recording 

the positrons emitted at opposite sides of the sample, the asymmetry, 𝐴(𝑡), of positrons can 

then be followed as a function of time (Equation 3.15). 

𝐴(𝑡) =
𝑁𝑓𝑜𝑟𝑤𝑎𝑟𝑑−𝛼𝑁𝑏𝑎𝑐𝑘𝑤𝑎𝑟𝑑

𝑁𝑓𝑜𝑟𝑤𝑎𝑟𝑑+𝛼𝑁𝑏𝑎𝑐𝑘𝑤𝑎𝑟𝑑
   (Equation 3.15) 

Where Nforward and Nbackward are the number of positrons detected by forward and backward 

detectors and α is a constant which accounts for any efficiency discrepancies between the 

forward and backward detectors.[18], [22] 

 

 

Figure 3.6. Schematic of a typical muon spectroscopy experimental setup. F and B are the forward and 
backward detectors, with LF and TF indicating the direction of longitudinal and transverse fields. [18] 
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3.7.1. Experimental Setup and Data Analysis 

For a typical muon spectroscopy experiment of battery materials, a disk-shaped Ti sample 

holder (Figure 3.7) is used due to its small local magnetic field, allowing ingress of muons into 

the specimen and a negligible background signal. Ideally, ca. 2 g of powder sample, with a 

thickness of ca. 1 mm, is required for the highest count rates and smallest background signal. 

Measurements are then collected under zero applied field (ZF) and a small number of 

longitudinal fields (LF), e.g. 5 and 10 Gauss, over a temperature range of 100 to 500 K. The 

temperature range is chosen based on the region where the muons are most likely to be 

affected by Li-ion diffusion. Collection of data in multiple longitudinal fields enables the 

decoupling of interactions between the implanted muons and any local magnetic field 

distributions e.g., from nuclear magnetic moments. This is because if the external applied LF 

is greater than the internal nuclear field contributions, the spin of the implanted muons will 

be held in their original direction and the muon spin relaxation will be reduced.[17] This affect 

is particularly useful when analysing materials containing paramagnetic ions, since the weak 

applied LF used decouples nuclear contributions but not the strong electronic contributions. 

          

 

Figure 3.7. Example of a typically sample holder for muon spectroscopy experiments and schematic 
of implanted muons residing near oxygen sites in the Li-ion conductor, Li2NiGe3O8. Adapted from [13], 
[17]  
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The raw asymmetry data (Figure 3.8) resulting from the differing interactions that 

cause the muon spin to depolarise can be described using a model incorporating the Dynamic 

Kubo Toyabe (DKT) function, such as in Equation 3.16.    

 

𝐴(𝑡) = 𝐴𝐺𝐷𝐾𝑇(∆, 𝜈, 𝑡, 𝐻𝐿𝐹) ×  𝑒(−𝜆𝑡) + 𝐴𝐵𝐺   (Equation 3.16) 

The DKT function contains the terms Δ, ν and HLF, which represent the field distribution 

experienced by the muon, the fluctuation rate due to mobile species e.g. Li-ions, and the 

applied LF field, respectively. The multiplying factor accounts for paramagnetic species, which 

causes the muon to depolarise exponentially with a relaxation rate λ. An additional 

background term, ABG, is also added to account for muons that stop within the sample holder. 

Δ and ν can be calculated for each temperature point measured, by simultaneously fitting the 

raw asymmetry data collected in zero and multiple longitudinal fields.     

 

 

Figure 3.8. Example of raw muon spectroscopy data for Li2NiG3O8, collected at 300 K in a zero field 
(black, squares), and applied longitudinal fields of 5 G (red, circles) and 10 G (blue, triangles).[23] 
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The activation energy of Li-ion diffusion, Ea, can be derived from the Arrhenius plot of 

ν over the thermally activated region i.e. the temperature range for the onset of rapid Li-ion 

diffusion. ν can also be used, alongside structural information, to calculate the Li-ion diffusion 

rate coefficient (DLi) using Equation 3.17.[24] 

 

𝑫𝑳𝒊 =  𝜮𝒊 = 𝟏
𝒏  

𝟏

𝑵𝒊
 𝒁𝒗,𝒊 𝑺𝒊

𝟐 𝒗   (Equation 3.17) 

 

Where Ni is the number of available sites in the conduction pathway. Zν,i is the vacancy 

fraction of destination sites. Si is the hopping distance between neighbouring sites. Finally, ν 

is the fluctuation rate, assumed to be a direct measure of the Li-ion hopping rate in the 

material.[18] The calculation of these parameters using muon spectroscopy can give 

meaningful insights into the local Li-ion diffusion properties and mechanisms, particularly in 

the case of paramagnetic-containing battery materials. 

 

3.8. Electrochemical Cells and Battery Cycling 

Galvanostatic cycling experiments are widely used to investigate materials for potential 

battery applications. In these experiments, batteries are first assembled and connected to a 

potentiostat, and a positive or negative current applied until the voltage reaches a defined 

limit. This is also known as galvanostatic cycling with a potential limit (GCPL). The main aims 

of these experiments are typically to 1) investigate the amount of energy (specific capacity) 

the battery can store during charge/discharge cycles (Section 1.2), 2) investigate the specific 

capacity over a defined number of cycles (cycle life) and 3) investigate the rate capabilities of 

the battery i.e. the specific capacity of the battery under increasing higher applied currents.  

For this thesis, Swagelok type cells were used as shown in Figure 3.9. Electrodes were first 

prepared via mixing of the materials under study with conducting carbon (to increase the 

electronic conductivity) and a binder e.g. polyvinylidene fluoride (PVDF). The mixture was 

then pressed into 10 mm diameter pellets and assembled, together with a separator, liquid 

electrolyte and a Li metal disk, into cells within an Ar-filled glovebox. The cells were assembled 

under Ar to avoid the Li metal oxidising in air and to prevent the electrolyte absorbing water, 
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which can affect the cell performance. These cells are referred to as half-cells due to the use 

of Li metal as the counter electrode. The voltage limits were decided based on those used for 

similar materials previously investigated.[25], [26] The current applied was determined by 

multiplying the theoretical capacity by the mass of active material and C-rate. If the material 

is being tested as a cathode, a positive current is applied first, and the voltage will increase 

until the upper voltage limit (charging). Afterwards, a negative current is applied, and the 

voltage will decrease until the lower limit (discharging). This process is reversed if the material 

is tested as an anode.   

 

Figure 3.9. Schematic of a Swagelok cell used for Galvanostatic cycling experiments.  

 

3.9. X-ray Absorption Spectroscopy (XANES) 

The following section was written with the aid of the references [1], [27]. 

X-ray absorption spectroscopy (XAS) is a technique used to investigate the local 

coordination and oxidation state of different elements in a material (e.g. the changing 

oxidation state of an element in a battery material during charge/discharge processes). The 

technique works by measuring the absorption of X-rays of specific energies, depending on the 

element under investigation. In XAS, X-rays of specific energies are fired at a sample and a 

certain amount of these X-rays will have sufficient energy to ionise a core electron (e.g. an 

electron from the K shell or 1s orbital) into the continuum i.e. where the electron is no longer 

bound to the atom. The energy at which this process occurs is called the adsorption edge. 

Subsequently, an electron from a higher energy orbital can relax to fill the vacant core orbital, 



81 
 

resulting in the emission of characteristic (fluorescence) radiation. This process is analogous 

to the generation of laboratory X-rays, described in Section 3.2.  

 For XAS experiments a broad continuous spectrum of high energy X-rays are required 

and are typically only available at synchrotron facilities such as the Diamond Light Source 

synchrotron facility (Harwell Science & Innovation Campus, Oxfordshire, UK). During the 

experiment, the X-ray absorption coefficient (µ) of a specific element can be followed as a 

function of X-ray energy. µ is the probability that an X-ray will be absorbed by a sample. The 

experimental setup can make use of transmission and/or fluorescence sample geometries. In 

a transmission geometry, the incident X-rays first go through an ionisation chamber detector 

to measure the incident beam intensity (I0), before passing through the sample and entering 

another ionisation chamber detector to measure the intensity of the transmitted X-rays (It). 

µ can then be calculated from the thickness of the measured sample (𝑥), I0 and It using 

Equation 3.18. 

µ𝑥 = 𝑙𝑛 (
𝐼0

𝐼𝑡
)    (Equation 3.18) 

 µ can also be determined in fluorescence sample geometry (Figure 3.10), because the 

intensity of the fluorescence X-rays (If) produced can be assumed to be proportional to the 

absorption through Equation 3.19. 

µ𝑥 ∝
𝐼𝑓

𝐼0
    (Equation 3.19) 
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Figure 3.10. Schematic of a fluorescence sample geometry for XAS experiments.[27] 

 

Figure 3.11 highlights the different regions in a XAS spectrum for Cr2O3. Each element 

will have a specific set of absorption edges, with their shape and energy position dependent 

on oxidation state and coordination environment of the scattering atom. Typically, the 

absorption edge energy will increase with increasing oxidation state due to the higher 

effective binding energy experienced by the core electrons. The XAS spectrum is 

conventionally divided into two regions: the X-ray absorption near edge structure (XANES) 

and the extended X-ray absorption fine structure (EXAFS). The XANES region usually ranges 

from -50 to +200 eV away from the absorption edge and can give information on the oxidation 

state and local atomic coordination. The EXAFS region can extend 1000 eV or more away from 

the absorption edge and contains information on the types and number of neighbouring 

atoms in relation to the absorbing atom.  

 The XANES features of interest for a given sample can be compared to a set of 

standard reference materials with known oxidation states and coordination, thus these 

properties can then be determined in the sample under investigation. Certain species may 

have features at energies below their edge, which are commonly referred to as pre-edge 

peaks. These pre-edge features are the result of transitions between the core shells and other 

unoccupied shells. For example, transition metal K-edge spectra often display pre-edge 

features due to core shell to valence shells transitions such as hybridised 3d orbitals. 



83 
 

 In this thesis, XANES data were collected in fluorescence geometry for synthesised 

materials and standard reference samples at room temperature on the B18 beamline at the 

Diamond Light Source (Chapter 6). 

 

Figure 3.11. Example of an X-ray absorption spectrum of the Cr k-edge for Cr2O3 (Cr3+). 
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Chapter 4: Synthesis and Characterisation of the Li2+xNi2-2xCrxV2O8 Solid 

solution 

4.1. Introduction 

The composition Li3CrV2O8 was first reported in the 1960’s separately by Blasse and Joubert 

and Durif.[1], [2] The structure was described as an inverse spinel with Li and Cr occupying 

octahedral sites and V occupying tetrahedral sites. However, their conclusions differed on 

whether 3:1 ordering was observed between Li and Cr on the octahedral sites. Blasse noted 

the presence of superstructure reflections in the X-ray diffraction patterns, suggesting 

Li3CrV2O8 forms an ordered inverse spinel structure; whereas Joubert and Durif did not 

observe any reflections indicative of ordering, instead reporting a disordered cubic inverse 

spinel in the space group Fd3̅m (a = 8.19 Å).[2] Blasse suggested these differences may be due 

to a difference in reaction kinetics.[1] A later study by Touboul et al failed to synthesise 

Li3CrV2O8 from Li3VO4 and Cr2O3 using the same reaction temperature as the previous studies 

(550 °C).[3] To date, these limited experiments are the only reports on the synthesis and 

characterisation of Li3CrV2O8. As such, the structural and electrochemical properties of 

Li3CrV2O8 have not yet been fully investigated. 

As discussed in Section 2.4.5 of the literature review, several inverse spinel structures 

with the chemical formula, [LiTM]oct[V]tetO4 (TM = 2+ transition metal e.g. Ni, Co, Mn), have 

previously been investigated as electrode materials for LiB applications.[4]–[6] LiNiVO4 has 

received significant attention because it was one of the first high voltage (4.8 V vs. Li+/Li) 

cathode materials reported.[7] Despite this, there is limited information available on Li-ion 

diffusion behaviour within inverse spinels.[8]–[11] The ionic and electronic conductivity of a 

material can greatly influence its electrochemical properties in LiBs, for instance how quickly 

the battery can be charged. Lower electronic conductivity can also mean greater amounts of 

conductive carbon is required to have sufficient electrical conductivity when producing 

electrodes, thus reducing  the overall energy density (Wh/kg).   

In this chapter, attempts are made to synthesise Li3CrV2O8 via the same solid-state 

method reported by Blasse as well as via a citric acid sol-gel route.[1], [12] The compositions 

Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) were also synthesised via the same sol-gel route. Room 

temperature combined neutron and X-ray powder diffraction refinements were used to fully 
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characterise their crystal structures. Varying the Li:TM ratio has been shown to dramatically 

affect electrochemical properties such as capacity, operating voltage and Li-ion conduction of 

electrode materials (e.g. Li-rich transition metal oxide cathode materials, see Section 2.4.2). 

Therefore, impedance spectroscopy measurements were utilised to investigate the effect of 

varying the Li:TM ratio on the conductivity of these materials.  
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4.2. Experimental  

4.2.1. Synthesis and thermal analysis 

The compositions Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75, 0.8, 0.85, 0.9, 0.95 and 1) were 

prepared using a citric acid sol-gel method. Appropriate amounts of the starting materials 

lithium nitrate (LiNO3, Alfa Aesar, 99 %, dried at 180 °C for 12 h), chromium nitrate 

nonahydrate (Cr(NO3)3.9H2O, Alfa Aesar, 99.99 %), nickel acetate tetrahydrate 

(Ni(OCOCH3)2·4H2O, Sigma-Aldrich, 99 %) and vanadium(V) oxide (V2O5, Sigma Aldrich, 99.6 

%, dried at 180 °C for 12 h) were dissolved in deionised water with constant magnetic stirring 

at 80 °C, forming a brown suspension. An aqueous solution of citric acid, with a 1:2 ratio of 

metal ions to citric acid, was slowly added to the suspension, which changed colour from 

brown to a clear blue solution. This was then stirred at 120 °C until the formation of a dried 

precursor, which was then ground in an agate mortar, placed into an alumina crucible, and 

calcined in air at 500 °C for 12 h. Finally, the powder was re-ground, and calcined for a second 

time in air at 500 °C for 12 h. All heating steps described used heating and cooling rates of 5 

°C min-1. 

 Attempts were also made to synthesis the composition Li3CrV2O8 (x = 1) via solid-state 

routes. Stoichiometric amounts of the starting materials Li2CO3 (Acros Organics, 99 %, dried 

at 180 °C for 12 h), Cr2O3 (Sigma Aldrich, 99 %, dried at 900 °C for 12 h), and V2O5 (Sigma 

Aldrich, 99.6 %, dried at 180 °C for 12 h) were ground together with acetone using a mortar 

and pestle. The mixture was air-dried, placed into an alumina crucible and calcined at 550 °C 

for 24 h at 5 °C min-1. This process was repeated until the product was observed to remain 

unchanged via XRD analysis.  

 Differential scanning calorimetry (DSC) was used to analyse the thermal behaviour of 

the compositions x = 0, 0.25, 0.5, 0.75 and 1. Powder samples were analysed using a SDT Q600 

Simultaneous DSC-TGA in air over the temperature range of 20 to 900 °C, using a heating rate 

of 10 °C min-1. 
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4.2.2. X-ray and Neutron Diffraction 

All samples were initially characterised by X-ray powder diffraction using a Bruker D2 Phaser 

diffractometer using Ni-filtered Cu Kα (λ = 1.5418 Å) radiation and a Lynxeye detector. The 

ICDD PDF-4+ database, 2020 edition, and Sleve+ software was used for phase analysis. For 

lattice parameter refinements, data were collected using a STOE STADI P (Mo Kα1, λ = 0.7107 

Å) powder diffractometer with a linear position sensitive detector. STOE’s WinXPOW software 

was used to calibrate the data using a Si NIST 640e line position standard reference material, 

added as an internal calibrant.  

High temperature XRD data were collected on precursor powder (dried at 120 °C) for 

the compositions Li3CrV2O8, Li2Ni2V2O8 and Li2.5NiCr0.5V2O8 using a PANalytical X’Pert3 Powder 

X-ray diffractometer with Cu Kα (λ = 1.5418 Å) radiation. Specimens were heated from 25 to 

550 °C in increments of 25 °C. The furnace was heated at 60 °C min-1, with 22 minute dwells 

at each temperature for data collection. 

 Room temperature time-of-flight (ToF) neutron powder diffraction data (for x = 0, 

0.25, 0.5, 0.75 and 1) were collected on the Polaris powder diffractometer through express 

access at the ISIS Neutron and Muon Facility, Rutherford Appleton Laboratory.[13] Vanadium 

cans were filled with ca. 2 g of powdered sample and diffraction data was collected for ca. 

200 µAh. For Li3CrV2O8, room temperature data was collected in a silica glass tube as part of  

variable-temperature ToF experiments (Chapter 5). The EXPGUI interface for GSAS was used 

for Rietveld refinements using X-ray diffraction data, and neutron diffraction data collected 

using the backscattering detector bank (bank 5).[14], [15] 

4.2.3. Impedance Spectroscopy 

For impedance spectroscopy, the reacted powders were pressed into pellets at 1 ton using a 

cold uniaxial press to yield pellets of approximately 2 to 3 mm thickness and 10 mm diameter. 

The pellets were sintered in air at 650 °C for x = 0, 0.25, 0.5, 0.75 and 550 °C for x = 1 for 12 

h. They were then polished and sputter coated with gold before impedance measurements. 

Density measurements were collected by hand, measuring the mass and thickness of pellets 

after sintering. Theoretical densities were calculated from lattice parameters obtained during 

Rietveld refinement and Equation 4.1. 

𝑇ℎ𝑒𝑜𝑟𝑡𝑖𝑐𝑎𝑙 𝑑𝑒𝑛𝑠𝑖𝑡𝑦 (𝑔𝑐𝑚−3) =  
(𝑍 𝑥 𝑀𝑟)

(𝑎3 𝑥 𝑁𝑎)
   (Equation 4.1) 
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where Z is the number of atoms per unit cell, Mr is molecular weight (g/mol), a3 (cm3) is the 

unit cell volume, and Na is Avogadro’s number (mol-1).  

 The impedance of each sample was measured using a Solartron 1260 impedance 

analyser in the frequency range of 106 Hz to 0.01 Hz with an applied AC signal of 100 mV. All 

measurements were corrected using a geometric factor (area/thickness of the pellet). The 

corrected data was  then analysed within the Zview software. Total resistances were recorded 

as the value where the semicircle intercepts the x-axis. Bulk resistances were calculated by 

fitting the semicircles and calculating the resistance at the x-axis intercept using the fit circle 

function within Zview.  Measurements were taken during cooling from 250 °C to 75 °C under 

dry air to avoid moisture, which could conceivably affect the impedance results through the 

advent of proton conduction.[8] 

    

4.3. Results and Discussion 

4.3.1. Synthesis of Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) 

X-ray powder diffraction patterns, Figure 4.1, show the results of initial attempts to synthesise 

Li3CrV2O8 following the same solid-state routes reported by Blasse.[1] After two days reacting 

at 550 °C the diffraction patterns showed peaks matching to the inverse spinel Li3CrV2O8 (PDF 

card number 00-016-0735), in the Fd3̅m space group.[2] Significant additional peaks 

corresponding to LiVO3, Li3VO4 and Cr2O3 were also observed. The powder was repeatedly 

heated at 550 °C for 24 h intervals with intermittent regrinding and XRD measurements. 

However, the XRD patterns after heating showed very little change in the intensity of the 

Bragg peaks attributed to secondary phases. Even after 7 days of reaction, only a small 

decrease in intensity was observed for the additional peaks. This suggests the reaction of the 

intermediate phases to form Li3CrV2O8 proceeds very slowly at 550 °C, likely due to slow 

reaction kinetics of oxides such as Cr2O3, which are refractory and therefore result in slow 

diffusion, as well as the low temperature used for the solid-state reaction. Scope for 

increasing the reaction temperature was limited by the presence of LiVO3, which reportedly 

melts at 616 °C.[16] Attempts to increase the reaction temperature above 600 °C resulted in 

the samples melting and sticking to the reaction vessel. As a single phase material had not 
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been produced after significant reaction time, an alternative sol-gel citric acid method was 

adopted, following a previously reported synthesis route for end member Li2Ni2V2O8.[12]   

 

Figure 4.1. XRD patterns after the attempted solid-state synthesis of Li3CrV2O8 at 550 °C for 2 and 7 

days. Peaks attributed to the Li3CrV2O8 inverse spinel phase are highlighted using red tickmarks.    

 

XRD patterns after attempts to synthesise the solid solution Li2+xNi2-2xCrxV2O8, x = 0 to 

1, via sol-gel routes are shown in Figures 4.2 and 4.3. After 24 h at 500 °C, sharp Bragg peaks 

corresponding to a disordered (Fd3̅m) inverse spinel structure were observed for all 

compositions up to x = 0.9. For compositions between x = 0.9 and 1, small additional peaks 

matching to Li3VO4 were observed. As x increases, the relative intensity of the (111) and 

related reflections also increases. This is due to the changes in composition leading to an 

altering of the (F111) structure factor. Assuming the structure factor for the (111) reflection 

can be approximated for X-ray scattering by Equation 4.2, then for x = 0 (fA = V, fB = Li and fC 

= TM) the magnitude of F111 will be small. As x increases, the (fB + fC) term decreases and thus 

the magnitude of F111 will increase. This has previously been explained in the context of the 

differences observed between X-ray diffraction patterns of normal and inverse spinels.[11] 
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𝐹111 ≅ 4√2𝑓𝐴 − 4(𝑓𝐵 + 𝑓𝑐)    (Equation 4.2) 

Blasse noted supercell reflections due to Li/Cr ordering when synthesising Li3CrV2O8 

via solid-state routes however, there was no evidence of any additional reflections in the 

compositions synthesised in this work.[1] Page et al. suggested long duration (>300 h) 

annealing at low temperatures (500 °C or lower) can increase the degree of ordering between 

Li/TM sites (TM = transition metals), as this allows sufficient time and energy for the system 

to reach an ordered state.[11] Because of this, a sample of x = 1 was annealed for 312 h at 

500 °C, after which the small impurity peaks associated with Li3VO4 were not present, 

suggesting after enough time the reaction can proceed to completion. Nevertheless, there 

was still no evidence for any long range ordering observed in diffraction data after this long 

duration annealing step. 

High temperature XRD data for Li2Ni2V2O8 (x = 0), Li2.5NiCr0.5V2O8 (x = 0.5) and Li3CrV2O8 

(x = 1) precursors were collected to investigate the mechanism of phase formation during 

calcination, as shown in Table 4.1. and Figures 4.4. to 4.9. The initial formation temperature 

for the inverse spinel phase was found to increase with x. For example, for x = 0, broad peaks 

associated with the target phase, Li2Ni2V2O8, appear at 300 °C. As the temperature is 

increased, these peaks become narrower and increase in intensity, likely associated with  

increasing crystallite size. For both x = 0.5 and 1, peaks associated with the inverse spinel 

phase appear at 325 °C and 375 °C, respectively. Peaks associated with Li3VO4 can also be seen 

at 325 °C and 375 °C. These peaks then decrease in intensity and do not appear after 500 °C 

for x = 0.5, suggesting that Li3VO4 is an intermediate phase which can react to form a single 

phase spinel in samples containing both Ni and Cr. However, for Li3CrV2O8, the peaks 

corresponding to Li3VO4 increase in intensity with increasing temperature. This suggests that 

Li3VO4 may be more stable or Cr-containing samples are less reactive, and significantly more 

energy is required for it to fully react and form a single phase, as seen in the sample annealed 

for 312 h. 
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Figure 4.2. XRD patterns of the compositions Li2+xNi2-2xCrxV2O8 (x = 0, 0.25 0.5 0.75 and 1) synthesised 

using a citric acid sol gel method at 500 °C for 24 h.   

 

Figure 4.3. XRD patterns of the compositions Li2+xNi2-2xCrxV2O8 (x = 0.8, 0.85 0.9 and 0.95) synthesised 

using a citric acid sol gel method at 500 °C for 24 h. 
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Table 4.1. Summary of phase formation for x = 0, 0.5 and 1 using high temperature (300 °C to 550 °C) 

XRD data of precursor powders before heat treatment.    

Composition 

(Li2+xNi2-2xCrxV2O8) 

Phase formation 

0 Broad peaks associated with a spinel phase observed between 300 °C - 550 

°C. 

0.5 Broad peaks associated with spinel and Li3VO4 phases observed between 

325 °C - 500 °C. At 300 °C the sample is amorphous and above 500 °C a 

single phase spinel is observed. 

1 Broad peaks associated with  spinel and Li3VO4 phases observed between 

375 °C - 550 °C. Below 375 °C the sample is amorphous. 

 

 

 

Figure 4.4. High temperature (HT) XRD data for Li2Ni2V2O8 precursor powder between 300 - 400 °C. * 

indicates additional peaks associated with the Al2O3 crucible and indexed peaks are associated with 

Li2Ni2V2O8. 



95 
 

 

Figure 4.5. HT-XRD data for Li2Ni2V2O8 precursor powder between 425 - 525 °C. * indicates additional 

peaks associated with the Al2O3 crucible and indexed peaks are associated with Li2Ni2V2O8. 

 

Figure 4.6. HT-XRD data for Li2.5Cr0.5NiV2O8 precursor powder between 300 - 400 °C. * indicates 

additional peaks associated with the Al2O3 crucible, Δ = peaks associated with Li3VO4 and indexed 

peaks are associated with Li2.5Cr0.5NiV2O8. 
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Figure 4.7. HT-XRD data for Li2.5Cr0.5NiV2O8 precursor powder between 425 - 550 °C. * indicates 

additional peaks associated with the Al2O3 crucible, Δ = peaks associated with Li3VO4 and indexed 

peaks are associated with Li2.5Cr0.5NiV2O8. 

 

Figure 4.8. HT-XRD data for Li3CrV2O8 precursor powder between 300 - 400 °C. * indicates additional 

peaks associated with the Al2O3 crucible, Δ = peaks associated with Li3VO4 and indexed peaks are 

associated with Li3CrV2O8. 
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Figure 4.9. HT-XRD data for Li3CrV2O8 precursor powder between 425 - 550 °C. * indicates additional 

peaks associated with the Al2O3 crucible, Δ = peaks associated with Li3VO4 and indexed peaks are 

associated with Li3CrV2O8. 

 

Figure 4.10 shows DSC heating curves for the compositions Li2+xNi2-2xCrxV2O8 (x = 0, 

0.25, 0.5 0.75 and 1). For x = 1, a sharp endothermic peak is observed at  ca. 690 °C, with an 

onset temperature of 650 °C. The sharp endothermic peak is likely indicative of the sample 

melting.[17] For x = 0.75 and 0.5, the DSC curves can be interpreted as containing a broad 

endothermic feature between 550 °C and 700 °C. These may be indicative of the samples 

undergoing partial melting due to the similar compositions to x = 1. Alternatively, a broad 

exothermic feature between 700 to 750 °C can be observed in the DSC curves of x = 0.75. This 

could be indicative of the sample undergoing a gradual second order transition such as cation 

ordering. A similar phenomenon has previously been observed in the DSC for the spinel 

composition MgFe2O4 and confirmed by Rietveld refinements.[18] To confirm this, future 

work could investigate any structural changes that may occur with temperature using 

complementary techniques e.g. DSC and XRD. For compositions x = 0.25 and 0 there is no 

indication of decomposition or melting of the spinel phase up to 900 °C. These samples display 

a gradually decreasing slope, suggesting the materials are absorbing heat. XRD data (Figure 
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4.11) collected after calcination at 650 °C for 6 h showed Li3CrV2O8 had decomposed into the 

oxides Li3VO4, LiVO3 and Cr2O3. Consequently, it is clear that this phase is less thermally stable 

than its Ni-containing counterparts. Pellets for impedance measurements were subsequently 

sintered at 550 °C for x = 1 and 650 °C for x = 0, 0.25, 0.5, and 0.75. No changes were observed 

within XRD patterns collected after sintering (Figure 4.12).  

 

Figure 4.10. DSC heating curves for Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1.0) from 25 °C to 900 

°C. 
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Figure 4.11. XRD data for Li3CrV2O8 calcined at 650 °C for 6 h. Δ indicates peaks associated with Li3VO4, 

* = peaks associated with LiVO3 and o = peaks associated with Cr2O3. 

 

Figure 4.12. XRD data for Li2+xNi2-2xCrxV2O8 after sintering at 650 °C (x = 0, 0.25, 0.5 and 0.75) and 550 °C 

for 12 h (x = 1). 



100 
 

 

4.3.2. Lattice Parameter Variations in Li2+xNi2-2xCrxV2O8   

Lattice parameters for all synthesised compositions in the solid solution Li2+xNi2-2xCrxV2O8 

were calculated from XRD data using an internal Si standard. Room temperature neutron 

diffraction data were also collected for the compositions x = 0, 0.25, 0.5, 0.75 and 1 (heated 

for 24 h). The initial structural model assumed a fully inverse spinel which was previously 

reported for LiNiVO4.[11] The model placed appropriate amounts of Li, Ni and Cr on 

octahedral 16c sites, V on tetrahedral 8a sites and oxygen on 32e sites. Initial isotropic 

thermal displacement parameters, Uiso, were fixed to the default value of 0.005 Å2. For the 

initial stages of the refinement, the XRD data was imported first, refining the background and 

phase fraction using a shifted Chebyschev function with twelve terms. This was followed by 

lattice parameters and zero point correction (to account for any specimen displacement error 

or misalignment of the detector). The peak profile parameters were then refined until 

convergence. The (111) peak in the XRD data was excluded from the refinement due to peak 

asymmetry at low angles (<18° 2ϴ) caused by axial divergence. This resulted in an improved 

fit as the peak shape can be described using one model for both lower and higher angles. 

Subsequent calculated lattice parameters are plotted as a function of composition in Figure 

4.13. The lattice parameters for both end members Li2Ni2V2O8 (a = 8.2204(1) Å) and Li3CrV2O8 

(500 °C, 312 h) (a = 8.1992(1) Å) were in good agreement with previous reports.[1], [2], [11], 

[19] For single phase compositions, the lattice parameters were found to decrease slightly 

with increasing x and follow a linear relationship. This is likely due to the differences in the 

ionic radius of Ni2+ (0.69 Å), Li+ (0.76 Å) and Cr+3 (0.615 Å). The slight deviation from Vegard’s 

law (which states the lattice parameters of a solid solution is the weighted average of the two 

end members) at higher values of x from the linear fit may be due to small discrepancies in 

composition. Further evidence for this is observed for x = 1 samples heat treated for 24 h and 

312 h; data for the 24 h sample showed the presence of a small amount of Li3VO4, and as such 

the spinel composition is likely off-stoichiometric and the lattice parameter slightly higher 

than anticipated from the linear fit. However, the sample heated for 312 h, and where no 

secondary phase was observed, fits well with expectations from Vegard’s Law. Nevertheless, 

the close relationship to the linear fit (R2 = 0.999) indicates a solid solution can exist for the 

whole compositional range, allowing for appropriate reaction times.  



101 
 

 

Figure 4.13. Lattice parameter, a, vs. x in Li2+xNi2-2xCrxV2O8 inverse spinels, calculated errors are smaller 

than displayed points. For x = 1, the annealed (312 h) sample is shown with an open square. Linear fit 

was calculated using compositions that appeared single phase via XRD analysis.    

 4.3.3. Combined X-ray and Neutron Refinements 

For the compositions x = 0, 0.25, 0.5, 0.75 and 1 (24 h) the refinement was continued with the 

addition of neutron diffraction (ND) data. The lattice parameters were fixed to that calculated 

from XRD data and the background and scale factors for ND data refined. DIFC, DIFA and the 

peak profile parameters where than refined until convergence. Atomic positions for oxygen 

were refined first, followed by Uiso values in order of decreasing scattering length magnitude. 

Uisos for the single crystallographic site occupied by a disordered mix of Li, Ni and Cr were 

constrained together. For x = 0.75, all attempts to refine Uisos for the 16c site using combined 

neutron and X-ray datasets led to negative values (-0.00475 Å2), therefore this site was refined 

and fixed to values obtained from XRD data only. The process was repeated until 

convergence, and a good fit for all datasets achieved. Convergence is defined by a relatively 

flat difference (observed – calculated diffraction pattern) profile, alongside a minimal change 

in structural parameters and the statistical measures Rwp and χ2. The fits, structural 

parameters and bond lengths for compositions x = 0, 0.25, 0.5, 0.75 and 1 are summarised in 

Tables 4.2 to 4.6 and Figures 4.14 to 4.18. The refinement yields a structure which is in good 

agreement with that expected of an inverse spinel, with Li, Ni and Cr on 16c octahedral sites, 
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V on 8b tetrahedral sites and oxygen on 32e sites for all studied compositions. The goodness-

of-fit parameters for X-ray datasets are slightly poorer at low angles due to the mismatch in 

intensity between the calculated and observed diffraction patterns. This can be observed for 

both the sample and the internal Si standard and is likely because low angle peaks are more 

asymmetric, leading to variations in the peak shape caused by axial divergence. 

Previously for Li2Ni2V2O8, some cation site mixing has been reported between Ni 

octahedral and V tetrahedral sites of up to 8 %.[19] However, in the present combined 

refinements there was no observation of mixing between Ni/V sites. Initial efforts placed 8 % 

of Ni/V atoms on tetrahedral 8b and octahedral 16c sites, respectively, resulting in a greatly 

increased χ2 (6.337) compared to the ideal inverse spinel structure. Attempts to refine the 

fractional occupancies (constraining the total occupancy to one on each site) resulted in 

negative occupancies of Ni in tetrahedral 8b sites.  

A small decrease in the Li/TM-O6 bond lengths with increasing Cr content was 

observed, likely due to the replacement of two Ni2+ (0.69 Å) cations with one Li+ (0.76 Å) and 

Cr3+ (0.615 Å). Alongside this, a linear increase in the oxygen Uiso values and a decrease in the 

oxygen fractional coordinates were also observed with increasing x. This may be because 

there is a larger ionic radius difference between atoms on the 16c site as x increases, 

therefore resulting in a slight distortion of the oxygen atom positions on average. Refined 16c 

site Uisos for Li3CrV2O8 were significantly higher than those refined for all other compositions. 

This could be indicative of greater distortion on the 16c site due to the larger ionic radius 

difference and/or the poorer total scattering contribution from both neutrons and X-rays. For 

example, the effective neutron scattering length for atoms occupying the 16c site in Li3CrV2O8 

is -0.53 fm, compared to 4.2 fm for Li2Ni2V2O8.   

   

Table 4.2. Refined structure parameters and calculated bond lengths from combined neutron and X-

ray refinements for Li2Ni2V2O8 at 25 °C.  

Li2Ni2V2O8, 25 °C, Fd3̅m a = 8.2204(1) Å, Total Rwp = 2.47%, χ2 = 2.323 
Atom Site x y z Occ. Uiso (Å2) Bond Length  (Å) 

V 8b 0.375 0.375 0.375 1 0.00474(49) V-O x 4 1.7362(4) 
Li 16c 0 0 0 0.5 0.00361(5) (Li/Ni)-O x 6 2.0806(3) 
Ni 16c 0 0 0 0.5 0.00361(5)   
O 32e 0.2531(1) 0.2531(1) 0.2531(1) 1 0.00773(4)   
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Table 4.3. Refined structure parameters and calculated bond lengths from combined neutron and X-

ray refinements for Li2.25Ni1.5Cr0.25V2O8 at 25 °C. 

Li2.25Ni1.5Cr0.25V2O8, 25 °C, Fd3̅m a = 8.2152(1) Å, Total Rwp = 2.59%, χ2 = 2.594 

Atom Site x y z Occ. Uiso (Å2) Bond 
Length  

(Å) 

V 8b 0.375 0.375 0.375 1 0.00515(50) V-O x 4 1.7360(5) 
Li 16c 0 0 0 0.5625 0.00292(6) (Li/Ni/Cr)-O 

x 6 
2.0787(3) 

Ni 16c 0 0 0 0.3750 0.00292(6)   
Cr 16c 0 0 0 0.0625 0.00292(6)   
O 32e 0.2530(1) 0.2530(1) 0.2530(1) 1 0.00826(4)   

 

Table 4.4. Refined structure parameters and calculated bond lengths from combined neutron and X-

ray refinements for Li2.5NiCr0.5V2O8 at 25 °C.   

Li2.5NiCr0.5V2O8, 25 °C, Fd3̅m a = 8.2104(1) Å, Total Rwp = 2.76%, χ2 = 2.729 

Atom Site x y z Occ. Uiso (Å2) Bond Length  (Å) 
V 8b 0.375 0.375 0.375 1 0.00574(50) V-O x 4 1.7365(6) 
Li 16c 0 0 0 0.625 0.00099(9) (Li/Ni/Cr)-O x 

6 
2.0766(4) 

Ni 16c 0 0 0 0.250 0.00099(9)   
Cr 16c 0 0 0 0.125 0.00099(9)   
O 32e 0.2529(1) 0.2529(1) 0.2529(1) 1 0.00928(5)   

Table 4.5. Refined structure parameters and calculated bond lengths from combined neutron and X-

ray refinements for Li2.75Ni0.5Cr0.75V2O8 at 25 °C. Uiso values for the 16c site were refined using X-ray 

data only.    

Li2.75Ni0.5Cr0.75V2O8, 25 °C, Fd3̅m a = 8.2044(1) Å, Total Rwp = 3.43%, χ2 = 3.385 

Atom Site x y z Occ. Uiso (Å2) Bond Length  (Å) 
V 8b 0.375 0.375 0.375 1 0.0067(6) V-O x 4 1.7375(7) 
Li 16c 0 0 0 0.6875 0.00287(7) (Li/Ni/Cr)-O x 

6 
2.0739(4) 

Ni 16c 0 0 0 0.1250 0.00287(7)   
Cr 16c 0 0 0 0.1875 0.00287(7)   
O 32e 0.2527(1) 0.2527(1) 0.2527(1) 1 0.01042(5)   

 

Table 4.6. Refined structure parameters and calculated bond lengths from combined neutron and X-

ray refinements for Li3CrV2O8 at 25 °C.  

Li3CrV2O8, 25 °C, Fd3̅m a = 8.2011(1) Å, Total Rwp = 3.84%, χ2 = 2.377 
98.5(1) % Li3CrV2O8, 1.5(1) % Li3VO4 

Atom Site x y z Occ. Uiso (Å2) Bond Length  (Å) 
V 8b 0.375 0.375 0.375 1 0.0045(6) V-O x 4 1.7395(12) 
Li 16c 0 0 0 0.75 0.0329(10) (Li/Cr)-O x 6 2.0713(7) 
Cr 16c 0 0 0 0.25 0.0329(10)   
O 32e 0.2525(1) 0.2525(1) 0.2525(1) 1 0.01136(6)   
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Figure 4.14. Observed, calculated and difference profiles of combined X-ray and Neutron diffraction 

data for Li2Ni2V2O8 at 25 °C. Observed data are shown in black crosses, calculated in red, difference in 

blue and calculated reflection positions as black (spinel phase) and blue (Si standard) tickmarks. 
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Figure 4.15. Observed, calculated and difference profiles of combined X-ray and Neutron diffraction 

data for Li2.5NiCr0.5V2O8 at 25 °C. Observed data are shown in black crosses, calculated in red, difference 

in blue and calculated reflection positions as black (spinel phase) and blue (Si standard) tickmarks. 
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Figure 4.16. Observed, calculated and difference profiles of combined X-ray and Neutron diffraction 

data for Li2.75Ni0.5Cr0.75V2O8 at 25 °C. Observed data are shown in black crosses, calculated in red, 

difference in blue and calculated reflection positions as black (spinel phase) and blue (Si standard) 

tickmarks. 
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Figure 4.17. Observed, calculated and difference profiles of combined X-ray and Neutron diffraction 

data for Li2.75Ni0.5Cr0.75V2O8 at 25 °C. Observed data are shown in black crosses, calculated in red, 

difference in blue and calculated reflection positions as black (spinel phase) and blue (Si standard) 

tickmarks. 
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Figure 4.18. Observed, calculated and difference profiles of combined X-ray and Neutron diffraction 

data for Li3CrV2O8 at 25 °C. Observed data are shown in black crosses, calculated in red, difference in 

blue and calculated reflection positions as black (spinel phase) and blue (Si standard) tickmarks. 
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4.3.4. Impedance Spectroscopy 

Impedance complex plane plots and spectroscopic plots of C’, Z” and M” for the Li2+xNi2-

2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1) solid solution at 75 °C, 125 °C, and 250 °C are presented 

in Figures 4.19 to 4.23. Measured densities are summarised in Table 4.7. Compositions x = 0, 

0.25 and 0.5 all had the same density of 76 % after sintering at 650 °C for 12 h. For x = 0.75, a 

slightly higher density of 84 % was achieved after sintering under the same conditions as the 

previous compositions. x = 1 had the lowest measured density at 59 % due to the lower 

sintering temperature used to avoid decomposition and/or melting, as previously discussed. 

Complex impedance plots for x = 0 and 0.75 both displayed a single, broad semicircle at low 

temperature (75 °C) which shifted to higher frequencies with increasing temperature, and 

eventually out of the frequency window measured. x = 0.25, 0.5 and 1 all showed two partially 

resolved semicircles at high and intermediate frequencies, suggesting two resistive 

components can be seen within the complex impedance plots. Every measured composition 

displayed a low frequency spike, which was better resolved with increasing temperature. This 

low frequency spike is indicative of complete or partial blocking at the gold electrodes by Li+ 

ions.[20]  

Combined spectroscopic plots of Z”/M” for x = 0 display single broad peaks and their 

maxima do not overlap. Ideally in a material with multiple components, the M” plot highlights 

the components with the lowest capacitance and the Z” plot highlights the components with 

the highest resistance.[21], [22] Therefore, if the M” peak overlaps with a Z” peak, it is 

possible to identify the component with the smallest capacitance, usually associated with the 

bulk.[22] The single broad peak in Z” plots indicates that the time constant (relaxation time), 

τ, of the different elements present are similar. These results suggest the sample is electrically 

inhomogeneous and the broad (> 1.5 decades) nature may be due to multiple resistive 

components which cannot be resolved.[21], [23] Further work could investigate the effect of 

sintering temperature to better resolve the different components or attempt to model the 

different components with an equivalent circuit analysis. For x = 0.75,  single broad Z” and M” 

peaks can also be seen, however, unlike x = 0 there is a better overlap in the maxima of Z” 

and M” peaks, indictive of greater electrical homogeneity within the sample.[24] Similar to x 

= 0, the broad nature of the Z” peak may suggest multiple components which cannot be 

resolved. x = 0.25, 0.5 and 1 display a single broad peak for M” and two broad peaks for Z” 
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which correspond to those seen in the complex plane impedance plots. The high frequency 

Z” peak overlaps with the M” peak, suggesting this component may be associated with a bulk 

response phenomenon. 

Spectroscopic plots of C’ for all compositions complement combined Z”/M” plots and 

complex plane impedance plots. For x = 0 and 0.75, a plateau at high frequencies can be seen, 

corresponding to a capacitance of ca. 10-12 F cm-1 for the M” peak maxima. At higher 

temperatures, a low frequency dispersion approaching capacitance values between 10-7 and 

10-5 F cm-1 is also observed for all compositions. Capacitances of 10-12 can be interpreted as a 

bulk response phenomenon, while a capacitance between 10-7 to 10-5 F cm-1 is typically 

associated as a sample-electrode interface response due to the partial blocking effect of Li+ 

ion at the gold electrodes.[20], [22], [25] It should be noted, at high frequencies for x = 0 a 

capacitance of ca. 10-13 F cm-1 is observed. This is likely to be linked to the higher porosity 

instead of a sample effect, as this would mean the sample has a permittivity value close to 

that of a vacuum (based on the equation, ε’ = C(l/A)εo
-1). For x = 0.25, 0.5 and 1, two plateaus 

are observed at high and intermediate frequencies, coinciding with the two semicircles seen 

within complex plane impedance plots. These plateaus have a capacitance of ca. 10-12 F cm-1 

for the first semicircle (high frequencies) and ca. 10-11 F cm-1 for the second semicircle 

(intermediate frequencies). The second plateau can also be observed for x = 0 and 0.75 at 125 

°C and 250 °C, respectively.  A capacitance of 10-11 F cm-1 is associated with a grain boundary 

response, minor secondary phase. However, since the XRD after sintering (Figure 4.12) 

revealed no impurity phases it is likely the responses seen here are due to grain boundary 

responses.   

 

Table 4.7. Summary of sintering conditions and calculated densities of Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 
0.5, 0.75 and 1)  

Composition (Li2+xNi2-2xCrxV2O8) 
and Sintering Conditions 

Density,  
g/cm3 

Theoretical Density, 
g/cm3 

Density, 
 % 

0 (650 °C, 12 h) 3.270 4.319 76 
0.25 (650 °C, 12 h) 3.140 4.153 76 
0.5 (650 °C, 12 h) 3.040 3.984 76 

0.75 (650 °C, 12 h) 3.217 3.816 84 
1 (550 °C, 12 h) 2.160 3.644 59 
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Figure 4.19. Impedance complex plane plots (a, d, g) and spectroscopic plots of C’(c, f, i), M” and -Z” (b, e, h) for Li2Ni2V2O8 at 75 °C, 125 °C and 250 °C. 
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Figure 4.20. Impedance complex plane plots and spectroscopic plots of C’, M” and -Z” for Li2.25Ni1.5Cr0.25V2O8 at 75 °C, 125 °C and 250 °C. 
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Figure 4.21. Impedance complex plane plots and spectroscopic plots of C’, M” and -Z” for Li2.5NiCr0.5V2O8 at 75 °C, 125 °C and 250 °C. 
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Figure 4.22. Impedance complex plane plots and spectroscopic plots of C’, M” and -Z” for Li2.75Ni0.5Cr0.75V2O8 at 75 °C, 125 °C and 250 °C. 
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Figure 4.23. Impedance complex plane plots and spectroscopic plots of C’, M” and -Z” for Li3CrV2O8 at 75 °C, 125 °C and 250 °C. 
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 Arrhenius plots of total and bulk conductivity versus 1000/T for the solid solution 

Li2+xNi2-2xCrxV2O8 are shown in Figures 4.24 and 4.25. For x = 0, 0.25, 0.5, 0.75 and 1, total 

conductivities were calculated to be 1.02 x 10-8, 9.56 x 10-9, 2.29 x 10-8, 1.78 x 10-8 and 9.14 x 

10-8 S cm-1 at 75 °C, respectively. Bulk conductivities of 2.04 x 10-8, 6.15 x 10-8, 1.68 x 10-7 S 

cm-1 at 75 °C were determined for x = 0.25, 0.5 and 1, respectively. Activation energies for 

total conduction ranges between 0.50 eV and 0.56 eV, whilst activation energies for the bulk 

range from 0.49 eV to 0.53 eV. The small difference in calculated activation energies is likely 

insignificant considering the poor density of the sintered pellets and the resulting poor 

resolution of the different components within complex plane impedance plots. For x = 0.25, 

0.5 and 1, the bulk conductivity values were calculated from impedance plots by fitting the 

first semicircle at high frequencies (C’ ca. 10-12 F cm-1) with a parallel RC circuit, using the fit 

circle function in the Zview software package. The resistance was then taken from the 

intercept with the x-axis (Z’). Total and bulk activation energies were similar for all 

compositions, and the subtle differences observed are likely due to factors such as differences 

in density or charge carriers. The similar activation energies seen indicates a similar barrier 

for diffusion between the different compositions, which is expected as they have the same 

inverse spinel structure confirmed via combined X-ray/neutron Rietveld refinements. This 

suggests the conduction mechanism is likely the same in all compositions and the slightly 

higher conductivity observed with increasing x could potentially be due to the increase in 

charge carriers (Li+ ions). 

The conductivities reported in Figures 4.24 and 4.25 are comparable to those 

previously reported for the inverse spinels, Li2Ni2V2O8 (ca. 10-8 S cm-1 at 25 °C) and Li2Co2V2O8 

(ca. 10-7 S cm-1 at 80 °C).[10], [26] Interestingly, they also have similar activation energies to 

several normal and complex spinel structures such as Li4Ti5O12 (0.53 eV), LiMn2O4 (0.52 eV) 

and Li2NiGe3O8 (0.46 to 0.55 eV).[27]–[31] This is in contrast to the partially inverse complex 

spinel, Li2ZnGe3O8 which is a poor Li-ion conductor and has an activation energy 2.14 eV 

measured between 562 °C to 838 °C. In Li2ZnGe3O8, Zn and Li share tetrahedral sites, therefore 

the conduction pathway is significantly blocked by Zn+2 metal ions and as such only Li-ions in 

octahedral sites are involved in the conduction pathway.[30], [32] The results shown herein 

suggest the conduction pathway in inverse spinels are not significantly impacted by the 

shared occupancy of octahedral sites by Li-ions and transition metal ions.                
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Figure 4.24. Arrhenius plots of total conductivity versus 1000/T for Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5 
0.75, and 1) measured under dry air. All errors were +/- 0.01 eV, calculated from the error in the slope.  

 

Figure 4.25. Arrhenius plots of bulk conductivity versus 1000/T for Li2+xNi2-2xCrxV2O8 (x = 0.25, 0.5, and 
1) measured under dry air. All errors were +/- 0.01 eV, calculated from the error in the slope.   

 

    



118 
 

4.4. Conclusions 

In this Chapter, initial attempts to synthesise the previously reported inverse spinel, Li3CrV2O8 

via solid-state routes did not succeed in producing a single phase material. Instead, a phase 

mixture of Li3CrV2O8, Li3VO4, LiVO3 and Cr2O3 were found after 7 days total at 550 °C. DSC and 

XRD data revealed the synthesis temperature was limited by the decomposition and/or 

melting of Li3CrV2O8 at  ca. 650 °C into Li3VO4, LiVO3 and Cr2O3. As a consequence, the 

synthesis method was altered to a citric acid sol-gel route which enabled the synthesis of a 

novel solid solution between the two end members Li2Ni2V2O8 and Li3CrV2O8. Single phase 

materials were synthesised after 24 h at 500 °C using a citric acid sol-gel method for all 

compositions up to Li2+xNi2-2xCrxV2O8 x = 1. For x = 1, small impurity peaks corresponding to 

Li3VO4 (1.5 wt %) were visible within XRD patterns after 24 h. However, annealing a portion 

of the x = 1 sample for 312 h at 500 °C resulted in a single phase material by XRD analysis. For 

all single phase compositions, the calculated lattice parameters were found to follow a linear 

relationship, decreasing with increasing x and suggests a full solid solution exist.  

Subsequently, room-temperature combined X-ray and neutron powder diffraction 

Rietveld refinements were conducted for x = 0, 0.25, 0.5, 0.75 and 1. The refinements yielded 

an inverse spinel structure, with Li, Ni and/or Cr randomly distributed over octahedral 16c 

sites. There was no evidence of any long range ordering or cation mixing between octahedral 

and tetrahedral sites contrary to previous reports by Blasse.[1]  

Impedance spectroscopy measurements were used to investigate how the 

conductivity changed with varying Li and transition metal content. Total and bulk 

conductivities was found to increase slightly with increasing x. Activation energies for total 

conductivity were between 0.50 eV to 0.56 eV. The similar activation energies likely indicates 

these materials have the same conduction pathway. The calculated activation energies are 

also comparable to normal spinels where Li-ions are able to travel freely through empty 

interstitial sites within the spinel framework. This suggest the random distribution of Li and 

Cr and/or Ni on 16c octahedral sites does not significantly impact the diffusion pathway.       

      Regarding future work, the broad endothermic peak between 700 °C and 750 °C 

observed within DSC data of x = 0.75 requires further investigation. This could be 

accomplished through the use of high temperature XRD to study any structural changes which 

may occur in this composition. DSC data should also be collected beyond 900 °C for 
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compositions containing both Ni and Cr, to examine the effect that altering the transition 

metal may have on the melting point of these inverse spinels.      
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Chapter 5: Diffusion Mechanisms in Li-based Inverse Spinels 

5.1. Introduction 

As previously seen throughout this work, numerous materials based on the spinel structure 

have been investigated as potential battery materials for LiBs. This is due to the wide variety 

of possible elements which can combine to form the spinel structure, as well as the number 

of empty interstitial sites enabling potential three-dimensional conduction pathways for Li-

ions to travel through the crystal structure. How cations are distributed within the spinel 

structure has been shown to affect the activation energy for Li-ion diffusion, and potentially 

the route along which Li-ions can migrate through the structure, which in turn influences key 

electrochemical properties such as rate capability.[1], [2] Therefore, a greater understanding 

of the Li-ion diffusion mechanisms in spinel materials is crucial if these materials are to be 

fully optimised. An improved understanding of existing battery materials would also help 

facilitate the design of new materials.        

The lithium migration and high temperature (> 700 °C) crystal structure of the Li-

containing spinels Li4Ti5O12 and Li2MGe3O8 (M = Ni or Zn) have previously been investigated 

utilising variable-temperature neutron powder diffraction data.[1], [3] In Li4Ti5O12, it was 

revealed that at high temperatures Li-ions occupy split 32e tetrahedral sites around the 16c 

octahedral positions, suggesting that an 8a-32e-32e-8a diffusion pathway plays a key role in 

Li-ion migration. However, for Li2NiGe3O8, Li-ions diffuse from 8c tetrahedral sites through 

vacant 12d octahedral sites in an 8c-12d-8c conduction pathway. In contrast, in the partially 

inverse complex spinel Li2ZnGe3O8, the conduction pathway is significantly longer due to the 

presence of both Li and Zn on 8c tetrahedral sites. As a result, the remaining Li, which occupy 

4b octahedral sites, diffuse via a longer and more tortuous 4b-24e-4a-24e-4b mechanism; the 

activation energy for ionic hopping is significantly larger as a result.    

 The results for Li2ZnGe3O8 would imply Li-ions which randomly occupy sites alongside 

other atoms e.g. Zn are blocked from taking part in the conduction pathway. Despite this, 

some fully inverse spinels, LiMVO4 (M = Ni, Mn and/or Co), where Li and M cations are 

randomly distributed over octahedral sites, display limited charge/discharge capacities.[4]–

[6] The impedance results in Chapter 4 also suggest the inverse spinels, Li2+xNi2-2xCrxV2O8 (0 ≤ 

x ≤ 1), are modest Li-ion conductors and have similar activation energies for Li-ion hopping to 

their normal spinel counterparts such as Li4Ti5O12. As previously discussed, this has been 
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suggested as evidence for local ordering between Li and transition metal cations.[7] 

Nevertheless, studies on the crystal structures and Li-ion migration pathways in these 

materials have not yet been reported in-depth.    

 In this chapter, the crystal structures of Li2+xNi2-2xCrxV2O8, where x = 0.5 and 1, were 

investigated as a function of temperature using variable-temperature neutron powder 

diffraction with a view on identifying active Li-ion conduction pathway(s). These two samples 

were chosen because of their novel composition and high ionic conductivity, meaning they 

were the most promising samples for identifying mobile Li-ions at high temperatures. 

Structural information obtained from neutron diffraction refinements is then used alongside 

data obtained from muon spectroscopy to study the local Li-ion diffusion kinetics of x = 0, 0.5 

and 1. These samples were chosen to understand how the Li-ion diffusion kinetics varied over 

a large x range.  Muon spectroscopy (Section 3.7) is used to complement impedance data due 

to its ability to probe local Li-ion diffusion without the inclusion of additional contributions 

such as electronic or grain boundary conductivity.         
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5.2. Experimental  

Li-ion diffusion mechanisms in the Li2+xNi2-2xCrxV2O8 (x = 0, 0.5 and, 1) inverse spinel series 

were investigated using neutron diffraction and/or muon spectroscopy techniques. All 

studied compositions were synthesised at 500 °C for 24 h via the same citric acid sol-gel route 

reported in Chapter 4.  

 

5.2.1. Variable-Temperature Neutron Powder Diffraction 

Variable-temperature time-of-fight (ToF) neutron powder diffraction (ND) data were 

collected on the Polaris powder diffractometer at the ISIS Neutron and Muon Facility, 

Rutherford Appleton Laboratory.[8] In order to minimise the possibility for reactions between 

sample and container, in place of vanadium cans silica glass tubes were used to hold powder 

samples of ca. 2 g (x = 0.5 and, 1) and mounted within an evacuated high-temperature 

furnace. For the duration of the experiment, compressed air was passed over the samples to 

avoid a reducing atmosphere and potential decomposition of the inverse spinel phase. Data 

were collected on cooling for ca. 250 µAh between 250 to 500 °C and ca. 500 µAh at 550 and 

600 °C for Li3CrV2O8 (x = 1) and Li2.5NiCr0.5V2O8 (x = 0.5), respectively. The maximum 

temperature was selected to avoid decomposition of the inverse spinel structure, established 

in Chapter 4 to be ca. 650 °C for Li3CrV2O8. Data were then corrected to subtract background 

contributions from the silica glass tube and for sample absorption.  

The EXPGUI interface for GSAS was used for Rietveld refinements using data collected 

via the backscattering, 90° and low angle detector banks (banks 5, 4 and 3).[9], [10] Multi-

histogram refinements were used to obtain more reliable statistics and easier identification 

of intermediate Li sites. Fourier difference maps were generated and analysed in GSAS, with 

the FOX ‘Free Objects for Crystallography’ software also used to visualise the Fourier 

difference maps in three dimensions.[11] 
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  5.2.2. Muon Spectroscopy 

Muon spectroscopy (μSR) measurements were performed using the EMU instrument at the 

ISIS Neutron and Muon Facility.[12] Due to the ongoing Covid-19 pandemic, all samples 

investigated were measured remotely, with on-site sample mounting and data collection 

performed by the instrument scientist Dr Peter Baker.   

  Approximately 2 g of x = 0, 0.5 and, 1 were packed into separate Ti sample holders to 

form disk-shaped samples of ca. 30 mm diameter and 1.5 mm thickness. The samples were 

then implanted with 3.2 MeV spin-polarised positively-charged muons, whose decay into 

positrons was detected by 96 scintillator segments arranged in two circular arrays. Data were 

collected using a closed cycle refrigerator from 100 – 600 K in three different applied 

longitudinal magnetic fields (0, 5, 10 G). Initial symmetry calibrations were conducted using a 

20 G transverse magnetic field at 300 K. Data analysis was conducted using the Mantid 

program.[13]  

 

5.3. Results and Discussion  

5.3.1. Variable-temperature Neutron Diffraction Rietveld Refinements 

For easier identification of intermediate sites in the Li-ion conduction pathway the highest 

temperature datasets were refined first (600 °C for x = 0.5 and 550 °C for x = 1). Heating at 

these high temperatures encourages thermal activation of Li-ions, with Li therefore likely to 

spend longer on average in interstitial sites within the migration pathway. The initial Rietveld 

refinement used the same strategy as room temperature combined X-ray and neutron 

refinements (Chapter 4). The model placed Li, Cr and/or Ni on octahedral 16c sites, V on 

tetrahedral 8b sites and oxygen on 32e sites. Occupancies were adjusted depending on the 

chemical formula and initial isotropic thermal displacement parameters, Uiso, were fixed to 

the default value of 0.005 Å2.    

 For both compositions, the background and scale factors were refined first, using a 

shifted Chebyschev function with eight, ten and twelve terms for banks five, four and three, 

respectively. This was followed by lattice parameters and DIFC for banks three and four. DIFC 

was kept fixed for the backscattering bank due to the high degree of correlation between DIFC 

and lattice parameters. The peak profile parameters and DIFA were then refined until 
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convergence. Atomic positions for oxygen were refined first, followed by Uiso values in order 

of decreasing scattering length magnitude. Uisos for atoms occupying the 16c site were 

constrained together to share the same value.  

During the refinement of Li3CrV2O8, the Uisos for the 16c Li/Cr site were initially refined 

without any damping. This resulted in a large Uiso value of 0.166(5) Å2, suggesting the site 

requires less scattering in the model at this site. This may be due to lithium motion and/or 

migration, as well as the small total scattering contribution from the 16c site, as previously 

discussed in Chapter 4 (-0.525 fm vs. 1.84 fm for Li2.5NiCr0.5V2O8). Therefore, a damping 

parameter was added during the initial stages of the refinement. Anisotropic thermal 

displacement parameters, Uijs, might have been more appropriate to account for the large 

thermal motion seen at these temperatures. However, when attempted this led to either an 

unstable refinement or elongated thermal ellipsoids spread over multiple crystallographic 

sites. This effect was not observed in Li2.5NiCr0.5V2O8, which may suggest there is more 

distortion on the 16c sites in x = 1 than x = 0.5. The thermal ellipsoids for the Li3CrV2O8  crystal 

structure refined using Uijs for the 16c sites are displayed in Figure 5.1. This highlights the 

model attempting to attribute additional scattering between 16c and 8a sites by using 

elongated thermal ellipsoids, which might otherwise be attributed to separate sites. Hence, 

the use of small isotropic Uisos assisted in the identification of distinct intermediate Li sites in 

the conduction pathway.  

Attempts to refine the Uiso for the V site resulted in either negative values (-0.00180 

Å2) or values with a larger error than the refined value for both compositions. This is again 

most likely due to the small scattering length of V (-0.38 fm) when using ND data. Therefore, 

for V the Uiso was kept fixed at 0.005 Å2. The refinements at this point gave good visual fits, 

Figure 5.2 and 5.3, and statistical measures for all three detector banks, maintaining an 

inverse spinel structure (Table 5.1 and 5.2). Refined Uiso values were reasonable, though now 

considerably larger than room temperature refinements, due to increased thermal vibrations 

of atoms at high temperatures.  
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Figure 5.1. Refined crystal structure of Li3CrV2O8 at 550°C using Uijs, showing elongated thermal 
ellipsoids of Li/Cr 16c sites (light blue) pointing towards 8a sites (orange). V atoms residing on 8b sites 
are shown in purple, and oxygen thermal ellipsoids have been omitted for clarity.  

 

Table 5.1. Refined structure parameters and calculated bond lengths for Li2.5NiCr0.5V2O8 at 600°C using 
ND data, with Li occupying a single crystallographic site in the standard model for an inverse spinel. 

Li2.5NiCr0.5V2O8, 600 °C, Fd3̅m a = 8.27816(10) Å, Total Rwp = 2.57%, χ2 = 4.094 

Atom Site x y z Occ. Uiso (Å2) Bond Length (Å) 

V 8b 0.375 0.375 0.375 1 0.005 V-O x 4 1.7369(7) 

Li 16c 0 0 0 0.625 0.00284(13) (Li/Ni/Cr)-O x 

6 

2.1020(4) 

Ni 16c 0 0 0 0.250 0.00284(13)   

Cr 16c 0 0 0 0.125 0.00284(13)   

O 32e 0.2539(1) 0.2539(1) 0.2539(1) 1 0.02102(8)   

 

 

y 

z x 
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Table 5.2. Refined structure parameters and calculated bond lengths for Li3CrV2O8 at 550°C using ND 
data, with Li occupying a single crystallographic site in the standard model for an inverse spinel. 

 

Li3CrV2O8, 550 °C, Fd3̅m a = 8.27280(10) Å, Total Rwp = 2.79%, χ2 = 3.972 

Atom Site x y z Occ. Uiso (Å2) Bond Length (Å) 

V 8b 0.375 0.375 0.375 1 0.005 V-O x 4 1.7441(9) 

Li 16c 0 0 0 0.75 0.1061(21) (Li/Cr)-O x 6 2.0957(5) 

Cr 16c 0 0 0 0.25 0.1061(21)   

O 32e 0.2533(1) 0.2533(1) 0.2533(1) 1 0.02249(8)   
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Figure 5.2. Observed, calculated and difference profiles from ToF ND data for Li2.5NiCr0.5V2O8 at 600°C 
with Li occupying a single crystallographic site in the standard model for an inverse spinel, collected 
on detector banks a) 3, b) 4 and c) 5. Observed data are shown in black crosses, calculated in red, 
difference in blue and calculated reflection positions as black tickmarks. 
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Figure 5.3. Observed, calculated and difference profiles from ToF ND data for Li3CrV2O8 at 550°C with 
Li occupying a single crystallographic site in the standard model for an inverse spinel, collected on  
detector banks a) 3, b) 4 and c) 5. Observed data are shown in black crosses, calculated in red, 
difference in blue and calculated reflection positions as black tickmarks. 
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After this point, Uisos for the 16c sites were kept fixed and the fractional occupancy of 

Li was refined, giving a value of 0.587(2) for x = 0.5 at 600 °C and 0.668(5) for x = 1 at 550 °C. 

This decrease of ca. 4 to 8 % in site occupancy can be attributed to thermally activated 

hopping of lithium ions. Difference Fourier maps at this stage showed a peak of significant 

negative density for both x = 0.5 (ρ = -1.48) and x = 1 (ρ = -0.62) at approximately 0.1265, 

0.1265, 0.1265 and equivalent positions related by symmetry. This additional negative 

scattering was attributed to an additional Li site, since (i) the scattering lengths for Ni, Cr and 

O are all positive (10.3, 3.64 and 5.80 fm, respectively) and (ii) Li has a larger negative 

scattering length than V (-1.90 vs -0.38 fm). Li is also the more likely mobile species at these 

temperatures. Difference Fourier maps showed no other atoms close to this position in the 

ideal inverse spinel model, indicating it is a distinct site and not a poorly fitted atom. This 

second Li site corresponds to a 32e position, which is located midway between vanadium 8b 

sites (Figure 5.4 and 5.5).  In this site, Li is coordinated to four oxygen atoms in a slightly 

distorted tetrahedron with Li-O bond lengths of 1.854(24) Å x 3 and 1.82(7) Å.  

The fractional occupancy of Li on 32e sites was then refined, resulting in an occupancy 

of approximately 1 % for both x = 0.5 and 1.  Attempts to refine the atomic positions of the 

32e site was unsuccessful, leading to an unstable refinement which deviated from 

convergence. Therefore, due to the very weak scattering observed, the second Li position was 

instead shifted by a small amount and placed onto an 8a special position at 0.125, 0.125, 

0.125 (ca. 0.02 Å from the 32e site), which remains tetrahedrally coordinated by oxygen. 32e 

sites are positioned near the tetrahedral faces between 8a and 16c sites. This spread of 

negative scattering density observed in both compositions, likely indicates that the migration 

of Li-ions occurs between the shared faces of octahedral 16c and tetrahedral 8a sites.               



133 
 

 

Figure 5.4. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 600 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites.  

 

Figure 5.5. Difference Fourier map calculated during the Rietveld refinement of the Li3CrV2O8 crystal 
structure at 550 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. Solid 
and dash lines represent contours of positive and negative scattering density, respectively. Significant 
negative scattering is located between V1 atoms, which can be attributed to Li in 8a tetrahedral sites. 
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The refinement was continued with a second distinct Li site at 0.125, 0.125, 0.125 and 

equivalent positions. The Uiso values were kept fixed at 0.005 Å2 due to the correlation 

between site occupancy and thermal displacement parameters. The occupancy for the 

second Li site was refined, giving a value of 0.04(1) and 0.05(1) or ca. 4 to 5 % for x = 0.5 and 

1, respectively. Finally, fractional occupancies for both Li sites were then refined together 

with Uiso and atomic coordinates for oxygen. The new structural model showed an improved 

fit and statistical measures (lower Rwp and χ2) when compared to the initial structural model 

(Table 5.3 and 5.4, Figure 5.6 and 5.7).   

Table 5.3. Refined structure parameters and calculated bond lengths for Li2.5NiCr0.5V2O8 at 600°C 
using ND data, with Li occupying two crystallographic sites in the inverse spinel structure. 

Li2.5NiCr0.5V2O8, 600 °C, Fd3̅m a = 8.27819(2) Å, Total Rwp = 2.50%, χ2 = 3.862 

Atom Site X Y z Occ. Uiso (Å2) Bond 

Length 

(Å) 

V 8b 0.375 0.375 0.375 1 0.005 V-O x 4 1.7383(7) 

Li 16c 0 0 0 0.583(2) 0.00284(13) (Li/Ni/Cr)-

O x 6 

2.1012(4) 

Ni 16c 0 0 0 0.250 0.00284(13) Li8a-O x 4  1.8463(7) 

Cr 16c 0 0 0 0.125 0.00284(13) Li16c-Li8a  1.7923(1) 

O 32e 0.2538(1) 0.2538(1) 0.2538(1) 1 0.02079(7)   

Li 8a 0.125 0.125 0.125 0.04(1) 0.005   

 

Table 5.4. Refined structure parameters and calculated bond lengths for Li3CrV2O8 at 550°C using ND 
data, with Li occupying two crystallographic sites in the inverse spinel structure. 

Li3CrV2O8, 550 °C, Fd3̅m a = 8.27280(10) Å, Total Rwp = 2.64%, χ2 = 3.555 

Atom Site X Y z Occ. Uiso (Å2) Bond 

Length 

(Å) 

V 8b 0.375 0.375 0.375 1 0.005 V-O x 4 1.7447(9) 

Li 16c 0 0 0 0.668(5) 0.10609(210) (Li/Cr)-O 

x 6 

2.0953(6) 

Cr 16c 0 0 0 0.25 0.10609(210) Li8a-O x 4  1.8375(9) 

O 32e 0.2533(1) 0.2533(1) 0.2533(1) 1 0.02271(7) Li16c-Li8a  1.7911(1) 

Li 8a 0.125 0.125 0.125 0.05(1) 0.005   
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Figure 5.6. Observed, calculated and difference profiles from ToF ND data for Li2.5NiCr0.5V2O8 at 600°C 
with an additional Li 8a site in the inverse spinel model, collected on banks a) 3, b) 4 and c) 5. Observed 
data are shown in black crosses, calculated in red, difference in blue and calculated reflection positions 
as black tickmarks. 
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Figure 5.7. Observed, calculated and difference profiles from ToF ND data for Li3CrV2O8 at 550°C with 
an additional Li 8a site in the inverse spinel model, collected on banks a) 3, b) 4 and c) 5. Observed 
data are shown in black crosses, calculated in red, difference in blue and calculated reflection positions 
as black tickmarks. Δ indicates small impurity peaks associated with Li3VO4.  

 

The new structural model with a second distinct Li 8a site was refined using ToF ND 

data collected at various temperatures from 250 °C to 600 °C. Difference Fourier maps were 

generated for the whole temperature range investigated. For x = 0.5, negative scattering 

density corresponding to Li 8a sites were observed in refinements at every temperature from 
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600 °C to 250 °C (See Appendix, Section 5.6). While for x = 1, significant negative scattering 

was only observed at 500 °C and above, at lower temperatures any negative density was 

indistinguishable from the background. This could potentially be due to the larger diffuse 

scattering around 16c sites as a result of the weaker scattering in x = 1 when compared to x = 

0.5. Nevertheless, it was possible to refine the Li 8a site in both compositions for the whole 

temperature range studied. At all temperatures, the statistical measures were significantly 

improved with the addition of the second distinct Li site (Table 5.5).  

Figures 5.8 and 5.9 show the structural evolution with temperature. Lattice 

parameters, Uisos and bond lengths all display a linear increase with temperature. This linear 

increase indicates there is no cation mixing/ordering and that the new inverse spinel model 

describes the average structure well at all temperatures. For x = 0.5, the oxygen Uiso was 

considerably higher than those for the 16c site and attempts to use anisotropic thermal 

parameters for oxygen were unsuccessful, with the refinement deviating from convergence. 

This suggests oxygen atoms are not significantly distorted by the introduction of Li on 

additional 8a sites at high temperatures. Difference Fourier maps also indicated no additional 

scattering around oxygen atoms, meaning the higher Uiso for oxygen is likely due to greater 

thermal vibration. For x = 1 the opposite trend was found, with 16c site Uiso being significantly 

larger than oxygen Uisos. As previously discussed, this likely suggests there is considerable 

distortion on 16c sites due to Li migration as well as the poorer total scattering from 16c sites 

in x = 1 than x = 0.5. Bond lengths for the 16c site displayed the largest gradient change with 

temperature, suggesting an expansion of the octahedra to facilitate Li-ion migration.  

Table 5.5. Summary of χ2 for refinements using one or two Li sites in the inverse spinel structure. 

 Li3CrV2O8 χ2 Li2.5NiCr0.5V2O8 χ2 

Temperature (°C) One Li site Two Li sites One Li site Two Li sites 

600   4.094 3.862 

550 3.972 3.555 3.180 3.065 

500 3.136 2.883 3.651 3.534 

450 2.819 2.576 3.156 3.062 

400 2.990 2.749 3.587 3.458 

350 3.362 3.134 4.101 3.986 

300 2.930 2.725 3.517 3.406 

250 3.063 2.988 5.257 5.133 
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Figure 5.8. Structural evolution of  Li2.5NiCr0.5V2O8 with temperature, a) lattice parameters, b) 
fractional site occupancy of Li in 16c and 8a sites, c) thermal displacement parameters and d) variation 
of bond lengths. Some estimated standard deviations are smaller than the symbols.   

 

Figure 5.9. Structural evolution of Li3CrV2O8 with temperature, a) lattice parameters, b) fractional site 
occupancy of Li in 16c and 8a sites, c) thermal displacement parameters and d) variation of bond 
lengths. Some estimated standard deviations are smaller than the symbols.   



139 
 

Fractional occupancy of Li in 16c and 8a sites as well as total Lithium content are 

shown in Figures 5.8b, 5.9b and 5.10. Occupancy of the Li 16c site decreases linearly with 

increasing temperature for both compositions, as thermal activation increases and enables 

the migration of Li into interstitial sites. A trend in the occupancy of 8a Li sites is more 

tentative, but this is possibly because of the low occupancy ca. 3 to 5 % which subsequently 

results in a very small degree of scattering from this site.  

Total Li content remains close to Li2.5 up to 500 °C for x = 0.5, even without constraining 

the two Li sites in the refinement. Meanwhile, in x = 1 the total Li content remains less than 

Li3 at all temperatures, likely due to the greater difficult in refining 16c sites, as well as due to 

the small amount Li3VO4 impurity phase found (1.5 %), which suggests x = 1 may be slightly 

non-stoichiometric to begin with. The small differences observed in total Li content at higher 

temperature are unlikely to be due to Li volatilisation as ND measurements were collected on 

cooling for both samples. Instead, the differences observed may be explained by some Li 

being mobile within the inverse spinel structure and therefore poorly captured by the 

refinement. For example, a small fraction of Li may occupy intermediate positions between 

16c and 8a sites, where the occupancy is too small to refine on average and the nuclear 

density too small to spot amidst the background of Difference Fourier maps.  

 

Figure 5.10. Refined Li content for Li3CrV2O8 and Li2.5NiCr0.5V2O8 as a function of temperature. All ND 
data were collected on cooling.   
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 Room temperature ND refinements of Li2+xNi2-2xCrxV2O8 were revisited in an attempt 

to refine the Li site occupancy with the introduction of Li 8a sites (Table 5.6). The refinements 

were attempted using the same strategy as high temperature refinements. For x = 0, 0.25 and 

0.5, the 16c site Uisos were first refined, without any damping, before being fixed and the Li 

fractional occupancy refined. Following this, the Li 8a site was added to the model and refined 

separately before refining both Li sites together. For x = 0.75, attempts to refine 16c site Uisos 

using only ND data were unsuccessful, resulting in negative values even with the use of a 

damping parameter, therefore Uisos were fixed to the value obtained from X-ray data only 

(Chapter 4). Attempts to refine the Li 16c site occupancy required the use of a damping 

parameter, as attempts without one suggested the site was extremely Li deficient. 

Nevertheless, it was still possible to refine the occupancy of Li 8a sites separately. For x = 1, a 

damping parameter for both 16c site Uisos and Li occupancies were required, though similarly 

to x = 0.75 it was possible to refine the Li 8a site occupancy independently. The difficulties in 

refining x = 0.75 and x = 1 using ND data are likely due to the small total scattering on 16c 

sites, although x = 1 was easier to refine as the data was collected for slightly longer. Fractional 

site occupancies for Li on 16c sites suggested it was slightly Li deficient for all compositions, 

with Li on 8a sites increasing with increasing x. The total Li content was also close to the target 

compositions. The small amount of Li occupying 8a sites, difficulties in refining x = 0.75 and 1 

ND data, and the small differences in statistical measures between both models indicates the 

existence of Li on 8a tetrahedral sites at room temperature is ambiguous but cannot be 

completely ruled out.   
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Table 5.6. Summary of Li 16c and Li 8a site occupancies during attempted room temperature ND 
refinements of Li2+xNi2-2xCrxV2O8. 

Composition 

Li2+xNi2-2xCrxV2O8 

Li1 (16c)  

Occupancy 

Li2 (8a) 

 Occupancy 

Refined  

Li content 

Statistical measures 

Total Rwp and χ2 

x = 0, i.e. Li2 0.479(3) 0.008(4) Li1.93(1) 2.15%, 3.661 (one Li site) 

2.15%, 3.629 (two Li sites) 

x = 0.25, i.e. Li2.25 0.560(2) 0.022(5) Li2.28(1) 2.07%, 3.652 (one Li site) 

2.07%, 3.641 (two Li sites) 

x = 0.5, i.e. Li2.5 0.606(2) 0.038(6) Li2.50(1) 2.32%, 4.134 (one Li site) 

2.31%, 4.084 (two Li sites) 

x = 0.75, i.e. Li2.75 0.655(2) 0.044(7) Li2.71(2) 2.95%, 5.289 (one Li site) 

2.94%, 5.268 (two Li sites) 

x = 1, i.e. Li3 0.727(2) 0.057(7) Li3.02(2) 3.29%, 3.843 (one Li site) 

3.28%, 3.822 (two Li sites) 

 

The new inverse spinel crystal structure and Li-ion conduction pathway are shown in 

Figures 5.11 and 5.12. The results of the refinements presented here highlight how variable-

temperature neutron powder diffraction allow the capture of an average snapshot of the 

distribution of mobile cations in the crystal structure. In the Li2+xNi2-2xCrxV2O8 (x = 0.5 and 1) 

inverse spinels. The majority of Li resides in 16c octahedral sites alongside Ni and/or Cr, while 

a small fraction of Li also occupies 8a tetrahedral sites. However, the extremely short Li16c – 

Li8a distance of ca. 1.79 Å means it is unlikely adjacent 16c and 8a sites are simultaneously 

occupied due to the electrostatic repulsion between Li-ions.  As temperature increases, Li-

ions have greater vibrational energy, enabling them to hop from their ideal position into 

vacant 8a sites. Oxygen atoms can also vibrate more, enabling the polyhedral face to widen 

and increasing the bottleneck for which Li-ions can diffuse through. In the refined inverse 

spinel crystal structure, 16c octahedral sites are connected to two 8a tetrahedral sites via 

face-sharing. An expansion of this face within the polyhedral window enables lithium to 

migrate from 16c sites into two possible 8a sites; once in an 8a site, lithium can again diffuse 

through polyhedral faces into four available 16c sites, resulting in a three-dimensional 16c-

8a-16c conduction pathway. In this case, the complete picture is more complicated as some 

16c octahedral sites are blocked by Ni and Cr atoms, thereby limiting diffusion. This may 
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potentially be why only a very small amount of Li-ions (ca. 4 %) occupy 8a sites at high 

temperatures (550 °C to 600 °C) and why oxygen atoms are fairly stable in their ideal position 

even at high temperature; they are essentially tied down by  Ni and Cr, which are heavier and 

less mobile than Li-ions. 

 

Figure 5.11. Refined average crystal structure of Li2.5NiCr0.5V2O8 at 600°C, showing purple VO4 
tetrahedra, light blue (Li/Ni/Cr)16cO6 octahedra, orange Li8aO4 tetrahedra, and oxygen atoms in red. 

 

Figure 5.12. a) Portion of the Li2+xNi2-2xCrxV2O8 (x = 0.5 and 1) inverse spinel crystal structure, showing 
the possible Li-ion conduction pathway through the octahedra face of Li16c sites (blue) into 
intermediate Li8a sites (orange); b) Simplified crystal structure, orientated in the {111} plane, showing 
all possible Li positions in the unit cell. Each 16c site is surrounded via two Li8c sites, and each Li8a site 
is surrounded by four 16c sites randomly occupied by Li, Ni and/or Cr. All other atoms within the crystal 
structure were omitted for clarity.   
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 The Li-ion diffusion pathway in the Li2+xNi2-2xCrxV2O8 inverse spinels appear to be fairly 

simple on average and similar to their normal spinel counterparts such as Li2NiGe3O8, Li4Ti5O12 

and LiMn2O4. In these systems Li-ions solely occupy tetrahedral sites which can hop into 

adjacent empty octahedral sites allowing for a 3D (tet-oct-tet) conduction pathway.[1]–[3] 

The results herein suggest that despite sharing octahedral sites with transition metals e.g. Cr 

and/or Ni, the conduction pathway is similar to normal spinels but in reverse. This may explain 

why they have comparable activation energies for Li-ion diffusion ca. 0.5 eV, as discussed in 

Chapter 4. These results are in contrast to other spinel systems where Li-ions share sites with 

other atoms such as Li2ZnGe3O8 ([Li/Zn]tet8c[Li]oct4b[Ge3]oct12dO8) which has a large activation 

energy for Li-ion conduction (2.14 eV).[1], [14] In Li2ZnGe3O8, the Li-ions that are disordered 

alongside Zn in tetrahedral sites do not take part in the conduction pathway due to being 

blocked by Zn2+ cations. Instead, Li-ions occupying octahedral sites are involved in a longer 

and more tortuous conduction pathway which severely limits Li-ion diffusion.[1] The results 

presented here show that these Li/TM mixed sites can take part in the conduction pathway 

and this may again be evidence for local ordering between Li, Ni and/or Cr cations on 

octahedral sites in the inverse spinel model, as reported by Page et al. for LiNiVO4 and 

LiCoVO4.[7] Future work should investigate the degree of local ordering as a function of Li 

content in the Li2+xNi2-2xCrxV2O8 inverse spinels using techniques such as pair distribution 

function (PDF analysis).   
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5.3.2. Muon Spectroscopy  

Information on the previously discussed conduction pathway can be used alongside muon 

spectroscopy (µSR) to determine the local Li-ion diffusion kinetics for these inverse spinels. 

Raw muon decay asymmetry data and subsequent fits for x = 0, 0.5 and 1 are presented in 

Figures 5.13 to 5.15. At every temperature (100 K to 600 K) the raw asymmetry data, collected 

in a zero field and two longitudinal fields (5 and 10 Gauss), were simultaneously modelled 

using a Dynamic Kubo Toyabe (DKT) function, as described by Equation 5.1.[15], [16]  

 

𝐴(𝑡) = 𝐴𝐺𝐷𝐾𝑇(∆, 𝜈, 𝑡, 𝐻𝐿𝐹) ×  𝑒(−𝜆𝑡) + 𝐴𝐵𝐺   (Equation 5.1) 

 

Simultaneous fitting of multiple fields enabled the fitting parameters to be more easily 

constrained. Within Equation 5.1, the DKT function contains terms describing the local field 

distribution, Δ, and the fluctuation rate, ν, for mobile species e.g. Li-ions. An exponential 

relaxing term with a relaxation rate, λ, was multiplied by the DKT function to account for the 

paramagnetic response associated with the unpaired electrons of Ni2+ and Cr3+ species. A 

background term was also added during the fitting process to account for muons which stop 

in the Ti sample holder. Initially, λ was allowed to vary freely within the fits. However, only a 

small increase in λ was observed at higher temperatures (>500 K), which may be due to a 

correlation between λ and ν. Therefore, λ was kept fixed to an average value of 0.05 µs-1, and 

only Δ and ν were allowed to vary at all temperatures. 
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Figure 5.13. Raw muon spectroscopy data for Li2+xNi2-2xCrxV2O8, x = 0, collected at 100 K, 300 K and 500 
K in a zero field (squares), and applied longitudinal fields of 5 G (circles) and 10 G (triangles). Raw data 
was fitted using Equation 5.1.  
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Figure 5.14. Raw muon spectroscopy data for Li2+xNi2-2xCrxV2O8, x = 0.5, collected at 100 K, 300 K and 
500 K in a zero field (squares), and applied longitudinal fields of 5 G (circles) and 10 G (triangles). Raw 
data was fitted using Equation 5.1. 
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Figure 5.15. Raw muon spectroscopy data for Li2+xNi2-2xCrxV2O8, x = 1, collected at 100 K, 300 K and 500 
K in a zero field (squares), and applied longitudinal fields of 5 G (circles) and 10 G (triangles). Raw data 
was fitted using Equation 5.1. 
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From the resulting fits, the fitting parameters ν and Δ can then be extracted and 

plotted vs. temperature. These parameters describe the environment around the implanted 

muons, and as such the muon can be used as a local probe. Typically, in battery materials the 

fluctuation rate, ν, is related to the hopping rate of Li-ion diffusion. For example, in materials 

such as Li2NiGe3O8, LiCoO2, and Li6.5Al0.25La2.92Zr2O12, the fluctuation rate shows a low 

temperature plateau, followed by an Arrhenius-like increase.[17]–[20] The Arrhenius-type 

behaviour is due to the thermal activation of Li-ions as they begin to hop increasingly rapidly 

with increasing temperature. The local field distribution, Δ, is related to the stability of the 

environment around the muon stopping sites and is typically correlated with the fluctuation 

rate. At low temperatures, Δ is constant due to the static environment around implanted 

muons, as Li-ion diffusion is slow. As the temperature increases, Δ shows a significant 

decrease over the thermally activated region. This behaviour is likely due to local changes in 

the magnetic field the muons experience, caused by the onset on Li-ion diffusion.[15], [21]  

The temperature dependence of ν and Δ for the inverse spinel series Li2+xNi2-2xCrxV2O8, 

x = 0, 0.5 and 1 are displayed in Figures 5.16 to 5.18. Plots of ν and Δ differ in all three 

compositions at low temperatures compared to the battery materials described above. 

Instead of being relatively constant before the thermally activated region, there appears to 

be three distinct regions within the plots. For x = 0 in the first region, ν remains relatively 

constant between 100 K to ca. 240 K. In the second region, ν values increase to ca. 0.1 MHz 

at 280 K before levelling off until ca. 400 K. Finally, in the third thermally activated region at 

ca. 400 K, a sharp increase in ν is observed due to the rapid onset of Li-ion diffusion. Within x 

= 0.5 and 1, the onset of the thermally activated region shifts to lower temperatures and the 

second region (between ca. 240 K to 400 K) becomes less pronounced with increasing x. There 

is also an additional region within x = 0.5 and 1, where above 500 K  ν rapidly decreases and 

is likely due to Li-ion hopping becoming so fast that it cannot be detected by the implanted 

muons. For all compositions, calculated values of Δ initially show a significant decrease at low 

temperatures (ca. 100 K to 280 K) before then plateauing between ca. 300 K to 400 K. Finally, 

Δ values begin to decrease again at high temperatures (ca. 440 K). As previously discussed, 

the high temperature decrease in Δ is correlated to the thermally activated region. Similar to 

plots of ν, the behaviour of Δ experiences a shift to lower temperatures with increasing x (e.g. 

the high temperature decrease begins at ca. 460 K for x = 0 compared to ca. 400 K for x = 1). 
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Compared to other battery materials such as the complex spinel, Li2NiGe3O8 (Chapter 

2), the high temperature thermally activated region is most similar for x = 1 with an onset 

temperature of ca. 320 K compared to 340 K for Li2NiGe3O8.[18] However, for x = 0 and 0.5 

the thermally activated region is shifted to higher temperatures compared to Li2NiGe3O8, and 

suggests a higher temperature is required to reach the same hopping rate (ca. 0.25 MHz) of 

Li-ions in these inverse spinels. An explanation for the low temperature behaviour observed 

in plots of ν and Δ is currently unclear, as this behaviour has not previously been seen in 

battery materials studied using the µSR technique. Nevertheless, one possible explanation 

could be the presence of a range of muon stopping sites which experience different 

fluctuations, e.g. from nuclear or magnetic moments, with increasing temperature. 

Alternatively as previously discussed, Page et al. reported that x = 0 and other inverse spinels 

form a locally cation-zigzag-ordered structure (space group P4122) up to 8 Ȧ.[7] The results 

presented here may suggest local structural changes with temperature e.g. 

ordered/disordered transitions, which thereby alter the local fields that implanted muons 

experience. It should be noted that the low temperature phenomena observed in µSR data 

was not evident within impedance spectroscopy data, likely due to this being a short range 

effect or occurring outside of the temperature range investigated. Further work could use 

solid-state NMR or PDF techniques to investigate the effect of temperature on any local 

structural changes within the inverse spinel system.             
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Figure 5.16. Variation of ν and ∆ with temperature obtained from the fitting of raw asymmetry data 
to Equation 5.1 for Li2+xNi2-2xCrxV2O8, x = 0, measured from 100 K to 600 K. 
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Figure 5.17. Variation of ν and ∆ with temperature obtained from the fitting of raw asymmetry data 
to Equation 5.1 for Li2+xNi2-2xCrxV2O8, x = 0.5, measured from 100 K to 600 K. 
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Figure 5.18. Variation of ν and ∆ with temperature obtained from the fitting of raw asymmetry data 
to Equation 5.1 for Li2+xNi2-2xCrxV2O8, x = 1, measured from 100 K to 600 K. 

 

 Arrhenius plots of the thermally activated region versus 1000/T  for Li2+xNi2-2xCrxV2O8, 

x = 0, 0.5 and 1 are shown in Figure 5.19. Calculated activation energies were similar for all 

three compositions, ranging between 0.17  to 0.19 ± 0.01 eV. These values are significantly 

lower than those calculated from impedance spectroscopy data, where values range from 

0.49 eV to 0.53 eV (Chapter 4, Section 4.3.4). This is likely due to the different sample 

preparations or Li-ion motion length scales measured by µSR and impedance spectroscopy 

techniques.[15], [22] Impedance spectroscopy measurements are also sensitive to 

preparation conditions such as the sintering temperature and pellet density. These 

discrepancies have also been observed in the solid electrolyte, Li6.5Al0.25La2.92Zr2O12, where an 

activation energy of 0.19 eV was deduced from µSR compared with 0.55 eV from impedance 

spectroscopy measurements.[17] The activation energies for these inverse spinels are also 
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significantly lower than that calculated for Li2NiGe3O8 (0.43 eV) from µSR, despite requiring a 

higher temperature to reach the same hopping rate.[18] The hopping rate is governed by the 

number of charge carriers and their mobility. This could indicate that while the barrier for 

hopping is lower in Li2+xNi2-2xCrxV2O8, the number of Li-ions available to hop may also be lower, 

as some Li-ions are trapped due to the mixed occupancies between Li and metal cations on 

average.     

   

 

Figure 5.19. Arrhenius plot of ν (MHz) vs. 1000/T (K-1)  of the thermally activated region for the inverse 
spinel series, Li2+xNi2-2xCrxV2O8, x = 0, 0.5 and 1. The error in the activation energy was calculated to be 
0.01 eV for all compositions. 

 
The Li-ion diffusion coefficient (DLi) for Li2+xNi2-2xCrxV2O8, x = 0, 0.5 and 1 was calculated 

using Equation 5.2. Ni is the number of available sites calculated from the three-dimensional 

16c-8a-16c conduction pathway, where each 16c site is surrounded by two 8a sites. Zν,i is the 
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vacancy fraction of destination sites, assumed to be 1 at 300 K. Si is the hopping distance 

between 16c and 8a sites (1.79 Ȧ). Finally, ν is the fluctuation rate, calculated by extrapolating 

the Arrhenius plots of the thermally activated region to 300 K.  

 

𝑫𝑳𝒊 =  𝜮𝒊 = 𝟏
𝒏  

𝟏

𝑵𝒊
 𝒁𝒗,𝒊 𝑺𝒊

𝟐 𝒗  (Equation 5.2) 

 

By using the crystal structure information obtained from variable temperature ToF ND 

and µSR as a local probe for Li-ion hopping, diffusion coefficients of 2.36 ± 0.86 x 10-12 cm2 s-

1 (x = 0), 2.25 ± 0.64 x 10-12 cm2 s-1 (x = 0.5) and 1.96 ± 0.21 x 10-12 cm2 s-1 (x = 1) can be 

obtained for these inverse spinels. Table 5.7 displays DLi and activation energies for several Li-

ion conductors calculated using the µSR technique. The results herein are comparable to 

previous work on the complex spinel, Li2NiGe3O8 and have similar activation energies for local 

Li-ion diffusion to the Li-stuffed garnet, Li6.5Al0.25La2.92Zr2O12 and the normal spinel, 

Li4Ti5O12.[17], [18], [23] The similar activation energies of the solid solution Li2+xNi2-2xCrxV2O8 

reported here in comparison to Li4Ti5O12 are expected due to the related conduction 

pathways found from variable-temperature ND refinements in this work. This suggests that 

they are modest Li-ion conductors despite the mixed occupancy of 16c sites by Li and 

transition metals, and that this should not be the limiting factor for determining their 

applications as Li-ion battery materials.  

 
 

Table 5.7. Comparison of activation energies and Lithium diffusion coefficients (DLi) at 300 K for several 
battery materials calculated from muon spectroscopy data.  

Material DLi (cm2 s-1) Ea (eV) Reference 

Li2Ni2V2O8 2.36 x 10-12 0.17 This work 
Li2.5NiCr0.5V2O8 2.25 x 10-12 0.19 This work 

Li3CrV2O8 1.96 x 10-12 0.17 This work 
Li2NiGe3O8 3.89 x 10-12 0.43 [18] 

Li4Ti5O12 3.2 x 10-11 0.12 [23] 
Li6.5Al0.25La2.92Zr2O12 4.62 x 10-11 0.19 [17] 

LiCoO2 2.5 x 10-10 0.09 [19] 
LiFePO4 10-10-10-9 0.1 [22] 
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5.4. Conclusions 

In this work the Li-ion diffusion mechanisms and kinetics in the inverse spinel series, 

Li2+xNi2-2xCrxV2O8, x = 0, 0.5 and 1, were investigated, for the first time, using variable-

temperature neutron powder diffraction alongside muon spectroscopy. 

 Rietveld refinements of x = 0.5 and 1 revealed the inverse spinel structure is 

maintained throughout all measured temperatures (250 to 600 °C). There was also no 

indication of cation mixing and/or ordering as a function of temperature. However, difference 

Fourier maps generated during Rietveld refinements showed significant negative scattering, 

which was identified as Li-ions occupying additional 8a tetrahedral sites. As a result, the 

conduction pathway appears to be relatively simple and similar to their normal spinel 

counterparts. In these materials, Li-ions occupying 16c octahedral sites can diffuse into vacant 

8a tetrahedral sites through polyhedral faces, forming an 16c-8a-16c conduction pathway. 

This is despite the random distribution of Li-ions together with Cr and/or Ni cations in 16c 

sites.      

 Muon spectroscopy was then utilised as a local probe for Li-ion diffusion in x = 0, 0.5 

and 1. Li-ions were found to rapidly diffuse at ca. 400 K for x = 0 and 0.5 and ca. 320 K for 

x = 1, corresponding to calculated activation energies between 0.17 to 0.19 eV. Li-ion 

diffusion coefficients of between 1.96 x 10-12 cm2 s-1 and 2.36 x 10-12 cm2 s-1 were determined 

using structural information obtained from neutron diffraction data alongside the hopping 

rate obtained from muon spectroscopy data. These results are comparable to other normal 

spinel materials such as Li2NiGe3O8 and Li4Ti5O12, where Li-ions solely occupy tetrahedral sites. 

Therefore, this suggests that the random distribution of  Li and transition metal cations in 

octahedral sites should not be the limiting factor in determining their potential applications 

in LiBs. 

 Further studies are required to investigate the effect of altering the Li/Transition metal 

ratio on the local ordering in these materials. This could be conducted through the use of 

techniques such as PDF theory and solid-state MAS NMR. These techniques could also help 

gain insight into the low temperature phenomena seen in muon spectroscopy data.         
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5.6. Appendix 

 

Figure 5.20. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 550 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 

 

Figure 5.21. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 500 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 
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Figure 5.22. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 450 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 

 

Figure 5.23. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 400 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 
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Figure 5.24. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 350 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 

 

Figure 5.25. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 300 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 
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Figure 5.26. Difference Fourier map calculated during the Rietveld refinement of the Li2.5NiCr0.5V2O8 
crystal structure at 250 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. 
Solid and dash lines represent contours of positive and negative scattering density, respectively. 
Significant negative scattering is located between V1 atoms, which can be attributed to Li in 8a 
tetrahedral sites. 

 

Figure 5.27. Difference Fourier map calculated during the Rietveld refinement of the Li3CrV2O8 crystal 
structure at 500 °C. Centre of reference is 0.125, 0.125, 0.125, with a map size of 10 Å × 10 Å. Solid 
and dash lines represent contours of positive and negative scattering density, respectively. Significant 
negative scattering is located between V1 atoms, which can be attributed to Li in 8a tetrahedral sites. 
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Chapter 6: Electrochemical Performance of the Li2+xNi2-2xCrxV2O8 Solid 

Solution 

6.1. Introduction 

Current cathode materials are typically the limiting component in LiBs due to their lower 

capacity compared to the anode. The choice of cathode material also usually determines the 

operating voltage, and thus the overall energy density of full cells. The two main approaches 

to increase energy density are therefore 1) to use high voltage materials e.g. Li2NiMn3O8 with 

an operating voltage and theoretical capacity of 4.7 V vs. Li/Li+ and 147 mAh g-1, respectively; 

or 2) increase the amount of Li-ions that can be extracted during charge, thereby increasing 

capacity e.g. Li-rich cathode materials, which can have specific capacities > 250 mAh g-1.[1], 

[2] 

  As previously discussed in Section 2.4.5, the inverse spinels, LiMVO4 (M = Mn Co 

and/or Ni) have also been investigated as potential cathode materials due to their relatively 

high operating voltages of between 3.8 to 4.8 V vs. Li/Li+  and theoretical capacities of ca. 148 

mAh g-1, depending on the transition metal.[3], [4] However, the limited discharge capacities 

(between 40 to 90 mAh g-1) and significant capacity fade observed has meant that less focus 

has been given to materials with the inverse spinel structure.[5] Instead, focus has shifted to 

materials with greatly increased capacities such as Li-rich disordered rocksalts, with a Li to 

transition metal ratio greater than one.[6]  

   More recently, there has been renewed interest in inverse spinel vanadates as 

potential anode materials due to the possibility of a multivalent V5+/3+ redox process. This 

would enable theoretical capacities greater than 200 mAh g-1 at operating voltages between 

1 to 0.8 V, offering an enticing alternative to the normal spinel Li4Ti5O12 (theoretical capacity 

= 175 mAh g-1 and operating voltage 1.5 V vs. Li/Li+). Examples of inverse spinels which have 

previously been investigated as anode materials include LiNiVO4, LiMgVO4 and LiZnVO4.[7], 

[8] The choice of M2+ transition metal appear to have a significant influence on initial 

discharge capacities as well as capacity retention and cycle life. For instance, LiNiVO4 and 

LiZnVO4 have initial discharge capacities of between 850 to 1110 mAh g-1 and 1008 mAh g-1, 

respectively.[5], [8] Despite the high initial capacities observed, these materials typically 

suffer from huge capacity fade (> 50 %) during subsequent cycles. On the other hand, LiMgVO4 
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displays a lower initial discharge capacity of 581 mAh g-1, but with a capacity retention of 91 

% after 30 cycles. These materials also suffer low initial coulombic efficiencies, with LiMgVO4 

displaying a charge capacity of ca. 202 mAh g-1, corresponding to a coulombic efficiency of 35 

%.[8] The observed differences in cycling behaviour of these materials have been attributed 

to different reaction mechanisms (e.g. intercalation or conversion-like mechanisms), as 

previously discussed in Chapter 2, Section 2.2.1.  

 In this chapter, the compositions Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) were investigated using 

electrochemical cycling as potential cathode and anode materials. Particular focus was made 

on studying how the electrochemical properties vary with increasing Li/Cr content. XANES 

was then used to investigate the in-situ cycling performance the of x = 0.5 and x = 0.75 

compositions as cathode materials. These compositions were chosen because they displayed 

the best electrochemical behaviour during initial cell testing.   
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6.2. Experimental 

The inverse spinel series Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5 0.75 and 1) were investigated as 

both cathode and anode materials through galvanostatic cycling experiments. All studied 

compositions were synthesised at 500 °C for 24 h via the same citric acid sol-gel route 

reported in Chapter 4. 

6.2.1. Electrochemical Measurements 

Galvanostatic cycling experiments were performed in Swagelok type cells on a Biologic VSP 

potentiostat. For both cathode (positive) and anode (negative) electrode tests, 10 mm 

diameter pellets of approximately 20 mg of electrode material were pressed outside the 

glovebox and dried for ca. 12 h in a vacuum oven at 80 °C. The electrode mixture consisted of 

75 wt% active material, 15 wt% carbon black, and 10 wt% polyvinylidene fluoride (PVDF). Half 

cells were then fabricated in an Ar filled glovebox using the pellets of electrode material, a 

Whatman glass microfibre separator, and a 10 mm diameter lithium metal disk (Sigma-

Aldrich, 99 %) pressed on a stainless steel plate as the counter electrode. The electrolyte 

solution consisted of 1 M LiPF6 dissolved in ethylene carbonate (EC) and dimethyl carbonate 

(DMC) 1:1 v/v (Sigma-Aldrich, battery grade). A C-rate of C/10 was used for all experiments 

with a voltage range of 3 to 4.9 V for cathode experiments and 2.5 to 0.02 V for anode 

experiments. The theoretical capacity was calculated using Equation 6.1: 

𝑄
𝑇ℎ𝑒𝑜𝑟𝑒𝑡𝑖𝑐𝑎𝑙 = 

𝑛𝐹

𝑀𝑤×3.6

       (Equation 6.1) 

Where n is the number of electrons transferred during cycling per unit formula, F is 

the Faraday constant (9.6485 x 104 C mol-1), Mw is the molecular mass of electrode material 

and 3.6 is the factor required to convert from coulomb (CA g-1) to mAh g-1. The number of 

electrons transferred were calculated using Equations 6.2 and 6.3 and the theoretical 

capacities are summarised in Table 6.1.  

           (Li+ extraction)  𝐿𝑖3𝐶𝑟3+𝑉2𝑂8  → 𝐶𝑟6+𝑉2𝑂8 + 3𝐿𝑖+ + 3𝑒−   (Equation 6.2) 

(Li+ insertion) 𝐿𝑖3𝐶𝑟𝑉5+
2𝑂8 + 4𝑒− + 4𝐿𝑖+ →  𝐿𝑖7𝐶𝑟𝑉3+

2𝑂8  (Equation 6.3) 
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Table 6.1. Theoretical capacities for Li2+xNi2-2xCrxV2O8 as cathode and anode materials, calculated 
assuming a three (cathode) and four (anode) electron transfer using Equations 6.1, 6.3 and 6.4. 

Composition  

(Li2+xNi2-2xCrxV2O8) 

Theoretical Capacity (mAh g-1) 

Cathode Anode 

0 148 297 

0.25 174 309 

0.5 202 323 

0.75 232 338 

1 266 354 

 

6.2.3. In-situ Cycling XANES 

In-situ XANES data were collected during electrochemical cycling on the B18 beamline at the 

Diamond Light Source synchrotron facility (Harwell Science & Innovation Campus, 

Oxfordshire, UK), for V, Cr, and Ni K-edges of Li2.75Ni0.5Cr0.75V2O8 and Li2.5NiCr0.5V208 as 

cathode materials using a multichannel potentiostat (3 to 4.9 V). Powder electrodes were 

prepared via mixing with carbon black (1:1 wt%) and cycled at a C-rate of C/20 for 

Li2.75Ni0.5Cr0.75V2O8 and C/15 for Li2.5NiCr0.5V208. The C-rate was altered due to beamline time 

constraints. Electrochemical cells were again prepared in an Ar filled glovebox using a 

specially designed cell for synchrotron radiation, fitted with a Be window to allow X-rays to 

pass through (Figure 6.1).[9]  

 

Figure 6.1. Electrochemical cell schematic for in-situ measurements.[9] 
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Further XANES spectra were collected to act as standard reference materials of known 

valence (VO2, V2O5, NiO, LiNiO2, Ni(OCOCH3)2·4H2O, Cr2O3, CrO2 and K2CrO4), as well as 

powder samples of Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1) to provide a baseline dataset 

for comparison. Samples were prepared by mixing with appropriate amounts of an inert, low 

molecular weight binder (cellulose) and pressed into 10 mm diameter pellets. All 

measurements were carried out in fluorescence mode, using a Si single crystal (111) 

monochromator. The collected XANES spectra were then normalised and calibrated against 

the metallic foil (V, Cr or Ni) within the Athena software package.[10] For fitting of Cr and V 

pre-edge regions, the program Fityk was used.[11] Due to the Covid-19 pandemic, all samples 

investigated were measured remotely, with on-site sample preparation and data collection 

performed by the instrument scientists Dr Maria Diaz-Lopez and Dr Veronica Celorrio.                

 

6.3. Results and Discussion 

6.3.1. Electrochemical Cycling of Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1) as 

potential cathode materials  

Electrochemical cycling data for the Li2+xNi2-2xCrxV2O8 solid solution as potential cathode 

materials are presented in Figure 6.2. Galvanostatic cycling experiments for Li2+xNi2-2xCrxV2O8  

were carried out due to previous interest in x = 0 as a high voltage (4.8 V vs. Li+/Li) cathode 

material (Chapter 2, Section 2.4.5). For x = 0, an initial charge (Li+ extraction) capacity of ca. 

80 mAh g-1 was obtained, with a voltage plateau at ca. 4.75 V  due to a Ni2+/3+ oxidation 

process. During discharge (Li+ insertion), a plateau at ca. 4.7 V was observed, with a discharge 

capacity of ca. 23 mAh g-1. This suggests only a limited amount of the Li-ions present can be 

reversibly extracted/inserted during cycling. These results are consistent with previous 

reports for x = 0, with initial charge capacities between 80 to 40 mAh g-1, and discharge 

capacities between 30 to 20 mAh g-1, depending on the synthesis method and electrochemical 

cell setup.[3], [5], [12] Capacities during the 2nd and 10th cycles were further reduced 

significantly to below 5 mAh g-1, suggesting the material rapidly deteriorates after the 1st 

cycle. Previous research efforts have suggested this irreversible capacity loss during the first 

and subsequent cycles, observed here and in previous studies, is likely due to mixing of Ni2+/3+ 

and V5+ cations on octahedral and tetrahedral sites, as well as side reactions such as 

electrolyte oxidation during cycling at high voltages.[3], [13] 
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 For x = 0.25, 0.5, and 0.75, a similar pattern was observed, with 1st cycle charge 

capacities between 100 to ca. 80 mAh g-1. However, two plateaus were observed during 

charge, one between 4.5 V to 4.6 V, and one at ca. 4.8 V. The first voltage plateau shifts to 

lower voltages with increasing x, although the explanation for this is currently not 

understood. The different voltage plateaus are likely due to Cr3+/Ni2+ and/or electrolyte 

oxidation during charge. These processes appear to be largely irreversible on discharge, with 

limited capacities of between 23 to 9 mAh g-1. The discharge capacity seen is the largest for 

x = 0.75, which displays a capacity of ca. 23 mAh g-1 between 3.7 and 3 V. A similar pattern is 

observed in the discharge curves for x = 0.5 and 0.25 between 3.5 and 3 V, with reduced 

capacities of ca. 11 and 9 mAh g-1, respectively. This behaviour may be due to side reactions 

and/or an oxygen (O2-/O2
2-) redox process, which has been suggested in the inverse spinel 

LiNi1/3Co1/3Mn1/3VO4 and to a greater extent in Li-rich layered oxide cathode materials.[1], 

[12] A computational study of electronic structure changes for LiNiVO4 and LiCoVO4 during 

discharge (lithiation) also suggested that while reduction of the transition metal is the 

dominant redox process, oxygen ions can also be reduced.[14] The results herein may suggest 

this is more evident in Cr-containing inverse spinels. 

During subsequent cycles, the lower voltage plateau present on charge is absent and 

capacities are likewise significantly reduced, again suggesting that these materials rapidly 

deteriorate after the initial charge. The additional charge capacity observed at high voltages 

(between 4.8 V to 4.9 V) for x = 0.25 and 0.75 are most likely due to side reactions, such as 

reactions between the electrolyte and stainless steel Swagelok cells.[15] For x = 1, a small 

slope between 4.4 V and 4.5 V is observed, with charge/discharge capacities of ca. 10 mAh g-1 

and 4 mAh g-1. This indicates x = 1 is not redox active in the studied voltage window and the 

small capacities observed are likely due to electrolyte oxidation. 
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Figure 6.2. Electrochemical data for Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1) cycled as a cathode 
between 3 V to 4.9 V at a C-rate of C/10.  
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6.3.1.1. In-situ XANES Analysis of Li2+xNi2-2xCrxV2O8 (x = 0.75 and 0.5) as Potential 

Cathode Materials 

To investigate the poor cycling performance of Li2+xNi2-2xCrxV2O8 as cathode materials, in-situ  

transition metal K-edge XANES for compositions x = 0.75 and 0.5 were collected during initial 

cycling. Figure 6.3 displays Cr K-edge normalised XANES spectra for powder samples of 

x = 0.25, 0.5, 0.75 and 1 as well as for the reference materials Cr2O3, CrO2 and K2CrO4. For 

many metal absorption edges, the edge position (E½, here determined as the energy at one 

half the edge step) follows a linear trend with oxidation state; however, Farges reported 

variations in the absorption edge position of up to a 2.6 eV for several Cr3+ compounds in 

octahedral coordination, which brings into question the reliability of using the absorption 

edge position as a measure of oxidation state.[16] Farges suggested that the centroid position 

and area of the lower energy pre-edge features are a better indicator of Cr oxidation state 

than the edge position.[16] A similar trend to that found in previous reports is observed in 

Figure 6.3, with the absorption edge positions of the Li2+xNi2-2xCrxV2O8 series differing by up 

to 1.5 eV. The spectra of all compositions are shifted to higher energies compared to the Cr3+ 

reference compound, Cr2O3. Despite these differences, the lower energy pre-edge feature at 

ca. 5990 eV is almost identical in Li2+xNi2-2xCrxV2O8 compositions and Cr2O3.  

 

Figure 6.3. Normalised Cr k-edge XANES spectra for powder samples of Li2+xNi2-2xCrxV2O8 (x = 0.25, 0.5, 
0.75, and 1) and the standard reference materials Cr2O3 (Cr3+), CrO2 (Cr4+) and K2CrO4 (Cr6+). * = first 
pre-edge feature. 
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The pre-edge features were fitted using multiple pseudo-Voigt functions to calculate 

the centroid position and integrated area, examples of which are shown in Figure 6.4. It 

should be noted that the fitting parameters were not intended to be related to any physical 

phenomenon. For lower valence Cr species, the higher energy pre-edge feature was excluded 

as the pre-edge information was inconsistent with its inclusion, i.e. the centroid position for 

Cr3+ species shifted beyond CrO2. Three pseudo-Voigts were required to accurately describe 

the intense pre-edge feature observed in the spectrum of K2CrO4, with the centroid position 

and area calculated using a weighted average of the different pseudo-Voigts. Table 6.2 

summarises the pre-edge information for all measured materials. The centroid positions of 

the standard reference materials Cr2O3, CrO2 and K2CrO4 shift to higher energies as the 

oxidation state of Cr shifts from Cr3+ to Cr6+, which is consistent with trends observed by 

Farges.[16] The area of the pre-edge peaks are related to the coordination of Cr, with K2CrO4 

displaying the largest area due to Cr6+ being present in a tetrahedral coordination. Cr2O3 and 

CrO2 are both in an octahedral environment and exhibit similar pre-edge peak areas. The 

centroid position and area for powder samples of x = 0.25, 0.5, 0.75 and 1 are comparable to 

Cr2O3, indicating Cr has a 3+ oxidation state in an octahedral coordination, as expected in the 

inverse spinel structure.  

 

Figure 6.4. Example fits of the Cr pre-edge features for the standard reference materials Cr2O3, CrO2, 
K2CrO4 and Li2+xNi2-2xCrxV2O8, x = 1 using multiple pseudo-Voigt peak shape functions in the Fityk 
software. The background of the pre-edge was manually defined and subtracted before fitting.    
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Table 6.2. Pre-edge information of Cr k-edge XANES spectra for Li2+xNi2-2xCrxV2O8 (x = 0.25, 0.5, 0.75, 
and 1) and the standard reference materials Cr2O3, CrO2 and K2CrO4, calculated from fitting the first 
pre-edge feature.  

Sample Centroid Position (eV) Total Area 

x = 1 5990.36 0.038 

x = 0.75 5990.42 0.024 

x = 0.5 5990.32 0.022 

x = 0.25 5990.26 0.011 

Cr2O3 5990.45 0.055 

CrO2 5990.98 0.035 

K2CrO4 5993.31 2.002 

 

V K-edge normalised XANES spectra for powder samples of x = 0, 0.25, 0.5, 0.75 and 1 

as well as the spectra of the reference materials VO2 and V2O5 are shown in Figure 6.5. Similar 

to Cr K-edge XANES spectra, the complicated absorption edge position means it is not a 

reliable measure of oxidation state, as seen by the shift in edge position at E1/2 with x in the 

Li2+xNi2-2xCrxV2O8 series. As such, the V K-edge XANES spectra were analysed by fitting the pre-

edge feature with three pseudo-Voigt functions, in a similar manner to the Cr XANES spectra 

discussed above. The V K-edge XANES spectra presented here are additionally complicated by 

the varying coordination environments between the reference compounds and the Li2+xNi2-

2xCrxV2O8 series e.g. V5+ in V2O5 is in a square pyramidal coordination, while the expected 

coordination in inverse spinels is tetrahedral. As a result, there is little overlap of the pre-edge 

feature centroid positions of the V reference materials and Li2+xNi2-2xCrxV2O8 compositions. 

Instead, the centroid position, and relative and total areas (normalised to V2O5) were used to 

compare the results herein to previous reports for V K-edge XANES spectra of differing 

oxidation states and environments.[17], [18]  

The pre-edge information from the resulting fits are summarised in Table 6.3. The pre-

edge peak area of Li2+xNi2-2xCrxV2O8 compositions are of the same magnitude as the V2O5 

standard reference material, with the centroid position shifted to slightly lower energies, ca. 

1 eV. The VO2 standard reference has a slightly lower relative area compared to V2O5 
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however, the overlap in the centroid position between VO2 and V2O5 may indicate the VO2 

standard used is a mixture of V4+/V5+ oxidation states.[17] When compared to previous 

analysis of differing V containing species by Chaurand et al. – who also observed a ca. 1 eV 

shift to lower energies for V5+ species in tetrahedral coordination compared to V2O5 – this 

suggested V in Li2+xNi2-2xCrxV2O8 compositions is present as V5+ in a tetrahedral 

coordination.[17] These results are also consistent with previously reported V K-edge XANES 

spectra for x = 0.[7], [19] This is in good agreement with the expected coordination within the 

inverse spinel structure. 

 

Figure 6.5. Normalised V k-edge XANES spectra for Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75, and 1) and 
the standard reference materials, VO2 and V2O5. 

Table 6.3. Pre-edge information of V k-edge XANES spectra for Li2+xNi2-2xCrxV2O8 (x = 0.25, 0.5, 0.75, 
and 1) and the standard reference materials, VO2 and V2O5. *Note that it appears that some of the 
VO2 standard has oxidised from V4+ to V5+ as observed by the intense pre-edge feature. 

Sample Oxidation State Centroid Position (eV) Relative area  Total Area 

x = 1 5 5469.61 0.99  1.964 

x = 0.75 5 5469.58 0.98  1.937 

x = 0.5 5 5469.52 0.96  1.892 

x = 0.25 5 5469.48 0.95  1.869 

x = 0 5 5469.46 0.94  1.846 

VO2 4/5* 5470.37 0.87  1.711 
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V2O5 5 5470.51 1  1.968 

 

Ni K-edge normalised XANES spectra for Li2+xNi2-2xCrxV2O8  x = 0.5 and 0.75, as well as 

the reference compounds NiO, LiNiO2 and Ni(OCOCH3)2·4H2O are presented in Figure 6.6. Ni 

K-edge XANES spectra for x = 0 and 0.25 were not collected due to technical difficulties and 

time constraints during the experiment. The absorption edge positions for x = 0.5 and 0.75 

are similar, in contrast to those of the Cr and V K-edge XANES spectra. Nevertheless, the edge 

position is also complicated due to the differences in coordination environments compared 

to the Ni reference compounds. For instance, NiO (Ni2+) and LiNiO2 (Ni3+) are both in 

octahedral coordination, with a shift to higher energy in the edge position observed for 

LiNiO2; however, for Ni(OCOCH3)2·4H2O (Ni2+) the edge position is shifted beyond that of 

LiNiO2, possibly because Ni2+ is in a distorted octahedral coordination.[20] The edge position 

of x = 0 and 0.25 is most similar to Ni(OCOCH3)2·4H2O, indicating a Ni2+ oxidation state, and 

likely a distorted octahedral environment, i.e. likely located on the 16c site alongside Li/Cr 

due to the shared occupancy in these inverse spinels. These results are also consistent with 

previous Ni K-edge XANES spectra for x = 0.[7], [19] Due to similarities in the XANES spectra 

between the Li2+xNi2-2xCrxV2O8 compositions, it can be inferred that x = 0.25 and x = 0 would 

also be Ni2+ in an octahedral coordination. 
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Figure 6.6. Normalised Ni k-edge XANES spectra for Li2+xNi2-2xCrxV2O8 (x = 0.5 and 0.75) and the 
standard reference materials, NiO, LiNiO2 and Ni(OCOCH3)2·4H2O.  

 

In-situ electrochemical cycling data for x = 0.75 and 0.5 during initial cycles are 

presented in Figure 6.7. For x = 0.75, only the first charge data is available due to the cell 

failing during discharge. Nevertheless, both compositions have comparable voltage profiles 

to those in Figure 6.2, indicating the in-situ electrochemical cell is an accurate reflection of 

the electrochemical mechanisms that occur during standard operation. Cr, V and Ni K-edge 

normalised XANES spectra collected during in-situ cycling are displayed in Figures 6.8, 6.10 

and 6.11.  

For both compositions the largest change is observed within Cr K-edge XANES spectra 

during  the first charge. From 4.5 to 4.9 V, a systematic shift in edge position to higher energies 

is observed and the higher energy pre-edge peak at ca. 5993 eV increases in intensity with 

increasing voltage. The lower energy pre-edge peak at ca. 5990 eV is concealed at higher 

voltages, as the higher energy pre-edge peak at ca. 5993 eV becomes the dominant feature. 

For x = 0.5 during the subsequent discharge and second charge, only a very small change is 

observed in the pre-edge intensity and edge position. Figure 6.10 summaries the changes in 

the pre-edge centroid position and area with voltage. From 3 to 4.5 V, the pre-edge 
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information indicates Cr largely remains Cr3+, but at voltages higher than 4.5 V the pre-edge 

regions begins to resemble a Cr6+ species. The increase in the pre-edge peak area is largest 

for x = 0.5, possibly due to the different reaction kinetics as a slower C-rate of C/20 was used, 

compared to C/15 for x = 0.75. These changes in the pre-edge features, alongside the shift to 

higher energies in the edge position suggests that, on charge, Cr3+ is oxidised to Cr6+ as Li-ions 

are extracted and Cr6+ ions shift from octahedral to tetrahedral sites in the inverse spinel 

structure. This process is largely irreversible, likely because the majority of Cr6+ ions are 

unable to be reduced back to Cr3+, and explains the limited capacities obtained on discharge. 

A similar Cr3+/6+ process has been reported for the normal spinel series, LiMn2-xCrxO4.[21] The 

transition of Cr6+ ions from octahedral 16c to neighbouring tetrahedral 8a sites may also 

impede the Li-ion (16c-8a-16c) conduction pathway discussed in Chapter 5.  

 

Figure 6.7. In-situ electrochemical data for x = 0.75 and x = 0.5, cycled between 3 V to 4.9 V at a C-rate 
of C/20 and C/15 respectively. 
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Figure 6.8. Normalised Cr k-edge XANES spectra collected during in-situ cycling for x = 0.75 and x = 0.5. 

 

Figure 6.9. Summary of pre-edge information for Cr k-edge XANES spectra collected during in-situ 
cycling. The data highlights that for both x = 0.75 and 0.5, Cr pre-edge regions begin to resemble the 
Cr6+ standard with increasing voltage. Data for x = 0.75 is shown in blue squares and x = 0.5 data is 
shown red circles, with discharge and 2nd charge data in open and half-closed circles, respectively. 
Data for Cr standard reference materials are shown in orange circles.    

 

In the V K-edge XANES spectra, a small decrease in the pre-edge peak is observed on 

charge; however, no systematic trend in the edge position is observed. This may indicate a 

small percentage of V5+ ions in tetrahedral sites shifting into octahedral sites, which has 

previously been suggested to occur in similar inverse spinel compounds.[7], [13] The Ni K-
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edge XANES spectra appear relatively unchanged during cycling with only a very small 

decrease in the peak after the absorption edge, indicating the majority of Ni remains in its 2+ 

oxidation state. Similar results have been obtained by Kitajou et al. for LiNi1/3Co1/3Mn1/3VO4, 

who instead suggested the higher voltage plateau may be due to an oxygen (O2-/O2
2-) redox 

process, as discussed above.[12] As a result of these findings, the majority of capacity loss 

observed in these materials after the first charge appears to be due to the oxidation of Cr3+ 

to Cr6+. Subsequently, Cr6+ transitions from octahedral to neighbouring tetrahedral sites, 

thereby blocking Li-ion diffusion through these sites.  

 

 

Figure 6.10. Normalised V k-edge XANES spectra collected during in-situ cycling for x = 0.75 and x = 0.5. 

 

 

Figure 6.11. Normalised Ni k-edge XANES spectra collected during in-situ cycling for x = 0.75 and x 
= 0.5. 
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6.3.2. Electrochemical Cycling of Li2+xNi2-2xCrxV2O8 (x = 0, 0.25, 0.5, 0.75 and 1) as  

Potential Anode Materials  

Following the investigation of the inverse spinel series Li2+xNi2-2xCrxV2O8 as potential cathode 

materials, the question arose as to whether the series would function more effectively as 

anode materials. This was driven by previous studies into LiMVO4 (M = Ni, Cu, Zn and Mg), 

where the possibility of a two-electron V5+/V3+ redox process would enable greater capacities 

than other spinels such as Li4Ti5O12.[7], [8], [22] 

Figures 6.12a to 6.16a show discharge and charge curves for x = 0, 0.25, 0.5, 0.75 and 

1 between a voltage range of 2.5 to 0.02 V. For x = 0, on the 1st discharge the voltage rapidly 

decreases to ca. 0.9 V where it then displays two regions, the first with a decrease between 

ca. 0.9 to 0.6 V, and the second where the voltage more gradually decreases between ca. 0.6 

to 0.5 V. After this, a sharp decrease is observed until 0.02 V. For x = 0.25, 0.5 and 0.75, a 

similar behaviour is observed, however, the second voltage region decreases more rapidly 

with increasing x. For x = 1, the voltage sharply decreases to 1 V and then gradually decreases 

to ca. 0.5 V. After this, the voltage swiftly drops to ca. 0.06 V, where it levels off to 0.02 V. The 

resulting 1st cycle discharge capacities are 968, 712, 721, 764, and 406 mAh g-1 for x = 0, 0.25, 

0.5, 0.75 and 1, respectively. These values are all significantly higher than theoretical 

capacities calculated assuming a V5+/3+ redox couple and suggests additional reduction 

processes are occurring during the 1st discharge, such as the reduction of transition metal 

cations to their metallic state. For x = 1, if the voltage plateau at 0.06 V is excluded, a discharge 

capacity of 355 mAh g-1 is obtained, in excellent agreement with its theoretical capacity of 

354 mAh g-1. This indicates the additional ca. 50 mAh g-1 of capacity obtained at low voltages 

may be due to further reduction processes. Further work should investigate the capacity 

retention and structural stability of these materials at differing voltage cut-offs. 

The voltage curves on the subsequent charge differ significantly from discharge, with 

the slope for x = 0 occurring between ca. 1 to 1.5 V. As x increases, the voltage range of the 

charge slope decreases until between 0.6 to 1.1 V for x = 1. This indicates the operating 

voltage or average voltage decreases with increasing x, and is ca. 1.25, 1.2, 1.1, 1 and 0.8 V 

for x = 0, 0.25, 0.5, 0.75 and 1, respectively. The resulting 1st cycle charge capacity are 615, 

417, 437, 450 and 165 mAh g-1 for x = 0, 0.25, 0.5, 0.75 and 1, respectively. This represents a 
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substantial irreversible capacity loss during charge, with Coulombic efficiencies of ca. 60 % for 

x = 0, 0.25, 0.5 and 0.75 and ca. 40 % for x = 1.  

 Capacity and Coulombic efficiency vs. cycle number are shown in Figures 6.12b to 

6.16b. For x = 0, 0.25, and 0.5 charge/discharge capacities rapidly fade over the first five cycles 

before plateauing for the remaining cycles. For x = 0.75, the capacity rapidly fades during the 

first five cycles and after this, experiences a more gradual decline for the remaining cycles. 

x = 1 displays the greatest stability vs. cycle number, experiencing a relatively stable decline 

after the first cycle. Coulombic efficiencies vs. cycle number are also the highest for x = 1, 

indicating the discharge/charge processes are the most reversible for this composition. 

Capacity retention after 30 cycles increases with increasing x, e.g. for x = 0 a capacity retention 

of 14 % is obtained compared to 61 % for x = 1. This implies Li/Cr doping may help stabilise 

the crystal structure during cycling as anode materials.  
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Figure 6.12. Electrochemical data for Li2Ni2V2O8 cycled as an anode between 2.5 to 0.02 V at a C-rate 
of C/10. 
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Figure 6.13. Electrochemical data for Li2.25Ni1.5Cr0.25V2O8 cycled as an anode between 2.5 to 0.02 V at 
a C-rate of C/10. 
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Figure 6.14. Electrochemical data for Li2.5NiCr0.5V2O8 cycled as an anode between 2.5 to 0.02 V at a 
C-rate of C/10. 
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Figure 6.15. Electrochemical data for Li2.75Ni0.5Cr0.75V2O8 cycled as an anode between 2.5 to 0.02 V at 
a C-rate of C/10. 
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Figure 6.16. Electrochemical data for Li3CrV2O8 cycled as an anode between 2.5 to 0.02 V at a C-rate 
of C/10. 

 

In previous reports of x = 0 cycled as an anode material between 3 to 0.02 V, the 1st 

cycle discharge capacities obtained were between 850 to 1110 mAh g-1, depending on the 

synthesis method.[5], [7] These results are comparable to the 968 mAh g-1 obtained herein, 

and likewise display poor capacity retention during cycling. Rossignol et al. investigated the 

charge/discharge mechanism of x = 0 during cycling using X-ray absorption spectroscopy (XAS) 

and suggested that during discharge, vanadium atoms are reduced and shift from tetrahedral 

sites to distorted octahedra, whilst nickel atoms are reduced close to their metallic state. 

During charge, XAS data revealed only vanadium atoms are oxidised, shifting back to a 
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tetrahedral environment.[7] XRD data also revealed x = 0  is amorphised during discharge, 

suggesting x = 0 behaves like a conversion anode material. Uyama et al. investigated the 

inverse spinel series LiMg1-xZnxVO4 (x = 0 to 1) as potential anode materials using ex-situ XRD 

(Chapter 2, Section 2.1.1).[8] Herein, ex-situ XRD revealed LiZnVO4 behaves similarly to 

LiNiVO4, where on discharge LiZnVO4 is amorphised. Uyama et al. suggested LiZnVO4 

undergoes a two stage reaction mechanism during cycling. The first is an intercalation-type 

mechanism (Equation 6.4) in which V5+ ions are reduced to V4+ and shift from tetrahedral sites 

to empty octahedral sites and are subsequently reduced to V3+ as more Li-ions are inserted 

into the inverse spinel structure. As the reaction proceeds, a second conversion-like reaction 

occurs and the spinel structure is destabilised, forming a rocksalt type phase (Equation 6.5).[8] 

A similar mechanism has also been observed in the normal spinel, LiMnTiO4.[23] The 

formation of the rocksalt phase leads to additional lattice strain due to differences between 

the rocksalt and spinel structures, as well as significant volume expansion as more Li-ions are 

inserted on discharge.[8], [23] These changes may explain the degradation in capacity 

retention vs. cycle number due to factors such as the active material isolating from the 

conducting carbon. In contrast, during discharge Uyama et al. suggested LiMgVO4 only 

undergoes the first intercalation-type reaction mechanism and displays a substantial increase 

in capacity retention compared to LiZnVO4. 

[V5+]tet[LiM]octO4 + 2Li+ + 2e- → [Li]tet[LiV3+]oct[LiM]octO4  (Equation 6.4) 

  [Li]tet[LiV3+]oct[LiM]octO4 + xLi+ + xe- → x(Lia,Znb,Vc)O   (Equation 6.5)  

 In comparison to the previous inverse spinels investigated, the data presented here 

for Li3CrV2O8 (x = 1) display behaviour similar to LiMgVO4, with 1st cycle discharge/charge 

capacities > 350 mAh g-1 and < 200 mAh g-1, respectively.[8] During subsequent cycles, both 

materials display greater capacity retention than their Zn or Ni containing counterparts. This 

may indicate that like LiMgVO4, Li3CrV2O8 also undergoes an intercalation-type mechanism. 

Uyama et al. suggested the poor first cycle Coulombic efficiency is due to difficulty in oxidising 

V4+ to V5+ and shifting back into tetrahedral sites during charge.[8] This could explain the 

reduced capacity during the 1st cycle charge for x = 1, as the charge capacity of 165 mAh g-1 is 

close to the theoretical capacity of 177 mAh g-1 assuming a one electron V3+/4+ redox couple. 

However, this is in contrast to XAS data collected by Rossignol et al. for LiNiVO4 (x = 0), which 

shows vanadium atoms in tetrahedral environments, suggesting an oxidation state of 5+ for 
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vanadium atoms during charge. Rossignol et al. instead suggested the limited reversible 

capacity on charge is due to reduced Ni atoms remaining in their metallic state.[7] As for x = 

0.75, 0.5 and 0.25, their discharge/charge curves appear to behave more similarly to x = 0 

with decreasing x. This could potentially indicate, with increasing Ni content, the reaction 

mechanisms are more conversion-like due to the larger capacities observed.  

This work highlights the potential of inverse spinel materials as moderate voltage, high 

capacity anodes. Further work should investigate the full Li2+xNi2-2xCrxV2O8 series using 

techniques such as XAS alongside operando XRD to elucidate the role of transition metal ions 

in octahedral sites on the reaction mechanism in inverse spinels during cycling. Further work 

on mitigating the low 1st cycle coulombic efficiencies is also required, e.g. through different 

doping strategies and altering the voltage cut-off window. Rate capabilities of these materials 

should also be studied to assess their competitiveness against other anode materials such as 

Li4Ti5O12.      
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6.4. Conclusions 

In this work the electrochemical performance of the Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) solid solution 

as potential cathode and anode materials were assessed through galvanostatic cycling with 

potential limits experiments. As cathode materials cycled between 3 to 4.9 V, x = 0 displayed 

comparable charge/discharge capacities to those previously reported, with a single voltage 

plateau. For x = 0.25, 0.5 and 0.75, initial charge capacities were similar to x = 0 (between 80 

to 100 mAh g-1), although two voltage plateaus were observed within charge curves. On 

discharge, these processes were largely irreversible, with limited discharge capacities 

between 9 to 23 mAh g-1. For Cr and Ni-containing samples, the majority of the discharge 

capacity was observed between 3 to 3.7 V, which may be indicative of an oxygen (O2-/O2
2-) 

redox process based on comparisons to similar materials reported in the literature. x = 1 

appears to be redox inactive as a cathode material in the studied voltage window.  

 XANES of Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) powders were collected to confirm the oxidation 

states of Cr, Ni and V in these materials. Analysis of the XANES Cr, V and Ni K-edge spectra 

revealed the present of Cr3+, Ni2+ and V5+, which was expected for the inverse spinel structure. 

In-situ XANES of x = 0.5 and 0.75 during cycling as cathode materials between 3 and 4.9 V 

were conducted to investigate the changing oxidation states during (dis)charge processes and 

to help explain the irreversible capacity loss. During charge, the largest change was seen in 

the Cr K-edge spectra. Analysis of the pre-edge information and edge position indicated an 

increase in the pre-edge peak intensity and a shift to higher energies in the edge position. As 

a result, on charge the Cr K-edge spectra, for both x = 0.5 and 0.75, more resembled the Cr6+ 

standard reference spectra. A small decrease in the pre-edge intensity of V k-edge XANES 

spectra was also observed on charge, which may be suggestive of a small percentage of V5+ 

cations shifting from tetrahedral sites to octahedral sites. Ni K-edge XANES spectra remained 

relatively unchanged during cycling. For x = 0.5 on the subsequent discharge, the Cr, V and Ni 

K-edge spectra largely remained unchanged. These results indicate that on charge, Cr3+ is 

oxidised to Cr6+ and shifts from octahedral to tetrahedral sites. On discharge, the majority of 

Cr6+ is unable to be reduced back to Cr3+. The presence of Cr6+ in tetrahedral sites may also 

impede the oct-tet-oct Li-ion conduction pathway found in Chapter 5. 

 Preliminary results of Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) as anode materials revealed the 

largest 1st cycle discharge capacity was observed for x = 0 at ca. 968 mAh g-1, which again is 



188 
 

comparable to previous studies. The 1st cycle discharge capacities for x = 0.25, 0.5, 0.75 and 1 

were 712, 721, 764, and 406 mAh g-1, respectively. Despite the lower initial capacity for x = 1, 

it was found to have the highest capacity retention (61 %) over 30 cycles. The operating 

voltage also decreased with increasing x. These results indicate x = 1 is the most promising 

composition as a potential anode material. Nevertheless, further work is required to better 

understand the structural stability of inverse spinels during cycling e.g. through the use of in-

situ XRD or XANES experiments during cycling as anode materials. Future work should also 

focus on optimising and evaluating the voltage window and rate capabilities, as well as 

reducing the low initial coulombic efficiency. An obvious next step would be to investigate 

the effect of dopants on the electrochemical performance. For instance, substitution of Li+ 

and Cr3+ for a small amount of Ti4+ would create vacancies on the octahedral sites, which may 

in turn increase the Li-ion conduction by reducing the blocking effect of transition metals in 

octahedral sites.  
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Chapter 7: Conclusions and Future Work 

7.1. Conclusions 

In this thesis, the inverse spinel, Li3CrV2O8 was revisited to fully investigate its crystal 

structure. Its electrical and electrochemical properties were investigated for the first time. A 

novel solid solution between the two end members Li2Ni2V2O8 and Li3CrV2O8, of the form 

Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1), was also synthesised using a citric acid sol-gel route. Room-

temperature combined X-ray and neutron refinements revealed a disordered inverse spinel 

structure, crystallising in the Fd3̅m space group with an average lattice parameter of 

8.2103(1) Å, and no indication of cation ordering on 16c octahedral sites. The variation in total 

conductivity and activation energies with Li and transition metal content was investigated 

using impedance spectroscopy. Activation energies for total conductivity were between 0.50 

and 0.56 eV, with total and bulk conductivities increasing with x. The similar activation 

energies calculated likely indicates that Li-ions diffuse via the same conduction mechanism(s) 

within the Li2+xNi2-2xCrxV2O8 (0 ≤ x ≤ 1) solid-solution. The highest bulk conductivity was 

obtained for x = 1 with a value of 1.68 x 10-7 S cm-1 at 75 °C. 

 The diffusion mechanisms of these inverse spinels were investigated using a 

combination of variable-temperature neutron powder diffraction and muon spectroscopy 

measurements. In the former, difference Fourier maps enabled the determination of 

interstitial conduction sites for x = 0.5 and 1 at 0.125, 0.125, 0.125 and equivalent positions, 

corresponding to an additional Li 8a site within the inverse spinel structure. A 16c-8a-16c 

conduction pathway was subsequently deduced. In the latter, muon data was able to probe 

the local Li-ion kinetics and the activation energies for Li-ion hopping were determined for 

each to be, within error, between 0.17 – 0.19 eV for x = 0, 0.5 and 1,  again suggesting that 

the same conduction mechanism(s) are followed across the solid solution series. These 

activation energies are significantly lower than those determined from impedance 

spectroscopy measurements, likely because impedance measurements are highly dependent 

on the sintering conditions and density of pellets, whereas muon spectroscopy 

measurements requires the material to be in powder form. This highlights the advantages of 

using multiple different probes for materials characterisation at differing length scales. 

Additional features were observed within ν and ∆ plots at low temperatures (< 400 K) that 

have not previously been reported in other battery materials investigated using muon 
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spectroscopy. An explanation for these features are currently unknown however, it may be 

an indication of local ordered/disordered transitions within the inverse spinel structure or 

local magnetic effects. The combination of structural information from Rietveld analysis of 

neutron powder diffraction data, alongside the hopping rate obtained from muon 

spectroscopy, has enabled diffusion coefficients of between 1.96 x 10-12 cm2 s-1 and 2.36 x 10-

12 cm2 s-1 to be determined. This is an important finding because the similarity of both the 

diffusion pathway and the activation energies to that of normal spinels implies that the 

random distribution of Li and transition metal ions on octahedral sites in inverse spinels does 

not impede their potential in Li-ion batteries. This emphasises the influence of cation 

distribution on the Li-ion diffusion properties. If the distribution of cations on octahedral sites 

were randomly distributed at all length scales, then the 16c-8a-16c conduction pathway 

found in this work would be blocked. Likewise, if the cations were fully ordered then the 

conduction pathway would also be blocked due to the lack of empty tetrahedral sites, as is 

the case for LiZnNbO4. Therefore it is likely that some degree of local order/disorder between 

cations on octahedral sites plays a role in enabling the diffusion of Li-ions. 

 The electrochemical performance of x = 0, 0.25 and 0.75 as potential cathode 

materials is limited by the large irreversible capacity observed during discharge, as 

demonstrated via galvanostatic cycling. The x = 1 composition, on the other hand, was found 

to be redox inactive as a cathode. The origin of the poor cathodic cycling performance of Cr 

and Ni containing samples was revealed through in-situ XANES Cr, V and Ni K-edge spectra. 

The results indicated that Cr3+ in octahedral sites is oxidised to Cr6+ on charge, which 

subsequently migrates to occupy tetrahedral sites. The inability for the reverse process to 

occur on discharge is likely what inhibits their function as effective cathodes. Furthermore, 

there was an indication that a small percentage of V5+ cations may be able to shift from 

tetrahedral to octahedral sites during charge. On the other hand, there was no evidence for 

a change in the oxidation state of Ni during (dis)charge processes. 

 Further measurements were conducted to assess the ability of the Li2+xNi2-2xCrxV2O8 

inverse spinels as anode materials. For all compositions, the initial discharge capacities 

obtained were greater than their theoretical capacities, assuming a V5+ to V3+ redox process. 

For example, specific discharge capacities of ca. 968 mAh g-1 and 406 mAh g-1 for x = 0 

(theoretical capacity = 297 mAh g-1) and x = 1 (theoretical capacity = 354 mAh g-1), 
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respectively, were obtained. It can be inferred that additional redox processes occur during 

discharge. All compositions were found to suffer from low Coulombic efficiencies during the 

first cycle (between 60 – 40 %). However, the capacity retention over 30 cycles was found to 

increase with increasing x, e.g. capacity retentions of 14 and 61 % were obtained for x = 0 and 

1, respectively. This electrochemical behaviour may imply that Li/Cr doping helps stabilise the 

inverse spinel structure during cycling.  

Overall, this work demonstrates the importance of utilising multiple techniques to 

investigate potential battery materials. In fact, for the first time it has been shown that the 

conduction pathway in inverse spinels is not impeded by the mixed cation distribution, 

despite previous suggestions that no obvious tunnels exist for Li-ion diffusion. In particular, if 

the migration of other cationic species can be mitigated, for example through the 

investigation of new compositions, then the inverse spinel structure holds great potential to 

be implemented in future LiB technologies. 

 

7.2. Future Work 

 Regarding future studies, there are many different avenues that could be explored to 

expand upon this work on the Li2+xNi2-2xCrxV2O8 compositions. These materials show promise 

as potential anode materials. Therefore, the optimisation of cell parameters such as the 

voltage window and active material content within electrodes is required. Optimising the 

voltage window may enable improved coulombic efficiencies and life cycle.  At the same time, 

further studies on the rate capabilities and structural stability of these materials during cycling 

through techniques such as in-situ XRD are also necessary. In particular, the role of different 

transition metals, which are randomly distributed together with Li over octahedral sites, on 

the structural stability, capacity and nominal voltage requires clarification. In this regard, 

modelling studies e.g., density functional theory (DFT) could be used to investigate the 

stability of the host inverse spinel structure with the introduction of different dopants. DFT 

modelling could also be used to calculate the electrochemical potential as a function of Li 

(de)intercalation. This could provide a snapshot of how the structure is altered during cycling. 

DFT or molecular dynamics simulations could also be implemented to confirm the energetic 

favourability of different conduction pathways and interstitial sites to those determined 

experimentally within this work. This may additionally provide insight into the different Li 
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insertion/extraction mechanisms during (dis)charge cycles. These modelling techniques 

should be linked to experimental data through the comparison of modelled and practical 

voltage curves, as well as through the differences between calculated and experimental 

collected XRD patterns.       

One doping strategy which should be studied is the substitution of Li+ and Cr3+ for 

higher valance cations such as Ti4+ to introduce cation vacancies in octahedral sites and create 

additional sites for Li-ions to occupy during electrochemical cycling. More broadly, this work 

may inspire further investigations into other systems where Li and transition metals are 

disordered over crystallographic sites e.g. Li-rich disordered rocksalts. Both Layered and 

disordered rocksalts have primarily received attention as potential cathode materials. 

However, their performance as anode materials still requires further investigation, 

particularly the role of cation order/disorder over differing length scales on the ability of these 

materials to accept additional Li-ions during cycling. This could be investigated using a 

combination of the insights gained from any potential modelling studies and by attempting 

to synthesise novel V4+/3+ containing compositions which adopt a rocksalt or spinel structure 

to create new anode materials with greatly improved electrochemical properties such as 

reduced capacity loss over (dis)charge cycles.    

  Finally, the role that local and/or average cation ordering plays on the electrical and 

electrochemical properties is crucial to the understanding of materials which adopt the 

inverse spinel structure. For example, the variation in local ordering with temperature and Li 

content will enable the future design of new materials. This could be achieved by techniques 

such as solid-state NMR, Raman spectroscopy, and/or PDF theory. This may help enable 

future researchers to find the ideal cation distribution for Li-ion diffusion during cycling. To 

this end, a greater understanding of the differences between obtained diffusion properties 

across techniques such as impedance and muon spectroscopy is required. The 

electrochemical properties of ordered inverse spinels should also be investigated. For 

instance, there have been no previous studies on Li insertion/extraction in LiZnNbO4, where 

Li and Nb are ordered over octahedral sites. This could provide a direct comparison to the 

materials investigated herein and may help elucidate the role of cation ordering on the 

resulting electrochemical properties in Li-containing inverse spinels.   
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Chapter 8: Appendix 

8.1 Publication 

As part of the initial stages of my PhD, work into fully understanding the Li-ion diffusion 

mechanisms in the complex spinel, Li2NiGe3O8 (Chapter 2, Section 2.3.2.4) was conducted 

alongside collaborators from the University of Sheffield, Durham University, and the ISIS 

Neutron and Muon Facility. This work led to the publication: D. Z. C. Martin et al., “Evaluating 

lithium diffusion mechanisms in the complex spinel Li2NiGe3O8,” Phys. Chem. Chem. Phys., 

vol. 21, no. 41, pp. 23111–23118, 2019.  

Within this work, the Li-ion diffusion mechanisms in the complex spinel, Li2NiGe3O8 were 

investigated using multiple complementary techniques. Li2NiGe3O8 crystalises into the P4332 

space group, in which Li-ions occupy tetrahedral 8c sites, Ni and Ge occupy 4b and 12d 

octahedral sites, respectively. A 1:3 ordering between Ni and Ge occurs on octahedral sites. 

Li2NiGe3O8 was previously reported as a moderate Li-ion conductor (ca. 10-7 S cm-1 at 60 °C) 

and is not redox active up to 5 V.[1] Thus, it may have potential applications as a solid 

electrolyte within an all-solid-state spinel-based LiB. Muon spectroscopy was used to study 

the local Li-ion hopping, and it was found that Li-ions start to rapidly hop into interstitial sites 

at ca. 340 K. Below ca. 300 K the hopping rate, ν, was relatively constant (unlike the work 

presented for the inverse spinels, Li2Ni2V2O8, Li2.5NiCr0.5V2O8 and Li3CrV2O8 in Chapter 5). ν 

alongside previously obtained structural information was used to determine a Li-ion diffusion 

coefficient of 3.89 x 10-12 cm2 s-1 at 300 K.[2] An activation energy for local Li-ion hopping of 

0.43(3) eV was determined from Arrhenius plots of the diffusion coefficient. This activation 

energy was slightly lower than those obtained from impedance spectroscopy (between 

0.46(1) to 0.53(1) eV) and therefore highlights the advantages of using multiple techniques to 

probe Li-ion diffusion. 

  My contributions towards this publication are outlined as followed: analysis of muon 

spectroscopy data and writing the introduction, experimental, results and discussion and 

conclusions (excluding sections concerning solid-state NMR). This work formed the initial 

inspiration for investigating Li-ion diffusion within inverse spinels using a range of 

complementary techniques.    
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