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Abstract
The need for reducing the carbon footprint of automotive vehicles has driven companies to develop high strength components that would allow less material to be used. This project focuses on the safety critical chassis, which also requires steels with high elongation, fatigue and stretch-flangeability. Pure ferrite steels which have been strengthened by nano-sized Interphase Precipitation (IP) are the only material that can meet all of these requirements.   
	Modern IP steels are heavily reliant on the use of Mo to prevent coarsening of the precipitates and to maintain strength. Unfortunately Mo is a difficult element to use economically due to unstable market prices and sources, along with recycling problems as Mo is banned in the food industry. Therefore the key objective of this project was to minimise or remove entirely Mo from these development IP steels.
	Two strategies were carried out to meet this outcome, the first was altering the thermodynamic processing and Mn content to maximise IP formation and minimise the grain size. The second strategy was to use Nb, V, C and N to produce complex IP that would have the same positive effect of adding Mo. 
	Increasing the Mn content reduced the grain size, which is as expected, however it also un-expectantly changed the conditions where IP was favourable and reduced the particle density, resulting in no increase in strength. The cooling rate after hot-rolling was changed from 50 to 100 °C/s which increased the sub-grain structure, resulting in a decrease in the elongation. The gain in precipitation strengthening was mitigated by the loss in solution strengthening resulting in no change to strength. Finally the coiling temperature was changed between 630 and 600 °C to find the ideal value for these experimental steels. Coiling at 630 °C resulted in significantly more precipitates, but the Hall-Petch strengthening gain at 600 °C more than compensated for this resulting in the 600 °C steels being consistently stronger.  
	The EDS and EELS carried out on carbon-replica samples confirms for the first time the existence of (Nb, V, Mo)(C, N) and (Ti, Nb, V)C precipitates along with variable compositions of this nature. It was found that adding Mo to (Nb, V)(C, N) resulted in particle growth and with increasing Mo content a severe reduction in the particle density occurred, which is contradictory to established literature on Mo. 
	It was found through dilatometer analysis that Mo greatly reduces the α/γ phase boundary speed, with the effect being greater on V micro-alloyed steels compared with Ti. This effect resulted in the phase boundary being pinned long enough for extensive coarsening of the precipitates to occur.   
	The addition of N to the steel always resulted in refinement of the particle size for both hot rolled and forged steels. Additionally for the hot-rolled samples N caused a significant increase in the particle density by improving the efficiency of micro-alloying elements leaving the solid solution and entering precipitates.
	The use of Ti to form (Ti, Mo)C or (Ti, Nb, V)C always resulted in a high particle density distribution and a very fine (3 nm) average size, with the size range being smaller than the other samples. It has been found that Cr does not enter the precipitates but does decrease the grain size. The effect of Cr on the particle density is yet to be fully established, but it appeared to have a minimal effect on precipitation.
	Finally VC and (V, Mo)C were studied using atom-probe topography in partnership with The University of Oxford. They were able to study the morphology of IP in significant detail and also obtained the composition of the grain boundary. This confirmed the composition of the precipitates and demonstrated that Mn was segregated to the ferrite grain boundaries.           


Acknowledgements
I would first like to give my thanks to The University of Sheffield and TATA Steel for creating the frame work for this PhD and providing me plenty of material and lab work resources needed for me collect high quality results. I would like to thank Dr Arjan Rijkenberg at TATA Steel for always being welcoming and generous with his time when I went over to visit the Ijmuiden site. You always made yourself available for me at any time when I required assistance and were a great source of support and information.
	I would like to thanks the staff at The University of Sheffield for supporting me throughout my work. I especially want to thank Professor W. Mark Rainforth for supporting and guiding me through every step of the PhD. Your constant positivity towards my work was of great encouragement to me and gave me confidence in all the activities I carried out. I would like to thank Dr Francis Sweeney and Dr Peng Gong for both the practical support given to me and for the collaborative work that we carried out together. Both of you took great interest in my research and showed me how we can use our individual expertise to enhance the quality of all of our work. 
	I would like to thank all of the members of the technical team for training me in using the advanced equipment available at The University of Sheffield. You were also supportive in the lab work I carried out and made the effort to assist me whenever technical problems arose. While there are too many technicians to list here I want to especially thank Dr Peng Zeng for going beyond the call of duty with my TEM work. Due to my hypermobility disability I was not strong enough to reliably operate the TEM Techni machine, so she assisted in the sample holder removal stage for every session I did. Without that extra help I would not have been able to complete my PhD.
	I wish to thank my friends and parents for their constant interest and support in my work and when possible giving me useful advice. It gives me great joy to have an immediate and wider family support network and to always be there for me.
	Lastly I would like to thank my wonderful wife Darelle for always being fully supportive of my PhD and dedicating time for me to focus on it. This was especially the case after the funding had ended and I needed to juggle a full time job with being a new parent and still having to take time to write. I thank you for your constant love and care for me during this time and I hope to make you and my son Malachi proud of my achievement.   
   

Contents
1 Introduction and motivation						          7-11           2 An overview of Interphase Precipitation
2.1 Fundamental mechanism of IP and how it contributes to strengthening   12-14
	2.2 IP types and the effect of coiling temperature on IP morphology               14-20
	2.3 The effect of thermo-mechanical processing on IP                                       21-26
	2.4 Effect of different micro-alloying elements on the steel properties
		2.4.1 Titanium 	   26-29
		2.4.2 Molybdenum   	   29-34
	2.4.3 Niobium	   34-36
        		2.4.4 Vanadium  	   36-38
		2.4.5 Nitrogen 	   38-40
		2.4.6 Chromium and Tungsten	   40-42
		2.4.7 Manganese	   42
	2.5 Complex precipitates without Ti	   43-52
3 Project outline and experimental procedure
	3.1 Project outline	     53-56
3.2 Material production	     56-59
3.3 Experimental procedure
		3.3.1 Microstructure analysis justification	   59-60
		3.3.2 Optical Microscopy sample preparation and analysis	   60-62
3.3.3 Scanning Electron Microscopy sample preparation and analysis       62-63
3.3.4 Electron back-scatter diffraction sample preparation and analysis     63-64
3.3.5 Transmission Electron Microscopy sample preparation and analysis 64-68 
		3.3.6 Strength contribution calculations				          68-69

4 Experimental results
4.1 Batch 1 results	     
		4.1.1 Background to steel selection					         70
4.1.2 Mechanical testing and microstructure results                                   70-81
		4.1.3 TEM results							         81-114
                        4.1.4 Brief discussion of batch 1 results				         114-118
4.2 Batch 2 results
4.2.1 Background to steel selection	  118
4.2.2 Mechanical testing and microstructure results	  118-128
            4.2.3 TEM results	  128-160
            4.2.4 Brief discussion of batch 2 results	  161-163
4.3 Collaborative results
4.3.1 Batch 3 overview and results					       164-172
4.3.2 Atom Probe Topography results and discussion		       172-180
	     
5 Discussion
5.1 Microstructure of samples						       181-183
5.2 Effect of pre-transformation cooling rate on the microstructure and precipitate morphology									       184-185
5.3 Effect of coiling temperature						       185-188
5.4 Precipitate types and morphology 				                   188-190
5.5 Comparing V and Ti based precipitates				       190-193
5.6 Effect of Mn on grain and precipitate morphology			       194-195
5.7 Effect of adding Cr to steels containing (Nb, V, Mo)(C, N)		       195-198
5.8 Effect of Mo on complex precipitates and the general microstructure    199-202

6 Conclusions and Summary 
6.1 Summary									       203-207
6.2 Conclusions								       207-209

7 Experimental repeats and future work 					      210-213

8 References									      214-217

Appendix- Methodology for determining the precipitate density	      218-223


1 Introduction and motivation
Automotive companies are under increased pressure from governments to produce vehicles that are more fuel efficient. One of their solutions is to reduce the weight of their vehicles so that less energy is required to move them in use. This can be achieved by increasing the strength and therefore crashworthiness of the steel. If the steel can handle impacts better, then less of it has to be used for the same level of safety and so the weight is reduced. This particular project looks into weight saving for the suspension and chassis which are critical safety components. New industry requirements are being placed on these steels so that the tensile strength (TS) must be at least 780 MPa [1] [2]. 
As well as strength these steels must have a high ductility for easier formability and to help prevent catastrophic failure in use. An additional requirement is the need for fatigue resistance so that the life of the steel is longer than the predicted life of the component. A high TS is beneficial to achieving this target as the fatigue limit is shown to increase [2]. The Si content for these steels should also be kept low as this ensures that the fatigue limit is kept high [2]. 
Research into high strength steels for weight reduction tends to focus on Advanced High Strength Steels (AHSS) such as Transformation Induced Plasticity (TRIP) and Twinning Induced Plasticity (TWIP) steels and an increasing proportion of modern vehicles are made out of these materials. However suspension and chassis components cannot be made out of conventional AHSS as they do not satisfy the need for high stretch-flangeability [2]. This property is tested by punching a hole into the metal sheet and expanding the hole with a die until a crack appears around the rim of the hole. The larger the hole produced, the more resistant the material is to tearing and the better the stretch-flangeability. Figure 1a shows an illustration of the chassis and figure 1b shows the main mechanical stresses applied on this component.  Figure 1c shows a stretch-flangeability (given as hole expansion ratio) vs elongation graph for various types of steels. The shape of the curve is similar to the banana graphs for strength vs elongation, where increasing the elongation has a detrimental effect on stretch-flangeability. 
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Figure 1a; Image of a front chassis and some of the forces experienced during use. Image curtesy of TATA steel.
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Figure 1b; Images of some of the forces exerted on the chassis and the material requirements needed. Image curtesy of TATA steel.
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Figure 1c; A stretch-flangeability vs. elongation graph showing the performance of several steel types [2]. 



The reason most AHSS fail in achieving a good stretch-flangeability is because they are multiphase materials which have a significant hardness difference between the phases. It is believed the cause of tearing originates from crack formation at the micro level where the two phases meet [3]. The greater the hardness mismatch between multiple phases within the material, the reduced micro elongation at the boundaries (so voids appear that can act as the nucleation site for failure) and the poorer the stretch-flangeability. 
The only steel that has the high elongation and stretch-flangeability needed to be useable is single phase ferrite steel with a low enough C content so that hard cementite and pearlite does not form which would reduce stretch-flangeability. Unfortunately ferrite steel has a low strength and even with optimised grain refinement the strength will be around 400 MPa which is not even close to the 780 MPa benchmark [3].
In 2004 Funakawa et al. [3] were able to develop a low C ferrite steel that had been significantly strengthened using (Ti,Mo)C nano-precipitates which were around 3 nm in diameter. The precipitation density was also able to be high using the effect known as Interphase Precipitation (IP), which is explained in section 2.1.  The small size and large quantity of these precipitates was enough to increase the strength by 300-400 MPa which is enough for the material to be used in industry. From this discovery JFE commercialised this steel and it is currently being used in industry.  
While this steel does fulfil the industrial requirements, there is a financial problem in using molybdenum (Mo) as a micro-alloying element. The role of Mo can be clearly demonstrated in figure 2, where the white circles is steel with (Ti,Mo)C precipitates and the black squares are steels with just TiC precipitates. 
[image: ]









Figure 2; Graph showing the change in tensile strength with holding time. Black squares represent TiC and white circles represent (Ti,Mo)C [2]. 





The presence of Mo in the precipitates has the effect of maintaining the high strength of the steels when the material is held at the coiling temperature. The full explanation of the role of Mo is given in section 2.4.2, but its main role is to increase the thermal resistance to particle coarsening which keeps the particles small and their impact on strength gain high. Therefore without Mo the steel would not be strong enough to be used in industry.
Figure 3 shows the cost of Mo over the most recent years which have been extremely unstable and difficult to predict [4]. This has deterred automotive companies from using this element in their products for fear that they will be caught out again. At the start of the project adding 0.5 wt% of Mo into the steel increased the cost by 100 euros per ton. Also the mines that produce Mo are also unreliable and are known to opening and closing without major notice, which makes obtaining a regular supply of this element difficult. Finally there is an additional cost of separating Mo containing metals from other metals during recycling due to Mo being forbidden to be used in the food industry. It is therefore obvious to see that removing Mo from this steel class will be greatly beneficial for industry and would encourage them to use more of this material which is good for the environment.   


[image: moly_price_trend]Figure 3; A graph showing the previous, current and predicted change in the price of Mo with time [4].




The main objective of this PhD is to investigate the role Mo has in improving the steels in more detail and to investigate experimental steels so that this element can be reduced or completely removed. This project is supported by Tata Steel who processed and shipped the experimental steels so that they could be analysed at The University of Sheffield.
The report consists of 3 batches of steels where the chemistry and thermo-mechanical processing has been altered to see what impact it has on the properties and microstructure. Each batch has been designed to provide a way of answering several questions about how the different micro-alloying elements interact with each other and how processing changes this interaction. While each batch can be studied separately and will have factors that will not be shared with other batches (such as the C content), there will be interconnectivity between the batches so that ideally the results from one batch can help explain the behaviour of another. Therefore by the end of this project the experimental results collected should allow a greater depth of understanding on how all of the micro-alloying elements and processing effects the behaviour of the precipitates, microstructure and therefore mechanical properties of the steels. So even if a way to reduce Mo is not found, progress is made in maximising the efficiency of the steels used in industry, which will help make automotive vehicles more environmentally friendly overall.


2 An overview of Interphase Precipitation
2.1 Fundamental mechanism of IP and how it contributes to strengthening

Interphase precipitation (IP) in ferrite steels should only be carried out when all other carbides and nitrides have been dissolved into the austenite (γ) phase. If this is not done then precipitation at these pre-existing particles is favoured which reduces the number of precipitates in the matrix and therefore the strength gain from IP is reduced. Typically in the literature the steel is heated to 1240 °C and held for around 1 hour to ensure all the micro-alloying elements are in solution. 
The steels are then cooled rapidly (around 50 °/s) to below the A1 temperature (the point where austenite is no longer stable and so ferrite forms) and held at a sufficiently high temperature (600-650 ̊C) so that ferrite (α) can nucleate at the grain boundary/sub grain boundaries and propagate thought the steel. There will be multiple α/γ interphase boundaries which will be moving throughout the steel which though chemistry and thermomechanical processing (TMP) can be manipulated to form IP.  
Andrew Patterson, Registration number: 130120490
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It is well known that α is less soluble with micro-alloying elements compared to γ, most notably the solubility of C in α is 2 orders of magnitude less than γ. As the α/γ boundary moves across the microstructure, there is a build-up of C in the austenite phase (C diffuses to the γ phase so that it can remain stable) and a collection of other micro-alloying elements at the α/γ interphase [5]. The combination of these effects at the right temperature range is enough to slow down the α/γ boundary (according to the solute-drag nucleation model) and then fully pin the boundary [5]. This allows nano-carbide precipitates to form on the boundary line and so a row of IP is formed, as shown in figure 4 [6]. When the precipitates form there is a reduction of C and micro-alloying elements in solution and the driving force for phase transformation becomes high enough for the α/γ boundary to move again. The process repeats itself multiple times until rows of coherent nano-precipitates form in the ferrite matrix. The micro-alloying elements that form these precipitates and that provide the best microstructural enhancement are Ti, Mo, Nb, V, N, W and Cr. Each of these elements will be discussed individually in section 2.4
50
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Figure 4; Bright field TEM showing IPP in a V micro-alloyed steel. Black bar represents 0.5 μm [6]. 




The main benefit of IP is the very fine size (3-5 nm) of the particles combined with the high density of particles in the matrix which results in a strength gain of 300-400 MPa [3]. However as these particles form at the same time as α they are capable of pinning the grains and retarding their growth when held at the coiling temperature. This provides an even greater strength gain and toughness increase though the Hall-Petch mechanism. Additionally as the IP does not form until the coiling process (since the hot rolling temperature keeps the steel in the γ phase) the load required to roll 780 MPa TS steel is the same as normal 590 MPa TS steel [2]. Therefore there does not need to be any substantial changes in processing compared to conventional high strength low alloy (HSLA) steel which is highly beneficial to industry. 
Specifically the strength gain comes from the particles being small enough that they can interact with dislocations and significantly slow their movement according to the Ashby-Orowan mechanism [3, 7].

Equation 1 [7]


Where σ is the strengthening contribution from the Ashby-Orowan mechanism (MPa), M is the Taylor factor, G is the Shear Modulus (MPa), b is the Burgers vector (m), υ is the Poisson’s ratio, L is the average spacing between precipitates (m) and x is the average diameter of cross-section of the alloy carbides on the slip planes [7].  Recent work carried out by Kamikawa et al. [7] suggests that initial strengthening occurs via the formation of geometrically necessary (GN) dislocations at the nano-precipitate regions which increases the yield stress (YS) and work hardening.  As more dislocations are generated (though further deformation of the steel) in these areas primary slip becomes impossible therefore secondary slip must occur. This temporarily increases work hardening and strength but the secondary slip/cross slip dislocations begin to annihilate each other as dynamic recovery begins. The dynamic recovery mechanism prevents further work hardening and delays crack formation which explains why overall the work hardening of these steels are low and why these steels have a relatively high elongation respectively. The size and distribution of the precipitates influences the contribution of Orowan precipitation strengthening with the chemistry of the precipitates having no influence on this parameter (however the micro-alloying elements chosen do influence the strength though the Hall-Petch mechanism and the overall size of the precipitates as demonstrated in section 2.4).        

2.2 IP types and the effect of coiling temperature on IP morphology

Figure 4 shows the lines of precipitates are straight and parallel with each other with the spacing between the particle rows being fixed. This is the most common type of IP and is called IP-planer (IPP). IPP is the favourable morphology for all carbides and nitrides with the exception of precipitates containing V and Cr. 
The exact mechanism for IP is still a matter of debate with several competing models being investigated. It is generally accepted that during α/γ movement the phase boundary has a specific step shape; hence the theory is called the “step mechanism” [8]. There are two main regions present on the α/γ phase boundary, the coherent and immobile plane (see figure 5) and the incoherent and mobile plane [8]. These planes are perpendicular to each other and they are each carry out a specific role. The incoherent and mobile plane leads to the growth of the α phase and it is thermodynamically unfavourable for the precipitates to form on this plane, while the coherent and immobile plane has the favourable conditions for coherent nano-precipitates to form when the α/γ boundary is pinned.
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Figure 5a; An illustration of Interphase precipitation planer (IPP) [8].





Figure 5b; An illustration of Interphase precipitation curved (IPC) [8].



The problem with the ledge mechanism that explains IPP is that it is unable to explain how IPC is possible; therefore much research has been carried out on VC carbides and is still ongoing. It is mostly accepted that during carbide formation (when the mobile plane is pinned) excessive bulging at the α/γ boundary occurs [8]. When the critical degree of bulging occurs the α/γ boundary breaks free but at a slightly different angle to that previously, therefore over time the rows of IP will be curved instead of linear [8].
The theory of IPP and IPC formation is that there is a specific orientation relationship (OR) between the α and γ phases during α/γ movement and the particles form at the boundary of this OR. For IPP this specific plane is the Kurdjumov-Sachs (KS) OR which is ((111)γ // (011)α, [101]γ // [111]α) [8]. Until very recently it was believed this K-S OR was where IPP and IPC formed, but new research shows that IPC particles are usually not formed with the K-S OR and only a very low proportion of those particles can be found on this plane [8]. This observation that IP does not form with the K-S OR has been verified by other researchers [9]. It is believed this is due to V/Cr increasing the randomness of OR during formation, therefore VC carbides tend to be in multiple possible positions with the α and γ phase during formation unlike other IP carbides that do not contain V/Cr. [8].
One aspect that reduces the mobility of the α/γ interphase is when there is good atomic matching between these two phases [8]. The most recent theory is that when only one interphase in a local area has good atomic matching then the IP can only follow this moving α/γ interphase which forces them to be straight [8]. The addition of V/Cr creates different interphase structures and can result in a local area where several differently angled α/γ interphases have good atomic matching. When this occurs the IP rows being formed can take more than one interphase for precipitation to occur, which results in the curving of the IP as a different interphase is chosen [8].   
The final major type of IP is IP-Random (IPR), which is where the particles are randomly distributed throughout the α steel. Distinguishing IPR from supersaturated precipitation can be difficult, but it is often possible to see all the types of IP within the sample as they are often exchangeable, therefore IPR can be identified if the chemistry and morphology matches that of known IP particles. IPR is generally believed to form when the driving force for α formation is too high which results in the α/γ boundary moving at high speed. This prevents the phase boundary from being fully pinned which results in localized pinning where particles can briefly form, therefore no order on particle distribution can be found (see figure 6) [6].
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Figure 6a and b; Showing a sketch of IPR and IPC-regular respectively. The black strips are the IP and the line is the α/γ interphase [6].




There is currently a significant amount of interest in IPR due to Chen et al. [10] calculating that a IPR distribution will increase the overall strength of the steel more than a IPP/IPC distribution assuming the average particle size and volume density is the same. The most recent research from Chen et al. [11] showed that IPR can be promoted by hot rolling the steel when it is in the γ phase. This refines the grain size and increases the α/γ speed (see section 2.3 for details) so that IPP does not have the chance to fully occur and supersaturation remains after γ→α is complete. The steel then forms random precipitates which are the same size or slightly smaller than the IPP particles due to them having less time to grow at high temperatures. IPR can only form in this way if the holding temperature is relatively low and the coiling time is long so that IPR has a chance to form after α formation is complete.
IPP and IPR have been compared by Xu et al. [12] in terms of how they affect the movement of dislocations. They used nano-indenters to measure the change in micro-hardness with depth of load. The initial results show a linear increase of hardness with depth, similar to the elastic strain shown on a force-elongation graph. Once the yield point has been reached there was a decrease in hardness as dislocations began to move to reduce the stress. At this point dislocations begin to loop around the IP and the morphology of the precipitates had a major impact on the dislocations during plastic deformation. If the precipitates are IPR then the dislocations will loop each precipitate individually before leaving it and moving to the next. Every time a dislocation loop has been generated and the dislocation escapes the precipitate, the force required to move the dislocation reduces which results in a small drop in hardness. As the precipitates are randomly distributed there is a constant increasing and decreasing in the hardness which balances itself out and results in minimal work hardening.
However during IPP dislocations have to pass an entire row of precipitates in order to continue to glide which results in a larger increase in hardness and a larger decrease after the dislocations have escaped the precipitate pinning (which is why the drop in hardness at the yield point is larger). During IPR further disolcations had the ability to continue gliding for an extended period of time by partially bypassing looped precipitates as there was enough space around the precipitate to move pass it, which reduces work hardnening. However this is not the case with IPP since the precipitate spacing is too small, therefore the next gliding dislocations experience the additional barrier of all the looped precipitates at the same time. This results in further looping leading to an increase in work hardening with time. Figure 7 shows a illustration of the interation of precipitates with IPR and IPP [12].     
What can be concluded from this understanding is that both IPP and IPR provide unique benefits to strengthening the steel and are equally viable. IPR allows for a greater initial precipitation hardening to occur while IPP gives greater work hardening. Engineers can therefore choose which type of IP they want to match the mechanical requirements needed, although in reality there is often a mix of IPP and IPR within these steels. 
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Figure 7; the interaction of dislocations with IPR and IPP during plastic deformation [12].


As well as the 3 main categories of IP there are several sub-definitions that can be observed. Both IPP and IPC can occur where the spacing between rows of precipitates are either fixed or variable, which are called IPP/IPC-regular and irregular respectively [6]. The coiling temperature chosen is the main influence of whether the row spacing is consistent or not. The coiling temperature influences the driving force of the γ→α transformation which in turn affects the speed of the α/γ phase boundary. If the coiling temperature is relatively low (i.e. around 600 °C) then the driving force of transformation is very high which causes the α/γ boundary to move quickly. If this transformation is too quick only a limited amount of IP can occur and supersaturated precipitation dominates (or IPR if the holding time is long). Likewise a high coiling temperature (around 650 °C) will result in a low driving force so the α/γ boundary will be slow, but the driving force for particle formation will also be low [6]. These conditions also favour IPR as there is not enough driving force to fully stop the phase boundary so no rows of IP form. Figure 8 gives illustrations to this theory and shows how hot-rolling affects the microstructure and precipitate morphology [11]. 
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Figure 8; the effect of hot rolling on the grain size and precipitate morphology [11].


Between these two temperature extremes it is not uncommon to find IPP and IPC in both regular and irregular forms, with the specific temperature and chemistry of the particles causing one of these types of IP to be more favourable. After IPR at high temperatures IPC-irregular becomes the most favourable, due to it being the most disorganised form of IP because of the difficultly for full α/γ pinning to occur on a consistent basis. Slightly decreasing the temperature further will result in IPC-regular being more favourable followed by IPP-irregular and lastly IPP-regular [6]. This increase in structured particle formation is due to the increased supersaturation of micro-alloying elements and driving force for particle formation. Increasing the coiling temperature will also generally result in larger carbides with a larger row spacing between them and decreasing the temperature has the opposite effect. Therefore the coiling temperature should be as low as possible so that the precipitation strengthening is maximised, but the temperature must not be too low in order to guarantee full IP. This specific temperature will be composition and thermo-mechanically dependent and can be found using Transmission Electron Microscopy (TEM).  As the temperature window of IP is only around 50 °C controlling the exact morphology of the particles and getting the highest precipitation yield can be difficult. 
The final feature that can be found alongside IP is the formation of carbide fibres (CF). They appear as stretched carbides that are multiple times longer than the average carbide (see figure 9) [10].
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Figure 9a-c; Three images showing VC carbide fibres. Figures 9a-c were coiled at 630, 650 and 670 ºC respectively [10].



The most current theory for CF formation is that it becomes more favourable when the α/γ boundary movement is slow [10]. This can either be due to the coiling temperature being high, the micro-alloying content being large so that the solute-drag is strong or the γ→α transformation is close to completion so the driving force is reduced [10]. Under these conditions sometimes the newly formed carbide cannot break free from the α ledge and is dragged along by the α/γ interphase. The carbide continues to grow with the α and eventually leaves a CF behind it. 







2.3 The effect of thermo-mechanical processing on IP 

When trying to form a high strength steel the refinement of the grain size to increase Hall-Petch strengthening is of great importance. This refinement can be done by hot-rolling in the γ phase field prior to coiling and α formation. Hot-rolling below the recrystallization temperature can generate many dislocations and potentially strain induced precipitates which pin the γ grains helping to maintain a fine grain size. The sub-grain structure and other dislocations provide many nucleation sites for α to form and results in significantly finer α grain size. In most of the literature, the observed grain size is less than 10 μm. However as IP is directly connected to the α formation kinetics, hot-rolling can have a significant effect on the precipitate morphology.
The formation of strain induced precipitates during hot-rolling is highly beneficial for refining the γ grain size, but these particles grow significantly at the high temperature (growing to 10-20 nm or greater) and provide minimal precipitation strengthening (17-39 MPa) or virtually none if the size is over 20 nm [13]. Therefore, the amount of C available to form fine carbides is reduced and the strength gain from precipitation strengthening is decreased. However, it is important to note that these larger precipitates do act as nucleation sites for nano-precipitates to form [14]. This is because the larger precipitates tend to have an increased dislocation density in the nearby α matrix and the lattice distortion around the particle is high. This improves the diffusivity of the surrounding area which makes it easier for micro-alloying elements to form into nano-particles nearby the larger particle [14]. Care must be taken that the coiling stage is not too long when strain induced precipitates are present otherwise the IP surrounding the large particle will be consumed via Ostwald ripening.
Overall despite the creation of strain induced precipitates hot-rolling will generally improve the mechanical properties of the steel, due to the reduction in grain size and the creation of dislocations in the austenite phase which act as nucleation sites to forming IP and hindering the α/γ phase boundary [11]. Figure 10 shows that the row spacing is decreased after hot-rolling which means the particle density is higher [11]. It also shows how changing the coiling temperature affects the row spacing as described in section 2.2, but it is interesting to note that the degree of row spacing change with temperature is not uniform and becomes more extreme as the temperature is increased. The coiling temperature used in this PhD was between 600-650 °C so it will be interesting to see if any row spacing changes can be found in that temperature range.  
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Figure 10; The effect of hot-rolling and temperature on IP row spacing [11]. 


By altering the hot-rolling temperature both the α microstructure and the precipitate size and density can be changed. One of the most extensive studies in this area was from Kim et al. [14] who looked at Ti-Mo carbide steel that were hot-rolled above and below the recrystallization stop temperature in the γ phase as well as the dual γ+α region. They found that at high temperatures where recrystallization is extensive (1150-1050 °C in this case) the generation of dislocations was prevented which stopped strain-induced precipitation from occurring. This resulted in all the precipitates ranging from 1-10 nm in size. Rolling below the recrystallization stop temperature (in this case 1060-960 °C) resulted in substantial dislocation build-up which acted as nucleation sites for strain induced precipitates to form. These precipitates pinned the α grains and significantly reduced the grain size at the end of processing. Finally rolling at the dual γ+α region resulted in IP occurring, which formed in preference to strain induced precipitation; therefore fewer large carbides were present compared to rolling in the non-recrystallization region. 
The IP particles formed in the dual phase region are more clustered together than what is usually observed, which does have an impact on the mechanical properties of the steel [14]. Clustering of nano-particles can also happen when there are pre-existing particles present in the α phase and it is more thermodynamically favourable for them to form on the existing particle [15]. This has a negative impact on the precipitation strengthening as these clustered particles which are connected to each other act as a single large particle which reduces the strength gain.
These results agree well with an earlier investigation from Kim et al. [16] where they carried out a very similar experiment. The results shown are similar to their later work, with the steels rolled in the recrystallization zone having the lowest strength due to the recrystallization of grains followed by grain growth despite the hot-rolling that was still continuing. Rolling in the non-recrystallization zone to the α+γ region allowed fine α to form with a high dislocation substructure in the grains and IP could take place during rolling. However it had the negative consequence of untransformed and highly deformed γ grains remaining in the microstructure, which means the precipitation potential was reduced. Another disadvantage is that the α formed during hot-rolling will be recrystallized therefore the dislocation density is lower than what is desired. The greatest strength and grain refinement was found when most of the hot-rolling took place in the γ recrystallization zone so that initially grain refinement takes place as new γ grains are formed. However the final rolling stage is done in the non-recrystallization zone to prevent grain growth from occurring and so that the final γ grains are deformed and pancake shaped which are the ideal conditions for α formation during coiling. 
They also found that the steels deformed in the recrystallization zone had uniform fine IP due to the traditional IP process taking place, whereas in the non-recrystallization zone strain induced precipitates were present. It was interesting that in the α+γ zone fine IP precipitates were found, but they were not uniformly distributed with tight clusters of precipitates being present instead. These precipitate clusters had the same pinning effect on dislocations as one large particle; therefore the mechanical strength gained from these precipitates was significantly reduced. The reason for the clustering is not fully understood but is believed that the hot-deformation that takes place at the same time as the α/γ boundary is moving distorts and changes the direction of the boundary so that clustered particles are formed. Their other theory is that hot-deformation of the α grains containing traditional IP creates dislocation structures inside the α grain. These areas of high dislocation density increase the diffusivity within the local area and causes local precipitates to diffuse towards the dislocation structure. Neither theory has any scientific evidence to be validated.          
The results from Kim et al. [14] found that a correlation between particle density and ferrite grain size is present. They discovered that the steels rolled at a higher temperature had a greater grain size (due to grain growth effects) and also a greater precipitate density. Steels rolled slightly below that temperature had not recrystallized therefore the grain size was much smaller, however the precipitate density had also dramatically decreased. Their theory is that there is a C depleted zone which moves ahead of the γ/α boundary where IP is taking place. These depletion zones initially do not cross over each other as they all originate at γ grain boundaries and therefore are far away from each other. As the γ→α transformation reaches its end these C depletion zones interact causing a reduction of C available for IP to occur which reduces the precipitate density. Their evidence stems from the grain boundary of the α grains (where the C depletion zones would have interacted) having significantly fewer precipitates than the centre of the grain. The reduction of the γ grain size though hot-rolling results in the C depletion zones overlapping sooner than they would had the prior grain size being larger. Figure 11 helps to visually explain their theory, where the red dashed line is the C content which decreases as the phase transformation is near completion [14].           
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Figure 11; an illustration of the growth of α and the depletion of C as the phase transformation reaches its end [14].    



The theory created by Kim et al. is in contradiction to that found by Chen et al. where the former state that the reduction of the grain size though hot-rolling has a negative impact on precipitation density while the latter states the opposite. Chen et al. recently did further investigation in this area by varying the strain from 10 to 30 % and the hot-rolling temperature from 1000 °C to 1200 °C to see which is the most beneficial in terms of microstructure [17]. They found that decreasing the temperature and increasing the strain resulted in a finer α grain size, but the degree of grain size reduction was 3-4 times greater when the temperature was changed compared to the strain applied, therefore temperature is the key variable when trying to reduce the grain size. The grain size reduction was due to recrystallization not being possible at 1000 °C therefore the γ grains were smaller which results in smaller α grains. Deforming at 30 % strain had created many dislocations which resulted in a fast γ→α transformation and resulted in an IPR morphology due to particles forming on the dislocations instead of the γ/α boundary. The 1200 °C steel was stronger than the 1000 °C mainly due to precipitates forming in the γ phase at 1000 °C (due to the solubility of the micro-alloying elements being lower) and growing too large to contribute to strengthening which also resulted in fewer finer precipitates being formed during IP. They also found that increasing the strain rate slightly decreased the precipitate size but also decreased the range in hardness differences between different α grains. The paper does not go into details of why this is the case. 
While the work of Chen et al. went into more detail about the effect of hot-deformation on the precipitates, it did not include any precipitation density figures which means the controversy of whether hot-rolling decreases the particle density still remains. As there is currently no further literature on this topic this thesis will look at steels with identical chemistry but a different α grain size to see whether the particle density has decreased according to the theory proposed by Kim et al. The details can be found in the batch 2 results in section 4.2.3.     
There is currently no rolling temperature that is known to provide the best overall mechanical properties as they all produce positive and negative effects on the mechanical processing [16]. It is generally accepted that rolling should not be where the γ recrystallization occurs as even though it provides the greatest precipitation strengthening, the grain size is larger than the other rolling temperatures, which means the Hall-Petch strengthening is low and the impact toughness is poor. Rolling in the γ recrystallization region and finishing in the non-recrystallization region provides the greatest strength gain though precipitation hardening and grain refinement and while it does provide the lowest elongation it still falls within acceptable levels (over 20 % can be achieved) [16]. Therefore, in most scenarios rolling in this temperature range will provide the most ideal mechanical properties. It is worth noting that rolling in the dual phase zone will give the lowest strength gain, but highest Charpy impact results, therefore this steel is a viable alternative when toughness takes higher priority over strength gain [16]. This gain in toughness is partially due to the effective reduction in particles in the matrix (due to the particle clusters acting as a single larger particle) which reduces the strength of the steel and therefore the toughness improves [16]. This combined with the relatively small and uniform grain size resulted in the dual-phase rolled steel having the best toughness overall.
One final aspect to consider is the effect of micro-alloying elements on the recrystallization stop temperature. If the micro-alloying elements chosen for IP are well known to alter the recrystallization temperature, then the rolling temperature may need to be altered so that the desired amount of recrystallization is achieved.  It has been found that Nb, V and Ti all raise the recrystallization stop temperature; however it is Nb that has the dominating effect [18]. This is believed to be due to these elements creating the solute drag effect and the formation of precipitates that pin grain boundary movement which is a required part of recrystallization. 
Carbon was found to greatly increase the recrystallization stop temperature when the temperature is low enough for precipitates to form [19]. However when the temperature is too high for precipitation then C only slightly raises the stop temperature [19]. N, Mo, Mn and Cr all raise the recrystallization stop temperature by increasing the solute drag and/or reducing the stacking fault energy which makes it harder for partial dislocations to form and move [20-23]. Unlike with Nb, V and Ti there has not been any study that ranks these other micro-alloying elements for potency in raising the stop temperature, however as they are less involved in the formation of precipitates their effect is likely to be less than Nb and C.
The importance of understanding the effect of Micro-alloying elements on the recrystallization temperature becomes apparent when looking at the experimental compositions given in batch 1 and 2. The use of micro-alloying elements causes recrystallization to stop earlier on during the hot-rolling cycle which gives more time for dislocations and potentially strain induced precipitates to form prior to coiling. This encourages a finer austenite grain structure which will consequently promote a finer grain size.   


2.4 Effect of different micro-alloying elements on the steel properties

2.4.1 Titanium 
The largest amount of research carried out on strengthening via IP has been focused on Ti based carbides (especially Ti-Mo carbides). This is mainly due to Ti based carbides being the strongest carbide former with the lowest carbide formation energy when compared with other viable micro-alloying elements and having high thermal stability in terms of phase transformation and stability [24]. This translates to TiC nano-precipitates being relatively easy to form via IP and they can maintain their small size when exposed to high coiling temperatures for a long period of time.
Initially there was some confusion with the atomic structure of the TiC precipitate with some researchers believing it had a lattice parameter of approximately 0.433 nm at room temperature (RT) and had a NaCl crystal structure (B1-cubic FCC), while others believed the structure was hexagonal (a = 0.31 nm and c =1.5 nm) and the composition was Ti0.98Mo0.02C0.6 when using 0.11 at% Mo [24] [1]. This issue was resolved in 2009 by Yen et al. [25] who used high resolution TEM on Ti-Mo containing steel and found that the precipitates had the NaCl structure as shown in figure 12. Since then many other researchers have carried out similar experiments and come to the same conclusion that the NaCl structure is correct.     
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Figure 12; A TiC unit cell [24]. 


While the orientation relationship (OR) between α and γ during transformation obeys the K-S OR when the precipitation mechanism is IPP (section 2.2), the OR between the TiC precipitate and the α matrix follows the Baker–Nutting (B-N) OR which is (100)α || (100)TiC     [010]α || [011]TiC [24]. This OR keeps the lattice mismatch between TiC and α low (6 %) so the IP can remain coherent with the matrix which is thermodynamically the most stable state when the precipitate is only a few nanometres in diameter [24]. If the TiC precipitate were to form on the γ phase during α/γ transformation then the OR would be cube-cube which is (100)γ || (100)TiC     [010]γ || [010]TiC [24]. This would create a significantly greater (18 %) lattice mismatch between the TiC and α matrix which is less thermodynamically stable compared to the B-N OR [24] due to the increase in strain energy. As strain energy is the largest energy present between coherent particles and the matrix the reduction of this energy takes highest priority, therefore IP will almost always take place on the α phase as the particles formed are significantly more thermodynamically stable. 
TiN particles form at higher temperatures compared to VC and NbC particles as shown in figures 13 and 14 [26, 27]. This means that they are exposed to higher temperatures for longer than other particles and have a longer time to coarsen. However it is TiN precipitates that are more stable and have the highest driving force for precipitation and often form in the γ phase during hot-rolling. Ti has a low solubility in the γ phase which allows precipitation to easily occur when the temperature approaches that at which the α phase forms [28]. These steels have to be austenitized at 1200 °C prior to hot-rolling to guarantee that any TiN particles present have been dissolved into solution. The formation of TiN precipitates has a negative effect on the properties of the steel in several areas. Firstly as they tend to form at very high temperatures they can coarsen to be tens to hundreds of nanometres in diameter and therefore do not contribute to strengthening the steel but instead weakening it by reducing the amount of Ti available for fine IP TiC to form. Secondly TiC often forms on the prior TiN based precipitate instead of in the α matrix due to the formation energy being lower which makes it more thermodynamically favourable [28, 29]. The formation energy is lower due to the TiN particles having a more favourable semi-coherent interface compared to the coherent interface in the α matrix [29]. The atomic arrangement of the TiN and TiC particles match far better compared to BCC ferrite which makes formation and growth of TiC significantly easier [29]. The particles that form on the prior TiN do not contribute to the strengthening of the steel nor do they reduce the α grain size resulting in less micro-alloying elements being available for strengthening precipitation. Finally an analysis of VC particles that had co-precipitated on TiN particles found that the formability reduced due to the stabilisation of C during hot-rolling, which is detrimental to the processing of the steel [29]. It is likely that TiC particles would behave in a similar way due to the similarity in their atomic structure. What can be concluded is that the combination of Ti and N reduces the potential for IP which is a significant negative as N has been shown to be highly beneficial to improving the mechanical properties (see section 2.4.4).  

[image: ]









Figure 13; Stability of different particles in different phases [26].
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Figure 14; Solubility of different particles over a range of temperatures [27].




While Ti and C can be used as the sole micro-alloying elements to form effective IP, TiC is seldom used in industry anymore as adding Mo, Nb or V (or N when Ti is not used, which substitutes the C instead ) to partially substitute the Ti has been found to improve the mechanical properties in several different ways. Partial or even full substitution is possible as they all prefer to form with the BN-OR and NaCl structure and they also do not distort the crystal lattice so much that it becomes thermodynamically unfavourable to form these more complicated precipitates.  Each additional micro-alloying element has its specific advantages and disadvantages that have to be taken into account when engineering the desired steel. The vast majority of research focuses on TiC with the addition of another micro-alloying element or basic NbC, VC particles. The effect of each micro-alloying element will first be described individually and then later on the combination of different micro-alloying elements with be discussed.      

2.4.2 Molybdenum   

While TiC particles are initially very fine (3-5 nm) and usually have a large distribution in the α matrix, the degree of coarsening during coiling is often large enough so that the final size is significantly larger and precipitation strengthening has been reduced. It has been established by many researchers that using Mo to partially replace Ti will improve the thermal stability of the precipitates and reduce coarsening. As shown in figure 2 this reduced precipitate size growth becomes more apparent over a long heating time due to Mo allowing the initial precipitation strengthening to be maintained making the finalised steel stronger [2].
First principle calculations have been carried out by Jang et al. [24] to find out the thermodynamic and kinetics effect of substituting Mo for Ti. In terms of thermodynamics Mo is an unfavourable element that increases the formation energy significantly (see figure 15) [24]. Therefore (Ti,Mo)C is more difficult to form during IP which has the potential to reduce the precipitate density and weaken the steel overall. Also MoC particles have a significantly higher formation energy compared to TiC, NbC or VC which means fewer secondary particles are likely to form which again has the potential to reduce the precipitation density under certain conditions. Interestingly it was also found that MoC formation has an unfavourable atomic ratio and that a 50 % loss of C in the carbide is more stable, therefore MoC0.5 is preferred (with a B1 atomic structure). This means that (Ti,Mo)C may have C vacancies in its lattice, although this has not been confirmed yet by any experimental results.
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Figure 15; formation energy changes of (Ti,X)C with X being Nb, V, Mo or W [24] .



While (Ti,Mo)C is less thermodynamically favourable than TiC, it has been found that Mo addition reduces the strain energy and binding energy of the fine coherent precipitates with the α matrix [24]. The strain energy of TiC/(Ti,Mo)C originates from the matrix having to stretch its BCC unit cell and the precipitate having to shrink its unit cell so that they match up at the interface and remain coherent with each other. The lattice parameter of MoC0.5 is smaller than TiC (0.421 and 0.432 nm respectively, while for α it is 0.287 nm) therefore the strain energy is reduced (3.5 and 4.8 % respectively) due to the matrix and carbide having to deform less to remain coherent with each other [24]. As strain energy is the dominating energy for small coherent precipitates once these particles do form and overcome the larger formation energy barrier they will be more stable. The reduced strain energy increases the kinetics of precipitation which allows IP to form more readily within each row [24]. However there is experimental evidence that Mo does not decrease the row distance [7].
[image: ]The benefits provided by Mo are only present when the (Ti,Mo)C precipitate is still small and coherent with the matrix. It has been shown by several researchers that when the precipitates are exposed to high temperatures for a long enough time for coarsening to occur, the particles will increasingly resemble that of TiC instead of (Ti,MoC). This is due to Mo not being thermodynamically as stable compared to Ti in the particle, therefore as the particle grows and it becomes increasingly semi-coherent the kinetic benefit of Mo diminishes until there is no driving force for Mo to enter into the particle. Once this occurs the particle grows in the same way as conventional TiC with the percentage of Mo in the particle continuously reducing.  Figure 16 shows the change in ratio of Ti and Mo (also W which is described in section 2.4.5) in the precipitates as they increase in size [24].    
Figure 16; Change of the Ti/M ratio with increasing particle size. M=Mo, W [24].


There has been significant research on how Mo impacts the formation of the precipitates and specifically what properties within Mo allows thermal stability to occur. If this can be better understood then it may be possible to find an alternative element or combination of elements that bring about the same thermal stability effect. Atom probe topography (APT) can be used to observe individual precipitates and they can be mapped both chemically and in terms of morphology. This allows both large and small precipitates to be observed in great detail and any differences between them can be fully analysed. 
The most recent APT research on Ti-Mo precipitates from Mukherjee et al. [30] was able to look at nano-clusters which form prior to the formation of nano-precipitates. They defined a nano-cluster to have <50 atoms and they were found to have a BCC matrix atomic structure instead of the usual NaCl FCC structure. They also found rows of nano-clusters that existed perpendicular to rows of IP, as shown in figure 17 [30]. Unlike nano-precipitates these nano-clusters do not coarsen when held at high temperatures for a long time. They believe that the speed of the γ/α boundary was slow enough for micro-alloying elements to gather into clusters, but still too fast for full IP to develop from these nano-clusters. Currently no research has been carried out to determine whether nano-clusters affect the mechanical properties of the steel. Should the nano-clusters be found to increase the strength of the steel then they could be very useful for industry. It may be possible to further process the α steel to form dual-phase steel while the nano-clusters remain.
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Figure 17 [30]; APT map of rows of IP and perpendicular rows of nano-clusters.


Mo has been found to reduce the speed of transforming the α/γ boundary by accumulating at this boundary and cause pinning to occur [31]. Evidence for this was found when steels with and without Mo were coiled at the same temperature and held for the same length of time [31]. The steel with Mo contained more bainite which is γ that has not had a chance to transform into α during coiling and so transforms during quenching to room temperature [31]. The steel with Mo also had a smaller row spacing between precipitates which is another strong indication that Mo slowed down the α/γ boundary and made IP easier [31]. Additionally Mo was found to lower the ferrite transformation temperature and increase the stability of γ [31]. The combination of these factors reduces the driving force for α to form which further slows down the α/γ boundary to promote precipitation. Finally the reduced ferrite transformation temperature means that the thermal diffusion of micro-alloy elements will be reduced which results in finer precipitates.
This investigation used Ti-Nb steel to study the effect of Mo on the γ→α transformation, however no work has been carried out on just Ti containing steel or V/Ti-V steels. It is not known if the same pattern would occur for these steels or if the degree of influence with Mo would also change.
As well as Mo affecting the transformation rate, increasing the Ti/Mo ratio can reduce the size of the (Ti,Mo)C precipitates and increase their density which allows precipitation strengthening to be maximised [15]. Increasing the Ti content has been show to decrease the time for nucleation to begin (Mo has the opposite thermodynamic effect according to this study), increases the nucleation rate and decreases the critical particle diameter allowing them to be smaller [15]. However the temperature at which precipitation occurs is also very important. It has been shown that if the Ti content is too large or small the nose on the precipitation time temperature transformation curve increases which results in larger particles, so a compromise is required [15].     

2.4.3 Niobium 

Niobium (Nb) can be used as a micro-alloying element to partially or fully substitute Ti or Mo from the precipitate, with the crystal structure remaining NaCl FCC. However unlike any of the other IP micro-alloying elements, Nb can have a significant and direct impact on the general microstructure of the steel. The benefit of micro-alloying Nb is that it helps slow recrystallization during hot rolling therefore the α grains will be finer once they form [5]. As shown in figure 13 Nb is capable of forming precipitates in the γ phase as well as the α. Therefore during hot rolling NbC, NbN or Nb carbo-nitrides can precipitate in the γ phase and pin the grain boundaries, which limits grain growth and results in a finer α grain size later on [13]. These precipitates grow significantly during the hot-rolling stage (to around 10-20 μm) and so only contribute a small amount to the overall precipitation strengthening (17-39 MPa), but the grain in strengthening and toughness via the Hall-Petch equation justifies their presence in the microstructure [5] [32].
As well as being used to hinder γ recrystallization and refine the α grain size, Nb can be simultaneously used to produce ultra-fine precipitates via the IP process. Depending on the micro-alloying elements present it is possible to have, for example, NbC and (Ti, Nb)C precipitates present in the same steel [5]. Figures 18 and 19 show results from two different researchers who investigated the effect of adding Nb into TiC precipitates [33, 34].  Nb appears to reduce the precipitate size although no micro-hardness increase was found. However (Ti,Mo)C precipitates were even finer and show a clear increase in micro-hardness of the α grains. Figure 22 also shows that adding Mo to (Ti,Nb)C precipitates will reduce their average size and increase the hardness of the steel [34]. Both of these separate results indicate that while Nb can be used as part of the IP process its potency in reducing the average particle size is small compared to Ti and Mo (and V as discussed in section 2.4.4). Therefore the benefit from Nb mainly comes from grain refinement and while it does contribute to the IP process, other micro-alloying elements are needed to keep the precipitates as fine as possible.          
[image: ]
   






Figure 18a and b [33]; Shows the hardness and size of α grains and IP respectively with various cooling rates and micro-alloying elements.
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Figure 19 [34]; The hardness value after aging at 700 °C for various times.  


The reason why Nb is less effective at refining the precipitates is due to the large lattice parameter of NbC (0.447 nm) compared with TiC and MoC0.5 (0.432 and 0.421 nm respectively) [24]. Precipitates such as (Ti, Nb) C will have a lattice parameter that is in-between that of TiC and NbC, therefore adding Nb increases the strain energy between the precipitate and the α matrix (0.287 nm) [24]. This will cause the thermal stability of the precipitates to decrease slightly and will increase the amount of coarsening during the coiling stage. However unlike Mo the proportion of Ti/Nb within the precipitate does not change with increasing size and is more thermodynamically favourable within the particle [5]. 
A recent study by Ji et al. [35] went further into investigating the role of Nb in the precipitates. They agreed with previous researchers where Nb is known to increase the formation energy, but they also believe it decreases the interfacial energy. This means once the thermodynamic requirement for precipitation to occur has been met, Nb will allow a larger quantity of precipitates to form and they will be initially finer. This was demonstrated by them performing ultra-fast cooling on Ti-Nb and Ti micro-alloyed steel, so that coarsening of the precipitates could not occur. They found that the precipitates containing Nb were finer than those without, which supports the theory that Nb reduces the interfacial energy and allows more numerous and finer precipitates to form initially. It is only when the precipitates are given the chance to coarsen that they grow faster than precipitates not containing Nb. 
An additional benefit of Nb is that a significantly greater proportion of Nb will leave the α matrix and enter the precipitates compared to all of the other micro-alloying elements used (68-97 % depending on steel grade compared to 23-88, 0.4-20 and 2-5 % for Ti, Mo and V respectively) [13]. Therefore while Nb does not positively affect the size of the precipitates, the increase in precipitation density and decrease in grain size more than make up for this problem and make Nb a very useful element to use for strengthening the steel.  

2.4.4 Vanadium  

V has undergone extensive investigation regarding the mechanism of IPC (see section 2.2 for details); however beyond the academic interest this element has direct benefits for the automotive industry. As seen in figures 13 and 14, VC has a much lower formation temperature compared to the other precipitates and is favourable only within the α phase [26, 27]. This means that unlike Nb and Ti no V based precipitates form in the γ phase and so cannot influence the γ grain size. Of the three main micro-alloying elements (Ti, V and Nb), Ti is the least soluble in ferrite while V is the most [6]. This translates to VC being the last type of precipitate to form during coiling and cooling. 
The main advantage of VC being the final precipitate to form is that it spends the least amount of time exposed to high temperatures which reduces coarsening and results in finer precipitates in the end. The formation energy for VC is higher compared to TiC and slightly higher than NbC, but still significantly lower than MoC therefore full precipitation is not difficult to achieve [24]. One major advantage of VC is the ability to reduce the strain energy with the α matrix and precipitate eightfold (compared to half for MoC) when compared with TiC [24]. The binding energy is also reduced from 339 to 199 mJ m-2 (256 mJ m-2 for MoC0.5) when using VC instead of TiC which adds to the thermal stability of the precipitate [24]. This stability means that in a steel micro-alloyed with several nano-precipitate forming elements, VC particle formation will take higher priority (excluding Ti) over other particles such as Nb and Mo [24]. The reduction in energy is due to the lower lattice parameter compared with the other precipitates (see figure 20) which means the distortion between the particle and α matrix is reduced. A final advantage of V is that along with Ti and Nb it is possible to form mixed FCC carbonitrides which adds to the versatility of alloying elements that can be used to obtain the optimised composition (see section 2.4.5 for details about N) [6].  
The low precipitation temperature means that particles can continue to form after the IP process is complete [36]. These random supersaturated precipitates are usually smaller than the IP precipitates (<15 nm) due to the lower temperatures and reduced time to coarsen [36]. This allows additional strengthening to occur which would not have occurred as readily with the other micro-alloying elements, as they would have remained mostly in solution.     
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Figure 20 [5]; the lattice parameters of different precipitates. The white bars are theoretical values and the grey is experimental.   



Using V as a micro-alloying element does come with additional challenges to production and chemistry used. Firstly as previously stated V forms at the end of IP and so plays little or no role in refining the grain size unlike Ti or Nb, therefore in order to maintain good Hall-Petch strengthening and toughness these micro-alloying elements are needed [6, 29]. This is different to Ti or Nb micro-alloyed steels where good all round properties can be achieved without the need of additional micro-alloying elements.
Additionally while the precipitation of VC at low temperatures is beneficial for keeping their size small, care must be taken about precipitation particles that form prior to the vanadium carbide/nitride particles. For example in ultra-low C (ULC) steel (which is not as strong as the 780 MPa tensile strength grade but is still a viable illustration) that has been micro-alloyed with V and Ti, TiN can form in the δ, γ or α phase prior to V(C,N) [29]. All of the N can be used to form TiN which leaves only VC. Instead of precipitating in the matrix during coiling the formation energy is lowered if it precipitates on the TiN particle itself (see figure 21). This means there are less small VC particles available to hinder recrystallization and the tensile strength of the Ti-V steel was found to be less than the Ti steel [29]. These TiN-VC co-precipitates also increase the stability of C in the microstructure which decreases the formability during hot rolling [29]. What can be concluded from this is that great care must be made on choosing micro-alloying elements and that all of the particles are in solution to avoid co-precipitation. (Ti,Mo)C also suffers from this problem, but the reduced formation temperature for V-precipitates makes this an even greater issue. 
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Figure 21 [36]; an example of co-precipitation of VN on MnS.



2.4.5 Nitrogen 

N can be used in the IP process to either partially or fully substitute C to form carbonitrides or nitrides respectively. While N can be used during the IP process, almost all literature focuses on the use of strain-induced nitrides during hot-rolling in the γ phase as a form of grain refinement [6]. As shown in figures 13 and 14 nitrides have a low solid solubility which allows easier precipitation in the γ phase (often around 850 ̊C compared to 700 °C for (Ti,Mo)C compared to carbides) [15, 26, 27]. Therefore if Nb is not used N can play the role of α grain refinement, although co-precipitation of carbides on the nitrides is often an issue so Ti should never be used in conjunction with N.
The strain induced nitrides coarsen significantly in the γ phase and will be tens to hundreds of nano-meters in diameter [15]. Despite their high coarsening rate nitrides have a greater level of thermal stability in the γ phase compared to carbides, meaning that carbides coarsen faster than nitrides in the γ phase [6]. This means potentially nitrides could have a greater stability than carbides in the α phase when formed as IP. However very little research has been carried out into proving this theory, mainly due to Ti being the centre of most IP research which prevents N from being used.  
The closest research into this area was carried out by Shanmugam et al. [37] who looked at V-C-N micro-alloyed steel with varying levels of Ti and Nb. Due to the presence of Ti and N most of the precipitates formed in the γ phase with only the V based particles forming as IP. They found TiN formed first during cooling and afterwards (Nb,V)(C,N) formed in the γ phase, often as co-precipitates with the TiN. However unlike most of the co-precipitates found in the α phase during IP there was a clear heterogeneity with the chemistry of the precipitates. At the centre of the particle the composition was still mostly TiN while at the edge of the particle there was more C, V and Nb present. This is often called a core-shell structure and strongly implies that the amount of diffusion occurring within the precipitate is limited. These authors managed to identify duplex or even triplex precipitates, which while interesting academically, would provide a poor increase in tensile strength or grain refinement.  
The reason why the γ co-precipitates have a lower level of heterogeneity compared to α co-precipitates is due to the level of diffusion possible at any given temperature [37]. TiN is capable of forming over 200 °C before Nb(C,N) begins to form in the γ phase [37]. This means when (Nb,V)(C,N) begins to co-precipitate the TiN is not only chemically very stable but has also had the chance to grow to a very large size (often over 100 nm) which makes full diffusion of Nb, V and C into the centre of the precipitates very difficult. In comparison precipitates formed in the α phase are at a lower temperature which lowers the degree of coarsening. So while co-precipitation is still possible V has the ability to fully diffuse within (Ti,Nb)C and form a homogeneous precipitate. This was found to be the case in their results and they were also able to find small amounts of N within these complex precipitates as well. There have been independent investigations carried out that confirms that N can enter precipitates during the IP process and form carbonitrides such as Nb(C,N) [38, 39]. The C and N ratio can be fully altered to give pure TiN or TiC or anything else in-between [34]. However generally increasing the temperature for precipitation to occur will increase the amount of N present due to C becoming more soluble in the matrix [39].  
The investigations carried out show that N can be used as part of the IP process and is not only limited to promoting precipitation in the γ phase. The steel used by Shanmugam et al. [37] used Ti and N which resulted in almost all of the N being used to form TiN, while other work that has been carried out did not investigate the effects of changing the N content and seeing how this affects the properties of the steel [38, 39]. Therefore there is a clear lack of research into the effect of N on the interphase precipitates and this is one aspect this PhD intends to address. By removing Ti and only using micro-alloying elements that can form in the α phase it may be possible to produce fine, homogeneous and complex carbonitrides which may have a greater thermal stability in the same way nitrides are more stable than carbides in the γ phase.  

2.4.6 Chromium and Tungsten

Both chromium (Cr) and tungsten (W) are micro-alloying elements that have undergone a limited amount of research as potential substitutes for Mo, but both show promising initial results. Cr has only been investigated once by Timokhina et al. [1] who looked at ferrite steel micro-alloyed with Ti, Mo and Cr. Using TEM and atom probe tomography (APT) They found both (Ti,Mo)C and (Mo,Cr)C precipitates located in different regions of the same rows of IP (see figure 22) [1]. It was possible to distinguish the two different precipitates not only though their composition but that the (Ti, Mo)C particles had an average guinier radius (size of the particles) of 2.2 +/- 0.5 nm while the (Mo,Cr)C had a guinier radius of 1.5 +/- 0.3 nm.
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Figure 22; an atom probe image showing (Mo, Cr)C precipitates [1].  



They believe that these particles were originally MoC carbides where some of the Mo has been replaced with Cr. These strain-induced carbides have a molecular formula that is very similar to the defined C19Cr7Mo24 carbide. No mechanical tests were done to find out the strength of this steel, but in theory the smaller C-Cr-Mo carbides should promote a greater increase in strength though precipitation hardening compared to (Ti,Mo)C. As mentioned before in section 2.4.2 MoC is a difficult carbide to form due to it having a significantly higher formation energy [24]. As Cr was not detected in (Ti,Mo)C but it was in MoC this element seems to be capable in entering carbides with a specific composition that stabilises it. The formation of Mo-Cr based carbides without the presence of Ti has been verified by other researchers, therefore Cr may be able to enter the IP if Mo is also present [40]. Therefore further research involving the effect of Cr on the particles should not include Ti due to it being too strong a carbide former for Cr to have the chance to diffuse into. While very little research into Cr has been done, the potential of even greater strength gain and a reduction in Mo required makes this element a very interesting option. 
W as a substitute for Mo has also only been investigated once by Jang et al. [24] who looked at steels containing Ti, Ti+Mo or Ti+W. W has been shown to behave exactly like Mo in that (Ti,W)C is more thermodynamically unstable compared to TiC (see figure 15) but it lowers the strain energy, and it also has the B-N OR [24]. Also as with Mo the formation of WC is thermodynamically unfavourable and Mo0.5C and W0.5C would theoretically be preferred, but no experimental results have verified this theory yet. They were however able to observe the amount of W present in (Ti,W)C as the carbide grew and found (as with Mo) that the proportion of W decreased with increasing size (see figure 16) [24]. This supports their calculations that W will only enter the precipitates when the particles are small and the need to reduce strain energy dominates.  
Figure 23 compares the mechanical properties of TiC, (Ti,Mo)C and (Ti,W)C and how stable they are after aging (630 °C for 5 and 120 min) [24]. It is clear that Mo and W are extremely effective in increasing the strength and preventing coarsening in the IP and they outperform TiC in these areas. (Ti,Mo)C slightly increases the initial hardness more than (Ti,W)C, however the latter is better at preventing coarsening making it harder after aging. Therefore W is a perfectly viable alternative in terms of obtaining high strength, toughness, elongation and stretch-flangeablility.
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Figure 23; the effect of Mo and W on the hardness of the ferrite steel before and after aging at 630 °C for 5 and 120 min [24].



There is a small issue of using W due to it being twice as heavy atomically compared to Mo which will increase the weight of the vehicle slightly. The very high melting point of this element could also be a significant issue with precipitation occurring in the γ phase along with Ti. Further experiments into the ease of forming these carbides are needed to ensure they are a viable replacement for Mo. 

2.4.7 Manganese

Manganese (Mn) is an additional element that has a beneficial impact for all the micro-alloyed steels mentioned here [32]. It has the effect of reducing the A1 temperature (due to being a γ stabiliser) which allows the coiling temperature chosen to be lowered [32]. This will allow the α grains formed to be finer causing the gain in Hall-Petch strengthening to be greater. In addition it also ties up S impurities by forming MnS [41]. While there has been a report of Mn entering the IP, in almost all other literature this element is not found within the nano-precipitates therefore its only contribution to strength is through solid-solution strengthening (SSS) [32] [42].     
While the effect of Mn on the grain size is well established, there is currently no known experimental evidence on the effect of Mn on IP. In theory the reduction of the A1 temperature should increase the driving force for precipitation and reduce the degree of coarsening as well. 



2.5 Complex precipitates without Ti

The amount of work carried out using complex precipitates in general is relatively limited. The principle of these types of precipitates is to combine the best features of each micro-alloying element so that the properties of the steel are optimised. There have been some attempts to do this with Ti being one of the main micro-alloying elements used, but this has increased the difficulty in producing precipitates at the same temperature with similar compositions. 
An example of this comes from Jia et al. [5] who looked at steel micro-alloyed with Ti, Nb Mo and V. They were able to identify fine Mo2C, NbC, VC, TiC, and (Ti, Nb)C precipitates, but no complex particles were present. On the other hand Bu et al. [43] used Ti, Nb and Mo as micro-alloying elements and were able to identify (Ti,Nb,Mo)C along with some TiN (N being a contaminant in this case), TiC and Fe3C. The only difference between these two steels is the absence of V, therefore there seems to a limit to the amount of different micro-alloying elements that can be used before the complex particle is no longer favourable. 
As stated before Ti is a very strong carbide former, and the presence of TiC instead of complex precipitates in both Jia et al. [5] and Bu et al. [43] steels indicates that it may not be a favourable element to form complex precipitates. Therefore there is a motivation to attempt to form complex precipitates without the use of Ti and see if this eases the process. Also by not using Ti it is possible to see if N is compatible in forming complex precipitates and whether it improves the thermal stability as indicated in section 2.4.5.
The only study carried out that attempts to answer this question was done by Chamisa et al. [44]. As this study directly follows on from that project a detailed description of the work carried out is warranted. They were experimenting with different micro-alloying compositions and processing parameters to see how that affected both the overall microstructure and the specific morphology of the precipitates formed. Table 1 shows the composition of the steels investigated. 
Table 2 shows the mechanical properties obtained from the material supplier (Tata Steel). Figure 24 shows a graphical version of the same results so that it is easier to analyse the data. As well as varying the composition, the coiling temperature was also varied between 600-650 °C with the barcode of each sample displaying the coiling temperature. 


	Sample
	Table 1 [44]; Chemical Composition (wt %)

	
	C
	Si
	Mn
	Mo
	Nb
	V
	Ti
	Al
	N

	01-630Nb+VMo
	0.061
	0.10
	1.570
	0.200
	0.057
	0.10
	-
	0.044
	0.0050

	02-630Nb+VMo
	0.091
	0.19
	1.560
	0.500
	0.054
	0.24
	-
	0.048
	0.0038

	06-600Nb+VMo
	0.096
	0.026
	1.560
	0.510
	0.056
	0.25
	-
	0.050
	0.0038

	07-630NbVMo
	0.037
	0.031
	1.560
	0.240
	0.027
	0.16
	-
	0.044
	0.0034

	10-630Nb+VMo
	0.096
	0.026
	1.560
	0.510
	0.056
	0.25
	-
	0.050
	0.0038

	14-650Nb+VMo
	0.096
	0.026
	1.560
	0.510
	0.056
	0.25
	-
	0.050
	0.0038

	15-650TiMo
	0.044
	0.180
	1.580
	0.200
	0.009
	-
	0.070
	0.039
	0.0046

	16-650Ti
	0.051
	0.190
	1.630
	-
	0.009
	-
	0.079
	0.036
	0.0070

	17-650VMo
	0.045
	0.190
	1.620
	0.200
	-
	0.19
	-
	0.046
	0.0060

	18-650V
	0.047
	0.180
	1.600
	-
	-
	0.20
	-
	0.043
	0.0049

	19-650NbMo
	0.047
	0.180
	1.590
	0.190
	0.056
	-
	-
	0.037
	0.0047

	20-650Nb
	0.039
	0.180
	1.600
	-
	0.055
	-
	-
	0.039
	0.0042

	21-650TiMo
	0.092
	0.180
	1.570
	0.500
	0.008
	-
	0.170
	0.044
	0.0050

	22-630 N+
	0.044
	0.096
	1.587
	0.244
	0.030
	0.164
	-
	0.010
	0.0170
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Figure 24; mechanical test results courtesy of Tata Steel [44].



 



	[bookmark: _Ref358815879]Table 2 [44] ; Mechanical test results courtesy of Tata Steel (IJmuiden)

	Sample
	Measured Results

	
	Yield Strength
[MPa]
	UTS
[MPa]
	Total Elongation [%]

	01-630 Nb+VMo
	685
	748
	21.3

	02-630 Nb+VMo
	890
	971
	18.9

	06-600 Nb+VMo
	925
	1023
	16.8

	07-630NbVMo
	651
	719
	19.4

	10-630Nb+VMo
	902
	964
	18.2

	14-650Nb+VMo
	804
	884
	18.8

	15-650TiMo
	680
	745
	21.1

	16-650Ti
	555
	634
	22.2

	17-650VMo
	630
	712
	18.2

	18-650V
	537
	624
	20.4

	19-650NbMo
	572
	625
	25.4

	20-650Nb
	510
	560
	25.2

	21-650TiMo
	932
	996
	17.0

	22-630 N+
	782
	824
	19.4



The overall trend is that increasing the strength decreases the elongation, which is to be expected. The key data comes from the experimental Nb-V-Mo steels and benchmark 21-650Ti-Mo steel. The latter is commercial steel that has been developed by JFE and utilises (Ti,Mo)C IP as part of the strengthening component of the steel. Therefore in order for a potential experimental steel to be viable it must at least have comparable strength and ideally have a cost saving in the form of reduced Mo or micro-alloying elements in general.
The Nb-V-Mo steels were found to have very similar mechanical properties compared with Ti-Mo with the strongest of the experimental steel (06-600 Nb+VMo) virtually matching or slightly exceeding the properties of Ti-Mo. It is worth noting that the coiling temperature of this Nb-V-Mo steel (600 °C) is lower than any other steel tested which can favour finer grains and precipitates and reduce the production energy. The other Nb-V-Mo steels generally have a lower strength than Ti-Mo but have a higher elongation to compensate. The only exception to the rule was 07-630NbVMo which had relatively poor strength and medium elongation making it the most inferior of the experimental steels. 
Most of the other steels listed consisted of simpler carbide precipitates with and without Mo. In all cases the steels with Mo had a significantly greater strength with only a slight reduction of elongation. This supports the general theory that Mo provides thermal stability to the precipitates which keeps them finer and increases precipitation strengthening. Only one sample contained N which also had Mo, Nb and V. However the Nb content is much lower than the other steels containing complex precipitates which will influence the precipitation mechanism. The only steel which is comparable to 22-630 N+ is 07-630NbVMo which has the same quantity of micro-alloying elements. Here it can be seen that adding N increases the strength of the steel significantly with no decrease in elongation. This result shows there is merit in trying to use N as a IP forming agent and acts as the foundation for the batch 1-3 work that involves the experimentation of carbonitride IP.
Each of the steels underwent optical microscopy, scanning electron microscopy (SEM), electron back-scattered diffraction (EBSD), carbon replica and thin film TEM, energy loss spectroscopy (EELS) and energy dispersive X-ray spectroscopy (EDX) so that the nature of the microstructure and precipitates could be well understood. Table 3 and Figure 25 show the key results about the microstructure of these steels.  

















	[bookmark: _Ref362446117]Table 3 [44] ; Average grain sizes and misorientation of the grain boundaries 

	Sample
	Measured Grain Size (m)
	EBSD Grain Size (m)
	% Low angle boundaries
[5 – 15o]
	% High angle boundaries
[15 – 180o]

	01-630Nb+VMo
	3.0 ± 0.2
	2.9
	13
	87

	02-630Nb+VMo
	2.1 ± 0.2
	2.6
	12
	88

	06-600Nb+VMo
	2.4 ± 0.2
	2.2
	18
	82

	07-630NbVMo
	3.2 ± 0.2
	3.3
	18
	82

	10-630Nb+VMo
	3.3 ± 0.2
	2.3
	13
	87

	14-650Nb+VMo
	3.6 ± 0.2
	2.8
	8
	92

	15-650TiMo
	3.8 ± 0.3
	3.0
	12
	88

	16-650Ti
	4.4 ± 0.4
	3.3
	9
	91

	17-650VMo
	4.9 ± 0.1
	4.1
	8
	92

	18-650V
	8.3 ± 0.6
	6.3
	8
	92

	19-650NbMo
	2.7 ± 0.2
	2.9
	16
	84

	20-650Nb
	4.4 ± 0.3
	3.3
	10
	90

	21-650TiMo
	1.5 ± 0.1
	3.0
	15
	85

	22-630N+
	3.8 ± 0.3
	2.4
	13
	87
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Figure 25; average grain size of the grain boundaries [44]. 


The results obtained are consistent with data found from other literature. For example V-steel has the largest grain size and NbMo-steel has a finer grain size compared to all the other basic IP composition steels. All of the steels used consisted of mainly ferrite (sometimes bainitic ferrite was found in small quantities) with small amounts of pearlite. The % of high angle boundaries is also high for all of the steels which was expected due to the recrystallization process taking place. Figures 24 and 25 show that samples with a smaller grain size have a higher strength. This is expected as grain size strengthening (via the Hall-Petch equation) is one of the main strengthening mechanisms along with precipitation strengthening for these type of steels. All of the Nb-V-Mo steels have a below average grain size although none of them are as small as the 21-650Ti-Mo steel. This is likely due to Ti precipitating at a higher temperature when the α is just being formed during IP. This allows the Ti precipitates to pin grain growth earlier than the other precipitates which refines the grain size. 
There is a noticeable trend that samples with a high carbon content also have a low grain size. This could be due to the increased solute drag effect as the C content increases, or the formation of more carbides to pin the newly formed ferrite grains. 
Mo is also seen to play a role in refining the grain size, which is likely due to two reasons. The first being that Mo in itself slows down the α/γ boundary during IP via the solute-drag model which encourages more precipitates to form which pin the grain boundaries. The second being that Mo refines the precipitates which enhances their ability to pin the grain boundaries. The addition of N appears to have slightly decreased the grain size, although there is a conflict in results between the optical microscopy and EBSD results. This may be due to nitrides precipitating at a higher temperature and as with Ti they can influence α grain growth earlier and more effectively. More tests need to be done in this area for it to be conclusive, which is one area this project wishes to address.    
Chamisa et al. [44] then observed the quantity and morphology of the precipitates in the steels which can be seen in table 4 and figures 26 and 27. The Nb-V-Mo steel precipitates were found to be mostly randomly distributed (they were not able to clarify whether it was IPR or supersaturated precipitation) but some IPP was found. The shape of the precipitates were either spherical or rod shaped depending on the orientation of the sample and the equipment used to observe the precipitates. The precipitate density was found to vary significantly depending on which α grain was observed. This is typical and is found by most researchers looking at these types of steel. Each α grain forms at their own rate and so the amount of IP formed can also change from high to virtually non-existent. In these cases several images containing IP are needed to get an accurate average of precipitation density for that steel sample.   

	Table 4 [44]; Precipitation results

	Sample
	Precipitates counts per m2
	Average Precipitate Size (nm)

	
	
	

	01-630 Nb+VMo
	475
	6.86 ± 0.02

	02-630 Nb+VMo
	1467
	4.87 ± 0.02

	06-600 Nb+VMo
	747
	4.03 ± 0.13

	07-630NbVMo
	316
	8.63 ± 0.06

	10-630Nb+VMo
	1766
	5.17 ± 0.04

	14-650Nb+VMo
	730
	4.18 ± 0.11

	15-650TiMo
	610
	7.18 ± 0.03

	16-650Ti
	180
	8.21 ± 0.16

	17-650VMo
	157
	10.77 ± 0.29

	18-650V
	194
	12.93 ± 0.14

	19-650NbMo
	328
	5.62 ± 0.13

	20-650Nb
	153
	6.27 ± 0.22

	21-650TiMo
	1467
	5.71 ± 0.06

	22-630 N+
	311
	6.90 ± 0.28
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Figure 26 [44]; average precipitates count per m2.
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Figure 27 [44]; average precipitate size (nm).


Table 4 and figure 26 shows that Nb-V-Mo steels produce an above average amount of precipitates which rivals that of 21-650TiMo. This shows that these micro-alloying elements are compatible together within a precipitate and can produce the same results as a Ti based carbide, which is known to be one of the best carbide forming elements. Figure 27 shows that Nb-V-Mo steels generally have a lower than average precipitate size which contributes to precipitate strengthening. It is interesting to note that the most promising 21-650TiMo alternative (06-600Nb+VMo) does not have a very high precipitate density but its average precipitate size is smaller than all of the other steels tested, causing the precipitation strengthening effect to be very large. This combined with small grain size (see figure 25 or table 3) explains why it has one of the highest strength values compared to all of the steels tested. The reduced size of IP is likely due to be from the reduced coiling temperature. This reduced temperature is also probably the reason for the lower number of precipitates, as the α/γ transformation boundary may have been moving too fast for precipitation to be maximised. By altering the chemistry to reduce the γ→α temperature and coiling at 600 °C it might be possible to get the ideal combination of fine precipitates and high IP density. However these results indicate that precipitate size has a greater bearing on strength compared to precipitate density.
The weakest of the experimental steels (07-630NbVMo) has few and large precipitates which combined with the relatively high grain size explains why its properties are so poor. As reduced Nb is the only difference between this steel and the other Nb-V-Mo steels the presence of this element is clearly vital to improving the material properties. As explain before Nb refines the grain size, but its effect in improving the precipitate density and size for these complex precipitates was not known. Therefore keeping the Nb content high seems to be essential in terms of maximising the Hall-Petch and precipitation hardening components, which has been reported by other researchers [13].     
It was found that all steels micro-alloyed with either Ti, V, Nb and/or Mo contained nano-precipitates which had these elements. There were no cases where a micro-alloy element was absent from all the precipitates, although sometimes an element may be missing from precipitates of a certain size. For example 22-630N+ which was the only steel to contain large amounts of N had both VCN and (Nb,V,Mo)(C,N) precipitates. Comparing this steel with (07-630NbVMo) the precipitate density has remained unchanged but the size clearly reduced. This supports the theory that N improves the thermal stability of precipitates in the α phase and as long as Ti is not present can be used to reduce the grain size and precipitate size for increased strength.  
Lastly there is a rough trend that samples with more C also have a higher particle density. This will be due to the increased ease for C to slow down the α/γ boundary and the higher C content also encourages the formation of more IP. The increased C content does not translate to an increase in particle size, as the extra C is used to form more precipitates instead of coarsen those that are already present.
The tests carried out on each sample were relatively brief due to the large quantity of samples used. Despite this it can clearly be seen that Nb-V-Mo micro-alloyed steels offers excellent mechanical properties through Hall-Petch and precipitation hardening strengthening. Many of the experimental steels exceeded the 780 MPa tensile strength which means it may be possible to reduce the quantity of Mo while still maintaining acceptable properties. The formation of V(Mo)(C,N) was not fully studied and several questions remained to be answered. 
The next step would be to investigate the Nb-V-Mo steels in more detail. It is not yet known if Mo and N act independently in reducing coarsening of the precipitates or if they could work together. To find this out carbonitrides with and without Mo and a steel without N but with Mo is needed to find out the degree of precipitate size reduction. In general Nb-V-Mo precipitates have been found to produce properties that rival that of Ti-Mo steels. By adding N it is hoped that there will be a further improvement in material properties that will exceed that of Ti-Mo. If this occurs then it may be possible to reduce or remove Mo entirely which would result in a significant cost saving.
The results obtained show that Ti-Mo steel has significantly finer precipitates and a greater precipitation density than V-Mo, but the exact reason why this is the case is not yet known. In theory V based precipitates should be finer than Ti based precipitates (see section 2.4.4) but this is clearly not the case. Further understanding about how these elements interact with each other will result in a better understanding of how they behave individually during the IP process and within the precipitates themselves. From all of this improved compositions and processing methods can be engineered which will result in new high strength ferrite steels with better properties. This project attempts to address all of these issues by experimenting with new steel compositions and different processing routes.    










3 Project outline and experimental procedure

3.1 Project outline

The samples that were analysed were split into two main batches of steels. The first batch contained low C and are based of 650 and 800 MPa strength grades that are used in industry. The second batch contained a higher C content and are based of the 1000 MPa grade. By looking at steels from these different grades it would be possible to observe if any particular trends found were transferable from low to high micro-alloyed steel. Batch 1 consists of eight samples which are listed in table 5. Note that N1 and N2 have two sets of samples each, where the cooling rate after hot rolling was either 50 or 100 ̊C/s (all the other samples were cooled at 50 ̊C/s). These samples shall henceforth be known as N1S, N1F, N2S and N2F where the S and F represent 50 or 100 ̊C/s cooling respectively.


	Table 5; Composition of batch 1 samples. All figures given in wt%

	ID
	C
	Mn
	Si
	Al
	Nb
	V
	Ti
	Mo
	N

	N1
	0.025
	0.985
	0.013
	0.043
	0.016
	0.130
	-
	-
	0.0159

	N2
	0.026
	1.562
	0.016
	0.013
	0.016
	0.141
	-
	-
	0.0118

	N3
	0.045
	1.805
	0.198
	0.012
	0.030
	0.259
	-
	-
	0.0142

	N4
	0.051
	1.719
	0.102
	0.009
	0.058
	0.217
	-
	0.152
	0.0148

	N5
	0.060
	1.743
	0.106
	0.017
	0.058
	0.218
	-
	0.148
	0.0012

	N6
	0.063
	1.783
	0.212
	0.034
	0.067
	0.123
	0.123
	-
	0.0019



In this investigation N1S can be directly compared with N1F and the same will apply for N2S and N2F. Using a cooling rate of 50 ̊C/s is the standard in industry and is generally fast enough to prevent γ to α transformation from occurring prior to reaching the coiling temperature. However Tata Steel have the technology to increase the cooling rate to 100 ̊C/s but it was not known what effect this would have on these new compositions. The effect of cooling rate has been researched before, with the conclusion that increasing the cooling rate reduces the precipitate size while increasing the number density and also increasing the dislocation density [45]. Therefore it is predicted that these new compositions will display a similar effect. 
The composition of N1 and N2 are virtually identical with the exception of the Mn content which is higher for the latter. As described in section 2.4.7 Mn is known for decreasing the γ to α transformation temperature which refines the α grain size, but its effect on the IP morphology is unknown. It is predicted that lowering the transition temperature will reduce the amount of precipitate coarsening that occurs and that the number density will stay mostly unchanged due to the prior γ structure being identical for both samples. 
Samples N1 and N2 are based on 650 MPa grade steel while N3-6 are 800 MPa grade. The increase in strength can be attributed to a higher micro-alloy content in C, Mn, Nb and V which is expected to enhance both the IP morphology but also reduce the grain size due to greater Mn and Nb levels. 
Samples N3-5 have very similar compositions where the only differences are whether Mo and/or N is present. N4 acts as the base steel where both Mo and N are present along with high Nb and V content. This sample has the potential to form (Nb,V,Mo)(C,N) precipitates which was the case for sample 22-630N+ (see section 2.5) [44]. It is predicted that N4 will have finer and more numerous precipitates compared to N3 and N5 due to both N and Mo being present to increase thermal stability. However what is not known is whether both elements individually improve thermal stability (which may result in a less significant refinement of precipitates) or if they work together to refine the precipitates (which may result in a greater than expected reduction in precipitate size). 
N3 has the same composition as N4 but it does not contain Mo, while N5 has Mo but almost no N. While both steels are predicted to have larger and less numerous precipitates (along with potentially a larger grain size), it is not known whether Mo or N provides the greater benefit to the properties of the steel. N3 and N5 are predicted to form (Nb,V)(C,N) and (Nb,V,Mo)C precipitates respectively. As with N4 these are complicated precipitates that have undergone little research, and quite often have not even been detected by researchers who looked at steels with similar compositions. It may be that one or more of these elements are unfavourable within a particle and if this proves to be the case then it could be found from this investigation.
N6 differs significantly from the other samples in batch 1 as it is the only steel to contain Ti, as well as having V and Nb but (as explained in section 2.4.5) no N or Mo. The absence of Mo was to see if the combined positive effects of Ti, Nb and V would be enough to produce a microstructure and IP morphology that is comparable with N4. Should this prove to be the case then this original composition could be used as a viable substitute for Mo based steels which are currently used in industry. 
The composition of batch 2 is given in table 6. N7, JFE and N8Cr were coiled at either 630 or 600 °C in order to determine the optimum γ to α temperature for both grain refinement and precipitation maximisation. Samples coiled at 630 °C have H at the end of their ID name and samples coiled at 600 °C have L. As described in section 2.2 reducing the coiling temperature helps reduces the grain and particle size, but it can also reduce the particle density.      

	Table 6; Composition of batch 2 samples. All figures given in wt%

	ID
	C
	Mn
	Si
	Al
	Nb
	V
	Ti
	Mo
	Cr 
	N

	N7
	0.099
	1.809
	0.205
	0.020
	0.081
	0.299
	0.002
	0.352
	-
	0.0138

	JFE
	0.094
	1.787
	0.211
	0.050
	0.012
	0.008
	0.202
	0.494
	-
	0.0021

	N8Cr
	0.101
	1.808
	0.207
	0.022
	0.081
	0.302
	0.002
	0.349
	0.3
	0.0139

	N9Mo
	0.099
	1.823
	0.210
	0.013
	0.079
	0.299
	0.003
	0.493
	-
	0.0129



Samples N7H and N7L act as the base 1000 MPa grade steel in the same way that N4 acts as the base 800 MPa steel. The composition is also based on N4 with the C, Nb, V and Mo content being increased. This is likely to cause a greater degree of precipitation and due to the increased Nb content the grain size may also decrease. However, as this is an original composition it is not known if the microstructure or precipitation mechanism changes when the micro-alloying composition changes.
JFEH and JFEL are Ti-Mo micro-alloyed steels that are produced by the JFE-corporation and are commercially used within the automotive industry. This steel is studied to act as a reference material to help determine if any of the original compositions present within batch 2 are commercially viable. To be commercially viable they must have a lower Mo content and have mechanical properties that at least match the JFE steel. 
N8CrH and N8CrL have the same composition as N7 but 0.3 wt% Cr has also been added. As described in section 2.4.6 this element has the potential to act as a partial or even full substitute for Mo. In all the research where Cr is used there has always been Mo present, therefore Mo may be a stabiliser for Cr to enter the precipitate. Therefore as Cr seems to partially substitute Mo in MoC precipitates both elements were included in this study to potentially increase the chances of detecting Cr. This element may also have additional effects beyond potentially forming precipitates such as decreasing the grain size.
N9Mo has the same composition and coiling temperature as N7H, but the Mo content has been increased to 0.5 wt% which is the same value as the JFE steels. While this steel is not likely to be commercially viable (due to the high micro-alloying content) it will help understand the effect of Mo on a carbo-nitride system. It is likely that whatever effect Mo has on N4 and N7 will be amplified in this sample, however it could also be that there is a saturation point where adding more Mo has no further effect on the microstructure.
An additional factor to consider during analysis of all the samples is the effect of the micro-alloying elements on the recrystallization temperature (TNR), which has been discussed in section 2.3. In summery all of the micro-alloying elements added to base Fe will increase the TNR [18-23]. This means that some of the steels will have been rolled above TNR while others will have been rolled below TNR. Steels rolled above TNR will have had a fully recrystallised structure at transformation from austenite to ferrite. The samples rolled below TNR would have deformed grains with a high dislocation density prior to coiling, which would reduce the grain size, potentially increase the particle density and likely increase the overall strength of the steel
It has been shown that niobium has the greatest effect in increasing the TNR, due to the combination of the solute drag effect and specifically the formation of strain induced precipitates [18]. The Nb content is kept constant within batch 1 and 2 and is not present in batch 3 or the APT samples. This should keep the effect of differing recrystallization temperatures to a minimum within each batch, however it should be taken into account when comparing samples with low and high micro-alloying content (e.g. N1 and N4).   
It would have been ideal to calculate the TNR for all of the samples and include it as part of the discussion, however in literature there is no available equation that can be directly applied to all these steels. Experimental research into obtaining TNR for all samples would therefore have been required which is out of scope for this project, but should be carried out for all the samples that give the most scientifically interesting and commercially useful results.  

3.2 Material production

The samples were produced by Tata Steel using laboratory equipment to simulate the conventional hot-rolling process. They were cast using a vacuum furnace into 30 Kg ingots of 230×105×105 mm dimensions with the hot top being removed. P and S impurities were low and measured at 0.002-0.003 wt %.  The samples were heated to 1250 °C for 40 min to dissolve all the precipices into solution. The ingots were then forged and cut into 75×105×35 mm sections.
During hot-rolling the steel was heated to 1240 °C and held for 40 min, followed by scraping off the oxide scale on the top and bottom side of the ingots. A one-stand mill was used to roll the steel and 5 passes were completed. The initial thickness was 35 mm and after each pass it was 19-11-7-4.5-3.5 mm with the finishing rolling temperature being 890 °C. The temperature before the final pass was 960 °C so that during transfer from the rolling-mill to the trolley of the run-out-table (ROT) the heat loss would leave the final temperature to be 890°C.  
The samples were cooled using compressed air and water on the top and bottom parts of the steel with a cooling rate of 50 °C/s except for N1F and N2F which were cooled at 100 °C/s. The samples were then placed in a coiling furnace and held at 630 °C for 60 min, with the exception of N7L, JFEL and N8CrL which were held at 600 °C. Finally after coiling the samples were quenched to room temperature. Figure 28a and b show schematics of the thermo-mechanical processing route for batches 1 and 2 respectively.   
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Figure 28a; Thermomechanical processing route for batch 1. 
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Figure 28b; Thermomechanical processing route for batch 2. 



After processing the samples underwent tensile tests according to the ASTM standard E8/E8M – 09 with the sub size, non-machined specimen being used [46]. From these tests the yield and tensile strength were obtained along with the yield ratio and elongation. The results from the mechanical tests are shown in section 4.1.2 and 4.2.2 for batch 1 and 2 respectively. After the tensile tests the samples were shipped over to the University of Sheffield for further analysis.
The tensile bars were sectioned and different regions were analysed depending on the analysis technique carried out, as shown in figure 28c. No samples were taken at the heavily deformed region where the tensile test took place. This area will have deformed and elongated grains that makes it harder to get reliable microstructure results. It also introduces excessive dislocation pile-up when looking at TEM images which masks the presence of precipitates. 
[image: F:\PhD\tensile bar image.JPG]
EBSD and thin-film TEM samples were taken here. The sample surface is parallel to the hot-rolling direction where tensile testing took place, so the grains will be elongated.









Optical microscopy, SEM and C-replica TEM samples were taken here. The sample surface is taken from the transverse-normal section. The impact of tensile testing and hot rolling will not be visible.


Figure 28c; Broken tensile bar that was sectioned to create different test samples. 





The locations chosen for creating a sample was made primarily for practicality. The cross-section of the tensile bar will not contain elongated grains, making them more ideal for microstructure analysis. However some analysis of the elongated grains is also ideal to get a complete understanding of the grain morphology, hence why EBSD samples were taken at this orientation. Note that the elongated grains are not a result of hot-rolling, as this only affected the austenite grains that were replaced with epitaxial ferrite after phase transformation. Instead the grains are slightly orientated due to some mechanical deformation of the tensile bars, but not to the same extent as grains in the centre of the tensile bars. Lastly it is not practical to take thin-film samples from the transverse-normal section so the hot-rolling direction was chosen to easily obtain the samples. 

3.3 Experimental procedure

3.3.1 Microstructure analysis justification

There are three main ways of obtaining and understanding the microstructure of the steel samples which are Optical Microscopy (OM), Scanning Electron Microscopy (SEM) and Electron Back-scatter Diffraction (EBSD). OM is one of the fastest and direct ways of observing the grain size and phase composition. The information obtained from OM is not as complete as EBSD which can provide texture analysis and the angle between grain boundaries, however performing OM in tandem with EBSD can often give more information than just using EBSD. For example, if the difference in grain size between the OM and EBSD results is large then this strongly indicates a sub-grain microstructure that cannot be observed through OM. 
The results obtained though EBSD are very dependent on the parameters used during scanning, indexing and later analysis. This makes it easy to get EBSD results that are not actually representative of the microstructure; therefore OM is useful as a comparison tool to make sure both sets of results are reliable and that the correct parameters were used.   
Most of the observations that can be made through SEM can also be made using OM. The microstructure of the steels was designed to have a single phase ferrite matrix which is relatively easy to analyse. For this reason most of the advanced features provided by SEM would not be required and the more simple OM method would be sufficient. The main use for SEM in this project was to identify and provide images of any second phases present and observe certain microstructural features such as cementite in more detail. The samples was also examined using back-scatter imaging in the SEM to check if the composition of the steel is uniform. 
By using these three techniques together a complete picture of the microstructure can be obtained. While the focus of this project is on the IP particles, as described in section 2 there is a strong connection between the precipitates and general micro-structure. A more refined grain size or heterogeneous distribution can influence the IP process and likewise changing the micro-alloying elements has direct consequences for the microstructure. Therefore in order to fully understand the effects of changing the composition or processing route all aspects of the steel samples must be analysed. Additionally most of the steels studied have the potential to be used in industry; therefore a sufficient general micro-structure is needed for the material to have the ductility and general safety requirements needed for the chassis.  

3.3.2 Optical Microscopy sample preparation and analysis

In order to observe the microstructure the samples were first sectioned and mounted in conductive Bakelite (which would allow any electric charge built up during SEM to dissipate). The standard conditions of 150 °C and 250 Bar pressure was used, with the process taking 10-20 minutes per sample to complete depending on the amount of Bakelite used.   
Once complete the samples underwent grinding and polishing steps as outlined in table 7. The force type, force applied and head speed for all the samples was single, 20 N and 60 RPM respectively. The final processing step is only relevant for EBSD samples due to the need for those samples to have an almost completely scratch free surface. The use of Silco is not recommended for C-replica TEM due to the Silco contaminating the carbon film and giving poor EDX results. Silco can be used on the OM and SEM samples, but generally the surface quality is sufficient after 1 µm polishing and Silco can cause additional etching.   

	Table 7; Grinding and polishing route for all samples.

	Step number
	Disc
	Liquid
	Time
	Platen speed (RPM) 
	Head and Platen spin

	1
	P240
	water
	0:40
	61
	Contra

	2
	P240
	water
	1:20
	61
	Comp

	3
	Hercules H 9µm
	9 µm diamond
	3:00
	141
	Comp

	4
	Trident Cloth 6 µm
	6 µm diamond
	4:00
	141
	Comp

	5
	Trident Cloth 3 µm
	3 µm diamond
	4:00
	141
	Comp

	6
	ChemoMet
	1 µm diamond
	3:00
	141
	Comp

	7 (EBSD samples only)
	ChemoMet
	Silco and water
	2:00
	141
	Comp




After grinding and polishing the OM samples were etched using 2 % nital (50 ml methanol plus 1 ml nitric acid) until the steel surface became fully cloudy and all the grain boundaries could be seen using OM. There is no specific etching time for any of the samples investigated. This is due to each sample having a wide range of time before etching would begin (from several seconds to several minutes) because of an oxide scale present on some of the samples with varying thickness. After etching the samples were washed in water followed by isopropanol and then dried to prevent further etching from occurring. 
The Nikon Eclipse LV150 microscope was used for OM at 5, 10, 20, 50 and 100 X magnifications, although only the 100 X is shown in this report due to being the most informative about the microstructure. At least three images at 100 X were taken per sample so that any variation between the average grain size could be observed. The average grain size was obtained using the linear intercept method. At least 4 lines were drawn on each image to mark every grain boundary crossed and computer software was used to calculate the average grain size. This was done for each of the 3 images per sample so that the final calculated average grain size can be considered a fair representation of that steel. In batch 2 the average grain size was significantly smaller than batch one which made it harder to identify each grain boundary. For this reason 5 images were taken per sample so that any small errors made would become more negligible.

3.3.3 Scanning Electron Microscopy sample preparation and analysis

The sample preparation route for SEM is identical to that of OM with the exception of the etching, therefore all of the SEM samples were also used for OM. With SEM the degree of etching was more moderate than for OM.
The SEM was undertaken using an FEI Inspect F FEG operating at 20 KV, 2500 and 5000 X magnification and spot size of 3. Three areas were randomly selected per sample and secondary electron (SE) images were taken at 2500 and 5000 X magnification. Images of the same area were also taken in back-scattered electron (BE) mode. While BE images do not contain as much topography as SE it is possible to observe changes in the composition of the microstructure. Any area of increased brightness signals that the average atomic weight of that area has increased, which is a sign of heterogeneity. 
Energy-dispersive X-ray analysis (EDX) was used on the Inspect F, with spectra acquired across the whole image areas to obtain the average composition. It was also used on potential microstructure features such as carbides or any other object that was not normally present. The Inspect F is not capable of observing IP so no attempt was made and instead particle analysis was left to the TEM.

3.3.4 Electron back-scatter diffraction sample preparation and analysis

The samples were sectioned to specific dimensions so that it would fit in the EBSD sample holder machine. The width and height must not be greater than 5 mm (the majority of the samples were 3 mm) and the length must be slightly less than 10 mm, ideally 9.7-9.8 mm. If the length is over 10 mm or under 9.5 mm then the sample will not fit into the sample holder.
Once sectioned the samples were mounted in a small amount of Bakelite to allow easier breaking of the Bakelite later on. The EBSD samples were then ground and polished according to the procedure shown in table 7. After using Silco it is important to wash the sample using an extensive amount of water. This is because Silco can cause etching which is not desired for these samples. The Bakelite is then broken and the sample is stored in a bottle containing either isopropanol or methanol to prevent oxidation of the sample surface. 
The samples were analysed using the FEI Sirion at an accelerating voltage of 20 KV and the spot size was 5. The samples were analysed at 500 X magnification which is sufficient to obtain the grain size and observe any carbides or sub-grain structure that may be present. The ideal settings for indexing the samples was found to be 6 timing per frame, 40 maximum number of reflections, 4x4 binning, 4 gain, 64 frames #, 8 frames # noise reduction, band-centred and 0.2 μm step size. It should be noted however that these settings were occasionally altered slightly to improve the amount of indexing during scanning. These settings would often allow a MAD of 0.55 or less to be found without refinement, which is often needed to get good indexing. 
All samples were scanned to search for BCC Fe and cementite (Fe3C) was included in some where OM/SEM had indicated its presence or where the indexing rates were low which always improved the indexing to acceptable levels. A minimum indexing rate of 60 % was deemed to be acceptable for further analysis, if they did not pass this value then the sample was re-grounded and polished from the beginning. Below this 60 % value the grain size and texture maps results begin to become visibly flawed and the data was no longer reliable enough to use. 
Once the results were collected they were analysed using the Channel 5 software. The Tango program was used to process the results. The data was extrapolated using the noise reduction system to remove wild spikes. Then the “zero options” bar was set to two stages away from the maximum level and the data was extrapolated repeatedly until everything was identified. Once done the data is at an acceptable state to observe the microstructure. 
During analysis of the grain size and texture it is important to set appropriate parameters so that the software correctly determines what is a grain boundary and what is not. Multiple parameters were set and many would yield results that are either completely nonsensical or extremely unlikely (such as the average grain size being less than 1 μm). The results obtained from different parameters were compared with the results obtained though OM to make sure they had some degree of correlation and made sense. 
From this experimentation it was found that the ideal setting for low angle boundaries was between 5-15 ̊ and the high angle boundaries to be over 15 ̊. Going below 5 ̊ leads to the collection of nonsensical results as the software identifies sub-grain boundaries that do not exist. Boundaries that were over 15 ̊ were treated as high angle grain boundaries and they were used exclusively to obtain the average grain size for the sample. 
The data was used to obtain the grain boundary size as well as the inverse pole figure (IPF) maps, which are used to observe the degree of change in orientation between neighbouring grains. The degree of misorientation between grains was also obtained which is useful for determining if recrystallization had taken place during the hot rolling process. 

3.3.5 Transmission Electron Microscopy sample preparation and analysis

There are two different types of TEM samples that can be used which are C-replica and thin-film analysis. C-replica gives the clearest distribution of the precipitates allowing the size, morphology and number density to be obtained. Additionally as the α matrix has been removed it is possible to determine the precipitate composition via EDX. Thin-film analysis however allows the structure of the interphase between the precipitate and the α matrix to be investigated. The distribution of precipitates can only accurately be seen using thin-film analysis which allows investigation of whether they were formed via IPP, IPC etc. Finally during C-replica sample preparation it is easy for the C-film to get contaminated which can make particle density analysis unreliable. However thin-film analysis can be used to double-check that the C-replica results are relatively correct. Both methods of TEM analysis provides vital information that the other method cannot provide, therefore both types of analysis was done on every steel sample. 
C-replica samples are produced by firstly grinding and polishing Bakelite mounted samples (which can be a previously used OM/SEM sample) according to table 7. Silco must not be used whatsoever as it contaminates the metal surface which is later found on the C-film. Once completed the samples were then very lightly etched using 2 % nital. Etching was stopped the moment the samples began to turn cloudy. The samples were then carbon coated for 3 seconds using the Speedivac Coating Unit 12E6/1598 machine. The top and side parts of the Bakelite were then painted using Lacomit varnish, as well as the outer edges of the steel sample. By doing this no C-film that formed on the Bakelite would be present during C-replica extraction.
Once the varnish had dried a sharp scalpel was used to scrape the steel surface. The scalpel was first used to cut around the outer parts of the steel sample, which is where the steel and varnish meet. Then 2x2 mm (max size) grids were cut along the surface. By doing this the C-replica would be both large enough to handle easily, but also small enough to avoid the replica from curling up. 
Once this was done each sample was placed in a beaker containing 10 % nital, which etched the samples within seconds and turned the steel surface dark. The samples were left in the nital for several minutes, until either bubbling occurred on the steel surface or the steel surface became lighter again. Both are signs that the carbon film deposited on the steel surface was beginning to peel off. The sample was then moved into a different container with methanol to float off the carbon replica. The sample could be moved back to the nital again if not enough replica was removed. 
The container with methanol should now have small strands of C-film moving around the liquid. Using TEM tweezers and a 400 mesh copper grid a single strand of film is collected and dried. The final C-replica copper grid must have no areas where the C-film has folded to become double layered, as otherwise it is not possible to correctly determine the precipitate density. When investigated using TEM, a good C-replica grid should show the precipitates and C-film only with no changes to the background film. Over-etching or not keeping the sample clean after C-coating can both cause the grids to become contaminated which makes analysis of the precipitates much more difficult.  
Thin film samples are prepared by first sectioning off a steel sample that is 10-15 mm in length and width. Using hot wax as an adhesive the small steel block is stuck onto a large metal block. The small block is ground until it is around 200 µm thick using P120, 240 and then 400 grinding papers on both sides so that both surfaces are smooth and free of large scratches. Using a mechanical punch multiple 3 mm diameter discs were produced from each sample sheet. The discs were then further ground manually using P800 and then 1200 grinding paper until they had a thickness of 80-100 µm. 
Electro-polishing was carried out using the TenuPol-5 machine at 33 V, 15-40 mA, -35 to -40 °C and 15 flow rate.  The electrolyte used was 5 % perchloric acid, 35 % butoxyethanol and 60 % methanol. The thin-film sample was stored in liquid isopropanol/methanol until TEM was carried out which was within a few days of the sample being electro-polished (as the steel samples oxidise quickly after preparation). 
Both C-replica and thin-film samples were analysed using the same TEM machines and under the same settings. They were observed using the Philips EM420 (120 kV and spot size 1) and FEI Tecnai T20 (200 kV and spot size 1) machines. The latter machine has better imaging abilities but is more time consuming to use. The former machine was used mainly as a way of checking the quality of the sample before going into the Tecnai, but some high quality results were obtained and used from the EM420.
Any precipitates found were viewed in both bright field (BF) and dark field (DF). BF is what is most commonly used in TEM as it provides the most amount of detail in the images and it is the easiest method of obtaining high quality images. Under DF imaging the precipitates turn bright while the matrix is dark, which is beneficial in thin-film samples for observing very fine precipitates which might have otherwise been missed. DF imaging also has uses for C-replica samples as it can help determine what is a precipitate and what is not (contamination in the replica does not illuminate as strongly as precipitates do). Diffraction patterns were also taken where the precipitates were found in thin-film samples. Doing this allows the interaction between the matrix and precipitates to be better understood and to know the angle at which the BF and DF images were taken. This project did not focus on finding the OR between the precipitates and matrix as numerous independent literature results have determined that the OR is BN. 
EDX results were collected on top of precipitates found in C-replica samples. EDX was also taken in the background C-replica where no precipitates were present. By subtracting the background results from the precipitate results the remainder will be the actual composition of the precipitates. EDX was done numerous times on both large and small particles to see if any change in composition occurs. Where possible BF, DF, diffraction patterns and/or EDX was done all within the same collection of precipitates which gives a continuity of the results and allows a collection of precipitates to be completely analysed. 
As well as the EM420 and Tecnai machines, some of the C-replica samples were also analysed using a JEOL 2010F machine in order to obtain Electron Energy-loss Spectroscopy (EELS) results. N cannot be detected on EDX results therefore in order to understand the role of N in these complex precipitates EELS was needed. The 2010F machine has the additional benefit of providing higher resolution images than the other TEM machines, which means the lattice fringes of the precipitates can be observed. Due to difficulty in getting access to this machine the samples analysed were limited to N3, N4, N5, N6, N8CrH and N9Mo. These samples have the most important compositional changes regarding N (and Cr which is can also be difficult to detect) so they were given priority. The settings for the 2010F machine were 200 KV, spot size 1 and α=3 (convergence angle).   
Finally sample N9Mo had additional analysis using the JEOL Z3100R05 “R005” machine. This powerful TEM allowed the sample to be observed in a greater level of detail compared to the other TEM’s. For imaging the settings were 300 KV and a coverage angle of 21°, while for EELS the collection angle was 20°, the dispersion on the detector was 0.2 eV/pixel and the offset (the energy required to set the main EELS peak to 0 eV) was 290 eV.
The precipitate density was obtained by collecting BF and DF images at 97,000 X magnification. The particle density analysis was done using the BF images, while the DF were used to clarify if certain objects were precipitates or not. 97,000 X magnification is high enough so that precipitates that are less than 5 nm can easily be identified, but the magnification is still low enough so that a sufficient number of particles have been analysed to get a reliable average particle size and density. 
Particle analysis was carried out by hand by measuring the average diameter of each particle on an A4 page and convening it to nanometres. Once that particle had been observed it was circled so that it would not be looked at again. Carbide fibres were excluded from particle analysis as they do not reflect the morphology of IP or contribute significantly to strengthening. While this process was very time intensive there is currently no existing software that can reliably calculate the average particle size and density. Any software that was used could not tell what was a particle and what was contamination that had come from over-etching the grain boundaries. There is also the problem of the brightness of the film image changing slightly which caused the software to count more particles in the darker regions. These two problems meant that all the results obtained from software analysis were very inaccurate; therefore particle analysis can only be done properly using the human eye. As each A4 page can contain over 1,000 particles only a maximum of two pages were analysed for each sample in order to keep the project on time. Careful consideration was taken over which images to use, so that they were representative to the sample. The methodology used for selecting images can be found in the appendix.

3.3.6 Strength contribution calculations

Once the grain size and precipitate morphology has been obtained it will be possible to calculate their contribution to the strength of the steel. To do this the Ashby-Orowan equation must be used following the methodology outlined by Funakawa et al. [3]. To summarise the base strength of the steel, the dislocation strengthening, solid solution strengthening, grain refinement strengthening and precipitation hardening are calculated individually and then added together to obtain the sum yield stress of the steel. The ultimate tensile stress can be obtained by using the yield ratios that are already known from the tensile tests. 
	In these equations two assumptions will be made. The first is that the lattice friction stress (i.e. the base strength) of both batch 1 and 2 steels is a constant 54 MPa, the value used by Funakawa et al. [3] for their base strength, although other base strength values such as 48 MPa can be found in other relevant literature [47]. As these differences within the literature are negligible the former value shall be used due to the similar chemistry of Funakawa’s samples when compared to this project [3]. The second assumption is that there is no contribution of dislocation density to the strengthening effect. While this will not be a true assumption all the batch 1 and 2 samples underwent full phase transformation during coiling which removes any dislocations present during hot-rolling. As the samples have all been treated the same way in terms of generating dislocations there should be no difference between samples, therefore saying that dislocation strengthening is negligible is not far from the truth.
	The grain refinement strengthening, solid solution strengthening and precipitation strengthening is given in equations 2, 3 and 4 respectively.        
Equation 2 [3] [47]


Equation 3 [3]



Equation 4 [3]

	
Where Ky is a constant (17.4 MPam0.5), dg is the average grain size, K is another constant (5.9 N/m), d is the average diameter of the precipitates, f is the volume fraction of precipitates within the matrix and b is the Burgers’s vector (0.246 nm) [3] [47]. The results were inputted into these equations to give the contribution of strengthening for each sample. Note that all solid solution strengthening calculations were made using equation 3 only, as it is the most appropriate equation for the steels studied. Any other solution strengthening equation within this Thesis (such as equation 5 in section 4.1.4) are for discussion only.
There was a desire for the estimated yield stress to be as closely matching to the real values as possible. For this reason, both the OM and EBSD grain size results were used to see which set of results match more closely. The results given in table 12 are for when the OM grain size values are used, which were found to help produce matching N1S and N2S strength values. When the EBSD results were used no matching strength values were obtained, which strongly indicates that those sizes are smaller than what is truly the case and that the OM sizes are closer to the true grain size. Also the estimation of the tensile strength (TS) uses the real yield ratio obtained from the mechanical testing along with the estimated yield strength (YS). The Batch 2 strength values (table 17) also used the OM results, due to unreliability issues with the batch 2 EBSD results.
The average precipitate size and volume fraction were taken from the C-replica results and no editing of the results was done with the exception of sample N1F. Here there was a single 64 nm particle which was substantially larger than all the other particles and was a big enough factor to influence the final volume fraction calculation. After removing this large particle, the difference between real and calculated YS was more in line with the other batch 1 steels.  









4 Experimental results

4.1 Batch 1 results

4.1.1 Background to steel selection

The batch 1 steels were designed to answer several of the questions this thesis has highlighted, and to provide the basis for the further development of batch 2 and 3 steels. Samples N1F, N1S, N2F and N2S were created to understand how Mn affects both the grain size and precipitate morphology. These samples were also used to show the effect of cooling rate between hot rolling and coiling on the steel properties.
	Samples N3 to N5 were designed to contain complex precipitates such as (Nb, V, Mo)(C,N) which have not been properly investigated before. Sample N3 was the baseline steel, containing Nb and V, but no Mo. This steel also had a relatively high N content. Sample N4 had a similar baseline composition to N3, but with higher Nb and C and the introduction of 0.15wt% Mo. N5 had the same composition as N4 (although with unintentionally higher C), but with only trace levels of N. Thus, by comparing N3 to N5, the effect of N and Mo on the microstructure could be established and therefore the ideal composition obtained.
	Finally sample N6 had a similar composition to N5, except the important difference was that it had the addition of Ti instead of Mo. This required that the V content be reduced (to 0.213 wt%) and the Si content be increased (to 0.212%). Therefore, this steel was designed to form (Ti, Nb, V)C carbides, which have not been investigated before.

4.1.2 Mechanical testing and microstructure results

The mechanical tests for batch 1 were undertaken at TATA steel according to the ASTM standard given in section 3.2. The yield strength (YS), tensile strength (TS), yield ratio and elongation was obtained for each sample and is shown in table 8.  






	Table 8; Mechanical test results from batch 1.

	ID
	YS (MPa)
	TS (MPa)
	YR
	Elongation (%)

	N1S
	578
	645
	0.90
	22.7

	N1F
	573
	624
	0.92
	20.6

	N2S
	571
	648
	0.88
	23.5

	N2F
	582
	644
	0.90
	20.3

	N3
	754
	826
	0.91
	19.1

	N4
	798
	853
	0.94
	18.4

	N5
	787
	847
	0.93
	17.4

	N6
	805
	905
	0.89
	19.3



N1 and N2 were based on the 650 MPa TS grade and N3-6 are based on the 800 MPa grade, therefore the results obtained are in line with the design target. N4 and N5 exceed the expected strength by around 50 MPa while N6 greatly exceeds the grade strength by being over 100 MPa stronger.
The Optical Microscopy (OM) results are given in figures 29a-h. The microstructural images were taken perpendicular to the longitudinal hot rolling direction, as shown in figure 28c. All of these steels were heavily etched so that the grain structure was clear which makes determining the average grain size easier. 
[image: G:\PhD\Picture results\N1S 100x 5%nital.jpg][image: F:\PhD\Picture results\N1F 100x 5%nital no2.jpg]29b; N1S.
29a; N1F.
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29d; N2S.
29c; N2F.
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29h; N6.

[image: G:\PhD\Picture results\N5 100x 5%nital no3.jpg]Figure 29. Optical micrographs of samples a) N1F, b) N1S, c) N2F, d) N2S, e) N3, f) N4, g) N5, h) N6.


Samples N1-N5 all had a fully ferritic microstructure with no signs of cementite or pearlite. The grain size of samples N1F, N1S, N2F, N2S and N3 were relatively uniform and generally equiaxed. Sample N4 had a heterogeneous grain structure, although it remained largely equiaxed. N5 appeared to have a bi-modal grain size, which appeared to be a ferritic-bainitic (FB) microstructure. N6 was more difficult to image, but appeared to have a FB microstructure, which likely formed due to the distinct chemistry of N6 (see section 5.1 for details) [48, 49]. 
Table 9 shows the average grain size for each sample in batch 1. As described in section 3.3.2 the linear intercept method was used to obtain the average grain size per image. This method was successful in reliably obtaining the grain size from optical micrographs of samples N1-N5 due to the clarity of the location of grain boundaries. However, this method was more difficult to use with sample N6 due to the FB microstructure making it difficult to establish the location of the high angle grain boundaries. Due to the decreased grain size of N6, EBSD became a more reliable method of grain size determination compared to the linear-intercept method. 
While all samples had some degree of grain size variation between different images, sample N1F had a particularly large variation. The three images taken per sample were chosen so that the regions where the grain size was at its largest and smallest would be taken into account, with the third images showing a more balanced microstructure that was representative of the steel sample (which are shown in figures 29a-h).     

	Table 9; OM average grain size for batch 1. 

	ID
	Image 1 grain size (μm)
	Image 2 grain size (μm)
	Image 3 grain size (μm)
	Average grain size (μm)
	Standard deviation (μm)

	N1S
	6.3
	6.3
	5.6
	6.1
	0.3

	N1F 
	5.1
	6.0
	7.1
	6.1
	0.8

	N2S 
	4.9
	4.8
	5.1
	4.9
	0.1

	N2F
	5.0
	4.6
	4.8
	4.8
	0.2

	N-3
	4.4
	4.9
	4.9
	4.7
	0.2

	N-4
	3.7
	3.5
	4.3
	3.8
	0.4

	N-5
	4.6
	4.5
	4.4
	4.5
	0.1

	N-6
	4.5
	4.3
	4.4
	4.4
	0.1



Secondary electron (SE) SEM images were taken from the OM samples (after they had been re-polished and more lightly etched) along with backscatter images and EDX analysis. The backscattered images were used to check for any compositional variations, but as expected none were found, e.g. Figure 30. This result was confirmed by spot EDX analysis of all the samples, which showed no detectable composition variations.    
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Figure 30; SEM Backscattered image of sample N1S. No change in composition can be seen in the image, as expected.



Figures 31a-h show SE images of each sample. As with the OM images the results show that the microstructure is α-Fe with the exception of N6 which has the FB structure. As expected, the SEM images show the same overall trend as the OM images, where N1 and N2 have relatively larger grains and N3-6 are significantly finer.
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Figure 31. Secondary electron SEM images of samples a) N1F, b) N1S, c) N2F, d) N2S, e) N3, f) N4, g) N5, h) N6. 





EBSD maps were collected and analysed as described in section 3.3.4. Figures 32a-h show maps of the grain structure with the black scale bar representing 100 μm. The EBSD samples were taken from the grip section of the tensile bar (see figure 28c) and so were in the undeformed state. The rolling direction was along the horizontal direction of the micrographs in all cases. It was found that all of the steels contained an extensive sub-grain structure which made determining the actual grain boundary difficult. As mentioned in section 3.3.4, to minimise this problem a grain boundary was defined to have a misorientation of >15 °. 
Figures 33a-j show the inverse pole figure (IPF) images taken from the same samples as in Figure 32, which can be used to show the orientations of the grains and is better at revealing subgrain structures. Again, the direction of hot-rolling was horizontal for each image. Figure 32i shows the colour legend applicable to the IPF images [50]. Figure 33 shows the grains with a misorientation over 15 ° for sample N4, which is typical for all the batch 1 samples. The data for angles <15 º was nonsensical. The bars and line on figure 33 represent the frequency of grains with a certain misorientation and grain size respectively. 
The misorientation results were not studied in detail for several reasons. Firstly, the grain size distribution did not change appreciably between samples, which weakens the validity of the results. Secondly the most important findings from the misorientation graphs (a heterogeneous orientation of grains across all samples) can be demonstrated with the IPF images. Finally there were problems with determining the correct phases with batch 2 EBSD results, meaning those misorientation graphs are not reliable. Table 10 shows the average grain size of the steel samples.
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[image: F:\EBSD results\15 degree data\N6 181214 refine-Map.tif]Figure 32. EBSD maps showing the boundaries >15º for a) N1F, b) N1S, c) N2F, d) N2S, e) N3, f) N4, g) N5, h) N6.
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Figure 33. Inverse pole figure maps of a) N1F, b) N1S, c) N2F, d) N2S, e) N3, f) N4, g) N5, h) N6. i) Legend for the maps [50]. The rolling direction was horizontal in all cases.
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Figure 34; A representative misorientation graph for sample N4. The red bars represent the frequency of grains at a specific misorientation angle. The black line shows the distribution of grain size. 




	Table 10; EBSD grain size results

	Sample name
	Mean grain diameter (µm)
	Standard deviation of grain diameter (µm)

	N1F
	1.9
	2.9

	N1S
	4.6
	4.7

	N2F
	1.9
	3.1

	N2S
	2.6
	2.5

	N3
	2.5
	2.3

	N4
	2.2
	2.3

	N5
	2.2
	2.4

	N6
	2.4
	2.0



The average grain sizes from EBSD are significantly finer than that of the OM results. This is due to the clear presence of a sub-grain structure in all of the samples which could not be detected in optical microscopy. The standard deviation of the grain size from EBSD was non-sensical given that they indicate negative grain sizes. This was because of the inaccuracy of EBSD measuring the subgrain structure for these low magnification scans; as such the values should be discounted. 

4.1.3 TEM results
Each of the samples underwent a detailed precipitate analysis using thin-film and C-replica techniques. With each sample a brief description of the precipitates will be given along with supporting images. In most cases the precipitate density varied significantly with position in the sample, therefore multiple images had to be analysed for each sample in order for a reliable precipitate density and size average to be calculated.
	Figure 35 shows TEM images of sample N1F. Figures 35a-d shows BF and DF C-replica images, while figures 35e-f show BF and DF thin film images and figures 35g and 45h show the EDX images of a particle and an area without any precipitates respectively. Sample N1F had a uniform distribution of precipitates in most areas of the C-replica and thin film samples. The particles were mostly fine and many were less than 5 nm in diameter, which is easiest to see in figure 35f.  However, particles > 20 nm were relatively common and were always present regardless of the region observed, figures 35a, b. The precipitates were mostly spherical or oval shaped with occasional rod shaped particles. Compared with N1S and N2 this steel sample has the highest precipitation density and the most uniform distribution of precipitates from one area to another.  Lastly, figure 35i shows the distribution of the particle sizes and the frequency of particles within each particular size group.         
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Figure 35b; Dark field (DF) C-replica image of sample N1F. Same region covered as figure 35a.
Figure 35a; Bright field (BF) C-replica image of sample N1F. Mostly fine precipitates but some large particles are present. 
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Figure 35c: BF C-replica image of sample N1F. Taken using the digital camera on the Tecnai. This particle was used to get the EDX result in figure 35g.
Figure 35d: DF C-replica image of sample N1F. Shows the same particle as figure 35c.
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Figure 35e; BF image of thin film sample N1F with [012] zone axis. Jagged grain boundary shows strong evidence of Zener paining.
Figure 35f; DF image of the same region as figure 35e. Small and large precipitates can be seen along with dislocation lines.
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Figure 35g; EDX of figure 35c particle in sample N1F. The composition did not change between particles. The Cu peak is from the sample holder. The Fe K is incorrectly labelled as Co.
Figure 35h; EDX of replica background in sample N1F. No Nb is detected and V concentration is greatly reduced.





















Figure 35i; Number frequency of precipitate size for sample N1F.


Figures 35e and 35f are of particular interest due to the strong Zener pinning at the grain boundary and the very high precipitation density within the two grains. Zener pinning is defined as the ability of second phase particles forming at grain boundaries to produce a pinning pressure that prevents grain growth from occurring [51]. The jagged grain boundary indicates that grain growth has occurred but pinning has prevented widespread movement of the boundaries.
Figures 35g and 35h give EDX spectra of both an area with and without any precipitates respectively. The former has peaks in V and Nb which are not present in the latter; therefore they can only originate from the precipitate. This clarifies that the particles are (Nb, V)C with the possibility of N being present. The large Cu peak is due to the replica being on top of a Cu grid which can be detected during EDX. Due to time limitations it was not possible to clarify if N was present in these sample using EELS, however N was found in samples N3 and N4 therefore it would be strongly expected to present in all the other batch 1 samples except for N5 and N6 (which did not contain N).     
The particle size distribution graph in figure 35i shows that the majority of particles are well under 5 nm which is small enough to significantly increase the strength of the steels. A second cluster of larger particles ranging from 10.5-14.5 nm is also present which had the same chemistry as the fine particles.
 Sample N1S was found to contain precipitates with a very similar size distribution and morphology to N1F. The most notable difference between both samples was that the precipitation density was no longer uniform and there existed large areas within the C-replica where little or no particles were found at all. Where particles were found they were in tight clusters and had a similar size distribution. Figure 36a-d shows BF and DF C-replica images of this sample, figures 36e shows a BF thin film image, figures 36f and 36g show the EDX spectra and figure 36h shows the distribution of the particle sizes. 
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Figure 36a; BF C-replica image of sample N1S. Two grains are shown with few precipitates in either grain.
Figure 36b; BF C-replica image of sample N1S. Shows two grains of differing particle density. 
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Figure 36c; DF C-replica image of sample N1S. Same region as figure 36b.
Figure 36d; BF C-replica image of sample N1S. Taken using the digital camera on the Tecnai. One of these particles was chosen to get the EDX result shown in figure 36f. 
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[image: ]Figure 36f; EDX of figure 36d particle in sample N1S. The composition did not change between particles.
Figure 36e; BF thin film image of sample N1S. Taken using the digital camera on the Tecnai. Precipitates can be detected at the edge of a bend contour.
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Figure 36g; EDX of replica background in sample N1S. The Nb peak disappears and the V peak is barely detectable.












Figure 36h; Number frequency of precipitate size for sample N1S.

	

Figure 36a shows a region where very few precipitates are present, while figures 36b-c shows a contrasting area with a high precipitation density. While C-replica samples cannot determine if the precipitates formed with an IP morphology, it is still possible to identify grain boundaries and compare the precipitate density of different grains. Figure 36a shows two grains which both have a low precipitate density while for figure 36b one grain has a significantly higher density than another. What can be deduced from these images is that that unlike sample N1F the precipitation process was not widespread and there were only specific prior γ grains that had the right conditions during coiling for nano-precipitates to form.
	The EDX results shown in figures 36f-g confirmed that the nano-precipitates contained V, Nb and C, in-line with N1F. The size distribution graph given in figure 36h shows a large distribution of very fine particles that are under 2.5 nm. Figure 36e shows a high magnification image from a thin film sample which contains many very fine precipitates. This image along with many others from other samples confirms that precipitates under 3 nm can be found in large quantities which will play a significant role in strengthening the steel. 
Sample N2F was found to contain a greater amount of precipitates compared to N1S, but not as much as N1F. As with sample N1S there are multiple grains that contain very few precipitates and areas where the density is high. The morphology of the precipitates was the same as the other samples, however there is a significantly smaller amount of large particles. Figure 37a-e shows BF and DF C-replica images of this sample, figures 37f-g show BF thin film images, figures 37h and 37i show the EDX spectrums and figure 37j shows the distribution of the particle sizes.     
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Figure 37b; DF C-replica image of sample N2F. Same region as figure 37a.
Figure 37a; BF C-replica image of sample N2F. Very few particles were detected. This image is representative of the majority of this sample.
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[image: F:\film photos\n2f r 012986.jpg]Figure 37c; BF C-replica image of sample N2F. A curved grain boundary with precipitates is found, along with precipitates within the grain. This was the highest particle density found in this sample.
Figure 37d; DF C-replica image of sample N2F. Same region as figure 37c.
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Figure 37e; BF replica image of sample N2F. Taken using the digital camera on the Tecnai. This particle was chosen to obtain the EDX result shown in figure 37h. 

Figure 37f; BF thin film image of sample N2F with [001] zone axes. Some particle rows can be found as shown by the arrows. 
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Figure 37g; BF thin film image of sample N2F, showing the same region and zone axis as figure 37f. Precipitate rows are more clearly visible in the top grain, as shown by the arrow. 
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Figure 37i; EDX of replica background in sample N2F. The Nb peak disappears and the V peak is barely detectable.
Figure 37h; EDX of figure 37e particle in sample N2F. The composition did not change between particles.
















Figure 37j; Number frequency of precipitate size for sample N2F.



Figures 37a-b and 37c-d show the contrast in precipitate density within different regions of sample N2F. The string of larger precipitates present in figures 37c-d would have been on a α-Fe grain boundary. The higher interfacial energy of this grain boundary would have resulted in greater coarsening of the precipitates compared to particles within the α-Fe grains.
Figures 37f-g have some small areas where IP was present. There are a few straight rows of particles that could be IPP but there not enough of them to be sure. The EDX data confirms the precipitates have the same chemistry as N1 particles. Figure 37j shows that almost all the particles are relatively fine with a size range of less than 2.5 nm to 7.5 nm. Compared to the N1 samples the particle size range is significantly smaller. 
Sample N2S was found to contain the fewest number of particles compared to all the other batch 1 and 2 samples. Most areas contained very few or no particles and what clusters that can be found do not have a particularly high density. To make sure that the low density was not due to a failure in the C-replica extraction route, new C-replicas were prepared from fresh samples of the same material. However, in both cases the precipitate density remained very low and no change in morphology was found. As with N2F the average size of the precipitates is significantly less than N1 with few large precipitates being found. Figure 38a-e shows BF and DF C-replica images of this sample, figures 38f-i show BF and DF images from the corresponding thin film samples, figures 38j and 38k show the EDX spectrums and figure 38l shows the distribution of the particle sizes.   
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Figure 38b; DF C-replica image of sample N2S. Same region as figure 38a.
Figure 38a; BF C-replica image of sample N2S. Very few particles were detected. This image is representative of the vast majority of this sample.
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[image: D:\Users\Andrew\Pictures\film photos\n2s r 01282871.jpg][image: D:\Users\Andrew\Pictures\film photos\n2s r 01282771.jpg]Figure 38c; BF C-replica image of sample N2S. This image shows a rare particle cluster.
Figure 38d; DF C-replica image of sample N2S. Same region as figure 38c.



[image: F:\film photos\n2s tf 013070.jpg]Figure 38e; BF replica image of sample N2S. Taken using the digital camera on the Tecnai. One of these particles was chosen to obtain the EDX result shown in figure 38j. 
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Figure 38f; BF thin film image of sample N2S with zone axes close to [111]. A cluster of precipitates is shown by the arrow.
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Figure 38g; BF thin film image of sample N2S, taken using the Tecnai digital camera. This is a higher magnification image of figure 38f, showing the precipitate cluster more clearly.
Figure 38h; DF thin film image of sample N2S, taken using the Tecnai digital camera. This is a higher magnification image of figure 38f, showing the precipitate cluster more clearly.
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Figure 38i; BF thin film image of sample N2S with zone axes close to [001]. Few particles were detected, which is representative to the majority of this sample.



Figure 38k; EDX of replica background in sample N2S. The Nb peak disappears and the V peak is barely detectable.
Figure 38j; EDX of one of the particles in figure 38e for sample N2S. The composition did not change between particles.
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Figure 38l; Number frequency of precipitate size for sample N2S.


The EDX spectra again confirm the precipitates contain Nb, V and C using figure 38e. This image also shows the particles are surrounded by very clean C-replica, which strengthens the quality of the results. The number frequency results are similar to N1S where there is a very low quantity of particles within a 97,000 X magnification. The particles are also relatively uniform in size with all of them being under 10 nm in diameter. The particle size from C-replica samples was well supported by the thin-film images figures 38g-h, which show a cluster of fine precipitates.
Sample N3 was found to contain a high precipitate density compared to N1/N2, where precipitates could be found in large quantities in every region. The size and general morphology of the precipitates changed significantly with α-Fe grains, which may be due to precipitation occurring earlier for specific grains which then resulted in greater time to coarsen after their formation. Figure 39a-d shows BF and DF C-replica images of this sample and figures 39e-h show BF and DF thin film images. Figure 39i shows the lattice fringes of a particle at high magnification using the JEOL 2010F. Figures 39j-k show the EDX spectra, figures 39l-m show EELS spectra of individual particles and figure 39n shows the distribution of the particle sizes.    
[image: ][image: ]Figure 39a; BF C-replica image of sample N3. Shows two grains with differing particle morphology. 
Figure 39b; DF C-replica image of sample N3. Same region as figure 39a.
160 nm
160 nm




[image: F:\film photos\n3 012980.jpg][image: F:\film photos\n3 012979.jpg]400 nm
400 nm

Figure 39d; DF C-replica image of sample N3. Same region as figure 39c.
Figure 39c; BF C-replica image of sample N3. Shows larger precipitates that sit at a grain boundary. 
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Figure 39f; DF thin film image of sample N3. Same region as figure 39e.
Figure 39e; BF thin film image of sample N3, with zone axes close to [011]. Precipitates can be found above the bend contour.
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Figure 39h; DF thin film image of sample N3. Same region as figure 39g.
Figure 39g; BF thin film image of sample N3, with [111] zone axis. Taken using the Tecnai digital camera. Bands of high particle density can be seen.
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Figure 39i; BF high resolution C-replica image of sample N3. Taken using the JEOL 2010F. EELS and EDX were taken using particles such as this. The EDX results match that found using the Tecnai.
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Figure 39k; EDX of replica background in sample N3. The Nb peak disappears and the V peak is barely detectable.
Figure 39j; EDX of particle in sample N3. The Tecnai and 2010F gave the same results for this sample.
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Figure 39l; Typical N3 EELS spectra of a particle in the C-replica matrix. Taken using the JEOL 2010F. This graph is representative to most of the particles found in this sample.
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Figure 39m; Uncommon Ti containing N3 EELS spectra of particle in a C-replica matrix.  No image of the particle remains due to the replica breaking before a photo could be taken. It can take 5-10 minutes to change the settings from EELS spectra to high quality images.


Figure 39n; Number frequency of precipitate size for sample N3.



Figures 39a-d all show the contrast in precipitate morphology between two neighbouring α-Fe grains. The precipitates at the grain boundaries are significantly coarser than those within the grains. This is due to the interfacial energy being higher at the grain boundaries which increases the diffusion rate of the micro-alloying elements and allows the precipitates to grow faster during coiling.
Figures 39j-k confirm the presence of V, Nb and C within the precipitates. The EELS spectra detected the presence of C, V and most importantly N. From this the composition of the particles can be deduced as (V, Nb)(C, N). While no EELS was carried out on N1 and N2 they have approximately the same N content as well as the same micro-alloying elements used. Therefore, it is not unreasonable to assume that the particles within N1/N2 were also carbonitrides. While the EELS spectra of most N3 precipitates matched that of figure 39l, a few were found to additionally contain Ti as shown in figure 39m. Ti was not intentionally added to this sample however it is easy for samples to be contaminated during production and Ti is well known to be a strong carbide former. The presence of Ti along with N, C and V makes it likely that the composition of the particle is (Ti, Nb, V) (C, N). The Nb M4,5 edge, at 205 eV in spectra is weak and therefore hard to detect, although from figure 39m it could be argued that a very small peak is present.
Figure 39n shows that most of the precipitates were around 5 nm or less, as well as showing a significantly higher quantity of precipitates in N3 compared to N1S. This is supported by the images from thin-film samples (figures 39g-h). There is a smaller cluster of precipitates ranging from 8.5 to 11.5 nm as well as a number of large particles. The finer grain size of N3 compared to N1/N2 results in a greater number of grain boundaries where precipitates have the opportunity to coarsen to large sizes. 
Sample N4 was found to contain precipitates that were of a similar size to N3. There was a significant size variety within each region with the morphology ranging from spherical to cuboid. The precipitate density was also similar to N3, where most areas had a relatively high quantity of particles. Figure 40a-e shows BF and DF C-replica images of this sample and figures 40f-g show BF thin film images. Figures 40h-i show the EDX spectra, figure 40j show EELS spectra of individual particles and figure 40k shows the distribution of the particle sizes.    
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Figure 40a; BF image of a C-replica sample of N4. A wide variation of precipitate morphology can be seen.
Figure 40b; DF image of a C-replica sample of N4. Same region as figure 40a. 
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Figure 40c; BF image from a C-replica sample of N4. A relatively high particle density. can be seen.
Figure 40d; DF image from a C-replica sample of N4. Same region as figure 40c.
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[image: F:\film photos\n4 tf 013100.jpg][image: F:\film photos\n4 tf 013102.jpg][image: ][001]
Figure 40f; BF image of a thin film sample of N4 with [001] zone axes. Some precipitates can be found within this grain, shown more clearly in figure 40g.
Figure 40e; BF image from a C-replica sample of N4. One of the 5-10 nm particles was used to get the EDX result in figure 40h.
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Figure 40g; BF image from a thin-film sample of N4. Taken using the Tecnai digital camera. Shows a higher magnification region of figure 40f, where precipitates can be seen.
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Figure 40i; EDX of replica background in sample N4. No Nb, Mo or V can be detected.  
Figure 40h; EDX of one of the particles in figure 40e for sample N4. The composition did not change between particles and matched the JEOL 2010F results.








[image: ]Figure 40j; Typical N4 EELS spectra of a particle in the C-replica matrix. Taken using the JEOL 2010F. This graph is representative for the other N4 particles.
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Figure 40k; Number frequency of precipitate size for sample N4.



Figures 40a-b show a low magnification image which contains a wide range of precipitate morphology. The large rectangular precipitates were likely formed during the hot rolling stage instead of during transformation by IP. The fine particles tended to have a similar size and density regardless of which region of the sample was observed. There were a few images that indicated the presence of IPP; however the precipitate density was not high enough for clear rows to be found. 
Figures 40 h-j show the EDX and EELS results for N4. The EDX results show clear Nb, V, Mo and C peaks while the EELS results show the same elements as well as a clear N peak. From these results the composition of the precipitates are (Nb, V, Mo)(C, N). The EELS energy values for the Nb M-edge and the Mo M-edge is 205 and 227 eV respectively with both of them showing broad weak peaks, therefore it was not possible to separate the two elements. Figure 40k shows a very similar particle size distribution and density compared with N3. They both have the vast majority of precipitates at or under 5 nm and they both contain a small population of precipitates that are over 12 nm.     
Sample N5 was found to contain significantly fewer precipitates compared to samples N3 and N4. While there were regions which contained a precipitate density that is similar to N3/N4, there were also areas with very few particles in a similar manner to the observations in samples N1 and N2. Larger precipitates were also much more common compared to all the other samples, to the extent that the large and fine particles were present in approximately equal amounts. Moreover, some areas only contained the larger particles. Figure 41a-d shows BF and DF C-replica images of this sample and figures 41e-f show BF and DF thin film images. Figures 41g-h show high resolution images of C-replica samples taken on the Jeol 2010F. Figures 41i-j show the EDX spectra, figure 41k show EELS spectra of individual particles and figure 41l shows the distribution of the particle sizes.    

Figure 41b; DF image of C-replica sample N5. Same region as figure 41a.
Figure 41a; BF image of C-replica sample N5. Few particles were detected.
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[image: ][image: ]Figure 41d; DF image of C-replica image sample N5. Same region as figure 41c.
Figure 41c; BF image of C-replica sample N5. The particle density shown is the most common for this sample.
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Figure 41f; DF image of the thin film sample N5. Same region and zone axes as figure 41e.
Figure 41e; BF image of a thin film sample of N5 with [113] zone axes. Clear IPP can be seen.






[image: ][image: ][113]
[113]

Figure 41h; BF high resolution image from a C-replica of sample N5. Taken using the JEOL 2010F. A lattice fringe for a 2 nm particle is taken.
Figure 41g; BF high resolution image of C-replica of sample N5. Taken using the JEOL 2010F. Lattice fringes of fine precipitates can be seen.
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Figure 41j; EDX of replica background in sample N5. No Nb or Mo can be detected and the V peak is barely detectable.  
Figure 41i; EDX of a particle for sample N5. The composition did not change between particles and matched the JEOL 2010F results.
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Figure 41k; Typical N5 EELS spectra of a particle in the C-replica matrix. Taken using the JEOL 2010F, from figure 41g. This graph is representative for the other N5 particles.












Figure 41l; Number frequency of precipitate size for sample N5.


Figure 41a-b show low magnification C-replica images that had few identifiable precipitates. Regions free from precipitates was relatively common for the low micro-alloy content steels (N1/N2), but was not seen in any of the other high micro-alloy content samples.
Figures 41e-f shows a clear example of IPP which strongly indicates that this form of precipitation occurs for the other batch 1 samples. The main reason IP has not been clearly seen in the other samples is due to the relatively low micro-alloying element content, which inevitably reduces the precipitation density. IPP is often only identifiable when the zone axis is perpendicular to the row of precipitates, which is usually not the case and therefore tilting of the sample is required. As the density of the precipitates increases the ease of finding an area with the appropriate orientation to image the precipitates increased. For this reason, IPP much easier to find in batch 2 samples which had extensive regions of IPP (see section 4.2.3).
Figures 41g-h show high resolution images taken on the Jeol 2010F, with lattice fringes being visible on individual precipitates. Figure 41h is of particular interest as it shows the lattice fringes of a particle that is around 2 nm. Lattice fringes were used for confirming the precipitate type within a sample, therefore fully identifying a precipitate at this size strongly indicates that all the other <2.5 nm features identified during particle counting are real precipitates that are used to strengthen the steel.    
Figures 41i-k show the EDX and EELS analysis for N5. The EDX confirm the presence of Nb, Mo and V to be exclusively within the particles. A N peak was not detected in any of the EELS spectra from precipitates which means the reduced N content in this alloy was low enough to not take part in precipitation.  Another feature of the EELS results unique to N5 was a small peak at 250 eV and a broad peak at around 350 eV. The 250 eV peak does not belong to any element and is therefore an artefact. The broad peak was Nb M and/or Mo M peak. Such a broad peak is typical of these elements. The shape of the peak in figure 41k also matches that of sample 40j which is further evidence for it to be Nb/Mo.
Figure 41l shows the precipitate size distribution.  As already noted, the number density of N5 was very low compared to the other high micro-alloyed steels, with a value comparable to sample N1.  In the size distribution, a stronger secondary peak of larger ~ 6 nm precipitates that was not seen in the other samples. These precipitates, while larger, were present in significant numbers. At this size, these precipitates would be expected to contribute to strengthening.  
Sample N6 was found to contain a substantially higher precipitate density compared to all the other batch 1 samples. The precipitates were uniformly distributed in all regions. As will be seen later, N6 had a precipitation density that was more comparable to the high strength, high alloy steels studied in batch 2. The general morphology and arrangement of the precipitates in the C-replica of N6 was different to samples N1-N5, with many precipitates clustered together with 5-15 particles in each cluster, almost touching each other. The average size of the precipitates was smaller than that of the other samples and the deviation from the average size was also very low. This made the detection of IP easier for the thin film samples, with rows of precipitates found in almost every image taken. 
Figure 42a-d shows BF and DF images from C-replica samples and figures 42e-i show BF and DF images from thin film samples. Figures 42j shows a high resolution image, figures 42k-l show the EDX spectra, figure 42m show EELS spectra of individual particles and figure 42n shows the distribution of the particle sizes.  
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Figure 42a; BF image from a C-replica sample of N6. High particle density bands can be seen.
Figure 42b; DF from a C-replica sample of N6. Same region as figure 42b.
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Figure 42d; DF image from a C-replica sample of N6. Same region as figure 42c.
Figure 42c; BF image from a C-replica sample of N6. Shows a very high particle density and clustering.

[image: G:\film photos\n6 tf 013160.jpg][image: ][image: ]Figure 42e; BF image of a thin film sample of N6 with zone axes close to [111]. Taken using the Tecnai digital camera. Rows of IPP can be seen.
[111]

Figure 42f; DF image from the thin film sample of N6. Same region and zone axes as figure 42e.
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Figure 42g; BF image from thin film sample of N6 with zone axes close to [111]. Many precipitates can be seen, some of which form rows.
Figure 42h; DF image from thin film sample of N6. Same region and zone axes as figure 42g.




[image: ][image: ]Figure 42i; BF image from the thin-film sample of N6. A random area was selected to represent the typical particle density.
Figure 42j; BF image from C-replica sample of N6. Taken using the JEOL 2010F. One of the fine precipitates was chosen for EELS and EDX analysis. 




[image: F:\techni pictures\N6 12 1 15\N6 12 1 15 1047 big particle.tif][image: F:\techni pictures\N6 12 1 15\N6 12 1 15 background.tif]Figure 42k; EDX of a particle in sample N6. The composition did not change between particles and matched the JEOL 2010F results.

Figure 42l; EDX of replica background in sample N6. No Nb or V can be detected and the Ti peak is barely detectable.  
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Figure 42m; Typical N6 EELS spectra of a particle in the C-replica matrix. Taken using the JEOL 2010F, from figure 42j. This graph is representative for the other N6 particles.











Figure 42n; Number frequency of precipitate size for sample N6.


Figure 42c-d shows an area with an especially high precipitate density and uniformly low average precipitate size. While this region is not representative of the entire sample it does clearly showcase the tight precipitate clustering that is unique to N6. Figure 42e-h show that IPP is prominent in most areas within the sample and that these ultra-fine particles were formed by this mechanism. 
The EDX and EELS results are shown in figures 42k-l and 42m respectively. EDX detected C, Nb, V and Ti while the EELS results detected the same elements as well as the expected absence of N. This gives the particle composition to be (Ti, V, Nb,)C which has not been detected before. As with N5 the EELS Nb peak is weak and broad around 350 eV, however this time there is no overlapping with Mo as it was not added to this sample.
The number density results shown in figure 42n have by far the largest proportion of precipitates that are less than 3.5 nm. The numbers of particles that deviate from this population are extremely few which strongly implies that almost all the precipitates formed by IPP, which cannot be said for any of the other batch 1 samples.

4.1.4 Brief discussion of batch 1 results
Table 11 contains a summary of all the key precipitate density and size results for batch 1. All precipitate size and density results were taken at a magnification of at least 97,000 X to guarantee that precipitates as small as 2 nm were observed, such as that shown in figure 41h.     

	Table 11; batch 1 precipitate size and density results

	Sample ID
	Average precipitate size (nm)
	Standard deviation of precipitate size (nm)
	Average precipitate density (µm-2)

	N1S
	5.8
	4.8
	113

	N1F
	6.5
	7.9
	327

	N2S
	3.4
	1.7
	114

	N2F
	4.1
	2.0
	241

	N3
	3.9
	3.3
	462

	N4
	5.2
	4.9
	468

	N5
	6.5
	3.8
	179

	N6
	2.9
	1.5
	1253



Using the grain size and precipitate results it is possible to calculate the strengthening contributions as described in section 3.3.6. Table 12 shows the estimated strengthening contributions and yield stress along with the actual yield stress. Figure 43 shows the estimated and real yield stress in a graph format which allows for easy comparison between the two values.   

	Table 12; Estimated contributions to strengthening versus actual Yield Stress for batch 1.

	Sample ID
	σs (MPa)
	σg (MPa)
	σp (MPa)
	Total YS estimated (MPa)
	Total UTS estimated (MPa)
	Total YS actual (MPa)
	YS Difference (MPa)

	N1F
	89
	223
	322
	689
	744
	573
	116

	N1S
	89
	223
	227
	593
	653
	578
	15

	N2F
	94
	251
	254
	653
	718
	582
	71

	N2S
	94
	248
	164
	560
	627
	571
	-11

	N3
	125
	253
	434
	866
	944
	754
	112

	N4
	116
	282
	442
	894
	948
	798
	96

	N5
	69
	260
	217
	601
	643
	787
	-186

	N6
	82
	263
	510
	909
	1009
	805
	104













Figure 43; Comparison of the estimated and actual YS of batch 1 steels.


The results show that with the exception of N1S, N2S and N5 all the predicted YS values are approximately 100 MPa stronger than the actual values, which strongly suggests the root cause for this difference is the same for all those samples. The most likely explanation for this difference comes from the solid solution strengthening component which assumes that all the Mn, Si and N added goes into solid solution and none of it enters the precipitates. This assumption has already been confirmed to be false for N which has been found in all the precipitates. It has already been noted that N1S and N2S have a significantly lower precipitate density compared to the fast cooled samples and that it was unlikely that full precipitation occurred. N1S and N2S may be the only batch 1 samples which are strengthened by both the precipitates and solid solution, while all the other samples are almost purely strengthened by the precipitate density. N3-6 have a high enough micro-alloying content to slow down the α/γ boundary and cause full IP in its own right.  
If this assumption is correct then the effect of solid solution strengthening will be much less than that calculated, to the point that its effect is almost negligible. If this assumption is made and the solid solution component is removed from the YS calculation (with the exception of N1S and N2S) then the predicted and real YS are very close to matching.
[bookmark: _GoBack]The estimated yield strength from N5 was amorously high compared to the measurements of the precipitate size and number density. The low precipitate density and the comparatively larger precipitate size predicted a strength 200 MPa lower than measured. Such a large difference was not observed in other samples. As a comparison, the measured strength of N5 was larger than N3, but N3 had a higher number density of finer precipitates. For N5, the precipitate volume fraction was much lower than expected from the composition given the high carbon, niobium molybdenum and vanadium content. It is not clear why such a composition did not produce a high fraction of precipitates, but it also suggests that several additions remained in solid solution, giving a greater contribution to strength from solid solution strengthening than predicted in these calculations. Equation 5 gives a more comprehensive breakdown of the effect of different elements in strengthening iron [47]. Note that this equation was not used in any solid solution strengthening calculations, as equation 3 (see section 3.3.6) has micro-alloying elements that are more appropriate for the steels in this Thesis:
  Equation 5 [47]

    
	It is also interesting to note that the elongation measured for N5 was the lowest for all samples, despite a small grain size. This also suggests a significant solid solution hardening. However, it was not possible in this work to measure the C and other elements within the α matrix to sufficient accuracy. However, the maximum solid solubility of C in α is 0.022 wt% and therefore the maximum contribution to strength was 104.5 MPa [47]. The Nb, V and Mo entering solid solution would have been in proportion to the reduction in carbides forming.     
	The solid solution strengthening coefficient of Mo is known to be 11 MPa per wt% , but the contributions for V and Nb have not been extensively investigated [52]. The most detailed research in this area was carried out by Akben et al. [53] who tried to estimate the strengthening effects of Nb and V within the γ phase, which of course is not directly comparable to equations 3 and 5 which are based on α steel. They did however show that the contribution effect of Nb is about the same as that for Ti, while for V it is slightly stronger than Mo. Due to the amount of Nb and V in solution not being known, along with how large their strengthening coefficients are it is impossible to even estimate their contribution to strengthening. However, given that Nb is a powerful solution strengthening in γ it is likely the same will apply in α, which may go a long way in explaining the 186 MPa YS shortfall. 
	Along with solution strengthening there is the general reliability issues of determining the precipitation density, especially given that there were areas where the precipitation density approached that of N3 and N4. This heterogeneous distribution was more extreme for N5 than any other batch 1 sample, making it very difficult to get a representative average without investing a very long time in image analysis. 
4.2 Batch 2 experimental results

4.2.1 Background to steel selection

Batch 2 samples were designed with the specific intention of increasing the yield strength of the steel to achieve a commercially competitive “800MPa” grade. However, batch 2 steels were based on the same basic alloy design as batch 1, with the same alloy additions, and therefore the results from batch 2 and batch 1 should be directly comparable.  However, batch 2 samples had much higher alloy additions than batch 1. Specifically, the carbon content was increased to around 0.1% in all batch 2 alloys. At the same time the silicon content was increased in all alloys to a level that should suppress the formation of pearlite, which would be more likely with the higher carbon content. In addition, all batch 2 alloys contained Mo, at levels around 2x to 3x that for alloys N4 and N5. This was undertaken based on the belief that the Mo was crucial in promoting interphase precipitation.  The level of niobium was also increased significantly in batch 2 samples compared to batch 1, with the exception of the titanium bearing alloys.
With this base composition, the alloys were then manufactured to understand the role of the additions of specific elements. Firstly, the JFE composition was manufactured as an existing commercial base line. This alloy is based on titanium, with no vanadium and a small niobium addition, but with a high ~0.5% Mo addition.  Samples N7 and N9Mo had identical compositions, except the Mo content of N9Mo was higher than N7 allowing a direct comparison of the effect of Mo. Moreover, both these alloys had the same micro-alloying additions as N4, except at higher quantities, allowing a direct comparison of total alloy addition.  Finally, sample N8Cr had 0.3 wt% Cr added to a base of the N7 composition in order to see the effect of Cr. 
All of the batch 2 compositions except N9Mo were coiled at 630 ºC or 600 ºC. This is because all of these samples could be viable in industry and it is important to know at what temperature these experimental steels produce the highest quantity of IP.  Samples with the name extension H were coiled at 630 ºC, whereas L denotes coiling at 600 ºC.

4.2.2 Mechanical testing and microstructure results

The batch 2 samples underwent the same mechanical testing undertaken with the batch 1 steels (see section 3.2 for details) with the Yield Stress, Tensile Stress and Elongation being obtained. Table 13 shows the results of the mechanical tests, from samples with a constant thickness of 2 mm and a ground surface to minimise the effect of surface roughness.                  

	Table 13; Mechanical test results from batch 2.

	ID
	Yield Strength (YS) (MPa)
	Tensile Strength (TS) (MPa)
	Yield Ratio (YS/TS)
	Elongation (%)

	N7H
	868
	929
	0.93
	17.0

	N7L
	900
	1006
	0.89
	15.2

	N8CrH
	862
	940
	0.92
	16.2

	N8CrL
	760
	1028
	0.74
	14.2

	N9Mo
	867
	947
	0.92
	16.5

	JFEH
	892
	989
	0.90
	14.0

	JFEL
	971
	1076
	0.90
	14.7


	           
	The results obtained show that all steels approach or surpass the 1000 MPa TS benchmark that was expected from the batch 2 samples. In general the samples coiled at 630 °C had a UTS 10-70 MPa below 1000 MPa while those coiled at 600 °C were roughly 5-80 MPa above the benchmark value. However the high coiling temperature samples had a significantly higher elongation with the exception of the JFEH steel.
[image: G:\Batch 2 OM results\N7L 100X 2% nital.tif][image: G:\Batch 2 OM results\N7H 100x 2% nital5.tif]	The optical microscopy (OM) results are given in figures 44a-g. The methodology for etching and producing these sample images are the same as for batch 1 (see section 4.1.2 and 3.3.2 for details). 44b; N7L.
44a; N7H.
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44c; N8CrH.
44f; JFEH.
44e; N9Mo.
44d; N8CrL.
44c; N8CrH.
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Figure 44. Optical micrographs of samples a) N7H, b) N7L, c) N8CrH, d) N8CrL, e) N9Mo, f) JFEH, g) JFEL.


	All the batch 2 samples except JFEH and JFEL had a ferritic structure as with the batch 1 samples. The grain size of the batch 2 samples was significantly finer than the batch 1 samples. The grain size was still heterogeneous with bands of very fine grains being observed (see figure 44d). Samples JFEH and JFEL had a clear ferritic-bainitic (FB) microstructure, which is to be expected as sample N6 (the only other sample containing Ti) also has this microstructure. Finally while samples N7L and N8CrL were still predominantly ferritic, there were small regions which resembled bainitic ferrite, which is not surprising considering the higher C content and lower coiling temperature used. 
	The average grain size (measured by linear intercept) was significantly finer compared to batch 1 samples, and there are regions where multiple grain boundaries are closely packed together. This increases the possibility of human error when determining the grain size due to the increased chances of not counting all the grain boundaries. For this reason, five images at 100 X magnification were examined for all batch 2 to reduce errors. The standard deviation values for batch 2 were slightly lower compared to batch 1, with it being rare for the difference in average grain size between two regions to be greater than 1 µm.  Table 14 shows the average grain size for each sample in batch 2.

	Table 14; OM average grain size for batch 2. 

	ID
	Image 1 grain size (μm)
	Image 2 grain size (μm)
	Image 3 grain size (μm)
	Image 4 grain size (μm)
	Image 5 grain size (μm)
	Average grain size (μm)
	Standard deviation (μm)

	N7H
	3.8
	3.7
	3.1
	3.3
	3.4
	3.4
	0.2

	N7L
	3.4
	3.4
	2.9
	3.0
	2.7
	3.1
	0.3

	N8CrH
	2.6
	3.0
	2.9
	2.7
	3.2
	2.9
	0.2

	N8CrL
	2.7
	2.6
	2.5
	2.6
	2.5
	2.6
	0.1

	N9Mo
	3.0
	2.8
	3.7
	3.2
	3.0
	3.1
	0.3

	JFEH
	6.0
	6.3
	5.8
	5.7
	5.3
	5.8
	0.4

	JFEL
	4.7
	4.5
	5.0
	4.5
	4.4
	4.6
	0.2



	Secondary electron (SE) and backscatter SEM images were taken from the samples. The procedure carried out was the same as batch 1 to ensure continuity and allow results to be compared. As with batch 1 there was no change in contrast in the backscatter images, indicating that the composition of the samples was uniform on a micro-meter scaling. The only exception was either pores, or the occasional carbide detected which have a different composition to the α matrix. Figure 45 shows a representative backscatter image of sample N9Mo which also has one pore.  
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Figure 45; Backscattered SEM image of sample N9Mo. The uniform composition is representative with the other batch 2 samples.




Figures 46a-g show SEM images of each sample. Figures 47a-d show EDX results at the same magnification, with figure 47a giving typical results for the matrix of all batch 2 samples, and figures 47b-d show the compositions of large carbides found in samples N8CrH, JFEH and JFEL respectively. The matrix composition was virtually the same as that for batch 1, which is being mainly based on Fe with small amounts of Mn and O due to a small amount of oxide on the surface. N8CrH and both the JFE samples had the occasional large particle, with N8CrH particles having a much higher concentration of Mn along with a high amount of Mo and some Al which was likely to be an oxide particle. Both the particles in the JFE steel were rich in Ti with the particle in JFEL also containing Nb, N and Mo.   
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46e; N9Mo. 
46d; N8CrL. 
46c; N8CrH. 
46b; N7L. 
46a; N7H. 
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Figure 46. Secondary electron SEM images of samples a) N7H, b) N7L, c) N8CrH, d) N8CrL, e) N9Mo, f) JFEH, g) JFEL.




Figure 47a; EDX spectrum of sample N9Mo. This spectrum is representative for all the other batch 1and 2 matrix results.




[image: ][image: ]Figure 47c; EDX spectrum of particle in sample JFEH.
Figure 47b; EDX spectrum of particle in sample N8CrH.
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Figure 47d; EDX spectrum of particle in sample JFEL.




The EBSD results were obtained and processed using the methodology outlined in sections 3.3.4 and 4.1.2 to ensure the indexing was as high as possible and that the final grain size values remained realistic. Unfortunately, the grain size maps and misorientation results did not provide sensible results and could not be used for analysis. Figure 48a-g shows the Inverse pole figure (IPF) images and figure 48h shows the associated colour legend. The rolling direction was horizontal for all samples except N7H, as shown in figure 48a.  
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48c; N8CrH.
48b; N7L.
48a; N7H.
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48f; JFEH.
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48a; N7H.

48c; N8CrH.
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48h [50]. 


Figure 48. Inverse pole figure maps of a) N7H, b) N7L, c) N8CrH, d) N8CrL, e) N9Mo, f) JFEH, g) JFEL, h) Legend for the maps [50].



	Table 15; EBSD grain size results.

	Sample name
	Mean grain diameter (µm)
	Standard Deviation of grain diameter (µm)

	N7H
	2.2
	2.3

	N7L
	1.4
	2.1

	N8CrH
	1.5
	1.8

	N8CrL
	1.4
	2.1

	N9Mo
	1.5
	1.7

	JFEH
	1.4
	2.0

	JFEL
	1.4
	1.8



Table 15 gives the grain sizes measured from EBSD scans. As with batch 1, the grain size from EBSD was significantly finer than from the OM values obtained, despite the fact that as many sub-grain boundaries were removed as possible. Again, the standard deviation values are not physically real. However unlike for batch 1 results, there was no trend in the EBSD results that were correlated to the OM results. The EBSD grain sizes shown are also too fine for it to be realistic in a conventional α steel and would yield Hall-Petch strengthening that is far too high. It appears the Channel 5 software was this time unable to produce realistic grain size values and so they will not be factored in during the later discussion.
Despite the EBSD grain size values being unreliable, the IPF images follow the same trends as the OM results and therefore are worthy of analysis. From these results it is clear that the grain size of samples coiled at 600 °C were finer than those coiled at 630 °C. The samples coiled at 600 °C had a less homogeneous microstructure compared to the other batch 1 samples and reflect the FB microstructure that was apparent in the OM and SEM results. A texture is evident in these samples- in the form of elongated bands where the misorientation between grains was very low. Misorientation results were collected but did not provide meaningful or reliable results; therefore they are not included in this thesis.

4.2.3 TEM results

The results of precipitate analysis for batch 2 steels are presented in the same manner as batch 1. Generally it was found that all of the batch 2 samples had a very high precipitate density, with significantly less variation from one point of the carbon replica to another compared to batch 1. 
	Sample N7H was found to contain a very high precipitate density that was consistent throughout the entire replica and thin-film. The precipitate size was generally fine, although there were occasional regions that contained a group of large precipitates. The replica showed tight clusters of precipitates in a similar manner to that found in sample N6, while the thin-film found areas of clear IP. Figure 49a-e show bright and dark field (BF and DF) images from C-replica samples, figures 49f-g show images from thin-film samples, figures 49h-i show EDX spectra from the precipitates and the replica background respectively while figure 49j shows the precipitate size distribution.

[image: G:\film photos\n7h r 013230.jpg][image: G:\film photos\n7h r 013229.jpg]160 nm
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Figure 49b; DF image of a C-replica of sample N7H. Same region as figure 49a.
Figure 49a; BF image of a C-replica of sample N7H. Shows a uniform and high particle density and clustering. 

   

[image: G:\film photos\n7h r 013235.jpg][image: G:\film photos\n7h r 013236.jpg]160 nm
160 nm
Figure 49c; BF image of a C-replica of sample N7H. Shows two grains of differing particle morphology.
Figure 49d; DF image of a C-replica of sample N7H. Same region as figure 49c.
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[image: G:\film photos\N7H tf 6930.jpg][image: G:\film photos\N7H tf 6934.jpg]120 nm
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Figure 49e; High resolution BF image of a C-replica of sample N7H. Taken using the Tecnai digital camera.  One of these particles was used to get the EDX result shown in figure 49h.
Figure 49f; BF image of a thin film sample of N7H with [011] zone axis. Shows very clear IPP with a wide spacing between the rows. Smaller particles with lower row spacing are also visible, as shown by the arrow.




[image: G:\film photos\N7H tf 6935.jpg][image: G:\film photos\N7H tf 6937.jpg]


[111]






Figure 49g; DF image of a thin film of sample N7H with [111] zone axis. A high particle density can be seen.
160 nm


[image: G:\techni pictures\N7H 7 7 15 replica\N7H background3.tif][image: G:\techni pictures\N7H 7 7 15 replica\N7H 0951 particle from cluster.tif]Figure 49i; EDX of replica background in sample N7H. No Mo, Nb or V was detected.
Figure 49h; EDX of one of the figure 49e particles in sample N7H. This composition is representative of the other particles.





Figure 49j; Number frequency of precipitate size.


Figure 49a-b shows the typical precipitate density and size distribution for sample N7H. Figure 49c-d displays a rarely observed area where the average precipitate size is significantly larger and the number density has also decreased. This region was likely to have been an α grain that had formed earlier than most of the other grains, giving more time for precipitate coarsening to occur. Figure 49f shows several independent rows of IPP, with the row distance being longer for larger precipitates, while the fine precipitates have a far shorter row distance. The fine and coarser precipitates were found on different grains which again shows that the γ→α transformation did not occur simultaneously. Figure 49g shows a single α grain that demonstrates the very high precipitate density found in this sample.  
The EDX results shown in figures 49h-i show the presence of V, Nb, Mo and C. The results from batch 1 showed that all samples micro-alloyed with N produced carbonitride precipitates, indicating that the precipitate composition was (Nb, V, Mo)(C, N). This is the same composition as that found in sample N4 which is to be expected as the same micro-alloying elements were used. The number frequency results show a single population of precipitates which are mostly under 5 nm in diameter. The quantity of precipitates is also significantly higher than anything found in batch 1, indicating a very high precipitation strengthening contribution. This was to be expected due to the higher quantity of micro-alloying elements used allowing more precipitates to form per IP row. 
[image: G:\film photos\N7L r 7114.jpg][image: G:\film photos\N7L r 7115.jpg]Sample N7L was found to contain a large quantity of precipitates with a similar size, distribution and general morphology compared to N7H. There was again clear evidence for IPP within the thin-film results; however there was much less clustering of fine precipitates within the C-replica results. Figure 50a-d show BF and DF replica images, figures 50e-g show BF and DF thin film images, figures 50h-i show EDX spectra and figure 50j shows the  precipitate size distribution. 120 nm
120 nm

   Figure 50a; BF image of C-replica sample N7L. Many precipitates are present but clustering was not found.
Figure 50b; DF image of C-replica sample N7L. Same region as figure 50a.

[image: ]120 nm

[image: G:\film photos\N7L r 7116.jpg]Figure 50d; BF image of C-replica sample N7L. Taken using the Tecnai digital camera. One of these particles was used to get the figure 50h EDX result.
Figure 50c; BF image of C-replica sample N7L. Many precipitates are present.
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[image: G:\film photos\N7L tf 013370.jpg][image: G:\film photos\N7L tf 013368.jpg][image: G:\film photos\N7L tf 013369.jpg]160 nm
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[011]
Figure 50e; BF image of thin film sample N7L with [011] zone axis. Widespread IPP can be seen.

Figure 50f; DF image of thin film sample N7L. Same region and zone axis as figure 50e. This image shows that each black line in figure 50e is a row of precipitates.
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[image: G:\techni pictures\N7L replica 23 6 15\N7L 1044 10 nm particle.tif]
Figure 50h; EDX of one of the figure 50d particles for sample N7L. This result is representative for the other particles.
Figure 50g; BF high magnification image of thin film sample N7L. Taken using the Tecnai digital camera.  Same region and zone axis as figure 50e. Multiple 5 nm particles can be seen.




[image: G:\techni pictures\N7L replica 23 6 15\N7L background 2.tif]


Figure 50i; EDX of replica background in sample N7L. No Nb or Mo was detected and the V concentration has decreased significantly.

Figure 50j; Number frequency of precipitate size for sample N7L. 


Figures 50a-d show that the precipitate number density is high, but not as numerous as that found in sample N7H. Figure 50e-f shows a near perfect IPP distribution with the row spacing being mostly planer. The rows of precipitates go from the top grain boundary to the bottom, showing that IPP was produced during the entire γ→α phase transformation for this particular grain. Figure 50g shows a high magnification BF image of the same IPP region in which ultra-fine precipitates (5 nm and less) can be seen. It can also be seen that the precipitate rows are not perfectly straight and are partially IPC in nature. The precipitates within a single row have a mostly consistent size, while another row can have a different typical size. This is typical for the IP mechanism where each precipitate within a single row would have formed under similar temperature and thermodynamic conditions, and for the next row those conditions may have changed slightly (such as the level of micro-alloying elements available). 
The EDX results shown in figures 50h-i are the same as that found with sample N7H and likely have the composition of (Nb, V, Mo)(C, N), which is to be expected as both samples have the same steel composition. Finally the number frequency results found in figure 50j show that the majority of precipitates are under 2.5 nm, however there is a small second population of precipitates that are around 9 nm. These large precipitates can be seen in figure 50a where they all are grouped together as long chains. It is possible these chains of larger precipitates are at α grain boundaries which allows greater coarsening to occur.     
Sample N8CrH was found to contain an extremely high precipitate density within all regions in the replica and thin film. Tight clustering of precipitates within the replica was commonplace and evidence for IPP within the thin film sample was extensive. Virtually all of the precipitates were very fine in size and the general size deviation was small. Some evidence for tight clustering within the thin film samples was found, where precipitates within an IP row are so close together that they are virtually touching. Figures 51a-e show BF and DF replica images, figures 51f-h show BF and DF thin film images, figures 51i-k show EDX spectra, figure 51l shows a precipitate ELLS spectra and figure 51m shows the precipitate size distribution.         
[image: G:\film photos\n8crh r 013206.jpg][image: G:\film photos\n8crh r 013207.jpg]160 nm
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Figure 51a; BF image of C-replica sample N8CrH. The particle density was very high with lots of clustering.
Figure 51b; DF image of C-replica sample N8CrH. Same region as figure 51a.
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Figure 51c; BF image of C-replica sample N8CrH. Many precipitates are present, some of which are rod shaped.
Figure 51d; BF image of C-replica sample N8CrH. Taken using the Tecnai digital camera. One of these particles was used to get the figure 51i EDX result.
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Figure 51e; BF image of C-replica sample N8CrH. Taken using the Tecnai digital camera. This unusually large particle was used to get the figure 51j EDX result.
Figure 51f; BF image of thin film sample N8CrH with [012] zone axis. Taken using the Tecnai digital camera.  Dislocation lines can be seen interacting with precipitates, with possible particle shearing occurring.
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[image: ][image: ][image: ][image: ] imaFigure 51h; BF image of thin film sample N8CrH with [011] zone axis. Taken using the Tecnai digital camera.  Larger precipitates with IPC layout and wider row spacing can be seen.
Figure 51g; BF image of thin film sample N8CrH with zone axis close to [011]. Taken using the Tecnai digital camera. IPP rows with low row spacing can be seen.
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[image: G:\techni pictures\N8CrH replica 24 6 15\N8CrH 0955 particle.tif][image: G:\techni pictures\N8CrH replica 24 6 15\N8CrH 1014 particle from cluster.tif]Figure 51j; EDX of figure 51e particle in sample N8CrH. Ti is present in the particle, which was not an intended micro-alloying element for this sample.
Figure 51i; EDX of one of the figure 51d particles in sample N8CrH. This result is representative of all the small to medium sized particles in the sample.
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Figure 51k; EDX of replica background in sample N8CrH. No Nb, Mo or V is detected.
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Figure 51l; Typical N8CrH EELS spectra of a particle in the C-replica matrix.  











Figure 51m; Number frequency of precipitate size for sample N8CrH.


Figures 51a-c show areas of high precipitate density and precipitate clustering which is typical for this sample. Additionally carbide fibres (CF) were also present extensively in both regions, as well as tight precipitate clusters that almost appeared fibrous in some areas. This shows that the drag on the α/γ interphase boundary was very strong and its motion would have been slowed by the segregated solute.
Further evidence of strong solute drag can be found in the images from thin film samples (figure 51f-h), where IP was commonplace and the row spacing was only around 20 nm. Such a low row spacing is only possible when there is substantial drag on the α/γ transformation boundary. This also increases the chance of fibrous precipitates or a row of elongated and clustered precipitates that is perpendicular to the IP rows [10].   
Figures 51f-h also shows the three types of IP morphology that was observed in this sample. Figure 51f shows rows of IP interacting with dislocations and what appears to be precipitate shearing. This agrees with the general precipitate theory that dislocations will cut through fine precipitates and loop around larger ones. Shearing precipitates encourages a high yield stress but low work hardening rate, which is generally consistent with the tensile tests. Figure 51g shows a clear IPP morphology, while figure 51f was taken at a thicker region of the thin-film sample. Both images contain a very high precipitate density. The difference between the thin film samples and the extraction replica (which contained fewer larger precipitates) suggests a lower proportion of medium (>10nm) sized precipitates were transferred to the C-replica compared to the fine precipitates. Finally, figure 51h shows rows of precipitates with IPC morphology, 40-50 nm row spacing, a lower precipitate density and larger average diameter. IPC becomes favourable at higher temperatures or the presence of V (which all the precipitates contain), therefore it is likely these IPC rows formed early during phase transformation which also explains their larger average size.
Figure 51i shows the EDX spectra of a typical precipitate, which contains the expected V, Nb and Mo. Figure 51l also confirms these elements along with the addition of N confirming that the precipitate composition is (Nb, V, Mo)(C, N) as with samples N4 and N7. Figure 51j shows the EDX spectra of a rare precipitate that contained Ti (due to a small amount of sample contamination during production) along with all the other known micro-alloying elements except possibly N. This unexpected finding indicates that the formation of (Nb, V, Mo, Ti)(C, N) may be possible which has not been discovered before. This particular particle was over 100 nm in diameter, therefore it is likely it did not form via IP. It is important to note that in all the EDX and EELS work carried out on this sample no Cr was detected in any of the precipitates. 
Figure 51m gives the number frequency distribution and shows a large quantity of precipitates less than 2.5 nm, with the rest typically being under 10 nm. This distribution is ideal for promoting a very high contribution to precipitation strengthening.
Sample N8CrL was found to contain a far lower precipitate density compared with N8CrH. While precipitates can be found in every region, the quantity found was heterogeneous. Precipitates were found commonly on the edges of α grain boundary but sometimes quickly reduce to very few in the centre of the grain. The general precipitate size was similar to that found with sample N8CrH; however the amount of clustering and CF present has reduced. The thin film results also show that IP is common and appears to be the dominant mechanism for precipitation. Figure 52a-e show BF and DF replica images, figures 52f-i show BF and DF thin film images, figures 52j-k show EDX spectra and figure 52l shows the precipitate size distribution.           
[image: G:\film photos\N8CrL r 013244.jpg][image: G:\film photos\N8CrL r 013242.jpg]Figure 52a; BF image of C-replica sample N8CrL. Precipitates and CF are present.
Figure 52b; DF image of C-replica sample N8CrL. Same region as figure 52a.
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[image: G:\film photos\N8CrL r 013243.jpg][image: G:\film photos\N8CrL r 013241.jpg]160 nm
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Figure 52d; DF image of C-replica sample N8CrL. Same region as figure 52c.
Figure 52c; BF image of C-replica sample N8CrL. Lower particle density compared to most batch 2 samples.
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Figure 52e; High resolution BF image of C-replica sample N8CrL. Taken using the Tecnai digital camera. One of these particles was used to get the figure 52j EDX result.
Figure 52f; BF image of thin film sample N8CrL with [011] zone axis. Taken using the Tecnai digital camera. IP rows are found, with some of the particles being highly elongated as shown by the arrows.



[image: ][image: ]Figure 52h; BF image of thin film sample N8CrL. Taken using the Tecnai digital camera. Same region and zone axis as figure 52f, but higher magnification.
Figure 52g; DF image of thin film sample N8CrL. Taken using the Tecnai digital camera. Same region and zone axis as figure 52f.
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[image: G:\techni pictures\N8CrL replica 8 7 15\N8CrL 1101 particle without Cr.tif]
Figure 52j; EDX of one of the figure 52e particles in sample N8CrL. This result is representative for all the other particles in the sample.
Figure 52i; BF image of thin film sample N8CrL with zone axis close to [111]. Taken using the Tecnai digital camera. Shows individual rows of precipitates, with them touching each other and being partially bounded together, as shown by the arrows.
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Figure 52k; EDX of replica background in sample N8CrL. No Nb or Mo is present and V is barely detectable.














Figure 52l; Number frequency of precipitate size for sample N8CrL.


Figures 52a-d show images from C-replica samples which contain changes in the morphology depending on the region observed. The image shown in figure 52a contains a large amount of CF, which can be found within the local α grains. Figure 52c shows a different region where CF can be found, but their quantity was significantly less than that in figure 52a. CF formation is influenced by the strong drag on the α/γ boundary, which changes over the course of phase transformation. 
The thin film images shown in figures 52f-i all contain clear IP morphology. Figure 52f has mostly an IPP morphology, with a slight curving of the rows over extended distances. It is common for IP to not fully obey the strict planer or curved morphology, especially with the presence of V which encourages the later. Figure 52i shows various isolated IP rows that are at different angles. The lack of clear IP rows that follow each other is due to the tilting angle of the beam not being correct. What this image does show however, is that different IP rows can form during phase transformation and intersect with each other. This image also shows some of the particles in the IP rows are connected to each other, which supports the possibility of CF formation.  
The EDX images shown in figures 52j-k conform that the composition of the precipitates is the same as that found in sample N8CrH. Note that while the Nb content is low in figure 52j, other EDX spectra had stronger Nb peaks that confirm its presence. As with N8CrH there is no presence of Cr within any of the spectra, strongly suggesting that Cr does not enter the precipitates at all and is only found within the α-Fe matrix.
The number frequency graph shown in figure 52l follows the same trend as that found for sample N8CrH. There are a slightly higher proportion of larger precipitates found in sample N8CrL and the precipitate density was also much lower.
Figure 53 gives results from sample N9Mo. This sample was found to contain precipitates that have a far larger average diameter compared to any batch 1 or 2 samples. The morphology of the precipitates is still spherical and the precipitate density was high, although little CF was found. The large precipitates were confirmed in both the C-replica and thin film results and IP was present. Due to the surprising results this sample was examined in extra detail using multiple C-replica and thin film samples to validate the results. Figure 53a-e show BF and DF replica images, figures 53f-j show BF and DF thin film images, figures 53k-s show R005 EDS and EELS spectra (with their supporting C-replica particle images) and figure 53t shows the precipitate size distribution.  
Due to the unexpected results a second set of C-replica and thin film results were prepared and examined independently by Dr Peng Gong. The N9Mo replica and thin film results shown here contain a mixture of the author’s and Dr Gong’s images, which completely agree with each other. More N9Mo images are available in the appendix.
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[image: G:\film photos\N9Mo r 013285.jpg][image: G:\film photos\N9Mo r 013284.jpg]Figure 53b; DF image of C-replica sample N9Mo. Same region as figure 53a.
Figure 53a; BF image of C-replica sample N9Mo. Shows large precipitates within different grains and the grain boundary.


                  

[image: ][image: G:\film photos\N9Mo r 013278.jpg]160 nm

Figure 53d; High magnification image of BF C-replica sample N9Mo. Taken using the Tecnai digital camera. Rows of particles are present even in the replica results, which does not normally occur.
Figure 53c; BF image of C-replica sample N9Mo. Shows three different grains with differing particle morphology.



[image: G:\film photos\N9Mo tf 013424.jpg][image: G:\film photos\N9Mo tf 013425.jpg][image: ][111]
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Figure 53f; BF image of thin film sample N9Mo with [111] zone axis. Large particles are visible on both sides of the bend contour.
Figure 53e; BF image of C-replica sample N9Mo. Taken using the Tecnai digital camera. The large particle was used to get the figure 53k EDX result, and the small gave the figure 53l result.



[image: G:\film photos\N9Mo tf 013426.jpg][image: ][image: ]Figure 53h; BF image of thin film sample N9Mo with [001] zone axis. Taken using the Tecnai digital camera. Large particles and clear IPP rows are present.
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Figure 53g; DF image of thin film sample N9Mo. Same region and zone axis as figure 53f.
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Figure 53i; DF image of thin film sample N9Mo. Taken using the Tecnai digital camera. Same region and zone axis as figure 53h.
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Figure 53j; BF image from a thin film sample of N9Mo with [001] zone axis. Taken using the Tecnai digital camera. Shows rows of IP and the associated diffraction image that confirms the IP have a Baker-Nutting orientation relationship (BN-OR) with the ferrite matrix. 
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Figure 53l; EDX of small particle in figure 53e for sample N9Mo. This identical result with figure 53k shows that the lighter shading around some of the precipitates is not contamination. 
Figure 53k; EDX of large particle in figure 53e for sample N9Mo.
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Figure 53m; EDX of replica background in sample N9Mo. No Nb is present and V and Mo are barely detectable. 
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Figure 53n; DF C-replica image of sample N9Mo, taken using the JEOL R005. The arrowed particle corresponds to the EDS result in figure 53q.

Figure 53o; HAADF STEM image of a C-replica image of sample N9Mo, taken using the JEOL R005. One of these particles corresponds to the EDS result in figure 53r.
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Figure 53p; HAADF STEM image of a C-replica image of sample N9Mo, taken using the JEOL R005. The arrowed area corresponds to the EDS result in figure 53s.



[image: G:\EELS analysis\Andrew P replicas\N9\2016-05-16 ap eds\9e\huge1.bmp]
Figure 53q; EDS of figure 53n particle in sample N9Mo. Taken using the JEOL R005 by Dr Joanne Sharp. No Mo was detected. 

[image: G:\EELS analysis\Andrew P replicas\N9\2016-05-16 ap eds\9e\big8.bmp]Figure 53r EDS of figure 53o particle in sample N9Mo. Taken using the JEOL R005 by Dr Joanne Sharp. No Nb was detected. 
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Figure 58o; EDS of particle in sample N9Mo. No Mo was detected.
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Figure 53s; EELS spectra of figure 53p particle in sample N9Mo. Taken using the JEOL R005 by Dr Joanne Sharp. N was identified as expected, along with Mn, which was unexpected.
















Figure 53t; Number frequency of precipitate size for sample N9Mo.


Figures 53a-c shows the typical morphology of the coarsened precipitates. Many are spheroid in shape and are most commonly found at or near α grain boundaries. There was some evidence of large co-precipitates which is when two or more precipitates are joint together, although the possibility of particles overlapping each other cannot be discounted. Figure 53e shows two precipitates that are overlapping each other, with the EDX results from figure 53k-l showing that neither of them are replica contamination. Figure 53c shows a triple α grain boundary junction, which allows the variation of morphology present to be examined. In one of these grains CF is common, while the other grains have precipitates of differing average size. It is worth noting that the grain with the smaller precipitates are still above average compared to other samples, with an average size of around 5 nm. More evidence for CF can be found in figure 53d, which was taken from Dr Gong’s separately produced replica samples. This reduces the likelihood of them being replica contamination. 
The thin film images support the C-replica average precipitate size and particles can be easily seen when taking BF and DF pictures. Figures 53h-i show that IPP was clearly present within this sample. The ease with which precipitates could be seen meant in some areas they could be observed in just as much detail as with C-replica samples, which made it easier for the orientation relationship (OR) of the precipitates to be collected. Figure 53j shows they obey the classic Baker-Nutting OR, which is established in all current IP literature. This finding is still of significance, as it shows the OR does not change when the complexity of the IP composition increases. 
The EDX results confirm the presence of V, Nb, Mo and C within the precipitates, which is typical for samples such as N4 and N7. The EELS result in figure 53s confirms the presence of N within the precipitates, therefore the composition can be confirmed as (Nb, V, Mo)(C,N). Unlike previous samples the composition of the precipitates was variable, as shown by the EDS results on the R005 (figures 53n-s). Figure 53q shows a particle that did not contain any Mo, while with figure 53r no Nb was found. Also while the EELS analysis did detect N it was not found in all of the precipitates. All of the precipitates in other samples had some natural variation in composition, where the intensity of a certain micro-alloying element was higher in one particle compared to another. What differs in N9Mo from the other samples is the absence of certain elements in some particles, which has never been found before in any other batch one or two sample. Finally, the Mn peak in figure 53s only occurred in a few particles so it cannot be confirmed that this element entered the precipitates. The Mn is more likely to be present outside of the precipitate, which could be contaminated.
Figure 53t shows the size distribution of the N9Mo precipitates. Unlike most other samples the quantity of ultra-fine precipitates was relatively small and is not the largest category. The two largest categories are precipitates that are around 5 nm and those around 7 nm in diameter. Also unlike other samples the proportion of precipitates that are around 10 nm or above is not insignificant and amounts to around 25 % of all the precipitates within the matrix. This means the contribution to strengthening from precipitates will be reduced compared to other samples which also have a high precipitate density.
Sample JFEH was found to contain a very high precipitate density which was comparable to sample N8CrH. Another common factor between these samples was the relatively high frequency of densely packed precipitate clusters being found in the C-replica samples. The size of these clusters are larger in sample JFEH compared to N8CrH. The average size of the JFEH precipitates is very low with it being rare to find particles that were above 5 nm in diameter. It is important to note that while CF was detected they were uncommon compared to samples N8CrH and N9Mo. The thin film images support the finding that most precipitates were ultra-fine, and as with most of the other batch 2 steels IP are easy to find. Figure 54a-e show BF and DF replica images, figures 54f-i show BF and DF thin film images, figures 54j-l show EDX spectra and figure 54m shows the precipitate size distribution.                      
[image: G:\film photos\JFEH r 013261.jpg][image: G:\film photos\JFEH r 013260.jpg]Figure 54a; BF image from a C-replica of sample JFEH. Shows a high particle density along with what appear to be large clusters, as shown by the arrows.
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Figure 54b; DF image of the C-replica sample JFEH. Same region as figure 54a.



[image: G:\film photos\JFEH r 013263.jpg][image: G:\film photos\JFEH r 013262.jpg]Figure 54c; BF image of the C-replica sample JFEH. The arrow shows a grain boundary where the particle density differs.
Figure 54d; DF image of the C-replica sample JFEH. Same region as figure 54c.
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Figure 54f; BF image of thin film sample JFEH, with zone axis close to [111]. Taken using the Tecnai digital camera. IPP rows can be seen, as shown by the arrow.
Figure 54e; BF image of C-replica sample JFEH. Taken using the Tecnai digital camera. Figure 54j and 54k show the EDX results of one of the individual particles and the cluster respectively.


[image: ][image: ]Figure 54g; DF image of thin film sample JFEH. Taken using the Tecnai digital camera. Same region and zone axis as figure 54f.
[001]
Figure 54h; BF image of thin film sample JFEH, with zone axis close to [001]. Taken using the Tecnai digital camera. IPP rows can be seen, with the particles being spherical or rod shaped.
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[image: G:\techni pictures\JFEH 14 7 15\JFEH 1121 particle 14 7 15.tif]
Figure 54j; EDX of one of the individual figure 54e particles, for sample JFEH. Ti and Mo are detected. This result is representative for all the other individual particles within the sample.
Figure 54i; DF image from a thin film sample of JFEH. Taken using the Tecnai digital camera. Same region and zone axis as figure 54h.



[image: G:\techni pictures\JFEH 14 7 15\JFEH background near  tight cluster 14 7 15.bmp][image: ]Figure 54l; EDX of replica background in sample JFEH. The Mo and Ti content are reduced to trace levels.
Figure 54k; EDX of the particle cluster in figure 54e, for sample JFEH. The result obtained is almost identical to the background result (figure 54l), which means it is not a particle cluster and instead an etching effect.







Figure 54m; Number frequency of precipitate size for sample JFEH.


Figure 54a-e shows images from the C-replica samples, with figures 54a-b and 54e showing what was initially believed to be a cluster of precipitates. The EDX result in figure 54k shows that the composition is very similar to that of the background scan, which indicates very few or potentially no precipitates are found in the feature. This, combined with the absence of clusters in the thin film results brings about the conclusion that it is just an etching effect and so will be ignored during future observations. 
The thin film results shown in figures 54f-i once again show strong evidence for IPP and that it is a major mechanism for precipitation. With the shape and size morphology of the thin film and C-replica precipitates being very similar it is likely that the vast majority of replica precipitates seen came from IP.  
Figures 54j-l show the EDX results with Ti, Mo and C being detected which forms (Ti,Mo)C carbides. This composition for the precipitates was expected due to no other micro-alloying elements being added. The size distribution in figure 54m shows almost all the precipitates were under 5 nm in diameter and the majority being under 3.5 nm. This combined with the high precipitate density means sample JFEH should have the highest precipitation strengthening contribution of all batch 1 and 2 steels.
Sample JFEL was found to have a very similar precipitate morphology compared to JFEH, with the average precipitate size being well under 5 nm. The main differences between the JFE samples is that JFEL has a slightly lower particle density and does not contain the etching effects on the C-replica. The thin film results confirm the low particle size average and show clear regions of IPP. Figure 55a-e show BF and DF replica images, figures 55f-h show BF and DF thin film images, figures 55i-j show EDX spectra and figure 55k shows the [image: G:\film photos\JFEL r 013268.jpg][image: G:\film photos\JFEL r 013269.jpg]precipitate size distribution. 160 nm
160 nm

     Figure 55b; DF image of C-replica of sample JFEL. Same region as figure 55a.
Figure 55a; BF image from a C-replica of sample JFEL. Shows precipitates and a network feature that is believed to be contamination.


[image: G:\film photos\JFEL r 013271.jpg]160 nm
160 nm
Figure 55d; DF image of C-replica of sample JFEL. Same region as figure 55c.
Figure 55c; BF image of C-replica of sample JFEL. Shows a mixed particle size due to the presence of a grain boundary.


[image: G:\film photos\JFEL r 013270.jpg]

[image: ][image: ][image: ][113]
Figure 55e; BF image of C-replica sample JFEL. Taken using the Tecnai digital camera. One of the particles in the arrow region was used to get the figure 55i EDX result.

Figure 55f; BF image of thin film sample JFEL with [113] zone axis. Taken using the Tecnai digital camera. Shows IP rows and a locally high dislocation density. 



[image: ][image: ]Figure 55h; BF image of thin film sample of JFEL. Same region and zone axis as figure 55f. Taken using the Tecnai digital camera. Shows individual precipitates and dislocation lines.
Figure 55g; DF image of thin film sample of JFEL. Same region and zone axis as figure 55f. Taken using the Tecnai digital camera.  



[image: G:\techni pictures\JFEL replica 15 7 15\JFEL background2.tif][image: G:\techni pictures\JFEL replica 15 7 15\JFEL 0952 particle.tif]Figure 55j; EDX of replica background in sample JFEL. The Mo and Ti content are reduced to trace levels.
Figure 55i; EDX of a particle in figure 55e, for sample JFEL. The result obtained is representative for the other particles in the sample.




Figure 55k; Number frequency of precipitate size for sample JFEL.


Figure 55a-e show images from the replica samples, with almost all the precipitates present being very fine and with little variation in size. Figure 55e is of particular interest as it is possible to see many precipitates that are well under 5 nm. This image along with figure 55h supports the number frequency graph and shows that the quantity of ultra-fine precipitates is very high.
 Figures 55f-h show images from thin film samples of one particular α-grain which contained isolated IPP rows. It is highly likely more of these rows could be identified by tilting the thin foil sample; however, care must be taken to avoid confusing precipitates with the long dislocation rows. In general, the high dislocation density within the thin film samples agrees well with the substantial sub-grain structure found in the EBSD samples.  
Figures 55i-j show the EDX results for sample JFEL and predict the particle composition to be (Ti,Mo)C, as was the case for sample JFEH. As the precipitate density was very high it was not possible to find an area completely devoid of particles, which is why Ti and Mo can still be detected in the replica background spectra. However the background Ti and Mo intensity was reduced signifying that they are not present in the background and are unique to the particles. Nb was also found within a few very large particles (not shown in this report) which indicates it is present in the sample at a trace level, and likely originates from contamination of the sample during casting. Its presence in large particles indicates that Nb enters strain induced precipitates and/or the earliest formed IP particles. 
Figure 55k shows the size distribution of JFEL, which along with sample JFEH have relatively few particles above 5 nm. JFEL does appear to have a more even distribution of particles within the 2.5-5 nm range compared to JFEH, which results in the former having a slightly higher average precipitate size.    
Table 16 shows a summary of the batch 2 precipitate size and density findings.

	Table 16; batch 2 precipitate size and density results

	Sample ID
	Average precipitate size (nm)
	Standard deviation of precipitate size (nm)
	Average precipitate density (µm-2)

	N7H
	4.2
	3.2
	1266

	N7L
	3.9
	3.1
	753

	N8CrH
	4.0
	2.6
	1435

	N8CrL
	4.4
	3.5
	674

	N9Mo
	7.9
	5.9
	723

	JFEH
	2.9
	1.7
	1727

	JFEL
	3.2
	1.7
	1640






4.2.4 Brief discussion of batch 2 results
Table 17 shows the calculated strengthening contributions, with the assumption that the base strength value is fixed at 54 MPa. Figure 56 shows a graph comparing the estimated YS with the real values.          
   
	Table 17; Estimated contributions to strengthening versus actual yield stress for batch 2.

	Sample ID
	σs 
(MPa)
	σg (MPa)
	σp (MPa)
	Total YS estimated (MPa)
	Total UTS estimated (MPa)
	Total YS actual (MPa)
	YS Difference (MPa)

	N7H
	124
	297
	660
	1135
	1203
	868
	267

	N7L
	124
	315
	504
	997
	1057
	900
	97

	N8CrH
	125
	325
	645
	1148
	1217
	862
	286

	N8CrL
	125
	343
	500
	1021
	1082
	760
	261

	N9Mo
	122
	312
	606
	1094
	1159
	867
	227

	JFEH
	83
	228
	618
	982
	1041
	892
	100

	JFEL
	83
	256
	610
	1003
	1063
	971
	32


          








           

Figure 56; Comparison of the estimated and actual yield strength (YS) of batch 2 steels.


In order to understand the batch 2 values obtained some of the same assumptions and findings made in batch 1 must also be applied here. Batch 1 revealed (in section 4.1.4) that all of the samples except N1S and N2S were around 100 MPa weaker than the prediction. This difference most probably arose from solid solution strengthening being much lower in reality, due to most of the micro-alloy elements entering the precipitates instead of remaining in the matrix. By subtracting most of σs from the estimated YS value the difference between the estimated and real YS values becomes effectively zero for samples N7L and JFEH. The difference between YS values also becomes very low for sample JFEL, although the predicted strength becomes slightly less than the real value. 
After subtracting the solid solution strengthening contribution the remainder of the batch 2 steels are still over 100 MPa weaker than predicted. One assumption that has been made for batch 1 and 2 steels is that all fine precipitates contribute equally to strengthening. This assumption works well for batch 1 where the precipitate density is lower and generally they are distributed with a wider distance between each one. However with batch 2 there are many tight clusters of nano-precipitates present, which is particularly the case for those coiled at 630 °C. Precipitates found within the centre of clusters would not be able to interact with dislocations very well, due to being blocked by the neighbouring nano-precipitates. 
Nano precipitate clusters usually consist of 10-20 particles and often account for many of the ultra-fine particles counted. This means the degree of precipitate strengthening gained in reality will be much lower than what was predicted. This problem is not as great for samples coiled at 600 °C, as fewer nano-clusters are found. This helps explain why samples coiled at 600 °C come closer to matching the predicted strength with the real value. It is important to note that any carbide fibres (CF) found in the C-replica samples were not taken into account when calculating the strengthening effect.
Another factor to consider is the precipitate morphology. It has been found that the batch 2 samples are far more dominated by IP than was the case for batch 1. This means the distribution of precipitates is less random than before which is known to lower precipitate strengthening [10]. Equation 4 [3] only takes the volume fraction of the precipitates into account and not their distribution, which will account for some of the overestimated strengthening. It has been shown by Chen et al. [11] that IPR can be promoted by hot-rolling in the γ phase and coiling at 650 °C for (Ti, Mo)C precipitates, however no experimental results currently exists that compare the YS of IPR and IPP steels. In reality, such a test would prove challenging due to IPP and IPR being interchangeable within these steels.  In summary when taking reduced solution strengthening and significantly reduced precipitate strengthening (especially for 630 °C samples, which often contained nano-clusters) into account the gap between the real and predicted YS can be accounted for.    
If it is assumed that reduced solution strengthening, nano-clusters and IPP morphology account for the 200+ MPa difference, then samples N7L, JFEH and JFEL need further explanation. Sample N7L has significantly fewer nano-clusters due to the lower coiling temperature making the predicted precipitation strengthening value more reliable. Additionally while IPP was clearly present there should in theory be more IPR, making precipitation strengthening even higher [6]. It can therefore be deduced that the 97 MPa difference comes from solution strengthening only, which is the same order as that for batch 1 samples. 
Unfortunately, the differences between the real and observed YS of N8CrL cannot currently be explained using any theories. Given that N8CrL had a more heterogeneous particle density compared to other batch 2 samples an error in characterisation may have been made. It is worth looking at the grain size and particle morphology of N8CrL again to ensure that the correct values were obtained. This unfortunately could not be completed within this Thesis. 
The gap in real strength and predicted strength is only 100 and 32 MPa for samples JFEH and JFEL respectively, which is too low if solution strengthening and precipitate morphology are creating a 200 MPa difference. This however can be explained due to neither JFE sample containing cementite nor the inheritably stronger bainite. As already discussed in section 4.2.2, the cementite fractions obtained during EBSD are unrealistic and therefore cannot be used to calculate the strength of the steel. There is still a strong possibility of some cementite existing which will somewhat increase the strength. Likewise it is not possible to know from the EBSD results how much bainite is present only that its presence will have a significant strengthening effect on the steels.    
While explanations have been found to describe the strengthening and weakening contributions in the batch 2 steels, there is significantly more research that can be carried out. The theories for batch 2 strengthening describe most of the differences between the real and predicted batch 2 strengthening, but do not account for why sample N8CrL is significantly weaker than predicted. With all the batch 2 steels bar JFE being original there is still much to be learnt from them, such as the precipitation strengthening when nano-clusters are not treated in the same way as IPR.            



4.3 Collaborative results

4.3.1 Batch 3 overview and results

During the beginning of the investigation it was always planned that there would be a third batch of samples investigated. Unfortunately there was not enough time to carry out the planned experiments and the work was transferred to another researcher (Dr Peng Gong). However the author did a significant amount of labwork preparation, therefore the most important results that relate to the batch 1 and 2 samples are shown here. Table 18 shows the composition of the samples investigated. 

	Table 18; Composition of batch 3 samples. All figures given in wt%

	ID
	C
	Mn
	Si
	Al
	Nb
	V
	Ti
	Mo
	Cr
	N

	N10
	0.10
	1.60
	0.20
	0.045
	-
	-
	0.20
	-
	-
	≤0.01

	N11
	0.10
	1.60
	0.20
	0.045
	-
	-
	0.20
	0.5
	-
	≤0.01

	N12
	0.10
	1.60
	0.20
	0.045
	-
	0.20
	-
	-
	-
	≤0.01

	N13
	0.10
	1.60
	0.20
	0.045
	-
	0.20
	-
	0.5
	-
	≤0.01

	N14
	0.10
	1.60
	0.20
	0.02
	-
	0.20
	-
	0.5
	-
	0.13

	N15
	0.10
	1.60
	0.20
	0.045
	-
	0.20
	-
	0.5
	0.5
	0.13



	The main objective of the batch 3 samples was to calculate the speed of the α/γ boundary during IP transformation and see how this is affected by the addition of different micro-alloying elements. It is already known that Mo reduces the speed of the phase boundary for Ti-Nb micro-alloyed steel, but what is not known is how the speed changes with other micro-alloy combinations [31]. 
Sample N10 and N11 were expected to produce simple TiC and (Ti, Mo)C precipitates respectively, and with no Nb present, the effect of adding Mo can be more reliably measured. Samples N12 and N13 are designed to produce VC and (V, Mo)C precipitates and made it possible to see the impact of Mo with V rather than Ti. N14 contained a high N content with the intention of producing (V, Mo)(C, N) precipitates to measure the rate of phase transformation for carbonitride IP. Finally, N15 contained Cr in addition to the micro-alloying elements present in N14 to see whether Cr has any beneficial effect. At the time of preparing this experiment with batch 3 steels, the results from the batch 2 steels with a Cr addition (N8CrH and N8CrL) had not been completed so it was not known at that point that Cr did not enter complex precipitates. However, the batch 2 steel with Cr showed that Cr reduced the grain size and probably had some impact on the speed of transformation.     
The simulation of transformation during coiling was carried out using a dilatometer (Dilatronic, UK) with the sample dimensions being 120 mm long, 12 mm wide and 4 mm thick. The samples were first heated at 10 °C/s to 1250 °C and held for 30 min. This is to allow all the large carbides already present in the material to dissolve into solid solution. The samples were then water quenched to prevent precipitation from occurring. The samples were then re-heated in the dilatometer at 10 °C/s to 1200 °C and held for 3 min to ensure all of the material was in the γ phase. The materials were then cooled rapidly at 200 °C/s to 630 °C using the water and compressed air jets attached to the dilatometer. The samples were then held at 630 °C for either 60 or 90 min to allow full IP to occur and for the rate of phase transformation to be observed. The heating and coiling stages were done in a pure nitrogen atmosphere to prevent oxidation of the samples, which was a problem during early experiments. Figure 57 shows schematics of the thermo-mechanical processing route.    

1250℃/30min
Temperature/℃
Time/s
1200℃/3min
630 ℃/60 or 90min
Water Quenching
10℃/s
Water Quenching




200 °C/s








10 °C/s

Figure 57; Thermomechanical processing route for batch 3. 

	The samples were examined using OM, SEM and TEM using the same methodology described in section 3.3. Samples coiled for 60 min were referred to as profile 1 samples and those coiled for 90 min were called profile 2. Only the speed of γ→α transformation and precipitate morphology results will be shown here. The grain size values were not investigated as the process route for batch 3 was different to batch 1 or 2 and gave a much larger grain size. The differences arise from batch 3 being forged but not hot rolled which reduces the amount of reduction of area, resulting in larger α-Fe grains. The finishing temperature for batch 3 (1200 °C) before quenching to the coiling temperature is much higher than batch 1 and 2 (890 °C) which again led to further grain growth. Moreover, batch 1 and 2 were cooled directly from the finishing to the coiling temperature. For batch 3, it was necessary to re-heat to high temperature before cooling in order to ensure that all precipitates had been taken into solution in the austenite phase, which will have led to major grain growth. Finally, some of the batch 3 samples did not fully transform and contained residual martensite (formed from untransformed austenite at the end of the isothermal hold). The combination of all these factors meant there is no point in discussing the batch 3 grain size values.  
Figures 58a-b show the change in sample dimension over the coiling time. As going from γ→α changes the crystal structure from FCC to BBC the material will expand which is detected by the dilatometer. Note that the coding used in figure 58 to catalogue different samples differs from that shown in table 18, due to the data being obtained by Dr Gong who was using a different coding system.     
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Figure 58a; Profile 1 dilatometer results showing the change in sample length over 60 min. 
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Figure 58b; Profile 2 dilatometer results showing the change in sample length over 90 min. Note that N1=N10, N2=N11, N3=N12, N4=N13, N5=N14 and N6=N15.



Figures 58a-b show that N10 (Ti micro-alloyed sample) was the fastest to transform and reach completion with N12 being only slightly slower. This finding is expected as both of these samples have the least amount of micro-alloying elements to slow down the α/γ boundary. When 0.5 wt% Mo was added to TiC and VC containing steels (N11 and N13 respectively) the time taken for complete α formation increased in both cases, but by significantly different amounts. For Ti-Mo steels the transformation time increased by approximately 1000 seconds while for V-Mo steels it increased by well over 3000 seconds. In the case of the V-Mo steels, transformation was incomplete, as shown by the martensite that originated from untransformed γ at the end of the isothermal hold. N14, which contained high N, and N15, which contained high N and Cr, also exhibited very slow γ→α transformation with bainite being present in both samples. For profile 1 and 2 adding N appeared to slightly reduce the transformation time with α formation being nearly complete. Adding Cr appears to have a different effect for profile 1 and 2. For profile 1 the addition of Cr appears to decrease the γ→α transformation rate compared to samples N13 and N14. For profile 2, Cr speeds up the transformation rate which adds to the effect of N. As there is no difference between both profiles except the coiling time it appears that Cr has no obvious effect on the transformation rate and the difference between the two N15 samples is natural variability.        
Table 19 shows the summary of the batch 3 precipitate size and density results for profile 1 and 2. Figures 59a-f shows carbon replica images of all the profile 1 samples while figures 60a-f show the profile 2 samples. It is important to note that these results should not be directly compared to the values obtained from batch 1 and 2 steels, since the latter went through a different thermomechanical history. The absence of rolling in batch 3 resulted in a larger grain size than for batch 1 and 2, which would be expected to affect the precipitation conditions.
[image: ][image: ]
Figure 59a; BF image from a C-replica of sample N10, profile 1. Some of the IP row structure has been preserved.
Figure 59b; BF image from a C-replica of sample N11, profile 1. Small particle clusters can be found along with the IP morphology.



[image: ][image: ]Figure 59d; BF image from a C-replica of sample N13, profile 1. Clustered precipitates were present which makes determining the true particle density more challenging.
Figure 59c; BF image from a C-replica of sample N12, profile 1. Significantly fewer particles were detected compared to N10 and N11.
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[image: ]Figure 59e; BF image from a C-replica of sample N14, profile 1. There are minimal differences between this sample and N13, profile 1.
Figure 59f; BF image from a C-replica of sample N15, profile 1. Evidence for clustering and co-precipitation can be found.





Figure 60a; BF image from a C-replica of sample N10, profile 2. Unlike profile 1 there is no visual evidence for IP.

[image: ][image: ]Figure 60b; BF image from a C-replica of sample N11, profile 2. A very high particle density and low particle size can be found.



[image: ][image: ]
Figure 60c; BF image from a C-replica of sample N12, profile 2. There is little to distinguish profile 1 and 2 for this sample. The average particle size is considerably higher compared to the other profile 2 samples.
Figure 60d; BF image from a C-replica of sample N13, profile 2. The level of co-precipitation is greater for profile 2 compared to profile 1.








[image: ][image: ]Figure 60f; BF image from a C-replica of sample N15, profile 2. The arrow shows a large cluster of numerous particles.
Figure 60e; BF image from a C-replica of sample N14, profile 2. A high particle density is present.




	Table 19; Batch 3 precipitate size and density results

	Sample ID
	Profile 1 average precipitate size (nm)
	Profile 1 average precipitate density (µm-2)
	Profile 2 average precipitate size (nm)
	Profile 2 average precipitate density (µm-2)

	N10
	9.6
	676
	5.3
	1776

	N11
	7.7
	707
	5.8
	1830

	N12
	9.6
	576
	11.9
	687

	N13
	10.5
	571
	7.9
	1901

	N14
	9.3
	583
	7.5
	1888

	N15
	9.5
	652
	8.2
	1589



The results show that Mo has a different effect depending on the carbide type formed in the steel and that the precipitate density values vary substantially between profile 1 and 2. This difference can be attributed to profile 2 having a longer time for full precipitation to occur. When Mo is added to the Ti containing steel (sample N11) the precipitate density increases slightly, while the precipitate size decreases for profile 1 and is the same within experimental error for profile 2. 
Introducing Mo into the vanadium containing steel (N13) has a very different effect depending on the holding time. For profile 1 Mo has no effect on the precipitate density although there is an unexpected increase in the average size. The precipitate density for N12 profile 2 is very low and the average size is high. The addition of Mo dramatically increases the precipitate density while also lowering the average size. The reason for this difference between profiles is discussed in section 5.8. 
The effect of N on both profiles appears to be minimal with no obvious change occurring to the precipitate density or size results. Cr also has no clear effect on the precipitate size, but the precipitate density increases with profile 1 and decreases with profile 2 by a significant amount.
The replica images show that the precipitate density is higher for profile 2 compared to profile 1, indicating that further precipitation has occurred after IP was completed. The precipitate morphology and other batch 3 results will be discussed in more detail in section 5.3.  

4.3.2 Atom Probe Topography results and discussion

This project was carried out by The University of Oxford using samples and knowledge from The University of Sheffield. The aim of the project was to use the atom probe topography to map the structure of the precipitate in as much detail as possible and to better understand the role of Mo. To do this two micro-alloyed steels were analysed, one being simple VC IP containing steel and the other also being the same steel composition, but also micro-alloyed with Mo. The compositions of both samples are shown in table 20. 

	Table 20; Composition of APT samples. All figures given in wt%

	ID
	C
	Mn
	Si
	Al
	Nb
	V
	Ti
	Mo
	Cr
	N

	N16
	0.047
	1.60
	0.18
	0.043
	-
	0.2
	-
	-
	-
	≤0.01

	N17
	0.045
	1.60
	0.19
	0.046
	-
	0.2
	-
	0.2
	-
	≤0.01



Both of these APT samples are based on 650 grade steel making them comparable to batch 1 N1 and N2 in terms of strength and micro-alloying content. The processing route for these samples was also very similar to that carried out with batch 1 and 2, except that during coiling the temperature was not isothermal but was allowed to slowly cool to room temperature. 
By varying the IP temperature the morphology of the precipitates will change, with regions of IPC (common for V-based carbides) and IPP being found [8]. The precipitate size range will also be wider than that found with samples coiled at the same temperature, as particles formed initially can coarsen far more than those formed at the end of IP. This is beneficial for the APT research carried out as it allows the full range of precipitate morphologies to be observed. Figure 61 shows the thermomechanical processing route in more detail. 


[image: ]Figure 61; Thermomechanical processing route for N16 and N17. 



The thin-film samples were analysed via APT using the same methodology outlined by Xu et al. [54]. They measured the precipitate density for N16 as 14,000 µm-3 and N17 as 350,000 µm-3, which are not the same units used for batch 1, 2 and 3 (which are all particles per unit area) but do show that Mo dramatically increases the precipitate density of V-based carbides. This finding is in line with other independent researchers who found that the reduction in the strain energy from the addition of Mo resulted in increased kinetics for particle formation, which increases the particle density [24, 44]. 
These results differ from batch 3, samples N12 and N13 (VC and (V, Mo)C respectively). A key difference between the samples is the absence of hot-rolling for batch 3 samples. It is believed that the absence of rolling reduces the dislocation density, which leads to supersaturated precipitation becoming more prevalent than IP (see section 5.3 for details). When the IP stage is complete for samples N16 and N17 the temperature will have decreased which makes supersaturation precipitation increasingly more difficult to achieve and thermal coarsening becomes less prevalent. In conclusion, the thermomechanical processing changes between N16/N17 and batch 3 allow for substantial differences in the precipitate morphology to occur which are greater influences than the micro-alloying element composition they have in common.     
 Figure 62a shows two 3D maps containing multiple particles belonging to sample N16. The map shows both where the carbides are located and their shape in more detail than possible with TEM. The small purple dots are background readings and can be ignored. Figure 62b shows the change in element concentration over distance. The far left of the graph represents the α-Fe matrix boundary with the carbide and the far right is the composition in the centre of the carbide. 
[image: ]Figure 62a; 3D APT map of sample N16 showing the layout of precipitates within 2 small regions. 
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Figure 62b; Change in element composition with increasing depth into a VC carbide. 


Figure 62a gives the morphology of 8 large VC particles along with several smaller particles. The smaller particles are spherical while the larger ones were rod or disc shaped. This observation has been seen before by Chamisa et al. [44] who observed that virtually all IP precipitates were rod shaped, and even particles that appeared spherical were also found to be rod-shaped by tilting the sample so that the precipitate could be seen in different orientations. The reason for this shape is unclear, but it could a combination of preferred growth on sub grain structure, dislocations etc. and/or the stretching of the precipitates during α/γ unpinning, which is known to occur for carbide fibres.
It can be seen from figure 62a that many of the larger precipitates were in contact with other smaller precipitates. Recent research into VC particle nucleation and growth shows that no Oswald ripening occurs while precipitation is taking place, and that any particle growth that does occur during IP is caused by diffusion of solute elements into the particles, which increases size without decreasing the particle density [55]. 
Figure 62b suggests that there is a decrease in Fe with distance into the particle which could be interpreted that the outer section of the particle contains a mixture of VC and Fe. However, this is an artefact of the reconstruction in atom probe. It is worth noting that N was detected at the centre of the particle. While N was not added to this sample it can appear as a contaminant at trace levels. It also shows that some of the particles detected may have originally been VN which form around 100 °C above that of carbides, and later became carbonitrides though particle diffusion [15, 26, 27].
Figure 63a shows a 3D map of (V, Mo)C particles from sample N17 using a wider viewing area compared to figure 62a. Figure 63b shows another 3D map from sample N17, except this was taken at a α-Fe grain boundary in order to determine if any micro-alloying elements segregate to the grain boundary. Figure 63c shows the change in particle composition with depth in the same way as figure 62b, except this time the Fe content was not shown due to the more complex composition of the particle. Figure 63d shows the change in composition as a α-Fe grain boundary is approached, with the right-hand side of the graph being the grain boundary.        
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Figure 63a; 3D APT map of sample N17 showing the layout of precipitates within a small region. 
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Figure 63b; 3D APT map showing the layout of precipitates and a α grain boundary within a small region. The horizontal “rod” that goes through the entire map is an APT artefact and should be ignored.   





[image: ]Figure 63c; Change in sample N17 element composition with increasing depth into a (V, Mo)C carbide. 
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Figure 63d; Change in samples N17 element composition with increasing depth into a α grain boundary. 


Figure 63a shows that the morphology of the (V, Mo)C particles are very similar to the morphology of the VC particles in figure 62a. The larger particles again are primarily rod or flat disc shaped. The wider viewing range of figure 63a allows the IP row morphology to be clearly seen, and also shows that the precipitate size varied within a row. Not enough of the rows can been seen to determine if they are IPP or IPC, however the rows from the finer precipitates are not fully parallel with the other rows which indicates the direction of the row may be gradually changing, as is commonly the case for IPC [8].     
Figure 63b shows a 3D map containing two large disc shaped particles and a α grain boundary at the top right corner. The horizontal blue line that goes though one of the precipitates, along with the blue spots in the image, are all APT artefacts that can form during scanning. These artefacts are not real features and should be ignored during analysis. The grain boundary can be seen to be smaller than some of the coarser precipitates present, which is in line with much of the TEM results obtained for batch 1 and 2.   
Figure 63c shows the composition of one of the sample N17 particles, which also has a coherent interface with the α-Fe matrix making the increase in micro-alloying elements gradual. As with figure 62b trace elements were also found within the precipitates, in this case Nb which gives the particle composition of (V, Mo, Nb)C, which has been studied in batch 1, sample N5. 
The concentration intensity of all the micro-alloying elements increase proportionally as the depth into the particle increases, except for Nb which only partially increases, however being a trace element this is not surprising. This along with figure 62b shows that the IP precipitates are mostly homogeneous in composition and do not show any core-shell structure which can be found in carbonitrides formed in the γ phase [37].
In terms of particle concentration Mo had the lowest value (excluding the trace Nb) despite having the same 0.2 wt% addition as V. It is well known that the favourability of Mo within IP is only strong when the particle is very fine and Mo can decrease the strain energy, however as the particle grows the importance of strain energy reduces and the loss of thermodynamic stability due to the presence of Mo becomes a stronger influence [24]. As the particle grows the proportion of Mo present constantly decreases and instead increasingly becomes VC, which explains why Mo has a lower concentration.
In terms of V and C concentration, figure 62b shows that V has a higher concentration than C, while figure 63c shows that C has an overall higher concentration, however there are sections inside the particle where the C and V proportion is equal. VC and MoC0.5 have a very similar lattice parameter of 0.417 and 0.421 nm respectively making the direct substitution of V by Mo easy, which explains why sample N16 IP have more V [24]. It is well established that the IP have a NaCl Face centred cubic structure [24] (see figure 12 for a visual structure), therefore for VC the ratio should be 1:1, which is not found for figure 62b. However, the data presented cannot be considered fully quantitative and further analysis of the APT data would be required to determine the actual partial composition.          
Figure 63d shows the composition of a grain boundary, which is found to contain all of the micro-alloying elements present in IP along with a spike in C and Mn. Trace elements such as P and B are also found in the grain boundary, but not in the α-matrix. This image supports the general theory of IP which states that the α/γ phase boundary collects and drags micro-alloying elements until the boundary stops moving and a α grain boundary is formed. 
The highest concentration of elements within the grain boundary was Mn and C in approximately equal amounts. Part of the γ→α transformation involves the migration of C from the α-Fe phase to the shrinking γ phase in order to remain in solid solution, therefore there is a natural build-up of C at the phase boundary, which eventually becomes the grain boundary [5]. Mn is primarily found within the solid solution and has the second largest composition after Fe. There is some evidence of Mn occasionally entering particles, as demonstrated by sample N9Mo, figure 53p which is one of several particles that potentially contained small amounts of Mn. 
The concentration of Mo within the grain boundary was found to be the third highest and generally greater than the level of V present. Both Mo and V are micro-alloying elements used in the slowing and pinning of the α/γ phase boundary to form IP, with the phase boundary eventually becoming the grain boundary at the end of transformation. It is therefore expected that both of these elements would be highly concentrated at the grain boundary, however as already seen with figure 63c more V will enter the IP then Mo, leaving a greater amount of Mo at the end of phase transformation, which remains in the grain boundary.  

























5 Discussion

5.1 Microstructure of samples

The grain size results were given in figures 29a-h and 44a-g for batch 1 and 2 respectively. There was a substantial difference in the grain size when comparing the optical microscopy (OM) and EBSD results and they do not follow all of the same trends. The larger grain size measured by OM can be attributed to the human eye not being able to detect sub-grain boundaries which EBSD is capable of detecting. For example the OM results for N1 and N2 show almost no difference between fast and slow (100 and 50 °C/s) cooling while the EBSD results show that increasing the cooling rate substantially decreases the grain size. 
The morphology of the grains also differed between OM and EBSD. This was primarily because the OM results were taken from a section from the transverse normal plane, while the EBSD was taken from the rolling plane. The OM was undertaken on the transverse normal plane in order to examine effects of segregation, through thickness changes and grain elongation. In contrast, the EBSD was undertaken from the rolling plane as the microscope holder requires a much larger sample than provided by the transverse normal plane. 
The OM and EBSD results show that the microstructure of all the batch 1 steels except N6 is single phase α with no cementite or pearlite being detected. This was expected due to the low C content and that the steel was tailor made to be single phase α from the beginning. However, N6, which was based on the JFE chassis steel, was the exception to this as it contained a ferrite-bainite (FB) microstructure. As mentioned in section 4.1.2 FB steels are popular materials for automotive parts [41, 42][56]. The FB microstructure of N6 promotes high strength, high stretch-flangability and high fatigue strength [56].   
The majority of steels analysed by OM had quite a heterogeneous grain size distribution, with some steels having at least a 2 μm difference in average size when different sections of the microstructure were selected. To allow for this the areas with the largest and smallest grain size were taken into account when determining the average grain size for the particular steel sample. There are several possible reasons for this variability. Firstly, the heterogeneous microstructure may be due to the well-known Mn segregation that occurs during solidification and is not totally removed during hot-rolling. The Mn-segregation can locally reduce the γ→α transformation temperature and influence the final α-Fe grain size. Secondly the α-Fe grain size difference is also probably a result in variations in the austenite grain size inherited from casting that are retained on hot working. There is also evidence that low coiling temperatures make the steel less homogeneous and the average angle between grain boundaries reduces [57]. Finally, there is a natural variation in the degree of strain through the material section with the surface being more deformed than the centre which promotes a finer grain size.     
 The SEM results provide no additional information over the OM and EBSD results expect for confirming the uniform composition which is to be expected from these steels with a fully transformed α structure. The same heterogeneity in grain size observed in the OM results was found by SEM. N6 contained less clearly defined grain boundaries (see figures 29h and 31h) which is to be expected from a ferrite-bainite microstructure, along with an increased number of smaller second phase particles that are probably carbides. Mn was found in solid solution in the α matrix in all samples and contributes to solid solution strengthening [26][36]. 
Discussion of batch 2 grain size results will be primary though the optical microscopy (OM) data instead of the EBSD values simply due to the unreliability of the later results. The EBSD software was unable to produce grain size values that were realistic or allowed proper comparison between samples despite the methodology being the same for batch 1. Moreover, the erroneous indexing of Fe3C further distorted the results. Fortunately, the IPF images shown in figure 48 were fully consistent with the OM findings allowing some of the EBSD data to be used as part of this discussion.
	The explanation for the incorrect grain size measured by EBSD could originate from the greater quantity of sub-grain boundaries observed in batch 2 compared to batch 1. As with batch 1 a grain boundary was defined as being over 15 °, and when it became apparent that this setting was not enough to remove sub-grain structure it was increased to over 20 °, but even this had no significant effect on the average grain size. It is highly unlikely that the sub-grain boundaries were at such high angles, indicating that some error has occurred when calculating the location of grain boundaries. 
The microstructure of the batch 2 steels was α-Fe with the exception of the JFE samples that had a ferrite-bainite structure. This agrees well with the batch 1 steels which were also all α-Fe with the exception of N6 which like the JFE samples was also micro-alloyed with Ti. The addition of Ti to steels is known to promote a bainitic structure.
 The heterogeneity in grain size observed in batch 2 samples was similar to that in batch 1, with most samples having a 0.5-1 µm range between regions. The reasons for this heterogeneity would be the same as the batch 1 results, with both steels having similar Mn contents (except N1 that had lower Mn, see table 5) and therefore expected to have similar levels of segregation. However, the SEM backscattered results (see figure 45 as a representative image) failed to reveal any segregation, with a uniform α-Fe matrix composition observed. 
Occasional large carbides were found in samples N8CrH, JFEH and JFEL with them being (Mn, Mo, Al) C, TiC and (Ti, Nb, Mo)(C, N) respectively. The large (500 nm) N8CrH carbide was only found in one area and was likely to be undissolved carbide formed during casting. The carbides in the JFE steel were more common, especially JFEL with large carbides observed in most SEM images. 
The IPF images in figure 48 show complete grains and their orientation variations from grain to grain. Samples coiled at 630 °C had clearly defined grains, with a wide range of orientations. The microstructures of batch 2 samples were comparable to the batch 1 samples, as expected. 
	The microstructure of batch 3 was only briefly investigated due to the absence of hot-rolling which means the grain size results are not comparable with either batch 1 or 2. The heat treatment schedule was focused on investigating the IP and not the effect on grain size and therefore there is no incentive to find the Hall-petch strength contribution. Only a brief OM analysis was carried out to get the general microstructure.
	As with the batch 1 samples the microstructure of steels N10 and N11 was ferritic, which are the Ti, and Ti+Mo micro-alloyed steels respectively. This is consistent with the dilatometer results (figure 58a-b) which show that all these samples had completed the austenite to ferrite transformation. 
Samples N12-15 (V, V+Mo, V+Mo+N and V+Mo+N+Cr) were found to have ferrite and also martensite regions, with the martensite fraction greater for profile 1 samples compared to profile 2 (60 and 90 min coiling respectively). The martensite originated from the incomplete transformation of austenite into ferrite (as shown by the dilatometer results) and the remaining austenite rapidly transforms into bainite or martensite when the sample is quenched down to room temperature.            



5.2 Effect of pre-transformation cooling rate on the microstructure and precipitate morphology

The cooling rate of all the batch 1 and 2 steels at the end of hot rolling was 50 ºC/s, with the exception of samples N1F and N2F which experience a cooling rate of 100 ºC/s. This investigation arose because there was some evidence that the cooling rate might affect grain size and/or the potential for precipitation on cooling prior to transformation. 
	The OM results suggest that there was no difference in grain size for N1 and N2 when the cooling rate is increased from 50 ºC/s to 100 ºC/s. In contrast, the EBSD results show that increasing the cooling rate results in an approximate 3μm decrease in grain size for N1 and a decrease of around 1 μm for N2. 
	This difference between the OM and EBSD results is again explained by the EBSD detecting sub-grain boundaries whereas the OM does not. By increasing the cooling rate the steel will have a greater level of thermal distortion and mismatch between the surface and centre of the sample. This distortion leads to a higher dislocation density which provides more nucleation sites for α to form and thereby results in a finer grain size. The effect of increased cooling rate decreasing the grain size in IP α steels has been found before by Bu et al. [43] who gave a similar theory to that provided here, however their cooling rate was only 0.5, 1 and 5 °C/s which is significantly less than those used in this project. The low C content used in the batch 1 steels was a significant factor in preventing the formation of bainite during fast cooling and instead the α grain size is refined.   
Table 11 shows that increasing the cooling rate from 50 °C/s to 100 °C/s significantly increases the precipitate density and slightly increases the precipitate size for both N1F/N1S and N2F/N2S. The effect on cooling rate on nano-precipitates has been researched independently by Bu et al. [43] and Yun et al. [45] who both found that increasing the cooling rate increased the precipitate density due to the formation of dislocations which act as nucleation sites for IP to occur. This theory is consistent with the EBSD grain size results where the fast cooled samples had a finer grain size due to the increased dislocation density. 
	These studies also show that increasing the cooling rate slightly decreases the size of the precipitates, which was believed to be due to the reduced time the steel spends at higher temperatures [43][45]. In the present study, the opposite was observed, with a slight increase in precipitates size at the increasing cooling rate. However, the difference in precipitate size was within experimental error, which will have been large for such measurements. This suggests that the precipitates were formed during phase transformation, which was not greatly affected by the cooling rate.
	Both Bu et al. [43] and Yun et al. [45] found that if the cooling rate was too high then the formation of IP was hindered due to the cooling rate being too high for nano-precipitates to form. Bu et al. [43] also noticed the presence of strain induced precipitates which would have been encouraged from the distortion created by faster cooling in the γ phase. Strain induced precipitates formed in the austenite would have a longer time to coarsen during the coiling stage. In the present work, the higher number density of precipitates with statistically similar precipitate size in the 100 °C/s samples compared to the 50 ºC/s samples should have a positive impact on the mechanical properties. However, despite the apparent improvement in microstructural parameters, the tensile results in table 12 show no increase in the yield or tensile strength. This is difficult to explain but, as mentioned in section 4.1.4 the gain in precipitation strengthening may have been counteracted by the loss of micro-alloying elements contributing to solid solution strengthening.

5.3. Effect of coiling temperature 

One of the experimental outcomes of the batch 2 samples was to see the effect of changing the coiling temperature from 630 ºC to 600 ºC. 600 ºC was chosen as it is the lowest temperature where extensive IP is expected and would minimise particle coarsening. Below this temperature, transformation becomes increasingly dominated by formation of bainite. 630 °C was also chosen for it typically being the temperature where IP formation is the most favourable. Of course, the ideal would be to undertake a precipitation-time-temperature study for each steel composition, but this would be remarkably time consuming and is well beyond the scope of this study.
The grain morphology did not significantly change with coiling temperature, with the only differences being found in the grain size. The OM results, table 14, show that reducing the coiling temperature from 630 °C to 600 °C resulted in a decrease in grain size. The reduction was similar for samples N7 and N8Cr (around 0.3-0.4 µm), while the JFE samples experienced a far greater grain size reduction (around 1.2 µm). It is commonly known that the lower the transformation temperature, the finer the grain size. 
The difference in the grain size reduction between sample N7L and N8CrL and the other alloys could be because the grain size in these alloys approached a natural limit for α-Fe, below which the grain size cannot be reduced. Suh et al. [58] reported that the α grain size could only be refined to a certain limit though the use of severe γ deformation. The grain size of batch 2 steels were small enough to be in the region for the α grain size limit to be a relevant factor. N7 and N8Cr samples contained a higher level of Nb compared to the JFE samples which would have led to a reduction in austenite grain size and hence had a finer grain size than the other alloys. 
In section 4.2.3 the TEM results show that the precipitate density for the 630 °C samples was significantly higher than those coiled at 600 °C, table 16. While all of the samples had regions where precipitates could be found (which was not the case for many batch 1 samples), the 630 °C samples had more regions where the particle density was very high. The samples coiled at 600 ºC would have had a higher driving force for α-Fe formation compared to the steel coiled at 630 °C, resulting in a faster α/γ transformation interface velocity, resulting in less IP [6]. Nevertheless, TEM results showed that IP was present throughout the samples coiled at 600 ºC. The one exception to this was the JFEL steel, where a similar particle number density was found at both coiling temperatures. Of course, this steel was based on the precipitation of TiC rather than VC in the other steels and therefore the precipitation-time-temperature behaviour would be expected to be different.
	It was expected that the precipitate size would be lower for samples coiled at 600 °C compared to 630 ºC because of the slower diffusion at this temperature. However, precipitate sizes were found to be the same within statistical variation. This is surprising given the significant difference in precipitate number density between the two temperatures.
	The dilatometer investigation for the batch 3 steels shown in figure 58 (section 4.3.1) were meant to build on the work of Bu et al. [31], who found that Mo slows the speed of the α/γ phase boundary during the formation of (Ti, Nb, Mo) C IP. The same author also reported an increase in the IP volume fraction due to Mo reducing the row spacing, which is another sign of the α/γ transformation boundary velocity being reduced. 
	Samples N10 and N12 were based on simple TiC and VC IP respectively which were expected to have the shortest γ→α transformation time due to the lack of Mo and the lowest amount of micro-alloying elements in general to slow down the α/γ phase boundary. For both profile 1 and 2 (630 °C coiling for 60 and 90 min respectively) it was found that sample N10 had the fastest transformation time, with N12 being slightly slower. When Mo was added to both the Ti and V samples (N11 and N13 respectively) the time required for full phase transformation increased significantly, with the effect being far more pronounced for the V micro-alloyed steels, which took several times longer to fully transform compared to the Ti micro-alloyed steels. 
Both Ti and V micro-alloyed samples are strong carbide formers and have various factors that make IP highly favourable at 630 °C. TiC possess the lowest carbide formation energy compared to VC, MoC and NbC [24]. Additionally Ti has the lowest solubility in α which creates a higher driving force for IP compared to V [6]. However V based carbides have the lowest strain energy with the α matrix, which results in them being more thermally stable than TiC once formed [24].
The importance of the formation energy versus strain energy reduction has been discussed before in the context of Mo in steels. The addition of Mo causes both an increase in the formation energy and a reduction in the strain energy of the IP carbides; however in practice the particles are not only refined but the particle density also increases regardless of the increased formation energy [24]. The reduction in strain energy for fine coherent precipitates is greater than the gain in formation energy, making Mo an overall positive addition to maximising IP [24].
The same theory also applies for TiC and VC formed though IP. TiC has a lower formation energy than VC, while VC has a lower strain energy with the matrix compared to TiC [24]. The strain energy has a more potent effect than the formation energy in encouraging the growth and stabilisation of precipitates [24]. For this reason sample N12 has a slightly slower α/γ transformation boundary than N10 due to VC precipitation being slightly more favourable than TiC. When Mo is added to the steels that produce TiC and VC (samples N11 and N13 respectively) there will have been two effects; the increase in micro-alloy elements would slow down the transformation boundary, and secondly the Mo would lead to a reduction in strain energy for between the precipitate and matrix for both TiC and VC. However (V, Mo)C  carbides are significantly more stable (at small particle sizes) than (Ti, Mo)C which increases the driving force for formation, even if the initial formation energy barrier is higher [24]. 
The net result of the significantly reduced strain energy between precipitates and matrix for sample N13 is that the α/γ transformation boundary is greatly slowed to the point that full α formation does not occur within 90 min (profile 2 coiling). The untransformed γ subsequently transforms to martensite during cooling to room temperature. The volume fraction of martensite is therefore an indicator to how complete the γ→α transformation was.
The addition of N to (V, Mo)C steel (sample N14) had little effect on the transformation rate, although both profiles do show a very slight decrease in the transformation time. The result is unexpected as it was thought that N would slow down the α/γ transformation boundary, with evidence for that theory coming from the higher particle density observed in steels N3/N4 (carbonitride IP) compared with steel N5 (no N). 
The problem with sample N14 is that neither profile 1 or 2 reach full completion of transformation due to the effect of Mo. This makes it harder to correctly measure the true impact of N and from it gain insight into the role N plays. A simpler micro-alloyed steel that lacks Mo would be more useful in precisely determining the effect of N from the start to the finish of ferrite formation. 
The precipitate density increase that was seen when N was added in batch 1 was not strongly reflected in the batch 3 precipitate results (see table 19), although some refinement in the profile 1 average particle size did occur for sample N14. It is important to highlight the differences in production of batch 1 samples with batch 3, as the former was hot rolled while the latter was only forged, with a much smaller total deformation. Additionally samples N3-N5 contained Nb while sample N14 did not, so there could be a difference in how the N interacts with the other elements in the particle. The batch 3 results show that N had little effect in the forged V, Mo containing alloys, but there may be a difference in the hot rolled product. More research is needed on this to understand the role of nitrogen.
The effect of Cr (sample N15) was mixed with profile 1 showing that Cr decreased the α/γ transformation speed while profile 2 showed the opposite. Given that the only difference between the two was the hold time, these differences look like sample to sample variability and therefore Cr had little effect on transformation velocity. Batch 3 samples were created prior to the results of batch 2 being available. The batch 2 results showed a mixed effect of Cr in that it increased the generation of IP for samples coiled at 630 ºC and hindered precipitation at 600 °C. Thus, any differences in precipitate morphology from the addition of Cr were not related to the speed of transformation. However, more understanding of the effect of Cr is gained when combined with the batch 3 precipitate morphology results, as discussed in section 5.4.   

5.4. Precipitate types and morphology

There appears to be a connection between the micro-alloying composition and the precipitate morphology observed though C-replica and thin film samples. N1 and N2 had the lowest micro-alloying addition which resulted in the most varied and inconsistent precipitate morphology in terms of size and shape. Moreover, no evidence for IP could be found in the thin film samples, which combined with the other results strongly implies that IP did not take place and instead supersaturated precipitation was dominant. This could be due to the micro-alloying composition not being high enough to sufficiently slow the γ/α boundary, resulting in little or no IP taking place in certain areas. This would then lead to supersaturated precipitation later on, with less time for the precipitates to coarsen and so resulting in finer precipitates than those formed through IP. 
	N3-5 had approximately double the amount of C, Nb and V than N1-2. This resulted in a much more uniform precipitation density than for N1-2, with evidence of IP found in all of the samples. The exception to this was N5 which had lower N, suggesting that the presence of N was important to IP. However, the high standard deviation in precipitate measurements along with the difficulty in identifying IP from grain to grain makes it difficult to understand whether supersaturated precipitation had occurred or even high temperature precipitation in the γ phase. The heterogeneity of precipitate size and morphology between grains implies that different precipitation mechanisms had occurred in different grains. 
	There was a constant and uniformly high precipitation density found in all the grains of steel N6, along with an approximately constant precipitate size. N6 had a similar composition to N3, but with half of the V replaced by Ti. This in itself is a strong indicator that all the precipitates formed under the same mechanism. The morphology of the precipitate rows strongly suggests that IPP was the dominating mechanism for the entire N6 microstructure. 
Ti is well known as the strongest carbide former in IP and it appears that its ability to pin the γ/α boundary and consistently form nano-precipitates is greater than the effect of Mo and N combined [24]. Such an effect has not been observed before in literature. 
	Some firm evidence for this theory can be seen in the number frequency graphs. Here, the vast majority of the precipitates were finer than 5 nm in sample N6 (figure 42n), with no secondary population being present. This can only occur if all the precipitates form under the same conditions and due to the planer morphology IPP is the only explanation. N3-5 has a much wider range of precipitate size with N5 and N4 showing evidence for a secondary population. This shows that while IPP is the dominant mechanism the temperature of precipitate formation is not uniform and possibly the mechanism of precipitation is also different. Finally N1-2 have a low precipitate density which makes it difficult to observe secondary populations of precipitates, but as with N3-5 there is a wide size range which indicates the mechanism of formation is similar.     
	The batch 2 samples had a consistently high particle density along with clear evidence for IP in multiple regions in each sample. This strongly implies that IP was the dominant mechanism for precipitate formation, in a similar manner to steel N6. The key difference between batch 1 and 2 samples was the increase in C and other micro-alloying elements that are known to slow down the α/γ boundary, resulting in easier formation of IP.
With regards to batch 3, the precipitate density and size results for profile 1 and 2 (630 °C at 60 and 90 min respectively) were very different to each other, with the former having generally larger precipitates and also having less than half the particle density (see table 19). The only way for these results to make sense is that super saturated precipitation occurred after IP which would increase the particle density. If these precipitates form towards the end of the 90 min coiling then they will not have had as much time to coarsen, which reduced the average particle size compared to profile 1 even though the IP particles were larger. Evidence for this theory can be found in figures 59a-f and 60a-f (profile 1 and 2 respectively) which show that profile 1 has a row like precipitate distribution that is more in line with IP, even though the IP structure is not normally observed in carbon replicas.  
The occurrence of precipitation after transformation means that the IP process did not lower the micro-alloy element content in solid solution sufficiently for it to be stable in the α-Fe matrix, so further precipitation occurred. The absence of hot-rolling in batch 3 means that fewer dislocations were present to pin the α/γ boundary, which reduces the amount of IP that occurs [11]. In terms of understanding the effects of different micro-alloy elements on precipitation, profile 1 is more useful as the precipitates present had been formed primarily by the IP process.        

5.5. Comparing V and Ti based precipitates

It is important to make a comparison between steels that use Nb-V as the main micro-alloying elements compared to steels that use Ti. By doing so it will help determine which family of precipitates are more promising to use in industry and require a greater investment in resources. The commercial JFE steels were used as a benchmark to be compared with the other steel samples, while sample N6 was designed to understand the combined effect of V and Ti.
N6 differed from the other batch 1 samples due to the absence of Mo and N, but it did contain V and Ti giving it a strong carbide forming ability [24]. It was found that N6 had substantially finer precipitates (2.9 nm) compared to all the other batch 1 samples, as well as a much smaller standard distribution in size. The precipitation density was also found to be dramatically higher than anything else within batch 1, with the 1253 precipitates per µm-2 which was comparable to the measurements from batch 2 steels (which had a much higher micro-alloying content). The morphology of the precipitates in N6 was also different to the other samples, with the C-replica results showing the carbides clustering close together to the degree where counting each one was difficult. Also, in the thin film TEM samples IPP was very easy to find unlike the other samples. The high precipitate density combined with small precipitate size is almost certainly the reason why N6 had the highest yield and tensile strength.
The clustering of the nano-precipitates in N6 was found extensively in the C-replicas and some evidence for clustering was also found in the thin film samples (see figure 42i). The investigation of clustering is limited in the literature, with the work by Kim et al. [14] being the only relevant area of research. They found significant clustering in steels hot-rolled in the α+γ phase region which resulted in IP and deformation taking place at the same time. The rolling temperature they used was almost 400 °C lower than used in this project, making the mechanism for clustering different to the current work.
	The clustering present in N6 is almost certainly not due to precipitation occurring during rolling in the γ phase field, as precipitates formed in this way tend to be formed on dislocations, and are therefore not clustered, and coarsening would have made them much larger than observed. While there is no literature to explain the clustering, the work from Mukherjee et al. [30] gives a viable theory of what is occurring. In their work they looked at (Ti, Mo)C using an atom probe to observe IP and nano-carbide clusters that formed rows which were perpendicular to the IP precipitates. They found that the nano-clusters did not coarsen with increased coiling time. The absence of Mo in steel N6 could have resulted in increased coarsening compared to a Ti-Mo alloy, but coarsening would be expected to remove the clusters. Therefore, the current observations of clustering appear to be consistent with the mechanism proposed by Mukherjee et al., which not only explained why clustering occurred but also why both the precipitate density was very high and the size was very fine. This absence of this mechanism in any other samples suggests that it is associated with the combination of Ti and V. In order to prove this theory Atom Probe Topography would be required to determine the nature of the ultra-fine (<2.5 nm) precipitate clusters and whether their structure bears any semblance to the BCC nano-clusters reported in the literature [30]. 
	While N6 did not have the finest grain size of all the batch 1 steels, the consistently high precipitate density and small average particle size results in the steel exhibiting the greatest precipitation strengthening. Consequently, steel N6 had the highest yield and tensile strength while still having an acceptable elongation.
Samples JFEH and JFEL were found to contain the highest precipitate density along with the finest precipitates. It was shown from the N6 results that Ti is a very strong carbide former and has a greater potency than the combined effects of Nb, V, Mo and N found in samples N3 and N4. The combination of Ti and Mo is well known to substantially improve the thermal stability of the carbides and increase the precipitate density [2] [24]. It is therefore not surprising that sample JFEH exhibited the strongest precipitate strengthening. However, sample N8CrH exhibited a similar precipitate density to the JFEL steel, but had larger precipitates, and a finer grain size (see section 5.7 for details). 
Steel N6 was unique in the study in that it contained Nb, Ti and V whereas all other steels were based on either V or on Ti as the major carbide forming element. Moreover, N6 did not contain Mo, whereas all other steels that exhibited a high precipitate density contained Mo. The analysis of the precipitates found in N6 showed that they contained all three micro-alloy additions, i.e. Ti, V and Nb. The presence of Nb could have resulted in the formation of Nb (C, N) in the austenite during hot working, but this was not observed, presumably because there was no controlled rolling (i.e. a deliberate hold in-between passes to allow precipitation to occur). Since IP was observed throughout steel N6, and all three micro-alloy elements were observed in the precipitates, it would appear that the Nb, Ti and V were as effective in slowing down the transformation front to allow IP as was observed in the Mo containing Ti or V steels. Further discussion into V and Ti based steels can be found in the batch 3 C-replica results. 
Sample N10 (TiC) was found to contain the second highest precipitate density for profile 1, with sample N11 ((Ti, Mo)C) containing the highest quantity. In both cases precipitation was dominated by IP. This is in line with the batch 1 and 2 results where Ti containing steels consistently had the highest precipitate densities, due to the low formation energy which makes it easy for carbides to form during IP [24]. The addition of Mo to TiC played the key role of keeping the precipitate size small and increasing the precipitate density. The theory for this is well established and researched, with Mo reducing the strain energy of ultra-fine carbides that primarily increases thermal stability but also increases the particle density because of the increased amount of micro-alloying elements present at the α/γ boundary [2][24][30].
 Profile 2 shows the increase in particle density with the addition of Mo, but there was no statistically meaningful change in particle size, in contrast to the expected reduction. The reason for this is difficult to determine without more information regarding the morphology of the IP and supersaturated precipitates and the extent of coarsening after formation, which would be greater for profile 2 (90 min hold) compared to profile 1 (60 min hold). 
Sample N12 and N13 were VC and (V, Mo)C containing steels respectively. It was found that for profile 1 the addition of Mo did not make any change to the precipitate density and the average particle size increases slightly instead of the expected decrease. However, for profile 2, the addition of Mo in steel N13, resulted in a substantial increase in particle density and a reduction in particle size compared to the Mo free N12 steel. This effect of Mo on precipitate size and density was much more pronounced than for the Ti containing steels (N10 compared to N11). Chamisa et al. [44] also looked at a Mo-containing and Mo-free steel with otherwise the same composition (which are samples N16-N17 (see section 4.3.2)) and found the effect of Mo on the V containing steel was not obvious. It is likely that the precise role of Mo would require the precipitation-time-temperature behaviour to be determined for a Mo-containing and Mo-free steel with otherwise the same composition.
It can be seen from the TEM images from C-replica samples that both N12 and N13 exhibited an increased amount of co-precipitation, which can be seen in figures 59c-d and 60c-d (profile 1 and 2 respectively). Co-precipitation has been reported before for V-based carbides, where instead of precipitates nucleating and growing in the α-Fe matrix they will instead form on pre-existing particles in order to reduce the formation energy [29]. Co-precipitates will form during the supersaturation precipitation stage and will use the newly formed IP as areas for nucleation and growth.
 This theory can explain why profile 1 sample N13 had a larger particle size than sample N12, as in sample N13 the addition of Mo resulted in more co-precipitation which would have led to more rapid coarsening. For profile 2 the replica results show even stronger evidence for co-precipitation, with the majority of sample N12 precipitates joined as pairs or triplets. Profile 2, sample N13 has even larger co-precipitate clusters; however there were also individual particles which explains why the average particle density and size are more in line with the other profile 2 samples. There could be a limit to how many co-precipitates can form by IP before it no longer becomes favourable and instead supersaturated precipitation in the α-Fe matrix occurs. More research is needed into the effects of co-precipitation in order for V-based carbides to be used effectively in industry.




5.6. Effect of Mn on grain and precipitate morphology

All of the steels studied in this report contained manganese (Mn), as it has been shown in the literature to help reduce the grain size via reducing the ferrite formation temperature, which helps slow the rate of grain coarsening [32]. The Mn content for batch 2, 3 and the atom-probe samples was constant within each batch; therefore the effect of Mn on these steels should be constant. Furthermore the Mn content for the above batches ranges from around 1.6-1.8 wt%, which makes the effect of Mn to likely be a constant for all these steels.
Steels N1F and N1S differed from all other steels in that they contained only 0.985 wt% Mn. Samples N2F and N2S have the same composition as N1 except for the Mn content which was 1.562 wt% which makes it possible to directly observe the effect of Mn.  
The OM results for N1 and N2 clearly show that increasing the Mn content decreased the grain size. The same conclusion comes from the EBSD results for the N1S and N2S steels. However, at the faster cooling rate between hot rolling and coiling (100 ºC/s) no significant change was detected. In the literature it has been found that increasing the Mn content reduces the grain size, mainly due to the reduction of the γ→α temperature which reduces the driving force for transformation and increases the solute drag at the grain boundaries [32]. In contrast, in the current work steels were forced to transform isothermally at a temperature well below the normally expected transformation temperature and so the effect of Mn may not be so pronounced. Moreover, the grain size of these steels was approaching the minimum observed in steels and therefore the grain size of N1F may be too fine for increased Mn to have any effect to the low angle grain boundaries [58].
One of the objectives of this thesis was to investigate the impact of Mn on both the grain size and precipitate morphology. By comparing C-replica samples of N1F/N1S with the Mn rich N2S/N2F samples it is possible to observe changes of the precipitate size and density for otherwise the same composition and processing conditions. The results given in table 11 show that N1S and N2S had almost the same precipitate density, while N1F had a significantly higher precipitate density compared to N2F. Both N1S and N2S have many regions where the precipitate density is very low and only a few regions where there is a high density. This large heterogeneity and regions with few precipitates made it hard to accurately measure an average precipitate density for the entire sample. 
	When comparing the change in precipitate size between N1 and N2 the same trend can be found between the fast and slower cooling rate; that increasing the Mn content significantly decreases the precipitate size. The effect of Mn on the grains size has been well researched, however there is currently no literature on the effect of Mn on IP containing ferrite [32]. The reduction in precipitate size was most probably a result of increased Mn solute drag on the transforming γ→α boundary, which is known to result in finer precipitates. 
	The significant reduction of precipitate density with the increase in Mn content was unexpected and will have offset the increase in strength from the reduction of the precipitate size. It was stated in section 2.2 that the choice of the coiling temperature is very important, as where this temperature is too high or too low can result in IPP no longer being favourable due to the driving force for precipitation being too low or the α/γ boundary moving too fast [6]. As Mn is known to alter the γ→α transformation temperature the ideal temperature for IP maximisation may well have been altered such that 630 °C was no longer the ideal coiling temperature. As the window for IP is only about 50 °C (which is where the full range of IPR to IPP-regular is found) even a slight change in the γ→α transformation temperature is enough to substantially change the precipitate morphology and in this case reduce the precipitate density [6].
	The mechanical test results shown in table 12 are consistent with the grain size and precipitate measurements as there was no statistically meaningful difference in strength between N1 and N2. Therefore, the increase in strength from grain refinement in N2 was fully offset by the loss in precipitation strengthening. Likewise, the tensile elongation was similar for N1 and N2. 
	From an industrial point of view these results show that Mn is capable of both reducing the grain size and precipitate size which will increase the strength of the steel. However, care must be taken on how much Mn is used to not reduce the precipitate density unacceptably. Thermodynamic models are needed to calculate the reduction of the transformation temperature as a function of Mn content. From this, and experimental verification, the coiling temperature can be altered to ensure that the driving force for IP formation is at its maximum.

5.7 Effect of adding Cr to steels containing (Nb, V, Mo)(C, N)

One of the areas of research into IP steels that has had little investigation is the effect of Cr as a micro-alloying element. As discussed in section 2.4.6 Cr has the potential to be used as a substitute for Mo and has been shown to form (Mo, Cr)C with a guinier radius of 1.5 +/- 0.3 nm [1]. In all cases in the literature where Cr containing IP was successfully created, Mo was present. Therefore Mo is believed to be essential in creating stable Mo-Cr carbides [1][40].
	The logic of creating N8CrH and N8CrL was that if Mo and Cr could be found to co-exist within complex IP precipitates (such as (Nb, V, Cr, Mo)(C, N)) then Cr could be used as a partial substitute to Mo and help reduce the average precipitate size. 0.3 wt% Cr was added into a complex micro-alloying system (for both batch 2 and 3) to test whether Cr has a high carbide forming strength.   
	The addition of Cr resulted in an approximate 0.5 μm grain size reduction for both N8Cr steels compared to the N7 steels; N8CrL had the smallest grain size (2.5 μm approximately) of all batch 1 and 2 steels and N8CrH has the joint second smallest grain size (with a similar value to N7L). The reduction in grain size with the addition of Cr was statistically significant but was nevertheless small. Cr was found to not enter any of the precipitates, figures 51i and 52j; therefore, it was only be present in solid solution and potentially at grain boundaries. There is some evidence from the literature that Cr reduces the grain size of ferrite, but it was not known until the current results whether this effect would also occur in a composition that promoted IP [59]. 
When discussing the effect of Cr on the microstructure it is important to refer to the batch 3 dilatometer results in figure 58. The effect of the micro-alloy elements Mo, Cr and N on the phase transformation kinetics was investigated as to whether they provided additional solute drag at the transforming interface. Since the transformation time was increased the time for grain growth of the ferrite would have been decreased. Figure 58 shows that the speed of the α/γ phase boundary was slightly increased for profile 1 and decreased for profile 2. The differences are likely to have been within a statistical variation, leading to the conclusion that the addition of Cr, in the presence of Mo, does not affect the transformation kinetics. However, the decrease in grain size in N8Cr compared to N7 was too high for it to be down to a statistical variation, so it would appear that Cr did have an effect on the microstructure. 
Figures 51i, 51j, and 52j slow that, unlike the current understanding in the literature, Cr does not enter the precipitates even with the presence of Mo and absence of Ti [1][40]. Cr is known to enter IP when there are fewer strong carbide formers present, which suggests that its absence in the carbide in the current study was a result of the presence of Mo which preferentially entered the carbide.
 As Cr did not enter the precipitate, and did not appear to change the transformation kinetics, the effect of Cr on precipitate size and density can only come from its presence in solid solution. Cr is known to be a ferrite stabiliser which will increase the driving force for ferrite formation and therefore, would be expected to increase the α/γ transformation boundary speed [60]. However, the experimental evidence was that Cr did not alter transformation kinetics, suggesting that Cr may have given additional solute drag on the boundary, counteracting the effect on the driving force for transformation.  
Comparing the precipitate size and density of N7 and N8Cr at the low (600 °C) and high (630 °C) coiling temperature shows a major effect of transformation temperature on precipitate size and number density, Table 16. Indeed, at 600 °C, the extent of precipitation was low and some areas of the sample did not appear to contain precipitates. The difference in the precipitate size and number density for N8Cr compared to N7 (which otherwise had the same composition) was small, although it might be argued that N8CrH had a greater precipitate number density than N7H. The addition of Cr increases the α-Fe formation temperature and it would appear that this was the dominant factor in decreasing the favourability for IP formation. It is difficult to tell whether such a difference was down to the effect of Cr on the precipitation process (e.g. by giving solute drag on the transforming boundary) or was just that Cr changed the precipitation-time-temperature behaviour such that the optimum precipitation conditions occurred at a slightly different temperature.
The overall morphology of N8Cr was very similar to N7 with the precipitates being mostly IPP and spherical, which is to be expected as the particle composition did not change. At 630 °C there was a greater proportion of CF along with a high density of precipitate clusters. CF formation is believed to be more favourable when the α/γ boundary movement is slow [10]. This can either be due to the coiling temperature being high, the micro-alloying content being large so that the solute-drag is strong or the γ→α transformation is close to completion so the driving force is reduced [10]. Under these conditions sometimes the newly formed carbide cannot break free from the α ledge and is dragged along the α/γ interphase. The carbide continues to grow with the α and eventually leaves a CF behind it. However, at 600 °C there were very few CF or clusters and instead there were regions in the middle of α-Fe grains that contain almost no precipitation. This feature was found in many areas of this sample and can be explained using the theory a C depleted zone at the end of α-Fe formation such that there was no driving force for IP formation [14]. This would result in the formation of fewer precipitates at the end of coiling, but that the precipitates remained fine due to the lack of coarsening through the comparatively lower temperature and the short time as these regions were believed to form towards the end of coiling. All of these observations on the IP morphology support that the role of Cr changes depending on the coiling temperature and determines whether the solute drag effect or ferrite stabilising factor dominates.
Section 4.2.4 discusses the mechanical results of N8CrH and N8CrL in detail, which showed that both steels have a significantly lower yield strength compared to that predicted from the microstructural features. One interesting thing to note is the very high tensile strength of N8CrL, with the difference between yield and tensile strength approaching 300 MPa. This differs from all the other batch 1 and 2 steels which have around 100 MPa difference between the yield and tensile strength.
The small difference between yield and tensile strength was discussed in section 2.1. In summary the fine coherent precipitates, that should promote cutting by dislocations results in a high yield strength but low work hardening rate, which was observed in all the batch 1 and 2 steels except N8CrL [7]. The low precipitate density in N8CrL suggests that this was not important in promoting the high work hardening rate. Therefore, it is difficult to explain why N8CrL had such a high UTS, despite a comparatively low yield strength. As N8CrL had a lower and more heterogeneous particle density than other batch 2 steels, a possible characterisation error may have been made. It would be worth re-examining N8CrL in order to better understand its behaviour, however this was not possible within the timeframe of this Thesis. 
In batch 3 samples, the addition of Cr to (V, Mo) (C, N) had no measurable effect on the average particle size for profile 1 or 2, which is consistent with the batch 2 evidence that Cr does not enter the precipitates. There was also no substantial change in precipitate density for profile 1, and perhaps a small reduction in precipitate density in the Cr containing steel for profile 2. This change in the precipitate density was probably associated with the speed of transformation, with the dilatometer results showing that for profile 2, the Cr containing steel had a slightly more rapid transformation, which may have led to a slightly lower precipitate density. However, differences were small and in profile 2 supersaturated precipitation was also observed. 
Additional research will be required to understand the precise role of Cr. It has been found that Cr does not enter the precipitates and does not contribute to precipitation hardening, however Cr does reduce the grain size. Cr may slightly reduce the precipitate density, but this result may not have been statistically different. The problem with sample N15 is that it has a very complex composition compared to the other batch 3 samples, making it difficult to measure the impact of Cr on phase transformation without other potential interactions taking place. A simpler steel, for example containing Cr but no Mo, but still leads to the production of IP would be more likely to demonstrate the effect of Cr.

5.8 Effect of Mo on complex precipitates and the general microstructure 

The most important aspect of this project was to determine the effect of Mo on complex precipitates in order to identify a way of reducing the amount of Mo that needs to be added to the steel. The effect of Mo was directly measured when comparing samples N4 and N3 which does and does not contain Mo respectively. Samples N7H and N9Mo are also directly comparable with the former having 0.3 wt% Mo and the latter 0.5 wt% Mo. The findings of these four samples along with the batch 3 results and atom probe results (section 4.3.2) were designed to produce a detailed understanding of Mo.  
	The explanation for this can be found in the batch 3 dilatometer results (figure 58a-b), which shows that the addition of Mo causes a major reduction in the α/γ transformation boundary speed, thereby delaying the austenite to ferrite transformation by thousands of seconds. This will leave less time for ferrite grain growth to occur during the coiling stage resulting in a reduced grain size. This reduction in grain size was the main reason for the increase in yield strength between N3 and N4.
When comparing the IP size and density of N3 and N4 it was found that the precipitate density was unchanged by the addition of Mo and the precipitates with Mo were larger than those without Mo, which was believed to be a statistically meaningful difference. Moreover, sample N9Mo from batch two, which had the same micro-alloying content as N4 but higher carbon content and 0.5 wt% of Mo instead of 0.3 wt% Mo, had larger precipitates than N4, which can only be attributed by the increased addition of Mo. Both of these measurements are highly contradictory to what is found in the literature. The only conclusion that can be made is that Mo has no effect on precipitation density but instead increases the size of (V, Nb, Mo)(C, N).
	While it is universally stated in the literature that Mo helps prevent the coarsening of IP carbides, it is important to state that the composition of the batch 1 and 2 precipitates is different enough to the alloys reported in literature for Mo to play a completely different role. Virtually every paper studied TiC, NbC or VC precipitates with and without the addition of Mo, but until now no researchers have studied (Nb, V)(C,N) with and without the addition of Mo which is highly unlikely to be the same effect due to the increased formation energy from the increased atomic misfit.
Increasing the Mo content from 0.3 to 0.5 wt% (N7H and N9Mo respectively) resulted in an increase in the average particle size and a decrease in the particle density. When comparing the yield strength results of N7 and N9Mo they have an equal value to each other. This will be due to the gain in Hall-Petch strengthening being neutralised by the reduction in precipitation strengthening when adding more Mo.
In order to understand the unexpected changes in precipitate morphology all unique aspects of sample N4 and N9Mo must be studied. The focus will be on N9Mo, as the higher Mo content caused a far greater effect on the precipitate morphology.
One important feature of sample N9Mo is that the composition between particles was more varied than any of the batch 1 and 2 samples. In general all of the batch 1 and 2 particles contained the micro-alloying elements that were intended to enter the particles (with the exception of Cr), and that the only variation was the occasional inclusion of trace elements such as Ti (figure 39m for sample N3), which is a strong carbide former.  
With sample N9Mo the EDS and EELS results detected (Nb, V, Mo)(C, N) along with particles that did not contain Mo and Nb  (figures 53n and 53o respectively). There was even some Mn that was detected in several particles using EELS (figure 53p) which has not been seen before in IP. 
The larger particles in N9Mo tended to be Nb based, figure 53n, q. These probably formed in the γ phase as strain induced precipitates. As these particles formed at a higher temperature the formation of Nb (C, N) will be the most favourable which explains why these particles were rich in Nb [26]. It is important to note that large carbonitrides were also detected in other samples. The formation of such particles will have reduced the amount of Nb available to take place in the formation of precipitates during transformation.
The absence of Nb or Mo in certain particles is very significant as it highlights that the formation of the precipitates was not consistent throughout the microstructure, whereas other samples generally contained consistent precipitate compositions. Figure 53o shows the morphology of several particles that contained little or no Nb and therefore effectively had the (V, Mo)(C, N) composition. These particles were present as a string like morphology, indicating IP. Ti was also detected in some of these precipitates, which is a trace element that would have entered the earliest precipitates due to the element being a strong carbide former.    
Another unusual feature of the N9Mo particles was that some of them contained Mn, which traditionally does not enter IP or supersaturated precipitation. Figure 53p shows that Mn was detected in the presence of several large and connected carbides, with the surrounding area being contaminated with various micro-alloying elements and contaminants. It is probably the case that Mn was detected around the particles in a more concentrated level than it actually being part of the particle composition. The only other time Mn has been detected in this project is with the APT scan on the grain boundary (see section 4.3.2, figure 63d) where Mn had left the α-solution and entered the grain boundary.
	Looking at the N9Mo results discussed so far, the key mechanism that can explain these features is the very slow motion of the α/γ boundary. It has been found from the batch 3 results (section 4.3.1) that the addition of Mo significantly reduces the speed of phase transformation, especially with V and Mo containing steels (sample N13) due to low strain energy associated with the (V, Mo)C particles and the matrix. Sample N9Mo differs from sample N13 with the addition of N and Nb and hot rolling prior to coiling, all of which act as additional barriers to α/γ motion and also promote the formation of IP.
It is theorised that the micro-alloying elements in N9Mo causing solute drag are so effective at pinning the α/γ boundary that the pinning time is extended far longer than any other batch 1 or 2 sample. It is suggested that when the transformation boundary movement is so slow there is time for not only nucleation of the IP but also subsequent coarsening while the boundary is pinned, assisted by the high interfacial energy of the phase boundary. Diffusion of the micro-alloy elements can occur rapidly along the transformation boundary and indeed locally through the austenite. Ostwald ripening of the fine precipitates could also be occurring, which would explain the low <4.5 nm particle count in this steel, figure 53t. 
The net result of these effects is a near doubling of the average particle size along with a substantial reduction in particle density, due to Ostwald ripening taking place at the interphase boundary. The addition of 0.3 wt% Mo to N4 appears to be enough to pin the phase boundary for longer than N3 resulting in more coarsening time, which counteracts the increased coarsening resistance from Mo reducing the strain energy of the particles. When comparing sample N7H with N9Mo the only difference is 0.2wt% Mo, which is enough to change the effect of Mo from subtle particle growth to a complete change in the IP morphology. It is a clear demonstration of how sensitive IP is in general to small changes in composition and temperature and how it can radically alter the final particle morphology state.
The large Nb-rich particles formed though strain induced precipitation in the γ phase may have also contributed to pinning the transformation phase boundary. Mo in NbC causes the strain energy between the particle and γ matrix to decrease, therefore it is expected that early strain induced precipitates have a (Nb, Mo)(C, N) composition [24]. 
In summary the unpredicted behaviour of sample N4 and N9Mo can be explained by Mo greatly slowing down the α/γ phase boundary and causing extended pinning times. This causes the IP formed to grow to large sizes through diffusion along the transforming boundary and though the austenite local to the boundary. The combination of both these effects is a near doubling of the average particle size compared with N7H, with lowers the precipitation strengthening effect. 
The finding that Mo can cause IP coarsening instead of stability for complex micro-alloyed, hot-rolled steels has a significant impact in terms of producing effective automotive steels. It is important to restate that the average grain size of sample N9Mo was finer than that of sample N7H (see table 14), therefore Mo continues to reduce the grain size via improved Zenner pinning and austenite stabilisation despite all of the changes to the precipitate morphology [31]. 
For this reason, Mo still has a role to play in optimising the mechanical properties of modern automotive steel, however it cannot be used as a source of additional precipitation strengthening when multiple micro-alloying elements are used in conjunction with hot-rolling, and instead must function as additional grain refinement along with Mn. The formation of (Nb, V) (C, N) particles with low levels of Mo should according to samples N3, N4 and N7 give rise to all-round good mechanical properties that can rival the traditional (Ti,Mo)C containing steels. The standard JFE steels still give greater strength values then the experimental samples though precipitation strengthening, however the samples studied in this report offer a lower grain size and increased elongation which makes them viable alternatives.   













6 Conclusions and Summary 

6.1 Summary

The composition and processing route for the batch 1 and 2 steels were designed in such a way that multiple questions and gaps in scientific knowledge could be filled, while overall building our understanding of IP and how it can be affected. The overarching theme of all the research carried out was to look at ways of improving the mechanical properties of chassis steel and reducing the need for Mo.
	Samples N1 and N2 from batch 1 were created to have a differing Mn content while potentially forming (Nb, V) (C, N) precipitates. It was known that Mn reduces the austenite to ferrite transformation temperature which results in a finer grain size, but its effect on IP has not been researched. It was found that Mn reduces the grain size as expected and also reduced the precipitate size, mainly due to increased solute drag making ferrite formation slower which gives the precipitates less time to coarsen [32]. However, it was also found that increasing the Mn content reduced the precipitate density. This was because of Mn altering the α/γ transformation speed which caused the ideal IP formation temperature to no longer be 630 °C, resulting in fewer particles being formed.
	Samples N1 and N2 were also produced with the cooling rate from hot-rolling to coiling temperature set at 50 or 100 °C/s. It was found that faster cooling did not affect the grain size, but did introduce more sub grain structure into the steel. This provided more sites for particle nucleation and growth to occur, resulting in a higher particle density.
	The increase in Mn and cooling rate did not have any major effect on the strength of the steel despite the above findings.  This was because any Hall-Petch strengthening gained by adding Mn was lost though precipitation strengthening. Increasing the cooling rate resulted in more precipitates being formed; however it also reduced in a large drop in solid solution strengthening which again counteracted any strength gain. 
	It was found that the addition of Mo to steels micro-alloyed with Nb, V, C and N resulted in a reduction of the grain size, because of the increased pinning on ferrite grain boundaries which reduces grain growth. This is best illustrated by figure 63d which shows the very high presence of Mo in the grain boundary. Combining this with the batch 3 dilatometer results demonstrates the ability of Mo to slow and pin boundaries and its general usefulness at refining the grain size. 
	The EDS and EELS results confirmed the existence of (Nb, V, Mo)(C, N) precipitates (along with similar compositions without Mo, N etc. and a few N3 particles containing trace Ti) alongside (Ti, Nb, V)C which was found in sample N6. None of these compositions have been reported before and they show the versatility possible for IP precipitates.
It was found that Mo causes slight precipitate growth for sample N4, which partially counteracts the gain in Hall-Petch strengthening compared to N3. Adding higher amounts of Mo (sample N9Mo compared with N7H) causes a dramatic increase in particle size and the particle density to sharply fall. It is theorised that the effects of solute drag become extremely effective and result in the α/γ boundary being pinned for very long periods of time, which causes substantial precipitate growth. This also causes the austenite phase to remain for longer and the micro-alloying elements in that phase enter pre-existing strain induced precipitates causing them to coarsen to very large sizes. The net effect of both these effects is a sharp rise in the average particle size. 
	The importance of N was clearly demonstrated in sample N5 which was the only Nb, V, Mo and C containing steel to not have N as well. The grain size of N5 was significantly larger than N4 and there had also been an increase in the average precipitate size along with a substantial fall in the particle density. The net result was N5 exhibited the lowest strength of the 800 MPa series, while also having the lowest batch 1 elongation. 
	The large grain size in sample N5 is likely to come from the reduced presence of nitrides/ carbonitrides forming in the austenite phase during hot-rolling which increases austenite grain growth and results in courser ferrite grains. It can be concluded that N plays an important and positive role in both grain and precipitate refinement and that it should be used in IP where Ti is not present.
	The experimental (Nb, V, Mo)(C, N) containing steels were compared against standard JFE steel (Ti, Mo)C and experimental (Ti, Nb, V)C steel (sample N6). The Ti steels were generally stronger than the other comparable batch 1 and 2 samples, due to the higher particle density and smaller particle size brought about by the presence of the strong carbide former Ti. The Ti samples also contained very uniformly sized precipitates compared to the other samples, indicating IP occurred at the same time though out the entire sample. The absence of N did mean that these samples did not contain the finest grain size, which was particularly the case for JFE steels which also did not have Nb to refine the grain size.   
	In batch 2 the coiling temperature was altered for N7, N8 and JFE to be 600 °C or the standard 630 °C. It was found that reducing the coiling temperature always decreased the grain size, as the thermal energy available for coarsening the ferrite grains was reduced. Reducing the coiling temperature also significantly reduced the particle density, as the higher driving force for ferrite formation creates a faster moving α/γ boundary that is harder to pin and form IP. Surprisingly reducing the coiling temperature had no effect on the precipitate size for any of the samples.
	It was found that Cr does not enter complex precipitates and is too weak a carbide former, which means the element cannot be used as a substitute for Mo. Cr does however offer grain refinement, possibly due to Cr slowing the phase boundary but this is not clearly proven and more research is required. It was also found that Cr increased the precipitate density for sample coiled at 630 °C, which is opposite to what occurs at 600 °C. Significantly more research is required in the effect of Cr on IP steel before these results can be fully understood, but it appears that the role of Cr changes with the coiling temperature. 
	The dilatometer results looked at the effect of Mo on the phase transformation rate for Ti and V micro-alloyed steels. The effect of N and Cr were also investigated for (V, Mo)C steel so that their effect on γ→α transformation could also be understood.
	It was found that VC steel did not transform as quickly as TiC steel and that the gap widened when Mo was added, with sample N13 not fully transforming to ferrite while sample N11 did. Mo reduced the transformation rate by lowering the strain energy of the precipitates, but the reduction of strain energy is greater for (V, Mo)C than (Ti, Mo)C [24]. As strain energy is more important than formation energy more IP could form in sample N13 which is why the transformation rate was slower. The effect of Mo on the particle density was difficult to measure due to the high amount of co-precipitates, which can only occur if IP occurred and was followed by supersaturation precipitation.
	The effect of N on the transformation kinetics was minimal, and likely is just the result of statistical variation between samples. There was no substantial change to the particle density when adding N, although a reduction in the average particle size did occur. As the particle size reduced for batch 1 and 3 steels it can be concluded that N provides additional stability that reduces coarsening. The gain in particle density for batch 1 and 3 is however not consistent, so N may only increase the density for hot-rolled steels.
	The addition of Cr caused the transformation rate to decrease and increase for profile 1 and 2 (60 and 90 min coiling time) respectively, which means no conclusions can be made. Sample N15, profile 1 and 2 had a higher and lower particle density compared to sample N14 (no Cr). There is currently no clear theory to explain what is occurring that could also be linked with sample N8Cr and further investigation using simpler carbides with and without Cr is needed to truly understand its effect on the IP morphology.  
	The atom probe topography (APT) samples consisted of hot-rolled VC and (V, Mo)C precipitates. The addition of Mo caused an increase in the IP density, which differed from batch 3 due to the latter not being rolled and instead had more supersaturated co-precipitates on IP. 
The fine IP for both samples were generally spherical in shape and became increasingly rod/disc shaped as particle growth occurred. It is not known why particle growth occurs in one direction, but could be due to sub grain structure that causes easier growth in a certain direction, or particles being elongated by the unpinning α/γ, which occurs for carbide fibres. 
The (V, Mo)C particles also had a gradual increase in micro-alloying elements as the depth into the particle increased, which shows that the IP structure is homogeneous and not core-shell. Mo had a lower concentration in the particles than V, despite the equal 0.2 wt% quantity. This is because as the particles grow strain energy no longer dominates and instead the thermodynamic stability of the particle is more important, which Mo reduces [24]. Therefore as the particles grow the proportion of Mo within them will constantly decrease.
The V and C concentration should be 1:1 for VC which has a NaCl structure, however this is not found in the EDS results due to C being harder to detect than V. For (V, Mo) C the Mo atoms can directly replace the V atoms causing C to be the most abundant element.
The grain boundary was found to have significant levels of C and Mn, with the former being present due to the diffusion of C into the austenite phase, and the latter being some of the abundant Mn leaving the matrix and entering the grain boundary, due to the high interfacial energy. Mo was the third most common element at the grain boundary, which shows its influence in affecting the α/γ phase transformation boundary and that Mo was not prioritised in entering IP.
Overall all of the main experimental outcomes outlined in section 3.1 have been achieved; however in many cases the results obtained were very different to what was predicted. The original focus of this PhD was to understand the positive impact of Mo on IP and to use a complex mixture of micro-alloying elements to act as a viable alternative. Instead Mo had a negative impact on complex IP and the PhD goal shifted to understand why this was the case. 
The use of Cr to partially or fully replace Mo was meant to be a side project, but has left more questions than answers. It is now known that Cr does not enter complex IP and so can be argued to not be of further relevance. There is a significant amount of fundamental research needed to answer these questions, with the focus being on more simple IP compositions with and without Cr. 
The knowledge that Mo can slow the α/γ transformation boundary to the degree that large IP can form will play a large role in the future development of automotive steels. Complex IP that utilise the beneficial effects of Nb, V and N should only use Mo sparingly to reduce the grain size. It can therefore be said that the primary objective of reducing or removing Mo entirely from automotive chassis steels has been achieved. 

6.2 Conclusions

· The microstructure of the batch 1 steels was entirely ferritic with no cementite, except for sample N6 which had cementite and a ferritic-bainitic microstructure. 
· Increasing the Mn content reduced the grain size, in line with the literature, and also resulted in the expected particle size reduction [32]. However increasing Mn also reduced the precipitate density. The reduced precipitate density offset the reduction in grain size, resulting in no change to the mechanical properties from the addition of Mn.
· Increasing the cooling rate from 50 °C/s to 100 °C/s resulted in an increase in the subgrain structure and a subsequent increase in the precipitate density. 
· Based on samples N3-5 both the addition of Mo and N resulted in a reduction in the grain size. Further increasing the Mo content resulted in further grain size reduction as demonstrated by sample N9Mo.
· The batch 1 and 2 thin-foil EDS and EELS results confirm the existence of (Nb, V, Mo)(C, N) and (Ti, Nb, V)C precipitates for the first time.
· A 0.3 wt% addition of Mo resulted in no change to the particle density and an increase to the precipitate size. Further increasing Mo to 0.5 wt% resulted in a near doubling of the precipitate size and a large reduction to the particle density. This observation was the opposite to that expected from the literature.
· It was found through comparing sample N9Mo with samples with otherwise similar composition, but lower Mo, that the Mo slowed the α/γ transformation boundary enough for extended pinning of the transformation boundary to occur. This allowed more time for particle growth to occur at the phase boundary and also caused strain induced precipitates to continue to grow in the austenite phase.
· The removal of N from (Nb, V, Mo)(C, N) IP causes a large decrease in the particle density and an increase in the precipitate size. N also produces a moderate reduction in the grain size for batch 1 steels.
· N6 steel was unique in containing both V and Ti, but no Mo. The (Ti, Nb, V)C IP formed in sample N6 were finer than any of the other batch 1 steel and had a higher precipitate density along with a lower standard deviation of particle sizes. As a result, N6 had the highest strength from batch 1 despite its grain size not being the smallest.
· The JFE samples from batch 2 produce (Ti, Mo)C IP, which have all the same characteristics as sample N6, which shows Ti is the dominant carbide former.
· The absence of Nb from the JFE samples resulted in the largest grain size from batch 2, as expected from the literature.  
· Reducing the coiling temperature from 630 °C to 600 °C resulted in a decrease in the grain size and the particle density. The 600 °C samples were consistently stronger than the 630 °C samples making grain size reduction the dominant strengthening parameter.
· Reducing the coiling temperature from 630 °C to 600 °C did not cause any meaningful change to the particle size, which was not expected.
· The batch 2 samples had a ferrite microstructure with very minor quantities of cementite. The JFE samples contained no cementite and had the ferritic-bainitic microstructure.
· There was a significantly greater subgrain structure in batch 2 steels compared to batch 1. 
· Cr does not enter any precipitates in the N8CrH and N8CrL samples, according to EDS and EELS results. Cr therefore cannot be used as a Mo substitute for complex precipitates.
· The addition of Cr resulted in a grain size reduction. However, the reason for this is not yet clear as Cr did not appear to have any significant effect on the α/γ transformation boundary speed.
· The effect of Cr on the IP morphology differed depending on the coiling temperature. At 630 °C the particle density was very high and there was extensive precipitate clustering. At 600 °C the precipitate density was low and precipitates were often present as carbide fibres. The reason for this is not understood.
· Sample N8CrH had the same strength as N7H despite the higher precipitate density and smaller grain size. Sample N8CrL was also weaker than predicted. More research on the effect of Cr in IP steels is needed to understand its effect on the mechanical properties.
· The steels based on TiC precipitation had a slightly faster α/γ transformation boundary speed compared to the steels based on VC. The addition of Mo caused a slowdown in ferrite formation kinetics, but the degree of slowdown was greater for V containing steels compared to the Ti containing steels. All samples containing V and Mo did not finish the austenite to ferrite transformation after a 90 minute hold, with the remaining austenite transforming into martensite on subsequent cooling.
· The absence of hot-rolling in the batch 3 steels resulted in precipitation in a two stage process of initial IP followed by supersaturated precipitation after ferrite formation. Supersaturated precipitation was only seen in profile 2 which was coiled for 90 min instead of 60.
· The batch 3 V containing steels had a significant amount of supersaturation co-precipitation occurring on prior IP instead of the ferrite matrix.
· The effect of N had little effect on the transformation kinetics of batch 3 steels and maintained the particle refinement found in batch 1.
· Adding Cr did not provide a clear result on the transformation kinetics, however there was an increase in the particle size and IP quantity.   
· Atom probe topography (APT) was used on hot-rolled VC and (V, Mo)C containing steels. The ultra-fine precipitates were spherically shaped and became more rod or disc shaped as they coarsened indicating growth occurred in a preferred direction.  
· APT showed that the carbides had a composition of VC for sample N16 and (V, Mo)C for sample N17 respectively. Some of the sample N16 particles had trace N while sample N17 had trace Nb, which again demonstrates the existence of complex IP compositions. The ratio of micro-alloying elements in the precipitate did not change with distance from the particle edge to core, meaning the composition within the particle is homogeneous. 
· A grain boundary was studied using APT and was found to have significant C and Mn segregated to the boundary, but also with Mo. This segregation was presumably inherited from the α/γ transformation boundary, showing the importance of this segregation to transformation kinetics.  
    7 Experimental repeats and future work 

The work collected in this Thesis was enough in quantity and quality to fill in previous gaps of knowledge and understand new observations such as Mo causing particle growth in certain circumstances. There are however some limitations and weaknesses in the results that could be improved upon given more time, along with future work that can build on the main observations of this report.
	The biggest area of improvement would be redoing the EBSD grain size results for batch 2, and ideally repeating the batch 1 EBSD analysis to bring about continuity in the experimental procedure. The settings used to collect the EBSD results (see section 3.3.4) were sufficient for batch 1 in that they allowed the general microstructure, texture and misorientation to be collected with the grain size following the same trends as the optical microscopy (OM) results. While the EBSD grain size results were smaller than the OM values this could be explained from the presence of sub-grain structure that was clearly present and could not be detected via OM. 
Using the same settings for batch 2 provided only acceptable texture results, with all the other results being either questionable or fully unrealistic. For example all the grain size values were too small to be realistic (around 1.4 µm) and there was no substantial difference in the actual values. The cementite values were far too high to be realistic. While the IPF EBSD results from batch 2 were sensible it does bring doubt into their validity when key aspects of the data have failed to be reliable. 
Had the EBSD results for batch 2 been reliably collected it would have been possible to gain more understanding on the micro-structure of the batch 2 steels, and it would have allowed a more in-depth comparison between batch 1 and 2. One example of this would have been the distribution of grain size for batch 1 and 2 steels, or a more detailed observation into the quantity of cementite within batch 2. Both of these types of analysis require full confidence in the EBSD grain size collection and the procedure carried out, which unfortunately was not the case. 
Another area where more time would be ideal is the amount of IP particles counted on different regions of the C-replica sample. Clearly, the interpretation of the precipitate size relies strongly on counting statistics. Although labour intensive (as software did not work for precipitate counting), better counting statistics would clearly give a more reliable interpretation. Moreover, the differences in precipitate morphology that were observed needs to be taken into account as well as their size and density. A detailed explanation into this methodology can be found in the appendix. 
The EDS and EELS results from this project showed the composition of different IP, while some of the Nb containing complex carbides not being reported before. The logical progression from this would be to get more exact composition values so that it is known which elements dominate and would have the greatest influence on the precipitate morphology. Some appreciation of this can be determined from the strength of the EDS peaks for different elements; however it is not a complete picture due to peak overlap (such as in figure 41k with Mo and Nb overlap in the EELS spectra) or weaker signals from lighter elements that are not in high abundance (such as N for EDS compared to C which is within the replica and can be detected) [62].  
Using the EDS and EELS results as a starting point, the next step would be to carry out first principle calculations to determine the formation energy of (Nb, V, Mo) (C, N) along with other factors such as lattice parameters, in a similar manner to Jang et al. [24]. This could be combined and validated with atom probe topography which is much more effective at determining the composition of particles, albeit more time and resources consuming. Due to the complexity of these particles no first principle calculations have been attempted in this Thesis and are best left for another project.
The benefits of understanding the composition and thermodynamic properties of (Nb, V, Mo) (C, N) would allow for the micro-alloying composition of these steels to be made more efficient in maximising precipitation and grain size strengthening. It has been found (though sample N3, N4 and N9Mo) that Mo leads to grain refinement but also leads to rapid coarsening of the IP. The tipping point from slight particle growth to substantial has been identified to be between 0.3-0.5 wt%, but the exact point is not known. 
One possible project could be increasing the Mo content by around 0.1 wt% and keeping the other parameters unchanged. This would allow the IP growth tipping point to be identified as well as determining what Mo value is needed to optimise both grain size and precipitation strength. Combining this with first principle calculations along with some APT data would allow the effect of Mo on (Nb, V) (C, N) to be fully understood.      
Another area of future work would be determining the effect of Nb on the α/γ speed. The batch 3 results showed that the speed of phase transformation differed slightly for TiC and VC containing precipitates, and that the difference greatly increased when Mo was added. By comparing NbC and (Nb, Mo)C with the other steels further insight into the role of micro-alloying elements can be obtained, and could offer a different reaction with carbonitride steels due to Nb and N being able to form precipitates in the austenite phase.
It was hoped that NbC with and without Mo could be used as part of the batch 3 investigation and allow the complete set of relevant micro-alloying elements (except Ti which has already been reported) to be investigated at the same time [31]. Unfortunately there was not enough time and resources available to create the additional samples and so this must be left as future work.
The effect of N and Cr on the phase transformation rate did not yield clear answers that would help explain their effect on the microstructure and precipitate morphology. The complexity of the precipitates and the presence of Mo meant that samples containing N and Cr could not fully transform into ferrite, with Mo dominating the ferrite formation kinetics. To properly understand their effect more micro-alloyed steel samples need to be made, such as V(C, N), (V, Cr)C etc. so that their effect is more dominating on the transformation kinetics. 
In addition to Nb micro-alloyed steels, another worthwhile dilatometer investigation would be on a sample with the same composition as N9Mo, as a way of potentially verifying the theory in section 5.8 that Mo causes extreme slowing and pinning of the α/γ boundary. Sample N9Mo is a hot-rolled steel which contained strain induced precipitates formed in the austenite phase, which affected the austenite to ferrite transformation. However the dilatometer samples had no hot-working prior to transformation which makes the phase transformation mechanism somewhat different. It would therefore be interesting to see if the same large average particle size is still present in N9Mo, as it would show whether thermomechanical processing or composition is the dominating mechanism for influencing the IP morphology. 
It has been briefly discussed in section 3.1 that the temperature of no recrystallization (TNR) should be obtained for all samples, as there is a potential that some samples are being hot-rolled above this value and others below. The samples rolled below TNR would have deformed grains with a high dislocation density prior to coiling, which would reduce the grain size, potentially increase the particle density and likely increase the overall strength of the steel. As no appropriate literature exists for these steels, it would have to be experimentally calculated which was beyond the scope of this project. However, all future research into these steels should include this experimental analysis as part of better understanding their properties. 
The research into the effect of Cr on the IP morphology did not give clear answers, with it being found that Cr increased the particle density and decreased the particle size for sample N8CrH coiled at 630 °C, while for sample N8CrL it had the opposite effect, with a very large drop in particle density. Sample N8CrL was much weaker than predicted. Samples N8CrH and N8CrL had the widest difference between real and predicted strength, therefore requiring more investigation and clarification into the observed morphology and grain size is needed. The differences in yield strength between the real and observed N8CrL are large enough to justify a full grain and IP re-examination in case of characterisation error. The effect of Cr on the batch 3 steels was also unclear, however the large quantities of micro-alloying elements within sample N15 made the role of Cr much harder to determine. To fully establish the effect of Cr a precipitation-time-temperature investigation would be required. However, the results do suggest that Cr has only a minor effect and is unlikely to be useful in developing these steels.
In conclusion there are aspects of the precipitate density and grain size results that would ideally have had more time and analysis to get the maximum amount of information from each sample. However the results collected in this Thesis are still sufficient in providing enough evidence to justify the theories made, and the quantity of results collected was more than enough to showcase major findings such as the effect of Mo on (Nb, V) (C, N) precipitates. 
The next steps in research would be obtaining more understanding and details on the major discoveries of this report, while clarifying on areas where the findings were less clear, such as the effect of Cr on the IP morphology. While the effect of Cr on the IP and microstructure remains not well defined, it is important to note that there is no detailed literature on the effect of Cr whatsoever. It has been shown that Cr reduces the grain size, does not enter precipitates and has an inconsistent impact on the IP size and particle density. The reasons why this is occurring can only be found by studying the effect of Cr to the same depth as done for Mo in this Thesis, which was not a primary objective of this PhD.
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Appendix- Methodology for determining the precipitate density
There is currently no software available that can accurately determine the precipitate density, which means all particle counting was done by hand. Typically batch 1 samples had around 300-600 particles per page and batch 2 steels were well over 1,000, which meant that 2 pictures were analysed for batch 1 and only one was selected for batch 2. 
All of the pictures were taken at 97,000 X, which is the lowest magnification possible where ultra-fine precipitates (<3 nm) can still be seen and attempts to capture as many precipitates in an image as possible. At 97,000 X magnification the surface area being observed was approximately 0.7 µm2, which when looking at average batch 1 and 2 grain sizes is typically less than a quarter of a grain being viewed. Each grain is prone to having a different precipitate morphology, due to grains forming at different times during coiling (which affects the particle size and spacing) or the rows of IP are facing away from the sample surface, which makes them invisible at certain orientations. When carrying out thin film analysis the sample was rotated at +/- 10 º to make precipitates visible, but sometimes this was not enough.
In order to obtain a reliable precipitate density from 1-2 pictures many thin film and especially C-replica images were analysed so that the picture selected was representative to the rest of the sample. Digital photos were also used to help gain understanding of the particle density, however they were not used for particle counting due to them being at a higher magnification. 
For example sample N9Mo had 20 C-replica images and 30 thin film images each taken during TEM analysis (this does not include digital photos or EDX/EELS work), which is typical of all the samples analysed. This gives a surface area of approximately 35 grains that have been properly observed. Figures A1-14 shows a list of the best raw images for that sample, which were all taken into consideration when choosing the most ideal image for particle density collection. 





[image: G:\film photos\N9Mo r 013285.jpg][image: G:\film photos\N9Mo r 013284.jpg]Figure A-2: DF C-replica image of sample N9Mo. Shows the same region as figure A-1.
160 nm
160 nm
Figure A-1: BF C-replica image of sample N9Mo. Large precipitates can be seen in grains and on grain boundaries. 
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Figure A-4: DF C-replica image of sample N9Mo. Shows the same region as figure A-3.
Figure A-3: BF C-replica image of sample N9Mo. Shows a triple grain boundary with large precipitates being present in all three.




[image: ][image: ]Figure A-6: DF thin film image of sample N9Mo, taken using the Tecnai digital camera. Shows the same region as figure A-5.
Figure A-5: BF thin film image of sample N9Mo, taken using the Tecnai digital camera. Shows irregular spaced rows of IPP.



[image: ][image: ]
Figure A-8: BF thin film image of sample N9Mo, taken using the Tecnai digital camera. Large precipitates are shown to be interacting with dislocation lines.
Figure A-7: BF thin film image of sample N9Mo, taken using the Tecnai digital camera. Almost all the precipitates shown are large (over 10 nm).
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[image: ]Figure A-9: BF C-replica image of sample N9Mo, taken using the Tecnai digital camera. Along with precipitates there is some evidence for carbide fibres being present.
Figure A-10: BF C-replica image of sample N9Mo, taken using the Tecnai digital camera. A wide particle size range is seen.
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Figure A-11: BF thin film image of sample N9Mo, taken using the Tecnai digital camera. Highly elongated precipitates are seen, with some of them connecting to each other. This provides some evidence for carbide fibres.

Figure A-12: BF thin film image of sample N9Mo. Large precipitates are easily visible on both sides of the beam contour.
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[image: ]Figure A-13: BF thin film image of sample N9Mo, taken using the Tecnai digital camera. Rows of IP can be seen next to the beam contour.
Figure A-14: DF thin film image of sample N9Mo, taken using the Tehnai digital camera. Same region as figure A-13. Large precipitates can be seen.



From this collection of images 10 areas of the sample had the highest quality images taken of the precipitate morphology, which would have been further supported with digital and EDX images of the same area. 10 regions at 97,000 X gives a surface area of 7 μm that has been carefully studied, which equates to around 2 full grains. However as already stated many more images were also taken at different areas, making the total amount of area studied at least twice as high. Many grain boundaries were also observed to study as many grains as possible.
When observing all of these images it becomes apparent that the particle density does not change substantially from grain to grain, although there is a wide variation in precipitate morphology. Images such as A-7 are very important as this shows areas where only large precipitates can be found, which influences which C-replica images are chosen. Figure A-11 is also significant as it shows elongated precipitates that are connected to other precipitates. This combined with figure A-9 means that some of the background material will be carbide fibres and not just contaminated replica. 
Due to the unique precipitate morphology of N9Mo and the larger particle size (which meant fewer to count) it was decided that both figure A-1 and A-3 would be used for determining the particle morphology. Figure A-1 has many larger precipitates and would represent A-7, which was a widespread region that only contained large precipitates. Figure A-3 was also chosen as it shows a triple grain boundary, which means 4 different grains would be represented when choosing the precipitate morphology. The average particle density and size was then taken from both images, as they cover the same amount of surface area. 
Ultimately there is no perfect method for collecting the particle density, but the system used in this report is robust enough to make sure each image is relatively representative of the sample and that the values obtained are sensible. Most importantly the method of data acquisition was consistent among all the samples which makes the qualitative comparison between samples reliable.      










N1S C-replica particle size number frequency  
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	0.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	>	19.5 and ≤20.5 nm	>	20.5 and ≤21.5 nm	>	21.5 and ≤22.5 nm	28	8	4	6	8	6	3	1	3	1	1	0	1	0	0	2	0	2	0	0	2	


N2F C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	50	34	26	28	8	7	1	2	0	1	0	0	1	0	1	


N2S C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	28	15	15	5	5	6	2	


N3 C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	2.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	>	19.5 and ≤20.5 nm	>	20.5 and ≤21.5 nm	>	21.5 and ≤22.5 nm	>	22.5 and ≤23.5 nm	>	23.5 and ≤24.5 nm	>	24.5 and ≤25.5 nm	>	25.5 and ≤26.5 nm	>	26.5 and ≤27.5 nm	>	27.5 and ≤28.5 nm	>	28.5 and ≤29.5 nm	>	29.5 and ≤30.5 nm	>	30.5 and ≤31.5 nm	>	31.5 and ≤32.5 nm	120	80	46	23	18	7	5	9	8	6	2	4	3	4	0	2	0	3	0	0	1	0	0	0	1	0	1	0	1	0	1	


N4 C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	132	94	88	48	29	12	9	4	2	3	1	6	0	5	1	1	1	1	


N5 C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	38	48	43	17	30	15	4	4	2	2	0	1	


N6 C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	329	316	95	30	14	3	2	9	2	3	0	0	0	0	0	1	


Estimated YS Vs. real YS for batch 1 samples
Estimated YS 	N1F	N1S	N2F	N2S	N3	N4	N5	N6	689	593	653	560	866	894	601	909	Real YS 	N1F	N1S	N2F	N2S	N3	N4	N5	N6	573	578	582	571	754	798	787	805	
Yield Strength (MPa)



N7H C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	269	212	188	86	79	51	26	17	7	8	2	5	0	0	0	1	N7L C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	144	42	20	14	17	15	4	23	1	6	1	3	0	2	1	N8CrH C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	>	19.5 and ≤20.5 nm	369	238	245	123	82	50	14	12	3	5	0	2	0	1	0	0	0	0	2	N8CrL C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	>	19.5 and ≤20.5 nm	>	20.5 and ≤21.5 nm	>	21.5 and ≤22.5 nm	>	22.5 and ≤23.5 nm	>	23.5 and ≤24.5 nm	>	24.5 and ≤25.5 nm	>	25.5 and ≤26.5 nm	>	26.5 and ≤27.5 nm	>	27.5 and ≤28.5 nm	>	28.5 and ≤29.5 nm	>	29.5 and ≤30.5 nm	>	30.5 and ≤31.5 nm	>	31.5 and ≤32.5 nm	>	32.5 and ≤33.5 nm	>	33.5 and ≤34.5 nm	>	34.5 and ≤35.5 nm	>	35.5 and ≤36.5 nm	>	36.5 and ≤37.5 nm	>	37.5 and ≤38.5 nm	>	38.5 and ≤39.5 nm	>	39.5 and ≤40.5 nm	>	40.5 and ≤41.5 nm	>	41.5 and ≤42.5 nm	>	42.5 and ≤43.5 nm	>	43.5 and ≤44.5 nm	>	44.5 and ≤45.5 nm	>	45.5 and ≤46.5 nm	>	46.5 and ≤47.5 nm	>	47.5 and ≤48.5 nm	>	48.5 and ≤49.5 nm	>	49.5 and ≤50.5 nm	126	100	66	62	32	10	9	11	6	8	2	0	2	1	0	0	2	1	0	1	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	0	1	N9Mo C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	>	15.5 and ≤16.5 nm	>	16.5 and ≤17.5 nm	>	17.5 and ≤18.5 nm	>	18.5 and ≤19.5 nm	>	19.5 and ≤20.5 nm	>	20.5 and ≤21.5 nm	>	21.5 and ≤22.5 nm	>	22.5 and ≤23.5 nm	>	23.5 and ≤24.5 nm	>	24.5 and ≤25.5 nm	>	25.5 and ≤26.5 nm	>	26.5 and ≤27.5 nm	>	27.5 and ≤28.5 nm	>	28.5 and ≤29.5 nm	>	29.5 and ≤30.5 nm	>	30.5 and ≤31.5 nm	>	31.5 and ≤32.5 nm	>	32.5 and ≤33.5 nm	>	33.5 and ≤34.5 nm	>	34.5 and ≤35.5 nm	>	35.5 and ≤36.5 nm	>	36.5 and ≤37.5 nm	>	37.5 and ≤38.5 nm	>	38.5 and ≤39.5 nm	>	39.5 and ≤40.5 nm	>	40.5 and ≤41.5 nm	>	41.5 and ≤42.5 nm	>	42.5 and ≤43.5 nm	>	43.5 and ≤44.5 nm	>	44.5 and ≤45.5 nm	>	45.5 and ≤46.5 nm	>	46.5 and ≤47.5 nm	>	47.5 and ≤48.5 nm	>	48.5 and ≤49.5 nm	>	49.5 and ≤50.5 nm	>	50.5 and ≤51.5 nm	26	47	71	23	53	71	22	42	10	34	9	23	1	4	11	4	6	1	3	1	3	0	2	0	0	2	0	4	0	1	0	0	0	0	1	0	0	0	1	0	0	0	0	0	0	0	0	0	0	1	JFEH C-replica particle size nuber frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	623	218	211	117	22	23	10	5	0	2	5	0	1	JFEL C-replica particle size number frequency
Count	≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	449	331	220	137	48	19	11	6	3	1	0	1	1	1	Estimated YS Vs. real YS for batch 2 steels
Total YS estimated (MPa)	N7H	N7L	N8CrH	N8CrL	N9Mo	JFEH	JFEL	1135	997	1148	1021	1094	982	1003	Total YS actual (MPa)	N7H	N7L	N8CrH	N8CrL	N9Mo	JFEH	JFEL	868	900	862	760	867	892	971	Yield Strength (MPa)
N1F C-replica particle size number frequency
Count	
≤2.5 nm	>	2.5 and ≤3.5 nm	>	3.5 and ≤4.5 nm	>	4.5 and ≤5.5 nm	>	5.5 and ≤6.5 nm	>	6.5 and ≤7.5 nm	>	7.5 and ≤8.5 nm	>	8.5 and ≤9.5 nm	>	9.5 and ≤10.5 nm	>	10.5 and ≤11.5 nm	>	11.5 and ≤12.5 nm	>	12.5 and ≤13.5 nm	>	13.5 and ≤14.5 nm	>	14.5 and ≤15.5 nm	3	25	6	2	2	1	1	0	0	2	4	0	3	1	
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7 Effect of microstructures in hot rolled HSSs on balance
of elongation and hole expansion ratio

occurs when conventional precipitation strengthened steels
are coiled at high temperature, although ferrite structure
can be obtained consistently with the developed steel
because solute carbon content is held to be extremely low
and Mo prevents the pearlite transformation. In addition,
unlike DP steels and conventional HSLA steels, which are
prone to strength deviations, depending on coiling
temperature, the deviation in TS of the developed steel is

w & B & [Me]

Holding temperature: 650°C

Developed

Conventional steel
hardened by
precipitates of TiC

60 80
Holding time (% 10%s)

9 Comparison of thermal stability of strength between
developed and conventional HSLA steels

show lower fatigue limit than expected. On the other hand,
fatigue limit of the developed steel corresponds to the
strength of the base material. This would be because of
the satisfactory surface roughness of the steel by reducing
the amount of Si addition.

The developed steel of TS 780 MPa grade is being
increasingly adopted. particularly in chassis and arm
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Sign

Dunne Precipitation, recrystallisation and phase transformation in low alloy steels

(b)1
4 a Schematic diagram illustrating how IPR can arise by
uncoordinated precipitation of alloy carbide/nitride par-
ticles at advancing incoherent «/y interface; and b dia-
gram showing how coordinated precipitation can result
in curved layers of particles in ferrite (IPC)'®

induce more effective interfacial

pinning. Eventual
unpinning allows further advancement of the interface
before the process repeats itself, and the ferrite grain is
decorated with curved, parallel layers of fine precipitates.

12714

Ricks et al. propoecd an additional suhdlvmon of

Smith ez al.'*2? found that layer spacings were between
15 and 150 nm for the more dilute commercial steels
that they studied. For an untilted, 200 nm thick TEM
foil, IPP with layer spacings of 20 and 75 nm will only
appear to be in the form of distinct layers in the image if
the layers are respectively aligned closer than 6 and 22°
to the foil normal."®'® For small spacings, therefore,
particles in layers can be casily construed as randomly
dispersed particles. The layer morphology may also be
indistinct because the precipitates have formed with a
coarse and irregular spacing by the IPC (Irreg.) mode.
The type of IP is temperature dependent because the
nature of the transforming o/y interface is temperature
sensitive. Incoherent boundaries are favoured by high
transformation temperatures, and semicoherent bound-
aries provide the most energetically frugal and kineti-
cally preferred boundaries at lower temperatures.
Therefore, the dominant form of the precipitate layers
would be expected to shift from IPC (Irreg.) to IPC
(Reg.) to IPP with decreasing temperature. However, the
variable nature of the transforming interface at a given
temperature  will ensure that there is considerable
ovcrlap of proclpltatc types. Furthcrmorc it has bccn
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ger bulk moduli than GGA [15].

As mentioned, the calculated lattice parameters of MoC
and WC in the BI crystal structure are larger than that of’
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tions. However, it has been noted that the introduction of’
vacancies at carbon positions in the BI crystal structure
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circles, triangles, inveted triangles and left-pointing triangles represent the
respective calculated results. The value at 0.0 indicates the formation
energy of TiC and those at 1.0 represent the values of NbC, VC, MoC and
WC, respectively.

being replaced by vacancies, the lattice parameters of MoC
and WC are evaluated to be aypc=4.21 A and
awe=4.22 A. Consistent with the experimental data, these
are approximately 2% smaller than that of TiC. This implies
that complete substitution of Ti in TiC lattice by Mo with
the introduction of vacancies to half of the carbon positions
will reduce the misfit between ferrite and MC carbide from
5.6% to 3.6%.
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carbides with M = Ti, Nb, V, Mo and W. The blank rectangles, circles,
triangles, inverted triangles and left-pointing triangles represent the
calculated results for Ti, Nb, V, Mo and W carbide, respectively. The
values at C =0 at.% indicate an fce structure and those at C= 50 at%
represents perfect Bl structure TiC, NbC, VC, MoC and WC, respectively.
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respectively.

estimated lattice parameters and formation energies of TiC,
NbC and VC with a perfect BI structure are consistent
with experimental data. Calculation shows that the intro-
duction of vacancies into the structure make MoC and
WC more stable. The calculated lattice parameters of
Mo(C. Va) and W(C. Va) show that the replacement of Ti
by Mo or W will reduce the misfit with ferrite, which facil-
itates easier nucleation. At the same time, the substitution
of Ti by Mo or W will reduce the equilibrium Ti concentra-
tion in the ferrite matrix during coarsening, which possibly
decelerates the coarsening process of (Ti, M)C precipita-
tion. The effect of W predicted by first-principles calcula-
tions is validated with a microstructural characterization
on Ti-. Ti-Mo- and Ti-W-bearing model alloys. It is
confirmed that Mo or W addition can mitigate the lattice
mismatch between the carbide particle and the ferrite
matrix as predicted by the calculation.
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202) and steel Ti (Hv 184). The results indicate that synthetic effect cooling rate.
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6 Hardness as function of aging period

Figure 6 shows the change of hardness with the Mo
addition and aging time. Considering that the solid
solution hardening effect of Mo is insignificant,* the
difference in hardness is thought to be due primarily to
the precipitation and coarsening behaviours of the
carbide particles. After short isothermal treatment for

Nh Mo
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Fig. 8. Vickers hardness results for 0.2Ti, 0.1Ti-Mo, 0.1Ti-W after ageing
for 5 and 120 min. The hardness was measured using 3 kg loads.

Figs. 9 and 10 show high-resolution TEM (HRTEM)
images of approximately 3 nm sized (Ti,M)C particles in
0.1Ti-Mo and 0.1Ti-W alloys. Their fast Fourier trans-
formed patterns, indexed with [111], and [011}7; uc as
the zone axis, indicate a Baker—Nutting orientation rela-
tionship with (T01),//(200)7; s The HRTEM image
indicates a coherent interface along (T01), and (200) 7 anc-
The lattice misfits between the (Ti,Mo)C and (Ti, W)C car-
bide particles and the ferrite matrix along the interface are
measured to be 4.8 and 5.2%, respectively. For TiC precip-
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