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Abstract 

 

In this project, the thermoelectric properties of La-doped Sr3Ti2O7, Ca3Ti2O7 

and SrTiO3 ceramics sintered in air and N2/5%H2 have been investigated. 

Different defect chemistry models were studied in an attempt to improve the 

thermoelectric performance of La-doped SrTiO3 and related systems. 

For La-doped Sr3Ti2O7 Ruddlesden-Popper (RP) ceramics, the three 

starting nominal compositions, (Sr1-xLax)3Ti2O7 (electronic donor-doping), 

(Sr1-3y/2Lay)3Ti2O7 (A-site vacancies) and (Sr1-zLaz)3Ti2-z/4O7 (B-site vacancies) 

were sintered under air and flowing N2/5%H2 at 1773 K. The La-doped air 

sintered ceramics were all off-white/yellow in appearance and electrical 

insulators with low bulk conductivity and a high activation energy, Ea, 

confirming that solid solubility of La was small and that electronic 

(donor-doping) compensation does not exist for La-doping of ceramics sintered 

in air. Processing ceramics under reducing atmosphere is sufficient to form dark 

single-phase samples for the x series (electronic donor-doping series) up to 

(Sr0.95La0.05)3Ti2O7 (x = 0.05), indicating that reducing conditions and 

oxygen-loss from the Sr3Ti2O7 lattice are conducive towards electronic 

La-doping in Sr3Ti2O7-δ ceramics and to extend solid solubility. In all N2/5%H2 

sintered samples, an insulating surface layer associated with SrO volatilization 

and oxygen up-take (during cooling) from the sintering process occurred that, 

unless removed, masked the conductive nature of the ceramics. In the bulk, 

significantly higher power factors were obtained for ceramics that were phase 

mixtures containing highly conductive (Sr, La)TiO3-δ, ST. This highlights the 

superior power factor properties of reduced perovskite-type ST compared to 

reduced RP-type Sr3Ti2O7 and serves as a warning for the need to identify low 

levels of highly conducting perovskite phases when exploring rare-earth doping 

mechanisms in RP-type phases. 
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For La-doped SrTiO3, the favoured mechanism for doping was through 

the formation of A-site vacancies independent of 𝑃𝑂2. Samples with A-site 

vacancies (Sr1-3y/2LayTiO3) had the highest electrical conductivity for the same 

La content (i.e. 10 at. %) sintered at 1773 K, independent of 𝑃𝑂2 . In the 

Sr1-3y/2LayTiO3 system, air sintered ceramics were metrically cubic for 0.1 ≤ y < 

0.30, tetragonal with short range strontium vacancy, VSr, ordering for 0.30 ≤ y < 

0.50, then orthorhombic with long range ordering of VSr for y ≥ 0.50 by X-ray 

powder and electron diffraction at room temperature. For samples reduced in 

N2/5%H2, compositions with 0.1 ≤ y ≤ 0.50 were metrically cubic. Short range 

VSr ordering and an orthorhombic structure with long range VSr ordering were 

observed for y = 0.50 and 0.63, respectively. Samples with y = 0.15 sintered in 

N2/5%H2 revealed the largest dimensionless thermoelectric figure-of-merit (ZT 

= 0.41 at 973 K) reported for n-type SrTiO3 based materials, suggesting that the 

accommodation of La through the formation of VSr accompanied by reduction 

in N2/5%H2 represents a new protocol for the development of oxide-based 

thermoelectrics.
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Chapter 1: Introduction 

 

Energy consumption and environmental issues are two of the major 

concerns for developed economies. The change of global climate due to the 

burning of fossil fuels and black carbon
1
 in the environment is becoming 

increasingly problematic. As materials that are able to generate electricity from 

waste heat, thermoelectrics (TE) have attracted huge interest as part of a range 

of solutions to establish a sustainable technological society
2
. Thermoelectric 

power generation represents one of the best candidate technologies to reduce 

our dependency on conventional power sources
3
 since it converts waste heat to 

electricity. To date, the use of TE devices has been proposed for TE-solar hybrid 

systems
4,5

 and waste-heat harvesting in power stations or in vehicles
6
 but has to 

date primarily been used for radioisotope thermoelectric generation (NASA’s 

Voyager and Cassini missions)
7
, local cooling in computer chips, 

mini-refridgerators and air conditioners. TE generators are solid-state devices 

with no moving parts. They are lightweight, scalable, exhibit no wear and are 

quiet, and reliable, making them ideal for small, distributed power generation 

and to replace compression-based refridgeration
3, 8

. 

Nevertheless, low conversion efficiency and high manufacturing costs 

have limited many applications of most thermoelectric materials. Therefore, the 

development of higher-performance thermoelectric materials plays an 

indispensable role in realising the full potential of power generation and 

refridgeration. The efficiency of a given material to produce thermoelectric 

power is governed by its dimensionless figure of merit ZT. Traditional 

thermoelectric materials, such as PbTe
9, 10

 and  Bi2Te3
11, 12

 are composed of 

toxic, naturally rare elements but have been developed for thermoelectric 

modules due to their high figure of merit (ZT) values. However, these materials 

can be oxidised and melt at high temperature in air, which leads to the necessity 

for high temperature thermoelectric oxides. 
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Although many thermoelectric oxides have been investigated, in general, 

most p-type oxides with good thermoelectric performance are ternary and 

quaternary cobaltates with a common CoO2 layer, such as NaCo2O4
13

, 

(Sr,Ca)3Co4O9
14

, Bi2-xPbxSr2Co2O8 (0 ≤ x ≤ 0.4)
15

, Tl0.4[Sr0.9O]1.12CoO2
16

 and 

[Pb0.7Hg0.4Sr1.9Co0.2O3][CoO2]1.8
17

. They have ZT values of ~0.8-1 at 800-1000 

K. Compared to p-type thermoelectric oxides, n-type oxides with equivalent ZT 

values have yet to be discovered. The best n-type thermoelectric oxide to date is 

Al, Ga co-doped ZnO, which show ZT = 0.47 at 1000 K
18

. Other promising 

n-type oxides are CaMnO3, In2O3 and SrTiO3. Nb-doped CaMnO3 has produced 

a ZT value of 0.27 at 1000 K
19

. Recently, a ZT value of 0.44 at 973 K has been 

found in In2-2xZnxCexO3
20

. As a good electronic conductor, SrTiO3 doped with 

either Nb or La, has ZT ≈ 0.37 and 0.26 at 1000 K
21

, respectively. ZT for 

Sr3Ti2O7, Ruddlesden-Popper compounds, have been reported to achieve a 

maximum of 0.24 at 1000 K for (Sr0.95Gd0.05)3Ti2O7
22, 23

. 

Most research on SrTiO3-based thermoelectrics has focused on donor 

doping mechanisms with higher valence ions on the A- or B-site, especially 

La-doped SrTiO3 (LST)
24, 25

. The effect of A-site cation deficiency on the 

thermoelectric performance of donor-doped SrTiO3 has been reported only by 

J.-W. G. Bos et al.
26

 and Kovalevsky et al.
27

 but there is still no report on the 

influence of other doping mechanisms (i.e. B-site deficiency) on thermoelectric 

properties. Moreover, no other mechanisms, except donor doping, have been 

investigated in La-doped Sr3Ti2O7 systems. The main goal for this project was 

therefore to explore different potential defect doping mechanisms for La-doped 

SrTiO3 and Sr3Ti2O7 prepared in air and under reducing conditions to establish 

the thermoelectric properties and their relation to crystal structure, defect 

chemistry and ceramic microstructure. 
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Chapter 2: Literature Review 

 

2.1  Background to ABO3 Perovskites 

2.1.1 Cubic Perovskite and Ruddlesden-Popper Structured Phases 

 

The formula of an ideal cubic perovskite is ABX3, the structure of which 

is shown in Figure 2.1. The A cation is surrounded by 12 X anions in 

cuboctahedral coordination. The B cation is in the centre of an octahedral cage 

surrounded by 6 X anions. The A site ion is larger than the B site ion, and X is 

an anion of similar size to the A site cation. The cuboctahedral volume is 

approximately five times larger than the octahedral volume, especially in the 

ideal cubic structure. The ideal ABX3 structure adopts the space group Pm3̅m 

(P4/m3̅2/m #221). SrTiO3 is commonly considered as showing the ideal cubic 

perovskite structure with a lattice parameter of 3.905 Å at room temperature.
1
 

 

Figure 2.1 The ideal perovskite structure, ABX3. 

Ruddlesden-Popper compounds with general formula An+1BnX3n+1 were 

first synthesised and described by S.N. Ruddlesden and P. Popper in 1957
2, 3

. 
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The general formula can also be written as AX(ABX3)n, which means that 

compounds have a layer structure with one AX unit per n perovskite blocks. 

Figure 2.2 illustrates the structure of Sr3Ti2O7 with the I4/mmm space group, 

which is the archetypal n = 2 member in Ruddlesden-Popper systems. The TiO6 

octahedra shear along {001}C planes with a displacement vector of (perovskite 

lattice parameter) ap/√2 along [110]p. Therefore, the original corner-sharing 

octahedral framework is broken. To offset this deficiency, the SrO unit resides 

between the perovskite layers, resulting in transformation from cubic to 

tetragonal symmetry. 

 

Figure 2.2 The crystal structure of Sr3Ti2O7. 

 

 

 

 

Sr1 

O2 

Sr2 O1 

O3 
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2.1.2 Defect Chemistry of ATiO3 (A = Ba, Sr) 

 

BaTiO3 

 

As a well-known system, BaTiO3 has drawn a lot of attention due to its 

versatile applications including photorefractive materials
4
, microwave 

dielectrics
5
, piezoelectric transducers

6
 and actuators, multilayer ceramic 

capacitors (MLCC)
7-9

, random access memory (RAM)
10, 11

 and positive 

temperature coefficient of resistance (ptcr) thermistors
12, 13

. 

The dielectric properties of BaTiO3 stem from a series of phase 

transitions as a function of temperature, as shown in Figure 2.3
14

. The cubic 

perovskite phase (space group Pm3̅m) is only stable above 125 °C with a 

lattice parameter of 3.996 Å. Below this temperature, BaTiO3 adopts a series of 

non-centrosymmetric space groups whose structures are ferroelectric. Much 

work has been dedicated to the relationship between structure and the 

ferroelectric properties in BaTiO3 based compositions
15-18

. 

 

 

Figure 2.3 Phase transitions of BaTiO3
14

. 

 

Due to its use in MLCCs over the last ~30 years there has been a need to 

understand better the defect chemistry of BaTiO3
19-22

. The defect chemistry of 

undoped and doped BaTiO3 has been extensively studied by means of 

thermogravimetry
23

, chemical diffusivity
24,25

, electrical conductivity 

measurements
21,22

 and Transmission Electron Microscopy (TEM)
26

. However, 
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many discrepancies still exist between reported experimental data and 

theoretical models. BaTiO3 invariably contains an excess of naturally occurring 

acceptor-type impurities that have lower valence than the ion which they 

replace (Ti
4+

 is substituted by Fe
3+,

 Mn
2+

, Mg
2+

, etc.)
21

. Hagemann et al. have 

shown the impurity elements of BaTiO3 powders analysed by spectrochemical 

and X-ray fluorescence, Table 2.1
23

. Although their maximum concentrations 

are below 100 parts per million (ppm), they play crucial roles in the defect 

chemistry of BaTiO3, which can be described for acceptor dopants according to 

the equation: 

                                 𝐴2𝑂3 + 2BaO → 2𝐵𝑎𝐵𝑎
𝑥 + 2A𝑇𝑖

′ + 5𝑂𝑂
𝑥 + 𝑉𝑂

∙∙          2-1 

 

Table 2.1 Typical results of impurity analyses of BaTiO3 ceramics
23

 

Impurity element Weight (ppm) Remarks 

Sr 6500 

Isovalent substitution Ca 70 

Sn <5 

Pb <5 

   

Si 200 
Low solubility in  

perovskite matrix 

Al 30 

Na 20 

Cu 1 

   

Fe 60 Off-valency impurities 

incorporated in the BaTiO3 

lattice 

Mg 20 

Mn 2 

 

 

From equation 2-1, it is evident that acceptor impurities (and dopants) 

are compensated by oxygen vacancies. Hence the properties of BaTiO3 should 

be strongly influenced by 𝑃𝑂2 . The equilibrium electrical conductivity of 

undoped polycrystalline BaTiO3 is represented in Figure 2.4 using log-log plots 

of the electrical conductivity as a function of oxygen partial pressure at 50 °C 

intervals
22

. The minimum value of conductivity corresponds to the completely 

compensated state, which can be designated as 𝑃𝑂2
0 . For 𝑃𝑂2 < 𝑃𝑂2

0 , BaTiO3 has 
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rising n-type conductivity with decreasing 𝑃𝑂2  due to a stoichiometric 

deficiency of oxygen. The equilibrium in the reduction reaction region can be 

expressed as: 

                     𝑂𝑂
𝑥 ⇌ 1

2⁄ 𝑂2 + 𝑉𝑂
·· + 2𝑒′                  2-2 

For 𝑃𝑂2 > 𝑃𝑂2
0 , the behaviour of the increase in conductivity with 𝑃𝑂2 can be 

explained by means of a reaction for compensation of the impurity-related 

oxygen vacancies by excess oxygen:  

                                                   𝑉𝑂
·· + 1 2⁄ 𝑂2 ⇌ 𝑂𝑂

𝑥 + 2ℎ∙                  2-3 

 

 

Figure 2.4 Equilibrium electrical conductivity of undoped polycrystalline 

BaTiO3 from 600 to 1000 °C at 50 °C intervals
22

. 

 

Donor dopants in BaTiO3 are usually large trivalent cations substituted 

at the Ba-site, e.g., La
3+

, and intermediate-sized cations that can sit on the Ti site, 

e.g., Nb
5+

. However, the compensation mechanisms are complex for 

donor-doped BaTiO3 and can also be dependent on the conditions of synthesis, 

e.g. temperature and 𝑃𝑂2 . Although interstitial anions have been regarded as 
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being unlikely in the perovskite structure, there are still three options for the 

positively charged donors to be compensated by: Ba-site vacancies, Ti-site 

vacancies, or electrons. If La is the dopant, these may be written in Kroger-Vink 

notation as: 

𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝐵𝑎
∙ + 𝑉𝐵𝑎

′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 9𝑂𝑂

𝑥          2-4 

           2𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 4𝐿𝑎𝐵𝑎
∙ + 𝑉𝑇𝑖

′′′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 12𝑂𝑂

𝑥        2-5 

 𝐿𝑎2𝑂3 + 2𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝐵𝑎
∙ + 2𝑒′ + 2𝑇𝑖𝑇𝑖

𝑥 + 6𝑂𝑂
𝑥 + 1/2𝑂2(𝑔)   2-6 

It is well known that BaTiO3 with low levels (≤ 0.5 at. %) of either A or 

B site donor doping is semiconducting and dark-coloured related to the 

reduction of Ti. This led to the development of two apparently conflicting 

models. Daniels et al.
27

 suggested that at 1200 °C La is compensated by 

electrons at low 𝑃𝑂2 (< 10
-7

 atm), while ionic compensation dominates at high 

𝑃𝑂2. Chan et al.
22

 suggested an electronic compensation mechanism exists in 

lightly La-doped BaTiO3 (La ≤ 1 at. %) at all 𝑃𝑂2, because the conductivity is 

independent of 𝑃𝑂2. A more reasonable model has been proposed by Morrison 

et al.
28

. They suggested a small amount of oxygen loss rather than direct donor 

doping is the origin of the semiconductivity in La-doped BaTiO3
28

. Unless 

ceramics are processed in very high 𝑃𝑂2  to suppress the oxygen loss, the 

samples are electrically heterogeneous with a general formula of 

Ba1-xLaxTi1-x/4O3-δ. 

Furthermore, with increasing donor concentration, a transition from 

semiconducting to insulating behaviour occurs, indicating that ionic 

compensation dominates at high donor concentrations with Ba-site or Ti-site 

vacancies. Formation of  V𝑇𝑖
′′′′ was initially considered unlikely due to their 

high effective charge and tendency to destroy the bonding in crystal structure. 

However, theoretical calculations
29

, equilibrium ternary phase diagram studies
30

, 

atomistic simulations
31

 have all certified that V𝑇𝑖
′′′′ are a favorable defect in 

BaTiO3. Recently, Freeman et al.
32

 demonstrated that a model of Ti-site 

vacancies with subsequent oxygen-loss can explain the semiconductivity in low 

La-donor concentrations and the insulating behaviour at high doping levels. 
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SrTiO3 

 

Strontium titanate (SrTiO3) is an electroceramic which exhibits various 

electronic properties useful in applications such as varistors
33

, capacitors
34, 35

 

substrates for growing superconductors
36

, resistive RAM (RRAM)
37

, anodes in 

solid oxide fuel cells (SOFCs)
38-40

, field effect transistors (FETs)
41, 42

, 

thermoelectric
43

 and as an immobilization host of nuclear waste
44

. 

At room temperature, SrTiO3 is a cubic perovskite (space group Pm3̅m) 

with a lattice parameter of 0.3905 nm and atomic density of 5.12 g/cm
3
. Under 

the transition temperature reported as being between 105 K
45

 and 110 K
46

, it 

undergoes a second order octahedral tilt phase transition to a tetragonal cell 

based on space group I4/mcm
47

. 

SrTiO3 is a wide band-gap insulator of 3.2 eV (at T = 0 K) with covalent 

bonding behaviour resulting from hybridisation of the O-2p states with the 

Ti-3d states
48

. As its defect structure is similar to BaTiO3, the defect chemical 

model of BaTiO3 has been applied to SrTiO3
49, 50

. Based on the valence and 

ionic radii, suitable acceptors have generally been chosen from dopants with a 

valence lower than four for Ti-site, e.g. Al
3+

, Cr
3+

, Fe
3+

, Ni
2+

, Mn
2+

, etc., or Na
+
 

and K
+
 on the Sr-site

56
. The most common donors for SrTiO3 are La

3+
 and Nb

5+
 

on the Sr
2+

 and Ti
4+

 sites, respectively. 

In general, undoped SrTiO3 exhibits slightly acceptor-doped behaviour 

because of the natural relative abundance of acceptor-type impurities in TiO2, 

similar to that in BaTiO3. Chan et al. studied the defect chemistry of 

polycrystalline SrTiO3 in the 1980s
57

. They proposed that the properties of 

polycrystalline SrTiO3 are sensitive to the sintering conditions because of the 

contribution of excess TiO2, acceptor impurities and 𝑉𝑂
··. The equation for 

charge neutrality of undoped and acceptor-doped SrTiO3 can be expressed as,  

                   2[𝑉𝑂
··] + 𝑝 = 2[𝑉𝑆𝑟

′′ ] + [𝐴′] + 𝑛                 2-7 
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where [𝐴′] represents the net acceptor content, 𝑛  [𝑒′] and 𝑝  [ℎ∙]. The 

experimental results from Balachandran et al. agreed well with the defect model 

proposed by Chan et al., which divided the conductivity curves into three 

different characteristic regions, Figure 2.5. At very low 𝑃𝑂2, doubly ionized 

oxygen vacancies dominate as expressed in equation 2-2. In the region between 

the low 𝑃𝑂2 side and the conductivity minima, the pressure dependence of 

approximately 𝑃𝑂2
−1/4  for the conductivity indicates n-type behaviour 

governed by acceptor impurities. The last region (𝑃𝑂2 > the conductivity 

minimum) exhibits p-type behaviour as a result of a stoichiometric excess of 

oxygen based on equation 2-3. 

 

 

Figure 2.5 Equilibrium conductivity curves of undoped polycrystalline SrTiO3 

with Sr/Ti = 1.0000 from 800 °C to 1000 °C at 50 °C intervals
57

. 

 

Witek et al. studied the electrical properties of SrTiO3 by varying the 

Sr/Ti ratio, which shows that excess TiO2 is retained as a second phase in 

SrTiO3 with Sr/Ti ≤ 0.995. The effect of excess TiO2 on the equilibrium 
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conductivity of SrTiO3 is presented in Figure 2.6. According to the defect 

model, the compensation of excess TiO2 occurs with the formation of strontium 

vacancies (𝑉𝑆𝑟
′′ ) and oxygen vacancies (𝑉𝑂

∙∙) while excess SrO requires the 

formation of either titanium vacancies (𝑉𝑇𝑖
′′′′) and oxygen vacancies (𝑉𝑂

∙∙) or 

interstitial strontium (𝑆𝑟𝐼
∙∙) and interstitial oxygen (𝑂𝐼

′′). Because the interstitial 

sites are too small for large ions in the perovskite structure and the titanium 

vacancy has a high effective charge, excess SrO is difficult to generate in large 

quantities and exists in the form of layer perovskite structures, such as the 

Ruddlesden-Popper phases
57

. In 1995, Akhtar et al. developed a defect model 

for SrTiO3 using computer simulations, which elucidates that 𝑉𝑂
∙∙ , SrTiO3 

Schottky and SrO “Schottky-like” disorder are more favourable than Ti 

vacancies and Frenkel defects
58

. Tanaka et al. applied first-principles 

calculations to conclude that oxygen vacancies predominate at low 𝑃𝑂2 , 

whereas the Sr partial Schottky reaction or strontium vacancies exist in the 

oxidation region
59

. However, according to DFT calculations of intrinsic defect 

structures in SrTiO3 by Liu et al., the O Frenkel defect also has relatively low 

formation energy in stoichiometric SrTiO3 and the Schottky defect complex 

(𝑉𝑆𝑟
′′+ 𝑉𝑇𝑖

′′′′+ 3𝑉𝑂
∙∙) is the favoured defect structure. In addition, 𝑉𝑆𝑟

′′  with 𝑇𝑖𝑆𝑟
∙∙  

and 𝑉𝑂
∙∙ are the dominant defects for excess TiO2 whereas 𝑉𝑂

∙∙ and 𝑆𝑟𝑇𝑖
′′  are 

preferred for excess SrO in nonstoichiometric SrTiO3
60

. 
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Figure 2.6 Effect of excess TiO2 on the equilibrium electrical conductivity of 

polycrystalline SrTiO3 sintered at 1400 °C, either slow-cooled or quenched. 

 

Compared to undoped and acceptor-doped SrTiO3, the defect chemistry 

of donor-doped SrTiO3 has attracted more attention, especially La-based 

strontium titanate’s (LSTs) due to their wide applicability as potential anode 

and thermoelectric materials. Reports for LST have been inconsistent and 

contradictory for a long time, especially in respect of the doping mechanisms, 

solid solution limits and crystal symmetry. This is due, in part, to the sensitivity 

of LST samples to processing variables such as temperature, 𝑃𝑂2 and time.  

Balachandran and Eror studied the solubility of La in SrTiO3 based on the 

electronic compensation formula Sr1-xLaxTiO3 by preparing samples using a 

liquid mix technique in both reduced and oxidised states, which indicated that 

interstitial mechanisms do not exist and Sr1-xLaxTiO3 (x ≤ 0.40) is a single 

phase solid solution with cubic symmetry
61, 62

. However, the cubic symmetry 

and solid solution limit was found to be lower in Sr1-xLaxTiO3 (x ≤ 0.20) by 

Joseph et al. using an arc melting technique under Ar atmosphere
63

. Higuchi et 

al.
64

, Howard et al.
65

 and Hashimoto et al.
66

 observed an increase in lattice 
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parameter with La content for Sr1-xLaxTiO3, which was contrary to that obtained 

by Eror and Balachandran, as presented in Figure 2.7. 

 

 

Figure 2.7 Lattice parameter at room temperature as a function of x in 

Sr1-xLaxTiO3±δ. Figure adapted from reference 66. 

 

Three compensation mechanisms are commonly considered for LSTs 

and they are similar to those considered for donor-doped BaTiO3: Sr-site 

vacancy, Ti-site vacancy, and electron compensation. So far it is widely 

accepted that no strong evidence has been provided to suggest that Ti-site 

vacancies exist in LSTs and that the extra positive charge from substitution of 

Sr
2+

 by La
3+ 

is compensated by electrons offered by the creation of equal 

numbers of Ti
3+

 from Ti
4+

 with a formula of 𝐿𝑎𝑥
3 𝑆𝑟1−𝑥

2 𝑇𝑖𝑥
3 𝑇𝑖1−𝑥

4 𝑂3
2−

 

in highly reducing conditions
65, 67-69

. However, LST is found to have very low 

electrical conductivity under oxidising conditions. Moos et al. demonstrated 

that a Sr vacancy compensation mechanism occurs throughout La-doped SrTiO3 

samples sintered in oxygen at 1400 °C for a La doping level up to 30 at. %
70

. At 

high 𝑃𝑂2, the uptake of sufficient oxygen results in the formation of SrO layers 

● Hashimoto et al. [66] 

Howard et al. [65] 
(sintered in air) 

Howard et al. [65] 
(sintered in 10%H2/N2) 
 

Higuchi  

et al. 

[64] 

Eror et al. [61] 
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interleaved with perovskite layers in a similar way to that of Ruddlesden-Popper 

phases, therefore supporting ionic compensation of La donors by strontium 

vacancies
70, 71

. 

In order to determine where excess oxygen may be accommodated in 

LaxSr1–xTiO3+δ, Irvine et al. have proposed a fourth mechanism (intergrowth of 

two end members, La2Ti2O7 and SrTiO3, in the layered perovskites 

La4Srn-4TinO3n+2) to describe the intercalation of oxygen in the lattice
72

. As 

illustrated in Figure 2.8, the excess oxygen atoms locate at the crystallographic 

shears where the corner-sharing octahedral connectivity is broken. Density 

measurements were performed to examine different structural models by 

comparing theoretical and experimental density values, which showed the 

intergrowth model to be the most suitable for La4Srn-4TinO3n+2, Figure 2.9. 

 

 

Figure 2.8 Schematic structural models for the La4Srn-4TinO3n+2 series: (a) 

La2Ti2O7 (n = 4), (b) La4SrTi5O17 (n = 5) and (c) La4Sr2Ti6O20 (n = 6)
72

. 
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Figure 2.9 Comparison between theoretical and experimental density values for 

La4Srn-4TinO3n+2
72

. 

 

Furthermore, it is worth noting that Sr-site deficiency is beneficial to the 

improvement of electrical conductivity in LaxSr1-3x/2TiO3 as compared to 

stoichiometric compounds (LaxSr1-xTiO3) at the same oxygen partial pressure
73, 

74
. However, it is necessary to understand the crystal structures of these systems 

to answer why A-site deficient compositions have higher electrical conductivity. 

A-site cation-vacancy ordering has been observed by Battle et al. using High 

resolution (HR) TEM in the system of LaxSr1-3x/2TiO3 (0.25 ≤ x ≤ 0.60)
75

. In 

Figures 2.10(a) - (d), a change in the [100] zone electron diffraction pattern for 

the furnace-cooled specimens was observed from x = 0.30 to x = 0.60. Figure 

2.11 shows the microstructures from the same part of the electron diffraction 

patterns in Figure 2.10. A few dispersed Sr-site vacancies appear (Figure 

2.11(a)) and are visible in greater concentration (Figure 2.11(b)) as the 

La-concentration increases. They then form square (cubic) and rectangular 

(orthorhombic) shapes (Figure 2.11(c)) and finally adopt only orthorhombic 

symmetry (Figure 2.11(d)). The combined evidence from Figures 2.10 and 2.11 
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suggests that increasing VSr and resulting superstructure ordering occurs with 

increasing La concentration up to x = 0.60. In 2004, Howard et al. also showed 

the existence of an octahedral tilt transition in this system, Figure 2.12
76

. 

Nevertheless, there is still no definitive report on the influence of 

cation/vacancy ordering, oxygen-loss and octahedral tilting on the 

structure-composition-property relations in LST. 

 

 

Figure 2.10 Electron diffraction patterns of furnace-cooled LaxSr1-3x/2TiO3 

indexed for (a) x = 0.30, (b) x = 0.40, and (c) x = 0.50 as the [100] zone of a 

cubic system; (d) x = 0.60 is indexed as the [110] zone of an orthorhombic 

system. Arrows indicate weak reflections
75

. 
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Figure 2.11 Lattice images of furnace-cooled projected along [100] of a cubic 

system for (a) x = 0.30, (b) x = 0.40, (c) x = 0.50, and along [110] of an 

orthorhombic system for (d) x = 0.60. The arrows in (a) and (b) point to isolated 

vacancies or vacancy pairs (bracketed). Square and rectangular vacancy groups 

are indicated in (c) and (d), and the arrows in (d) indicate the [11̅0] direction
75

. 

 

Figure 2.12 A summary of the space groups versus temperature observed for 

LaxSr1-3x/2TiO3
76

. 
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2.2  Thermoelectric Effects 

 

Generally, thermoelectric effects are composed of three separate 

identified contributions: the Seebeck, Peltier and Thomson effects. 

 

2.2.1 Seebeck Effect 

 

The Seebeck effect was discovered in 1821 by Thomas Johann Seebeck, 

who found that a compass needle would deflect in the presence of a material 

with a temperature difference between two ends
77

. He initially classified it as a 

magnetic phenomenon and then corrected himself to suggest that it is an 

electromotive force that can lead to a measurable voltage or current in a closed 

loop between two ends of a material in response to a temperature gradient 

across that material. For the junction of two dissimilar metals, metal A and 

metal B, the relative Seebeck coefficient (also known as thermopower), SAB, is 

given as: 

         SAB = SB – SA = ∆VB/∆T- ∆VA/∆T               2-8 

where ∆V is the voltage difference between two ends of the material and ∆T is 

the temperature difference. 

The voltages generated by the Seebeck effect are generally small. 

Therefore, the Seebeck coefficient is expressed as microvolts per kelvin of 

temperature difference (μV/K). Some thermoelectric devices can produce a few 

millivolts if the temperature difference is large enough. 

The Seebeck effect is used in thermocouples, which are responsible for 

temperature measurements or to provide electrical power for waste-heat 

harvesting in power stations if a large temperature difference is maintained 

across that material. 
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2.2.2 Peltier Effect 

 

The Peltier effect was discovered by Jean-Charles Peltier in 1834
78

 and 

may be considered as the inverse of the Seebeck effect. It is the appearance of 

heat generation or absorption within each end of a material upon the application 

of a current across that material. The Peltier heat (Q) generated per unit time at 

the junction of two dissimilar metals, metal A and metal B, is equal to: 

                            Q = лABI                          2-9 

where лAB is the Peltier coefficient, and I is the electric current across this 

junction. 

The Peltier effect can be used for cooling devices such as refridgerators 

or for heat pump devices involving multiple current-carrying junctions in series. 

 

2.2.3 Thomson Effect 

 

William Thomson (Lord Kelvin) established a relationship (the 

Thomson effect) between the Seebeck and Peltier coefficients in 1851. The 

Thomson effect can be summed up as the heating or cooling in a current 

carrying conductor with a temperature gradient along its length. The Thomson 

effect predicts the rate of heat generation per unit volume, q, is given as: 

                           𝑞 = −𝜏𝐽∇𝑇                        2-10 

where J is the current density, τ is the Thomson coefficient and where ∇𝑇 is the 

temperature gradient. 

Seebeck coefficients vary with changing temperature in many materials 

and therefore a gradient in the Seebeck coefficient occurs due to a temperature 

gradient. A current flowing through this gradient will result in a continuous 

version of the Peltier effect. The first Thomson relation is: 
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                             τ =
𝑑𝜋

𝑑𝑇
− 𝑆                      2-11 

where л is the Peltier coefficient, 𝑇 is the absolute temperature and S is the 

Seebeck coefficient. The second Thomson relation is: 

                                               π = 𝑆𝑇                       2-12 

We can use the Thomson coefficient to determine the absolute Peltier 

and Seebeck coefficients owing to its uniqueness for individual materials. But 

the Thomson effect is of little actual application value because it is a secondary 

effect. 

 

2.3  Thermoelectric Efficiency  

 

Thermoelectric device performance relies on the Carnot efficiency, the 

intrinsic material parameters and the dimensionless figure of merit ZT. 

For Peltier cooling, the measured maximum temperature drop (∆𝑇𝑚𝑎𝑥) is 

used to calculate ZT
79

. 

                          ∆𝑇𝑚𝑎𝑥 =
𝑍𝑇𝑐𝑜𝑙𝑑

2

2
                      2-13 

For power generation and the cooling mode, the maximum conversion 

efficiency of thermoelectrics, η, is respectively expressed as: 

                   𝜂 = (
𝑇ℎ𝑜𝑡−𝑇𝑐𝑜𝑙𝑑

𝑇ℎ𝑜𝑡
)(

√1 𝑍𝑇𝑎𝑣𝑔−1

√1 𝑍𝑇𝑎𝑣𝑔 
𝑇𝑐𝑜𝑙𝑑
𝑇ℎ𝑜𝑡

)              2-14 

                   𝜂 = (
𝑇𝑐𝑜𝑙𝑑

𝑇ℎ𝑜𝑡−𝑇𝑐𝑜𝑙𝑑
)(

√1 𝑍𝑇𝑎𝑣𝑔−
𝑇𝑐𝑜𝑙𝑑
𝑇ℎ𝑜𝑡

√1 𝑍𝑇𝑎𝑣𝑔 1
)              2-15 

where the Carnot efficiency is given as the first factor of equation 2-14, Tavg is 

the average temperature Tavg = (Thot+Tcold)/2. Equation 2-14 indicates that a large 

temperature gradient and high ZTavg value leads to high conversion efficiency. 

Increasing the temperature gradient is the aim of generator design. Meanwhile, 

the figure-of-merit (ZT) can be used to characterise the performance of a 

thermoelectric device, which is defined as: 
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                                                               𝑍𝑇 =
𝑆2𝜎𝑇

𝜅
                        2-16 

where S is the Seebeck coefficient as defined earlier, σ is the electrical 

conductivity and κ is the thermal conductivity. T is the average temperature in 

Kelvin at which the thermoelectric properties are measured. S
2
σ is the power 

factor that is often used to compare thermoelectric materials due to the 

challenge of obtaining reliable thermal conductivity values
80

. 

 

2.4  The Strategy for Improving Thermoelectric Performance 

 

Thermoelectrics have attracted renewed interest, driven by the need for 

alternative commercial sources of electrical power. They have emerged as a 

promising contender for electronic refridgeration and power generation 

applications. Thermoelectrics can convert heat into electricity directly due to the 

“Seebeck effect”. The inverse of this, the “Peltier effect”, has been used in 

thermoelectric refridgeration. Based on these two processes, thermoelectric 

devices have been applied widely to power generation and energy conservation, 

for example, waste-heat harvesting in power stations
81-85

, local cooling on 

computer chips, mini-refridgerators, Radioisotope Thermoelectric Generator 

(RTG), air conditioners and so on. As they are solid-state devices with no 

moving parts, lightweight, scalable, no wear, low noise, and reliable this makes 

them ideal for small, distributed power generation and to become the new 

replacement of compression-based refridgeration
80

. 

The key to obtaining high ZT values is securing a high Seebeck 

coefficient (S), high electrical conductivity (σ) and low thermal conductivity (κ), 

all in the same material
86-92

. A high Seebeck coefficient is related to a high open 

circuit voltage (V = SΔT) of a thermoelectric material with a temperature 

gradient, which therefore determines the power output. A high electrical 

conductivity can minimize ohmic losses when current passes through the device. 
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In the meantime, heat transfer across materials of high thermal conductivity 

occurs at a faster rate than across materials of low thermal conductivity. 

Therefore, low thermal conductivity leads to a large thermal gradient. 

Unfortunately, it is impossible to have all these properties optimised in 

one material. Metals have very high electrical conductivity but also high 

thermal conductivity and low Seebeck coefficient. Polymers and glasses have 

very low thermal conductivity but generally very low electrical conductivity
93

. 

This has led to the concept of ‘‘phonon-glass, electron-crystal’’ (PGEC) 

materials which means the best thermoelectrics are crystalline materials that 

manage to scatter phonons without disrupting the electrical conductivity 

significantly but still have charge carriers of high mobility, thereby meeting the 

compromises required for optimizing ZT
80

. 

 

2.4.1 Increasing the Power Factor 

 

The power factor is the Seebeck coefficient squared multiplied by the 

electrical conductivity (S
2
σ). If its value is large, a large thermoelectric voltage 

and a high current can be generated. 

The mechanism for the generation of the Seebeck effect in 

semiconductors is different from that in a metal because both the carrier 

concentration and the position of the Fermi level of a metal remain relatively 

unchanged with temperature. However, in semiconductors, since carriers in the 

hot end have more thermal energy than there in the cold end, hot carriers will 

diffuse from the hot end to the cold end. Thus, more carriers localise in the cold 

end, which forms an opposed electric field. If the material is in an open circuit, 

the rate at which carriers move from the hot to cold end caused by diffusion will 

be balanced by the rate at which carriers move from the cold to hot end owing 

to the electric field, thus equilibrium is reached. As a result an electrochemical 

potential will form with the appearance of a temperature difference between the 



Literature Review 

  
Page 25 

 
  

two ends. This electrochemical potential is known as the Seebeck voltage, and 

the amount of voltage generated per unit temperature gradient is called the 

Seebeck coefficient
93

. 

To obtain a large Seebeck coefficient, there should only be one type of 

carrier (electrons or holes). Mixed n-type and p-type carrier systems will 

weaken the Seebeck voltage because of the enrichment of both charge carriers 

in the cold end. Thus Stotal = Sn+Sp, where Sn is negative, and Sp is positive. 

The Mott formula
94

 for the Seebeck coefficient S is 

                        𝑆 =
𝜋2

3

𝑘𝐵
2𝑇

𝑒

𝑑𝑙𝑛𝜎(𝐸)

𝑑𝐸
│𝐸=𝐸𝑓                 2-17 

where kB is Boltzmann’s constant, and e is the charge of an electron, σ (E) is the 

electrical conductivity determined as a function of the band filling or Fermi 

energy, Ef. If the electronic scattering is independent of energy, then σ (E) is 

proportional to the density of states (DOS) at E. 

The interrelationship between carrier concentration and the Seebeck 

coefficient can be seen from relatively simple models of electron transport. 

According to a simple theory for nearly free electrons, the Seebeck coefficient 

is given by
95

: 

                𝑆 =
8𝜋2𝑘𝐵

2

3𝑒ℎ2
𝑚＊𝑇 (

𝜋

3𝑛
)
2/3

[1 + (
𝑑𝑙𝑛𝜆𝑠

𝑑𝑙𝑛𝐸
)
𝐸𝑓
]            2-18 

where h is Planck's constant, n is the carrier concentration, and m* is the 

effective mass of the carrier, λs is the scattering distance. It has been shown that 

room temperature values of S vary as n
-2/3

, as required by equation 2-17
96

. 

The electrical conductivity (σ) is related to n through the carrier mobility 

μ: 

                             𝜎 = 𝑛𝑒𝜇                        2-19 

                             𝜇 =
𝑒𝜏

𝑚＊
                         2-20 

Using Eqs. 2-19 and 2-20 we can further define σ as: 

                     𝜎 =
𝑛𝑒2𝜏

𝑚＊
                        2-21 
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where e denotes electron charge and τ is the carrier lifetime. As temperature 

increases, τ decreases in a metal. By contrast, electrical conductivity in 

semiconductors correlates positively with temperature because their carrier 

density increases at a faster rate than the decrease of carrier mobility with 

increasing temperature. 

The Seebeck coefficient is proportional to effective mass and inversely 

proportional to carrier concentration (equation 2-18) but electrical conductivity 

has the opposite trend (equation 2-21). Thus there should be a certain optimum 

balance between them, which relies on the carrier concentration, as can be seen 

from Figure 2.13. m* refers to effective mass, which increases with flat, narrow 

bands with high density of states at the Fermi surface. Thus, a balance must be 

found between effective mass and mobility for a high power factor. It is not 

obvious which effective mass is optimum. Good thermoelectric materials can be 

found within a wide range of effective mass and mobility
79

. 

Typically metals have high electrical mobility but small Seebeck 

coefficients because of half-filled bands caused by equal negative and positive 

charges cancelling each other when contributing to the induced thermoelectric 

voltage. However, large Seebeck coefficients have been observed in alloys and 

solid solutions of rare-earth elements known as “heavy fermion” systems
97

. 

Oxides have low mobility but high effective mass, implying that a generally 

applicable route to enhanced ZT is to deliberately engineer impurity-induced 

band-structure distortions
98

. Some semiconductors, such as SiGe, have high 

mobility but low effective mass
99

. 
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Figure 2.13 Optimising ZT through carrier concentration tuning: maximising the 

efficiency (ZT) of a thermoelectric involves a compromise between thermal 

conductivity (κ; plotted on the y axis from 0 to a top value of 10 W m
–1

 K
–1

) and 

Seebeck coefficient (S; 0 to 500 μV K
–1

) with electrical conductivity (σ; 0 to 

5000 Ω
–1

cm
–1

). Good thermoelectric materials are typically heavily doped 

semiconductors with a carrier concentrations between 10
19

 and 10
21

 carriers per 

cm
3 (79)

. 

 

2.4.2 Lowering Thermal Conductivity 

 

The thermal conductivity κ in thermoelectrics has two contributions; one 

from mobile electrons (κe) and another from phonons travelling through the 

lattice (κkappa). Thus, κ = κe + κkappa. Electron kinetic energy is transferred to the 

cold end by collisions with each other and with the atoms in the lattice. Phonons 

have a range of kinetic energies and the energy is transferred from the hot to 

cold end via phonon-phonon interactions. The thermal conductivity must be low 

to maintain a temperature difference across the material. 

The Wiedemann-Franz law indicates that the ratio of the electronic part 
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of the thermal conductivity κ to the electrical conductivity σ is constant at a 

given temperature according to the following relation
100

: 

                  𝐿 =
κ𝑒

σ𝑇
=

𝜋2

3
(
𝑘𝐵

𝑒
)
2

= 2.44 × 10−8𝑊𝛺𝐾−2        2-22 

A good approximation for the lattice thermal conductivity has been 

offered by the classical kinetic theory: 

                            𝜅𝑙𝑎𝑡𝑡 =
𝐶𝑣𝑙𝑣𝑠

3
                      2-23 

where Cv is the specific heat at constant volume, 𝑙 is mean free phonon path, 

and νs is the average velocity of sound. 

At very low temperatures (under 40 K), the behavior of κlatt is dominated 

by the Debye T
3
 law for Cv. Phonon scattering is insignificant in this 

temperature range due to the low number of excited phonons and their very long 

lifetime. However, at high temperatures, that is, above the Debye temperature, 

Cv approaches the classical value of 3R, leading to the primary dependence of 

κlatt on 𝑙 which is determined by phonon-phonon scattering
101

. According to 

Keyes’s expression
102

 the lattice thermal conductivity is dominated primarily by 

phonon-phonon scattering (equation 2-24): 

                      𝜅𝑙𝑎𝑡𝑡𝑇 =
𝑅3/2

3𝛾2𝜀3𝑁0
1/3

𝑇𝑚
3/2

𝜌2/3

𝐴7/6
                 2-24 

where R is the ideal gas constant, Tm is the melting point, ρ is the density, γ is 

the Grüneisen constant, ε is the fractional amplitude of interatomic thermal 

vibrations, No is Avogadro’s number, and A is the mean atomic weight. 

From the equations above, the parameters in equation 2-16 are 

determined by the details of the electronic structure and scattering of charge 

carriers (electrons or holes), and thus are not independently controllable. 

Therefore, the figure-of-merit (ZT) can be improved by manipulating the lattice 

thermal conductivity without decreasing the electrical conduction. Three 

successful strategies have been used to reduce the lattice thermal conductivity. 

The first one is to introduce point defects or rattling structures
103-106

. The second 

one is to engineer complex crystal structures to separate the electron-crystal 

from the phonon-glass, where the main purpose is to scatter phonons without 
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significantly disrupting the electron-transport region
107-113

. A third strategy is to 

create nanostructures thus shortening the mean free path. These materials can be 

formed as superlattices (2D structures)
114

, nanowires (1D structures)
115

, 

quantum dots (0D structures)
116

 and thin-film materials
117

. 

Although, obviously, there is a large specialised market for 

thermoelectrics far beyond the few applications discussed above, thermoelectric 

devices are not in wide spread use today because the main limitation is the low 

energy conversion efficiency relative to mechanical cycling.  

 

2.5  Thermoelectric Materials Performance 

 

The remarkable progress in the enhancement of the figure of merit ZT in 

recent years is shown in Figure 2.14. The largest figures of merit have been 

achieved with tellurium-, antimony- and germanium-based compounds
118-122

. A 

figure of merit of one or larger is generally considered to be needed for practical 

applications. Many different material systems exhibit enhanced figures of merit, 

and some of them have broken the ZT ≈ 1 barrier which was the maximum ZT 

of any material for over fifty years
93

. 

 

2.5.1 Why Oxides? 

 

The above materials are composed of toxic, naturally rare, and heavy 

elements and can be oxidised or melt at high temperatures in air. To overcome 

these limitations, novel TE materials with high ZT composed of nontoxic, 

naturally abundant, light, and cheap elements need to be developed. Oxide 

materials meeting these requirements are highly promising candidates from this 

point of view. If the durability can be improved and the cost decreased, oxide 

thermoelectric materials may be used in devices for harvesting energy from 
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waste heat
123

. 

It should also be mentioned that there is great effort currently under way 

to solve engineering challenges related to creating thermoelectric devices, 

although that is not the focus of this review
124

. The objective here is to review 

the current status of oxide thermoelectric materials, including results from the 

literature on the thermoelectric properties of promising n-type and p-type oxide 

materials. 

 

 

Figure 2.14 Figure of merit ZT of current state of the art thermoelectric 

materials versus temperature. The dashed lines show the maximum ZT values 

for bulk state of the art materials, and the solid lines show recently reported ZT 

values, many of which were obtained in bulk nanostructured materials 

(BiSbTe
125

, Na0.95Pb20SbTe22
126

, PbTe/PbS
127

, Pb0.98Tl0.02Te
98

, Pb1+xSbyTe
128

, 

n-SiGe
129

, p-SiGe
130

). 

 

2.5.2 P-type oxides 

 

As discussed above, the short mean free paths of layer-structured 
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materials allow them to have low thermal conductivity due to phonon scattering 

at the interfaces between the layers. Moreover, drastic improvement of the 

thermoelectric performance was theoretically predicted for quantum-well 

cobaltite structures
131, 132

. The ternary and quaternary cobaltates have generated 

much excitement because of their high Seebeck coefficients and related high 

power factor coupled with a low thermal conductivity. The appeal of oxides for 

high-temperature thermoelectric power generation derives from their presumed 

high thermal and chemical stability in air. Therefore, cobalt oxides with layered 

crystal structures are drawing more attention. 

The most promising p-type oxide thermoelectric materials are those 

based on alkali or alkaline-earth cobaltite compounds that are related to high-Tc 

superconductors and form layered structures
133

. These materials have large 

Seebeck coefficients, which are caused by a strong electron correlation due to 

spin fluctuation and the low spin state of Co
3+(134)

. There are two promising 

thermoelectric oxides, NaxCoO2
135-137

 and Ca3Co4O9
138-140

. In NaxCoO2, the 

CoO2 layers are separated by a layer of sodium ions, while in Ca3Co4O9, the 

CoO2 planes are separated by a Ca2CoO3 layer that forms a rock salt-type 

structure, Figure 2.15. 

As shown in Figure 2.15, NaxCoO2 adopts a hexagonal layered structure 

with edge-sharing 2D triangle CoO2 sheets (“electron crystal”) to maintain 

electrical conductivity and highly disordered Na layers (“phonon glass”) 

alternately stacked along the c-axis to scatter phonons. Variations in cobalt 

valence, as evidenced by the changes in oxygen content, have been reported to 

affect the thermoelectric properties of Ca3Co4O9
141

. The CoO2 planes of this 

structure provide a path for p-type carriers (holes), while lattice phonons disrupt 

heat transfer between the layers and the other structural components. 
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Figure 2.15 Schematic illustration of the crystal structure of CoO2-based TE 

oxides: (a) NaxCoO2, (b) a Ca-based Co oxide known as Ca3Co4O9
108

. 

 

NaxCoO2 

 

One of the most important layered cobaltite-based thermoelectric 

materials is NaxCoO2. The sodium content differs between reports and the 

transport properties are affected by the concentration of sodium ions
108

. 

However, good thermoelectric properties are observed near x = 0.55 - 0.70 (the 

γ phase, NaCo2O4) It belongs to a bronze-type compound expressed as AxBO2 

(0.50 < x < 1.00), which was first identified by Jansen and Hoppe
142

. 

The first report of a large Seebeck coefficient in NaCo2O4 attracted 

extensive attention on layered cobalt oxides. The conductivity and Seebeck 

coefficient of NaCo2O4 single crystals reach 5000 S cm
-1

 and 100 μV/K at 300 

K, which is about ten times larger than in typical metals, consequently a large 

power factor of 50 μW cm
-1

 K
-2 

at 300 K. In NaCo2O4, the in-plane resistivity ρ 

of 200 μΩ cm at 300 K decreases in a metallic-like fashion with decreasing 

temperature down to 1.5 K. This is as conductive as the superconducting Cu 
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oxides, meaning that the layered Co oxide is one of the most promising 

conductive layered oxides for thermoelectric materials. However, it has low 

mobility (13 cm
2
/V s at 300 K), which is strikingly against the common sense 

that dirty conductors are not suitable for thermoelectric materials
143

. It also 

indicates that good thermoelectric materials will be found in semiconductors 

with low mobility but high effective mass and carrier concentration. The 

proposed origin of the unusually large Seebeck coefficient of NaCo2O4 is an 

magnetic entropy of kB ln6, which is equivalent to 150 μV/K at the high 

temperature limit and agrees with the experiment satisfactorily, and is caused by 

the low-spin state of Co
4+

 in the background of the low-spin state Co
3+

 ions of 

zero entropy
134

. The high ZT ≈ 0.8 at 1000 K from a polycrystalline sample
144

 

and ZT > 1 at 800 K from a single-crystal sample
145

 have been reported. 

In recent years, copper
146

 and zinc
147

 additions to NaxCoO2 have been 

shown to increase the electrical conductivity and Seebeck coefficient. The value 

of the Seebeck coefficient for Na(Co0.95Zn0.05)2O4 at 1073 K is 415 μV/K, 

which is twice as large as that of ZnO-free NaCo2O4
147

. 

 

Ca3Co4O9 

 

Due to the great interest in p-type NaxCoO2, many cobaltites with 

hexagonal CoO2 layers that are structurally similar to that of NaxCoO2 have 

been investigated. Promising p-type thermoelectric properties have since been 

found in Ca3Co4O9 compounds
148, 149

. 

In these oxides, a common feature is an electronic transport pathway in 

the presence of CdI2-type two-dimensional hexagonal CoO2 layers consisting of 

edge sharing CoO6 octahedra, accompanied by low thermal conductivity caused 

by sodium ion blocking layers or calcium cobalt oxide misfit layers. However, 

Ca3Co4O9 has CaO, CoO and CaO triple rock salt layers instead of the Na layers, 

thus the chemical formula is [Ca2CoO3]yCoO2 (y ≈ 0.62). Only the b-axis length 

is incommensurate between the adjacent sheets due to a peculiar lattice misfit 
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that is attributed to hexagonal CoO2 layers interleaved with rectangular rock salt 

layers
97

. 

The thermoelectric properties of Ca3Co4O9 measured on whiskers 

(ribbon-like single crystals) of 50 - 200 µm width along the in-plane direction 

exhibited the largest ZT = 1.2 - 2.7 at 873 K
150

. The various results are fairly 

consistent with a conductivity of ~104 S m
−1

, a Seebeck coefficient of ~150 

μV/K and a thermal conductivity of ~2 W K
−1

 m
−1

. The entropy is zero for the 

Co
3+

 ion due to its triply degenerate t2g state. But Co
4+ 

is different, because it 

has one less electron than Co
3+

, which causes a degeneracy of six (two from 

spin, three from orbital). As a result, the Co
4+

 ion induces a large entropy of kB 

ln6. So the transport entropy, entropy per charge, is estimated to be kB ln6/|e| = 

150 μV/K, which is roughly equal to the Seebeck coefficient of Ca3Co4O9 at 

high temperatures. 

Bismuth is usually used to dope Ca3Co4O9 and has been shown to 

increase the electrical conductivity and Seebeck coefficient simultaneously as 

well as decrease the thermal conductivity
151, 152

. The decrease of thermal 

conductivity is due to the enhancement of phonon scattering caused by the 

larger size and mass of bismuth as compared to calcium. The increase in 

conductivity is attributed to an increase in carrier mobility rather than carrier 

concentration. Bi
3+

 changes the energy dependence of mobility and thus leads to 

an increase in S. 

 Ag enhances the ZT of Ca3Co4O9 either as a substituent for Ca or as a 

second (metallic) phase.
153

 Ag
+
 at the Ca site is considered to increase the 

carrier concentration and mobility, resulting in an increase in the Seebeck 

coefficient whereas Ag and Ag
+
 can enhance the power factor

154
. The large mass 

of Ag also leads to a decrease in the thermal conductivity
154, 155

. 

Partial substitution of Cu for Co in Ca3Co4O9 is consistently reported to 

increase the electrical conductivity mainly because of the rise in hole 

concentration but also due to a decrease in the Seebeck coefficient
156, 157

. Other 

transition metal dopants, such as Fe and Mn, occupy Co sites in the CoO2 layer. 
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Although there are reports of an increase in electrical conductivity due to 

doping of iron or nickel, in most cases the beneficial effect of transition metal 

dopants is an increase in Seebeck coefficient, rather than an increase in 

electrical conductivity. For example, electrical conductivity is significantly 

increased by the partial substitution of Na at the Ca site without the degradation 

of S, but the Seebeck coefficient decreases in the case of Mn, Cu and Na 

substitutions
157

. 

Although Sr3Co4O9 has a lower conductivity than Ca3Co4O9, a small 

concentration of Sr substitution in Ca3Co4O9 does not significantly affect the 

electrical conductivity but leads to a decrease in thermal conductivity and thus a 

small increase in the figure of merit
158

. 

Strong anisotropy in the properties and the crystal growth leads to the 

performance of bulk ceramic samples several times lower than that of single 

crystals. Further improvement in processing techniques is anticipated to transfer 

the outstanding thermoelectric performance of the single crystals to bulk 

polycrystalline ceramics. 

 

2.5.3 N-type oxides 

 

CaMnO3 

 

It is known that CaMnO3 (space group Pnma) has the perovskite 

structure with a = 0.5282 nm, b = 0.7457 nm, and c = 0.5267 nm
159

. The ZT of 

undoped CaMnO3 is less than 0.04 at 900 K with electrical conductivity of ~10 

S/cm
160

. However, CaMnO3 is still a promising n-type oxide thermoelectric 

owing to its large absolute Seebeck coefficient (|S| > 300 µV/K). Appropriate 

substitutions at the A- or B-site can increase electrical conductivity and lower 

thermal conductivity to enhance the ZT value. Thus far, the thermoelectric 

properties of doped CaMnO3 have been investigated extensively up to 1000 
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K
161-164

.  

A-site substitution with rare earth elements has proven to be beneficial 

in increasing the electrical conductivity of CaMnO3. Ohtaki et al. have studied 

the high temperature performance of CaMnO3 with a series of A-site dopants (Y, 

La, Ce, Sm, In, Sn, Sb, Pb and Bi)
161

. The maximum ZT value (0.085) was 

found in a 10 at. % Bi-doped sample at 900 °C. Thao et al. have shown the 

highest ZT value of 0.20 for Ca0.8Dy0.2MnO2.98 at 1273 K
162

. The 

Ca1−xRexMnO3 system with Nd, Tb, Ho and Yb doped on the A-site has also 

achieved high ZT enhancement. The electrical conductivity increases along with 

a decrease in thermal conductivity from Nd to Yb substitution because of the 

heavier elements creating stronger local vibrations in the lattice that suppress 

the thermal conductivity. Therefore, Yb substituted compounds have reached a 

ZT of 0.16 at 1000 K
164

. Subsequently, Ca1-xYbxMnO3 (x = 0.00 - 0.50) was 

studied by Flahaut et al. based on the above facts. The best ZT value of 0.20 

was obtained for Ca0.95Yb0.05MnO3 at 1000 K in that work. The results show 

that the enhanced octahedral distortion with Yb content leads to the reduction of 

Mn-O-Mn bond angles. The shift of the degree of hybridisation between the Mn 

3d eg and O 2p σ states narrows the conduction bandwidth to some extent. 

Consequently, the Seebeck coefficient depends only on the charge carrier 

concentration while the electrical conductivity is affected not only by the charge 

carrier concentration but also by the octahedral distortion. The thermal 

conductivity is mainly governed by the octahedral distortion and the mass 

difference. Furthermore, in Ca0.9R0.1MnO3 (R = La, Pr, Nd, Sm, Eu, Gd, Tb, Dy, 

Ho, Er and Yb) ceramics, the size mismatch between the Ca
2+

 and R
3+

 ions, as 

the content of R ions increases, has been regarded as another source of the 

increasingly anharmonic lattice vibrations that suppress the phonon transport
165

. 

For all the compounds above, the Seebeck coefficient is related only to carrier 

concentration as shown in Figure 2.16
166

, but the electrical conductivity also 

depends on the effective bandwidth that reduces with the smaller average (R, Ca) 

site ionic radii. The largest ZT values have been obtained in Ca0.9Dy0.1MnO3 



Literature Review 

  
Page 37 

 
  

and Ca0.9Yb0.1MnO3 at 1000 K, as presented in Figure 2.17
165

. 

 

Figure 2.16 Temperature dependence of S for Ca0.9R0.1MnO3 samples (S of 

Ca0.95Ce0.05MnO3 is also shown)
166

. 

 

 

Figure 2.17 Temperature dependence of ZT values for Ca0.9R0.1MnO3 (R=Dy, 

Ho, Er and Yb)
165

. 
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B-site substitution has fewer options on account of the smaller space for 

small ions with high valence. The introduction of higher valence ions on the 

B-site results in the reduction of Mn
4+

 to Mn
3+

, which corresponds to n-type 

conduction. As Mn
3+

 is stable at high temperature in air, doped CaMnO3 can be 

applied as a potential n-type material up to very high-temperature. Pi et al. have 

studied Ru and Mo doped CaMnO3 at low T. However, the ZT values are less 

than 0.015
167

. An enhanced ZT value of 0.08 was achieved at 1000 K in 4 at. % 

Nb-doped CaMnO3
163

. Niobium substitution increases the electrical 

conductivity and decreases the Seebeck coefficient and thermal conductivity. 

This trend was also observed in Ta-doped CaMnO3. Subsequently, Bocher et al. 

reported the thermoelectric properties of CaMn1-xNbxO3 (with x = 0.02, 0.05, 

0.08 and 0.10) obtained by applying soft chemistry (SC) synthesis and the solid 

state reaction (SSR) method. They found that the SC compounds, exhibit 

dramatically lower thermal conductivity (< 1 W m
−1

 K
−1

) than the SSR 

compounds probably owing to the nanosized twinned domains in the SC phases. 

The SC compounds also reveal higher electrical conductivity than the SSR 

compounds. The ZT values for both sets of compounds are presented in Figure 

2.18
168

. 

Lan et al. also compared the thermoelectric performance of 

Ca1-xGdxMnO3 (x = 0.02, 0.04, and 0.06) by chemical co-precipitation and solid 

state reaction method. The results indicate that a decrease in grain size 

dramatically reduces thermal conductivity. A highest ZT of 0.24 has been 

achieved for Ca0.96Gd0.04MnO3 at 973 K in air
169

. 
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Figure 2.18 Temperature dependence of the figure of merit for CaMn1-xNbxO3 

(for x = 0.02, 0.05 and 0.08) synthesised by both SSR (closed symbols) and SC 

(open symbols) methods
168

. 

 

As discussed above, the highest thermoelectric performance was 

obtained in 10 at. % Yb doped and 2 at. % Nb doped CaMnO3. Recently, Kabir 

et al. have been trying to improve the thermoelectric properties via codoping. 

The ZT values for Yb-doped CaMn0.98Nb0.02O3 are shown in Figure 2.19
170

. The 

highest ZT value of 0.13 was achieved for Ca0.95Yb0.05Mn0.98Nb0.02O3 at 973 K, 

which is somewhat lower than the ZT value of 0.20 obtained for single doped 

samples. 
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Figure 2.19 The temperature dependence of the thermoelectric figure of merit 

(ZT) for Ca1-xYbxMn0.98Nb0.02O3 (x = 0.00, 0.02, 0.05, 0.08 and 0.10)
170

. 

 

ZnO 

 

ZnO has the wurtzite structure at ambient conditions as shown in Figure 

2.20. It is an n-type semiconducting oxide with a wide band gap of 3.3 eV and 

is a promising n-type thermoelectric material. The mobility of electrons is high 

in ZnO due to its conduction band consisting of the lowest unoccupied 4s and 

4p orbitals of the Zn
2+

 ion. The covalent character of the Zn-O bond also 

increases the carrier mobility in the structure. The main disadvantage of ZnO 

for thermoelectrics is its high thermal conductivity on account of its hexagonal 

structure. 
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Figure 2.20 The crystal structure of ZnO (Wurtzite). 

 

The best ZT values reported for n-type ZnO-based oxides are 0.47 at 

1000 K and 0.65 at 1247 K, as obtained by Ohtaki et al. in Zn0.96Al0.02Ga0.02O 

and shown in Figure 2.21
171

. In the 1990s, Ohtaki et al. focused on (Zn1−xAlx)O 

(x = 0.00 - 0.10) thermoelectric oxides for the first time and gained a ZT value 

of 0.30 at 1000 °C
172

. This gave considerable encouragement to consider 

ZnO-based oxides as novel n-type thermoelectric materials. Kim et al. increased 

the ZT value of Al and Ni co-doped ZnO dramatically, producing the largest 

reported value of 0.70 at 900 °C
173

. Park et al. have studied some co-doped 

systems, such as Zn1−x−yAlxTiyO and Zn1−x−ySbxSnyO ceramics
174, 175

. 

Zn0.97Al0.02Ti0.01O exhibits the highest power factor value (3.8×10
−4

 W m
−1

 K
−2

) 

at 800 °C for the Al, Ti co-doped series, whereas Zn0.985Sb0.005Sn0.01O shows an 

even higher value of 1.15×10
−3

 W m
−1

 K
−2

 at 800 °C for the Sb, Sn co-doped 

series. Subsequently, Yamaguchi et al. shed light on the thermoelectric 

properties of transition metal (Fe, Ni, and Sm) and Al co-doped ZnO ceramics. 

The ZT value for Zn0.96Al0.02Ni0.02O reaches 0.126 at 800 °C
176

. The spark 

plasma sintering (SPS) process with hydroxide raw materials was used to 
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improve the electrical conductivity and gain fine grains to lower the thermal 

conductivity for Al-doped ZnO with a 4 at. % Al doped-ZnO displaying the 

highest ZT of 0.085 at 400 °C
177

. However, a small grain size is potentially 

prone to impair the ZT value because it decreases the electrical conductivity
178

. 

It is now well known that aluminium is helpful to improve the ZT of ZnO 

owing to the decrease of the c/a ratio of the unit cell. Heavy doping to suppress 

the c/a ratio could be crucial to enhance ZT
179

. Recently, thermoelectric 

Al-doped ZnO thin films deposited by pulsed laser deposition (PLD), radio 

frequency (RF) and pulsed direct current (DC) magnetron sputtering have been 

exploited. Thin film power factors of 0.55×10
−3

 W m
−1

 K
−2

 (on single crystal 

substrates) and 1.2×10
−3

 W m
−1

 K
−2

 (on amorphous substrates) have been 

obtained for 2 at. % Al-doped ZnO at 600 K
180, 181

. 

 

Figure 2.21 Temperature dependence of the dimensionless figure-of-merit ZT 

for Zn1-x-yAlxGayO (0.02 ≤ x ≤ 0.04, 0 ≤ y ≤ 0.05) ceramics. 
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SrTiO3 and Sr3Ti2O7 

 

Strontium titanate, with the simple cubic perovskite structure is another 

potential n-type thermoelectric material based on its prominent electrical 

conductivity by doping higher valence ions on the A- and B-site. For example 

SrTiO3 heavily doped with La
3+

 and Nb
5+

 have a ZT of 0.26
182

 and 0.37
183

 at 

1000 K, respectively. Overall, the electrical conductivity and Seebeck 

coefficient are high enough to compete with that of conventional thermoelectric 

materials. 

In 2001, the thermoelectric properties of Sr1-xLaxTiO3 single crystals 

(0.00 < x < 0.10) prepared by the floating-zone method were reported by Okuda 

et al.
184

. Large power factors of 2.8 to 3.6×10
−3

 W m
−1

 K
−2

 with high carrier 

density of (0.2 - 2.0) × 10
21

 cm
−3

 at room temperature were reported. Muta et al. 

found that reduced single-crystalline SrTiO3 measured along the [100] axis has 

a similar ZT value to that of 5 at. % La doped SrTiO3, as shown in Figure 

2.22
185

. Moreover, Ohta et al. compared La-doped STO single crystals with 

Nb-doped STO single crystals and demonstrated that even if the largest ZT of 

0.27 was attained in La-doped STO at 1073 K, the carrier effective mass m* of 

Nb-STO is larger than that of La-STO
182

. Research on heavily carrier-doped 

SrTiO3 single crystals is an interesting avenue to explore the potential of a new 

n-type oxide thermoelectric oxide. 
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Figure 2.22 Temperature dependence of ZT for various SrTiO3-based 

samples
185

. 

Aimed at increasing the solubility of the Nb content in the SrTiO3 lattice 

to optimise the ZT value, epitaxial films of a series of Nb-doped SrTiO3 (up to 

40 at. % Nb-doping) have been grown on (100) oriented LaAlO3 

single-crystalline substrates at 700 °C by pulsed laser deposition (PLD). Thus, 

Ohta et al. obtained a ZT of 0.37 at 1000 K in 20 at. % Nb-doped STO with a 

carrier density of 4×10
21

 cm
−3

 with this being the highest value so far reported 

in SrTiO3-based thermoelectrics, as presented in Figure 2.23
183

. Kato et al. 

attempted to further reduce thermal conductivity by isovalent substitution of 

Eu
2+

 for Sr
2+

 in Sr1-xEuxTi0.8Nb0.2O3 (x = 0.00~0.80) epitaxial films. The 

Seebeck coefficient and electrical conductivity were both found to be 

independent of the Eu content. Although the mean free path of the phonon 

shortened by 12% at 300 K there was no significant reduction at high 

temperature, revealing that Eu-substitution is beneficial to SrTi0.8Nb0.2O3 only 

at low temperature
186

. However, oxygen-deficiency has been proven to reduce 

the thermal conductivity significantly in Sr1−xLaxTiO3-δ films prepared using 
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PLD under a high vacuum of ~10
-7

 Torr as compared to unreduced strontium 

titanates
187, 188

. This result suggests that the introduction of oxygen vacancies 

and point defects from film growth processes could offer more effective 

phonon-scattering centres to suppress the thermal conductivity. In 2010, the 

combined influence of La doping and oxygen reduction () in SrTiO3 epitaxial 

films was measured from 300 to 900 K. The thermal conductivity of all samples 

varied from ~5 W m
-1

 K
-1

 at 300 K to ~3 W m
-1

 K
-1

 at 873 K, maybe as a result 

of different dominating factors that can influence thermal conductivity, i.e. 

defects at low temperature compared to Umklapp scattering at high 

temperature
189

. The highest ZT of 0.28 was attained for Sr0.85La0.15TiO3-δ at 873 

K. 

 

 

Figure 2.23 ZT versus Nb-content for Nb-doped SrTiO3 epitaxial films at 1000 

K
183

. 

 

Although high ZT values have been achieved in STO single crystals and 

epitaxial films, polycrystalline ceramics are indispensable for low cost, high 
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volume applications. In 2003, an investigation on polycrystalline samples of 

Sr1-xRExTiO3 (x = 0.05 - 0.20, RE = Y, La, Sm, Gd and Dy) was conducted. It 

demonstrated both the Seebeck coefficient and electrical conductivity to be 

independent of the rare earth dopant so that the highest ZT value of 0.22 at 573 

K was observed for Dy doped SrTiO3 which had the lowest thermal 

conductivity
190

. Moreover, Ohta et al. extended their research from single 

crystals and epitaxial films to ceramics for 20 at. % Nb doped SrTiO3. The 

results illustrated that single-crystalline film, polycrystalline film and ceramic 

samples exhibit similar ZT values at high temperature, Figure 2.24
191

. This 

suggests that the grain boundary contribution of ceramic samples to lower 

thermal conductivity is not enough to offset the decrease of electrical 

conductivity at low temperature. 10 at. % Ni and 10 at. % Ta doping on the 

A-site and B-sites, respectively gave ZT of 0.28
192

 at 873 K and 0.17
193

 at 752 

K. This suggests that La
3+

 and Nb
5+

 remain the best dopants for SrTiO3 

thermoelectric ceramics to date. Liu et al. tried to improve the ZT of 

oxygen-deficient La-doped SrTiO3. They attained a maximum ZT value of 

0.21
194

 for Sr0.9La0.1TiO3-δ at ~750 K and about 0.2
195

 at ~700 K for 

Sr0.95La0.05TiO3-δ by employing forming gas (5 mol% hydrogen in argon) and 

introducing TiO2 (rutile). 

Recently, researchers have tried to exploit new synthetic techniques and 

strategies to improve the thermoelectric properties of doped SrTiO3. Okinaka et 

al. have adopted combustion synthesis and spark plasma sintering (SPS) to 

fabricate rare-earth-doped (La, Sm, Gd, Dy and Y) SrTiO3 and obtained a 

maximum ZT of 0.22 at 800 K from a Sr0.92La0.08TiO3 sample
196

. Wang et al. 

have investigated Nb-doped SrTiO3 with additions of mesoporous silica (MS)
197

, 

titanate nanotubes (TNT)
198

 and YSZ
199

, respectively based on the strategy of 

increasing the scattering centres to reduce the thermal conductivity. In 2011, a 

comparable high ZT of 0.36 was reported for La0.08Dy0.12Sr0.8TiO3 with a small 

amount of Dy2Ti2O7 as a secondary phase, which is an encouraging result albeit 

for a multi-phase sample
200

. 
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Figure 2.24 Temperature dependence of thermoelectric figure of merit (ZT) of 

Sr(Ti0.8Nb0.2)O3 samples
191

: (a) epitaxial film on (100)-LaAlO3, (b) 

polycrystalline film on SiO2 glass and (c) ceramic. 

 

It is well known that the total thermal conductivity increases with the 

increase of the electrical conductivity according to the Wiedemann-Franz law. 

In order to further improve the power factor without increasing thermal 

conductivity, quantum-well (QW) structures have been employed to increase 

the Seebeck coefficient by restricting carrier electrons in a narrow space rather 

than varying the carrier concentration. Ohta et al. have succeeded in confining 

the carrier concentrations (~10
21

 cm
−3

) within a several unit cell thickness of 

SrTiO3 (1.56 nm) in superlattices composed of 20 at. % Nb-doped SrTiO3 

interleaved in undoped SrTiO3. This two-dimensional electron gas (2DEG) 

system exhibited an extremely high ZT of ~2.4 at 300 K for the SrTi0.8Nb0.2O3 

layer with the highest |S | of ~480 μVK
−1

 at room temperature
201

. 

Although SrTiO3 ceramics have high Seebeck coefficient and electrical 

conductivity, they also have high thermal conductivity (10 W m
−1

 K
−1

 at 300 K) 

due to the lack of effective phonon-scattering centres in the cubic perovskite 

 

 



Literature Review 

  
Page 48 

 
  

structure, even with cation dopants acting as point defects. One effective way to 

decrease the thermal conductivity of STO is to engineer a superlattice 

structure
202

. A complicated structure will shorten the mean free path and so 

promote lower thermal conductivity. This can be achieved by exploring 

Ruddlesden-Popper (RP) phases as opposed to cubic perovskites. It can be 

envisaged that the perovskite layers of doped and reduced Ruddlesden-Popper 

phases should have a high conductivity without significantly suppressing the 

Seebeck coefficient but that disruption of the octahedral phonon modes across 

successive blocks separated by rock salt layers will reduce thermal conductivity 

compared with conventional ABO3 perovskites. Based on the highest ZT 

obtained in Nb-doped SrTiO3, the thermoelectric properties of 

Ruddlesden-Popper phases have been studied for Nb-doped compounds by Lee 

et al., who found a highest ZT of 0.14 at 1000 K for Sr3Ti1.9Nb0.1O7
203

. They 

extended their research to A-site doped Ruddlesden-Popper phases and reported 

a ZT of 0.15 at 1000 K for 5 at. % La-doped Sr3Ti2O7
204, 205

. Finally, they 

achieved a maximum ZT (~0.24 at 1000 K) in (Sr0.95Gd0.05)3Ti2O7
206, 207

 and 

suggested that rare earth-doping is conducive to Seebeck coefficient 

enhancement due to its improvement of the local symmetry of the TiO6 

octahedra. Compared with SrTiO3, however, the lower electrical conductivity 

resulting from the insulating rock-salt layers has been hypothesised to be the 

main obstacle to the development of good thermoelectric properties in 

Ruddlesden-Popper phases. 

 

2.6  The Aim of This Project 

 

This project aims to investigate the structure-composition-property 

relations of La-doped SrTiO3 based thermoelectrics and related 

layered-perovskite compounds, with particular interest in understanding the 

effect of defect chemistry on the thermoelectric properties of La-doped SrTiO3 
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and Sr3Ti2O7. Although the defect chemistry of SrTiO3 based materials has been 

extensively studied, there is still no research on how to apply defect chemistry 

models to improve thermoelectric properties of La-doped SrTiO3 and related 

systems. Therefore, we aim to compare the thermoelectric properties of 

stoichiometric and non-stoichiometric La-doped SrTiO3 and Sr3Ti2O7 ceramics 

prepared in different atmospheres using different compensation mechanisms to 

optimise this class of promising n-type thermoelectric oxides. 
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Chapter 3: Experimental Procedure 

 

3.1  Ceramic Processing Procedure 

3.1.1 Powder Preparation and Calcination 

 

Ceramics were prepared from SrCO3 (99.90%, Sigma Aldrich), CaCO3 

(99%, Sigma Aldrich), La2O3 (99.99%, Sigma Aldrich) and TiO2 (99.90%, 

Sigma Aldrich) by a solid state reaction method. Strontium carbonate and 

calcium carbonate were dried in a chamber furnace at 180 °C for 24 hours. 

Titanium (IV) dioxide and Lanthanum (III) oxide were dried at 900 °C for 3 

hours, then cooled down to 300 °C. All the hot dry raw materials were stored in 

a vacuum desiccator to cool down and to avoid weight gain by moisture. 

Stoichiometric amounts of dry raw materials were weighed with a precision of 

± 0.0001 g based on compositions in Table 3.1. Starting powders were mixed 

using an attrition mill for 60 minutes with yttria-stabilised zirconia (YSZ) media 

in iso-propanol. After being dried at ~80 °C and sieved through a 300 μm mesh, 

mixed powders were calcined at ~1373 to 1623 K for 3 or 12 hours in an 

alumina crucible to decompose the carbonate and to homogenise the reactants. 

The heating and cooling rates were both 5 °C/min. Finally, the powder was 

re-milled for 45 minutes, dried and sieved again to obtain a smaller particle size 

for sintering. 

 

3.1.2 Pellets and Sintering 

 

About ~0.4 to 2.5 g of powder were uniaxially pressed for about 1 min 

into pellets of 8 mm diameter with ~2.5 mm thickness and 30 mm diameter with 

~1.5 mm thickness, respectively. ~2 g of powder were also uniaxially pressed 

into bar samples of 40 mm in length, 5 mm in width and ~3 mm thickness. 

Pellets and bar samples were then vacuumed in a glove and were isostatically 

pressed using a Cold Isostatic Press (Autoclave Engineers, Snap-tite, Inc.) at 

~200 MPa. 
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Samples were then placed in an alumina boat with equal distance 

between each one, and sintered at 1773 K for 6 hours at a heating rate of 

5 °C/min in air, nitrogen or N2/5%H2. Various cooling rates were used, eg. 2, 5, 

10, 20 and 30 °C/min. Platinum foil was placed between the boat crucible and 

pellets to avoid reaction when sintering in air and nitrogen, but not in N2/5%H2 

(powder having the same compositions as the samples was used instead of Pt 

foil), since Pt melts in this atmosphere at such high temperature. 

 

3.1.3 Density Measurements 

 

The density measurement was conducted based on the Archimedes 

principle. A bulk ceramic was weighed in air on a Mettler-Toledo AG balance 

(Laboratory & Weighing Technologies, CH-8606 Greifensee, Switzerland) to 

an accuracy of 0.0001g (m1), and then was immersed into a beaker containing 

distilled water and the balance value was recorded (m2). The water temperature 

was recorded to check the density. The density of the samples was calculated 

using the equation below: 

                ρbulk= ρH2O × m1/(m1-m2)                    3-1 

where: 

m1: weight of sample in air (g), 

m2: balance reading of sample immersed in the distilled water (g), 

ρH2O: density of distilled water at the experimental temperature (kg·m
-3

), 

ρbulk: bulk density of the sample (kg·m
-3

). 

The theoretical density was calculated based on the following equation: 

                         𝑡ℎ𝑒 𝑟 =
𝑁×∑ 𝐴 

 
  1

  𝑁 
                   3-2 

where: 

N: number of atoms per unit cell, 

A: atomic weight of the element i (kg·mol
-1

), 

Vc: Volume of unit cell (m
3
), it is obtained from XRD data of the crushed 

pellets. 

NA: Avogadro’s number (atoms·mol
-1

). 
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Table 3-1 Fabricated compositions in the La-doped Sr and Ca based 

systems. 

Compositions La content 

 (Sr1-xLax)3Ti2O7 0.00, 0.01, 0.02, 0.05, 0.10 

(Sr1-3y/2Lay)3Ti2O7 0.01, 0.02, 0.05, 0.10 

(Sr1-zLaz)3Ti2-3z/4O7 0.01, 0.02, 0.05, 0.10 

(Ca1-xLax)3Ti2O7 0.00, 0.01, 0.02, 0.05 

Sr1-xLaxTiO3 0.00, 0.10, 0.20, 0.30, 0.40, 0.50, 0.60, 0.70, 0.80 

Sr1-3y/2LayTiO3 
0.05, 0.10, 0.125, 0.15, 0.175, 0.20, 0.30, 0.40, 0.50, 0.60, 

0.63, 0.67 

Sr1-zLazTi1-z/4O3 0.10, 0.20, 0.30, 0.40, 0.50, 0.60, 0.70, 0.80 

 

3.2  Structure Analysis 

3.2.1 Particle Size Analysis (PSA) 

 

Particle size distribution was performed on a Coulter LS130 laser 

analyser (Beckman Coulter Ltd., High Wycombe, Bucks, UK) to check the 

particle diameters of the raw materials, mixed powder and calcined powder 

after attrition milling. A small amount of powder was deflocculated by 5% 

volume aqueous acrylic polymer solution of Dispex N40 on a glass and then 

poured into a beaker by adding distilled water. The beaker was placed in an 

ultrasonic device to de-agglomerate the powder. Three runs were repeated and 

the run length was 300 seconds. 

 

3.2.2 Thermogravimetric Analysis (TGA) 

 

A Netzsch STA 449 F3 Jupiter - Simultaneous TGA-DSC was used to 

measure the weight variation of samples as a function of temperature in air with 

a high resolution of 1 µg over the entire weighing range. A Rhodium furnace 

with forced air cooling system was chosen to obtain accurate high temperature 

TG data. In order to be consistent with the experimental conditions, powders 

were put on top of an aluminium plate with a piece of platinum pad and then 
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measured in air with 5 °C/min heating rate up to 1000 °C and also a 5 °C/min 

cooling rate. 

 

3.2.3 X-Ray Diffraction (XRD) 

 

A high resolution STOE STADI-P diffractometer (STOE & Cie GmbH, 

Darmstadt, Germany) with a linear position sensitive detector (PSD) was used 

for raw materials, calcined powders and crushed pellets with CuKα (λ = 1.5406 

Å) radiation. The operating voltage and current were 40 kV and 30 mA, 

respectively. Either raw materials or calcined powder and crushed pellets were 

placed on acetate discs, mixed with a small blob of glue to form slurry and then 

dried carefully using a hot air blower. Subsequently, the mounted sample was 

put into the specimen holder and covered with a plate. The scan was conducted 

from 15 to 80 degrees, with a step size of 0.01°. 

A Siemens D500 diffractometer was also utilised for data collection of 

samples with CuKα (λ = 1.5406 Å) radiation. Samples were pressed lightly onto 

the top of a mound of putty in the plastic holder to keep the same level with the 

top of the holder. Diffractograms were collected across the 2θ-range of 15 to 80 

degrees with a step size of 0.02° or 0.05° at a rate of 1°/min. 

The subsequent data were both handled and analysed using the computer 

program “STOE WinXPow”.
1
 

 

3.2.4 Scanning Electron Microscopy (SEM) 

 

Cut samples were mounted on aluminium stubs with conductive silver 

paste (Agar Scientific Ltd., Stansted, UK), while raw powders were mounted 

using double-side carbon tapes. A ~50 nm conductive carbon layer was then 

sputtered onto the surface for better Energy Dispersive Spectroscopy (EDS) 

signals. 

Ceramic microstructure was studied using a scanning electron 

microscopy (JEOL JSM-6400, Tokyo, Japan) with a Link analytical energy 

dispersive spectroscopy (EDS) X-ray detector (Link Analytical Ltd., UK) and 
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an FEI Inspect F Scanning Electron Microscope (SEM). Samples were carbon 

sputtered for Energy Dispersive Spectroscopy (EDS). Secondary electron and 

backscattered images were obtained from the fractured sections and surfaces of 

pellets. The accelerating voltage was either 15 or 20 kV. 

  

3.2.5 Transmission Electron Microscopy (TEM) 

 

A slice of pellet or bar sample was mounted on a Gatan Disc Grinder 

using a thermo-setting resin. Double sides were initially thinned to about 15~30 

μm using a series of grinding papers (800, 1200 and 4000 grit SiC papers) and 

then was mounted on a ~3 mm diameter copper ring with a 1 mm diameter hole 

in the middle. A Gatan dual ion mill machine (Model 600, Pleasanton, 

California, USA) was used for milling with the ion beam at an angle of 12 ~ 15 

degrees to the surface in order to obtain a very small hole with thin edges in the 

centre. The operated gun voltage and combined gun current were 4 kV and 0.5 

mA, respectively. Finally, a Fischione low angle ion milling & system (Model 

1010, E.A. Fischione Instruments, Inc., USA) was also employed for final 

milling with accelerating voltage of 3 kV and a current of 3 mA at an angle of 6 

degrees. 

A Philips EM 420 microscope was used to observe the diffraction 

patterns and microstructure of TEM samples. JEOL JEM 3010 UHR TEM with 

a point resolution of 0.17 nm at 300 kV was also employed for digital image 

acquisition using its high resolution slow-scan CCD camera. 

 

3.3  Electrical Characterization 

3.3.1 Impedance Spectroscopy (IS) 

 

Impedance spectroscopy (IS) is a technique for the measurement of 

electrical properties of material-electrode systems. The main advantage of IS is 

its ability to separate the electro-active regions of a sample into different 

components: bulk, grain boundary, surface layer and electrode-related effects. 

Therefore, the homogeneity of electrical properties can be characterised by IS. 
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The general method of IS involves the application of an alternating 

voltage across the material over a wide frequency range. An equivalent circuit 

can be identified to establish the link between different elements in the circuit 

and the electrically distinct regions. Parallel resistance (R) and capacitance (C) 

elements are commonly used to characterise different regions of ceramic 

samples
2
. Capacitance values and their possible corresponding elements are 

listed in Table 3-2. 

 

Table 3-2 Capacitance values and their possible interpretation
3
. 

Capacitance (F) Phenomenon Responsible 

10
-12

 Bulk 

10
-11

 Secondary phases 

10
-11

-10
-8

 Grain boundary 

10
-10

-10
-9

 Bulk ferroelectric 

10
-9

-10
-7

 Surface layers 

10
-7

-10
-5

 Sample-electrode interface 

10
-4

 Electrochemical reactions 

 

IS measurements were performed on an Agilent E4980A with a 

frequency range of 20 Hz - 2 MHz and an HP 4192A impedance analyser over 

the frequency range of 5 Hz - 13 MHz. It also has a variable internal direct 

voltage bias that can be used to check the electrode effect of the sample. Low 

temperature IS measurements were carried out in the range of 10 to 320 K. High 

temperature IS measurements were carried out in a tube furnace at temperatures 

ranging from ~25 to 800 °C in different atmospheres. The data were analysed 

using the software program “ZView2”.
4
 

 

3.3.2 Seebeck Coefficient and Conductivity Measurements 

 

Under steady-state conditions, a differential method was exploited to 

calculate the Seebeck coefficient from the linear fit of multiple electric 

potential/temperature difference data points rather than one because of its 

ability to eliminate the offset voltages generated by thermocouple 
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inhomogeneity and nonequilibrium contact interfaces
5
. 

A Probostat (Norwegian Electro Ceramic AS) was used to measure both 

Seebeck coefficients and electrical conductivities at the same temperatures. A 

rectangular-shape bar sample of ~20 mm in length and 3 mm in width and 

thickness was mounted with silver electrodes on each end and connected to two 

voltage probes at 1/3 and 2/3 of the length. The temperatures at both end faces 

were measured with thermocouples. The thermocouple tips should touch the 

end faces of the bar sample. The hot side of the bar sample was connected to the 

positive terminal of the voltmeter. 

The standard linear four probe method was employed for the electrical 

conductivity measurements. Before four probe measurements, every sample 

was polished to ensure electrical homogeneity along the width direction 

checked by impedance spectroscopy (IS). A constant current was generated and 

passed through the sample along the length direction using the connected 

Pt-wire ‘‘hand’’ electrodes, which are the same electrodes used for the voltage 

measurement of the Seebeck coefficient. Two more probes at 1/3 and 2/3 of the 

length of the sample were used to measure the total voltage V, which contains 

the voltage at current I and the voltage of the thermal contribution. The reversed 

current operation was necessary to cancel the Seebeck voltage contributions. 

The sample resistance R is given by: 

                 =
( (𝐼 ) 𝑆∆𝑇)−( (𝐼−) 𝑆∆𝑇)

𝐼 −𝐼−
=

2 (𝐼 )

2𝐼 
              3-3 

The calculated R is used to calculate the conductivity, 

                             𝜎 =
 

𝑅𝐴
                           3-4 

where A is the area of cross sectional area of the sample and L is the distance 

between the middle two voltage probes
6
. 

 

3.3.3 Thermal Conductivity Measurements 

 

A square sample of 10 mm × 10 mm with about 1 ~ 1.5 mm in thickness 

was prepared for thermal conductivity measurements. The sample was cleaned 

with isopropanol first. Then graphite spray was applied on top of both sides of 

the sample in a sweeping motion. 
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Thermal conductivity measurements were performed using a thermal 

properties analyser (Anter FlashlineTM 3000, Pittsburgh, PA 15235, USA) with 

High Speed Xenon Discharge (HSXD) pulse source. The specific heat capacity 

was measured by alternating between reference and sample. The thermal 

conductivity was calculated using the following equation: 

                         λ=α ρ Cp                         3-5 

where α is the thermal diffusivity, Cp is the related values of specific 

heat capacity and ρ is the density.  
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Chapter 4: Raw Powder Processing 

 

4.1  Raw Powder Characterisation 

4.1.1 Powder Preparation and Calcination 

 

Sigma-Aldrich Company Ltd supplied SrCO3 with purity 99.9%. SrCO3 

appears as a hygroscopic white powder. From Figure 4.1, the peaks in the XRD 

pattern were indexed on an ICDD card [5-418] for Strontium Carbonate. The 

SrCO3 powder consisted of rod-like particles, as shown in Figure 4.2, and no 

secondary phase was observed in SEM images. Figure 4.3 shows the particle 

diameter distribution with a mean size of 2.2 μm and d90 (particle diameter with 

90% of the volume < d90) ~5.4 μm. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.1 XRD trace of SrCO3. 
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Figure 4.2 SEM image and EDS trace of SrCO3.  

 

 

Figure 4.3 Particle size distribution of SrCO3 powder. 

 

4.1.2 Calcium Carbonate, CaCO3 

 

Calcium carbonate with 99.9% purity was obtained from Sigma-Aldrich 
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Company Ltd. XRD peaks indexed according to CaCO3-Calcite ([5-586] ICDD 

card), Figure 4.4. As shown in Figure 4.5, calcium carbonate was agglomerated 

with blocky-like shapes but no secondary phase was observed. The mean 

particle size of calcium carbonate was large (~38.64 μm) with d90 of ~62.04 μm, 

Figure 4.6. Therefore, an attrition mill was required to reduce the particle size of 

calcium carbonate. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.4 XRD trace of CaCO3. 

 

 

 

Figure 4.5 SEM image and EDS trace of CaCO3. 
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Figure 4.6 Particle size distribution of CaCO3 powder. 

 

4.1.3 Titanium (IV) Oxide, TiO2 

 

Titanium (IV) oxide with 99.9% purity was obtained from 

Sigma-Aldrich Company Ltd. As shown in Figure 4.7, XRD peaks are indexed 

according to TiO2-anatase, ICDD card [21-1272]. No secondary phase was 

detected in SEM images from Figure 4.8. The mean particle size is small, ~0.56 

μm with d90 of ~1.3 μm, Figure 4.9. 
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Figure 4.7 XRD trace of TiO2. 

 

 

 

Figure 4.8 SEM image and EDS trace of TiO2. 
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 Figure 4.9 Particle size distribution of TiO2 powder. 

 

4.1.4 Lanthanum Oxide, La2O3 

 

Lanthanum oxide with 99.99% purity was supplied by Sigma-Aldrich 

Company Ltd. The peaks of dried lanthanum oxide in the XRD trace 

corresponded well to hexagonal La2O3 ([5-602] ICDD card), Figure 4.10. No 

secondary phase was detected in SEM images, Figure 4.11. Particle size 

analysis shows the mean particle size is ~1 μm with d90 of ~2.4 μm, Figure 4.12. 
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Figure 4.10 XRD trace of La2O3. 

 

 

 

Figure 4.11 SEM image and EDS trace of La2O3. 
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Figure 4.12 Particle size distribution of La2O3 powder. 

 

4.2  Powder Processing 

 

The particle size distribution of milled La-doped Sr3Ti2O7 powders after 

calcination based on different compensation mechanisms are shown in Figure 

4.13. 
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Figure 4.13 Particle size distribution of (a) (Sr1-xLax)3Ti2O7 (x = 0.00, 0.01, 0.02, 

0.05, 0.10), (b) (Sr1-3y/2Lay)3Ti2O7 (x = 0.01, 0.02, 0.05, 0.10), (c) 

(Sr1-zLaz)3Ti2-3z/4O7 (x = 0.01, 0.02, 0.05, 0.10) calcined powder after 45 

minutes of attrition milling. 

 

All as-milled powders had similar small particle distributions with mean 

sizes of ~5 μm and d90 below 15 μm, as shown in Table 4.1. Because Sr3Ti2O7 is 

harder to prepare than SrTiO3, higher sintering temperatures and longer holding 

times were used for calcination. The mean particle size of La-doped Sr3Ti2O7 

powders was larger than that La-doped SrTiO3 powders. 
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Table 4.1 Particle sizes of calcined compositions in the La-doped Sr3Ti2O7 

series after 45 minutes of attrition milling. 

Composition x, y, z d10 d50 d90 

     

(Sr1-xLax)3Ti2O7 

0.00 0.88 2.58 7.44 

0.01 1.69 4.33 12.20 

0.02 1.25 3.25 8.08 

0.05 1.75 4.18 10.30 

0.10 1.65 3.88 8.56 

     

(Sr1-3y/2Lay)3Ti2O7 

0.01 1.65 4.45 14.3 

0.02 1.56 4.10 9.62 

0.05 1.37 3.50 7.42 

0.10 1.96 5.24 14.90 

     

(Sr1-zLaz)3Ti2-3z/4O7 

0.01 0.96 2.57 6.75 

0.02 1.16 2.95 6.30 

0.05 1.04 2.89 7.46 

0.10 1.11 2.70 5.73 

 

Figure 4.14 shows the particle size distribution of milled La-doped 

Ca3Ti2O7 powders after calcination. All as-milled powders had small particle 

distributions with mean sizes of ~3 μm and d90 below 10 μm, as shown in Table 

4.2. The attrition milling reduced the particle size of La-doped Ca3Ti2O7 

powders for sintering. 
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Figure 4.14 Particle size distribution of (Ca1-xLax)3Ti2O7  (x = 0.00, 0.01, 0.02, 

0.05) calcined powder after attrition milling. 

 

Table 4.2 Particle sizes of calcined compositions in the La-doped Ca3Ti2O7 

series after 45 minutes of attrition milling. 

Composition x d10 d50 d90 

(Ca1-xLax)3Ti2O7 

0.00 1.04 3.36 8.58 

0.01 1.06 3.28 9.67 

0.02 1.09 3.05 8.82 

0.05 1.41 3.71 9.74 

 

The particle size distribution of milled La-doped SrTiO3 powders after 

calcination according to different compensation mechanisms are shown in 

Figure 4.15. The as-milled powders were ideal for sintering with almost all 

particles (d90) typically below 7 μm with no large agglomerates, as shown in 

Table 4.3. 
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Figure 4.15 Particle size distribution of (a) Sr1-xLaxTiO3 (x = 0.10, 0.20, 0.30, 

0.40, 0.50, 0.60, 0.70, 0.80), (b) Sr1-3y/2LayTiO3 (x = 0.05, 0.10, 0.15, 0.20, 0.30, 

0.40, 0.60, 0.63, 0.67) calcined powder after 45 minutes of attrition milling. 
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Table 4.3 Particle sizes of calcined compositions in the La-doped SrTiO3 

series after 45 minutes of attrition milling. 

Composition x, y d10 d50 d90 

Sr1-xLaxTiO3 

0.10 1.200 3.17 7.66 

0.20 0.977 2.95 7.75 

0.30 0.875 2.58 7.44 

0.40 0.982 2.84 6.88 

0.50 0.578 1.56 4.17 

0.60 0.922 2.97 7.39 

0.70 0.875 2.34 5.32 

0.80 0.755 2.18 5.67 

Sr1-3y/2LayTiO3 

0.05 0.885 2.66 6.59 

0.10 0.851 2.42 5.90 

0.15 0.925 2.51 6.74 

0.20 0.764 2.15 5.52 

0.30 0.662 2.32 6.88 

0.40 0.984 3.10 7.33 

0.60 1.070 2.93 8.99 

0.63 0.834 2.51 9.15 

0.67 1.110 3.05 7.14 

 

Attrition milling for 45 minutes after calcination resulted in a smaller 

and more homogeneous particle size distribution of the calcined particles. 

Single phase samples could be obtained by reducing particle size to shorten 

diffusion distances so that homogeneity and reaction rates are accelerated, 

which generally results in lower sintering temperatures and higher ceramic 

densities.



La doped (Sr, Ca)3Ti2O7 system 

 
 
 

 

 

 
Page 81 

 
  

Chapter 5: La-doped Sr3Ti2O7 System 

 

5.1  Introduction 

 

In the field of thermoelectric applications, cubic perovskite-type 

compounds, such as Nb-doped SrTiO3, have been found to show large ZT 

values among the n-type oxides. However, the highest reported ZT value (0.37)
1
 

is still too low compared with state-of-the-art tellurium-, antimony- and 

germanium-based alloys (ZT ≈ 1)
2-6

 because of the high thermal conductivity. 

Therefore, the Ruddlesden-Popper (RP) phase, SrO(SrTiO3)n (n = integer) has 

attracted much attention due to its layered structure which in principle can 

disrupt the octahedral phonon modes to reduce thermal conductivity whilst the 

perovskite layers may exhibit high values of electrical conductivity and/or 

exhibit a large Seebeck coefficient. 

The work described in section 5.2 focuses on the structure and electrical 

properties of undoped Sr3Ti2O7 ceramic sintered in different atmospheres at 

1500 
o
C, especially the structural stability of the Ruddlesden-Popper Sr3Ti2O7 

phase in the context of the predicted higher electrical conductivity (n-type) in 

reducing conditions based on the following defect equation in Kroger-Vink 

notation. 

                 𝑂 
𝑥 ⇌ 1

2⁄ 𝑂2 + 𝑉𝑂
·· + 2𝑒′                  5-1 

The following section (5.3) will investigate the role of dopant mechanisms in 

the Ruddlesden-Popper Sr3Ti2O7 phase. Due to the complex nature of this topic 

only a single dopant, La, has been chosen since it is the ideal rare earth (RE) ion 

to substitute onto the Sr-site (𝑟𝑆𝑟2  = 1.44  , CN = 12) having a similar ionic 

radius ( 𝑟 𝑎3  = 1.36  , CN = 12)
7
. To understand and improve the 

thermoelectric properties of the La-doped RP phase, SrO(SrTiO3)2, a more 

comprehensive understanding of the potential doping mechanisms under 

different oxygen partial pressures, pO2, is required. Electronic doping (equation 

5-2) has been widely used to create free electrons in the lattice to increase σ of 
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La-doped SrTiO3 and Sr3Ti2O7
8-12

. However, there are at least three 

compensation mechanisms in La-doped SrTiO3, which can also be dependent on 

the conditions of synthesis such as pO2 and temperature
13-15

. These are listed as 

mechanisms 5-2 to 5-4 and represent electronic compensation, A-site and B-site 

vacancies, respectively. In the case of RP phases there is a further possibility of 

oxygen interstitials, as shown in mechanism 5-5. For convenience, they will be 

denoted as x series/e, y series/Va and z series/Vb, respectively, for the 

discussion hereafter. 

Of particular interest is the recent report that A-site (Sr) deficiency is 

found to be beneficial to σ in LaxSr1-3x/2TiO3 compared to stoichiometric 

compounds (LaxSr1-xTiO3) at the same oxygen partial pressure
16-18

. This may be 

a consequence of additional oxygen loss in metal deficient compositions that 

can enhance σ via mechanism 5-1. 

   𝐿𝑎2𝑂3 + 𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝑆𝑟
∙ + 2𝑒′ + 𝑇𝑖𝑇𝑖

𝑥 + 3𝑂𝑂
𝑥 + 1/2𝑂2(𝑔)     5-2 

             𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝑆𝑟
∙ + 𝑉𝑆𝑟

′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 9𝑂𝑂

𝑥          5-3 

           2𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 4𝐿𝑎𝑆𝑟
∙ + 𝑉𝑇𝑖

′′′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 12𝑂𝑂

𝑥         5-4 

              𝐿𝑎2𝑂3 + 2𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝑆𝑟
∙ + 𝑂𝑖

′′ + 2𝑇𝑖𝑇𝑖
𝑥 + 6𝑂𝑂

𝑥           5-5 

Therefore, in section 5.3 the possible La-doping mechanisms are 

investigated in the Sr3Ti2O7 RP phase in ambient (air) and reducing (N2/5%H2) 

atmospheres for which the associated electrical and power factors are reported. 

Furthermore, we highlight the influence of heterogeneity associated with 

resistive surface layers and conductive secondary phases on the electrical 

properties of ceramics processed under reducing atmospheres. Recognition of 

these heterogeneities is important,, as processing titanate-based phases under 

reducing conditions is a common method to induce significant levels of 

oxygen-loss, mechanism 5-1, and therefore n-type conduction in these 

materials. 

The substitution of Sr with Ca (with smaller ionic radius of 1.34 Å (CN 

= 12)
7
) is motivated by the attempt to further improve the thermoelectric 

properties of the La-doped Ruddlesden-Popper phase. The structural distortion 

(from I4/mmm
19

 to Ccm21
20

) arising from octahedral tilting and A-site cation 

displacements is expected to introduce disorder, enhance phonon scattering and 
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lower thermal conductivity, especially in reduced ceramics which contain a 

distribution of 𝑉𝑂
··. Therefore, the structure, microstructure and thermoelectric 

performance of stoichiometric La-doped Ca3Ti2O7 ceramics based on an 

electronic compensation mechanism, section 5.4 are also investigated. 

 

5.2  Undoped Sr3Ti2O7 

5.2.1 Structure and Microstructure 

 

All Sr3Ti2O7 ceramics were sintered at 1773 K for 6 hours. The XRD 

traces of crushed Sr3Ti2O7 pellets sintered in different atmospheres are 

presented in Figure 5.1. All peaks could be indexed according to the Sr3Ti2O7 

([11-633] ICDD card) single RP2 phase after sintering in N2 and N2/5%H2. 

Some extra peaks however, for Sr4Ti3O10 ([76-741] ICDD card) RP3 phases 

were detected after sintering in air. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.1 XRD traces of crushed Sr3Ti2O7 pellets sintered in different 

atmospheres at 1773 K for 6 hrs. 
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Secondary electron images of fractured sections of Sr3Ti2O7 pellets 

sintered in different atmospheres are presented in Figure 5.2. The grain size of 

the air sintered pellet was slightly smaller than that sintered in reducing 

atmospheres. Figure 5.3 shows secondary electron images of pellet surfaces 

sintered in different atmospheres. Tabular morphologies with rod- or plate-like 

grains (~10 μm) on the surface of the air sintered pellets were observed, Figure 

5.3(a). From Figure 5.3(b), the surface of the N2 sintered pellet was composed 

of spherical and rod- plate-like morphologies (~2 to 5 μm). Irregular block-like 

morphologies were observed on the surface of pellet sintered in N2/5%H2, 

Figure 5.3(c). 

 

 

Figure 5.2 Secondary electron images of the fractured sections of Sr3Ti2O7 

pellets sintered at 1773 K for 6 hrs in different atmospheres: (a) air, (b) N2, (c) 

N2/5%H2. 

 

 

Figure 5.3 Secondary electron images of the surfaces of Sr3Ti2O7 pellets 

sintered at 1773 K for 6 hrs in different atmospheres: (a) air, (b) N2, (c) 

N2/5%H2. 
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The colour of undoped Sr3Ti2O7 ceramics sintered in N2/5%H2 

(Sr3Ti2O7-δ) was dark green suggesting that oxygen-loss with partial reduction 

of Ti
4+

 to Ti
3+

 ions had occurred within the ceramics. XRD was performed on 

the surface of undoped Sr3Ti2O7-δ ceramics and on powder from crushed pellets 

sintered in N2/5%H2, Figure 5.4. The XRD pattern for the powder of crushed 

pellets fully indexed to Sr3Ti2O7 ([11-633] ICDD card); however, the XRD 

pattern for the ceramic surface contained many additional reflections. Some of 

these are associated with a simple SrTiO3-type cell (presumably 

oxygen-deficient and referred thereafter as SrTiO3-δ) due to the high 

temperature and low pO2 employed during the synthesis. However, there are 

other reflections that do not index to any known phase in the ICDD database. 

 

  

 

Figure 5.4 XRD traces of powder from a crushed Sr3Ti2O7-pellet sintered at 

1773 K for 6 hrs in N2/5%H2 (lower) and its surface (upper) prior to crushing. 

 

Backscattered electron images (BEI) on a cross section of a Sr3Ti2O7- 

pellet sintered in N2/5%H2 are shown in Figure 5.5. The BEI demonstrates clear 

evidence for the presence of a surface layer with a different composition to that 

of the ceramic interior. EDS analysis showed the Sr/Ti ratio to be lower in the 
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surface layer (Sr/Ti ~1) compared to the interior of the ceramic (Sr/Ti ~3/2), 

Table 1. 

 

Figure 5.5 Backscattered electron images on a cross section of a Sr3Ti2O7- 

pellet sintered at 1773 K for 6 hrs in N2/5%H2. 

 

Table 5.1 Relative percentage of Sr, Ti and the Sr/Ti ratio from the interior 

and surface regions of Sr3Ti2O7-δ ceramic sintered in N2/5%H2 at 1773 K. 

Theoretical values for Sr3Ti2O7 are Sr = 60.00 %, Ti = 40.00 % with Sr/Ti 

= 1.50 and Sr = 50.00 %, Ti = 50.00 % with Sr/Ti = 1.00 for SrTiO3. 

Element 

Bulk Surface layer 

Sr L Ti K Sr/Ti Sr L Ti K Sr/Ti 

Relative % 

59.31 40.69 1.46 52.76 47.24 1.12 

62.08 37.92 1.64 52.14 47.86 1.09 

62.25 37.75 1.65 53.08 46.92 1.13 

62.61 37.39 1.67 53.37 46.63 1.14 

59.80 40.20 1.49 50.58 49.42 1.02 

60.98 39.02 1.56 49.88 50.12 1.00 

Average Relative % 61.17 38.83 1.58 51.97 48.03 1.08 
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Figure 5.6 compares simulated (using CaRine software
21

) and 

experimental electron diffraction patterns of Sr3Ti2O7 along [100]I4/mmm and 

[110]I4/mmm directions, respectively. Compared to the SrTiO3 <100> electron 

diffraction pattern, weak reflections related to the number of perovskite layers 

in the RP phase are observed at e.g., {002}I4/mmm, {004}I4/mmm, {006}I4/mmm and 

{008}I4/mmm (0kl: k + l = 2n
22

). Bright field TEM images along [110] of 

Sr3Ti2O7 samples sintered in air and N2/5%H2 are shown in Figure 5.7, 

illustrating that oxygen loss leads to the formation of planar defects that exhibit 

strong strain contrast, consistent with the presence of dislocations or high strain 

stacking faults in the Sr3Ti2O7 matrix, Figure 5.7(b). Samples sintered in air do 

not exhibit such high strain contrast defects but occasionally show regions of 

low strain stacking faults, related to disorder of the SrO layer along the c-axis, 

Figure 5.7(a). 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.6 (a), (b) [100]I4/mmm simulated and electron diffraction patterns; (c), (d) 

[110]I4/mmm simulated and electron diffraction patterns of Sr3Ti2O7 ceramics 

sintered at 1773 K for 6 hrs in air. 

(d) 

(b) (a) 

(c) 
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Figure 5.7 Bright field images along [110] direction of Sr3Ti2O7 ceramics 

sintered at 1773 K for 6 hrs in air and N2/5%H2. 

 

5.2.2 Electrical Properties 

 

Typical Z* plots at RT for unpolished and polished Sr3Ti2O7-δ ceramics 

sintered in N2/5%H2 were dramatically different, Figure 5.8. A Z* plot for an 

unpolished ceramic was dominated by a single, large arc that could not be fully 

resolved as the total resistivity of the sample exceeded 10 MΩ cm, Figure 5.8(a). 

In contrast, the Z* plot for the polished pellet shows a single arc with a total 

sample resistivity of ~40 kΩ cm at RT, Figure 5.8(b). This indicates that the 

as-sintered ceramic contains a resistive surface layer. Using the relationship 

ωRC = 1 at the arc maximum in Figure 5.8(b) shows the associated capacitance, 

C, of this arc to be 173 µF/cm, consistent with a non-ohmic contact between the 

polished ceramic and the metal electrode. This assignment was confirmed by 

applying a small dc bias (<2 V) to the IS measurements which reduced the 

diameter of the arc and therefore the magnitude of the non-ohmic electrode 

contact (not shown). Inspection of high frequency data in the RT Z* plot shows 

the presence of a non-zero intercept of ~4 Ωcm associated with the total 

resistivity of the ceramic, Figure 5.8(c). Cryogenic measurements were 

performed in an attempt to quantify the bulk (grain) response via the presence 

of a high frequency Debye peak in the imaginary component of the electric 

(a) (b) 
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modulus Mʹʹ spectrum
23, 24

. A combined -Zʹʹ and Mʹʹ spectroscopic plot at 10 K 

shows a low frequency -Zʹʹ Debye peak associated with the resistive, non-ohmic 

contact, however, the Mʹʹ spectrum shows an incline at high frequency 

indicating that the grain (bulk) response remains too conductive to measure by 

IS, Figure 5.8(d) at 10 K. The Mʹʹ Debye peak at intermediate frequency is 

attributed to a thin layer (electrode/surface) response, Figure 5.8(d), but was not 

investigated in detail. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.8 Typical RT Z* plots of (a) an unpolished Sr3Ti2O7-σ pellet, (b) a 

polished pellet, (c) inspection of high frequency data of (b); (d) combined -Z″ 

and M″ spectra of a polished Sr3Ti2O7- pellet at 10 K, sintered at 1773 K for 6 

hrs in N2/5%H2. 
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The influence of a dc bias on the N2/5%H2 sintered ceramic at room 

temperature is presented in Figure 5.9. The arc corresponded to an electrode 

effect (i.e. a non-ohmic contact) decreased with increasing dc bias. A 

Mott-Schottky plot (1/C
2
 against dc bias) was in the shape of a straight line 

(Figure 5.9(b)). The high capacitance plateau at low frequency increased 

slightly with increasing dc bias but the higher frequency capacitance was 

unchanged. 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.9 (a) Z* plots of a polished Sr3Ti2O7-δ pellet sintered at 1773 K for 6 

hrs in the N2/5%H2 under different dc bias. (b) Mott-Schottky plot of the 

capacitance associated with the non-ohmic electrode response shown in (a). 

 

5.3  La-doped Sr3Ti2O7 

5.3.1 Structure and Microstructure 

 

All doped samples (irrespective of e, Va or Vb) prepared in air were 

off-white in appearance and were all phase mixtures by XRD with the exception 

of x = 0.01 for the electronic series. Secondary phases identified included a 

perovskite-type SrTiO3 for the e and Va series, a B-site deficient hexagonal-type 

perovskite SrLa4Ti4O15 and an anion-excess layered-perovskite SrLa4Ti5O17 for 

the Vb series. Identifying low levels of perovskite-type SrTiO3 as a secondary 
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phase was challenging for the e series but was confirmed in x = 0.05 

composition by the appearance of an additional reflection in the XRD patterns 

at ~40 degrees two theta (hkl = 111), Figure 5.10(a) and was confirmed by 

TEM (discussed later). The XRD pattern for powder from crushed pellets of x = 

0.01 composition fully indexed to Sr3Ti2O7 ([11-633] ICDD card) and there was 

an expansion of the unit cell volume compared to undoped Sr3Ti2O7 prepared in 

air, Figure 5.10(c). 

In contrast, the N2/5%H2 sintered, electronic compensation series 

ceramics were single-phase by XRD up to x = 0.05. A simple cubic-type 

perovskite SrTiO3-δ (ST) second phase (Figure 5.10(b)) was observed for x = 

0.10 sintered in N2/5%H2. The XRD patterns of the Sr3Ti2O7-type phase in all 

samples were indexed on a tetragonal unit cell (space group I4/mmm) as 

reported in the literature
19

. XRD also showed observable secondary phases 

including ST, Sr2TiO4 and Sr4Ti3O10 for the Va and Vb series (not shown) for all 

values of y and z. The electronic series lattice parameter and unit cell volume 

values decreased smoothly with increasing x, Figures 5.10(c) and (d) 

respectively, therefore confirming the existence of a larger extent of solid 

solution when compared to ceramics prepared in air. 

 

(a) 
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Figure 5.10 XRD patterns for (Sr1-xLax)3Ti2O7 ceramics sintered at 1773 K for 6 

hrs: (a) air sintered, (b) N2/5%H2 sintered, (c) unit cell volume sintered in air 

(black filled circles) and N2/5%H2 (red filled circles), (d) lattice parameters for 

N2/5%H2 sintered ceramics. 

 

Secondary electron images of fracture surfaces for x = 0.01 and 0.05 

sintered in N2/5%H2 show the former to have a much larger average grain size 

compared to the latter, Figure 5.11. The mechanism of grain growth under 

reducing conditions is not known at this stage. 
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Figure 5.11 Secondary electron images of a fractured surface for (a) x = 0.01 

and (b) x = 0.05 ceramics sintered at 1773 K for 6 hrs in N2/5%H2. 

 

TEM images of (Sr1-xLax)3Ti2O7 (x = 0.01, 0.05) ceramics sintered in air 

and N2/5%H2 obtained close to [110] are presented in Figure 5.12. The [110] 

zone axis contains the (001) plane and thus reveals information about the SrO 

layers and any defects in the stacking sequence, particularly in samples that 

were tilted off-axis to give two beam bright field diffraction contrast conditions. 

Faint planar defects in these images represent essentially unstrained stacking 

faults in the RP superstructure, as shown in Figure 5.12(c) for x = 0.01 

processed in N2/5%H2. Unstrained stacking faults are typical of RP phases and 

are regions in which the SrO layer is disordered along the c-axis. Darker 

contrast planar defects were observed, e.g. for x = 0.01 processed in air, Figure 

5.12(a) and arose because of deviations as a function of distance from a 

coherent Bragg condition and were associated with local lattice strain. 

Comparing Figure 5.12(b) and (d) (x = 0.05, sintered in air and N2/5%H2, 

respectively) the main difference is the clear formation of discrete blocks of 

SrTiO3 in air sintered samples interleaved between the RP phase. In contrast, 

the grains in x = 0.05 sintered in N2/5%H2 remained essentially single-phase 

RP-type Sr3Ti2O7, despite evidence of strained stacking faults in Figure 5.12(d). 

Note that similar defects were observed in undoped samples sintered in 

N2/5%H2, Figure 5.7(b). 

(a) (b) 
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Figure 5.12 Two beam bright field TEM images of (Sr1-xLax)3Ti2O7 ceramics 

sintered at 1773 K for 6 hrs obtained with the electron beam close to [110], (a) x 

= 0.01, (b) x = 0.05 sintered in air and (c) x = 0.01 and (d) x = 0.05 sintered in 

N2/5%H2. 

 

5.3.2 Electrical and Thermoelectric Properties 

 

IS measurements were employed to study the electrical properties of 

Sr3Ti2O7 ceramics sintered in air. The high frequency arc in the impedance 

complex plane, Z*, plots was used to extract the bulk (grain) resistivity, (ρb) of 

undoped Sr3Ti2O7 and x = 0.01 ceramics sintered in air. The bulk conductivity, 

σb = 1/ρb, plotted in Arrhenius-format showed x, y and z ceramics to have lower 
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conductivity (~1 to 1.5 orders of magnitude at ~893 K) and a significantly 

higher activation energy for bulk conduction, Ea, (by ~1 eV) compared to 

undoped Sr3Ti2O7, Figure 5.13. 

 

 

Figure 5.13 Arrhenius plots of σb for undoped Sr3Ti2O7 (filled black squares) 

and x = 0.01 (filled red circles) ceramics sintered at 1773 K for 6 hrs in air. 

 

For La-doped samples sintered in N2/5%H2, the development of resistive 

surface layers on ceramics also occurred and was attributed (in part) to the 

uptake of oxygen during the post-sintering cooling process in N2/5%H2. In an 

attempt to minimise the deleterious influence of any re-oxidation on σ (reverse 

reaction of mechanism 5-1), 4 probe resistivity measurements were performed 

on polished bars of x = 0.005 ceramics sintered in N2/5%H2 with various 

cooling rates. The temperature dependence of σ showed it to be highest and 

reproducible for ceramics prepared with cooling rates ≥ 5 
o
C/min, Figure 5.14. 

The results presented below for the thermoelectric properties are therefore for 

ceramics prepared with a cooling rate of 30 
o
C/min to minimise the influence of 

re-oxidation on σ. 
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Figure 5.14 4-probe σ versus temperature of (Sr0.995La0.005)3Ti2O7-δ ceramics 

sintered at 1773 K for 6 hrs in N2/5%H2 with different cooling rates. 

 

S values for the x series were negative, suggesting all samples are n-type 

semiconductors. The absolute S value became smaller with increasing x, Figure 

5.15(a), possibly due to an increase in the carrier concentration, Figure 5.15(b). 

Comparison of σ at 973 K showed it to increase with x, however x = 0.01 

exhibited metallic conduction whereas all other x values correspond to 

semiconducting behaviour. The power factor (PF) had the same trend as σ with 

temperature and reached a maximum of ~70 µWm
-1

K
-2

 for x = 0.10 at ~973 K 

due to its high σ, Figure 5.15(c). x = 0.10 contained the presence of a secondary 

ST phase and this had a dramatic effect on the thermoelectric properties. 
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Figure 5.15 Temperature dependence of (a) S, (b) σ, and (c) PF = S
2
σ for 

electronic compensation series sintered at 1773 K for 6 hrs in N2/5%H2. 

 

The variation of PF with La-content in Sr3Ti2O7-δ ceramics based on the 

three compensation mechanisms at 973 K is shown in Figure 5.16 and reveals 

the highest PF of a single-phase ceramic to be obtained for x = 0.02. 

Interestingly, significantly higher PF values were observed for ceramics that 

were phase mixtures, e.g. x = 0.10 and all of y and z series contained an ST 

secondary phase. 

(c) 
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Figure 5.16 PF at 973 K versus La-content in Sr3Ti2O7- ceramics sintered at 

1773 K for 6 hrs in N2/5%H2 based on compositional series x, y and z. 

 

5.4  La-doped Ca3Ti2O7 

 

For controlling the thermal conductivity without destroying the power 

factor of the Ruddlesden-Popper phase, (Ca1-xLax)3Ti2O7 (x = 0.00, 0.01, 0.02, 

0.05) ceramics have been investigated to try to disrupt phonon modes further by 

invoking octahedral tilting to achieve lower thermal conductivity. 

 

5.4.1 Structure and Microstructure 

 

The XRD traces of crushed (Ca1-xLax)3Ti2O7 (x = 0.00, 0.01, 0.02, 0.05) 

samples sintered in N2/5%H2 are presented in Figure 5.17. All major peaks for 

Ca3Ti2O7 samples could be indexed according to ICDD [78-2480] data. 

However, extra peaks associated with the presence of Ca4Ti3O10 were detected 

in all La-doped Ca3Ti2O7 samples. Figure 5.18 shows secondary electron 

images of the fractured sections of (Ca1-xLax)3Ti2O7 (x = 0, 0.01, 0.02, 0.05) 

samples. The grain size of x = 0.05 was the largest. 
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Figure 5.17 XRD traces of crushed (Ca1-xLax)3Ti2O7 (x = 0, 0.01, 0.02, 0.05) 

samples sintered at 1773 K for 6 hrs in N2/5%H2. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 5.18 Secondary electron images of the fractured sections of 

(Ca1-xLax)3Ti2O7 samples sintered at 1773 K for 6 hrs in N2/5%H2: (a) x = 0, (b) 

x = 0.01, (c) x = 0.02, (d) x = 0.05. 
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A dark field image of a ferroelastic boundary in air sintered Ca3Ti2O7 is 

shown in Figure 5.19. The electron diffraction patterns in Figure 5.20 were from 

either side of the domain wall and revealed the absence and presence of 

superstructure reflections associated with O-octahedral rotations. The circular 

ribbon-like planar defect was an antiphase boundary (APB) formed by the 

impingement of regions of O-octahedral rotations that had nucleated out of 

phase. 

 

 

 

 

 

 

 

 

 

 

Figure 5.19 Dark field TEM images of Ca3Ti2O7 sintered at 1773 K for 6 hrs in 

air. The straight line separating dark and light contrast is a ferroelastic domain 

boundary between two orthorhombic (tilted) variants. The ring is an antiphase 

boundary (APB) separating regions that have tilted out of phase. 
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boundary 
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Figure 5.20 (a), (b) [001]CmC21 simulated and electron diffraction patterns; (c), (d) 

[110]I4/mmm simulated and electron diffraction patterns of Ca3Ti2O7 ceramics 

sintered at 1773 K for 6 hrs in air. 

 

TEM images of undoped and (Ca1-xLax)3Ti2O7-δ (x = 0.05) samples 

along equivalent pseudotetragonal [110] direction for orthorhombic Cmc21 

structures are presented in Figure 5.21. An antiphase boundary is arrowed 

which is present inside an orthorhombic variant in the x = 0.05 sample. Weak 

contrast planar defects are also observed associated with stacking errors of the 

CaO layers along the c-axis. 

 

  

Figure 5.21 TEM images with two beam conditions along [110]I4/mmm of (a) 

Ca3Ti2O7 and (b) (Ca1-xLax)3Ti2O7-δ (x = 0.05) sintered at 1773 K for 6 hrs in 

N2/5%H2. 

(c) (d) 

(a) (b) 
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5.4.2 Thermoelectric Properties 

 

The temperature dependence of the absolute values of Seebeck 

coefficient for (Ca1-xLax)3Ti2O7-δ (x = 0.00, 0.01, 0.02, 0.05) are presented in 

Figure 5.22(a). The negative S values indicated that La-doped Ca3Ti2O7 

samples are also n-type semiconductors. The absolute S values were of the same 

order of magnitude with increasing temperature and became smaller with 

increasing La-doping level. The temperature dependence of electrical 

conductivity is given in Figure 5.22(b). The electrical conductivity increased 

with increasing La-doping level. The undoped Ca3Ti2O7 exhibited the smallest 

electrical conductivity value and oxidised easily when the temperature exceeded 

~673 K. The largest power factor was achieved for (Ca1-xLax)3Ti2O7-δ (x = 0.05) 

due to its highest electrical conductivity, Figure 5.22(c). 

 

(a) 
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Figure 5.22 Temperature dependence of (a) S, (b) σ, and (c) PF = S
2
σ for 

(Ca1-xLax)3Ti2O7-δ sintered at 1773 K for 6 hrs in the N2/5%H2. 

 

 

(b) 

(c) 
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5.5  Discussion and Conclusion 

 

Undoped Sr3Ti2O7 

 

From Figure 5.1, single phase Sr3Ti2O7 ceramics were fabricated 

successfully after sintering at 1773 K for 6 hours in N2 and N2/5%H2 indicating 

that reduced atmospheres were beneficial for the formation of RP2 phase. 

Sintering undoped Sr3Ti2O7 in N2/5%H2 at 1773 K to yield dark green coloured 

ceramics is an effective method to remove oxygen (δ) based on equation 5-1 

and therefore increase the conductivity in the interior of the ceramics; however, 

this method also induces compositional changes on the ceramic surfaces. XRD 

on an unpolished ceramic surface revealed the presence of Sr3Ti2O7, a 

SrTiO3-type phase and several unindexed peaks that could not be assigned to 

any known Sr-Ti-O phase(s) in the ICDD system, Figure 5.4. A BEI of an 

unpolished ceramic from SEM revealed clear evidence of a surface layer 

(Figure 5.5), and EDS analysis showed the surface to have a Sr/Ti ~1 compared 

to the expected value of ~1.5 observed from the interior of the ceramic, Table 

5.1. This change in phase assemblage and composition suggests some 

volatilisation of Sr (possibly as SrO) in addition to oxygen-loss occurs from the 

ceramic surfaces under these reducing conditions at 1773 K. The local pO2 will 

be more reducing at the pellet surfaces compared to the pellet interiors and this 

introduces a pO2 gradient within the ceramics. This limits the level of SrO 

volatilisation from the ceramic interiors but is sufficient to obtain a level of 

oxygen-loss (δ) to induce semiconductivity in the RP Sr3Ti2O7 phase. 

IS at room temperature on an unpolished ceramic sintered in N2/5%H2 

showed the presence of an insulating surface layer with R > 10 MΩ, Figure 

5.8(a), that could be removed on polishing to reveal a non-ohmic electrode 

contact with R ~ 40 kΩ, Figure 5.8(b), and a total ceramic resistivity of ~4 Ωcm, 

Figure 5.8(c). Based on a combination of the XRD, SEM/EDS and IS results, it 

is proposed that the insulating surface layer(s) on ceramics sintered under 

reducing conditions is associated with oxygen up-take and therefore oxidation 
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of the reduced Sr-Ti-O phases at the ceramic surfaces (including SrTiO3-δ and 

Sr3Ti2O7-δ) during the cooling procedure. 

 

Structure, microstructure and electrical properties of La-doped Sr3Ti2O7 

 

XRD and TEM results show a very limited solid solution of La into 

Sr3Ti2O7 for the e series prepared in air with a small volume expansion in the 

unit cell of x = 0.01 compared to undoped Sr3Ti2O7 (x = 0.00), Figure 5.10(c). 

A larger solid solution with x ≤ 0.05 appears to exist for samples processed 

under reducing conditions with an initial expansion of the unit volume for 

undoped Sr3Ti2O7-δ (x = 0.00), followed by a systematic decrease with 

increasing x, Figure 5.10(d). There was no appreciable solid solution for any Va 

and Vb samples prepared in air or N2/5%H2 at 1773 K. 

These results show that creation of cation vacancies (A- or B-site) via 

La-doping, mechanisms 5-3 and 5-4 are not favoured in RP-phases in air or 

reducing atmospheres which is in contrast to perovskite SrTiO3 where a 

substantial solid solution containing A-site vacancies is known to exist
25

. All 

ceramics processed in air were white/yellow in appearance suggesting that they 

were fully oxidised and IS showed all air sintered ceramics to be electrical 

insulators with low bulk conductivity and high Ea (> 1 eV), confirming 

electronic compensation, mechanism 5-2, does not exist for La-doping of 

ceramics sintered in air, Figure 5.13. The lower bulk σ and higher Ea of x = 0.01 

samples compared to undoped Sr3Ti2O7 ceramics confirms that limited 

La-doping of the Sr3Ti2O7 lattice does occur and that a change in conduction 

mechanism must also occur given the substantial increase in Ea for x = 0.01, 

Figure 5.13. La
3+

 is a smaller ion than Sr
2+

 so the observed increase in unit cell 

volume for x = 0.01 is attributed to the interstitial mechanism 5-5 that can occur 

in RP-type phases. The excess oxygen from the La2O3 may be associated with 

the interfaces between the RS layers and perovskite blocks in the RP structure 

in the form of disordered defects and/or fill up any residual oxygen vacancies in 

the lattice due to acceptor impurities associated with the TiO2 reagent
26

. The 

TEM image in Figure 5.12(a) for x = 0.01 processed in air supports the idea of 



La doped (Sr, Ca)3Ti2O7 system 

 
 
 

 

 

 Page 
108 

 
  

increased strain associated with the interstitial doping mechanism whereas the 

Arrhenius plot of bulk conductivity in Figure 5.13 supports the idea that the 

change in conduction mechanism may be associated with a suppression of 

extrinsic (acceptor-type) conduction in undoped Sr3Ti2O7 with an Ea ~1.2 eV 

leading intrinsic conduction with Ea > 2 eV due to the filling up of extrinsic 

oxygen vacancies by the interstitial oxide ions. Unfortunately, the solid solution 

limit is low and it is not possible to unambiguously prove either (or both) of 

these possibilities.   

Lattice parameters and cell volume obtained from XRD data of crushed 

powders from polished ceramics of the electronic series (including x = 0.00) 

sintered in N2/5%H2, Figures 5.10(d) and (c), reveal some interesting trends, 

especially when combined with the electrical conductivity results, Figure 

5.15(b). 

First, there is considerable expansion of the cell volume and a 

substantial increase in σ when processing ceramics under reducing conditions 

compared to those processed in air, as observed for both undoped (x = 0.00) and 

doped compositions (x = 0.01), Figure 5.10(c). In the case of x = 0.00 this can 

be attributed solely to oxygen-loss with partial reduction of Ti
4+

 to Ti
3+

 ions 

based on equation 5-1. The ionic radius of Ti
3+

 is 0.67 Å compared to 0.605 Å 

for Ti
4+

 (for octahedral co-ordination) and this leads to lattice expansion. The 

creation of oxygen vacancies can also result in lattice expansion due to a 

reduction in the Coulombic forces between the cations and anions in 

perovskites
27

. The green colour and significant σ (~1 S/cm at 1000 K) for 

reduced x = 0.00 ceramics is consistent with the creation of mixed Ti
3+

/Ti
4+

 ions 

in the lattice whereas ceramics processed in air are fully oxidized and insulating 

with only Ti
4+

 ions in the lattice. In the case of x = 0.01, the larger unit cell 

volume of reduced ceramics compared to those processed in air can primarily 

be attributed to the creation of mixed Ti
3+

, Ti
4+

 content and this is consistent 

with an increase in σ. 

Second, despite reduced ceramics containing larger Ti
3+

 ions, cell 

volume decreases smoothly with increasing La-content for reduced La-doped 

samples, Figure 5.10(c). There is no systematic trend in σ with La-content; 
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however, σ and therefore Ti
3+

 content (based on the assumption that σ is 

dominated by carrier concentration as opposed to any changes in carrier 

mobility) is generally higher than that of reduced x = 0.00 and all are ~1 order 

of magnitude higher at 973 K, Figure 5.15(b). This decrease in cell volume on 

La-doping is in contrast to the increase in cell volume observed for the 

La-doped e series processed in air, Figure 5.10(c) and indicates the processing 

pO2 influences the doping mechanism(s). 

The increase in cell volume for x = 0.01 processed in air despite the 

smaller ionic radius of La
3+

 compared to Sr
2+

 was attributed to the interstitial 

doping mechanism (equation 5-5) with incorporation of excess oxygen. Under 

reducing conditions, the most likely scenario is that donor doping (mechanism 

5-2) occurs as any interstitial oxygen ions are presumably more prone to 

removal under reduction compared with conventional lattice oxygen ions 

associated with the RP structure. Therefore, despite the production of larger Ti
3+

 

ions (equation 5-2) and the possibility of creating oxygen vacancies under 

reducing conditions (equation 5-1), unit cell volume contraction occurs due to 

the partial replacement of larger Sr
2+

 with smaller La
3+

 ions on the cation 

sublattice. It has previously been shown
12

 that RE-dopants prefer the cation site 

associated with the RS layer compared to the perovskite blocks in Sr3Ti2O7 due 

to the lower co-ordination number of this site and the smaller ionic radius of 

RE-ions compared to Sr. 

The electronic donor-doping compensation mechanism (equation 5-2) is 

well known to occur in SrTiO3 at low pO2
14,15

. With increasing La doping level, 

the formation of local defect clusters in the matrix (maybe La
3+

-O-Ti
3+

) was 

observed by TEM along the [001] direction of the tetragonal cell, restricting 

grain growth and the average grain size as shown by SEM, Figure 5.11. The 

TEM images also provide evidence about differences between series x samples 

sintered in air and N2/5%H2. From this data, it is proposed that a reducing 

atmosphere not only encourages electronic compensation for La
3+

 but may also 

be beneficial in releasing strain between the layers, thereby facilitating 

substitution into the Sr-sites of the RP Sr3Ti2O7-δ phase and therefore extending 

the limit of the solid solution. 
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For x = 0.10, a simple perovskite-type ‘SrTiO3-δ’ precipitates as an 

observable secondary phase, Figure 5.10(b). The stoichiometry of the ST 

perovskite phase is unknown but is likely to be oxygen-deficient due to the 

reducing conditions and possibly contains La on the A-site and may therefore 

also be A-site deficient. As discussed later, it is proposed that this ST 

perovskite-phase is more electrically conductive than the La-doped RP 

Sr3Ti2O7-δ phase. 

 

Thermoelectric properties of La-doped Sr3Ti2O7 

 

All ceramics show negative S values, confirming n-type conduction 

consistent with mixed Ti
3+

, Ti
4+

 ions in the samples prepared under reducing 

conditions. Considering a temperature of 973 K to compare the thermoelectric 

properties, S drops by a factor of ~2-3 in series x up the solid solution limit of 

~0.05 but the high temperature σ (at 973 K) has increased by ~1 order of 

magnitude (for all x) compared to x = 0.00. This shows that the La doping 

mechanism has increased the carrier concentration, as all samples have been 

treated under the same reducing conditions so any conductivity due to 

oxygen-loss should be similar in all samples, irrespective of x. If the doping 

mechanism is electronic compensation (equation 5-2), σ should increase 

systematically with x. However, x = 0.01, 0.02 and 0.05 all have similar σ at 

973 K. In addition, x = 0.01 shows metallic temperature-dependent behaviour 

whereas 0.02 and 0.05 show semiconducting temperature-dependent behaviour, 

Figure 5.15(b), so the conduction mechanisms are different. The switch from 

metallic to semiconducting behaviour with increasing x may be related to 

extended defects/clusters/strain trapping of the conduction electrons. For the 

single-phase samples in series x, the PF (at 973 K) has a dome shape with a 

maximum of ~40 µW m
-1

 K
-2

 (for x ~0.02) that reflects the balance between a 

decrease in S with an increase in σ with increasing x, Figure 5.16. This 

behaviour is consistent with the general observation that an increase in carrier 

concentration leads to a lower Seebeck coefficient
27

. 
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It is interesting to consider the thermoelectric properties of x = 0.10 

ceramics in series x as they contain secondary phases, including a cubic 

SrTiO3-δ (ST)-type phase, Figure 5.10(b). This has a dramatic effect on the 

thermoelectric properties. The electrical conductivity is now a factor of ~50 

higher than x = 0.00 and 5 times higher than x ~0.01 - 0.05 so clearly this 

secondary ST-type phase must be much more conductive than the RP phase. S 

drops for x = 0.10 ceramics as would be expected for its higher σ but this 

multi-phase ceramic has the highest PF for series x with a value of ~60 µW m
-1

 

K
-2

, Figure 5.16. Series y and z are also multi-phase ceramics that contain a 

highly conducting ST-type phase. Generally, PF values are higher in the y series 

compared to those in the x series. At 973 K, z = 0.10 with ST-type phase has the 

highest PF of this series with a value comparable to that of x = 0.10. These 

results suggest that the cubic ST-type perovskite phase(s) have higher σ than 

any La-doped RP phase and are therefore more suitable for thermoelectric 

applications than RP phases. It also suggests that care should be taken when 

reporting high PF or ZT values for Rare-earth doped RP-phases where phase 

purity has been confirmed only by Laboratory XRD as the thermoelectric 

properties can be significantly influenced by low levels of perovskite-type 

phases that are difficult to detect via such characterisation. 

 

La-doped Ca3Ti2O7 

 

Single-phase Ca3Ti2O7 can be fabricated successfully under reducing 

conditions. However, Ca4Ti3O10 phases were detected in La-doped Ca3Ti2O7 

samples. The electrical conductivity increases with increasing La-doping level 

when sintered in N2/5%H2 indicating the role of La as an electron donor in 

Ca3Ti2O7 ceramics. The semiconducting behavior of La-doped Ca3Ti2O7 may 

be as a result of the insulating CaO layer blocking electron movement at low 

temperature. 

 

Conclusion 
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To conclude, the electrical conductivity of Sr3Ti2O7 and Ca3Ti2O7 

Ruddlesden-Popper phase is still too low even after La-doping for the 

development of good thermoelectric properties. It is proposed that the insulating 

SrO and CaO rock-salt layers in Ruddlesden-Popper type layered materials 

create an electrical barrier for electron mobility and therefore limit electrical 

conductivity
28

. However, reducing conditions are conducive towards electronic 

doping of La in (Sr, Ca)3Ti2O7-δ ceramics. The heterogeneity of La-doped 

Sr3Ti2O7 ceramics prepared under reducing conditions has a significant impact 

on the measured thermoelectric properties. Compared to SrTiO3,  of La-doped 

RP Sr3Ti2O7- prepared under reducing conditions where both oxygen loss 

(equation 5-1) and electronic ‘donor’-doping of La on the Sr-sites (equation 5-2) 

occurs remain too low for the development of good thermoelectric properties at 

elevated temperatures, e.g. 973 K. 
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Chapter 6: La-doped SrTiO3 System 

 

6.1  Introduction 

 

As discussed in Chapter 5, the SrTiO3 second phase appeared 

electrically more conductive than the La-doped Sr3Ti2O7-δ matrix. Overall, the 

electrical conductivity of the Ruddlesden-Popper (RP) phase, SrO(SrTiO3)2 was 

still too low even after La-doping due to the formation of electrical barriers 

resulting from insulating SrO rocksalt layers in the Ruddlesden-Popper structure. 

Thus, the ZT value of the RP phase was smaller than that of SrTiO3. Therefore, 

La-doped SrTiO3 is the subject of Chapter 6 with similar dopant strategies to 

those adopted in Chapter 5. 

It is known that incorporation of La
3+

 ions in SrTiO3 can lead to Sr-site 

vacancies due to the low electrostatic potential of the Sr-site
1
 or an intergrowth 

of SrTiO3 and La2Ti2O7 in oxidising conditions
2
 or creates electrons from partial 

reduction of Ti in reducing conditions
3
. Furthermore, Sr-site deficiency leads to 

higher electrical conductivity in Sr1-3y/2LayTiO3 compared to stoichiometric 

compounds (Sr1-xLaxTiO3) prepared at the same oxygen partial pressure
4
. The 

introduction of A-site and oxygen deficiency in the starting compositions has 

been conceived as a worthy scenario for higher ZT values. In this chapter, there 

is an attempt to improve the thermoelectric properties of La-doped SrTiO3 by 

engineering oxygen vacancy and A-site or B-site deficiency to decrease the 

thermal conductivity without destroying the electrical conductivity. 

This chapter utilises the dopant strategies for SrTiO3 described in 

equations 6-1 to 6-3 but eventually focuses on Sr1-3y/2LayTiO3 ceramics with 

A-site deficiency (equation 6-2): 

x series:  𝐿𝑎2𝑂3 + 2𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝑆𝑟
∙ + 2𝑒′ + 2𝑇𝑖𝑇𝑖

𝑥 + 6𝑂𝑂
𝑥 + 1/2𝑂2(𝑔)   6-1 

y series:       𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 2𝐿𝑎𝑆𝑟
∙ + 𝑉𝑆𝑟

′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 9𝑂𝑂

𝑥         6-2 

z series:      2𝐿𝑎2𝑂3 + 3𝑇𝑖𝑂2 ⇒ 4𝐿𝑎𝑆𝑟
∙ + 𝑉𝑇𝑖

′′′′ + 3𝑇𝑖𝑇𝑖
𝑥 + 12𝑂𝑂

𝑥       6-3 

As in chapter 5, these mechanisms will be denoted as x series/e, y series/Va and 

z series/Vb, respectively. 
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6.2  Undoped SrTiO3 

6.2.1 Structure and Microstructure 

 

All SrTiO3 ceramics were sintered at 1773 K for 6 hours. Figure 6.1 

shows the XRD traces of a polished SrTiO3 pellet and its surface sintered in 

N2/5%H2. All peaks could be indexed according to cubic perovskite SrTiO3 

([35-734] ICDD card) for the polished pellet. However, second phases 

including TiO were detected on the unpolished surface. 

 

 

 

Figure 6.1 XRD patterns of a polished SrTiO3 pellet (lower) and its surface 

(upper) prior to polishing after being sintered in N2/5%H2 at 1773 K for 6 hrs. 

 

Secondary electron images of the fracture surface of a SrTiO3 pellet 

sintered in N2/5%H2 at 1773 K along with backscattered images are shown in 

Figure 6.2. The interior was homogeneous, as shown in Figure 6.2(b). A thin 

surface layer with a similar composition but smaller grain size to that of the 

ceramic interior appeared, Figure 6.2(c) and (d). 
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Figure 6.2 Secondary electron and backscattered images of the fracture surface 

of a SrTiO3 pellet sintered in N2/5%H2 at 1773 K for 6 hrs. 

 

6.2.2 Electrical Properties 

 

Typical room temperature Yʹ and combined -Z″, M″ spectra of an 

unpolished SrTiO3 and polished pellet sintered in N2/5%H2 at 1773 K are 

shown in Figure 6.3(a) and (b). The unpolished and polished pellet all showed 

non-ohmic contacts due to their high electrical conductivity. However, the 

electrical conductivity of the polished SrTiO3 pellet was higher than the 

unpolished one, Figure 6.3(a). 

 

 

 

20 µm 20 µm 

20 µm 20 µm 

(a) (b) Interior Interior 

(c) (d) Surface Surface 
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Figure 6.3 Typical Yʹ (a) and combined -Z″, M″ spectra (b) at room temperature 

of an unpolished and polished SrTiO3 pellet sintered in N2/5%H2 at 1773 K for 

6 hrs. 

 

6.3  La-doped SrTiO3 

6.3.1 Structure and Microstructure 

  

Figure 6.4 shows the XRD traces of crushed Sr1-xLaxTiO3, 

Sr1-3y/2LayTiO3 and Sr1-zLazTi1-z/4O3 ceramics sintered in air and N2/5%H2 at 

1773 K for 6 hours. The solid solubility limit for the electronic compensation 

series sintered in air (x ≤ 0.30) was smaller than those of ceramics sintered in 

N2/5%H2 (x ≤ 0.60), Figure 6.4(a) and (b). The secondary phase peaks of air 

and N2/5%H2 sintered ceramics that contained SrLa4Ti5O17 (n = 5) and 

Sr2La4Ti6O20 (n = 6) phases with derivative layer perovskite structures matched 

to data reported by Irvine et al.
2
. The Va series sintered in air were single phase 

up to y = 0.63 with primitive cubic cells at y ≤ 0.40 and orthorhombic structures 

from 0.50 to 0.63 but y = 2/3 contained La2Ti2O7 second phase, Figure 6.4(c). 

The N2/5%H2 sintered ceramics were cubic-type perovskite cells up to y = 0.20, 

and contained an extra peak labelled with an asterisk from y = 0.30 to the end 

member, Figure 6.4(d). For the Vb series, the structures were cubic at z ≤ 0.20, 
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then cubic-hexagonal mixture phases, and finally became hexagonal 

Sr2La4Ti5O18 at z = 0.70. The SrLa4Ti4O15 phase was observed at z = 0.80 for 

air sintered samples, Figure 6.4(e). However, for N2/5%H2 sintered 

compositions, the structures were cubic at z ≤ 0.15, then contained La2O3 

secondary phase at 0.20 ≤ z ≤ 0.40 and became a cubic-hexagonal mixture of 

phases up to z = 0.80, Figure 6.4(f). 
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Figure 6.4 XRD traces of crushed pellets for Sr1-xLaxTiO3, Sr1-3y/2LayTiO3 and 

Sr1-zLazTi1-z/4O3 sintered in air and N2/5%H2 at 1773 K for 6 hrs. 

 

As can be seen from Figure 6.5, for the electronic series, a metrically 

cubic structure was retained for x = 0.30 in air. Samples sintered in N2/5%H2 

had a cubic to tetragonal transition at x ≈ 0.30. Overall, a metrically cubic 

(f) 

(e) 
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structure was easier to retain in the air sintered Va series in comparison to other 

defect dopant strategies. The unit cell volume parameter decreased and then 

increased as y increased uniformly, indicative of a cubic to orthorhombic 

transition, as shown in Figure 6.5. However, the unit cell volume parameter for 

the N2/5%H2 sintered samples increased up to y = 0.20 and then decreased with 

increasing y, suggesting that a phase transition point was around y = 0.20 ~ 0.30 

that was consistent with the extra peak observed at y ≥ 0.30, as seen from 

Figure 6.4(d). For the Vb series, solid solubility was small both in air and 

N2/5%H2. 

 

Figure 6.5 Dependence of unit cell volume on La concentration for Sr1-xLaxTiO3, 

Sr1-3y/2LayTiO3 and Sr1-zLazTi1-z/4O3 sintered in air and N2/5%H2 at 1773 K for 6 

hrs. 

 

The grain size of stoichiometric La-doped SrTiO3 ceramics sintered in 

N2/5%H2 at 1773 K for 6 hours reduced from ~5 µm to ~1 µm with increasing x. 

Strip- or plate-like grains were obtained at high La concentrations, x = 0.80. 
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Figure 6.6 Secondary electron images of the surfaces of Sr1-xLaxTiO3 ceramics 

sintered in N2/5%H2 at 1773 K for 6 hrs: (a) 0.10, (b) 0.30, (c) 0.50, (d) 0.80. 

 

As shown in Figure 6.7, Va series samples sintered in N2/5%H2 had 

small grain sizes (~5 µm) at y = 0.10. With increasing y, grain sizes increased to 

~20 µm until y ≥ 0.30 and finally rod-like grains were obtained at La2/3TiO3. 
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Figure 6.7 Secondary electron images of the surfaces of Sr1-3y/2LayTiO3 

ceramics sintered in N2/5%H2 at 1773 K for 6 hrs: (a) 0.10, (b) 0.30, (c) 0.50, (d) 

2/3. 

 

For the Vb series, the grain size of z = 0.10 was ~500 nm and then 

increased significantly to ~5 µm for z = 0.30, then decreased to ~2 µm. 

Rod-like grains were also obtained at z = 0.80, Figure 6.8. 

10 µm 20 µm 

20 µm 

(b) (a) 

20 µm 

(c) (d) Va, y = 0.50 Va, y = 2/3 

Va, y = 0.10 Va, y = 0.30 



La doped SrTiO3 

 
 
 

 

 

 Page 
124 

 
  

 

  

Figure 6.8 Secondary electron images of the surfaces of Sr1-zLazTi1-z/4O3 

ceramics sintered in N2/5%H2 at 1773 K for 6 hrs: (a) 0.10, (b) 0.30, (c) 0.50, (d) 

0.80. 

 

Thermogravimetric analysis (TGA) 

 

As shown in Figure 6.9(a), for the electronic series sintered in N2/5%H2 

at 1773 K, oxygen uptake increased with increasing La concentration up to x = 

0.60 except x = 0.10 and then decreased with increasing x for x = 0.70 and 0.80 

samples. The colour of samples after TGA remained black for x = 0.10 but was 

white for all other samples. A complex phase assemblage was obtained after 

TGA, as shown in Table 6.1. 
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Figure 6.9 Thermogravimetric analysis recording the oxidation in air up to 1000 

o
C of (a) Sr1-xLaxTiO3-δ and (b) Sr1-3y/2LayTiO3-δ ceramics sintered in N2/5%H2 

at 1773 K for 6 hrs. 

 

From Figure 6.9(b), for the Va series, samples with y ≤ 0.20 prepared in 

N2/5%H2 at 1773 K were stable in air even at 1000 
o
C. Therefore, we only 

(a) 

(b) 
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present the TGA data of y = 0.00 and 0.20 on behalf of all y ≤ 0.20 samples. 

The colour of samples after TGA was still black for y ≤ 0.20, however, white 

for y ≥ 0.30. From the XRD data after TGA, samples decomposed into TiO2 and 

perovskite structures, as shown in Table 6.1. 

 

Table 6.1 The weight variation, oxidation onset temperature and 

decomposed products after TGA of Sr1-xLaxTiO3-δ and Sr1-3y/2LayTiO3-δ 

ceramics sintered in N2/5%H2 at 1773 K for 6 hrs. 

Composition Δwt. (%) 
Oxidation Temperature 

(
o
C) 

Products after TGA 

x = 0.10 0.13 ˃ 1000 perovskite 

x = 0.20 0.80 600 perovskite 

x = 0.30 1.15 620 Sr2TiO4+perovskite 

x = 0.40 1.55 450 Sr2TiO4+perovskite 

x = 0.50 1.80 400 Sr2TiO4+perovskite 

x = 0.60 1.82 320 Sr2TiO4+perovskite 

x = 0.70 1.15 320 La2Ti2O7+perovskite 

x = 0.80 0.75 320 La2Ti2O7+perovskite 

y = 0.10 0.00 × perovskite 

y = 0.20 0.00 × perovskite 

y = 0.30 0.60 820 TiO2+perovskite 

y = 0.40 1.40 800 TiO2+perovskite 

y = 0.50 1.40 750 TiO2+perovskite 

y = 0.60 1.80 700 TiO2+perovskite 

y = 0.63 0.78 800 TiO2+perovskite 

y = 2/3 1.62 760 TiO2+perovskite 

 

6.3.2 Comparison of Electrical Properties for Three Mechanisms at 10 

at. % La Doping 

 

The colour of x, y, z = 0.10 pellets prepared in O2 at 1773 K for 6 hours 

was black, dark green and milky white, respectively, as shown in Figure 6.10. 
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All doped bar samples prepared in N2/5%H2 at 1773 K for 6 hours were totally 

dark in appearance. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.10 Ternary phase diagram of the LST system with the colour of x, y, z 

= 0.10 pellets sintered in O2 at 1773 K for 6 hrs. 

 

As shown in Figure 6.11, typical Z* plots at room temperature (RT) for 

unpolished and polished x, y = 0.10 ceramics sintered in O2 at 1773 K were 

different. Highly conductive ceramics at RT were obtained for x, y = 0.10, 

especially y = 0.10 (< 0.5 kΩ cm after polishing), both with the appearance of a 

resistive surface layer that could be removed by polishing. However, almost the 

same Z* plots for unpolished and polished ceramics showed z = 0.10 based on 

the B-site vacancy mechanism to be homogeneous with really high resistivity (> 

10 MΩ cm) that can not be measured by IS at RT. 

Figure 6.12 shows the temperature dependence of the electrical 

conductivity for x, y, z = 0.10 ceramics sintered in N2/5%H2 at 1773 K 

indicating that y = 0.10 has the highest electrical conductivity when sintered in 
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reducing conditions. Therefore, effort was focused on the thermoelectric 

properties of the Va, y series. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.11 Z* plots for x, y, z = 0.10 ceramics sintered in O2 at 1773 K for 6 

hrs. 
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Figure 6.12 4-probe σ versus temperature for x, y, z = 0.10 ceramics sintered in 

N2/5%H2 at 1773 K for 6 hrs. 

 

6.3.3 Thermoelectric Properties of La-doped SrTiO3 with A-site Vacancy 

 

The thermoelectric properties for the Va series sintered in N2/5%H2 at 

1773 K for 6 hours are shown in Figure 6.13. Negative S values suggested that 

all samples are n-type semiconductors. The absolute S value became smaller 

with increasing y, Figure 6.13(a), possibly due to an increase in the carrier 

concentration, Figure 6.13(b). Electrical conductivity increased at first, reached 

a maximum and then decreased with increasing y beyond y = 0.175, as shown 

in Figure 6.13(b). Thermal conductivity decreased with increasing temperature 

and was around 3 W m
-1

 K 
-1

 at 973 K for y ≤ 0.30, Figure 6.13(c). ZT is shown 

in Figure 6.13(d) and comparison of ZT at 973 K showed it to have the same 

trend as σ with temperature and reached a maximum ZT of 0.41 at ~973 K for y 

= 0.15, as shown in Figure 6.13(e). 

With further increasing y, the Seebeck coefficient and electrical 

conductivity dropped dramatically and became too low for thermoelectric 

applications at y ≥ 0.40, Figure 6.13(f) and (g). A steep decline in the electrical 

conductivity was observed for y = 0.40 and 0.50, Figure 6.13(g). 
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The Ti
3+

 content of y ≤ 0.40 samples can be calculated from an 

empirical equation for a cubic ST-type perovskite, as follows: 

     𝑎 = 𝑎0 + 0.063 𝑇𝑖3   

where a and a0 are the cell parameters for N2/5%H2 and air sintered samples, 

respectively
5
. As shown in Figure 6.14, the assumed Ti

3+
 concentration was 

found to increase with increasing La concentration up to y = 0.20, then reached 

a plateau at y = 0.30 and 0.40, while the electrical conductivity at 473 K kept 

rising to y = 0.175 and then decreased with increase of La concentration, 

suggesting that the conductivity increase of these cubic perovskites with low La 

content (y ≤ 0.175) mainly stemmed from an increase in the carrier 

concentration. 
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Figure 6.13 Temperature dependence of (a) S, (b) σ, (c) κ, and (d) ZT for y ≤ 

0.30; (e) ZT at 973 K versus y in Sr1-3y/2LayTiO3-σ ceramics; (f) S, (g) σ for y ≥ 

0.40. 

 

(g) 

(f) 
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Figure 6.14 The electrical conductivity versus y at 473 K combined with the 

Ti
3+

 content versus y in Sr1-3y/2LayTiO3-ceramics sintered in N2/5%H2 at 1773 

K. The Ti
3+

 content was calculated from an empirical equation: a = a0 +

0.063 𝑇𝑖3 , where a and a0 are the cell parameters for N2/5%H2 and air sintered 

samples, respectively
5
. 

 

6.3.4 Structure Transition Studied by TEM 

 

10 at. % La-doped samples 

 

Diffraction patterns obtained from x, y, z = 0.10 samples sintered in 

N2/5%H2 at 1773 K for 6 hours are shown in Figure 6.15. For all 10 at. % La 

doping samples, sharp discrete superstructure reflections of the type ½{ooo} 

were observed in <110> zone-axis electron diffraction patterns (ZADPs) with 

no discrete sharp superstructure present in <111> or <001> ZADPs. According 

to Woodward and Reaney, the appearance of only ½{ooo} reflections indicates 

a perovskite crystal structure in which the O octahedra are rotated in antiphase 

only
6
 consistent with the tetragonal symmetry (I4/mcm) and a

0
a

0
c

-
 Glazer tilt 
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system
7
 reported for these compositions by Howard et al.

8
. By XRD, 10 at. % 

La-doped samples were metrically cubic, however the appearance of the ½{ooo} 

reflection defines a lower symmetry. The absence of discernible peak splitting 

in in-house XRD patterns is not uncommon for perovskite ceramics tilted in 

antiphase only
9
. 

 

 

 

 

 

 

        

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 6.15 <001>, <110>, <111> zone axis diffraction patterns from 

Sr1-xLaxTiO3-δ, Sr1-3y/2LayTiO3-δ and Sr1-zLazTi1-z/4O3-δ ceramics sintered in 

N2/5%H2 at 1773 K for 6 hours. Superstructure reflections are indicated with: ‘a’ 

= ½{ooo} antiphase tilt reflection. 
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Air sintered samples for Va series 

 

<100>, <110>, <111> zone-axis electron diffraction patterns (ZADPs) 

from ceramics with y = 0.30, 0.50 and 0.63 sintered in air at 1773 K are shown 

in Figure 6.16. For samples with y = 0.30, sharp discrete reflections of the type 

½{ooo} in <110> ZADPs with no discrete superstructure present in <111> or 

<001> ZADPs show it to be antiphase only and consistent with I4/mcm 

symmetry (a
0
a

0
c

-
) reported by Howard et al.

8
. However, diffuse reflections were 

also observed in samples with y = 0.30 at ½{eeo} positions. These reflections 

are unlikely to relate to octahedral tilting as ½{eeo} only occur when both 

in-phase and antiphase tilting are present
6
. More likely, the diffuse reflections 

relate to short range order (SRO) of A-site vacancies on alternate (001) planes 

first proposed to exist in these compounds by Battle et al.
10

. 

For y = 0.50 and 0.63, superstructure reflections of the type ½{ooe}, 

½{eeo} were observed in <001>, <110> and ½{ooe} in <111> ZADPs (Figure 

6.16) ½{ooe} and ½{eeo} reflections are conventionally associated with the 

presence of in-phase rotations of the O-octahedra and antiparallel cation 

displacements, respectively,
6
 but this simplistic interpretation is complicated by 

the presence of long range A-site vacancy order which according to Battle et 

al.
10

 gives rise to primary superstructure reflections at ½{eeo}. Moreover, 

½{eeo} superstructure reflections may undergo complex double diffraction 

routes to give rise to ½{ooe} if diffraction occurs from two domain variants of 

the vacancy ordered structure. Care must therefore be taken in de-convoluting 

these two mechanisms for the generation of superstructure. From their intensity 

distributions and based on structural data presented by Howard et al.
8
 and Battle 

et al.
10

, it is reasonable to assume that there are contributions to the ½{eeo} 

reflections from both A-site vacancy ordering and antiparallel cation 

displacements for compositions with y = 0.50 and 0.63, Figure 6.16. 

To determine the primary origin of the ½{ooe} reflections, <111> zone 

axes (Figure 6.16) are particularly useful since these reflections cannot be 

generated by any known mechanism of double diffraction in this zone (NB 
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½{eeo} reflections are forbidden according to the Weiss zone law in <111> 

ZADPs).
6
 Therefore, it can concluded that the discrete sharp reflections in <111> 

ZADPs from y = 0.63 arise uniquely from in-phase rotations of the octahedra, 

consistent with the proposed tilt system (a
-
a

-
c

+
) by Howard et al.

8
. According to 

Glazer
7
 and Woodward and Reaney

6
, if one axis of the perovskite structure is 

tilted in-phase, e.g. ½(312) and ½(132) reflections (NB these reflections are the 

allowed reflections of the type ½{ooe} in <111> ZADPs) were observed in 

<111> zone axes but ½(321), ½(123) and ½(213), ½(231) remained forbidden. 

All superstructure reflections of the type ½{312} are present in the <111> 

ZADP for compositions with y = 0.50 because diffraction has occurred equally 

from all potential domain variants of the a
-
a

-
c

+
 tilt system.

6
 The small 

ferroelastic twin domain width (20 - 50 nm) associated with y = 0.50 is shown 

in Figure 6.18. For y = 0.63, sharp, discrete reflections were observed only at 

½(312) indicating diffraction from a single variant, the structure of which has 

one axis tilted in-phase consistent with the tilt system (a
-
a

-
c

+
) reported by 

Howard et al.
8
. Single domain diffraction patterns may be obtained from 

samples with y = 0.63 due to their larger domain width (0.5 m), Figure 6.18. 

However, diffuse reflections of the type ½{312} are visible at all positions in 

<111> ZADPs from samples with y = 0.63, including diffuse halos around the 

sharp, discrete reflections at ½(312). The diffuse reflections are most likely 

associated with A-site vacancy ordering, but ½{312} (½{ooe}) reflections are 

forbidden according to the structure model proposed by Battle et al.
10

, which 

only generates superstructure reflections of the type ½{eeo}. The origin of these 

reflections therefore requires further explanation. 

A calculation of the proportion of A-site vacancies with respect to the 

available A-sites as y increases points to a simple scenario to explain the initial 

appearance of ½{eeo} followed by diffuse reflections at ½{ooe} as y increases. 

As y increases (y < 0.50, < 25% A-site vacancies), A-site vacancies accrete 

randomly onto alternate (001) planes, resulting in the appearance of ½{eeo} 

superstructure reflections. The cell doubling mechanism is the scattering power 

differences between the alternate partially vacated and the fully occupied (001) 

A-site planes. As y increases (y ≥ 0.50, ≥ 25% A-site vacancies), the A-site 
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vacancies not only order on alternate (001) planes but also begin to undergo 

SRO within the partially vacated planes. The SRO in the (001) planes occurs to 

minimize the charge and strain associated with A-site vacancies according to 

the arrangement schematically illustrated in Figure 6.17, which would give rise 

to weak diffuse intensities at ½{ooe} positions in electron diffraction patterns in 

addition to strong discrete reflections at ½{eeo}. 

 

 

 

 

 

 

 

 

 

 

   

 

 

 

 

 

 

 

 

Figure 6.16 <001>, <110> and <111> zone axis diffraction patterns from 

Sr1-3y/2LayTiO3 ceramics sintered in air at 1773 K for 6 hrs. Superstructure 

reflections are indicated with: ‘a’ = ½{ooo} antiphase tilt reflection, ‘i’ = ½{eeo} 

in-phase tilt reflection, ‘AO1’ and ‘AO2’ = ½{eeo} and ½{ooe} short range 

vacancy ordering, respectively, and M = ½{eeo} with contributions from 

antiparallel cation displacements and long range A-site vacancy order. 
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The above mechanism of A-site vacancy ordering coupled with the 

onset of structural transitions involving rotations of the O-octahedra can do a 

first approximation to explain all superstructure intensities in the electron 

diffraction patterns but the extent and geometry of A-site vacancy distribution 

as a function of sintering time and temperature are complex and worthy of 

further study using aberration corrected STEM in combination with a detailed 

crystallographic investigation using diffuse scatter in electron diffraction 

patterns. 

 

 

     

 

 

 

 

 

 

 

 

 

 

 

Figure 6.17 Schematic of A-site vacancy ordering scenarios in Sr1-3y/2LayTiO3 

sintered in air at 1773 K for 6 hrs. (001) cell doubling dominates with a 

transition from SRO (y = 0.30) to LRO (y ≥ 0.50) as vacancies accrete onto 

alternate (001) planes. As the concentration of vacancies increases, SRO occurs 

within the (001) planes, resulting in generation of weak diffuse ½{ooe} 

reflections. ((110) cell doubling) (NB: B and O site ions are excluded for 

simplicity) 
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Figure 6.18 TEM images near <110> of Sr1-3y/2LayTiO3 for ceramics with y = 

0.50 and 0.63 sintered in air at 1773 K for 6 hrs. The dark field (DF) image 

reveals APBs associated with antiphase rotations of the O-octahedra. The bright 

field (BF) image shows ferroelastic domains due to the orthorhombic distortion 

and APBs relating to antiparallel cation displacements. 

 

Figure 6.18 reveals a dark field (DF) TEM image obtained near the <110> 

direction using ½{ooo} from antiphase rotations of the O-octahedra and a bright 

field TEM image near the <110> in which ½{eeo} reflections (A-site 

vacancies/antiparallel cation displacements) were preferentially excited. Figure 

6.18 (DF) clearly illustrates the antiphase boundaries which form due to 

impingement of regions of antiphase tilt that have nucleated out of phase. Note 

also that there is a cross hatched background contrast in Figure 6.18 (DF) which 

arises from ferroelastic twin domains. The twin domains are approximately 20 - 

50 nm and give rise to the multidomain electron diffraction patterns discussed 

above in Figure 6.16. In contrast, the twin domains for samples with y = 0.63 

are much larger and permit single domain diffraction data, Figure 6.16. Also 

visible in Figure 6.18 (BF) are antiphase boundaries that arise primarily from 

the impingement of regions of antiparallel cation displacements that have 

APB 
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BF DF 

Ferroelastic 
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nucleated out of phase (a contribution to the image from regions of A-site 

vacancy order cannot be excluded since the ½{eeo} reflection used to form the 

two beam condition for the image contain intensities arising from both 

mechanisms for the generation of superstructure). Note that the antiphase 

domain width associated with antiparallel cation displacements (~500 nm) is 

typically less than observed for antiphase domains that arise from antiphase 

tilting. 

 

N2/5%H2 sintered samples for Va series 

 

<100>, <110>, <111> ZADPs obtained from y = 0.30, 0.50 and 0.63 

samples sintered in N2/5%H2 are shown in Figure 6.19. For y = 0.30 and 0.50 

samples, <110> ZADP exhibit strong, discrete ½{ooo} reflections with no other 

discrete superstructure reflections present in other major ZADPs. The tilt 

system is thus defined as being in antiphase only and consistent with I4/mcm 

symmetry (a
0
a

0
c

-
) proposed by Howard et al.

8
 and also with the extra peak in 

XRD data at y ≥ 0.30. It should be noted that weak ½{ooo} reflections 

associated with antiphase tilting are also be observed in <110> ZADPs from 

compositions with y = 0.10 and 0.15 (not shown here), indicating that the onset 

of octahedral tilting occurs at relatively low concentrations of La even though 

XRD traces indicate that these compositions are metrically cubic. Diffuse 

intensities are also observed at ½{eeo} positions in <001> and <110> ZADPs, 

Figure 6.19. These reflections are associated with A-site vacancy ordering but 

the onset of SRO occurs at y = 0.50 for N2/5%H2 in comparison with y = 0.30 

for air sintered samples. 

For y = 0.63, superstructure reflections of the type ½{ooe} are observed 

in Figure 6.19 revealing the presence of in-phase rotations of the O octahedra, 

consistent with an a
-
a

-
c

+
 tilt system. The appearance of sharp discrete ½{ooe} 

reflections and thus the onset of in-phase tilting occurs at lower values of y in 

air (y = 0.50) compared with N2/5%H2 (y = 0.63) sintered samples. The 

presence of SRO A-site vacancies in samples with y = 0.50 (N2/5%H2) suggests 

that for y = 0.63, LRO should have developed. However, the coincidence of 
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reflections at ½{eeo} positions due to antiparallel cation displacements and 

A-site vacancy order prevents the presence of the latter being unambiguously 

determined. Nonetheless, the weight of evidence suggests that A-site vacancy 

ordering occurs in N2/5%H2 but at higher values of y than in air sintered 

samples. 

The displacement of the onset of both in-phase tilting and A-site 

vacancy order to high values of y for N2/5%H2 compared with air sintered 

samples is directly related to the formation of VO in the former. First, VO 

disrupts the cogwheel-like correlation of octahedral rotations and decreases the 

driving force for the onset of octahedral tilt transitions. This effect has been 

elegantly demonstrated in a range of doped SrTiO3 compositions by Tkach et 

al.
11

 and shown to be a universal principle in all octahedral framework 

compounds such as tetragonal tungsten bronzes by Zhu et al.
12

. Second, the 

formation of VO is likely to be accompanied by the creation of Ti
3+

. A 

distribution of VO and Ti
3+

 ions throughout the lattice resulting from reduction 

in N2/5%H2 could potentially decrease the total number of A-site vacancies by 

facilitating direct compensation of La
3+

 through electrons (Ti
3+

). We note 

however, that reduction in N2/5%H2 may also decrease the driving force for 

A-site vacancy order by creating a B-site and O-site defect distribution that 

coexists with the A-site distribution and disrupt the conventional charge and 

strain related driving forces for order. 

Dark and bright field images obtained under similar conditions to those 

described in Figure 6.18, were also obtained for samples which had been 

sintered in N2/5%H2 (not shown). Antiphase boundaries associated with 

antiphase rotations of the O octahedra were routinely observed but strong 

contrast arising from large ferroelastic twin domains could not be routinely 

observed, suggesting that, even for y = 0.63, samples sintered in N2/5%H2 are 

not strongly distorted away from cubic, consistent with the XRD data shown, 

Figure 6.4. 
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Figure 6.19 <001>, <110>, <111> zone axis diffraction patterns from 

Sr1-3y/2LayTiO3-δ ceramics sintered in N2/5%H2 at 1773 K for 6 hrs. 

Superstructure reflections are indicated with: ‘a’ = ½{ooo} antiphase tilt 

reflection, ‘i’ = ½{ooe} in-phase tilt reflection, M = ½{eeo} with contributions 

from antiparallel cation displacements and ‘AO1’ = short range A-site vacancy 

order. 

 

6.4  Discussion and Conclusion 
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A thin surface layer with a similar composition (Figure 6.2) but 

lower electrical conductivity (Figure 6.3) to that of the ceramic interior 

was observed for undoped SrTiO3 sintered in N2/5%H2 at 1773 K, caused 

by a pO2 gradient within the ceramics and oxygen up-take during the 

cooling procedure. It was assumed that all La-doped samples had the 

same surface layers and therefore polished samples were used for the 

measurement of thermoelectric properties. 

From Figure 6.4, XRD data showed that for the electronic 

compensation series, solid solubility for the N2/5%H2 sintered samples is 

higher (x ≤ 0.60) than the air sintered samples (x ≤ 0.30). For the A-site 

vacancy series, the solid solution exists up to the end member, La2/3TiO3, 

in N2/5%H2 sintered and to y = 0.63 in air sintered ceramics. However, for 

the B-site vacancy series, single phase was only observed for z ≤ 0.20 and 

z ≤ 0.15 for air and N2/5%H2 sintered samples, respectively. It is 

concluded therefore that, A-site vacancy is the most favourable 

compensation mechanism for La-doping in SrTiO3 independent of pO2 

but that reducing conditions are more conducive for substituting La into 

the A-site. 

When sintering in air at 1773 K, the increase of unit cell volume in 

proportion to La concentration for the electronic compensation series is 

consistent with the results of Hashimoto et al. who sintered their ceramics 

at 1723 - 1923 K and complies with Vegard’s law between SrTiO3 and 

LaTiO3
13

. If we assume that samples are close to stoichiometric 

‘  1−𝑥 a𝑥𝑇𝑖1−𝑥
4 𝑇𝑖𝑥

3 O3 ’ due to the reduction of Ti at high enough 

treatment temperature
14

, the larger unit cell obtained by substitution of Sr 

(𝑟𝑆𝑟2  = 1.44  , CN = 12) by smaller La ions (𝑟 𝑎3  = 1.36  , CN = 12) may 

be explained in part by the introduction of the larger Ti
3+

 (𝑟  3  = 0.6 0  , CN 

= 6) for the host Ti
4+

 ion (𝑟     = 0.605  , CN = 6) in the B-site. The cubic 

unit cell volume therefore increased with increasing La concentration for all 

three series when sintering in N2/5%H2 due in part to reduction of Ti
4+

 to Ti
3+

 

but also to the formation of oxygen vacancies and the associated cation 

repulsion effect, as discussed by Howard et al.
1
. However, the unit cell volume 
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for the air sintered Va series samples decreased linearly with increasing La 

content at y ≤ 0.40 in agreement with the results reported by Moos et al. for y ≤ 

2/3
15

 and Howard et al. for y ≤ 0.60
1
. This data suggests the decrease in average 

A-site ion radius through substitution of La for Sr more than offsets the 

formation of A-site vacancies and the lattice expansion through the small 

amount of Ti
3+

 present in air sintered samples. Overall, it may be concluded that 

the variation of unit cell volume with La concentration is complex and depends 

on a number factors which include cation vacancies, Ti
3+

, oxygen deficiency 

and mismatch of A-site ion ionic radius. 

SEM data reveal that even small amounts of cation vacancies are 

able to decrease the grain size from ~20 µm (x = 0.00) to ~5 µm (x = 0.10) 

but at high La concentration, the grain size increases. The mechanisms of 

grain growth are complex and the interplay of oxygen and cation 

vacancies with the formation of secondary phases clearly play a role but at 

the time of writing a coherent mechanism to explain grain growth in 

La-doped SrTiO3 remains to be elucidated. It is noted however, that 

undoped SrTiO3 ceramics have a complex grain boundary structure with 

strong evidence to suggest that they are non stoichiometric
16, 17

. It is 

perhaps unsurprising therefore that the exact defect chemistry of SrTiO3 

based ceramics has a major influence on grain growth. 

Although thermogravimetric analyses does not offer a fully 

quantitative understanding of the amount of Ti
3+

 due to the complex phase 

assemblage that is obtained for the samples after re-oxidation, it 

nonetheless gives an important clue for the correlation of La concentration 

and onset temperature of oxidation for the electronic compensation and 

A-site vacancy series. After TGA, the colour of x = 0.10 and y ≤ 0.20 

samples are still black with the cubic structure, indicating these 

compositions are stable under oxidation compared to other compositions. 

As the La concentration increased however, the onset temperature for 

oxidation decreased. Conveniently, La-doped compositions with the best 

thermoelectric properties are also amongst the most stable with respect to 
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re-oxidation, Figure 6.9 and hence may well be suitable for practical 

applications. 

Comparison of the colours of the O2 sintered ceramics with 10 at. % 

La concentration (Figure 6.10), revealed that the z = 0.10 sample (B-site 

vacancies) was off-white in appearance suggesting it was fully oxidised 

with little or no formation of Ti
3+

. However, x, y = 0.10 samples were 

black and dark green, respectively, indicating some level of oxygen loss 

and therefore partial reduction of Ti
4+

 to Ti
3+

. From Figure 6.11, IS at 

room temperature for the O2 sintered ceramics shows heterogeneous 

electrical microstructures of x, y = 0.10 and the presence of insulating 

surface layers, associated with re-oxidation during the cooling, that can be 

removed by polishing, similar to La-doped BaTiO3 ceramics
18

. The z = 

0.10 sample is insulating before and after polishing, suggesting oxygen 

loss is not favoured in samples with B-site vacancies but partial reduction 

of Ti
4+

 to Ti
3+

 is evident for x, y = 0.10, especially y = 0.10 which 

contains A-site vacancies. 4 probe σ measurements were also performed 

on N2/5%H2 sintered samples, confirming y = 0.10 has the highest 

electrical conductivity, Figure 6.12. Combining IS and 4 probe results, it 

is concluded therefore that La-doped SrTiO3 with A-site vacancies has the 

highest electrical conductivity at the same La concentration (10 at. %) and 

sintering temperature (1773 K) independent of pO2. 

Based on selected-area electron diffraction studies, antiphase tilting 

was observed at x, y, z = 0.10 sintered in N2/5%H2 samples doped with as 

little as 10 at. % La despite the disruptive effect of VO. However, the weak 

distortion associated with the onset of antiphase tilting in these samples 

could not be detected using in-house XRD and compositions remained 

metrically cubic. 

For the case of the Va series, XRD data revealed a phase transition 

from a metrically cubic phase to a distorted orthorhombic phase (tilt system 

a
-
a

-
c

+
) at y = 0.50 and 0.63 in air and N2/5%H2 sintered samples, respectively. 

However, electron diffraction patterns indicated that samples with 0.10 ≤ y < 

0.50 and 0.10 ≤ y < 0.63 in air and N2/5%H2, respectively, exhibit reflections 
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consistent with a structure in which the octahedra are rotated in antiphase only, 

presumably with an a
0
a

0
c

-
 (I4/mcm) tilt system, as refined by Howard et al

8
. 

The onset of octahedral tilting has been shown to be sensitive to the 

concentration of VO by several authors
12, 19

. VO disrupt the cogwheel-like 

correlation of O-octahedral rotations which results in either a decrease in the 

onset temperature of the relevant tilt transition or an increase in y before tilting 

occurs above ambient. The role of A-site vacancies and vacancy order in the 

onset of structural transitions is less clear. A-site vacancies in the context of 

tilting may be considered as an effective ionic radius which influences the onset 

of tilting through simple tolerance factor (t) considerations
20

,                                             

t = (RA+ RO)/√2(RB+RO), 

where RA, RB and RO are the A, B and O site ionic radii, respectively. Ubic et 

al.
21

 have discussed at length the role of A-site vacancies in the onset of 

structural transitions. They concluded that the effective ionic radius of the 

vacancy was similar to the constituent A-site ion and that no significant 

lowering of the tolerance factor was evident and hence there is little effect on 

the tilt transition temperature. 

In addition to the onset of tilting, air-sintered samples revealed a 

transition from SRO to LRO A-site vacancies as y increased from 0.30 to 0.63 

in agreement with work presented by Battle et al.
10

. SRO A-site vacancies were 

evidenced by unique weak diffuse reflections at ½{eeo} for samples with y = 

0.30. Direct evidence for LRO of A-site vacancies was considered to be the 

unusually strong intensities associated with the ½{eeo} reflections (in 

comparison with ½{ooe}) in electron diffraction patterns for samples with y ≥ 

0.50 sintered in air. The ½{eeo} reflections are an amalgam of intensity 

associated with antiparallel cation displacements and A-site vacancy order 

whereas ½{ooe} reflections arise uniquely from in-phase tilting. However, this 

qualitative interpretation requires further study using more detailed electron 

diffraction in addition to aberration-corrected high angle annular dark-field 

imaging to distinguish the order A-site vacancy distribution. 

The appearance of A-site vacancy order in samples sintered in N2/5%H2 

was less clear with the driving-forces for cation/vacancy order (charge and 
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strain) potentially disrupted by additional B- (Ti
3+

) and O-site (VO) defects. 

However, the appearance of TiO2 and SrTiO3 phases after re-oxidation suggests 

that the concentration of A-site vacancies is lower in samples sintered in 

N2/5%H2 and implies that at least some La
3+

 has been incorporated into the 

lattice through compensation by the formation of Ti
3+

 (electronic compensation). 

This observation is consistent with the appearance of SRO A-site vacancies for 

y = 0.50 rather than y = 0.30 for N2/5%H2 and air sintered samples, respectively. 

The coincidence of reflections associated with antiparallel cation displacement 

and A-site vacancy order at ½{eeo} however, prevents a detailed investigation 

using only electron diffraction and further studies are required to determine the 

complex interplay of A-site and O vacancies with the formation of Ti
3+

. To 

understand this fully, extensive atomistic simulation is urgently required since 

the data presented strongly suggests that enhancement of thermoelectric 

properties occurs when all 3 sites are likely to exhibit charge and strain defects 

of the type described. A summary of electron diffraction results on 

Sr1-3y/2LayTiO3 ceramics sintered in air and N2/5%H2 is shown in Table 6.2. 

 

Table 6.2 A summary of electron diffraction results on Sr1-3y/2LayTiO3 

ceramics sintered in air and N2/5%H2 at 1773 K for 6 hrs. 

Composition y = 0.30 y = 0.50 y = 0.63 

Atmosphere Air N2/5%H2 Air N2/5%H2 Air N2/5%H2 

Antiphase tilt √ √ √ √ √ √ 

Inphase tilt × × √ × √ √ 

A-site ordering Short × Long Short Long Long 

 

Optimum thermoelectric properties for Sr1-3y/2LayTiO3 sintered in 

N2/5%H2 occur for ceramics with y ≈ 0.15 which represents the best 

combination of S,  and . Importantly for applications, these compositions are 

not subject to easy re-oxidation as illustrated by the thermogravimetric data 

presented in Figure 6.9. The high degree of re-oxidation associated with 

samples with y > 0.20 may relate to the onset of A-site vacancy ordering 

observed in electron diffraction patterns which in principle could create short 

circuit diffusion paths for the egress and ingress of oxygen. We note however, 
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that in N2/5%H2 sintered samples there is no significant evidence of SRO for y 

= 0.30 and superstructure reflections only appear for y ≥ 0.30. Despite the 

absence of detectable A-site vacancy superstructure reflections for y = 0.30, it is 

nonetheless reasonable to consider that an increase in the concentration of 

A-site vacancies plays a significant role in re-oxidation. According to 

stoichiometry, y = 0.3 gives rise to 15% A-site vacancies. The development of 

SRO within the solid solution suggests that statistically, these vacancies reside 

on alternate (001) planes so their effective concentration on the partially vacated 

planes is > 15%. For y ≥ 0.50, the concentration of A-site vacancies on the 

partially vacated (001) planes can exceed 50% for ordered regions. We propose 

that the A-site vacancies create an interconnected 2D array of short circuit 

diffusion paths through the comparatively empty (001) A-site planes, resulting 

in a rapid increase in the diffusion rate of O. Increasing the La concentration, 

therefore increases the number and interconnectivity of these short circuit paths, 

resulting in rapid re-oxidation. We postulate that SRO and LRO reflections 

indicate the tendency for A-site vacancies to accrete onto (001) planes and lead 

to the conclusion that the short circuit diffusion pathways are primarily 2D and 

develop at comparatively low La concentration (y ~0.30). In perovskites, grain 

boundary O diffusion is often considered to dominate over bulk particularly at 

temperatures significantly lower than that of sintering (e.g. ~300 
o
C lower), as 

described extensively for BaTiO3 based positive temperature coefficient 

thermistors
22, 23

. Doubtless, grain boundaries play a role in re-oxidation within 

the present study but comparison of the thermogravimetric data with grain size 

does not reveal a systematic trend and the increase in La concentration (and 

A-site vacancies) is therefore considered to dominate. 

At high temperatures, values of thermal conductivity for La-doped 

compositions converge with only the undoped composition being significantly 

higher. There are many factors which influence thermal conductivity, such as 

point defects, dislocations and grain boundaries. However, we note that all the 

measured La-doped compositions exhibit octahedral rotations of the O 

octahedra. The combination of octahedral tilting and oxygen vacancies through 

reduction leads to increased disorder of the O sublattice and may be a primary 
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contribution through phonon scattering to the lowering of thermal conductivity 

with respect to the undoped compound. 

In conclusion, the highest ZT value (0.41) ever reported for n-type 

SrTiO3 based ceramics at 973 K is achieved in ceramics with A-site and oxygen 

deficiency, which provides a highly promising route to further improve 

thermoelectric properties of titanate-based perovskites. 
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Chapter 7: Summary 

 

In this project, different doping strategies and variable oxygen partial 

pressure were employed to study and develop La-doped SrTiO3 based oxide 

thermoelectrics sintered at 1773 K. 

Single phase undoped and La-doped Sr3Ti2O7 ceramics were easier to be 

obtained in reducing conditions with a relatively insulating surface layer 

resulting from oxygen up-take during the cooling procedure. In the aspect of 

crystal structure, a TEM study confirmed that lattice strain between the layers of 

La-doped Sr3Ti2O7 ceramics was released by sintering in N2/5%H2. For doping 

mechanisms, only electronic doping was found to exist up to 5 at. % La-doping 

in reducing conditions. A-site or B-site vacancies mechanisms did not exist for 

samples with ˃ 1 at. % La concentration independent of pO2. All air sintered 

La-doped Sr3Ti2O7 were insulating with low bulk conductivity and high 

associated activation energies. The N2/5%H2 sintered La-doped Sr3Ti2O7 

ceramics with the highest electrical conductivity were phase mixtures that 

contained conductive cubic ST-type perovskite phase, which masked the real 

electrical conductivity of Sr3Ti2O7 matrix. 

For Ruddlesden-Popper phases, donor doping (Sr, Ca)3Ti2O7 is not 

conductive enough for thermoelectric applications because the rock-salt layers 

act as electrical barriers to destroy the electrical conductivity even when they 

contain conductive perovskite layers
1
. 

In the La-doped SrTiO3 system, samples also have thin surface layers 

due to reoxidation during the cooling procedure after being sintered in N2/5%H2. 

Following three starting nominal mechanisms with variable pO2, samples 

sintered in high pO2 (air and O2) at 1773 K with A-site vacancies have the 

highest electrical conductivity. At same La-doping level and pO2, the electrical 

conductivity sequence of samples sintered at 1773 K is: A-site vacancy ˃ 

electronic compensation ˃ B-site vacancy. 

Reducing conditions are also beneficial for electronic and A-site 

vacancy compensation mechanisms in La-doped SrTiO3. For the electronic 
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compensation series, intergrowth phases of SrTiO3 and La2Ti2O7 with layered 

perovskite structures that are consistent with J. T. S. Irvine’s work
2
 were 

obtained at x ˃ 0.30 in air and x ˃ 0.60 in N2/5%H2. For the B-site vacancy 

series, the solubility limit was low and independent of pO2 suggesting B-site 

deficiency was not favourable in La-doped SrTiO3, which is the opposite to that 

observed for La-doped BaTiO3
3
. 

For samples prepared on the A-site vacancies series, cubic structures 

may be perserved for y < 0.10 in air and y < 0.10 in N2/5%H2. Tetragonal 

structures with I4/mcm symmetry (a
0
a

0
c

-
) reported by Howard et al.

4
 were 

observed at 0.10 ≤ y < 0.50 and 0.10 ≤ y < 0.63 in air and N2/5%H2, 

respectively. Orthorhombic structures with the proposed tilt system (a
-
a

-
c

+
) by 

Howard et al.
4
 and Battle et al.

5 
were obtained at y ≥ 0.50 in air and y ≥ 0.63 in 

N2/5%H2. Short range VSr ordering occurred at y = 0.30 in air and at y = 0.50 in 

N2/5%H2. Long range VSr ordering appeared at y ≥ 0.50 in air and y ≥ 0.63 in 

N2/5%H2. 

The highest ZT value (0.41) ever reported for an n-type SrTiO3 based 

ceramics at 973 K has been achieved in 15 at. % La doped SrTiO3 with A-site 

and oxygen deficiency. High thermoelectric properties and oxidising 

temperature for samples with y ≥ 0.20 sintered in N2/5%H2 maybe related to 

their slight distortion away from a cubic structure with randomly distributed 

A-site and O-site vacancies. However, lower thermoelectric properties and 

oxidising temperatures for samples with y > 0.2 sintered in N2/5%H2 may be 

due to the onset of A-site vacancy ordering that could create some form of short 

circuit for rapid oxygen diffusion pathways. 

In summary, this project has accomplished the task to improve the 

thermoelectric properties and understanding of the structure-composition 

-property relationships of La-doped SrTiO3 based oxide thermoelectrics. It 

provides a highly promising route to further improve the thermoelectric 

properties of titanate-based perovskites. 
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Chapter 8: Future Work  

 

For the La-doped Sr3Ti2O7 system, a combination of X-ray/Neutron 

diffraction with Rietveld refinement of data and atomic resolution scanning 

transmission electron microscopy (STEM) needs to be employed to investigate 

whether the La ions dope into the rock salt layer or perovskite blocks in 

Sr3Ti2O7. This information will be useful in trying to fully understand the 

conduction mechanism and may provide direct support for the proposition of 

the formation of electrical barriers due to insulating rock salt layers. 

A detailed TEM study still needs to be carried out to ascertain the space 

group symmetry for the La-doped SrTiO3 system. The extent and geometry of 

A-site vacancy distribution are worthy of further study using aberration 

corrected STEM in combination with a detailed crystallographic investigation 

using diffuse scatter in electron diffraction patterns. 

For La-doped BaTiO3, simulation results have indicated that oxygen loss 

due to the arrangement of La ions on the A-site with B-site vacancies leads to 

semi-conductivity of BaTiO3
1
. A similar atomistic modelling study of La-doped 

SrTiO3 would be useful to establish whether or not there is also a link between 

A-site vacancies and oxygen loss
2
. This would explain the higher electronic 

conductivity observed for A-site deficient compositions compared to 

stoichiometric (donor-doped) compositions.   

The electrical properties of La doped SrTiO3 ceramics sintered in air at 

various temperatures based on the three different doping mechanisms should be 

studied by Impedance Spectroscopy to detect oxygen-loss and electrical 

heterogeneity in these materials. 

Calcining mixed powders of La-doped SrTiO3 in N2/5%H2 instead of air 

before sintering may lead to more oxygen-loss and therefore higher 

conductivity. In addition, Spark Plasma Sintering might create dense ceramics 

with microstructures of restricted grain size and this may give rise to better 

thermoelectric properties by their lowering thermal conductivity without 

decreasing the electrical conductivity. 
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In addition to other single Rare Earth (RE) dopants, a detailed study of 

RE A-site co-doped and/or A-site and B-site (donor) co-doped SrTiO3 systems 

may further enhance the thermoelectric properties in this system. Some of these 

systems have recently been reported in the literature, for example 

Sr1-xLa0.67xTi1-yNbyO3-δ by Bos
3
. 
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