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Abstract 

The congruently melting, single phase, intermetallic compounds β-Ni3Ge and ε-

Ni5Ge3 were produced by arc melt. Each was subject to rapid solidification via drop-

tube processing. Each compound remained fully single phase β-Ni3Ge/ ε-Ni5Ge3, 

irrespective of the imposed cooling rate. In the investigation of β-Ni3Ge compound, 

droplets spanning the size range  850 to ≤ 38 μm diameter particles, with 

corresponding cooling rates of  ≤ 700 to > 54500 K s-1, were subject to microstructural 

investigation using SEM. Six dominant solidification morphologies were identified 

with increasing cooling rate, namely; (i) spherulites, (ii) mixed spherulites and 

dendrites, (iii) dendrites - orthogonal, (iv) dendrites - non-orthogonal, (v) 

recrystallised, and (vi) dendritic seaweed, are observed imbedded within a featureless 

matrix. Selected area diffraction (SAD) in the TEM analysis confirmed that it is only 

the spherulite microstructure that is partially ordered amongst the above listed 

microstructures, which are disordered. However, SAD analysis indicated that the 

featureless background material of all above microstructures is chemically ordered.  

 

While, in the examination of ε-Ni5Ge3 compound, four dominant solidification 

morphologies were observed, namely; (i) Partial plate and lath, (ii) plate and lath 

microstructure (iii) isolated hexagonal crystallites, and (iv) single crystal imbedded 

within a featureless matrix. SAD analysis in the TEM reveals that the partial plate and 

laths and plate and laths are partial ordered variant of έ-Ni5Ge3 and ε-Ni5Ge3 

respectively, whilst the featureless matrix of both microstructures are the ordered 

variant of the same compound. However, isolated hexagonal crystallites are a 

disordered variant of ε-Ni5Ge3, although featureless matrix are the ordered variant of 

the same compound. SAD analysis in the TEM also indicated that, at the highest 

cooling rates, single crystal structure along with featureless matrix is the completely 

disordered variant of the same compound. Thermal analysis and in situ heating in the 

TEM indicate a reversible solid-state order-disorder transformation between 470 – 485 

°C. The micro-Vickers hardness results confirmed that the ε-Ni5Ge3 (1021 Hv0.01) is 

significantly harder than the β-Ni3Ge (526 Hv0.01) compound.  
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Chapter 1 Introduction  

Intermetallic compounds have been of widespread and enduring interest within 

Materials Science over the last 30 years or so. Such compounds are characterised by 

strong order and mixed covalent/ionic and metallic bonding, which gives rise to 

mechanical behaviour intermediate between ceramics and metals. Due to these 

characteristics they can display desirable magnetic, superconducting and chemical 

properties [1]. They also have a range of potential applications as high temperature 

structural materials due to good chemical stability and high hardness at elevated 

temperatures. Despite these strengths and wide range of applications of Intermetallic 

compounds including Ni-Ge intermetallic system, they have poor room temperature 

ductility. Therefore, the formability of these compounds has restricted industrial 

uptake of these materials. However, these kinds of limitations can be surpassed 

through the control of the degree of chemical ordering present within the intermetallic, 

with the disordered form will typically show behaviour that is mechanically more 

metallic relatively to the fully ordered form (higher ductility, lower hardness, and 

lower chemical resistance). Rapid solidification of intermetallics is therefore an 

important area of research as high cooling rates are one means of suppressing ordering. 

Annealing of the formed part, which occurs afterwards, can then be used to restore 

chemical ordering, and hence the properties of the intermetallic that are desirable.  

Ni-base superalloys using two-phase γ/ γˈhave been used for many decades for 

structural material at high temperature because of their high melting points, relatively 

low densities, high strength, as well as good corrosion and oxidation resistance [2]. 

Since the 1980s, there has also been interest in using monolithic Ni3Al (i.e. single 

phase γˈ). On account of their exceptional high-temperature properties, Ni3Al (γˈ) are 

also used as heat shields for combustion chambers. They are also used in industrial gas 

turbines [3]. However, researchers have found that Ni3Ge is in many ways comparable 

to Ni3Al (γˈ). Both intermetallic compounds have the ordered Ll2 crystal structure. 

Ni3Ge is brittle at room temperature but can be deformed plastically at higher 

temperatures [4].  

Moreover, another well-established intermetallic compound γ-TiAl has been studied 

and used for high temperature applications. The intermetallic compound γ-TiAl has 
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significant capacity for being used in high temperature applications. This is due to the 

compound’s low density, high strength and excellent capacity to resist oxidation [5]. 

Nonetheless, one of the main issues with alloy compounds that are single-phase is that 

they are not very ductile [6]. It has been demonstrated that two-phase (γ -TiAl + α2-

Ti3Al) alloys, which have a structure that is lamellar, tend to be comparatively stronger 

and more ductile [7, 8]. This could be caused by the gettering of interstitials from the 

γ-phase by the α2 [9]. However, the structure of the interfaces may also have a 

significant role in this. It is supposed that the defects, which produce plastic 

deformations through their motion, are brought into being at interfacial features. 

Furthermore, the character and/or defect content of the interfaces that must be 

penetrated [10-13] also influences their transmission between different lamellas.  

The α2-Ti3A1 phase has the characteristic of exhibiting the hexagonal DOl9 Ni3Si-type 

structure that has a P63/mmc space group. α2-Ti3A1 can be explained as an ordered 

form of the hcp structure. In every close-packed (0002), a quarter of the sites plane is 

occupied by Al atoms at the stoichiometric composition. The γ -TiAl phase exhibits 

the tetragonal Llo CuAu-type structure. γ -TiAl) is understood to be an ordered form 

of a fcc structure. In this structure, alternate (002) planes consisting of Ti and A1 atoms 

are only present at the stoichiometric composition [14]. The lamellar structure forms 

from prior grains of α-phase. This α-phase is an hcp solid solution made of Al in Ti. It 

happens upon the cooling process, through the precipitation of γ-lamellae. It is 

followed by the ordering of the α-phase to α2 [5]. 

The aim of this project is to study the solidification morphologies which are associated 

with disorder trapping at high growth rate, using drop-tube processing. Two 

congruently melting, intermetallic compounds β-Ni3Ge and ε-Ni5Ge3 were selected for 

this project. The reason for selecting these compounds is that they are analogous to 

commercial high temperature intermetallics. Ni3Ge is similar to Ni3Al inasmuch it 

shares with the latter the L12 crystal structure. Ni5Ge3 shares with Ti3Al the P63/mmc 

crystal structure. The rationale for concentrating on Ge-based analogues is that the Ge 

based compounds (β-Ni3Ge and ε-Ni5Ge3) are congruently melting. In contrast, Ni3Al 

and Ti3Al are not. The reason why congruently melting compounds are particularly 

interesting for studying the various effects of disorder trapping in intermetallics is that 

with the  correct stoichiometry (a fixed ratio of chemical composition) for the given 
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compound, the melt will be solidified without any form of solute partition. This 

solidification without partition occurs even during equilibrium solidification. 

Consequently, it is possible to study disorder trapping without having to consider 

solute trapping that are simultaneous, which would otherwise make the process more 

complicated. Since there is no solute partitioning, these results from the congruently 

melting compound are only made possible by order-disorder type reactions. In turn, 

these order-disorder type reactions are only made possible by a rapid solidification 

process. While there is not much work reported for the compound Ni5Ge3, β-Ni3Ge 

compound has been examined before by Ahmed et al [15], who performed the 

undercooling experiments on the Ni-24 at% Ge alloy. In this experiment, a maximum 

undercooling of 362 K was observed using a melt-fluxing technique. They observed a 

discontinuous break in the curve at the onset of fully disordered development. For β-

Ni3Ge, this condition was met with an undercooling of 168 K and with a critical growth 

velocity of 0.22 m s-1. Nonetheless, in flux undercooling experiments (10 K s-1) the 

post-recalescence cooling rate is extremely slow. This means that any evidence of a 

microstructural kind that relates to disorder trapping will have been extensively 

modified in the as-solidified sample. In this situation, there is no chance of examining 

APD’s or even disordered material that have been retained.  

This thesis has seven chapters. Each of the seven chapters addresses a subject of 

interest in a sequential manner, which will ultimately lead to an appropriate 

understanding of the research’s aims and objectives. This project has been carried out 

within the scope of the two congruently, melting compounds, Ni3Ge and Ni5Ge3. The 

primary focus will be the morphology of the observed microstructures that is the 

consequence of the rapid solidification process (drop-tube). Consequently, this thesis 

studies the order-disordered trapping in these two compounds. It also studies the effect 

of the cooling rate on the microhardness and microstructures of Ni3Ge and Ni5Ge3 

compounds. Chapter one is a general introduction to the subject that has the function 

of describing the different sections as well as the function of providing an outline of 

the essential theme and scope of the study. Chapter two focuses on the achievements 

of previous researchers who have worked in this area of study. Also, we will briefly 

introduce some fundamentals of this project. Chapter three essentially gives details of 

the different experimental methods as well as details about the preparation of samples 

that were utilised during this study. These equipment and methods include: Arc-melt 
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and drop-tube process (for production of samples), Metallography technique and 

focused ion beam (FIB) technique (for preparation of samples), X-ray diffraction 

(XRD) , optical microscopy (OM), scanning electron microscope (SEM), energy-

dispersive X-ray spectroscopy (SEM-EDX) and line-scan technique, electron 

backscatter diffraction (EBSD), transmission electron microscopy (TEM) bright field 

and dark field techniques, TEM selected area diffraction pattern (SADP), differential 

scanning calorimetry (DSC) and also Micro-Vickers hardness tester (for measurement 

of mechanical properties-hardness). Chapter four contains all the experimental results 

associated with congruent melting intermetallic compounds Ni3Ge and Ni5Ge3. Firstly, 

the results of the characterisation of the arc-melted produced compounds (Ni3Ge and 

Ni5Ge3) will be presented. This chapter will also present the results of disorder – order 

morphologies and microstructural evolution of these two compounds (single phases) 

via drop-tube process. Chapter five is based around a discussion of all the results that 

have been presented in this thesis. It will state the principles and mechanism that 

underpin the observed results as well as exploring the basic science that governs such 

interdependence. In this chapter, all the results of our two congruently, melting 

compounds (Ni3Ge and Ni5Ge3), will be discussed. In this discussion, the primary 

focus will be the morphology of the observed microstructures that is the consequence 

of the rapid solidification process (drop-tube). We will also discuss the effect of the 

cooling rate on the mechanical parameters of microhardness and microstructures of 

these two compounds. Finally, we will compare the microhardness results of Ni3Ge 

and Ni5Ge3 compounds. Chapter six summarises the whole study, emphasising the 

findings as well as discussing what the value of this research is and its original 

contribution to knowledge. The chapter ends with a number of recommendations for 

future implementation. Chapter seven gives some suggestions for the future work. This 

appendixes contain additional data not included in the main body of the thesis (XRD 

reference pattern). All this data is referred to in an appropriate way in the main body 

of the work. 
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Chapter 2  Literature Review 

In this chapter firstly we will present some fundamentals of this project, including 

crystal system , phase diagram of the Ge- Ni system, intermetallic compounds, 

fundamental of ordering structure (solute trapping, disorder trapping, antiphase 

domains boundaries), rapid solidification of intermetallic compounds, disorder 

trapping  on Ge – Ni and non-germanium nickel intermetallic, and recent progress on 

this system. Secondly, we will present briefly a review of the observed microstructures 

including spherulites and dendrites (orthogonal and non-orthogonal dendrites, 

dendritic seaweed); spontaneous grain refine (SGR) microstructure in compound β-

Ni3Ge. Finally, in the ε-Ni5Ge3 compound the lath and plate microstructure that was 

observed is also briefly reviewed.  

2.1 Fundamentals 

2.1.0  Crystal System and Chemical Ordering 

The knowledge of the crystal structure is an essential for the understanding and 

alteration of structure-property relationship. The nature of bonding in intermetallic 

compound could be partly ionic or covalent and metallic bonding, but the atoms of the 

individual elements commence in a preferred position within the crystal lattice, which 

is referred to as ordering. The chemical ordering of intermetallic compounds is referred 

to as having the arrangement of same element in the lattice parameter as shown in 

Figure 2.1a, otherwise chemically disordered crystal structure will formed as shown 

in Figure 2.1b. Intermetallic compounds can be classified into two categories on the 

basis of their chemical ordering (composition): one is stoichiometric and the other is 

non-stoichiometric intermetallic compounds. A stoichiometric intermetallic 

compound shows a fixed ratio of chemical composition, while a non-stoichiometric 

intermetallic compound has a range of chemical composition [16]. If there is exactly 

on the right composition (Ni3Ge) all of the Ni is all of the cube of the faces and all the 

Ge is corner of the cubic which give exactly Ni3Ge composition. But, if there is Ge-

rich, then all of the Ge are in the Ge sites but there are some additional Ge at some of 

the Ni sites. They will produce anti-site defects by means Ni sites have wrong atoms 

because Ge atoms. In the other case, if there is Ni-rich, then all of the Ni atoms on Ni 

sites but rather than Ni atom on the Ge sites, some of the Ge site vacant. So there is 
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still 3 moles of Ni but there is less than1 mole of Ge so means that compound is 

actually Ni rich. That’s kind of compound produce structure vacancy. 

  

2.1.1 Phase Diagram of the Ge – Ni System 

The phase diagram for the Ni-Ge system has been studied extensively by Ellner et al. 

[17] and by Nash and Nash [18], in 1971 and 1987 respectively. More recently, further 

work has been also reported by Liu et al. [19] and by Jin et al. [20]. Nevertheless, it 

cannot be considered well established phase diagram, predominantly in the region 

from 20 to 50 at.% Ge. The accepted Ge- Ni phase diagram [18] is shown in Figure 

2.2a, where 9 intermetallic compounds, i.e. β-Ni3Ge, γ-Ni3Ge, Ni3Ge2, -Ni5Ge2, 

Ni2Ge, ε-Ni5Ge3, έ-Ni5Ge3, Ni19Ge12 and NiGe. These listed 9 intermetallic 

compounds identified within the currently accepted phase diagram.  

 

2.1.2 Intermetallic Compounds 

The Intermetallic compounds, Ni3Al, Ni3Si, Ni3Fe and Ni3Ge have an ordered L12 

(cP4) crystal structure and have a space group 221. A derivative of the face centered 

cubic (fcc) crystal structure is shown in Figure 2a in which nickel (Ni) atoms occupy 

face-centred positions and the aluminium (Al)/ silicon (Si)/ iron (Fe)/ germanium (Ge) 

occupy the corners of the unit cell. Figure 2a shows 6 Ni atoms on faces (6*(1/2) = 3 

Ni atoms) and the 8 Al/Si/Fe/Ge atoms on edges (8*(1/8) = 1 Ge atom), which gives 

the expected 3:1 Ni-Ge ratio. The intermetallic compound ε-Ni5Ge3 (high temperature) 

has the P63/mmc crystal structure (hexagonal, space group 194), while έ-Ni5Ge3 (low 

temperature ) has the C2 crystal structure (monoclinic, space group 5) [20].  

 

2.1.3 Fundamental of Ordering Structure 

An ordered intermetallic compound belongs in a distinctive class of metallic materials 

that form long-range ordered crystal structures below a critical temperature, which is 

commonly referred to as the critical ordering temperature (Tc). These ordered 

intermetallics generally occur in comparatively narrow compositional ranges around 

simple stoichiometric ratio, such as the Ni3Ge and Ni3Al intermetallic compounds. The 

term superlattice and ordered structure are usually used interchangeably. The term 
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superlattice suggests the ‘superlattice is made up of sublattices’ (such as Ni3Al, Ni3Sn, 

Ni3Ge, Ni5Ge3).  

An ordered structure is a result of an ordering transformation of a disordered structure. 

In phase formation and transformation of intermetallic compounds, chemical ordering 

has an important function. A critical temperature, Tc, is defined for a system in 

question. This transition temperature is the point at which the free energies of the 

ordered and disordered solid phases are in equality. The solid’s equilibrium growth 

will at first happen in the disordered state when the relation between the transition 

temperature and the melting temperature (TM) is as follows: Tc/TM < 1. As the 

temperature goes below Tc, the solid-state is affected by a disorder-order 

transformation that ensues from the drop of temperature. In contrast, when the relation 

between the transition temperature and the melting temperature is as follows Tc/TM > 

1, it is directly from the liquid that the equilibrium growth will occur. This equilibrium 

growth leads to the ordered solid phase. Nevertheless, what is called disorder trapping 

can occur in these cases. By this it is understood that as a consequence of high growth 

rates the rapid solidification process can bring about a form of growth that is 

disordered. It has been demonstrated in a range of intermetallic systems [21] in relation 

to the B2 AlNi phase, and [22]  in relation to CoSi) that growth of the ordered phase 

is significantly slower than that of the disordered phase, with a jump in the growth 

velocity being evident at the (1st order) disorder-order transition. This difference in 

speed of growth is marked by a rise in the velocity of the growth at the order-disorder 

transition.   

In the development of a substitutional type of solid solution, there is no specific 

position for the solute atoms. The solute atoms are distributed in a random way in the 

solvent’s lattice structure. This kind of structural development can be considered 

disordered. In times when this random solid solution is cooled slowly, the atom is 

rearranged so that the solute atom moves into definite position in the lattice. An 

ordered solid solution or superlattice forms from this kind of development. Two kinds 

of ordering are known in substitutional solid solution. These are short range order 

(SRO) and long range order (LRO). The short range order denotes when the atoms 

have a tendency to be encircled by atoms of the opposite type. They tend to only order 

over some short distances. In contrast, long range order denotes when atoms have a 
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tendency to be encircled by atoms of the other type. LRO parameter, η, can be used 

for the quantification of the level of order within a structure and as a consequence for 

the measurement of the degree of disorder trapping as well. The LRO parameter η (for 

a binary compound), can be defined by following equation (2-1):  

A

AA

X

Xr






1


         (2-1) 

Here, XA is the mole fraction of atoms of species ‘A’, while rA represents the 

probability that the correct type of atom is present on the sublattice site ‘A’. In this 

equation, η varies from 1 (fully ordered) to 0 (completely random solid-solution) [23].  

When order – disorder transformations happen, the order parameter’s rate of change 

(especially η) with temperature fluctuates for the different superlattices. The 

sublattice’s atomic configuration determines if, around the Tc, there is a continuous or 

abrupt decrease of the parameter. These order – disorder transformations can be 

classified, in thermodynamic terms, into two-phase transformation types. These are 

called first-order and second- order transformations (Figure 2.3). 

In a first-order transformation, there is a difference in the entropy in the corresponding 

phases before and after. As there is a discontinuity in the first derivative of the Gibbs 

free energy (G) at equilibrium transformation temperature, dG/ dT = - S and dG/ dP = 

V, first-order transformation has changes in entropy (S) and volume (V) that are 

discontinuous. Enthalpy (H), which corresponds to the evaluation of the latent heat of 

transformation, is also characterised by a similar discontinuous change. In this process, 

there is a discharge of a fixed amount of energy. Some of this energy cannot be 

progressed instantly amongst the procedure and the surrounding region. Consequently, 

first-order transformations are understood as forming part of a system that is mixed-

phase. In contrast, a phase transition of the second-order transformation will be 

continuous. In latter case, the second derivatives of Gibbs free energy will be 

discontinuous. The enthalpy is also characterised by continues on account of the first 

derivative being continuous. Despite this continuity, there is no related latent heat. 

Second-order transformation does not have a two phase region, even at the range of 

non-stoichiometric composition. In Figure 2.3b the order-disorder transformation is 

characterised by a progressive disordering of structure, which occurs over a range of 
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temperatures. No abrupt changes in the ordering at Tc occur here. Therefore, the 

internal energy and enthalpy is continuous across Tc, which shows the second-order 

transition. This continuity reveals the transformation of second-order. The Figure 

2.3a, a graph of the first-order transition, shows an abrupt change in order at Tc. In 

comparison to states that are ordered, disordered states are characterised by internal 

energy that is higher as well as higher enthalpy, on account of high energy-like atoms 

bonds being in larger quantity. As a consequence, there is a discontinuous change in 

enthalpy at Tc [24]. 

 

2.1.4 Rapid Solidification and Disorder Trapping of Intermetallic Compounds 

Intermetallic compounds display an attractive combination of physical and mechanical 

properties such as high strength, high melting point, low density, good oxidation and 

creep resistance. Conversely, poor room temperature ductility limits formability, 

although this can be increased by rapid solidification processing, wherein a reduction 

of the degree of chemical order and the formation of a fine pattern of antiphase 

domains (APD’s) increases ductility [25-27]. Moreover, the high temperature 

properties can be restored by chemical ordering via annealing out the APD's 

subsequent to forming [25].   

Rapid solidification of an intermetallic compound can be accomplished with a 

reduction in the chemical long-range order in the solid/liquid interface. The reduction 

in the degree of order would result in a distinctive kinetic effect, namely solute 

trapping and disorder trapping. Disorder trapping would occur, if the solidification 

velocity is increased and which resulted in loss of local interphase equilibrium leads 

to reduction of degree of order. However, APD's occur after rapid solidification during 

reordering. APD’s are the boundaries between regions where chemical ordering has 

taken place on different sub-lattices. With the formation of APD’s boundaries, the 

degree of order is affected at non-equilibrium by the thermodynamics of the growing 

phase [28, 29]. Disorder trapping may be considered analogous to the more familiar 

process of solute trapping, wherein a non-equilibrium solute distribution occurs at the 

solid-liquid interface due to rapid solidification [30].  

Solute trapping, due to loosing local interface equilibrium in the course of rapid 

growth, occurs in a conventional, disordered solid solution. In this case, the solid’s 
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composition approaches the composition of the liquid at the interface. For the 

variations that are compositional, it is through the coefficient of the partition [27] that 

the evaluation of the divergence is performed from thermodynamic equilibrium. In a 

similar way, in order to account for the disorder trapping of intermetallics in the 

process of rapid solidification a model has been elaborated by Boettinger and Aziz 

[28]. It shows that a short-range diffusion of atoms is needed for an ordered 

superlattice to form in the intermetallic compound. A disordered compound forms 

when an entrapment of disorder occurs due to the velocity of the growth approaching 

atomic diffusion speed. In order to measure the deviation from equilibrium due to the 

disorder trapping [31], the order parameter that is long range can be utilised. This is 

the same as when the partition coefficient’s variations are utilised so as to measure 

quantitatively departure from equilibrium caused by the solute trapping.  

Through the model discussed above (Boettinger and Aziz), it is forecast that there will 

be a decrease of η in the case of compounds that are congruently melting. This decrease 

would be due to an increase of solidification velocity, which is accompanied by 

steadily increasing levels of chemical disorder being trapped in the structure. In 

thermodynamic terms, these types of changes are either first- or second-order. In the 

case of first-order transitions, wherein there is a coexistence in equilibrium of phases 

that are ordered and disordered, there will be an uninterrupted decrease of η (see 

Figure 2.4). This is concurrent with an increase of the growth velocity V up to critical 

velocity (VC) in which there is a discontinuous fall of g right down to zero for velocities 

that are greater than VC, [32]. In contrast, the transitions of second-order, wherein the 

ordered and disordered phases are not allowed to exist together, it is regarded as likely 

that, with an increase in growth velocity, g will decrease repeatedly up to the point 

when an entirely disordered solution is secured (η = 0). For second-order transitions, 

VC or the critical velocity is connected through the relationship outlined in the equation 

below to the velocity that is diffusive (VD):  









 1

M

C
DC

T

T
VV

         (2-2)  

In this equation (2-2), VD is the characteristic velocity for interface diffusivity and we 

now assume Tc/TM > 1, such that equilibrium growth will be direct to the ordered state. 

For intermediate velocities, as V  Vc, partial disordered trapping can happen, with 
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the metastable disordered phase in competitive growth with the equilibrium phase. On 

account of the generally higher growth rates for disordered phases this may go faster 

than the growth of the partially ordered phase [32].  

Assadi and Greer have established through a model of intermetallic dendritic growth 

[33], which considers behaviour of complex partitioning and disorder trapping, that 

the velocity of growth becomes greater at the moment when the solid that is growing 

attains a totally disordered state. This particular model seems to have emanated from 

Herlach’s observations [22] regarding the intermetallic compound CoSi. In this 

intermetallic compound the velocity of the growth exhibited an abrupt gradient 

increase with undercooling. A critical undercooling that approximated 310 K, being 

consistent with a velocity of critical growth of ≈ 3.8 m s-1. This abrupt expansion of 

the velocity of growth is successfully modelled because it is assumed that there is a 

transitioning between, on the one hand, ordered compound’s diffusion limited growth 

that is lower than VC and, on the other hand, the disordered compound’s collision-

limited growth that is higher than VC. After the disordered solid has developed because 

of the high velocity growth, a certain amount of reordering can occur. This reordering 

would happen directly after recalescence, when the material is at an elevated 

temperature.  

During the period that comes straight after recalescence, when the compound is at a 

high temperature, reordering can occur to some degree, following on from disordered 

solid formation. This formation of disordered solid is due to growth that occurs at high 

velocity. The degree of the reordering in question is dependent upon the cooling rate 

of the phase in post-recalescence. It should be noted that anti-phase domains can also 

form as a consequence of this reordering process. The transformation process from the 

disordered solid to the ordered form, via a nucleation process, thermally produces the 

results of the anti - phase domains APD’s (see the Figure 2.5). In a specified nucleus, 

the locations of the atoms are specific to the sublattice. As a consequence the ordering 

is distinct from the adjacent nuclei. With an increase in size of the nuclei, domains 

grow with each other and end up touching. This leads to the creation of APB’s [34]. 

The morphology of the APD’s formed in rapid solidification is heavily dependent on 

the cooling rate of the solid following growth [35]. On the basis of the cooling rates, 

there are three possibilities in the subsequent growth of solid. First at the modest 
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cooling rates, columnar APD’s can be formed. Second, at higher cooling rates 

equiaxed APD’s can be formed. Finally at very high cooling rates all reordering 

process could be entirely suppressed (see Figure 2.6). Nevertheless, all steps in this 

sequence may not be visible in all of the materials [35]. Alternatively, some materials 

may experience a change to a solid that is glassy prior to the occurrence of complete 

disorder trapping [36]. 

2.2 Recent Progresses  

According to the phase diagram of Nash and Nash [37], the Ni-rich portion of which 

is shown in Figure 2.2a, β-Ni3Ge and ε-Ni5Ge3 are the congruently melting 

compounds with a melting point of 1405 K (1132 °C) and 1458 K (1185 °C) 

respectively. The β-Ni3Ge has a homogeneity range of 22.5 to 25 at. % Ge and 

crystallises to  the ordered fcc L12 structure. The ε-Ni5Ge3 has a homogeneity range of 

34.6 – 44.5 at.% Ge and crystallises to the ordered hexagonal P63/mmc crystal 

structure. 

Congruently melting compounds are particularly interesting for studying the various 

effects of disorder trapping in intermetallics. This is so because with the correct 

stoichiometry for the given compound, the melt will be solidified without any form of 

partition. This solidification without partition occurs even during equilibrium 

solidification. Consequently, it is possible to study disorder trapping without having 

to consider solute trapping that are simultaneous, which would otherwise make the 

process more complicated.  

While there is not much work reported in the system ε-Ni5Ge3, the β-Ni3Ge system has 

been examined before (Ahmed et al.) [15]. In this study, a maximum undercooling of 

362 K was observed by utilising a technique for flux undercooling. In this particular 

study, the growth velocity that corresponded to the undercooling was specified to be 

3.55 m s-1. [15] noticed that at the start of the fully disordered process of growth, there 

was a break in the curve that was discontinuous in character. This finding is the same 

as other cases that tried to ascertain intermetallic compound velocity-undercooling 

curves to cross through the transformation of order-disorder. In the case of β-Ni3Ge, it 

is at an undercooling of 168K that this condition was examined. The velocity of the 

critical growth was of 0.22 m s-1. This compares with Vc = 0.75 m s-1 in Fe-18 at. % 
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Ge [38] and Vc = 3.8 m s-1 in CoSi [22].  A change from a grained structure that is 

coarse at the time of the ordered phase of growth to a structure of grain that is markedly 

finer grained after the disordered phase of growth was revealed by the β-Ni3Ge system 

microstructural analysis [15]. There appeared to be cracking patterns that were 

extensive on the structure with coarse grain. It is assumed that this resulted from a 

stress induced by shrinkage in the solid. By contrast, in the material that was 

disordered, these patterns (cracking) were not visible. Nonetheless, in flux 

undercooling experiments ( 10 K s-1) the post-recalescence cooling rate is extremely 

slow. This means that any evidence of a microstructural kind that relates to disorder 

trapping will have been extensively modified in the as-solidified sample. In this 

situation, there is no chance of examining APD’s or even disordered material that have 

been retained. 

The β-Ni3Ge system has a crystal structure that is ordered fcc L12 (Cu3Au). The crystal 

structure of the β-Ni3Ge compound is shared with several intermetallics that have X3Y 

as a composition. This is so because at the cell corners 1 atom per cell are naturally 

accommodated by the fcc unit cell. On the cell faces, the fcc unit cell also 

accommodates 3 atoms per cell. A similar L12 crystal structure is common to several 

important intermetallics that are characterised by potential structural applications at 

high temperature. These important intermetallics comprise γ́́́́́́́́́́́́́́́́-Ni3Al [39] and Al3Ti 

[40]. In both, adding of several dopants, which include Cr, Mn, Fe and Co, Al3Sc [41] 

and Pt3Al [42] can have the effect of changing D022 structure, which is normal, to a 

L12 structure. As a consequence, to comprehend the kinetics of the order–disorder 

transformation in what is a fairly uncomplicated model system could be helpful in 

acquiring a better understanding of the comportment of these compounds that are more 

complex.  

Not so much research has been carried out on the solidification of Ni–Ge system. Fang 

and Schulson [43] studied the gas atomisation and the ensuing extrusion into bars of 

Ni3Ge has previously been studied. However, in this previous study [43], the alloy was 

doped with 0.06 at.% of boron. Moreover, a large majority of the metallographic 

analysis conducted as part of the study focused on the separation of the doping agent 

(boron) and the nickel boride precipitates that formed subsequently. The addition of 

boron is usually understood to make the alloy more ductile. However, contrary to other 
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cases such as the Ni3Si, Ni3Ge tends to carry being brittle, despite the addition of boron 

[44].  

β-Ni3Si and Fe3Ge are intermetallic systems that are closely related to the β-Ni3Ge 

system. Figure 2.2b shows the equilibrium phase diagram for the Ni-rich end of the 

Ni-Si system [45]. Ni3Si happens in both low (β1) and high (β2/β3) temperature forms. 

The respective crystal structures of these are L12 and D022. Additionally, the high 

temperature phase has two forms: an ordered form and a disordered form (β2 and β3) 

that produce the three forms indicated by the phase diagram. The fields of temperature 

stability are 1388 K ≤ T ≤ 1443 K for β3, 1263 K ≤ T ≤ 1388 K for β2 and T ≤ 1308 K 

for β1. The compositional range of the two high temperature polymorphs are 25.0- 26.1 

at. % Si. In contrast, the compositional range of low temperature β1 polymorphs is 

22.6- 24.5 at. % Si. However, no overlap occurs in these composition ranges.  If many 

different undercoolings are used, this lack of overlap may make the analysis of the 

solidification of β-Ni3Si from its undercooled parent melt more difficult. However, 

while the phase diagram suggests single phase growth of β-Ni3Si from the Ni-25at.% 

Si melt should be possible for undercoolings in excess of 43 K, both flux undercooling 

[46] and drop-tube studies [47] have revealed that such direct growth of β from the 

melt appears to be inhibited at all undercoolings in favour of a Ni- eutectic,  being 

the phase Ni31Si12. Also, phase diagram shows at equilibrium is -β eutectic but Ahead 

et al. found rapidly solidification of Ni-25at.%Si did not given -β eutectic or pure β 

as expected, it  gave an - eutectic [48]. 

Comprehensive studies of undercooling of the firmly similar Fe–Ge system have been 

conducted. These studies were conducted at compositions of Fe-25 at.% Ge [49] and 

Fe-18 at.% Ge [38]. Fe-25 at.% Ge is stoichiometric with the Fe3Ge compound, 

whereas, the latter solidifies to the ordered α-phase. These two compositions (Fe-25 

at.% Ge and Fe-18 at.% Ge) develop visibly into an ordered compound at low 

undercooling. Also, Fe-18 at.% Ge shows the same growth as CoSi. This growth of 

velocity abruptly increased above a critical undercooling temperature. This abrupt 

increase in velocity is consistent with a transition from diffusion to collision-limited 

growth. In the Fe3Ge compound, this transition from diffusion to collision-limited 

growth has not been observed. However, this lack of transition may have been caused 

by the maximum undercooling of this system being still too low (DT = 190 K). 
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Notwithstanding, in comparison to the simpler Ni3Ge system, the Fe3Ge system is 

significantly more complex. As a consequence, it cannot be assessed in an analogous 

way to β-Ni3Ge. εFe3Ge that has an ordered hexagonal D019 structure forms through 

the peritectic reaction L + α2  ε, in which α2 is an ordered B2 phase [50]. 

Furthermore, as shown in Figure 2.2c [51] ε is dimorphic undergoing a transition to έ 

which, like β-Ni3Ge, has an ordered L12 structure. In spite of that, ε phase should be 

achievable through direct solidification in the case of undercoolings that are greater 

than 140 K. Nevertheless, there is no evidence of an order-disorder transformation for 

undercoolings that went up to 198 K, in which the velocity of the growth equalled 1.3 

m s-1.  

 

2.2.0 Spherulites Microstructure  

The crystalline morphology termed spherulites was first observed by Talbot in 1837 

during the crystallisation of borax from phosphoric acid [52]. On the basis of their 

morphology, spherulites are usually characterised as either Category 1 or Category 2. 

A spherulite of Category 1 grows radially from the site of nucleation. It branches out 

intermittently in order to maintain space filling. A spherulite of Category 2 grows 

initially as thread like fibres, forming new grains at the growth front in a successive 

way [53, 54]. Subsequently, Brewster gave the name of ‘circular crystals’ to the objects 

of Talbot’s interest [55]. Spherulite has become the generally accepted term for what 

Brewster called ‘circular crystals’. Example of spherulites are shown in the Figure 2.7 

[54, 56]. Spherulites are commonly found in a range of materials, including small 

molecule organic crystals and polymers. They are also found in other materials, 

including inorganic crystals, volcanic rocks and a few pure elements (e.g. graphite, 

sulphur and selenium). However, spherulite development is much rarer in metals that 

are fully crystalline, sometimes in cast iron (graphite), albeit they are noticed in 

partially crystalline glass forming alloys, both as residual crystals subsequent 

solidification and as devitrification products [56].  

Spherulites are most common in polymers and small molecule organic crystals. They 

are especially common in high molecular weight polymers, which have been grown 

directly from the melt. In these, the long chain molecule reorientation is restricted by 

topological constraints. Spherulites are most common in systems that are unoriented. 
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The suppression of spherulite growth appears where there exists a strong tendency for 

uniform molecular orientation: for example, in the case of growth that occurs in a 

gradient of strong, externally imposed temperature. Polymers and metallic glasses are 

characterised by low diffusivity. Consequently, it is probable that kinetics dominates 

the development of spherulites. Additionally, the anisotropy of polymers tends to be 

relatively low [57]. The structure of these kinds of spherulites is characterised by 

multiply branched crystalline arms, which are separated by amorphous regions 

between the arms [56]. Typically, the amorphous regions are shorter than the 

molecular chains, so that one molecule can go through many such crystalline and 

amorphous regions [58].  

The development of spherulites is also found in a number of metallic systems, 

including metallic glass forming alloys. In these, in particular, spherulites are observed 

both as residual crystals during the freezing from the melt as well as amorphous-

crystalline composite structures during devitrification of the fully amorphous material. 

Lu et al. [59] observed such residual spherulite crystals forming directly from the melt 

during Bridgeman solidification of La-Al-Ni glass forming alloys. Spherulites 

between 10-30 m in diameter were examined for pulling speeds of 2.3-2.4 mm s-1. In 

contrast, fully amorphous materials were produced at pulling speeds higher than 2.3-

2.4 mm s-1. These spherulites were crystalline eutectic structures in an amorphous 

matrix. However, the crystalline phases containing the eutectics were not identified by 

Lu et al.  

Further during the Bridgeman solidification, but in a Zr-Ti-Cu-Ni-Be glass forming 

alloy, Cheng et al. [60] identified a range of multiply branched crystalline 

morphologies embedded in an amorphous matrix. One of the phases present was 

identified as Zr2Cu. Other phases were also present in this system. However, these 

could not be identified by the authors. These structures, favoured by low pulling 

speeds, had an elliptical outer envelope. However, the orientation of the crystalline 

needles within the structures had characteristic similar to Category 2 spherulites.  

Aboki et al. reported [61] slightly larger spherulitic crystals, which were up to 120 m 

in diameter, in Zr-Cu-Al-Ni glass forming alloys cast into a water cooled copper 

mould. This casting occurred at cooling rates estimated around 100 K s-1. It can be 

surmised that these are crystalline, probably eutectic, structures, which are embedded 
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within an amorphous matrix. Through the XRD analysis of Zr-Cu-Al-Ni compound, 

at least 9 crystalline phases were found within this compound. However, Aboki et al. 

were not able to confirm which contributed to produce the spherulites structures.  

Several authors have observed the devitrification, which takes place during the 

annealing process of Fe-Si-B soft magnetic metallic glasses. During this process, 

various morphologies, including spherulites, were found depending on the 

composition studied. In the case of Fe75Si12B13, the composition of the spherulites 

consisted of the metastable intermetallic Fe3B, which decomposes into Fe2B when the 

samples are fully crystalline [61]. In contrast, the composition of the Fe75Si9B16 

compound is characterised by three discrete stages of crystallisation, which were 

revealed when the sample was heated [62]. However, the first stage of crystallisation 

during heating produces spherulites of pure Fe from the Fe75Si9B16 compound.  

Yano et al [63] used TEM and positron annihilation lifetime measurements in order to 

observe the formation of spherulites in a Zr50Cu40Al10 bulk metallic glass forming 

alloy. After the annealing process took place at 773 K, crystallisation progressed in the 

form of spherical agglomerates of crystallites that develop in a radial way. These 

spherical agglomerates are 600 nm in diameter. In order to understand the 

crystallography of both the spherulites and the surrounding matrix material, selected 

area diffraction patterns were utilised. The selected area diffraction patterns showed 

that the space group for the spherulites was one of the orthorhombic groups. 

Additionally, the inter-spherulite region showed a two-fold symmetry and was 

observed to be a fcc structure.  

The development of nano-crystalline spherulites during the devitrification of both 

binary and multicomponent metallic glass systems have been studied by numerous 

other researchers [63-66]. In nearly all of these studies, the spherulites are distributed 

in a homogeneous way in the amorphous matrix. In these cases, the spherulites are 

characterised by a radial growth that originates from the centre of nucleation sites. This 

suggests that the growth of the spherulites is initiated upon pre-existing nuclei being 

frozen into the metallic glass. The spherulites seem to not be sensitive to the rate of 

heating. Spherulite crystallisation was shown not to be inhibited even by heating rates 

as high as 10³ K s-1 [67].  
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Elsewhere, Sun and Flores [68] found that in the crystallisation of 

Zr58.5Cu15.6Ni12.8Al10.3Nb2.8 bulk metallic glass in DSC, high heating rates (> 2.5 K s-

1) produced the development of spherulites. By contrast, low heating rates produced 

the formation of non-spherulite nano-crystalline structures. From this, Sun and Flores 

came to the conclusion that the activation energy needed for the growth of nano-

crystalline structures is higher in comparison to the activation energy that is necessary 

for the growth of spherulites. They made the further observation in a laser processing 

study of the same alloy [69] that spherulites are able to be produced without 

partitioning, that is at the same composition as the amorphous matrix. 

While there is controversy in the literature as to the formation mechanism for 

spherulitic growth, a number of common requirements for their formation have been 

identified. One is a tendency towards non-crystallographic, small angle branching 

[70]. A second is a high viscosity in the medium being crystallised. The importance of 

this has been demonstrated unambiguously by Morse et al. [71, 72] who, in a study of 

the crystallisation behaviour of inorganic salts, identified around 70 salts that would 

crystallise in spherulitic form if grown in a gel base media, but not otherwise. The 

requirement for a high viscosity in the melt would be consistent with the inclination 

for glass forming alloys, but not other metallic melts, to crystallise to spherulitic 

morphologies.  

It has been suggested by Gránásy and co-workers that evolving a phase-field model of 

spherulite growth in polymers may be favoured in situations where translational 

diffusion may be significantly easier than rotational diffusion [73] and one can 

certainly imagine how this situation might arise during the crystallisation of long chain 

polymers, although it is less obvious how such a situation might arise in metals or other 

small molecular systems. Despite this, there is some evidence that similar conditions 

may exist in both organic [74] and metallic [75] undercooled glass forming liquids, 

with a decoupling of the translational diffusion coefficient from the macroscopic 

viscosity and a decoupling of the translational and rotational diffusion coefficients. 

Metal have translational diffusion means atom can move one place to another place. 

While, polymer is also have that but in addition polymer have rotation diffusion where 

the molecule is not moving to another place but they change rotation, which refer as 

rotational diffusion. The propensity of metallic glass formers to form spherulites is 
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also suggestive of the requirement for some level of structure in the non-crystalline 

precursor to be a prerequisite. This also appears to be true of other spherulite formers, 

such as pure elemental Se, which is reported to have a very unusual molecular 

structure, intermediate between polymeric and simple molecular liquids [76]. 

 

2.3.0 Departure from normal Dendritic Growth during Rapid Solidifications  

The word dendrites derived from the Greek word, δένδρον, meaning the ‘tree’. In 

metallurgy, a dendrite is a distinctive tree-like microstructure of crystal growing at the 

time that molten metal freezes, this structure results of rapid growth along firmly 

favourable crystallographic directions. The growth of dendrites has great effect in 

respect to materials properties [77]. The morphology of metal crystallization occurs 

during near-equilibrium solidification stage. In that stage metals exhibit a strong 

directionality. This strong directionality is established in the underlying crystalline 

anisotropy through the ‘easy’ growth directions. More specifically, these are directions 

of minimum capillary stiffness/interfacial stiffness (a quantity that represents the 

reduction of the melting temperature at the solid/liquid interface [78]) whereby the 

melting temperature is most highly depressed by the Gibbs-Thomson effect. Typically, 

this results in the growth of structure such as dendrites, which for metals with an 

underlying cubic symmetry, will display well developed side-arms orthogonal to the 

primary trunk. But, a number of changes will be apparent in these solidification 

structure with increasing departure from equilibrium. That would be either a switch in 

the growth direction away from these easy directions or it could be a more general loss 

of directionality in the solidification morphology [79].  

Typically, the first of these leads to a switch from the equilibrium <100> growth 

direction, to growth along either the <110> or <111> directions. In this case, the <100> 

to <110> transition is directly observed in the transparent analogue casting system 

NH4Cl – H2O [80]. In this kind of transition the primary solidification morphology 

remains dendritic. However, the transition is show by a switch to side-branches which 

are no longer orthogonal to the primary trunk [79, 81]. This transition can  occur 

coincidently with a break in the gradient of velocity-undercooling curve [82]. X-ray or 

EBSD pole-figure plots can be used for the confirmation of switch in growth direction 

within an as solidified sample [82]. This evidence can also be provide by selected area 

https://en.wikipedia.org/wiki/Crystallography
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diffraction pattern (SADP) from the TEM. This switch typically happens in an abrupt 

way in the growth direction, at a well-defined undercooling. This switch is also usually 

attributed to a competition between differently surface energy and directed kinetic 

anisotropies. The same mechanism is also thought to be responsible for the more 

general loss in directionality during rapid solidification, possibly as competing 

anisotropies cancel out [83]. This produces solidification morphologies such as 

doublons and dendritic seaweed, which have been found in the transparent analogue 

casting system CBr4 – C2Cl6 [84], polymers [85] and metals [86, 87]. In comparison 

to well-defined switch in growth direction this transition is more diffuse. The well-

defined switch can occur gradually over a range of undercoolings or with the transition 

being prefaced by a change in growth direction [79]. Definitely, it has been shown that 

in certain alloys a continuous range of growth directions can be accessed prior to a 

transition to seaweed type growth [88].  

Within the broad class of metallic materials, the growth transition from dendritic to 

seaweed does not only occur in solid-solution alloys. It also happens in intermetallic 

compounds . Assadi et al. [89] have demonstrated that when close to the congruent 

composition the congruently melting intermetallic NiAl can experience a dendritic to 

seaweed transition at an undercooling around 250-265 K. The NiAl solidifies to the 

ordered cubic B2 crystal structure directly from the melt when close to equilibrium.  

Assadi et al. suggest the dendritic to seaweed transition is caused by disorder trapping 

which happens during rapid solidification. Assadi et al. claim that the loss of long 

range order at the fast growing dendrite tip results in an extreme depression of the 

melting temperature. They argue that loss of long range order at the fast growing 

dendrite tip leads to an extreme depression of the melting temperature which can 

‘mask’ the interfacial stiffness. Coupled with increased orientational disorder, which 

increases the free energy of the solid, this makes the system behave in a low anisotropy 

manner. The idea of orientational order parameter therefore distinct signifies the 

definitiveness of the crystal orientation, which can be used to interpret the influence 

of the orientational ordering kinetics on the growth morphology [78]. According to 

this model, other congruently melting intermetallics should show a dendritic to 

seaweed transition under rapid solidification conditions. The only other condition is 

that during equilibrium solidification the compound should order at the liquidus 
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temperature, such that disorder trapping is possible. One such intermetallic that 

satisfies both conditions is β-Ni3Ge. 

 

2.4.0 Spontaneous grain refine (SGR) microstructure 

Spontaneous grain refinement (SGR) is characterised by abrupt changes in grain size. 

This takes place while metallic melts that have been deeply undercooled solidify.  In 

a typical way, this change in grain size happens by at least an order of magnitude. In 

the case of metals that are pure, it shows as a grain size reduction, which occurs above 

an undercooling temperature (T*) that is critical undercooling [90-92]. By contrast, 

it is not rare for alloys to show a comportment that can be considered more complex. 

For alloys, studies have observed two transitions of grain refinement [93-95].  

In alloy systems that show this behaviour, SGR is observed for undercoolings below 

a lower critical value,
*

1T , and above an upper critical value,
*
2T . Where 

measurement of growth velocities is taken during the deep undercooling studies 

required for SGR [96], a discontinuous break in the gradient of the velocity-

undercooling curve is typically observed at T* (or at 
*
2T in alloys systems). Below 

T*, the growth velocity, v, depends on T according to v  (T)  (typically with  

 2). This relationship is common to many metals undergoing dendritic growth. On 

the contrary, above T* the dependence of v upon T is approximately linear.  

The scientific community concerned with rapid solidification has taken an on-going 

interest in grain refinement of a spontaneous type. This is the case since Walker 

observed it for the first time in pure Ni in 1959 [97]. There is a some controversy about 

the origin of this phenomenon. Initial explanatory models were based on cavitation 

that was induced by shrinkage. This was understood to lead to considerable amounts 

of nucleation right in the solidification front [97]. Alternatively, it was understood to 

result from trace solute additions effects. In particular, those that took the form of 

dissolved gases [98]. Since these models emerged, a large majority of them have been 

discredited.  

Several authors also proposed that recrystallization or recovery may play a role [99, 

100], despite the fact that in drop-tube studies Cu-Ni and Fe-Ni alloys have difficulties 
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to accommodate this recovery. In these two alloy system, grain refined structures were 

still observed, although the cooling rate was sufficiently high to supress 

recrystallization and recovery [101].  

The dendritic melting and fragmentation following recalescence is considered as a 

‘standard model’ for SGR [102]. Remelting may or may not take place in both 

conditions. This process is determined by the balance between two time scales, 

characteristic length scale and macroscopic cooling rate. The characteristic length 

scale used for determination of growth of melting of dendrite arms is m. While the 

macroscopic cooling rate applicable for the co-existence of the solid and liquid is s. 

Remelting occurs when the condition of m < s is satisfied. The model of dendritic 

melting and fragmentation is attractive because of its ability to explain why there is 

one transition in pure metals and two transitions in alloys. It is relating to the predicted 

dependence of the dendrite tip radius, , on T. When there is a transfer of growth 

control from solute that is limited at high solute Peclet number to solute that is limited 

thermally at low thermal Peclet number [103], an alloy system will show a local 

minimum in . This small  is given at low and high undercooling temperature.  This 

appears to correspond with low and high undercooling SGR transitions. In the 

perspective of the thermal, the Peclet number is equivalent to the product of the Reynolds 

number (Re) and the Prandtl number (Pr). 

 Despite this there are a number of limitations to the model, not least that post-

recalescence remelting cannot explain a break in the velocity-undercooling curve, 

which therefore needs to be ascribed to coincidence. Moreover, observations in deeply 

undercooled ultra-pure Cu by [86] seem to indicate that the break in the velocity-

undercooling curve associated with SGR, observed in this system at T = 280 K, is 

actually characteristic of a switch in growth morphology from dendritic to dendritic 

seaweed. Frozen in seaweed structures were observed over a narrow range of 

undercooling > 280 K, with grain refinement by recrystallization and recovery being 

observed for T = 310 K.  

At least in part, the controversy over the SGR mechanism may result from there 

actually being more than one mechanism operating. In two related studies on dilute 

Cu-Ni alloys Castle et al. [79, 81] identified that three separate grain refinement 

mechanisms were operating; recrystallization, which was observed only at the low 

https://en.wikipedia.org/wiki/Reynolds_number
https://en.wikipedia.org/wiki/Reynolds_number
https://en.wikipedia.org/wiki/Prandtl_number
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undercooling transition, dendritic fragmentation, which could occur at either low or 

high undercooling and dendritic seaweed fragmentation, which occurred only at high 

undercooling. Furthermore, in order for dendritic fragmentation to occur. It appeared 

that a switch in the growth direction was needed in the case of Cu-Ni from <100> at 

low undercooling to <111> at high undercooling.   

2.5.0 Plate and Lath microstructure 

Plate and lath structures are not unusual in intermetallic compounds [104-106]. They 

are also quite common in some iron alloys [107]. Plate and lath structures were 

observed by Hyman et al. in γ-TiAl [104]. These were produced by the solid-state 

transformation of α dendrites during cooling to a mixture of α2 + γ laths surrounded by 

γ segregates. Plate and lath morphology in α2-Ti3Al which, like -Ni5Ge3, shares the 

P63/mmc space group was also observed by McCullough et al. [105]. Yet, in Ti3Al, 

the plate and lath morphology clearly occur because of the different phase contrasts.  

In this project, the rapid solidification of the intermetallic Ni5Ge3 will be considered. 

This is an interesting model system as, being congruently melting, the ordering 

reaction can be examined without any complicating solute effects. By this, it is meant 

that solute partitioning, and consequently, also solute trapping is absent. This 

morphology will be discussed in the results and discussion section. 
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Figure 2.1 Shows L12 crystal structure of Ge-Ni (a) chemical ordered (b) chemical 

disordered crystal structure. 

 

 

Figure 2.2a Ge - Ni phase diagram [18]. 



 
 

25 

 

 

Figure: 2.2b Phase diagram for Ni-Si system  [45]. 

 

 

Figure: 2.2c Phase diagram for Fe-Ge system at about the Fe3Ge composition [51]. 
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Figure 2.3 The thermodynamic characteristics of (a) first order and (b) second order 

phase transformation [24]. 

 

 

 Figure 2.4 Here,  is a function of dimensionless growth velocity, V/VD, at the 

interface of growing solid for congruently melting stoichiometric compound. 

This figure shows prediction of long range order parameter by (a) second order, 

(b) first order [32]. 
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Figure 2.5 This figure shows parallel growth of order domains resulting in formation 

of antiphase boundary (APB) [34]. 

 

 

 

Figure 2.6 A diagram representing different stages of rapid solidification in which an 

intermetallic compound becomes disordered as a result of increase in the cooling 

rate [35]. 

 

 

 

 

 



 
 

28 

 

 

 

 

Figure 2.7 This figure shows examples of spherulites (a) mixed variety of spherulites 

with positively birefringent centers [54] and (b) mixed spherulites of nylon with ringed 

centers [56]. 
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Chapter 3 Equipment and Methodology 

This section consists of all experimental technique and equipment details, which have 

been used in this project. The starting point was to produce ingots of the single-phase, 

congruent melting β-Ni3Ge and -Ni5Ge3 compounds for subsequent rapid 

solidification processing. The congruent melting compounds, β-Ni3Ge and -Ni5Ge3 

were prepared by using arc-melt technique. Sample was analysed to confirm single 

phase and other properties of the materials by material characterisation techniques 

such as optical microscopy (OM), Scanning Electron Microscopy (SEM), Energy-

Dispersive X-ray (EDX) and X-ray Diffraction (XRD) analysis was performed. After 

confirmation of required composition of compounds, these compounds were used to 

non-equilibrium experiments and rapidly solidified via drop-tube processing. In 

addition to above mentioned characterisation techniques, Transmission Electron 

Microscopy (TEM), Focused Ion Beam (FIB), Electron Backscattered Diffraction 

(EBSD) Differential scanning calorimeter (DSC) and Vickers-micro hardness testing 

were also used in this project. 

 

3.1 Arc-melter 

An arc melter is used for the melting and mixing of samples. This equipment gives a 

low pressure and works under inert atmosphere condition. Such a furnace is 

particularly good for protective-atmosphere melting of easy to oxidize metals. 

Additionally, the furnace is purged without difficulty prior to being used for the melt 

of samples. This is because it has a simple structure, it is easy of access internally and 

it’s small-scale. These features make it quick to evacuate it, as well. A simple, 

transition and rare earth alloy can be prepared by using this technique. 

In this project, master alloys (congruently melting – single phase Ni3Ge and Ni5Ge3) 

were prepared by using arc melter, parts of which are shown in Figure 3.1. There are 

three main parts of arc melter, (i) the melting chamber (ii) water-cooling system and 

(iii) the electrical power system. The melting process was completed in the chamber 

through a non-consumable tungsten electrode on a water-cooled copper hearth. To start 

the melting process, two main power-supplying steps need to be taken. The EDX 

analysis confirm that there is no presence of W contamination on the sample. In first 
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step, high electrical voltage (low current) is delivered to begin the electrical breakdown 

in the gaseous atmosphere between the electrode and the hearth. Secondly, it provides 

high current (low voltage) power for the following melting process. 

In Figure 3.1, the chamber and upper bell jar are made from stainless steel and outer 

surface secured with cooper cooling coils. This upper bell jar can be completely 

circulating behind the chamber, therefore it is easy to place and remove the sample 

through the chamber. Also a shaft of electrode (handle) passes through the top of the 

bell jar, and this handle or shaft of electrode is completely sealed from the top by a 

ball joint and rubbers bellows. The ball of joint permits electrode to be targeted in any 

desired direction and keep moving the electrode in and out of the chamber. There are 

also light and sliding window with small holes, which assist to observe the inside 

process in the chamber (hearth). Before the melting process, the chamber was 

evacuated to about 5 x 10-4 Pa and backfilled chamber at about 3.4 x 103 Pa with Argon 

gas by using a two-stage oil sealed pump. This procedure was repeated seven times to 

reduce the concentration of oxygen in the chamber. 

In this process, Lincoln Arc welder at 230 Ampere generated the arc and the arc was 

produced when tungsten electrode hits the tungsten striker. Manipulating the electrode 

above the sample melted the sample. It was melted quickly due to higher energy, but 

the some particles were also observed when melting process was just started. Further, 

sample was mixed (Ni-Ge) in 15 to 20 seconds. Sample was already in contact with 

water cooled copper hearth, and due to this water cooling sample was quickly 

solidified. 

Splash out particles were also observed during melting and after opening the chamber 

(completing of melting), they were observed in hearth. This splash out particles may 

be because of non-conductive behaviour of Ge in solid state, or Ni can splash out 

because of higher arc energy on the sample. Therefore, this splash out might result in 

weight loss of metal. Moreover, this sample was not homogenised as shown in Figure 

3.2a. Therefore, this process was repeated seven to eight times and sample was turned 

in each step to achieve the complete melted and homogenised sample as shown in 

Figure 3.2b. All melting were performed in round shape mould cavity, see Figure 3.3, 

(because of easily melting and mixing) except last melting was performed at 
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longitudinal shape of mould cavity (because of easily sectioning the sample for 

material characterisation). 

 

 

Figure 3.1 Arc-melter furnace setup [University of Leeds]. 

 

Figure 3.2 Arc melted samples of Ni-Ge (a) inhomogeneous and (b) and 

homogeneous. 
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Figure 3.3 Internal shape of chamber (tungsten striker stub, longitudinal and round 

shapes of moulds). 

 

3.2 Selection of Materials/Compound for Drop-tube Process 

Two main criteria guided the choice of material selection for the experiments in rapid 

solidification. The compound’s melting temperature was the first criterion that guided 

this choice. This was so because the compound’s melting temperature needed to be in 

the confines of the temperature range for processing. Consequently, there was a need 

to select an alloy system, which would  allow processing at a lower temperature in 

comparison to the drop-tube process, maximum temperature for operating, which is 

around 1300˚C. For the first criterion, we confirmed from Ge-Ni phase diagram [18] 

that the melting temperature of our both compounds β-Ni3Ge = 1132˚C and -Ni5Ge3 

= 1185˚C were within the temperature range of drop-tube system.  

The second selection criterion pertained to the necessity of choosing a 

material/compound, which constitutes a single phase (especially for this project). It 

follows that, for the drop-tube process, there would also be the necessity to choose a 

compound that was clearly a distinctly phase such as β-Ni3Ge and -Ni5Ge3 which are 

shown in the Ge-Ni phase diagram [18] to have a clearly specified minimum on a phase 
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diagram (Figure 2.2a). For confirmation of this criterion, we sectioned our prepared 

arc-melted ingots by using a Struers Accutom diamond precision saw and its phase 

composition checked using a PANalytical X’pert Pro X-ray diffractometer (XRD). 

The sectioned ingot was then mounted in Trans Optic™ resin using a Buehler 

Simplimet 1000 Automatic mounting press before being ground using progressively 

finer (P220, P400, P800 and finally P1200) Silicon carbide grinding papers. The 

sample was then prepared for microstructural analysis by polishing with 6 μm, 3μm 

and 1μm diamond paste, with the sample being washed and dried between each 

polishing step. The sample was then etched using Nital before being subject to 

microstructural analysis using an Olympus BX51 optical microscope (OM) and a Carl 

Zeiss EVO MA15 scanning electron microscope (SEM) equipped with X-Max Oxford 

instrument Energy-Dispersive X-Ray (EDX) detector. If the alloy ingots were to show 

local deviations from single phase, due for instance to incomplete mixing of the 

elemental constituents during arc-melting, this would be apparent from the formation 

of fine eutectic structures at the boundaries of the Ni3Ge grains. On the Ni-rich side of 

the Ni3Ge/Ni5Ge3 compounds this will be a Ni-Ni3Ge/ Ni-Ni5Ge3 eutectic, whereas on 

the Ge-rich side this will be a eutectic between the Ni3Ge/Ni5Ge3 compounds and 

either the other compounds as shown in Figure 2.2a (Ge - Ni phase diagram). Only if 

one observes no evidence of intergranular eutectic following Nital etching, nor of any 

phases other than Ni3Ge/Ni5Ge3 in the XRD analysis, then the alloys/compounds are 

deemed suitable for rapid solidification processing. However, XRD was not only route 

to determine the single phase. Microstructure was also examined for looking any 

evidence of second phase eutectic particular on the grain boundaries, which we 

observed at our trail/rejected samples.  

3.3 Drop-tube Process 

A prepared sample (congruent melting compound, single phase – β-Ni3Ge or ε-

Ni5Ge3), which obtained through arc-melted process was used as a raw material for the 

drop-tube process. Rapid solidification was affected by drop-tube processing, using a 

6.5 m drop-tube. A schematic illustration of the drop-tube equipment shown in Figure 

3.4 is the one used in this project. Induction furnace was placed at the top of the drop-

tube to serve to melt the metal and produce a fine spray of droplets. Rotary pump and 

turbo-molecular pump were used in drop tube process for achieving desired level of 
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vacuum in the chamber. In the base of drop tube, one rotary pump was connected, 

while, in the middle part of drop-tube, the turbo-molecular pump was connected. In 

the bottom of the drop-tube, where nitrogen gas line is also passing through towards 

the chamber, pressure gauges was also connected to monitor the pressure in the system. 

Preceding melting process, the tube was rough pumped to a pressure of 2 x 10-4 Pa 

before being flushed with N2 gas. The rough pump – flush cycle was repeated three 

times before the tube was evacuated to a pressure of 4 x 10-7 Pa using a turbo-molecular 

pump. For sample processing the tube was filled with dried, oxygen free N2 gas at a 

pressure of 50 kPa. The alloy sample, of approximately 9.5 g mass (βNi3Ge)/9.4 g 

mass (ε-Ni5Ge3) was loaded into an alumina crucible, which has three 300 µm laser 

drilled holes in the base. Induction heating of a graphite subsector was used for heating 

the sample. This subsector remained innermost of an alumina radiation shield and 3 

KW RF generator was applied for induction heating process. The temperature was 

determined by means of an R-type thermocouple, which sits inside the melt crucible, 

just above the level of the melt. When the temperature in the crucible attained 1480 K 

(75 K superheat) for β-Ni3Ge/ 1533 K (75 K superheat) for ε-Ni5Ge3, the melt was 

ejected by pressuring the crucible with  400 kPa of N2 gas. This produces a fine spray 

of droplets, which subsequently solidify in-flight and are collected at the base of the 

tube. 

As the bottom of the drop-tube tightened and was blanked off with a ConFlat flange, 

all the powder sample was accumulated at the bottom of the drop tube, which means 

that after completion of process, this part can be removed.  Therefore, after completion 

of this process, a number of steps followed for collecting the rapidly solidified drop-

tube samples. First, the whole equipment was gradually and properly cooled in a 

monitored and controlled fashion. Second, the pot for collection, which is situated 

towards at the base of the tube was opened. This is done, when the cooling process has 

resulted in the system as a whole, attaining room temperature as well as when the 

surrounding atmosphere and tube pressure have been normalised together. Once the 

pot for collection was opened, the collection of the nearly spherical sample droplets 

and needles of the sprayed Ni3Ge/Ni5Ge3 happened for the purposes of being sieved, 

stored, identified and analysed. The sample was weighed following removal from the 

drop-tube and sieved into the following size fractions:  850 μm, 850 - 500 μm, 500 - 
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300 μm, 300 - 212 μm, 212 - 150 μm, 150 - 106 μm, 106 - 75 μm, 75 - 53 μm, 53 - 38 

μm and  38 μm.  

 

Figure 3.4 Schematic diagram of the drop-tube apparatus used in this research. 
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3.3.1 Drop-tube Cooling Rate Calculation Method 

Neither the cooling rate nor the undercooling can be determined in a direct way 

because temperature determination for individual droplets is not conceivable during 

free-fall in the drop-tube. Based on the balance of heat fluxes, the cooling rate can be 

estimated as a function of droplet size [108],  
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In which, Td is the instantaneous temperature of the particle; cl and cs are the specific 

heat of the compound in the liquid and solid states respectively; f is the solid fraction; 

 the density of the compound; d the diameter of the droplet;  the emissivity of the 

droplet surface; b the Stefan-Boltzman constant and Tg the temperature of the gas. h, 

the heat transfer coefficient, is normally estimated from: 
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Kg is the thermal conductivity of the gas. Re and Pr are the Reynolds and Prandtl 

numbers for the flow, which are given by: 
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where, cpg is the specific heat capacity of the gas,  is its kinematic viscosity. d -g 

is the differential velocity between the droplet and the gas. d -gcan be assumed to 

be the terminal velocity, T, for the particle of diameter, d, under the conditions 

prevailing in the tube. For a spherical droplet that includes buoyancy effects, it is given 

as: 
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where, g is the density of the gas, g is the acceleration due to gravity and Cd is the 

drag coefficient, which can be estimated with the following equation: 

2

2
4

Re


g

d

mg
C 

        (3-5)  

where, m is the mass of the drop-tube sample. Hence, employing the thermophysical 

properties of the N2 cooling medium in the drop tube as shown in Table 3.1 and 

considering the obtained sample’s composition [109, 110]. Figure 3.5 shows the 

resulting cooling rate, evaluated for parameters appropriate for Ni3Ge. For each size 

fraction the cooling rate, calculated using the above equations and methodology are as 

follows:  

 850 μm (< 700 K s-1), 850 - 500 μm (700 - 1400 K s-1), 500 - 300 μm (1400 - 

2800 K s-1), 300 - 212 μm (2800 - 4600 K s-1), 212 - 150 μm (4600 - 7800 K s-1), 150 

- 106 μm (7800 - 13000 K s-1), 106 - 75 μm (13000 - 26000 K s-1), 75 - 53 μm (26000 

- 42000 K s-1), 53 - 38 μm (42000 - 62000 K s-1) and  38 μm (> 54500 K s-1).  

Finally, above 10 different sieve size fractions were prepared for microscopy 

examination and other characterizations techniques.  

Table 3.1 Thermophysical properties of N2 and Ni3Ge compound 

 

Material  Parameter Value  

N2 gas [109] 

 

cpg 1039 J kg-1 K-1 

𝜇 1.78 x 10-5 N s m-2 

kg 2.6 x 10-2 W m-1 K-1 

pg 1.16 kg m-3 (at 0.1 MPa) 

Ni3Ge [110] cl 416.5 J kg-1 K-1,  

L 22.33 k J mol-1  

 8005 kg m-3  
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Figure 3.5 Estimated cooling rate of droplets cooled in N2 as a function of their 

diameter. 

 

 

3.4 Sample Analysis and Microstructural Characterisation 

Different techniques of characterisation were used to prepare attentively the samples 

for the purposes of analysis. This was done after the rapidly solidified samples had 

been taken from the process of the drop-tube. In order to examine quantitatively the 

microstructure that the solidification process produces directly, several metallographic 

experimental methods can be used. The determination of possible correlations between 

the microstructure and rapidly solidified levels that may have developed in the process 

occurs through the same quantitative examination or analysis. The techniques 

described in this section were used in the characterisation of the solidified β-Ni3Ge 

and ε-Ni5Ge3 compounds samples.  
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3.4.1 Metallography: Specimen Preparation and Etching 

The Ni3Ge and Ni5Ge3 drop-tube powders were prepared for analysis by mounting, 

grinding polishing and etching. First, the sieving into particle size ranges of the 

powders was performed. This was done by utilising nine wire mesh stacking sieves 

that have apertures that decrease: 850 μm, 500 μm, 300 μm, 212 μm, 150 μm, 106 μm, 

75 μm, 53 μm and 38 μm. For a whole 10 minutes the entire stack was actively agitated, 

after the powder was put in the top sieve. The mounting of the powder in a Trans 

Optic™ resin at 140 °C (there is no risk of phase transformation at this low 

temperature) followed from its removal from all the sieves of varying size ( 850 μm 

to  38 μm). Once mounted, the grounding of the powders was conducted through the 

only use of the finest grinding stage, P1000 and P1200 silicon carbide papers. In this 

way, an extreme loss of the compound could be prevented. Even though the grounding 

of the powders went on for a sufficiently long duration so as to assurance the exposure 

of the particles’ interior through a sufficient removal of the sample. During the whole 

process, optical microscopy was utilised in order to verify the average particle grinding 

cross-section’s diameter as well as looking for scratches, circumvent the risk of over 

grinding as the latter may cause the effect on the quality of finished polished sample. 

Diamond compounds of different sizes (6 μm, 3 μm, 1 μm and 0.25 μm) were then 

used to polish the well ground samples on different cloths placed on the automatic 

machines. Diluted detergent and methanol were then used to wash the samples. Next, 

the samples underwent a drying process using an electrical drier. In order to check for 

any scratches on the surface of the samples and verify the good level of polish of the 

samples, an optical microscope was also utilised. SEM-EDX analysis that identifies 

the chemical composition of the sample requires unscratched and generally well-

polished samples. These samples, then, underwent an etching process in order to reveal 

the microstructure. The appropriate etchant was used to acquire SEM images with high 

resolution. Table 3.2 lists the etchant appropriate for Ni-Ge compound particles. There 

was a variation in the time of etching between the two compounds, Ni3Ge and Ni5Ge3. 

Consequently, there was a requirement to use an optical microscope during the etching 

procedure. Every section that was etched underwent a good wash in running tap water. 

After that it was cleaned using ethanol. Before analysis under the optical and scanning 

electron microscope, the sections/samples were put under in a continuous flow of dry 

air in order to dry the samples. Finally, mounted/prepared samples were attached to an 
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aluminium stub with a conductive carbon paste (for SEM analysis). In this project, 

EBSD, XRD and TEM were also used to further investigate the morphology of grains, 

phase identity (EBSD analysis), orientation and boundaries, preferred crystal 

orientation (texture), identify the phases (XRD analysis) and to identify the structure 

of microstructure (TEM analysis). The techniques for preparing the samples for EBSD, 

XRD and TEM analysis will be introduced in later sections. 

 

Table 3.2 Etchants used for each compound. 

 

Compound Etchant Comments 

β-Ni3Ge 5ml Hydrofluoric acid 

(HF) + 5ml Nitric acid 

(HNO3) + 5ml 

Hydrochloric acid (HCl) 

 For the drop-tube sample 

size ranges ( 850 μm to 

106 μm), 20 – 25 Second 

(immerse).  

 For the drop-tube sample 

size ranges (75 μm to  

38 μm), 30 – 35 Second 

(immerse).  

 

ε-Ni5Ge3 5ml Hydrofluoric acid 

(HF) + 5ml Nitric acid 

(HNO3) + 5ml 

Hydrochloric acid (HCl) 

 For the drop-tube sample 

size ranges ( 850 μm to 

106 μm), 35 – 40 Second 

(immerse).  

 For the drop-tube sample 

size ranges (75 μm to  

38 μm), 55 – 60 Second 

(immerse).  
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3.5 Characterisation Techniques Employed 

In this project, the following techniques were employed for microstructural 

characterisation of the arc-melted and rapidly solidified (drop-tube) Ni3Ge and Ni5Ge3 

samples. These techniques include: X-ray diffraction (XRD), optical microscope 

(OM), scanning electron microscope (SEM), energy dispersive x-ray spectrometry 

(EDX) - Area and Line-scan, electron backscatter diffraction (EBSD), differential 

scanning calorimetry (DSC), focused ion beam (FIB) and transmission electron 

microscopy (TEM). 

 

3.5.1 X-ray Diffraction (XRD) 

X-ray diffraction (XRD) analysis (arc melted solid ingots and drop-tube powder 

samples) is commonly used in university research laboratories and industries for 

characterisation of structural, phase identification, preferred orientation, crystallite 

size, residual stress and thin film analysis of different materials. The nature of X-rays 

and light are the same. Both have electromagnetic radiation, but the only differences 

is in wave length. X- rays has shorter wavelength (0.5 – 2.5 A°), while, light has larger 

wave length (750 – 400 nm). 

The main principle of XRD comprises three basic components: a radiation source (X- 

ray tube), a sample stage (holder) and an X- ray detector. In this process, electrons are 

produced through heating a filament. After that these electrons bombard the source 

and affecting emitting of core electrons. Then the outer shell of electrons filled this 

hole of electrons, during this process a characteristic wavelength is generated, which 

is referred to as X-rays. In this analysis, the beam of x-ray is incident on the crystalline 

material, which is diffracted by crystalline planes. The angle between the particular 

crystal plane and the incident beam is called Bragg’s angle (θ) as shown in Figure 3.6, 

where, the distance bc = dsin and also cb = dsin, therefore the total path difference 

can be calculated by following equation (3-6). 

bc+ cb = 2dsin        (3-6)  

These diffracted rays from different crystalline planes (A and B) are overlay with each 

other, there is a superposition of waves from crystal planes of varying depth within the 

sample. This results in interference between the waves. Where the waves are in phase 
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the interference is constructive, where they are out of phase it is destructive. It is this 

that gives the resulting diffraction pattern, represented by intense peak. These peaks 

can only occur when Bragg’s law is satisfied and formed due to constructive 

superposition as shown by following equation (3-7). However, these intense peaks will 

not form if superposition is destructive. 

n = 2dsin2         (3-7) 

where, n = an integer,  = wavelength of x-rays, d = inter planar distance, 2 = angle 

between transmitted and diffracted beam. According to Bragg’s law, the incident of x-

ray beam and diffracted beam to the plane must be co-planar and in phase. The angle 

between diffracted and transmitted beam should be 2θ. Moreover, to satisfy the 

Bragg’s equation, diffraction must takes place at particular angle [111]. 

In X-ray diffraction (XRD), arc melted solid ingots and drop-tube powder samples 

were analysed. The phase composition of the subsequent arc-melted ingots and rapidly 

solidified drop-tube powder of Ni3Ge and Ni5Ge3 compounds were confirmed by XRD 

using a PANalytical Xpert Pro (Figure 3.7a). The data were collected over a range of 

20 – 100 in 2θ using Cu-Kα radiation ( = 0.15418 nm) generated at an anode voltage 

of 40 kV and with a current of 40 mA.  XRD was performed on arc-melted ingot 

sample that had been mounted with Trans Optic™ resin and polished for 

microstructural examination as per the procedure described in metallography section. 

However, drop-tube samples directly used in this analysis (Figure 3.7b). Detector 

recorded the position and strength of reflected beams and the data was plotted by 

software as positon vs intensity to give series of peaks, which are called diffraction 

pattern. Target material can be identified if position and intensity of diffraction peaks 

were compared against database of pattern for known crystalline materials. X’pert 

High score plus software was used for the diffractogram analysis, where background 

correction and peak position were also measured for instrumental broadening. X’pert 

High score plus software also provided reference files from the International centre for 

diffraction data (ICDD) library. 

In powder XRD for the drop tube and XRD on the solid ingot, whether the arc melt 

sample and we acknowledge that in for the solid sample peak height do not 

corresponds to reference pattern but we only use 2 theta for identification, because its 

single phase. As one set of  samples are spherical, one would expect that the XRD scan 
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is only giving surface information hence other methods such as EDX and EBSD is also 

used to verify the composition.  

 

 

Figure 3.6 Diffraction X-rays on parallel atomic planes satisfying Bragg’s law [111].  

 

 

Figure 3.7  (a) Picture – PANalytical X’pert Pro XRD (University of Leeds) and, (b) 

drop-tube sample.  
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3.5.2 Optical Microscopy (OM) 

The Olympus BX51 microscope was used to view the microstructure of etched and 

unetched samples. In this analysis, bright field reflected light method was applied on 

the surface of the samples. The source of light was directed vertically through the 

microscope objective (10x, 20x, 50x and 100x) and reflected back through the 

objective to an eyepiece (10x). Different magnification (100x, 200x, 500x and 1000x) 

of microstructure for different locations of sample surface were captured by inbuilt 

Carl Zeiss AxioCam MRc5 Zeiss digital camera. This unit is attached to a computer 

system for micrograph display, adjustment and storage. The samples were handy 

enough to go under the microscope /SEM for examination. In order to optimise the 

image’s contrast using the light microscope, a range of modes of illumination can be 

utilised. A bright field mode is utilised without any polarisers or filters. This mode 

produces a contrasting effect through the light reflecting on the surface. In a bright 

field mode, the sample appears as a surface of light with dark features. 

 

3.5.3 Scanning Electron Microscope (SEM) 

SEM is a most powerful characterisation tools in many diverse field such as processing 

of new materials, including metallic materials, intermetallic compounds, ceramics, 

semiconductors and also it is widely used in medical and biological science. SEM 

allows for materials of an organic as well as non-organic kind to be examined and 

characterised on a scale that ranges from the micrometre to nanometre. SEM is a most 

important in research and technology. It permits the acquisition from a sample of 

various kinds of information, including information pertaining to the topography, 

crystallography and information of chemical composition. 

In this study a Carl Zeiss EVO® MA 15 SEM with Oxford Instruments Aztec Energy 

EDX system with 80mm X-Max SDD detector- secondary and backscattered imaging, 

EDX elemental mapping and line-scans plus CZ STEM detector were utilised. This 

kind of SEM is capable of producing images that are magnified at the maximum by 1, 

000 000. Tungsten (W) filament or LaB6 can be used as a source of electron in this 

system. This particular tool’s electron source is usually termed a Schottky emitter. The 

working principle of SEM is that a suitable source such as a tungsten filament or field 

emission gun is used to produce an electron beam (1-1000 nm). The beam is 
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accelerated with a high voltage (e.g. 20kV). It is passed through a system of apertures 

and electromagnetic lenses to make a thin beam of electrons. After this, the scan coils 

from the beam are used to scan the specimen’s surface. A detector then collects the 

electrons that are emitted from the specimen by the action of the scanning beam.  

In order to perform the scanning of the sample’s surface, SEM utilises a very sharp 

focus electron beam that has a diameter of ≥ 20 nm. Images may be produced in two 

ways. The first consists in capturing secondary electrons from the sample’s surface. 

This is called the SE mode.  The second way is by capturing back-scattered electrons, 

known as the BSE mode. Images produced by the SE mode reveal a sample surface’s 

sharp three-dimensional features.  In contrast the BSE mode reveals difference in-

between the areas with chemically diverse compositions. Consequently, it is important 

for the technique of microscopy to be successful that there is a careful preparation to 

achieve a mirror-like finish for the sample. Additionally, the samples should be 

conductive electrically. Finally, the grounding of the sample by placing it in the 

chamber of the microscope. The scanning electron microscopy, such as the EVO that 

was utilised in this study, necessitates a complete evacuation because electrons are 

subject to a stronger scattering by gas in comparison to light of an ordinary kind.   

The interaction between the specimen and the electrons can have as a consequence that 

the specimen emits different secondary emissions (Figure 3.8). Usually, the detection 

of secondary and backscattered electrons can be performed by scanning electron 

microscopes, as all of them have this aptitude. Atoms that have been excited using the 

incident electron beam with low energies (˂ 50 eV) produce the secondary electrons. 

These secondary electrons are emitted right under the surface of the specimen, from a 

short distance. Certainly, in SEM and for studying specimen surface features, the most 

commonly used signal is the secondary electron signal. Elastic scattering produces 

back scattered electrons, which are reflected from the sample. Consequently, SEM 

utilises secondary electrons (SE) in order to study the features of the surface. For that 

reason, micrographs of BSE make available information concerning the distribution of 

divergent phases by making use of the sample’s different average atomic numbers. 

Moreover, BSE imaging has a lower resolution than SE imaging. This is because the 

higher energy of BS electrons leads to a greater interaction volume. 
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 Using this instrument (Figure 3.9), there is no problem to obtain high quality 

micrographs for any kind of samples, providing one follows the correct method of 

sample preparation and proper coating the sample (conductive). Nevertheless, if the 

resin or sample that is utilised lacks sufficient conduction, charging will occur due to 

the aggregation of electrons and lack of coating. This issue can find a resolution 

through the application of a thin coating layer of carbon, gold or platinum, through 

which to achieve better conduction. This will help obtaining a good quality of 

images/micrographs.  

 

Figure 3.8 Signals from the interaction of an electron beam with a sample [112]. 

 

  

Figure 3.9 Picture (Carl Zeiss EVO® MA 15 SEM – University of Leeds). 



 
 

47 

 

3.5.4 Energy Dispersive X-Ray Spectrometry and Line-scan Techniques 

Energy Dispersive X-Ray Spectrometry (EDX) is a technique of characterisation, 

which lends itself to use in the elemental analysis of compounds. With EDX, the 

irradiation of a sample occurs. The radiation emitted during this technique has the 

ability of creating vacant spaces in its atom’s inner electron shells. The vacant spaces 

are subsequently charged through electrons that emanate from atomic orbitals of 

higher energy. This process leads to the characteristic X-rays being emitted, which can 

be called ‘secondary’ X-rays. This occurs as the higher energy radiation being 

absorbed result in radiation of lower energy being re-emitted. The excitation of the 

sample allows for the determination of the compositional information about the sample 

can occur by measuring the energy and quantity of X-rays emission. This is so because 

the X-rays’ energy is typical of the irradiated element’s atomic structure.  

Line-scanning can be used to obtain qualitative information about elemental 

distributions, by which it is meant that a form of mapping is produced without the 

concentration profiles being determined exactly. A full mapping can also be achieved 

in the case of several elements through the use of hardware that is integrated into the 

EDX analyser. In this technique, the probe of the electron is shown on the sample 

through a line that cuts across a given region of interest. By this it is meant that, a 

graph is produced that represents the counting of the number of X-ray quanta being 

(approximately the quantity in the given element) against how they are spatially 

located on a given line. In this manner, the plotting of diffusion profile of elements at 

an interface is possible.  

For above two techniques (EDX and line-scan), the Carl Zeiss EVO® MA 15 SEM 

with Oxford Instruments Aztec Energy EDX system (80mm X-Max SDD detector- 

secondary and backscattered imaging) and EDX elemental mapping and line-scans 

plus CZ STEM detector was used in this project. Meanwhile, the composition of the 

compounds (single phase) was also checked by EBSD to verify the reliability of the 

EDX results.This system is caliberated by the manufacturer (Carl Zeiss EVO). 
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3.5.5 Electron Backscatter Diffraction (EBSD) 

EBSD provides information about grain size, grain boundary, grain orientation, texture 

and also different phases can be easily identified through this useful technique. It also 

enables centimetre-sized samples with millimetre-sized grains, metal thin films with 

nano-grains to be analysed. The basic components of an EBSD consist of SEM 

column, SEM stage, EBSD detector, controller, camera, picoammeter, and display 

system, are also shown in Figure 3.10. 

The working principle of an EBSD is established by interaction of a stationary electron 

beam with a tilted crystalline sample about 70° from the horizontal of the SEM stage. 

When the beam of electrons is focused at a region of interest then the atoms of targeted 

region inelastically scatter a segment of the electrons with loss of small energy. 

Moreover, some electrons are incident on every set of atomic planes at certain angles 

that can satisfy the Bragg equation (3-8): 

 nλ = 2dsinθ          (3-8) 

where n represent an integer, λ is the wavelength of the electrons, d represent the 

spacing of the diffraction plane, and θ represent the angle of incident of the electrons 

on the diffraction plane. Consequently, these diffracted electrons generate a set of 

cones, which represent each diffracted plane. This pattern is known as Kikuchi pattern 

and can be captured by using a mounted camera on EBSD system. These Kikuchi 

pattern/diffraction pattern is matched with the reference pattern generated from 

compound, on the basis of these data crystal structure and orientation at each point of 

the sample can be identified. Therefore, the diffraction pattern can be used to obtain 

very useful information of samples including crystal orientation, phases, and grain 

boundaries. 

In this project, electron backscatter diffraction (EBSD) was performed on unetched 

samples of both compounds Ni3Ge and Ni5Ge3 drop-tube samples ranges from  850 

≤ 38 m, using a FEI Quanta 650 FEGSEM with Oxford/HKL Nordlys EBSD system. 

The sample preparation technique plays a crucial role for obtaining good EBSD 

results, because from a few tens of nanometres of the sample the diffracted beam can 

escape and also presence of any contamination, deformation and oxidize would affect 

the formation of diffraction pattern. Therefore, a scratch free and optimum polishing 

surface is compulsory to produce a good electron backscattered diffraction pattern. 
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The same procedure of SEM sample preparation was performed for preparing EBSD 

samples. As the sample of EBSD required ultra-fine polishing surface, therefore, after 

repetition of SEM sample preparing then one additional method of polishing were also 

performed with EBSD samples. In this final polishing step, Buehler Automet 250 

grinder-polisher machine (Force = 25 N, speed = 130 rpm -base and 50 rpm - head, 

time =10 min) was used and colloidal silica suspension was used for polishing the 

samples. In EBSD, the result of scanned electron beams within a selective region of 

sample was produced in the form of map, which reveals the grain morphology, phase 

identity, orientation and boundaries. Also, preferred crystal orientation (texture) within 

the same region of sample was established by using this data. Therefore, in this project 

for both compounds (Ni3Ge and Ni5Ge3), a complete and quantitative description of 

the microstructure was generated through EBSD.  

 

 

Figure 3.10 The basic components of an EBSD (FEI Quanta 650 FEGSEM with 

Oxford/HKL Nordlys EBSD - University of Leeds).  
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3.5.6 TEM 

The transmission electron microscope (TEM) is used to examine the structure, phase, 

composition, and for crystallography. Electron microscopy was invented because of 

the restrictions relating to the use of light in for magnification purposes. For the 

maximum given resolution is, in the end, determined by the light’s wavelength utilised 

for the illumination of the sample. From Abbe's equation (3-9), one can deduce that 

~200 nm is the limit of resolution (d) for optical microscopy in the case of a perfect 

system. A perfect system is one in which two adjacent sources are resolved. In the 

equation below, λ is the illuminating source’s wavelength. NA is the objective 

numerical aperture. NA can be calculated by the following equation: NA = nsinθ, n 

being the refractive index of the medium and θ the aperture angle. 

𝑑 =
𝜆

2𝑁𝐴
          (3-9) 

Consequently, using a beam that has a comparative small wavelength provides one 

way of attaining a resolution that is greater. Equation (3-10) describes this. Here, 

Planck's constant is h, the rest of an electron’s mass is mo, an electron’s charge is e, 

the speed of light is c, and the electron beam’s accelerating voltage is V.   

𝜆 =
ℎ

2𝑚𝑜𝑒𝑉(1+
𝑒𝑉

2𝑚𝑜𝑐2)
        (3-10) 

In the case of a 200 kV electron beam, this produces a small wavelength (~2.5 pm). 

This is a good deal lower in comparison to visible light’s wavelength (550 nm for 

green light). Consequently, it is possible that an electron beam attains a theoretical 

resolution limit that is lesser than atoms. The optical microscope is one technique that 

can be used for the transmission of light through the sample. This method of optical 

microscopy relies on the use of a compound microscope. Transmission electron 

microscopy (TEM) can replicate this technique but with electrons. In 1931, Ernst 

Ruska and Max Knoll created the first TEM. It was only two years after that the 

development of a microscope with a resolution that is higher in comparison to an 

optical microscope occurred.  

It is also notable that TEM is amongst the most significant tools for characterising 

materials microstructurally. Indeed, by using X-ray techniques a greater amount of 

quantitative diffraction pattern analysis can be obtained in comparison to patterns of 

http://www.ammrf.org.au/myscope/tem/background/practical/#term
http://www.ammrf.org.au/myscope/tem/background/practical/#term
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electron diffraction. However, with TEM, it is also easier to focus electrons. Both TEM 

and SEM use a similar system for beaming electrons (i.e. condenser lenses, an electron 

gun and a vacuum system).  

Despite these commonalities, the manner in which images are formed is completely 

different. SEM is more fundamentally utilised for the examination of a bulk 

specimen’s surface structure. In contrast, TEM is a technique for transmission. 

Consequently, it gives information concerning a thin specimen’s internal structure 

[112]. At the time of an electron beam passing through a specimen that is thin, 

variations that occur in the intensity of the diffraction of the electron produce what is 

termed a ‘diffraction contrast’ in the image. This contrast is useful for micro-structural 

characterisation as well as the characterisation of certain defects, including second 

phase particles, dislocations and interfaces [113]. Selected-area diffraction (SAD) is 

also a commonly used and valued technique for examining patterns of diffraction in 

small regions of the specimen. Additionally, in order to form images of columns of 

atoms, high-resolution transmission electron microscopy (HRTEM) can also be 

utilised.   

TEM is broadly characterised by two main modes of working. The first is the image 

mode. The second is the diffraction mode (Figure 3.11). Within a TEM, the 

transmission of electrons varies according to the demands, but always transmitted 

through an extremely thin sample. The image mode and diffraction mode function in 

different ways in relation to this transmission. In the case of the diffraction mode, the 

electrons are transmitted across the specimen and diffracted by the internal structure 

of the sample. Then, these diffracted electrons are converged through objective 

aperture in order to construct the diffraction pattern of the specimen in the back focal 

plane. For the image mode, electrons travel and transmitted across the specimen. Then, 

the scattered electrons are converged through the objective aperture and arrange in the 

focal plane. It is in the focal plan that the formation of the intermediate image happens. 

Finally, the image of the sample appears in a magnified form, through projection, on 

the microscope screen.  

The TEM’s imaging mode functions through contrast. That is to say that if a dense 

sample is used, some of its thicker areas will be, in comparison to the areas that are 

thin, more dark on account of an increase in inelastic scattering/absorbed electrons. 
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This contrast is sometime termed ‘mass-thickness contrast’. There are two methods 

for performing the diffraction contrast in order to produce imaging. The first way is 

the Bright Field method (BF) (Figure 3.12a). In this method, an aperture is fitted so 

as to allow only the passage of the unscattered beam. The formation of image is based 

on the result of contrast whereas the crystalline will occur darker if they diffract at the 

Bragg orientation or are amorphous regions. The orientation of the crystal also 

determines the degree of contrast for crystals. The crystallised area will be shown to 

be dark, if the Bragg condition is satisfied in the orientation of crystal. The Dark Field 

mode (DF) is the other imaging mode in which TEM functions (Figure 3.12b). Here, 

particular diffracted rays are allowed to pass by the aperture. The aperture also stops 

the incident beam from being a part of the image. The contrast in the image is opposed 

to the one produced through the Bright Field method. The Dark Field mode is used in 

case of an interest in particular defects or certain structures of the specimen.  

Electron diffraction mode finds its basis in the sample’s crystallographic planes elastic 

scattering of electrons. The forming of diffraction pattern is formed according to the 

same rules as the X-ray diffraction shown in section 3.5.1. The sample’s area that 

makes up the diffraction pattern is definable by the utilisation of a selected area (SA) 

aperture found in an intermediate image plane (Figure 3.13). This produces 

crystallographic information that is resolved spatially, from areas in the sample that 

range from 0.2 μm to a few microns.  

As a matter of fact, the diffraction angle θ is not so significant (Figure 3.13). This 

figure shows that the Bragg angle for 200 kV electrons is 0.14˚ in the case of a crystal 

plane that has d-spacing of 0.5 nm. Consequently, the diffraction of the electron beams 

that occurs from the crystal planes nearly parallels the electron beam itself. In the 

alternative case that there is a parallel between a number of planes and the electron 

beam, a series of diffraction spots will appear. These diffraction spots, which will 

occur from the diffraction pattern’s centre in the normal direction to the plane, will be 

characterised by a distance of 1/dhkl. Figure 3.14 shows the manner in which the 

formed lattice of spots has a reciprocal relationship to the real lattice of the crystal, 

also called the reciprocal lattice. The angle φ is the same as the angle between the 

normal directions to the planes. This is the basis for the identification of the phase 

through TEM analysis. The related equations of this identification process are shown 
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in Table 3.3. A formula of a cubic crystal structure was used for the phase 

identification of the compound Ni3Ge. In which all lattices were considered equally (a 

= b = c = 3.26 A°) and all angles were 90° (α = β = γ = 90°). While, for the phase 

identification of έ-Ni5Ge3 compound, monoclinic crystal structure formula was used 

with a ≠ c ≠ b =, α = γ ≠ β conditions. However, for the phase identification of ε-Ni5Ge3 

a hexagonal crystallise formula was used, where a = b ≠ c and α = β ≠ γ condition 

satisfied. 

In this project, FEI Tecnai TF20 (Figure 3.15) transmission electron microscopy 

(TEM), was used to distinguish between the ordered and disordered variants of the 

Ni3Ge and Ni5Ge3 compounds. For in situ observation of the order-disorder 

transformation upon heating the TEM was fitted with a Gatan 901 hot stage controller. 

Despite these strengths, there are some disadvantages to the use of TEM. First, there 

is a requirement that the sample that is made ready for TEM detection should be thin 

and small. Additionally, TEM can only analyse a small part of the sample. 

Consequently, it is better to perform the examination of general structural information 

using other techniques under low magnification. These techniques include scanning 

electron microscopy and optical microscopy. The second drawback is that the 

specimens prepared for the purposes of TEM need to be sufficiently thin for the 

transmission of electrons to occur in sufficient quantity so that, in turn, sufficient 

transmitted intensity may be projected on the screen in order to compose an image that 

is interpretable [114]. The particles of a drop tube are tiny if they have diameters within 

a range of 850 –  38 μm. Additionally, with TEM, the analysis of the examined 

microstructures are also complicated for nano-crystalline phase grains. Additionally, 

the samples need to be extremely thin become it should facilitate the transmission of 

electrons. For this, there is a need to involve special procedures, including high 

precision milling technique, which requires the use of focused ion beam (FIB). This 

process of specimen preparation is shown in the next section (3.5.7). 
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Figure 3.11 TEM operating modes (a) diffraction mode which produce DP and (b) 

image mode [114]. 

 

Figure 3.12 Imaging mode of TEM - (a) Bright field image and (b) dark-field image. 
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Figure 3.13 Geometry of construction of an electron diffraction pattern. On the film, 

the diffracted spot A occurs at a distance R0 from the central spot, O in a direction 

perpendicular to the planes. L0 is known as the camera length [115]. 

 

Figure 3.14 Geometry of the construction of an electron diffraction pattern from a 

single crystal in TEM. The beam is parallel to a zone axis including two planes 

(1 and 2). The included angle φ is equal to the angle between the normal 

directions of the planes [115]. 
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 Table 3.3 Calculation of interplanar angle, θ, between planes (h1k1l1) and (h2k2l2) and 

interplanar spacing, dhkl in cubical and hexagonal crystals [115]. 

 

Figure 3.15 Transmission electron microscope - (FEI Tecnai TF20 - TEM with Oxford 

control instruments - University of Leeds). 
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3.5.7 FIB 

In addition to sample preparation (metallography techniques) for microstructural 

analysis using optical microscopy and scanning electron microscopy, samples were 

also prepared for selected area diffraction analysis and images (dark field and bright 

field) in the transmission electron microscopy (TEM), using an FEI Nova 200 Nanolab 

FEGSEM focused ion beam (FIB). FIB is mainly used in semiconductor research, 

chip-design industry, failure analysis, trimming of thin film (magnetic storage disk) 

and also used to prepare the specimen for TEM analysis.  

There are three main components of FIB: (i) the ion column, (ii) the chamber, and (iii) 

Vacuum and Gas transfer system. The structure of ion column of FIB and SEM are 

identical, the only difference between these two systems are the use of source beam. 

The gallium ion (Ga+) are used in FIB, while electron beam are used in SEM. Ga is 

an applicable choice to use in FIB, because it can operate near room temperature (30 

°C) and also it has low melting point (29.76 °C). A strong electric field normally 108 

volts per cm is used for producing ion beam by a liquid metal ion source. Liquid 

gallium discharged positive charge ions because of strong electric field. These ions are 

composed at the sharp needle of tungsten tips. The working stage of FIB for operating 

samples can be moved on all five-axis inside the chamber. Combination of turbo pump 

and oil sealed rotary vane pump is used for maintaining the vacuum inside the column 

and working chamber. Gas system is also used for selective etching and deposition of 

materials, which is placed outside the vacuum chamber, and gas source is connected 

with a nozzle inside the chamber through a piping system. 

The working principle of FIB is initiated, when the Gallium beam hits the sample, this 

followed by sputtering of ions and secondary electrons and these ions and electrons 

can be stored for formation of an image. Platinum organometallic gas is ejected by gun 

and this gas breaks down when it is struck via an ion or electron beam, depositing 

platinum (Pt). This platinum may be accumulated in the sample within the area of 

interest with purpose to avoid damage of delicate region. The micromanipulator is used 

to move the sample within the chamber and the micromanipulator is also used to take 

sample to a grid for mounting in the TEM.  

Following steps are briefly described to prepare the sample by FIB technique and the 

sequence of this technique is shown in Figure 3.16. Firstly, to find and mark the 
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identified region (Figure 3.16a). Secondly, to protect the identified region in the 

course of cutting session (milling), by coating of a thin, narrow layer of platinum on 

the surface of the targeted region (Figure 3.16b and c). Subsequently the preferred 

region of the specimen (lamella) formed, in order to transport a small specimen on to 

the TEM copper grid, this FIB sample was welded on the tip of a   tungsten micro-

manipulator by using Pt (Figure 3.16d and e). Repeat the welding process when the 

specimen (lamella) fixed to the grid of copper for mounting in the TEM (Figure 3.16f). 

Finally, ion beam used to ensure the thickness of the central part of the specimen was 

less than 100nm this followed by sliced the specimen (Figure 3.16 g and h). Figure 

3.16i showed the prepare FIB sample within the grid of Cu and this final specimen 

was stored into a vacuum container before analysis in the transmission electron 

microscope (TEM). 

 

Figure 3.16 FIB process technique for TEM sample preparation. 
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3.5.8 Differential Scanning Calorimetry (DSC) 

Differential Scanning Calorimetry (DSC) is a well-established measuring method 

which is used on a large scale in relation to a diversity of research areas as well as 

development, and quality inspection and testing. This technique is utilised for 

measuring of changes of differences in the rate of the flow of heat to the compound 

and to a reference compound, while they are conducted to a controlled temperature 

program either compound is heated or cooled. Through the utilisation of substance 

quantities in the mg range, a quick identification of thermal effects as well as the 

determination of the temperature that is pertinent and the typical values of calories can 

be performed over a considerable range of temperatures. Because of DSC, it is possible 

to produce values of measurement that can be acquired, which facilitate the 

determination of the capacity of heat, transition heat, kinetic data as well as purity and 

glass transition. DSC curves have three roles. The first is to identify substances. The 

second is to establish phase diagrams. The third is to ascertain the crystallinity degrees 

[116].  

Typically, DSC experiments comprise two heating/cooling cycles so that reversible 

and irreversible transitions can be distinguished through this technique. In this project 

(rapidly solidified, drop-tube process), we observed a mixture of ordered and 

disordered material. Upon slow heating there should be an ordered transformation in 

which any disordered material irreversibly transforms to the ordered state. The main 

aim/idea to perform DSC analysis to determine the temperature at which 

order/disorder occurs. As throughout the progression of the DSC experiment, a curve 

is secured across the flux of heat (heat flow endo up) and temperature (˚C). In fact, the 

ordered state is more stable than disordered state this should be evident as an 

exothermic peak. Therefore, it can be easily differentiate any discontinuity in the shape 

of cure, which indicate the presence of transition/disorder at particular temperature. In 

this experiment, Perkin Elmer STA 8000 (simultaneous thermal analyser) and Lauda 

Alpha RA 8 Chiller unit are used to determine the order/disorder transition in the 

Ni5Ge3 compound. The temperature range was subsequently adjusted to room 

temperature to 1085 ˚C, double cycle runs at 10 ˚C/mint heating/cooling rate in a 

constant Nitrogen atmosphere of 0.4 MPa. Figure 3.17 shows the setup of a thermal 

analyser. 
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3.5.9 Micro-hardness Measurements 

In order to determine the effect of cooling rate upon mechanical properties, Vickers 

micro-hardness tests were performed on rapidly solidified drop-tube samples size from 

the ranges  850 μm to ≤ 38 μm of both intermetallic compounds  Ni3Ge and Ni5Ge3. 

Normally, the capacity of a material to resist to a form of damage or deformation that 

would be permanent is what defines its hardness. In spite of this, the material’s actual 

value of hardness is variable. This value changes in relation to the properties of the 

material that make up the indenter, the force and shape of the indenter. The value also 

changes in relation to the applied load and how long the load was applied on samples. 

Consequently, except if specific conditions of similarity are observed in a strict fashion 

during the experiment, the indentation measurement and hardness values cannot be 

compared.   

For measurement of micro-hardness of the drop-tube samples a TUKONTM 1202 

Wilson Vickers micro-hardness test was used in this project. Using tester (Figure 

3.18a), the Trans Optic™ resin mounted and well-prepared sample was brought into 

focus under the tester microscope. 100 gf was the press load that was chosen. 15 

seconds press time was also utilised. At the level of the surface, an indent was created. 

Placing filar lines all around the ends of the indent, the measurement of the indention’s 

size was performed using the software. The measurement of every diagonal of the 

indent and the determination of the average distance was also done with the help of 

the software. The final measurement of hardness for each sample was based upon an 

average of at least 10 individual measurements. An example of micro-Vickers 

hardness indentations are shown in the Figure 3.18b. 
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Figure 3.17 Differential Scanning Calorimetry - Perkin Elmer STA 8000 and Lauda 

Alpha RA 8 Chiller unit (University of Leeds). 

 

      

Figure 3.18 (a) TUKONTM 1202 Wilson Vickers micro-hardness analyser with 

resultant measurement and (b) an example of micro-Vickers hardness 

indentation in a drop-tube sample (Ni5Ge3). 
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Chapter 4 Experimental Results 

This chapter contains all of the experimental results associated with congruent melting 

intermetallic compounds Ni3Ge and Ni5Ge3. Firstly, the results of the characterisation 

of the arc-melted produced compounds (Ni3Ge and Ni5Ge3) will be present, after 

ensuring the single phases compound then the results of disorder – order morphologies 

and microstructural evolution of these two compounds (single phases) via drop-tube 

processed will be presented in this chapter. 

4.1 Preparation of Ingot - Ni3Ge 

The congruent melting intermetallic compound Ni3Ge was produced in the arc-melting 

furnace, which is considered as a starting material/parent material of this project. 

Before, presenting the final product of arc-melting process, there is also a selective 

result of unsuccessful attempt of this process. Initially, Ni and Ge elements were 

calculated at at.% exactly on an stoichiometry basis as shown in the Table 4.1a. The 

characterisation (XRD and EDX data) of initially stoichiometric alloys suggested the 

material was Ge-rich, and consequently Ni is being lost during arc-melting. Therefore, 

some modification (Ni - enhancement) in calculation was performed to compensate 

this loss, which can be seen in the Table 4.1b. The stated Ni-enhancement was not the 

first tried, but that this was actually the result of several iterations towards the correct 

composition to obtain a single- phase material. 

 All of the characterisation results of arc melted process presented here will be useful 

to understand the production of desired compound, single phase (Ni3Ge). Figure 4.1a 

and Figure 4.1b shows XRD analysis on the polished surface of the arc-melted ingots 

on the basis of stoichiometry and Ni- enhanced compositions respectively. SEM 

micrograph of a polished and etched arc-melted samples from stoichiometry and from 

Ni - enhanced  are showed in Figure 4.2a and Figure 4.2b respectively. It can be seen 

that on-stoichiometry composition base, sample was not a single phase. The SEM 

micrograph (Figure 4.2a) showing eutectic phase with a single phase. However, Ni-

enhanced composition produced successfully a single phase sample (β-Ni3Ge) as 

shown in Figure 4.2b. The extensive black and white dots (gas porosity) also observed 

across the microstructure from arc-melting process, which can be seen in the Figure 

4.2b. For confirmation of no argon gas is dissolve in Ni–Ge alloys, the later of the 
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suggestion has proposed for future work. The EDX area analysis have been taken from 

the two different regions (i) and (ii) from each sample of stoichiometry composition 

and Ni-enhanced sample, the results can be seen from the Table 4.2 (a and b).  

EBSD analysis was also performed on freshly prepared Ni-enhanced arc-melted 

sample, polished using 0.1 μm colloidal silica and without etching. The EBSD phase 

map (Figure 4.3) further confirms the XRD analysis of Ni-enhanced sample is 

completely single phase β-Ni3Ge. 

4.2  Rapidly Solidified Drop-tube Sample - Ni3Ge   

The arc-melted prepared ingot of single phase Ni3Ge compound was rapidly solidified 

and obtained  850 m to ≤ 38 m sieve size fractions using a drop-tube technique. 

Firstly, EDX analysis was carried out on freshly polished samples to ensure the 

chemical composition of the all ranges of  drop-tube samples. For this, EDX area 

scanning was randomly performed at least on 10 particles of all ranges of drop-tube 

samples ( 850 m to ≤ 38 m) and measured chemical compositions were within the 

homogeneity range Ni – 23.8 at.% Ge as shown in Figure 4.4. Consequently, all ranges 

of drop-tube particles have the average chemical composition within the range of 

single phase, congruently melting compound, β-Ni3Ge [18]. Samples from all sieve 

fractions ( 850 m to 38 m) shown in Figure 4.5 have also been subject to XRD 

analysis, which, by comparison with ICCD reference pattern 04 – 004 – 3112 (fcc a = 

b = c = 3.566 A˚), confirms that the material remain fully single phase β-Ni3Ge, 

irrespective of the imposed cooling rate. Moreover, EBSD analysis was also performed 

on freshly prepared drop-tube samples with all sieve size fractions ranges from   850 

μm  to < 38 μm, polished using 0.1 μm colloidal silica and without etching. The EBSD 

phase map for all drop-tube samples further confirms the XRD analysis in that all 

ranges (  850 μm  to < 38 μm) samples are completely single phase β-Ni3Ge. An 

example of EBSD phase map within 75 – 53 m sieve is shown in Figure 4.6. After 

that several analysis  techniques were used  to study the effect of rapid solidification 

process, evolution of microstructures, phase transformation, to study of crystal 

structure and mechanical properties through using SEM, TEM, EBSD and micro-

Vickers hardness test.      
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Table 4.1a Shows the calculation of Ni and Ge composition (on-stoichiometry), at 

atomic percentage. 

 

 

Table 4.1b Shows the calculation of Ni and Ge composition (Ni-enhanced), at 

atomic percentage. 

 

Element Composition 

(at. %) 

Molar 

mass 

(g/mol) 

Mole*Comp. 

(g) 

 

Comp (mass) = Mol 

*Comp/Total mass 

(g) 

Comp (g) 

Used in arc melt 

process 

Ni 0.756 58.693 58.693*0.756 

= 44.37190 

44.37190/62.09606 

= 0.71456 

0.71456*15= 

10.7184 

Ge 0.244 72.64 72.64*0.244 

=17.72416 

17.72416/62.09606 

= 0.28543 

0.28543*15 

= 4.28145 

   = 62.09606  = 15 

Element Composition 

(at. %) 

Molar 

mass 

(g/mol) 

Mole*Comp. 

(g) 

 

Comp (mass) = Mol 

*Comp/Total mass 

(g) 

Comp (g) 

Used in arc 

melt process 

Ni 0.75 58.693 58.693 * 

0.75 = 

44.01975 

44.01975/62.17975 

= 0.70794 

0.70794 

*20  

= 14.16 

Ge 0.25 72.64 72.64* 

0.25 

=18.16 

18.16/62.17975  

= 0.29205 

0.29205*20 

 = 5.841 

   = 62.17975  = 20 
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Figure 4.1a X-ray diffraction analysis of as cast (arc-melted, on-stoichiometry) 

sample prior to drop-tube process. Vertical black lines indicate peak position for 

the single-phase (β-Ni3Ge reference pattern, and vertical red lines indicate peak 

position of Ni1.88Ge  , Ge and Ni2Ge.  

 

Figure 4.1b X-ray diffraction analysis of as cast (arc-melted, Ni-enhanced) sample 

prior to drop-tube process. Vertical black lines indicate peak position for the 

single-phase (β-Ni3Ge reference pattern). 

(a) 

(b) 
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Figure 4.2a SEM (SEI) micrograph of HF etched of as cast (arc-melted, on-

stoichiometry) sample prior to drop-tube process, showing eutectic phase with a 

single phase. The region (i) eutectic phase and region (ii) single phase selected 

for EDX area analysis. 

 

Figure 4.2b SEM (SEI)  micrograph of HF etched of as cast (arc-melted, Ni-enhanced) 

sample prior to drop-tube process, showing sample has completely single phase. 

The extensive black and white dots (gas porosity) also observed across the 

microstructure from arc-melting process. The regions (i) and (ii) selected from 

different regions of sample for EDX area analysis. 

 

 

(a) 

(b) 
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Table 4.2a Shows the results of EDX area analysis of Ni and Ge composition (on – 

stoichiometry) at their atomic percentages. The regions (i) and (ii) have been 

taken from the Figure 4.2a. 

 

 

 

 

 

 

 

 

Table 4.2b Shows the results of EDX area analysis of Ni and Ge composition (Ni-

enhanced) at their atomic percentages. The regions (i) and (ii) have been taken 

from the Figure 4.2b. 

 

 

 

 

 

 

 

(i) 

Element Atomic % 

 Ni 70 

Ge 30 

 

(ii) 

Element Atomic % 

 Ni 75 

Ge 25 

 

(i) 

Element Atomic % 

 Ni 76 

Ge 24 

 

(ii) 

Element Atomic % 

 Ni 76 

Ge 24 
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Figure 4.3 Electron backscatter diffraction (EBSD) result of phase map (arc-melted, 

Ni-enhanced sample).  

 

Figure 4.4 Average EDX compositions of Ni and Ge of the Ni-23.8 at.% Ge drop-tube 

particles. At least 10 particles were analysed in each size range. 
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Figure 4.5 X-ray diffraction analysis of rapidly solidified drop-tube processed 

samples, ranges from ( 850 m to ≤ 38 m). Vertical black lines indicate peaks 

position for the single-phase β-Ni3Ge reference pattern and different colours 

represents XRD patterns of particle sizes from  850 m to ≤ 38 m. 

 

Figure 4.6 Electron backscatter diffraction (EBSD) result of phase map (drop-tube, 75 

– 53 m sample).  
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4.2.1 Microstructural Characterisation 

SEM was used for studying microstructures of the rapidly solidified Ni3Ge droplets, 

ranges from  850 m to  38 m sieve size fractions. In summary, there were five 

typical microstructures observed, namely spherulites, dendrites (orthogonal), dendrites 

(non-orthogonal), crack-like relief (subsequently established as being recrystallised) 

and dendritic seaweed ( dense branched fractal) microstructures. Figures 4.7 – 4.16 

shows SEM micrograph of the polished and HF etched samples from the   850 μm , 

850 – 500  μm, 500 – 300 μm, 300 – 212 μm, 212 – 150 μm, 150 – 106 μm, 106 – 75 

μm, 75 – 53 μm, 53 – 38 μm and  38 μm respectively.  

Numerous spherulites microstructures , having a diameter range of 10 – 20 m, are 

evident in the two largest sieve size fractions,   850 μm  and 850 – 500 μm,  as shown 

in Figure 4.7 and Figure 4.8 respectively. Although, several spherulite morphologies 

are also evidently noticeable in the three smaller sieve sizes 500 – 300 μm, 300 – 212 

μm, and 212 – 150 μm but these spherulites are now smaller than largest sieve sizes, 

typically to <10 μm, < 3 μm and less than 1 μm respectively. The drop-tube sample 

sizes 500 – 300 μm and 300 – 212 μm shows mixed of dendrites and spherulites 

microstructure (Figure 4.9 and Figure 4.10). The dendrites become more dominant 

in the drop-tube sample size 212 – 150 μm when increasing the cooling rate, but still 

there is presence of spherulites which can be seen in the Figure 4.11, (the row of 

features along the top of the micrograph as well as the far right-hand end of the longest 

dendrite trunk).  

Finally spherulites was ceased by further reduction (increasing cooling rate) and 

dendrites becoming the dominant microstructure in the droplets size 150 – 106 μm. An 

example of dendrites microstructure is shown in Figure 4.12. However, it is not that 

similar to Figure 4.11. Figure 4.11 contains a few isolated dendrites while Figure 4.12 

look like a classic dendrite structure as it observed with multiple mutually intersecting 

side-branches.  

The spherulite is no more noticeable with the further reduction in the particle size to 

75 m. Moreover, the morphology also shows that the dendrites are more dominant in 

the drop-tube sieve size fractions to 75 μm. This is evident that the particle size of 

sieve fraction 150 – 106 µm shows structure with well-developed side branched (as 

shown in Figure 4.12). While, dendrites shows different characteristics/morphology 
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when observing the particle of size 106 – 75 µm sieve fraction (Figure 4.13). Figures 

4.11 – 4.12, showing that many droplet display a well-developed orthogonal side-

branch structures, however within the sieve size fraction of 106 – 75 µm, some of the 

droplets the side-branches are no longer orthogonal to the main trunk as shown in 

Figure 4.13. 

With a yet further reduction in a droplet from the 75 – 53 μm sieve fraction numerous  

crack-like features are apparent as shown in Figure 4.14.  Although no such features 

may be observed prior to etching, so that despite their appearance the features are not 

therefore cracks, it looks crack-like relief, which will be discuss in detail on next 

chapter. 

Finally, in the two smallest size fractions 53 – 38 μm and  38 μm also investigated as 

part of this project, yet another structure is observed on both smallest sieve size 

fractions, which might describe a being of the ‘dense branched fractal’ or ‘dendritic 

seaweed’ structure, which can be seen in the Figure 4.15a. However, crack-like 

structure (same as Figure 4.14) also partially observed with dendritic seaweed, 

dendrites and along with some featureless matrix in the same drop-tube size fraction 

53 – 38 (Figure 4.15b). While, further reduction in the smallest size of drop-tube 

particle  38 μm, finally, crack-like relief completely transformed into dendritic 

seaweed structure.  An example of which is shown in Figure 4.16. 

The EDX line scan technique was used on etched sample for the analysis of contrast 

between the microstructures (Spherulites, dendrites orthogonal, dendrites non-

orthogonal, recrystallised, dendritic seaweed) and the surrounding material 

(featureless matrix) of rapidly solidified drop-tube samples  850 m to ≤ 38 m. The 

example of EDX line scan of selective microstructures, Spherulites, dendrites and 

dendritic seaweed are shown in the Figures 4.17 (a-c). From EDX line scan analysis 

it is clear that, to within the experimental position error associated with the technique, 

there is no variation in composition between the structures revealed by etching (as 

shown in Figures 4.17 a-c) and the surrounding featureless matrix. As in above 

Figures the scan across the dendrites /spherulites/ seaweed arms shows in EDX scan 

lines that there is no compositional difference between the microstructures and 

featureless matrix. These difference might be due to the solute partitioning during 

solidification. 
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 For the EDX line scan of spherulites trunk (Figure 4.17 a), time for each step 

and number of step can be calculated by following equation: 

Time for each step  = total aquasition time / number of steps = 490 sec /500 = 0.98 sec 

(4 – 1) 

Number of step =  Total length of scan/step size from the lateral resolution  = 21 

μm/500 = 0.042 * 1000 = 42                                                    (4 – 2) 

 For the EDX line scan of dendrites trunk (Figure 4.17 b): 

Time for each step  = total aquasition time / number of steps = 520 sec /500 = 1.04 sec 

(4 – 3) 

Number of step =  Total length of scan/step size from the lateral resolution  = 13 

μm/500 = 0.026 * 1000 = 26        (4 – 4) 

 For the EDX line scan of seaweed trunk (Figure 4.17 c): 

Time for each step  = total aquasition time / number of steps = 460 sec /500 = 0.92 sec 

(4 – 5) 

Number of step =  Total length of scan/step size from the lateral resolution  = 15 

μm/500 = 0.03 *1000 = 30       (4 – 6) 

        

It can be conclude that Figure 4.17 (a-c) showed some noise signal which is effect of 

limited time of EDX-line scanning. Also, given the limited number of effective steps 

in the line scan, the ability to distinguish compositional features is limited.   

 

4.2.2 EBSD Analysis  

EBSD Euler map was used to study the grain structures of observed microstructure 

(Spherulites, dendrites orthogonal, dendrites non-orthogonal, recrystallised and 

dendritic seaweed). For this, drop-tube sieve size fractions  850 m to ≤ 38 m ranges 

have been undertaken on freshly prepared samples, polished using 0.1 μm colloidal 

silica and without etching. The grain structure for the  850 m to ≤ 38 m sample are 

very clearly revealed in the EBSD Euler map as shown in the Figures 4.18a – 4.27a. 

Figure 4.18a and Figure 4.19a contain many equiaxed grains of near equal size within 

drop-tube sample sizes  850 m and 850 – 500 m respectively.  whereas Figure 
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4.20a within drop-tube sample size 500 – 300 m contains a mix of large and very 

small grains, the number of which increase as we move to Figure 4.21a ( 300 – 212 

m). As this progression continues we get to Figure 4.23a (150 – 106 μm) which is 

dominated by small grains. Figure 4.25a  (75 – 53 μm) is then different again, with 

large grains, some of which contain a large number of small sub-grains, which 

indicated that these grains (crack-like structure) as being recrystallised. Finally, when 

we reached to Figure 4.26a/4.27a, then some elongation observed in grains which 

speculate that these might be related to the occurrence of the seaweed structure. The 

orientation of each grain relative to its neighbours are shown by the histogram of grain 

orientations in the Figures 4.18b – 4.27b, within the drop-tube sample sizes 150 m 

to ≤ 38 m. The histogram of all above figures (Figure 18b – 27b) match – mismatch 

with the EBSD pattern, but at least Figure 4.24b looks random orientation  and 

Figure4.25 b/Figure 4.26b/Figure 4.27b looks low angle grain boundaries. 

The grain orientation spread (GOS) map and data of selective drop-tube sieve size 

fractions (basis of their microstructure/different morphologies) also obtained for 

further understanding of orientations of grains, which are shown in the Figures 4.28 a 

– 4.31a and 4.28b – 4.31b respectively. Spherulites shows deeper grain orientation 

spread (Figure 4.28), while dendritic microstructure shows comparatively low grain 

orientation spread (Figure 4.29). However, recrystallised microstructure shows higher 

orientation spread and when it transit to seaweed then we obtained highest grain 

orientation spread , this can be seen from the Figure 4.30 and Figure 4.31 respectively. 
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Figure 4.7 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the  850 μm size fraction. Numerous spherulite structures are evident in a more-

or- less featureless matrix. 

 

Figure 4.8 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 850 – 500 μm size fraction. Numerous spherulite structures are evident in a 

more-or-less featureless matrix. 
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Figure 4.9 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 500 – 300  μm size fraction. Shows co-existence of spherulites with dendritic 

microstructure. 

 

Figure 4.10 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 300 – 212 μm size fraction. Shows co-existence of spherulites with dendritic 

microstructure. 
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Figure 4.11 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 212 – 150 μm size fraction showing dendritic structures in a featureless 

matrix. 

 

Figure 4.12 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 150 – 106 μm size fraction showing dendritic structures in a featureless 

matrix. 
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Figure 4.13 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 106 – 75 μm size fraction, showing dendritic structure with non-orthogonal 

side branching. Two dendrites in particular are indicated with side-branches at 

angles of (i) 60˚ and (ii) 45˚ and 30˚. 

 

Figure 4.14 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the 75-53 μm size fraction showing crack-like relief (recrystallised 

microstructure).  
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Figure 4.15 (a) SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle 

from the 53 - 38 μm size fraction showing dendritic seaweed structure and  (b) 

dendritic seaweed structure, dendrites, crack-like relief (recrystallised-

microstructure) along with featureless matrix; within the same size of drop-tube 

particle (a). 

 

(a) 

(b) 
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Figure 4.16 SEM (SEI) micrograph of an HF etched β-Ni3Ge drop-tube particle from 

the  38 μm size fraction showing dense branched fractal or ‘dendritic seaweed’ 

structure. 

 

(a) 
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Figure 4.17 (a) EDX line scan across a spherulite trunk (b) dendrite trunk and (c) 

seaweed trunk, showing that the contrast revealed by etching is not the result of 

solute partitioning. 

(b) 

(c) 
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Figure 4.18 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size  850 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.19 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 850 – 500 μm (arrow indicates 

presence of spherulite); (b) Histogram of the correlated misorientation angle 

distribution across grain boundaries for the image shown in (a). 

(a) 

(b) 
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Figure 4.20 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 500 – 300 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.21 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 300 – 212 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.22 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 212 – 150 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.23 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 150 – 106 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.24 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 106 – 75 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.25 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 75 – 53 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.26 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size 53 – 38 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.27 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched β-Ni3Ge drop-tube particle size  38 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.28 (a) shows EBSD results of grain orientation spread (GOS) map of 

unetched β-Ni3Ge drop-tube particle  size  850 μm. Grains are outlined with 

white boundaries and were constructed presuming a 5 deg tolerance angle 

(success rate of indexing is 99.5 pct) ; (b) Histograms for the image shown in  

(a), where colour indicates the range of orientation angle. 

(a) 

(b) 
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Figure 4.29 (a) shows EBSD results of grain orientation spread (GOS) map of 

unetched β-Ni3Ge drop-tube particle  size 106 – 75 μm. Grains are outlined with 

white boundaries and were constructed presuming a 5 deg tolerance angle 

(success rate of indexing is 99.5 pct) ; (b) Histograms for the image shown in  

(a), where colour indicates the range of orientation angle. 

(a) 

(b) 
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Figure 4.30 (a) shows EBSD results of grain orientation spread (GOS) map of 

unetched β-Ni3Ge drop-tube particle  size 75 – 53 μm. Grains are outlined with 

white boundaries and were constructed presuming a 5 deg tolerance angle 

(success rate of indexing is 99.5 pct) ; (b) Histograms for the image shown in  

(a), where colour indicates the range of orientation angle. 

(a) 

(b) 
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Figure 4.31 (a) shows EBSD results of grain orientation spread (GOS) map of 

unetched β-Ni3Ge drop-tube particle  size 53 – 38 μm. Grains are outlined with 

white boundaries and were constructed presuming a 5 deg tolerance angle 

(success rate of indexing is 99.5 pct) ; (b) Histograms for the image shown in  

(a), where colour indicates the range of orientation angle. 

 

(a) 

(b) 
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4.2.3 TEM Analysis 

In order to understand the mechanism giving rise to these five typical  structures , 

spherulites, dendrites (orthogonal), dendrites (non-orthogonal), recrystallised, 

dendritic seaweed with recrystallised, dendritic seaweed and their matrix phases, 

transmission electron microscope (TEM) is used to obtain  selected area diffraction 

pattern (SADP) on focus ion beam (FIB) milled sections from the polished - etched 

and mounted samples. Figure 4.32 to Figure 4.35 shows a TEM bright field image of 

a FIB section through a spherulite and some of the immediately surrounding matrix 

material.  

Many coarse and fine filament like crystallites radiating out from the centre of the 

spherulite are evident. Selected area diffraction patterns obtained from the Figure 4.32 

to Figure 4.35, specifically two regions, labelled (i) taken from the spherulites 

structure, and (ii) taken from the matrix materials well away from the spherulites. 

Interestingly, the SADP of all four figures of spherulites microstructures  was same 

within above mentioned two regions (i and ii), where, superlattice spots are clearly 

evident with the diffraction pattern, which indicates that the material display at least 

partial chemical ordering within the spherulites (i) . The same is also true with 

featureless matrix material throughout all the same region (ii) at the Figure 4.32 to 

Figure 4.35. Therefore, here presented only one set of SADP results which obtained 

from Figure 4.35, and an example of this SADP are shown in the Figure 4.36 (a and 

b), where, the superlattice spots in Figure 4.36 b appear better developed than in 

Figure 4.36 a. Which indicates that the spherulite structure Figure 4.35 (i) is the 

partial ordered structure while, featureless matrix Figure 4.35 (ii) are completely 

ordered structure.  

In order to understand the morphology of spherulite, further analysis were carried out 

by TEM to obtain more selected area diffraction pattern (SADP) within the spherulite 

structure. Figure 4.37a shows typical bright-field TEM images of such isolated 

spherulite structure. Figures 4.37 (b-d) show three selected area diffraction patterns 

obtained from the microstructure shown in Figure 4.37a, first SADP obtained from 

the initial core of the spherulites at the region (i), second SADP obtained from the 

spherulites structure at the region (ii) and third SADP obtained from the featureless 

matrix well away from the spherulite at the region (iii). Figure 4.37b illustrates that 
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the spherulite core is disordered (no superlattice spots), Figure 4.37c demonstrate that 

the outer spherulite is partially ordered (presence of few superlattice spots) and Figure 

4.37d indicate that the material is fully ordered (superlattice spots) in the matrix 

material. It looks like ordering progressively increases as we move away from the 

spherulite core. In order to get detail of the spherulite structures, TEM dark-field 

images obtained from the each of the sieve fractions between ≥850 µm to 300 – 212 

µm, as shown in Figure 4.38 (a-d). These images were obtained from one of the 

superlattice spots within the selected area diffraction pattern and as a consequence of 

this only the chemically ordered material was illuminated. In all cases the spherulites 

appear to be composed of lamellae of ordered material separated by inter-lamella 

material of the disordered phase.  

Figure 4.39. shows the measured lamellar size (d/m) of spherulites from ≥850 µm to 

300 – 212 µm samples as a function of drop-tube cooling rate (K s-1). It can be seen 

that the average lamellar size are decreasing from 0.45 µm to 0.11 µm at a cooling rate 

700 K s-1  and 4600 K s-1 respectively. The very large error bar corresponding to the 

measurement for the ≥ 850 µm sieve fraction is indicative of the seemingly non-

constant lamellar widths observed in this sample, which can be clearly seen in Figure 

4.38a. Notwithstanding this, there is a clear trend for the lamellar width to decrease 

with decreasing particle size (increasing cooling rate) are noticeable in the Figure 

4.39. 

Figure 4.40a shows typical bright-field TEM images of dendritic structure 

(orthogonal). Figures 4.40 (b and c) show two selected area diffraction patterns 

obtained from the microstructure shown in Figure 4.40a, first SADP obtained from 

the dendritic region (i) and second SADP obtained from the matrix materials well away 

from the dendrites (ii). The spherulite region appeared partially ordered (superlattice), 

while SADP of dendrites region shows absence of superlattice (chemically disordered 

structure) as shown in Figure 4.40b. However, the featureless matrix still consistent 

with  the superlattice (chemically ordered structure) as shown in Figure 4.40c.  

Also, a TEM SADP obtained from the dendritic structure  (non-orthogonal dendrites), 

Figure 4.41a shows typical TEM bright-field of dendritic structure (non-orthogonal) 

and SADP obtained from the dendritic region (circle) as shown in Figure 4.41b. The 

SADP of dendritic region (non-orthogonal) is same as SADP of dendritic region 
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(orthogonal) with respect to absence of superlattice (chemically disordered structure). 

However, the arrangement of crystal lattice non-orthogonal dendrites  is different than 

orthogonal dendrites, which is shown in Figure 4.41b. The all angles of α , β and γ are 

same (a = b = c) in non-orthogonal dendrites system, while in orthogonal dendrites 

system only two angles are same (a =b ≠ c). 

Figure 4.42 a shows a TEM bright field image with regards to understand unusual 

‘crack-like’ morphology (recrystallisation), which were observed in the drop-tube 

sieve size fraction 75 – 53 μm, a selected area diffraction pattern (Figure 4.42b) is 

taken from the large blocky area between the ‘cracks’, which are shown by a circle at 

Figure 4.42a. It indicates that the large blocky areas between the ‘cracks’ are indeed 

of the L12 ordered structure. This is evident from the super-lattice spots visible in 

Figure 4.42b. For the further analysis with respects to understand morphology of this 

microstructure, a high resolution TEM image of the structure of one of these blocky 

regions is obtained, which shown in Figure 4.43a bright-field image, with the 

corresponding dark-field image shown in Figure 4.43b. The region that appears bright 

white in Figure 4.43a and black in Figure 4.43b actually contains some material. i.e. 

we are not just looking at a hole where the material is completely etched away. The 

dark-field image was obtained from the super-lattice spot indicated by the arrow in 

Figure 4.42b and therefore shows ordered material as light.  

Further reduction in drop-tube sample sieve size to 53 – 38 μm, another microstructure, 

‘dendritic seaweed’ are observed. For understanding morphology of this seaweed 

structure, a TEM  SADP  (Figure 4.44b) was obtained from the region of dendritic 

seaweed, which is indicated by a circle at Figure 4.44a. The diffraction pattern of 

dendritic seaweed is entirely different crystal system. As within the same size of drop-

tube sample (53 – 38 μm) crack-like (recrystallised structure ) also observed with 

dendritic seaweed, pure dendritic structure and featureless matrix, which can be seen 

in the Figure 4.45a. Therefore,  SADP (Figure 4.45 b-d) also obtained from these 

three main regions, (i) crack-like (recrystallized), (ii) featureless matrix and also from 

the (iii) seaweed microstructure for understating their morphologies. The diffraction 

pattern of crack-like features (Figure 4.45b) are also same as we observed in Figure 

4.42b (crack-like region). However, the diffraction pattern of dendritic seaweed 

(Figure 4.45d) is look disordered structure (without the superlattice spots).  
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Finally, Figure 4.46a shows typical bright-field TEM image from the smallest droplet 

in the < 38 μm sieve size fraction (dendritic seaweed). Figures 4.46 (b and c) show 

two selected area diffraction patterns obtained from the microstructure shown in 

Figure 4.46a, first SADP obtained from the dendritic seaweed at the region (i) and 

second SADP obtained from featureless matrix at the region (ii). The featureless 

matrix is still in ordered structure however, SADP of seaweed structure observed 

disordered structure. In addition to that in TEM SAD analysis sample has been tilted 

while obtaining diffraction pattern at different location. There is also some bend 

contrast was observed in TEM analysis, which can be seen by Figure 4.44 (a), 

implying that the sample was not completely flat.  Hence, the orientation of diffraction 

patterns from different regions should not be treated as comparable.   
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Figure 4.32 TEM bright field image of a spherulite (i) and surrounding matrix material 

(ii) in a β-Ni3Ge drop-tube particle  850 μm particle. 

 

Figure 4.33 TEM bright field image of a spherulite (i) and surrounding matrix material 

(ii) in a β-Ni3Ge drop-tube particle 850 – 500 μm particle. 
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Figure 4.34 TEM bright field image of a spherulite (i) and surrounding matrix material 

(ii)  in a β-Ni3Ge drop-tube particle 500 – 300 μm particle. 

 

Figure 4.35 TEM bright field image of a spherulite and surrounding matrix material 

in a β-Ni3Ge drop-tube particle 300 – 212 μm particle. 
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 a 

 

Figure 4.36 (a) Selected area diffraction patterns from  Figure 4.35 at region (i) 

spherulite, and (b) from the featureless matrix well away from the spherulite at 

region (ii).  

(b) 

(a) 
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Figure 4.37 (a) TEM bright field image of a spherulite, (b) selected area diffraction 

patterns obtained from the initial core of the spherulite at region (i), c from the 

region (ii) - spherulites and (d) from the featureless matrix well away from the 

spherulite at the region (iii). 

iii 

i 

ii 

(a) 

(b) 

(c) (d) 



 
 

103 

 

  

  

Figure 4.38 TEM dark-field image of HF etched drop-tube processed β-Ni3Ge 

droplets obtained from one of the superlattice spots within the diffraction pattern 

of drop-tube particles (a) ≥ 850 μm (b) 850 – 500 μm, (c) 500 – 300 μm, and (d) 

300 – 212 μm respectively. 

 

(a) (b) 

(c) (d) 
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Figure 4.39 Average spherulite lamellar width as a function of cooling rate. 
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Figure 4.40 (a) TEM bright field image of a dendrite (orthogonal) and surrounding 

matrix material in a 212 – 150 μm drop-tube sample, (b) selected area diffraction 

patterns obtained from the region (i) dendrite and (c) from the region (ii) matrix 

material. 

(a) 

(b) 
(c) 
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Figure 4.41 (a) TEM bright field image of a dendrite (non-orthogonal) in a 106 – 75 

μm drop-tube sample, (b) selected area diffraction patterns obtained from the 

dendrites (as shown by a circle on Figure a). 

(a) 

(b) 
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Figure 4.42 (a) TEM bright field image of a recrystallised structure in a 75 – 53 μm 

drop-tube sample, (b) selected area diffraction patterns obtained from the large 

blocky areas between the cracks-like features as shown in Figure (a). Arrow 

shows the specification of the spot from which the dark-field image shown in 

Figure 4.43 (b). 

(a) 

(b) 
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Figure 4.43 (a) : Transmission electron microscope (TEM) bright-field image of the 

blocky region occurring between the ‘cracks’ in the 75 - 53 μm size fraction and 

(b) TEM dark-field image of same region obtained from one of the super-lattice 

spots within the diffraction pattern (Figure 4.42b). 
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Figure 4.44 (a) TEM bright field image of a dendritic seaweed in a 53 – 38 μm drop-

tube sample, (b) selected area diffraction patterns obtained from the region 

(circle) at dendritic seaweed. 

 

(b) 

(a) 



 
 

110 

 

  

 

   

Figure 4.45(a) TEM bright field image of a dendritic seaweed and surrounding crack-

like features in a 53 – 38 μm drop-tube sample, (b) selected area diffraction 

patterns obtained from the region (i) crack-like features, (c) from the region (ii) 

featureless matrix and (d) from the region (iii) dendritic seaweed. 

(a) (b) 

(c) (d) 
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Figure 4.46 (a) TEM bright field image of a dendritic seaweed and surrounding matrix 

material in a ≤ 38 m drop-tube sample, (b) selected area diffraction patterns 

obtained from the region (i) dendritic seaweed and (c) from the region (ii) matrix 

material. 

 

 

 

 

 

(a) 

(b) (c) 
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4.3 Preparation of Ingot – Ni5Ge3 

The congruent melting intermetallic compound Ni5Ge3 was produced in the arc-

melting furnace, which is considered as a starting material/parent material of this 

project. For this, Ni and Ge elements were calculated at at. % (Ni-enhancement), as 

we experienced the loss of Ni during preparation of Ni3Ge ingot. Therefore, we also 

used additional amount of Ni to compensate the loss during preparation of Ni5Ge3 

ingot. Which is shown in the Table 4.3, through which the single phase, Ni5Ge3-ingot 

was produced. X-ray diffraction analysis was performed on the polished surface of the 

arc-melted ingot for confirmation of single phase compound. Figure 4.47 show XRD 

analysis result and black vertical line indicate peak position for the single-phase, ε- 

Ni5Ge3 reference pattern (ICCD 04 – 004 – 7364). A strange signal/‘hump’ also 

appeared between 35 - 40 deg in 2 theta (Figure 4.48). Normally, such a ‘hump’ would 

be associated with the presence on amorphous phase. However, as there is no other 

evidence of such a phase here the likelihood is that this is due to surface contamination.  

Figure 4.48 shows SEM micrograph (featureless) of a polished and etched arc-melted 

sample, which may be compatible with a single phase material. For confirmation, the 

EDX area analysis have been taken from the three different regions (square boxes), the 

large one area of region (i) shows the average chemical composition, (ii) and (iii) 

shows two small regions from the  Figure 4.48, these are shown in the Table 4.4. All  

three regions of EDX analysis indicates that composition is within the homogeneity 

range of single phase [18]. EBSD analysis was also performed on freshly prepared arc-

melted sample, polished using 0.1 μm colloidal silica and without etching. The EBSD 

phase map (Figure 4.49) further confirms the XRD analysis of arc melted sample is 

completely single phase (Ni5Ge3).  
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4.4 Rapidly Solidified Drop-tube Sample – Ni5Ge3   

The arc-melted prepared ingot of single phase (Ni-enhanced) Ni5Ge3 compound was 

rapidly solidified and obtained  850 m to ≤ 38 m sieve size fractions using a drop-

tube technique. Firstly, EDX analysis was carried out on freshly polished samples to 

ensure the chemical composition of the all ranges of drop-tube samples. For this, EDX 

area scanning was randomly performed at least 10 particles of all ranges of drop-tube 

samples ( 850 m to ≤ 38 m) and measured chemical compositions were within the 

homogeneity range Ni – 37.2 at.% Ge as shown in Figure 4.50. Consequently, all 

ranges of drop-tube particles have the average chemical composition within the range 

of single phase, congruently melting compound, ε-Ni5Ge3. Samples from all sieve 

fractions ( 850 m to 38 m) shown in Figure 4.51 have also been subject to XRD 

analysis, which, by comparison with  the ICCD reference patterns for ε- Ni5Ge3 (04 – 

004 – 7364) and έ-Ni5Ge3 (01-075-6729), confirms that the material remain fully 

single phase Ni5Ge3, irrespective of the imposed cooling rate. In this way, the largest 

sieve fraction (≥850 µm) of this material was ', while the smaller than 850 µm (850 – 

38 µm) size fractions were . Where, ' is the equilibrium low temperature phase and 

 a retained high temperature phase. Moreover, EBSD analysis was also performed on 

freshly prepared drop-tube samples with all sieve size fractions ranges from   850 μm 

to < 38 μm, polished using 0.1 μm colloidal silica and without etching.  

The EBSD phase map for all drop-tube samples further confirms the XRD analysis in 

that all ranges ( 850 μm to < 38 μm) samples are completely single phase ε-Ni5Ge3/ 

έ-Ni5Ge3. An example of EBSD phase map within 850 – 500 m sieve is shown in 

Figure 4.52. After that several analysis  techniques were used  to study the effect of 

rapid solidification process, evolution of microstructures, phase transformation, to 

study of crystal structure, thermal analysis and mechanical properties through using 

SEM, TEM, EBSD, DSC and Vickers micro-hardness test.    
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Table 4.3 Shows the calculation of Ni and Ge composition (Ni-enhanced) at their 

atomic percentage. 

Element Composition 

(at. %) 

Molar 

mass 

(g/mol) 

Mole*Comp. 

(g) 

 

Comp (mass) = Mol 

*Comp/Total mass 

(g) 

Comp (g) 

Used in arc 

melt process 

Ni 0.631 58.693 58.693*0.631 

= 37.03528 

37.03528/63.83944 

= 0.58013 

0.58013*15 

= 8.70195 

Ge 0.369 72.64 72.64*0.369= 

26.80416 

26.80416/63.83944 

= 0.419868 

0.419868*15  

= 6.2980 

   = 63.83944  = 15.00 

 

 

Figure 4.47 X-ray diffraction analysis of as cast (arc-melted, Ni-enhanced) sample 

prior to drop-tube process. Vertical black lines indicate peak position for the 

single-phase (ε-Ni5Ge3 reference pattern). 

 



 
 

115 

 

 

Figure 4.48 SEM micrograph of HF etched of as cast (arc-melted, Ni-enhanced) 

sample prior to drop-tube process, showing sample has completely single phase 

(featureless matrix). The regions (square blocks) selected from different regions 

of sample for EDX area analysis. 

 

Table 4.4 (i) shows the average result of EDX area analysis of Ni and Ge composition 

at. % from the larger area, (ii) and (iii) shows results of EDX area analysis of Ni 

and Ge composition at. % from the two smaller regions of  Figure 4.2b. 

 

 

 

 

 

 

 

 

(i) 

Element Atomic  (%) 

 Ni 62.8 

Ge 37.2 

 

(ii) 

Element Atomic  (%) 

 Ni 62.6 

Ge 37.4 

 

(iii) 

Element Atomic  (%) 

 Ni 62.5 

Ge 37.5 
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Figure 4.49 Electron backscatter diffraction (EBSD) result of phase map (arc-melted, 

Ni-enhanced sample).  

 

Figure 4.50 Average EDX compositions of Ni and Ge of the Ni – 37.2 at. % Ge drop-

tube particles. At least 10 particles were analysed in each size range. 
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Figure 4.51 X-ray diffraction analysis of rapidly solidified drop-tube processed 

samples, ranges from ( 850 m to ≤ 38 m). Vertical black lines indicate peak 

positions for the single-phase ε-Ni5Ge3/ έ-Ni5Ge3 reference pattern and different 

colours represents XRD patterns of particle sizes from  850 m to ≤ 38 m. 

 

 

Figure 4.52 Electron backscatter diffraction (EBSD) result of phase map (drop-tube, 

850 – 500 m sample).  
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4.4.1 Microstructural Characterisation 

SEM was used for studying microstructures of the rapidly solidified Ni5Ge3 droplets, 

ranges from  850 m to  38 m sieve size fractions. Numerous plate and lath like 

structures are evident in the drop-tube samples, in sieve size fractions ranges from  

850 μm to 212 – 150 μm. SEM micrograph of a polished and HF etched samples of 

sieve fractions  850 μm to 212 – 150 μm in powder form shown in the Figures 4.53 

– 4.57, where grain boundaries are also evident and that many of the plate and lath 

morphologies appear to cross the grain boundaries unaltered. Such structures remain 

the dominant morphology between the sieve size fractions  850 – 150 μm. However 

for particle size smaller than150 m, these lath and plate structures are replaced by 

numerous isolated faceted hexagonal crystallites in a more-or-less uniform featureless 

matrix. These isolated faceted hexagonal microstructures are evidently in the three 

small sieve size fractions, 150 – 106 μm, 106 – 75 μm, and 75 – 53 μm, which can be 

seen in the Figures 4.58 – 4.60 respectively. In Figure 4.60, it also appears that a grain 

boundary cuts straight through one of the isolated hexagonal crystallites. Finally, in 

the two smallest sieve size fractions 53 – 38 μm and  38 μm, the isolated faceted 

hexagonal microstructures are ceased and samples transform into a single crystal 

structure on both smallest drop-tube samples. These single crystal structure can be 

observed in the Figures 4.61 – 4.62.  

The EDX line scan technique was used for the analysis of contrast between the 

microstructures (plate and lath and isolated faceted hexagonal crystallites) and the 

surrounding material (featureless matrix) of rapidly solidified drop-tube samples  850 

m to 53 m. The example of EDX line scan of selective sieve size fractions of 

microstructures, 500 – 300 μm (plate and lath structure) and from 150 – 106 μm 

(isolated faceted hexagonal crystallites) are shown in the Figures 4.63a and b 

respectively. From EDX line scan analysis it is clear that, to within the experimental 

error associated with the technique, there is no variation in composition between the 

structures revealed by etching (as shown in Figures 4.63 a-b) and the surrounding 

featureless matrix. This contrast is not the result of compositional difference between 

the plate and lath/isolated faceted hexagonal crystallites and the surrounding matrix 

due to the solute partitioning during solidification. 
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 For the EDX line scan of plate and lath trunk (Figure 4.63 a), time for each 

step and number of step can be calculated by following equation: 

Time for each step  = total aquasition time / number of steps = 437 sec /500 = 0.9 sec 

(4 – 7) 

Number of step =  Total length of scan/step size from the lateral resolution  = 154 

μm/500 = 0.308 * 1000 = 308        (4 – 8) 

 For the EDX line scan of hexagonal crystallites trunk (Figure 4.63 b): 

Time for each step  = total aquasition time / number of steps = 450 sec /500 = 0.9 sec 

(4 – 9) 

Number of step =  Total length of scan/step size from the lateral resolution  = 17 

μm/500 = 0.34 * 1000 = 34                   (4 – 10) 

It can be conclude that Figure 4.63 (a-b) showed some noise signal which is effect of 

limited time of EDX-line scanning. Also, given the limited number of effective steps 

in the line scan, the ability to distinguish compositional features is limited.   
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4.4.2 EBSD Analysis 

EBSD Euler map was used to study the grain structures of observed microstructure 

(plate and lath, isolated faceted hexagonal crystallites and single crystal structure). For 

this, drop-tube sieve size fractions  850 m to ≤ 38 m ranges have been undertaken 

on freshly prepared samples, polished using 0.1 μm colloidal silica and without 

etching. The grain structure for the  850 m to 53 m sample are very clearly revealed 

in the EBSD Euler map, as an example of three selective size fractions 500 – 300 μm, 

300 – 212 μm and 212 – 150 μm of plate and lath microstructure samples are shown 

in the Figures 4.64a – 4.66a. The EBSD images show no evidence of either the plate 

and lath nor hexagonal morphologies visible in the SEM images. Also, it suggest that 

the plate and laths have the same crystallographic orientation as the background. For 

the plate and lath microstructure sample size fractions 500 – 300 μm, the orientation 

of each grain relative to its neighbours are looks random with some additional 

components of high angle as shown by the histogram of grain orientations in the 

Figures 4.64b. While, for the plate and lath microstructure sample size fractions 300 

– 212 μm and 212 – 150 μm, the orientation of each grain relative to its neighbours are 

looks predominantly low angle grain boundaries (LAGB) as shown by the histogram 

of grain orientations in the Figures 4.65b – 4.66b. Figure 4.67a and b shows the 

EBSD Euler map and histogram of isolated faceted hexagonal crystallites, from the 

sample size 150 – 106 μm, the orientation of each grain relative to its neighbours are 

looks predominantly random. However, the EBSD Euler map does not show the 

presence of any grains in the two smallest sieve size fractions 53 – 38 μm and  38 

μm. An example of Euler map and histogram of grain orientations amongst these two 

smallest sieve size fractions are shown in the Figure 4.68a and b. which indicates that 

these two smallest samples might be single crystal.  
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Figure 4.53 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

 850 μm size fraction showing numerous plate and lath structures in a more-or-

less featureless matrix. 

  

Figure 4.54 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

850 – 500  μm size fraction showing numerous plate and lath structures in a 

more-or-less featureless matrix. 
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Figure 4.55 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

500 – 300 μm size fraction showing numerous plate and lath structures in a more-

or-less featureless matrix. 

 

Figure 4.56 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

300 – 212 μm size fraction showing numerous plate and lath structures in a more-

or-less featureless matrix. 
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Figure 4.57 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

212 – 150 μm size fraction showing numerous plate and lath structures in a more-

or-less featureless matrix. 

 

Figure 4.58 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the  

150 – 106 μm size fraction showing isolated faceted crystallites.  
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Figure 4.59 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

106 – 75 μm size fraction showing isolated faceted crystallites.  

 

Figure 4.60 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

75 – 53 μm size fraction showing isolated faceted crystallites.  
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Figure 4.61 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

, 53 – 38 μm size fraction showing featureless matrix (single crystal).  

 

Figure 4.62 SEM (SEI) micrograph of HF etched Ni5Ge3 drop-tube particle from the 

,  38 μm size fraction showing featureless matrix (single crystal).  
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Figure 4.63 (a) EDX line scan across a lath and plate trunk and (b) isolated faceted 

crystallites trunk, showing that the contrast revealed by etching is not the result 

of solute partitioning. 

(a) 

(b) 
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Figure 4.64 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched Ni5Ge3 drop-tube particle size 500 – 300 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.65 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched Ni5Ge3 drop-tube particle size 300 – 212 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.66 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched Ni5Ge3 drop-tube particle size 212 – 150 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

(a) 

(b) 
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Figure 4.67 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched Ni5Ge3 drop-tube particle size 150 – 106 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

(a) 

(b) 
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Figure 4.68 (a) Electron backscatter diffraction (EBSD) result of Euler texture map of 

unetched Ni5Ge3 drop-tube particle size 53 – 38 μm; (b) Histogram of the 

correlated misorientation angle distribution across grain boundaries for the 

image shown in (a). 

 

 

(a) 

(b) 
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4.4.3 TEM and Thermal Analysis 

In order to understand the mechanism giving rise to these three typical  structures , 

plate and lath, isolated faceted hexagonal crystallites, single crystal structure and their 

matrix phases, transmission electron microscope (TEM) is used to obtain  selected area 

diffraction pattern (SADP) on focus ion beam (FIB) milled sections from the polished 

- etched and mounted samples. 

Figure 4.69a to 4.71a shows TEM bright field images of a FIB section through a  (έ) 

partially plate and lath ( 850 μm), (ε) fully plate and lath (500 – 300 μm) and isolated 

faceted hexagonal crystallites (150 – 106 μm) and some of the immediately 

surrounding matrix material. Selective area diffraction pattern (SADP) identifies two 

regions as shown in Figure 4.69a; (i) Matrix material that is away from the partially 

plate and lath structure, (ii) Inside the plate and lath structure. The SAD results of 

region (i) and (ii) are shown in Figure 4.69 (b-c). Here, we observed double 

superlattice spots (έ), which is entirely different kind of crystal structure as compared 

to other observed drop-tube samples. The example of this double supper lattice spots 

are clearly evident in Figure 4.69b, indicating the matrix material anticipated 

chemically ordered structure. While the absence of supper lattice spot in Figure 4.69c, 

indicating the material imply the partially plate and lath morphology anticipated 

chemically disordered.   

Also, selective area diffraction pattern (SADP) obtained as identifies two regions in 

Figure 4.70a; (i) matrix material that is away from the plate and lath structure, (ii) 

inside the plate and lath structure. The SAD results of region (i) and (ii) are shown in 

Figure 4.70 (b-c) respectively, the crystal structure looks different (cubic in Figure 

4.70 b and hexagonal in Figure 4.70c). In this sample, we observed single lattice spots 

(Figure 4.70b), also indicating the matrix material anticipated chemically ordered 

structure. While the absence of supper lattice spot in Figure 4.70c, indicating the 

material imply the plate and lath morphology anticipated chemically disordered. 

Similarly, selective area diffraction pattern (SADP) obtained as identifies two regions 

in Figure 4.71a; (i) matrix material that is away from the isolated faceted hexagonal 

crystallites, (ii) inside the isolated faceted hexagonal crystallites. The SAD results of 

region (i) and (ii) are shown in Figure 4.71 (b-c) respectively. Supper lattice spots are 

also clearly evident in Figure 4.71b, indicating the matrix material anticipated 
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chemically ordered structure. While the absence of supper lattice spot in Figure 4.71c, 

indicating the material imply the isolated faceted hexagonal crystallites morphology 

anticipated chemically disordered. 

Finally, Figure 4.72a shows a TEM bright field image of a FIB section through a 

single crystal structure (53 – 38 μm). As the single crystal structure show complete 

matrix material, no formation of any microstructure. Therefore, SADP randomly 

obtained from the matrix material at the regions (i and ii), the results of SADP are 

shown in the Figure 4.72 (b-c). In contrast to both matrix materials of plate and lath 

and also isolated faceted hexagonal crystallites microstructure, the matrix material of 

single crystal structure shows absence of super lattice spot. This indicates that in the 

smallest drop-tube sieve size sample completely transformed into chemically 

disordered material.  

 

4.4.4 DSC and In-situ TEM analysis 

Differential scanning calorimetry (DSC) was performed on the particle of sieve 

fraction (150 – 106 µm) with heating rate 10 K mint-1, in order to understand the 

phenomenon whether the reordering was developed in solid state or during 

solidification at the liquidus temperature. The results of this experiment are given in 

the Figure 4.73a. Two low temperature transformations are apparent. One of these 

appeared at the temperature range 300 – 320 °C, and from the phase diagram is likely 

to be the   ' + Ni2Ge, as would be expected for material at 37.2 at% Ge. In this 

respect it is interesting to note that the largest drop-tube sieve fraction, powders > 850 

m, was single phase '. This suggests that cooling was sufficiently rapid to suppress 

the   ' + Ni2Ge, forcing the system to undergo the congruent   ' transition 

instead. The second low temperature region noticeable at 460 – 540 °C in DSC, which 

suggest that it might be associated with higher temperature  -phase ordered-

disordered transformation.  

In order to understand order-disorder transformation, an in-situ heating experiment 

was conducted in the TEM. For this, first we identified featureless matrix in the TEM 

and then obtained SADP of this region which was ordered structure (presence of 

superlattice spots). Then, another SADP was obtained by rapidly increasing the 
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temperature from room temperature to 465 °C, within the same region (ordered/ 

superlattice region). Figure 4.73b explains the initial ordering region with it 

surrounding featureless matrix using SAD pattern, to confirm that the material 

remained ordered at temperature 465 °C. Furthermore the material was heated until 

the point is reached where the supper lattice spots disappeared (Figure 4.73c), 

explaining the material has transformed from ordered to fully disordered phase with a 

corresponding temperature of 485 °C evidently shown by the peak in DSC curve.  

  

   

 Figure 4.69 (a) TEM bright field image of a partially plate and lath structure (έ) and 

surrounding matrix material in a  850 μm size fraction, (b and c) selected area 

diffraction patterns from regions (i) and (ii) identified in the bright field image 

(i) matrix materials well away from the plate and lath structure, (ii) inside the 

structure. 

(a) 

(b) (c) 
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Figure 4.70 (a) TEM bright field image of a plate and lath structure and surrounding 

matrix material in a 500 – 300 μm size fraction, (b and c) selected area 

diffraction patterns from regions (i) and (ii) identified in the bright field image 

(i) matrix materials well away from the plate and lath structure, (ii) inside the 

structure. 

 

 

(a) 

(b) (c) 
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Figure 4.71 (a) TEM bright field image of a plate and lath structure and surrounding 

matrix material in a 150 – 106 μm size fraction, (b and c) selected area 

diffraction patterns from regions (i) and (ii) identified in the bright field image 

(i) matrix materials well away from the isolated faceted hexagonal crystallites 

microstructure, (ii) inside the isolated faceted hexagonal crystallites 

microstructure. 

(a) 

(b) (c) 
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Figure 4.72 (a) TEM bright field image of a plate and lath structure and surrounding 

matrix material in a 53 – 38 μm size fraction, (bandc) selected area diffraction 

patterns from regions (i) and (ii) identified in the bright field image, two different 

regions of matrix materials. 

(a) 

(b) (c) 
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Figure 4.73 (a) DSC trace from a Ni5Ge3 drop-tube particle from the 150 – 106 μm 

size fraction, 1st and 2nd cycle indicated by green and blue respectively, two 

vertical black line shows the transition temperature at 320 to 460 °C and (b) TEM 

(In-situ) SAD pattern taken from Figure 4.58 at room temperature (ordered) and 

(c) SAD of the same area but at 485 °C (disordered). 

 

 

 

 

(b) (c) 

(a) 
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4.5 Microhardness 

In order to determine the effect of cooling rate upon mechanical properties, Vickers 

micro-hardness tests have performed on the spherulites, mixed spherulites and 

dendrites, dendrites (orthogonal), dendrites (non-orthogonal), recrystallised, mix 

recrystallised and seaweed and dendritic seaweed microstructures of  intermetallic 

compound β-Ni3Ge, rapidly solidified drop-tube sample size from  the ranges   850 

μm  to  38 μm. The results of this are shown in the Figure 4.74. The maximum 

hardness, 526 Hv0.01, was observed in smallest size drop-tube sample  38 μm 

diameter particles (dendritic seaweed) . Conversely, the minimum hardness, 148 

Hv0.01, was observed in the large drop-tube sample 106 – 75 μm diameter particles 

(dendrites – non-orthogonal).  

Similarly, Vickers micro-hardness tests were also performed on the plate and lath 

microstructure, isolated faceted hexagonal crystallites and single crystal structure 

samples, with our second intermetallic compound Ni5Ge3, rapidly solidified drop-tube 

sample size from  the ranges   850 μm  to  38 μm, to determine the effect of cooling 

rate upon mechanical properties. The results of this are shown in the Figure 4.75. The 

maximum hardness, 1021 Hv0.01, was observed in smallest size drop-tube sample  

38 μm diameter particles (single crystal) . Conversely, the minimum hardness, 671 

Hv0.01, was observed in the larger drop-tube sample 75 – 53 μm  diameter particles 

(faceted hexagonal crystallites).  

It can be concluded that the mechanical properties can be altered (hardness increased) 

by increasing the cooling rate (except sample size 106 – 75 μm of Ni3Ge and sample 

size 75 – 53 μm of Ni5Ge3), in the cases studied here for both intermetallic compounds 

Ni3Ge and Ni5Ge3 from  700 to ≤ 54500 Ks-1. Further, we will explain this behaviour 

in the next chapter. 
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Figure 4.74 Micro-hardness value of Ni3Ge compound as a function of droplet 

diameter ranges from  850 μm  to  38 μm. 

 

Figure 4.75 Micro-hardness value of Ni5Ge3 compound as a function of droplet 

diameter ranges from  850 μm  to  38 μm.  
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Chapter 5 Discussion 

In this chapter, we will discuss all the results of our two congruently, melting 

compounds (Ni3Ge and Ni5Ge3), presented in the previous chapters. In this discussion, 

the primary focus will be the morphology of the observed microstructures that is the 

consequence of the rapid solidification process (drop-tube). We will also discuss the 

effect of the cooling rate on the microhardness and microstructures of these two 

compounds. Finally, we will compare the microhardness results of Ni3Ge and Ni5Ge3 

compounds. 

 

5.1 Ni3Ge Compound 

β-Ni3Ge is a congruently melting compound, which makes it an ideal system for 

studying the solidification morphologies associated with high growth rate disorder 

trapping.  β-Ni3Ge is also an ideal system because the disorder trapping should occur 

without the complication of solute trapping.  

β-Ni3Ge system has been examined before by Ahmed et al [15], who performed the 

undercooling experiments on the same compound. In this experiment, a maximum 

undercooling of 362 K was observed using a melt-fluxing technique. Although, 

Ahmed et al examined evidence of order and disorder characteristics in this compound, 

on the velocity-undercooling curve. They observed a discontinuous break in the curve 

at the onset of fully disordered development. For β-Ni3Ge, this condition was met with 

an undercooling of 168 K and with a critical growth velocity of 0.22 m s-1. However, 

Ahmed et al could not get ordered-disordered material as solidified samples.  As in the 

melt flux technique, the cooling rate was slow, therefore the whole sample became 

ordered only. For this reason, they did not observe an absence of superlattice spots in 

the solidified sample. In contrast, for this project, we use drop-tube processing 

technique to explore the rapid solidification behaviour of β-Ni3Ge. Drop-tube 

processing is unlike melt flux undercooling techniques. It enables access to high post-

recalescence cooling rates in which inherently unstable structures can be retained. 

Moreover, in the case of smaller droplets sizes, there is a much higher probability that 

the original solidification morphology will be retained. However, a somewhat 

surprising outcome of this work on the β-Ni3Ge compound, discussed in detail below, 
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is the ubiquitous occurrence of spherulites, dendrites (orthogonal and non-orthogonal), 

dendritic seaweed and recrystallised microstructure. 

Nonetheless, in flux undercooling experiments ( 10 K s-1), the post-recalescence 

cooling rate is extremely slow. This means that any evidence of a microstructural kind 

that relates to disorder trapping will have been extensively modified in the as-solidified 

sample. In this situation, there is no chance of examining APD’s or even disordered 

material that have been retained. Therefore, Ahmed et al did not observe the above 

mentioned anomalous microstructures even during etching that used the same 

chemical composition of etchant (HF+HCl+HNO3). We can infer that in the case of 

Ahmed et al using melt flux undercooling produced a β-Ni3Ge sample in which 

everything was ordered. While, in our case (drop-tube technique), our sample had 

residue disordering. That is why we observed spherulites, dendrites (orthogonal-non-

orthogonal), dendritic seaweed and recrystallised microstructures that were disordered 

with their respective ordered background matrixes. For this reason, in our case, the 

same chemical etchant was preferentially dissolving the dis-ordered materials only. 

Consequently, it only revealed disordered materials and produced a range of different 

microstructures. These different microstructures were produced within different sizes 

of drop-tube particles under the different cooling rates. 

 

5.5.1 Spherulites Morphology 

A surprising outcome of the β-Ni3Ge was the ubiquitous occurrence of spherulites. 

This morphology (spherulites) is rare in intermetallic compound. Spherulites are 

commonly found in a range of materials, including small molecule organic crystals 

and polymers. They are also found in other materials, including inorganic crystals, 

volcanic rocks and a few pure elements (e.g. graphite, sulphur and selenium). 

However, spherulite development is much rarer in metals that are fully crystalline, 

sometimes in cast iron (graphite), albeit they are noticed in partially crystalline glass 

forming alloys, both as residual crystals subsequent solidification and as devitrification 

products [56]. 

As mentioned above, spherulites are most common in polymers and small molecule 

organic crystals. They are especially common in high molecular weight polymers, 

which have been grown directly from the melt. In these, the long chain molecule 
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reorientation is restricted by topological constraints. The structure of these kinds of 

spherulites is characterised by multiply branched crystalline arms, which are separated 

by amorphous regions between the arms [56]. Spherulites are most common in systems 

that are unoriented. The suppression of spherulite growth appears where there exists a 

strong tendency for uniform molecular orientation: for example, in the case of growth 

that occurs in a gradient of strong, externally imposed temperature [57]. Polymers and 

metallic glasses are characterised by low diffusivity. Consequently, it is probable that 

kinetics dominates the development of spherulites. Additionally, the anisotropy of 

polymers tends to be relatively low. 

Similarly, spherulites are also common in amorphous metallic systems. After the glass 

transition temperature has been reached through a heating process, several amorphous 

metallic systems (metallic glasses) undergo crystallisation, transforming to the 

morphology of spherulites. In some respects crystallization from the melt and 

crystallisation from a metallic glass precursor are comparable, while in other ways it 

can be different. The principal difference is that in a metallic glass the viscosity of a 

glass is much higher as compare to that of a melt. In an analogous way, in comparison 

to a melt of an equivalent composition, the atomic diffusivity is much lower in a glass. 

As a result, crystallisation from a glass can, but is not always, restricted to short range 

diffusion that is to say that the atom rearrangement occurs without bulk solute 

redistribution. In turn this means that it is crystallisation that is dominated by growth 

kinetics, not diffusion.  

In our system (β-Ni3Ge), a similar situation may be said to exist in the growth of β-

Ni3Ge from its parent melt. There is no need for long range solute transport by 

diffusion since the compound is congruently melting. This agrees with EDX 

measurements. These measurements indicate that, within experimental uncertainty, the 

spherulitic chemical composition is the same as that of the surrounding featureless 

matrix material. This is also the case for dendrite (orthogonal and non-orthogonal), 

dendritic seaweed and recrystallised microstructures. In relation to the growth of the 

spherulite it is possible to postulate that thermal transport within these large particles 

is fast enough for the droplet to approximate isothermal solidification conditions. The 

domination of kinetics occurs under these conditions, resulting in a spherulite 

morphology with kinetically favoured fine needle. Moreover, since spherulites are 
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only partially disordered, slow growth is likely to occur (ordered phases grow much 

more slowly than disordered phases) which will favour an isotropic morphology. 

In our system, in a β-Ni3Ge compound, we found numerous spherulite like structures. 

SEM micrographs show the polished and etched sections from the four sieve size 

sections  850 m, 850 – 500 m, 500 – 300 m and 300 – 212 m (Figure 4.7 – 

4.10). Numerous spherulite morphologies are visible in the two largest sieve sizes 

(Figure 4.7and 4.8). Their range of diameter is typically 10-20 m. In a background 

that is without features, the only solidification morphology observed in these sizes of 

droplet is of the spherulites. Spherulite morphologies still appear in the smaller sieve 

sizes, 500 – 300 m and 300 – 212 m (Figure 4.9 and 4.10). However, these 

spherulite now smaller in size and coexist with dendrites. There are also isolated 

spherulites that coexist with a very prominent pseudo-dendritic structure that 

comprises orthogonal linear arrays of spherulites. This was obtained from the 300 – 

212 m sieve fraction (Figure 4.10), and is particularly notable. The top left of the 

figure shows this particularly well. Linear groups of spherulites are seen to compose 

the secondary arms of the dendritic structure. From the image, it cannot be known if 

the dendrite grew with the morphology or if, due to some process of decomposition, 

for instance, the spherulites formed after the initial dendritic growth. Below, this 

question is explored further, while noting that we found that classical dendrites become 

the dominant solidification morphology when further increase in cooling occurs. 

By subjecting samples (all spherulites microstructures) from all 4 sieve fractions 

(Figure 4.7 – 4.10) to XRD analysis (Figure 4.5), it was confirmed that, irrespective 

of the imposed cooling rate, the material/compound fully remains single phase β-

Ni3Ge. As such, no variation in chemical composition would be expected within the 

sample and this has been confirmed by taking a number of EDX line and area scans 

(Figure 4.17a). These EDX scans results showed that the material is chemically 

homogenous with a composition consistent with -Ni3Ge. The contrast that exists 

between the spherulite and the featureless material from the matrix surrounding it does 

not appear to result from compositional differences that would result from solute 

partitioning during solidification. The contrast does not seem to relate to phase 

differences either. Rather, we believe (it is also confirmed via TEM) that the 

unambiguous difference is due to a difference between disordered (or partially 
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disordered) material within the spherulites and a featureless matrix that is ordered. In 

etching comparison to the disordered material, the ordered material would be more 

resistant to the chemical attack of the acids used. This conjecture is based on the 

observation of the behaviour of other intermetallic compounds, in the ordered and 

disordered state. However, it is not a certain conclusion as we did not measure the 

chemical resistance of ordered vs disordered in our compound β-Ni3Ge (we proposed 

this work for future work/analysis). This is significantly different from instances of 

spherulitic growth, which occur from the melt in metals in a direct way. In those 

instances, the spherulites are typically two distinct phases with different 

crystallography. 

In the TEM bright field image of a typical spherulite structure (Figure 4.37a), many 

fine filament like crystallites radiating out from the centre of the spherulite are clearly 

visible. The SADP results of origin of spherulites does not show the presence of 

superlattice spots (Figure 4.37b -i). This indicates that disordered material is the origin 

of spherulites. However, the superlattice spots are clearly evident within the diffraction 

pattern, which indicates that the material displays at least partial chemical ordering 

within the spherulites (Figure 4.37c - ii). The same is also true of the featureless 

background material (Figure 4.37d - iii). 

Detail of the spherulite structures in each of the sieve fractions between  850 µm to 

212 µm are shown in the TEM dark-field images Figure 4.38 (a-d). In these images, 

only the chemically ordered material is illuminated because the images came from one 

of the superlattice spots in the diffraction pattern of the SAD. Ordered material lamella 

separated by inter-lamella material of the disordered phase is seen to compose the 

spherulites in all of the cases. From this, we can make an inference about the origin of 

the contrast that occurs during the etching and the solidification pathway giving rise 

to the spherulite structures. It is difficult to think what else might give rise to the 

contrast, since the material within the droplets is chemically homogeneous, single 

phase β-Ni3Ge. In the dark-field images, one notes in the spherulites the presence of 

disordered material which is clearly evident within the dark-field images presented in 

Figure 4.38 (a-d) that relate to the second point above. Since β-Ni3Ge orders at all 

temperatures below the melting point during equilibrium solidification, the material 

that comprises the spherulites must have, during growth, been subject to a degree of 
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disorder trapping. This suggests that the spherulites grew from the undercooled melt 

during the recalescence phase of solidification. Consequently, the solid fraction 

formed during recalescence will be reflected in the spherulitic material volume fraction 

in the sample fs, given by fs = T. cp/L, where cp and L are the specific heat and latent 

heat upon fusion respectively. The solidification of the residual liquid (volume fraction 

1- fs) will occur following recalescence. This will occur close to equilibrium and 

therefore to the ordered form of β-Ni3Ge, giving rise to the matrix material in which 

the spherulites are embedded. The matrix is resistant to chemical etching, due to the 

chemical ordering. This is why it appears featureless after etching.  

Spherulites are not all align with the crystallographic directions of an fcc structure. 

Non-crystallographic branching are seen to maintain space-filling, which can be seen 

most easily with respect to Figure 4.38b. In this regard, the observed spherulites have 

entirely similar with Category 1 polymer spherulites. Here, we seem to be observing a 

contrast in the same crystal structure between an ordered and disordered variant, 

instead of between crystalline lamellae in an amorphous matrix (the case for polymer 

spherulites or those observed in a metallic glass’s devitrification). Additionally, in 

certain cases (Figure 4.38 b-d), the widths of the lamellae appear to be nearly constant. 

The measured lamellar size as a function of drop-tube cooling rate is shown in the 

Figure 4.39. The average lamellar size decreases from 0.45 µm at a cooling rate of 

700 K s-1 to 0.11 µm at a cooling rate of 4600 K s-1. The non-constant lamellar widths 

seen in the  850 µm sample are shown in Figure 4.38a. These are indicated by the 

very large error bar corresponding to the measurement for the  850 µm sieve size 

fraction. There is a clear enough trend, despite this, for the lamellar width to decrease 

with the decrease of the particle size (the increase of the cooling rate). With decreasing 

particle size, the melt undercooling would be expected to increase in these droplets. 

This is because high cooling rate leads to high undercooling, but also due to the effect 

of melt sub-division by which, in the smaller melt volume, the potential heterogeneous 

nuclei are potentially smaller in number. There is further correspondence with 

theoretical models of spherulite formation based on polymeric materials [117], where 

such a trend has also been observed. Moreover, Jackson and Hunt presented a theory 

for the growth of lamellar and rod eutectics in which the lamellar width is related to 

the undercooling and growth. They described the relationship between lamella spacing 

growth and undercooling rate in terms of  λ ∝ 1/ΔT [118]. They proposed an inverse 
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relationship between lamella spacing and undercooling rate, such as if undercooling 

goes up then lamella spacing goes down. These kinds of relations with spherulites 

lamella spacing are also observed in our system. However, Jackson and Hunt studied 

this phenomenon in relation to lamellar spacing and undercooling, not cooling rate. 

However, for small droplets it would be expected that undercooling will increase in 

the smaller size fractions, both due to increased cooling rate and the melt sub-division 

effect. Consequently, a reduction in lamellar spacing with decreasing droplet size is 

expected, although we cannot determine the actual undercooling of the droplets. 

However, we also observed the same inverse relationship between spherulites lamella 

width and drop-tube cooling rates (λ ∝ 1/ΔT). As we increased drop-tube cooling rate 

from 700 K s-1 to 4600 K s-1, then the width of lamella also decreased from 0.45 µm 

0.11 µm. 

There are two plausible scenarios for trying to understand the origin of the spherulite 

structures that have occurred in this experimental work: 

The spherulites consisting of ordered lamellae, grew directly from the melt in the 

observed form. In this case it would seem likely that each lamellae grew along a 

preferred crystallographic direction and that this direction differs from one lamellae to 

the next. 

The spherulites grew as the disorder variant of the β-Ni3Ge phase and ordered 

subsequently in the solid-state. If this is the case, then the crystallographic direction of 

all lamellae growth would likely have been the same but the chemical ordering would 

have been distinct. 

To understand the origin of the morphology of the spherulitic structures, EBSD 

analysis was also performed on freshly prepared samples that were polished using 0.1 

m colloidal silica and without etching in order to distinguish the two alternatives. The 

XRD analysis shows that all samples are completely single-phase β-Ni3Ge is further 

confirmed by the EBSD phase map for all samples (one of example shown in the 

Figure 4.6). The EBSD Euler map (Figure 4.19a) shows very clearly the 850 –500 

µm sample grain structure. There appears a large number of grains, typically of a 30 – 

50 µm diameter. The grain orientation histogram (Figure 4.19b) shows that the each 

grain’s orientation in relation to the next is look-like random. With one possible 

exception the spherulites are not visible in ESBD, a notable point that is discussed 
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below. This contrasts with the SEM secondary electron images in which a minimum 

of one spherulite is contained in each grain. What we can infer from the invisibility of 

the spherulites, the size of which could be resolved by EBSD, is that the spherulites’ 

crystallography must be contiguous with the grains in which the spherulites are 

embedded. 

This too is consistent with TEM diffraction analysis, in which sharp diffraction spots 

are apparent. The appearance of these spots is consistent with the beam being focused 

on an area that has a single crystallographic orientation. As such the available is 

consistent with spherulites growing as a disordered phase, with subsequent solid-state 

ordering. There may be an instance of a spherulite appearing in the EBSD map as a 

dark circular region. This dark circular region is embedded in a grain of a lighter shade 

(see top right hand arrow of Figure 4.19a). Yet, even in this case, the spherulite is 

characterised by a crystallographic orientation that is throughout uniform and not 

consistent with non-crystallographic branching. 

A comparatively consistent view of spherulite formation in ordered intermetallics at 

high cooling rate may be established on the basis of the given evidence, and is shown 

schematically in the Figure 5.1.  Melt undercooling is favoured by rapid cooling and 

the melt dividing into numerous small droplets. In this case, undercooling is favoured 

by an amount T. As the droplet size decreases, T increases. At some temperature 

TN nucleation occurs, which starts the recalescence phase of solidification. In this time, 

growth of the spherulite precursors occurs. At this stage, due to rapid solidification 

causing disorder trapping, this process most probably occurs as a fully disordered 

solid. Partial reordering occurs a short time after the disordered phase growth. This 

may occur during the plateau phase of solidification during which the residual liquid 

and the solid formed during recalescence coexist. In the partial reordering, ordered 

filaments grow radially outward from the centre. This leaves, in the spaces between 

the filaments, residual disordered material. Since the temperature of the droplet is, at 

this stage, close to the melting temperature, reordering of the disordered material is 

feasible. Moreover, it is common during the solidification of undercooled melts. Near 

isothermal solidification occurs in the residual liquid, on account of the extraction of 

heat from the droplet during the plateau phase. The featureless ordered matrix that 

embeds the spherulites since the process occurs close to equilibrium. 
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The growth of spherulites in polymers shows similarities to this process. These 

similarities include the constant width of the filaments within a spherulite. Being a 

function of undercooling during growth, the filament width decreasing as cooling rate 

increases. Additionally, the filaments branch at non-crystallographic angles in order 

for the space-filling to be maintained. In intermetallics case, it appears that a 

contiguous underlies the crystallography and that the branch is only at the level of the 

chemical ordering. 

 

 

Figure 5.1 Schematic diagram showing proposed model for spherulite formation in -

Ni3Ge with initial growth to the disordered phase during the recalescence phase 

of solidification followed by partial reordering during the plateau phase. 
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5.1.2 Dendrites Morphologies (orthogonal and non-orthogonal and seaweed 

Dendritic morphologies are first observed in our compound β-Ni3Ge, within the drop-

tube sieve fraction that ranges from 500 – 300 µm (cooling rate > 1400 K s-1). For 

particles with a diameter of 150 – 106 µm (cooling rate > 7800 K s-1), the dendritic 

morphology is the predominant one. It is well evidenced in [109] that droplet 

solidification techniques, including drop-tube processing or gas atomization results in 

a rapid increase of undercooling in the droplet as the size of the droplet decreases, due 

to increased cooling rates and the sub-division of the melt. There are two possible 

explanations of this mechanism. The first explanation is that with increasing 

undercooling the growth rate will increase. Additionally, the need for efficient 

diffusion of heat from the growing solid leads to the formation of thermal dendrites. 

By this it is meant that the dendrites form as a result of growth into a negative 

temperature gradient, which destabilises the solid-liquid interface. The second 

explanation derives from Ahmad’s [15] work suggests that there is a critical 

undercooling temperature above which a rapid increase in growth velocity occurs 

because of a transition to fully disordered growth. In this case, the faster growth would 

then require the need for dendritic morphologies to diffuse the latent heat away 

efficiently. In line with most materials we may assume that it is normal capillary 

anisotropy that gives rise to the directionality observed in the dendritic structures. The 

second explanation is more plausible because at low cooling rate we observed 

spherulites (partially ordered), while at high cooling rate the dendrites (completely 

disordered) were observed.   

The spherulites grew as the disorder variant of the β-Ni3Ge phase and ordered 

subsequently in the solid-state. If this is the case, then the crystallographic direction of 

all lamellae growth would likely have been the same but the chemical ordering would 

have been distinct. It remains unclear whether any other transition in the growth 

mechanism coexists with the transition that occurs to dendritic growth. Nevertheless, 

it seems natural to assume that there would be a connection between the transitions 

from the spherulitic to dendritic growth morphology with the transition to fully 

disordered growth observed by Ahmad et al. at an undercooling of 168K. Another 

proposition follows from this: the spherulitic structures observed in this case are only 

partially disordered, and the spherulite structure is a composite of ordered-disordered. 

This might be considered as an analogue of the crystalline-amorphous type of 
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spherulites observed in polymers, rather than the eutectic type more common in metals 

grown from their parent melt. Furthermore, the low velocity of growth observed at low 

undercooling [119]  would be explained by the residual ordering that occurs in these 

structures. 

The SEM micrograph of a polished and etched sample from the drop-tube sieve 

fraction 212 – 150 m/ 150 – 106m (Figure 4.11/4.12), shows that well dendrites 

with orthogonal side-branching constitutes the dominant morphology. This dominant 

morphology imbedded within a featureless matrix. With regards to the visible contrast 

between the surrounding matrix material and the dendrites region, TEM SAD (Figure 

4.40) confirmed that these differences are due to a difference in a chemical ordering. 

The dendrites regions show a disordered structure (without superlattice spots), while 

featureless matrix material show an ordered structure (with superlattice structure).  

It should also be noted that the TEM analysis shows the material is completely 

crystalline. With a particle size reduction to 106 - 75 μm (Figure 5.2a), the dendrites 

demonstrate rapid solidification traits that are typical, despite the morphology of the 

solidification remaining dendritic. Side-branches appear no longer orthogonal in 

relation to the central trunk. Irregular splitting of arms also occurs as if the branches 

were taking a character of a doublon type. Predominantly, for the dendrite towards the 

top of the droplet as pictured (sketched in red in Figure 5.2b), there is a variance in 

the angle in-between the primary trunk and the secondary arms. The angle varies 

between 45° at the left of the droplet (as viewed) to 63° at its right-hand end. Giving a 

mean variation of 51.2°. There is an 18° change in the direction of the trunk calculated 

over its growth length. Conversely, for the dendrite close to the centre of the droplet 

(sketched in blue in Figure 5.2b), the angle between the primary trunk and the longer 

part of the secondary arms (also shown in blue) is close to 45° along the whole length 

of the dendrite. Although, for the smaller branches that come out near the root of each 

secondary arm (shown in green), the angle is closer to 30°.  

Transitioning from orthogonal to non-orthogonal side-branching with an increase of 

the undercooling in a cubic system is indicative of a direction change of the primary 

growth. It is a move away from the kind of direction growth that is likely at equilibrium 

[100], which has been noticed before in a number of systems [81]. 
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A similar change has been observed before, as precursor to an evolution from a 

dendritic to dendritic seaweed transition [79]. This dendrite’s curvature is particularly 

distinctive, with the direction of the growth changing by approximately 30°. Such 

curved dendrites have been noted before to have been caused by flow during rapid 

solidification [120]. However, this is not plausible in this case as the droplet size is 

most probably too small. Instead, it may be better understood as being indicative of a 

general decrease in directionality within the microstructure. 

From the microstructure previously shown (Figure 4.11), two selected area diffraction 

patterns have been obtained (Figures 4.40b and c). One of them has been taken from 

the featureless matrix material, far from the dendrite (Figures 4.40c). This is consistent 

with the ordered L12 crystal structure that would be expected to be associated with β-

Ni3Ge. In contrast, an area diffraction pattern from the center of the dendrite (Figures 

4.40b) shows a cubic structure that has the same lattice spacing as the matrix material. 

Nevertheless, there is an absence of superlattice spots that would indicate an ordered 

structure. This is suggestive of the disordered form of the material being the dendrite, 

the dendrite being a simple A1 fcc random solid solution. In order to interpret these 

phenomena, we may postulate that the dendrites, being the rapid solidification 

morphology, developed as the form of β-Ni3Ge that was disordered. This form of 

growth would be due to extensive disorder trapping. We may also postulate that the 

material of the matrix would have developed post-recalescence. Then, due to the much 

lower rate of growth, it would have developed as the ordered form of β-Ni3Ge. 

Now we turn to the selected area diffraction patter (Figure 4.41b) obtained from the 

dendritic region (Figure 4.41a). The underlying crystal structure is the same as the 

one found in the larger droplets. This is despite the somewhat inconsistent character 

of the morphology of the dendrite, which shows evidence of splitting of tips and shows 

side-branches developing at varying angles in relation to their primary trunks. The data 

from the TEM show clearly that the transition in morphology of the dendrite does not 

arise from a change in phase present, but rather arises within the same crystal structure 

from a preferred growth direction change. 

A dense branched fractal/ dendritic seaweed morphology (Figure 4.15a) and also a 

mix of recrystallised microstructure along with dendritic seaweed structure (Figure 

4.15b) observed in the same droplets (53 – 38 m) with a cooling rate that may 
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approach 40,000 K s-1. Here, we will discuss only seaweed dendritic structure and 

recrystallised structure will be discuss separately. Dendritic seaweed structures are not 

unusual at very large departures from equilibrium [81, 86]. Furthermore, these kinds 

of structures indicate a loss of directionality that occurs during growth. This may be 

due to a competition occurring between differently directed capillary and kinetic 

anisotropies [121], or it may be due to the crystalline anisotropy’s strength becoming 

weaker at high growth velocity. It is also likely that, somewhat irregular or distorted 

dendritic morphology (Figure 5.2a) has been caused by the loss of directionality. 

Similar morphologies have been observed before at undercoolings just lower than 

those which produce ‘dendritic seaweed’ morphologies [79, 81]. 

The morphology at a dendritic seaweed is clearly shown in the SEM micrograph and 

the corresponding TEM selected area diffraction pattern from a droplet in the 53 – 38 

μm sieve fraction (Figure 4.15a). It shows multiple splitting of tips. It is also evident 

that it shows a lack of directionality. While the indexing of TEM selected area 

diffraction pattern is not unambiguous (Figure 4.44b), it seems to not be conforming 

to the L12 cubic model. 

Finally a dense branched fractal/dendritic seaweed morphology also observed in the 

smallest droplets ≤ 38 m with a cooling rate that may approach ≤ 54,000 K s-1. 

However, in these ranges of drop-tube samples only dendritic seaweed was observed 

(Figure 4.16). TEM SAD pattern also showed different diffraction pattern in 

comparison to 53 – 38 m droplets dendritic seaweed. In the smallest droplet sample, 

SADP shows similar results of orthogonal and non-orthogonal dendrites in reference 

to disordered materials within the dendrites region and ordered material within the 

featureless matrix (Figure 4.46). Therefore, on the basis of TEM selected area 

diffraction pattern, except one sample (Figure 4.44b), the β-Ni3Ge sample still 

confirms the L12 cubic model (Figure 4.46c). This goes in favour of seaweed 

formation model that is commonly accepted. With regards to the results of one of the 

dendritic seaweed structures (Figure 4.44b), the crystallography does not confirm the 

L12 cubic model. This one observation is unexplained. However, we think that this 

occurrence may be characteristic of intermetallics or maybe specific to this compound. 

For there is no evidence of any solid-solution alloy displaying a similar kind of 

modification, by which there would be a coincidence between a change from the 
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dendritic to the seaweed and the underlying crystallography (there is also no report of 

any crystallographic determination from the seaweed morphology in NiAl [89]). One 

possible explanation may be that high levels of disorder in the orientational ordering 

that [89] postulate to be required for seaweed growth results in a severe distortion of 

the crystal lattice. 

 

 

Figure 5.2 (a) SEM micrographs of HF etched β-Ni3Ge drop-tube particles from the 

106 – 75 m size fraction showing dendritic structure with non-orthogonal side-

branching and (b) sketch of same highlighting two bent dendrites with non-

orthogonal side-branching. 
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5.1.3 Recrystallised Morphology 

Finally, we are going to discuss another novel investigation (recrystallised 

microstructure) into spontaneous grain refinement in the same congruently melting 

intermetallic β-Ni3Ge compound. As far as we are aware, this is the first report of SGR 

in a congruently melting compound which is free from solute partitioning and diffusion 

effects. This means that instead of acting like an alloy it conducts itself in a fashion 

more typical for a pure metal on account of being free from effects of diffusion and 

solute partitioning. During rapid solidification of β-Ni3Ge and as the cooling rate 

increased, we observed and discussed above that a diverse set of solidification 

morphologies that included (in order of increasing cooling rate) spherulites, dendrites 

(orthogonal and non-orthogonal) and dendritic seaweed. We found that all the 

observed structures, whether spherulites, dendrites orthogonal and non-orthogonal and 

dendritic seaweed were made of partially (in the case of spherulites) or fully (in the 

case of dendrites and seaweed) disordered material. For spherulites material was 

partially disordered. For the dendrites and seaweed, it is fully disordered. This 

disordered material is embedded in a matrix of material that is fully ordered. The 

proportion of disordered material has also a tendency to increase as the cooling rate 

also increases. 

A typical microstructure in a droplet from the 75 – 53 μm sieve fraction following 

etching is apparent, in which 23,000 – 42,000 K s-1 is the approximate cooling rate. 

Despite no specific features are observed before the etching, many crack-like features 

are apparent after the etching. Therefore, these features are not cracks despite their 

crack-like appearance (Figure 4.14). The image of EBSD band contrast (Figure 5.3) 

also shows that there is no clear relation between the underlying grain structure and 

the features that resemble cracks/‘crack-like’. In the image, there appears a structure 

that is very refined. This structure comprises lots of grains that are small (< 1 μm). 

Larger (2-10 μm) grains of a much smaller quantity are also intermixed with the small 

grains.  

The manner in which this grain refined microstructure fits into the overall 

solidification sequence as a function of cooling rate is revealed in Figure 5.4, in which 

primary solidification morphologies (spherulites, dendrites and seaweed) are discussed 

above and also reported in [122]. Growth of a dendritic type can be seen in the two 
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immediately larger size fractions (a: 150 – 106 μm, 8,000 – 13,000 K s-1; b: 106 – 75 

μm, 13,000 – 23,000 K s-1). In the case of a metallic melt, this is predictable. In the 

fractions that are smaller, the dendrites show non-orthogonal side-branching. This 

indicates a shift in the direction of the growth. In contrast, within the size fraction that 

is immediately smaller (c: 53 – 38 μm, 42,000 – 62,000 K s-1), we can clearly observe 

the formation of dendritic seaweed, which is a morphology that is found solely at very 

large departures from equilibrium [79, 86].   

It is clear from the grain orientation’s histogram of the material in the 75 – 53 μm sieve 

fraction (Figure 4.25b) that misorientations of grain boundary of either < 10˚ or close 

to 60˚ are in the majority. This distribution is unexpected in the case of randomly 

nucleated grains [123]. The microstructure appearance is suggestive recrystallization 

and recovery that produces grain refinement. This is apparent in the grain sizes that 

have distributed in an extremely inhomogeneous way. It is also apparent in the very 

high number of low angle grain boundaries. Due to grains that have been randomly 

nucleated  [123], this is not the kind of distribution that one would expect. The 

microstructure appearance is suggestive recrystallisation and recovery that produces 

grain refinement. This is apparent in the grain sizes that have distributed in an 

extremely non-homogeneous way. It is also apparent in the very high number of low 

angle grain boundaries.  

In comparison, the grain orientation distribution of the immediately large sieve fraction 

(106 – 75 μm, 13,000 – 23,000 K s-1) sample that corresponds to the deformed 

dendritic structures (Figure 4.29b) appears much closer to what we may expect for a 

random population of grains [123] (Figure 4.24b). From the corresponding grain 

orientation spread (GOS) data for the two samples (Figure 4.30ab – 4.29ab), one can 

see that in comparison to the 106 – 75 μm sample, the 75 – 53 μm sample (Figure 

4.30ab) appears to have a considerably higher GOS. This indicates that in the faster 

cooling powders there are much higher density of dislocations. This suggests a 

potential driving force for recrystallisation and recovery. Through a comparison 

(Figures 4.28 and 4.30a), it is possible to see that within the 75 – 53 μm sample the 

low GOS regions correspond to small grain size regions. This is particularly the case 

with regions, which appear in the micrograph to be towards the centre of the lower 

edge and near the top right-hand edge. In these areas, this is indicative of 
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recrystallisation. By contrast, grains of large size can be correlated with high GOS 

regions in which it can be surmised that recrystallisation and recovery has not occurred 

because in these grains the local driving force has not yet reached the required level. 

It is equally clear that in the 106 – 75 μm the small GOS is indicative of insufficiency 

in the driving force for recrystallisation and recovery. 

Next, the process that has produced the unusual ‘crack-like’ morphology apparent after 

etching needs to be addressed. We already established [124] and also discussed above 

that distinguishing between the ordered and disordered material is done by etching. A 

selected area diffraction pattern (Figure 4.42b) gives confirmation that the large 

blocky regions in-between the ‘cracks’ are indeed of the L12 ordered structure. This is 

apparent from the super-lattice spots visible in Figure 4.42b. 

A high resolution TEM image (bright-field) of the structure of one of these block-like 

areas was made (Figure 4.43a). It also has a dark-field image (Figure 4.43b) that 

corresponds to it. The latter was derived from the super-lattice spot shown by the arrow 

(Figure 4.42b). Consequently, it shows ordered material as light. I should also be 

noted that the region susceptible to etching appears, in the dendritic and the seaweed 

morphologies, greater than for the crack-like structures. 

From this we may speculate that the crack-like structures are regions of residual 

disordered material, which would appear between the areas that have been subject to 

reorder during the recrystallisation. 

The microstructural and EBSD results discussed above provide a compelling evidence 

of spontaneous grain refinement by recrystallisation and recovery. This spontaneous 

grain refinement by recrystallisation and recovery occurs in a narrow size range of 

drop-tube processed, single phase β-Ni3Ge powders spanning the range of cooling 

rates 23,000 – 42,000 K s-1. As a consequence of these results, new light is thrown on 

spontaneous grain refinement as a phenomenon, which is also consequent upon how 

these results fit into the material’s larger solidification sequence. Firstly, it has 

previously been assumed [101] that very high cooling rates could suppress SGR by 

recrystallisation, although here we see exactly that mechanism operating at estimated 

cooling rates up to 42,000 K s-1. This suggests that cooling rate required for 

recrystallisation suppression varies depending on the material. Consequently, unless 

there is sufficient independent evidence these results show that it is not safe to assume 
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that the imposition of high cooling rates leads to the suppression of recrystallisation. 

For β-Ni3Ge it appears to be the case that recrystallisation suppression occurs only 

when the rate of cooling is above 42,000 K s-1 and in which the primary solidification 

morphology observed is of a dendritic seaweed type.  

Secondly, it is noted that recrystallisation grain refinement at low undercooling has 

been observed by [79]. Contrastingly recrystallisation was observed by [86] at high 

undercooling. However, this recrystallisation process only occurred at undercooling 

that were higher than what is required for the change to seaweed morphologies. In 

contrast, in this study recrystallisation grain refinement can be observed, which 

occurred at lower undercooling temperatures than the temperatures requires for a 

change to dendritic seaweed. Similarly, in relation to the past work on SGR by 

recrystallisation and recovery in ordered intermetallics, [38] in the same manner found 

that recrystallisation happened at an undercooling rate only slightly above that required 

for the solid to develop in the disordered form. 

In contrast, the likely undercooling temperature for 75 – 53 μm sample exceeds in a 

considerable way the temperature required for the disordered solid work, taking into 

account the fact that direct determination of the droplet undercooling prior to 

nucleation is impossible in drop-tube processed samples. The onset of the disordered 

solid work seems to occur in the 300 – 212 m size fraction. As a consequence, it 

seems that recrystallisation grain refinement could be imposed on the solidification 

morphology at almost any undercooling temperature, independently of the underlying 

morphology. Additionally, it appears hard to stop the process of recrystallisation, even 

when the cooling rates are very high. 

In intermetallics, recrystallising seems only to proceed when growth is fast enough so 

that ordering is lost. Having said that whether recrystallising processes occur near the 

order-disorder transition temperature or only at temperatures that are markedly higher 

appears to be also system dependent. 
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Figure 5.3 EBSD band contrast image of unetched -Ni3Ge drop-tube particles from 

the 75 – 53 m size fraction showing highly grain refined structure. 

 

Figure 5.4 Solidification sequence as a function of increasing cooling rate with arrow 

showing placement of (Figure 3.5)  in the sequence. (a) 150 – 106 μm, 8,000 – 

13,000 K s-1 and (b) 106 – 75 μm, 13,000 – 23,000 K s-1) showing dendritic 

growth with orthogonal and non-orthogonal side-branching respectively, (c) 53 

– 38 μm, 42,000 – 62,000 K s-1 showing development of dendritic seaweed.   
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5.2 Ni5Ge3 Compound 

Ni5Ge3 is a congruently melting compound. Its homogeneity range of 34.6 – 44.5 at. 

Ge is for the single-phase compound, only. The Ge-deficient end of this range at 37.2 

at. % Ge and 1458 K is where the congruent point is located. Ni5Ge3 has two 

equilibrium crystalline forms, ε and ε' [18] [20]. ε' is the low temperature phase with a 

C2 crystal structure (Monoclinic, space group 5). In contrast, ε is the phase of high 

temperature. It has a P63/mmc crystal structure (Hexagonal, space group 194) [20]. 

The transition between the two occurs either congruently (ε  ε') at 670 K for Ge-rich 

compositions or via the eutectoid reaction ε  ε' + Ni2Ge at 560 K for Ge-deficient 

compositions. The phase diagram does not show order-disorder transitions. 

Furthermore, there is no evidence, as far as we know, that the high temperature ε phase 

may order directly from the liquid after solidification or whether it orders below the 

liquidus temperature in the solid-state. 

In previous chapter we presented all the results of rapidly solidified Ni-37.2 at%. Ge 

(second compound of this project), which is close to the notional stoichiometry of the 

Ni5Ge3 compound. The main objective of the study is to determine whether ordering 

occurs upon solidification, or whether it occurs in the solid-state at some temperature 

below the liquidus. The second aim is to elucidate the effect of cooling rate on the 

suppression of the ordering reaction. 

From the XRD patterns it is confirmed that all samples are Ni5Ge3. As XRD data for 

all the sieve fractions ( 850 µm to ≤ 38 µm) is shown in Figure 4.51, together with 

the ICCD reference patterns for ε-Ni5Ge3 (04-004-7264) and ε'- Ni5Ge3 (01-075-6729). 

Many of the peaks for the ε- and ε'-phases occupy similar positions, although the strong 

double peaks that occur in the spectrum of the ε-phase at 44.72˚ and 46.28˚ are shifted 

to slightly higher angles (45.48˚ and 46.65˚) for the ε'-phase, allowing an unambiguous 

identification. 

The  850 m sieve fraction we identify as the equilibrium (low temperature) ε'-phase 

and the 850 ˂  to ˂  38 m sieve fraction, being the high temperature ε-phase. Therefore, 

it seems plausible that cooling rates that are higher than 700 K s-1 are adequate for the 

suppression of the ε  ε' transition. This would result in the retention of the metastable 

ε-phase down to room temperature. 
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Four different microstructures were observed. First, partial plate and lath type 

structures (Figure 4.53) were observed at low cooling rates ( 700 K s-1,  850 m 

diameter particles). Then, complete plate and lath type structure (Figures 4.54 – 4.57) 

at medium cooling rates (700 – 7800 K s-1, 850 – 150 m diameter particles). Third, 

at higher cooling rates (7800 – 42000 K s-1, 150 – 53 m diameter particles) isolated 

faceted hexagonal crystallites (Figures 4.58 – 4.60) in an otherwise featureless matrix 

were observed. Moreover, EBSD Euler map and histogram data (Figure 4.68) 

confirmed the presence of a single crystal structure (Figures 4.61 – 4.62) at the highest 

cooling rates (≤ 42000 K s-1, ≤ 53 m diameter particles) within the same compound 

of Ni5Ge3. As there is no existence of grain boundary at this sample.  

In intermetallic compounds [104-106], structures of a plate and lath kind are quite 

common. They are also fairly common in some iron alloys [107]. Hyman et al. 

observed plate and lath structures in γ-TiAl [104]. It is reported that this resulted from 

α dendrites transforming during solid-state cooling. This transformation led to a 

mixture of α2 + γ laths surrounded by γ segregates. McCullough et al. also stated that 

plate and lath morphology was found in α2-Ti3Al. Like -Ni5Ge3, α2-Ti3Al shares the 

P63/mmc space group [105]. Yet, in other materials that exhibit the plate and lath 

structure, like Ti3Al, this morphology clearly appeared by a contrast between different 

phases.   

The material being discussed here is single phase, so it is clearly a different case. In 

the case of a congruently melting compound the contrast would not be expected to 

arise from solid composition differences. The absence of solute partitioning is 

established in Figure 4.63. This figure displays an EDX line scan that goes across a 

part of the isolated plate and lath morphology (a). From this we can deduce, within the 

technique’s experimental error that only small compositional variations exist between 

the surrounding matrix that is without features and the structures revealed by etching. 

This is also the case for the isolated hexagonal crystallites morphology (b), EDX also 

demonstrates that the isolated hexagonal crystallites morphology (b) is chemically 

homogeneous. Consequently, the contrast that is shown by the etching process does 

not look to be related to differences in the XRD phase. It does not appear to be related 

to the EDX chemical composition either. 
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In order to understand the origin of morphologies (plate and lath and isolated 

crystallites morphologies) revealed by etching in the rapidly solidified Ni5Ge3 drop-

tube samples TEM imaging and selected area diffraction (SAD) analysis has been 

performed and results are shown in the previous chapter (Figures4.69 – 4.71). The 

SADP results confirm that it is only in the featureless matrix materials that the super-

lattice spots are apparent. These spots appear far away from the plate and lath as well 

as from the hexagonal crystallites structures. This indicates that the featureless matrix 

material is chemically ordered. In contrast, if the super-lattice spots are not apparent 

in either SADP of plate and lath or the hexagonal crystallites regions, then it indicates 

that the material is chemically disordered. Therefore, it is possible to conclude that the 

contrast revealed by the etching is due to a chemical ordering that is incomplete. In 

this case, the etchant affects the disordered material and leaves intact the ordered 

material. Similar behaviour has been observed in our first compound Ni3Ge and we 

reported in [122, 125]. However, TEM SADP of 53 – 38 μm size fraction of Ni5Ge3 

compound shows disordered material (Figure 4.72). We can postulate that at highest 

cooling rate (≤ 42000 K s-1) all material transformed into disordered material. 

So as to determine if the ordering process happens in the solid-state or upon 

solidification at the liquidus temperature differential scanning calorimetry (DSC) was 

used (Figure 4.73a). The results show that two low temperature transformations are 

evident. As anticipated for materials at 37.2 at % Ge, we can see from the phase 

diagram that the first transformation is likely to be the   ' + Ni2Ge eutectoid as it 

appears to be 300 – 320 °C. Interestingly, a single phase ' is what characterised the 

largest drop-tube sieve fraction, powders > 850 m. This indicates that the system was 

forced to go through the congruent   ' transition by a cooling process that was rapid 

enough to suppress the   ' + Ni2Ge eutectoid. The second low temperature 

transition that is apparent in the DSC is different. It is shown to be 460 – 540 °C, which 

could be associated to an order-disorder transformation that would have occurred at 

high temperature in -phase. 

In order to acquire a confirmation of this, an in situ heating experiment was conducted 

in the TEM. A region that was initially ordered was chosen. This corresponded to the 

featureless matrix material. It also corresponded to the already identified SAD pattern 

so as to ensure that the material was ordered (Figure 4.73b). A heating process was 
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used in a progressive manner until the point when the super-lattice spots had vanished 

entirely. This indicated that the material had changed entirely to the disordered phase 

(Figure 4.73c). By then, the temperature had reached 485 °C and in agreement with 

the peak that was shown in the curve of the DSC.  

As a consequence, it is apparent that in the Ni-37.5 at. % Ge melt solidification period, 

the disordered variant of the high temperature -Ni5Ge3 phase constitutes the primary 

solidification phase. In the cooling process, there would be an expectation that this 

primary solidification phase would go through a solid-state change from disorder to 

order at approximately 485 °C. However, it also shows that ordering could be 

suppressed partially through cooling rates in excess of 700 K s-1. This would result in 

structures that are only partially ordered (Figure 4.54 – 4.60). The suppression of a 

change to ε' would also occur at these cooling rates, in turn, this would result in ε that 

is retained and metastable at room temperature Additionally, it is apparent that the 

suppression of low temperature '-phase transformation does not occur for cooling 

rates below 700 K s-1. This suppression could be brought about forcefully through the 

  ' transition that is congruent instead of the   ' + Ni2Ge eutectoid reaction.  

These results raise an additional question that relates to why Ni5Ge3 compound is 

showing partial ordering. The explanation of this partial ordering is as follows: 

ordering-disordering is unambiguously understandable from the liquid, such as in the 

case of our first compound Ni3Ge. In the case of ordering from liquid, the rapidly 

solidified material formed during the recalescence phase of solidification is disordered. 

In contrast, the material that formed during the plateau stage of solidification and 

which is more slowly solidified is ordered. Therefore, we observed an order-disorder 

morphology in this compound.  

Nevertheless, recalescence does not occur during solid-state ordering. Consequently, 

disordered material should not form. In contrast, SAD analysis in TEM clearly 

indicates the presence residue of ordered – disordered transition in Ni5Ge3 compound. 

This anomalous observation could be explained by solidification of first order 

(nucleation) or second order (spontaneous) transition. If we think that ordering has 

occurred through a spontaneous process, then the sample should order spontaneously. 

Otherwise, if the sample is cooled rapidly the ordering process would not take place 

and the sample would be transformed into a disordered form. The moment that the 



 
 

164 

 

sample passes through temperature of transition the sample would order, going from a 

fully disordered state to a fully ordered one. There, would be no chance of a presence 

of both ordered and disordered regions, at the same time.  

In fact, we observed ordered region and disordered region in the compound Ni5Ge3. 

From this fact, it is possible to infer that for Ni5Ge3 the reaction of solid-state ordering 

is of the first order (nucleation). Because in the case of a first order transition, the only 

way possible for going from disorder to order is for something to nucleate the ordering 

reaction. This ordering reaction would necessitate nucleation that would be 

suppressible by rapid cooling. This nucleation process would be random because there 

is a liquid, which starts to nucleate at random points and temperatures. Consequently, 

nucleation does not occur at the same time. There is order where the nucleation has 

occurred, and disorder where there is no nucleation. The mixing of order and disorder 

confirms that the transition is a first order transition.  

From this it is possible to infer that for Ni5Ge3 the reaction of solid-state ordering is 

first order. This ordering process necessitates nucleation that would be suppressible by 

rapid cooling. However, the suppression of a spontaneous, second order reaction could 

not occur in this way. Therefore, we can only observed an order-disorder morphology 

in this compound by nucleation.  

5.3 Vickers micro-hardness 

The results of Vickers micro-hardness tests of our both compounds Ni3Ge and Ni5Ge3 

were presented (Figure 4.74 – 4.75) in previous chapter so as to establish the cooling 

rate effect on mechanical properties. It is clear that Ni5Ge3 (1021 Hv0.01) is 

significantly harder than Ni3Ge (526 Hv0.01) compound. In this section, the Ni3Ge and 

Ni5Ge3 microhardness results will be compared and contrasted. From this data, it can 

be concluded for both compounds that the mechanical properties can be altered 

(hardness increased and decreased) by increasing the cooling rates. However, on 

account of a microstructural transition, we also observed particular abrupt changes in 

microhardness which are coincident with changes in morphologies. These kinds of 

changes are observed in our both compounds (Ni3Ge and Ni5Ge3) and can be seen in 

the Figure 5.5.  In the Ni3Ge compound, these changes occur during the change in 

morphology from dendrites (orthogonal) to dendrites (non-orthogonal) microstructure 
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transition (417 to 148 Hv0.01). Similarly, abrupt decreasing in hardness is also observed 

in our second compound Ni5Ge3 during the plate and lath to isolated hexagonal 

crystallites microstructure transitions (824 to 671 Hv0.01). Overall, in the cases studied 

in this project, the cooling rates ranged from  700 to ≤ 54500 K s-1. 

Gupta et. al reported microhardness values of Ni3Ge and Ni5Ge3 compounds at 

equilibrium condition [126]. These microhardness values are different than our 

compounds. However, they used slow cooling process (water-quench) as compared to 

our cooling process (rapidly solidified). In fact, there is also a big drop in the results 

of microhardness between equilibrium [126] and our first observed rapidly solidified 

sample ( 850 m, 700 K s-1) within both compounds (Ni3Ge and Ni5Ge3).  

Gupta reported approx.490 Hv0.05 microhardness for the Ni3Ge compound at 0 K s-1. 

Conversely, the result of our first drop-tube sample  850 m shows 299 Hv0.01 at 

700 K s-1. Also, we observed the gradual increment in the results of microhardness 

with respect to the increasing cooling rate (the decreasing size of drop-tube samples). 

These increment goes up to 417 Hv0.01 at 13000 K s-1, where our observed 

microstructure was transformed into orthogonal dendrites. However, after this cooling 

rate we also observed a decrease in the microhardness (417 to 148 Hv0.01), which may 

be caused by the transition of the microstructure to a non-orthogonal dendritic structure 

at 24000 K s-1. Interestingly, the trend of increasing hardness with increasing cooling 

rate was re-observed also after the cooling rates increased from 24000 to ≤ 54500 K s-

1 . The increase in microhardness observed here was from 148 to 526 Hv0.01. This 

hardness was the highest observed microhardness in our Ni3Ge compound. It was 

higher than Gupta Ni3Ge microhardness (approx.490 Hv0.05). 

Similarly, the same kind of trend is also observed in our second congruently melting 

compound Ni5Ge3. Gupta also reported approx.850 Hv0.05 microhardness for the 

Ni5Ge3 compound at 0 K s-1. Conversely, the result of our first drop-tube sample  850 

m shows 706 Hv0.01 at 700 K s-1. Moreover, we observed the gradual increment in 

the results of microhardness with respect to the increasing cooling rate (the decreasing 

size of drop-tube samples). Where our observed microstructure was plate and lath 

microstructure, this increment went up to 824 Hv0.01 at 7735 K s-1. However, after this 

cooling rate we also observed a decreasing in the results of microhardness (824 to 671 

Hv0.01). This may be caused by the transition of the microstructure as this sample was 
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an isolated hexagonal crystallites microstructure at 13000 K s-1. Remarkably, the trend 

of increasing hardness with increasing cooling rate was also re-observed after the 

cooling rate increased from 13000 to ≤ 54500 K s-1. Then, we observed an increasing 

in microhardness from 671 to 1021 Hv0.01. This hardness was the highest observed 

microhardness in our Ni3Ge compound, which is also higher than the Ni5Ge3 

microhardness observed by Gupta (approx. 850 Hv0.05). All of these trend can be seen 

from the Figure 5.5. 

There are similarities in both techniques. The first similarity is that as the content of 

Ge increases (Ni3Ge to Ni5Ge3), the hardness is also increased. Secondly, both results 

show similarity as Ni3Ge is less hard than Ni5Ge3. In contrast, there is also a difference 

in the microhardness results of both compounds, which may be caused by using 

different techniques (slow cooling and rapid cooling). These contrasting results 

indicate that mechanical properties can be improved by using different techniques 

regardless of the similarity between compounds or chemical compositions. 

 The behaviour observed in this instance is anomalous. It is contrary to what is 

predictable. We would assume that either in the case of spherulites microstructure 

(Ni3Ge) or in the case of plate and lath structures (Ni5Ge3) the materials would be 

partially ordered. We would also presume that the matrix material would be nearly 

fully ordered. This would consistent with the TEM results of both compounds. 

Nevertheless, we must assume that with an increase in the cooling rate the suppression 

of the chemical ordering will occur. As a consequence, there will be a decrease of the 

degree of ordering in the partially ordered material. By this, we mean that on account 

of the increasing rate of cooling there will be increase in the disordering of the 

spherulites / plate and lath structures (decreasing the particle sizes of spherulites/plate 

and lath structure). Conversely, with an increase in the cooling rate, the microhardness 

would also be expected to decrease instead of increasing, as the disordered material. 

This is because it is more metallic like with increasing degree of disorder. 

Another possible explanation for this is that due to high cooling rate increased growth 

velocity, in the lattice, defect concentration increases, which could result in dislocation 

density increase. In turn, this would give an effect that is comparable to work-

hardening. Our comprehension of the manner in which rapid solidification can be used 
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in intermetallic materials processing may be impacted in a significant way by these 

results.  

 

 

Figure 5.5 Micro-hardness value of Ni3Ge (diamond symbol) and Ni5Ge3 (square 

symbol) compounds as a function of droplet diameter ranges from   850 μm to 

≤ 38 μm. 
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Chapter 6 Conclusion  

1. The congruently melting, single phase, intermetallic compound β-Ni3Ge (Tm 

= 1132 °C), of composition Ni-23.8. % Ge was successfully produced by arc 

melting, then the compound was subjected to rapid solidification via drop-tube 

processing. After this drop-tube process, the compound remained fully single 

phase β-Ni3Ge, irrespective of the imposed cooling rate. 

2. Rapid solidification of the congruently melting intermetallic compound β-

Ni3Ge has revealed a range of solidification microstructures, imbedded within 

a featureless matrix. The solidification microstructure, which evolve with 

increasing departure from equilibrium are as follows: 

(i) Spherulites microstructure ( 850 – 500 μm,  700 – 1400 K s-1), 

(ii) mix spherulites and dendrites microstructure (500 – 150 μm, 1400 – 7800 

K s-1), 

(iii) well-defined dendrites with orthogonal side-branching (150 – 106 μm, 

7800 – 13000 K s-1) 

(iv) dendrites with non-orthogonal side-branching (106 – 75 μm, 13000 – 

24000 K s-1) 

(v) recrystallised microstructure (75 – 53 μm, 24000 – 42000 K s-1) 

(vi) dendritic seaweed microstructure (53 to ≤ 38 μm, 42000 to  54500 K s-1) 

3. In the two largest sieve sizes (≥ 850 μm and 850–500 μm) numerous isolated 

spherulite morphologies are observed with diameters in the range 10–20 μm. 

In these droplets sizes the spherulites are the only solidification morphology 

observed in what is otherwise a featureless background. 

4. In the smaller three sieve sizes (500 – 300 μm, 300 – 212 μm and 212 – 150 

μm) spherulites coexist with classical dendrites, and structures are observed 

which consist of linear arrays of spherulites tracing out a dendritic outline.  

5. SADP in the TEM analysis confirmed that it is only the spherulite 

microstructure that is partially ordered amongst the above listed 

microstructures, which are disordered. However, SAD analysis also indicated 

that the featureless background material of all above microstructures including 

that of the spherulites is chemically ordered. 
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6. It is postulated that the structures composed of a linear array of spherulites 

develop to start with as a dendrite of the disordered material during the 

recalescence phase of solidification. During the ‘plateau phase’ following 

recalescence, at the time when the solid should have co-existed with the liquid, 

partial re-ordering then occurred. During this time the dendrite arms were 

fragmented into the observed linear array of spherulites.  

7. Detailed investigation using TEM diffraction analysis and dark-field imaging, 

combined with EBSD leads to the conclusion that these spherulites are 

characterised by many similarities, but also some key differences in 

comparison to spherulites commonly observed in polymers.  

8. The intermetallic spherulites are composed of outward radiating lamellae of 

near constant width that maintain space filling by branching along non-

crystallographic directions. Furthermore, the lamellar width is a function of 

cooling rate, with higher cooling rates giving finer lamellae. In this respect, the 

spherulites examined in this study closely resemble Category 1 polymer 

spherulites. However, both lamellae and matrix are here crystalline, instead of 

the lamellae being crystalline in an amorphous matrix as in the case of the 

polymer. Undoubtedly, the TEM and EBSD evidence suggests that both share 

a contiguous underlying crystallography. However, these are characterised by 

the distinction between the lamellae that are the chemically ordered L12 variant 

of this structure and the inter-lamella material that is the disordered fcc variant.  

9. With regards to dendritic morphology, we can draw conclusion from Ahmad 

et.al work [15] that a rapid increase in growth velocity occurs above a critical 

undercooling temperature because of a transition to fully disordered growth. In 

this case, the faster growth would necessitate dendritic morphologies to diffuse 

the latent heat away in an efficient way. As in other materials, it can be assumed 

that it is normal capillary anisotropy that produces the directionality 

characteristic of the dendritic structures.  

10. With increasing cooling rate from 7800 – 13000 K s-1 to 13000 – 24000 K s-1 

the dendrites show non-orthogonal side-branching together with some tip-

splitting. However, the underlying crystallography, as shown in the selected 

area diffraction analysis in the TEM, remains the same as at lower cooling rate 

˂ 13000 K s-1. 
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11.  At the highest cooling rates (42000 to  54500 K s-1) studied dendritic growth 

(non-orthogonal) is replaced by growth of dendritic seaweed. Despite the 

transition of microstructures, the drop-tube sample had still the same 

underlying crystallography of a cubic (L12). 

12. This is in favour of seaweed formation model that is commonly accepted. 

However, with respects to the result of one of the dendritic seaweed structures, 

the crystallography does not confirm the L12 cubic model. This one observation 

is unexplained. 

13. Spontaneous grain refinement (SGR) is also observed below the cooling rate 

42000 K s-1 in the same congruently melting intermetallic compound β-Ni3Ge. 

As far as we know, this is the first report of SGR in the congruently melting 

compound.  

14. Microstructural and EBSD data is believed to provide compelling evidence of 

spontaneous grain refinement by recrystallisation and recovery within a narrow 

size range of drop-tube processed, single phase -Ni3Ge powders spanning the 

range of cooling rates 24000 – 42000 K s-1, 75 – 53 μm. 

15. This recrystallisation grain refinement is observed at lower undercooling than 

the transformation to dendritic seaweed structure. However, very high cooling 

rates (> 42000 K s-1) recrystallisation suppressed and freeze in seaweed 

structures. 

16. Despite each of these morphologies being observed in various metallic systems 

at different undercooling, it is very rare to find the entire range of morphologies 

in a single material β-Ni3Ge. 

17. The second congruently melting, single phase, intermetallic compound ε-

Ni5Ge3 (Tm = 1185 °C), of composition Ni-37.2 % Ge, was also successfully 

produced and then the compound was subjected to rapid solidification via drop-

tube processing. From this process, the compound remains fully single phase 

ε-Ni5Ge3, irrespective of the imposed cooling rate. 

18. Rapid solidification of the congruently melting intermetallic compound ε-

Ni5Ge3 has revealed a range of solidification microstructures, imbedded within 

a featureless matrix. The solidification microstructure, which evolve with 

increasing departure from equilibrium are as follows: 

(i) Partial plate and lath microstructure ( 850 μm,  700 K s-1), 
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(ii) Plate and lath microstructure (850 – 150 m diameter particles, 700 – 7800 

K s-1 

(iii) Faceted hexagonal crystallites microstructure (150 – 53 m diameter 

particles, 7800 – 42000 K s-1) 

(iv) Single Crystal microstructure (53 to ≤ 38 μm, 42000 to  54500 K s-1)   

19. Only in the lowest cooling rate  700 K s-1,  850 μm the low temperature έ-

phase was observed to be retained upon cooling to room temperature. The 

dominant solidification morphology, revealed after etching, is that of isolated 

partial plate and laths within a featureless matrix. 

20. In all powder sizes except the largest sieve fraction (> 850 m) the high 

temperature -phase was found to be retained upon cooling to room 

temperature.  

21. Selected area diffraction analysis in the TEM reveals that the partial plate and 

laths and plate and laths are partial ordered variant of έ-Ni5Ge3 and ε-Ni5Ge3 

respectively, whilst the featureless matrix of both microstructures are the 

ordered variant of the same compound. However, SAD analysis in the TEM 

also reveals that the isolated hexagonal crystallites are the disordered variant 

of ε-Ni5Ge3, whilst the featureless matrix is the same as the partial plate and 

laths and plate and laths. 

22. SAD analysis in the TEM reveals the single crystal structure including their 

featureless background sample are the completely disordered variant of ε-

Ni5Ge3 because at the highest cooling rate the material does not have sufficient 

time to reorder even its featureless matrix.  

23. Differential scanning calorimetry (DSC) indicates two low temperatures 

transformations. The first of these appears between 300 – 320 °C and is likely 

to be the   ' + Ni2Ge eutectoid decomposition. The second appears to be in 

the range 460 – 540 °C and we postulate may be associated with the order-

disorder transformation in the high temperature -phase.  

24. An in situ heating in the TEM also indicated a solid-state order-disorder 

transformation between 470 - 485 °C, with the material transforming to the 

fully disordered phase above 485 °C. 

25. When DSC data and an in situ heating in the TEM analysis is combined with 

microstructural analysis, it is possible to conclude that for Ni5Ge3 the reaction 
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of solid-state ordering is first order, where the nucleation has occurred, there is 

ordered and where there is no nucleation there is disordered region. Therefore, 

ordered-disordered transformation observed in Ni5Ge3 compound even in the 

solid-state condition.  

26. The Vickers micro-hardness results confirmed that the ε-Ni5Ge3 (1021 Hv0.01) 

is significantly harder than the β-Ni3Ge (526 Hv0.01) compound. 

27. There was a similar trend in the results of hardness of both compounds. In both, 

the hardness increased and decreased by increasing the cooling rates.  

28. On account of a microstructural transition, we also observed abrupt changes in 

microhardness (decreases), which are coincident with changes in 

morphologies. Otherwise, the hardness is gradually improved in both 

compounds by increasing cooling rates. 

29. In the Ni3Ge compound, these changes occur during the change in morphology 

from dendrites (orthogonal) to dendrites (non-orthogonal) microstructure 

transition (417 to 148 Hv0.01). 

30. Similarly, abrupt decreasing in hardness is also observed in our second 

compound Ni5Ge3 during the plate and lath to isolated hexagonal crystallites 

microstructure transitions (824 to 671 Hv0.01). 

31. Overall, in the cases studied in this project, the cooling rates ranged from  700 

to  54500 K s-1. 
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Future Work 

This research has yielded several interesting results. However, a number of points still 

remain unclear and would benefit from further study:  

1. Our both congruently melting compounds (Ni3Ge and Ni5Ge3) produced a 

range of microstructures that were the consequence of the rapid solidification 

process (drop-tube).  Moreover, these microstructures were revealed through 

an etching process that produced a contrast in the form of the microstructures 

and the featureless background materials. However, we have confirmed by 

SAD analysis in the TEM that these differences were caused by disordered 

(microstructures) and ordered (featureless matrix) materials. In comparison to 

the disordered material, we found that the ordered material would be more 

resistant to the chemical attack of the acids used in etching. This conjecture is 

based on the observation of the behaviour of other intermetallic compounds in 

the ordered and disordered state. However, it is not a certain conclusion as we 

did not measure the chemical resistance of ordered vs disordered in our 

compounds (Ni3Ge and Ni5Ge3). Consequently, this would be one of the 

important aspects for the further investigation.  

2. The extensive black and white dots (gas porosity) also observed across the 

microstructure from arc-melting process, there is also need to confirm that 

there is no argon gas is dissolved in Ni–Ge alloys. 

3. In this project, we used Vickers micro-hardness tester for understanding the 

mechanical properties of these two compounds. However, nano-indentation 

can also use for measuring hardness. This technique would give spatially 

resolved mechanically properties of the compound. 

4. In this project, we mainly focused on the congruently melting, single phase 

compound (Ni3Ge and Ni5Ge3). However, with a combination of other alloying 

elements (boron, molybdenum, cobalt, chromium, aluminium, titanium) in 

these compounds, their mechanical properties could be further improved. For 

example, it has been proved that researchers also used one of above mentioned 

alloying element for improving mechanical properties in compounds that are 

similar to the compounds studied here (Ni3Al and Ti3Al).   
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5. The wear resistance of these two compounds (Ni3Ge and Ni5Ge3) might be 

improve by conducting cryogenic treatment on rapidly solidified samples.  
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Appendix  

 Identified phases and their crystallographic parameters 

The phases involved in this project are β-Ni3Ge, έ-Ni5Ge3 and ε-Ni5Ge3. The data of 

the above mentioned three phases can be obtained from the XRD diffraction database 

(ICCD reference patterns for β-Ni3Ge (04-004-3112), έ-Ni5Ge3 (01-075-6729) and ε-

Ni5Ge3 (04-004-7264),including the cell parameters and XRD diffraction peak list, as 

listed in Table 9.1. 

Table 9.1 XRD diffraction peak list. 

Ni3Ge 04-004-3112  

(Cubic, Pm-3m, 221, a = b = c = 3.56, α = β = γ = 90°) 

No.    h    k    l      d [A]     2Theta[deg] I [%]    

  1    1    0    0      3.56600    24.950       1.4 

  2    1    1    0      2.52150    35.576       1.2 

  3    1    1    1      2.05880    43.944     100.0 

  4    2    0    0      1.78300    51.192      43.0 

  5    2    1    0      1.59480    57.764       0.7 

  6    2    1    1      1.45580    63.893       0.5 

  7    2    2    0      1.26080    75.318      17.8 

  8    2    2    1      1.18870    80.785       0.3 

  9    3    1    0      1.12770    86.168       0.2 

 10    3    1    1      1.07520    91.520      16.3 

 11    2    2    2      1.02940    96.887       4.4 

 12    3    2    0      0.98900   102.314       0.1 

 13    3    2    1      0.95310   107.842       0.3 

 14    4    0    0      0.89150   119.549       2.0 

 15    4    1    0      0.86490   125.903       0.2 
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 16    4    1    1      0.84050   132.833       0.2 

 17    3    3    1      0.81810   140.634       6.2 

έ-Ni5Ge3 01-075-6729 

 (Monoclinic, C2, 5, a = 11.682, b =  6.737, c = 6.264, α = 90°, β = 52.11°, γ = 

90°) 

No.    h    k    l      d [A]     2Theta[deg] I [%]    

  1    1    1    0      5.43940    16.283       8.4 

  2    2    0    1      5.43940    16.283       8.4 

  3    0    0    1      4.94350    17.929       0.1 

  4    2    0    0      4.60970    19.239       2.9 

  5    1    1    1      4.57550    19.384       2.5 

  6    0    2    0      3.37120    26.417       0.2 

  7    3    1    1      3.37120    26.417       0.2 

  8   -1    1    1      3.13620    28.436       0.8 

  9    2    0    2      3.11680    28.617       1.9 

 10    2    2    1      2.86050    31.244      10.1 

 11    3    1    0      2.79600    31.984      12.1 

 12    0    2    1      2.78370    32.129      10.2 

 13    3    1    2      2.77460    32.237      12.9 

 14    2    2    0      2.71970    32.906       6.4 

 15    4    0    2      2.70850    33.046       6.0 

 16   -2    0    1      2.65480    33.734       0.2 

 17    1    1    2      2.63910    33.941       2.1 

 18    0    0    2      2.47180    36.316      11.7 

 19    4    0    0      2.30480    39.050       1.4 
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 20    2    2    2      2.28770    39.354       0.6 

 21    5    1    2      2.18040    41.377       5.3 

 22    1    3    0      2.18040    41.377       5.3 

 23    5    1    1      2.12080    42.595       1.9 

 24    1    3    1      2.11280    42.764       4.3 

 25    4    2    2      2.11280    42.764       4.3 

 26   -2    2    1      2.08510    43.361       2.9 

 27    4    0    3      2.07120    43.667       0.5 

 28   -3    1    1      2.00120    45.277      43.4 

 29   -1    1    2      1.99280    45.479      47.8 

 30    0    2    2      1.99280    45.479      47.8 

 31    3    1    3      1.98560    45.653      42.3 

 32    2    0    3      1.98560    45.653      42.3 

 33    6    0    2      1.94530    46.654     100.0 

 34    3    3    1      1.94530    46.654     100.0 

 35    4    2    0      1.90220    47.776       3.1 

 36   -1    3    1      1.89680    47.921       2.1 

 37    5    1    3      1.88920    48.126       1.8 

 38    3    3    0      1.81320    50.280       0.1 

 39    3    3    2      1.80730    50.455       0.4 

 40    6    0    3      1.80730    50.455       0.4 

 41    5    1    0      1.77850    51.331       2.1 

 42   -2    0    2      1.77180    51.539       0.5 

 43    1    3    2      1.76820    51.652       1.6 

 44    1    1    3      1.76430    51.775       1.3 
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 45    4    2    3      1.76430    51.775       1.3 

 46   -4    0    1      1.72270    53.122       0.2 

 47    2    2    3      1.71060    53.527       1.0 

 48    6    2    2      1.68560    54.386       0.3 

 49    0    4    0      1.68560    54.386       0.3 

 50    0    0    3      1.64780    55.741       0.1 

 51    7    1    2      1.61190    57.094       0.8 

 52    5    3    2      1.60830    57.234       0.7 

 53    2    4    1      1.60830    57.234       0.7 

 54    6    2    1      1.59940    57.582       1.6 

 55    0    4    1      1.59430    57.784       2.2 

 56    6    2    3      1.59140    57.899       1.6 

 57    5    3    1      1.58390    58.199       0.2 

 58    2    4    0      1.58200    58.276       0.2 

 59    7    1    3      1.57950    58.377       0.5 

 60   -2    2    2      1.56810    58.843       0.5 

 61    4    0    4      1.55840    59.246       0.4 

 62    6    0    0      1.53660    60.172       2.3 

 63   -4    2    1      1.53220    60.363       3.7 

 64   -3    3    1      1.53220    60.363       3.7 

 65   -1    3    2      1.52920    60.494       1.1 

 66    3    3    3      1.52520    60.669       3.8 

 67    5    1    4      1.52240    60.793       3.1 

 68    6    0    4      1.52240    60.793       3.1 

 69    7    1    1      1.48940    62.288       0.5 
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 70   -3    1    2      1.48530    62.479       1.5 

 71    5    3    3      1.48020    62.719       1.7 

 72    0    2    3      1.48020    62.719       1.7 

 73    3    1    4      1.47570    62.932       1.5 

 74    8    0    3      1.45270    64.045       0.7 

 75    4    4    1      1.45270    64.045       0.7 

 76   -1    1    3      1.43900    64.729       0.1 

 77    2    0    4      1.43530    64.916       0.4 

 78    8    0    2      1.43530    64.916       0.4 

 79    4    4    2      1.43030    65.171       0.7 

 80    5    3    0      1.42590    65.397       0.9 

 81   -5    1    1      1.42590    65.397       0.9 

 82   -2    4    1      1.42220    65.589       0.2 

 83    1    3    3      1.41780    65.818       0.7 

 84    4    2    4      1.41440    65.996       0.9 

 85    6    2    0      1.39800    66.871       7.1 

 86    0    4    2      1.39180    67.209       7.1 

 87    6    2    4      1.38730    67.456       6.7 

 88    4    4    0      1.35990    69.005       0.3 

 89    8    0    4      1.35420    69.336       0.1 

 90    1    5    0      1.33320    70.589       1.7 

 91    8    2    3      1.33320    70.589       1.7 

 92   -4    0    2      1.32740    70.944       0.1 

 93    2    2    4      1.32040    71.378       1.0 

 94    8    2    2      1.32040    71.378       1.0 
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 95    7    3    3      1.31700    71.590       1.3 

 96    1    5    1      1.31700    71.590       1.3 

 97    1    1    4      1.31230    71.887       0.2 

 98    4    4    3      1.30670    72.243       0.1 

 99    7    1    0      1.29260    73.158       0.1 

100    5    3    4      1.28230    73.843       0.2 

101    9    1    3      1.27450    74.370       0.4 

102    3    5    1      1.27450    74.370       0.4 

103   -6    0    1      1.26280    75.178       0.4 

104    7    3    1      1.26280    75.178       0.4 

105   -1    5    1      1.25940    75.416       0.6 

106   -3    3    2      1.25940    75.416       0.6 

107    8    2    4      1.25650    75.621       0.6 

108    6    0    5      1.25190    75.948       0.1 

109    0    0    4      1.23590    77.111       5.9 

110    6    4    1      1.23590    77.111       5.9 

111    9    1    4      1.23160    77.430       1.5 

112    6    4    3      1.23160    77.430       1.5 

113    8    2    1      1.22500    77.926       1.0 

114    5    1    5      1.22500    77.926       1.0 

115    1    5    2      1.21960    78.337       0.3 

116    4    0    5      1.21960    78.337       0.3 

117    7    3    4      1.21730    78.513       0.5 

118    7    1    5      1.21420    78.752       0.1 

119   -4    4    1      1.20430    79.528       0.1 
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120    8    0    5      1.19700    80.110       0.1 

121   -6    2    1      1.18320    81.239       0.5 

122    0    4    3      1.17790    81.682       0.5 

123    6    2    5      1.17350    82.054       0.5 

124   10    0    3      1.16540    82.749       0.1 

125   -3    1    3      1.16320    82.940       0.4 

126    5    5    2      1.16320    82.940       0.4 

127    0    2    4      1.16020    83.202       0.1 

128    3    1    5      1.15730    83.457       0.1 

129   -5    1    2      1.15520    83.643       0.3 

130    5    5    1      1.15380    83.767       0.4 

131   10    0    4      1.15220    83.910       0.2 

132    8    0    0      1.15220    83.910       0.2 

133    1    3    4      1.14940    84.161       0.2 

134    4    2    5      1.14680    84.396       0.2 

135    4    4    4      1.14390    84.660       0.1 

136    9    1    1      1.13710    85.286       2.1 

137    6    4    0      1.13510    85.472       2.4 

138    7    3    0      1.13510    85.472       2.4 

139   -3    5    1      1.13340    85.630       2.7 

140    3    5    3      1.13050    85.903       2.9 

141    6    4    4      1.12940    86.007       2.8 

142    8    2    5      1.12850    86.092       2.6 

143    9    1    5      1.12850    86.092       2.6 

144    9    3    3      1.12380    86.541       4.3 



 
 

193 

 

145    0    6    0      1.12380    86.541       4.3 

146    2    0    5      1.11720    87.180       0.1 

147   10    0    2      1.11720    87.180       0.1 

148    5    5    3      1.11180    87.711       0.1 

149   10    2    3      1.10140    88.755       0.1 

150   -7    1    1      1.09950    88.949       0.5 

151    2    6    1      1.09950    88.949       0.5 

152    0    6    1      1.09490    89.423       0.1 

153    9    3    4      1.09380    89.537       0.1 

154    8    4    2      1.09240    89.682       0.2 

155    2    4    4      1.09240    89.682       0.2 

156    5    3    5      1.09040    89.892       0.5 

157    8    2    0      1.09040    89.892       0.5 

158    5    5    0      1.08790    90.155       0.3 

159    1    5    3      1.08460    90.505       0.4 

160   10    0    5      1.08340    90.633       0.1 

161    7    3    5      1.08180    90.805       0.2 

162   -4    0    3      1.06600    92.540       0.1 

163    2    2    5      1.06040    93.175       0.3 

164   10    2    2      1.06040    93.175       0.3 

165    2    6    2      1.05640    93.634       0.2 

166    8    4    4      1.05540    93.750       0.3 

167   -6    0    2      1.04790    94.630       1.9 

168   -3    3    3      1.04540    94.927       4.3 

169    4    6    1      1.04540    94.927       4.3 
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170   -4    4    2      1.04250    95.275       0.6 

171    3    3    5      1.04090    95.468       3.8 

172   11    1    3      1.04090    95.468       3.8 

173   -5    3    2      1.03900    95.699       2.0 

174    6    0    6      1.03900    95.699       2.0 

175    7    5    3      1.03720    95.919       0.7 

176    8    4    1      1.03720    95.919       0.7 

177    8    0    6      1.03560    96.116       0.2 

178   -2    6    1      1.03410    96.301       0.4 

179   10    2    5      1.03140    96.636       0.2 

180    7    1    6      1.03140    96.636       0.2 

181    9    3    1      1.02620    97.291       0.6 

182    0    6    2      1.02230    97.788       0.3 

183    9    3    5      1.01980    98.111       0.7 

184    5    5    4      1.01980    98.111       0.7 

185   -4    2    3      1.01640    98.554       0.1 

186   -1    3    4      1.01400    98.869       0.1 

187    9    1    0      1.01270    99.041       0.3 

188    5    1    6      1.01040    99.347       0.6 

189    7    5    1      1.01040    99.347       0.6 

190   -3    5    2      1.00910    99.521       0.4 

191    4    6    0      1.00910    99.521       0.4 

192   11    1    5      1.00690    99.818       0.5 

193    3    5    4      1.00600    99.940       0.3 

194    6    4    5      1.00480   100.103       0.3 



 
 

195 

 

195    9    1    6      1.00360   100.266       0.3 

196   -6    2    2      1.00060   100.679       0.1 

197   -2    2    4      0.99730   101.137       0.2 

198   -7    3    1      0.99730   101.137       0.2 

ε-Ni5Ge3 04-004-7264 

(Hexagonal, P63/mmc, 194, a = b = 3.92 c = 5.046, α = β = 90°,γ = 120°) 

No.    h    k    l      d [A]     2Theta[deg] I [%]    

  1    1    0    0      3.39480    26.230       0.1 

  2    1    0    1      2.81670    31.742      18.0 

  3    0    0    2      2.52300    35.554       8.4 

  4    1    0    2      2.02500    44.716     100.0 

  5    1    1    0      1.96000    46.284      99.4 

  6    2    0    0      1.69740    53.977       0.1 

  7    2    0    1      1.60880    57.215       3.0 

  8    1    1    2      1.54780    59.692       9.0 

  9    1    0    3      1.50720    61.472       2.3 

 10    2    0    2      1.40840    66.314      21.6 

 11    2    1    0      1.28310    73.789       0.1 

 12    0    0    4      1.26150    75.269       4.9 

 13    2    1    1      1.24360    76.546       2.2 

 14    2    0    3      1.19480    80.288       0.9 

 15    1    0    4      1.18250    81.297       0.1 

 16    2    1    2      1.14370    84.678      15.8 

 17    3    0    0      1.13160    85.799       8.7 

 18    3    0    1      1.10420    88.471       0.1 



 
 

196 

 

 19    1    1    4      1.06080    93.129      12.7 

 20    3    0    2      1.03250    96.499       1.6 

 21    2    1    3      1.02020    98.059       1.0 

 22    2    0    4      1.01250    99.068       0.1 

 23    2    2    0      0.98000   103.630       4.5 

 24    1    0    5      0.96740   105.548       0.4 

 25    3    1    0      0.94160   109.785       0.1 

 26    3    1    1      0.92560   112.654       0.7 

 27    2    2    2      0.91350   114.968       1.0 

 28    2    1    4      0.89960   117.801       0.1 

 29    3    1    2      0.88210   121.679       5.4 

 30    2    0    5      0.86750   125.234       0.3 

 31    4    0    0      0.84870   130.358       0.1 

 32    3    0    4      0.84240   132.244       5.6 

 33    4    0    1      0.83690   133.975       0.3 

 34    3    1    3      0.82160   139.292       0.6 

 35    1    0    6      0.81630   141.347       2.2 

 36    4    0    2      0.80440   146.515       2.1 

 


