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Abstract

A new type of thermomechanical processing with rough rolling below the recrystallisation-
stop temperature (Tsy,), followed by a rapid reheat to 1200 °C for 10 s, and then finish rolling
at the same temperature as the rough rolling, was investigated to better understand the
kinetics of strain-induced precipitates (SIP). In addition, the deformation-induced ferrite
transformation (DIFT) during the finishing passes was investigated as an efficient method to
achieve the ultrafine ferrite grains. For comparative purposes, two experimental 0.06 wt% C
steels were studied; one with 0.03 wt% Nb (Nb steel), and another one with both 0.03 wt%
Nb and 0.02 wt% Ti (Nb-Ti steel).

To understand SIP behaviour and its effect on the recrystallisation, six different rough rolling
temperatures were used in the range of 850-1100°C. The full recrystallisation temperature (T))
and recrystallisation stop temperature (Ts) contributions of the precipitates start temperature
were determined using the Dutta and Sellars’s model approach on the basis of optical
microscopy (OM) and transmission electron microscopy (TEM) characterization. It was
found that there were mixed structures after rolling at 950 °C in Nb and Nb-Ti steels, which
is consistent with the T, (960 °C in Nb steel) and Ts (950 °C) by Dutta and Sellars’s model.
The number density and volume fraction of SIP increased as the rolling temperature was
decreased, consistent with the prediction that the nose of the precipitates-time-temperature
diagrams (PTT) is at 840 °C in both steels. The orientation relationship (OR) between
precipitates and ferrite matrix has been identified by analysis of selection area electron
diffraction patterns. While obeying OR, the nanoscale particles precipitated in the austenite

region during deformation.

After the roughing schedule, with the final roughing pass taking place at 850 °C, the steels
were rapidly reheated at a rate of 10 °C/sec to a temperature of 1200 °C, held at temperature
for various times, and water quenched to room temperature. Then, both the precipitate
dissolution kinetics, together with the austenite grain coarsening kinetics was established as a
function of the holding time at 1200 °C. The importance to subsequent finish rolling was then

used for the final part of the project.

Finally, processing these steels consisted of a simulated roughing rolling schedule with the
final roughing pass taking place at 850 °C, followed by rapidly reheating at a rate of 10°C/sec
to a temperature of 1200 °C, held at temperature for 10 s and 100 s, and then air cooled to the



final rolling temperature of 850 °C followed by deformation using different parameters. The
effect of different rolling and reheating parameters on the microstructures and the SIP was
fully analysed using various techniques. This thermomechanical process route resulted in
DIFT, with ferrite nucleated primarily on the prior-austenite grain boundaries. The
ferrite/martensite phase transformation temperature was increased by the heat treatment at
1200 °C. The volume fraction of SIP after finish rolling was influenced by the
supersaturation of microalloyed elements in solution during heat treatment. The variation of
micro-hardness correlated well with the change of volume fraction of SIP and DIFT, as well

as the refinement of prior-austenite grain size.
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CHAPTER 1: INTRODUCTION
1.1.  Micro-alloyed steels

Microalloyed steels have become one of the most popularly researched steels, because of
their combination of high strength, high toughness and excellent weldability as a result of
reduction of carbon content and increase of the micro-alloying elements such as niobium,
titanium and vanadium [1-4]. In recent years, microalloyed steels have widely been used in
various fields due to the improvement in the final microstructure and mechanical properties,
e.g. construction of hulls for naval warships, submarines and other large engineering

machines [5-7].

Microalloy additions play an equally important role with the thermo-mechanical controlled
processes (TMCP) on the evolution of the final microstructure and associated mechanical
properties. Micro-alloying elements in steels, such as Ti and Nb, can facilitate grain
refinement through their precipitation in austenite, and contribute to dispersion hardening
through the precipitation in ferrite during or after phase transformation [8-10]. It is well
known that Nb carbides or carbonitrides can inhibit the static recrystallisation of austenite
and help to achieve fine final microstructures, because it has a significant effect on the
microstructure and the mechanical properties of low-carbon microalloyed steels [11,12].
Furthermore, titanium has frequently been added to microalloyed steels to enhance the
control of the austenite and the transformed ferrite grain size during deformation and heat

treatment process [13].

Numerous studies of the precipitation kinetics on microalloyed steels focus on the isothermal
heat treatment in austenite with the retardation of the recrystallization by precipitation, like
Dutta and Sellars [11] or isothermal austenite to ferrite transformation in the intercritical
region, like Sakuma and Honeycombe [14]. However, there was no systematic study that
examined the solid solution behaviour of microalloyed elements during high temperature
holding, where the isothermal temperature is extreme higher than the equilibrium temperature
of Nb. Moreover, the supersaturation of microalloyed elements in the austenite region
influence on the grain size coarsening during high temperature holding, and the precipitation
behaviour followed by deformation has not been examined by other reserchers.



1.2. Thermo-mechanical controlled processes

Thermo-mechanical controlled processes (TMCP), consisting of controlled hot rolling
followed by controlled cooling, are mainly used for microalloyed steels [1, 2]. The
improvement of TMCP in mechanical properties is due to the ferrite grain refinement, which
maximises the area of austenite grain boundaries and deformation bands density [15, 16]. For
this reason, during TMCP, the final deformation temperature takes place below the
recrystallisation-stop temperature (Ts%) to increase the nucleation sites by obtaining the

ultra-fine ferrite grain size [17-19].

However, to produce superior quality microalloyed steels, some engineering problems need
to be overcome for TMCP processing, such as the requirement of high load equipment, high
energy consumption and the high demand for quantity from customers [20]. To improve the
production efficiency and reduce its consumption, a new rolling process has been applied
through the addition of a reheating process between rough and finish rolling as shown in Fig.
1.1. Therefore, the finish rolling temperature could be increased to higher temperature, which
will increase the productivity and reduce the production cost. However, the effect of this
reheating on the deformed austenite, and particularly the precipitate dissolution Kkinetics, has
not yet been investigated. Much of the published work is concerned with precipitates of one
type and their distribution in idealised solution treated and ageing experiments after
deformation [2,21-26]. Moreover, the reheating process before final rolling will lead to the
coarsening of the grain size, which will further influence the final structures by reducing the
mechanical properties. To obtain a desired microstructure combined with excellent strength
and impact toughness properties in microalloyed steels due to the new thermo-mechanical
process [17,18], deformation induced ferrite transformation (DIFT) has been proposed as an
effective method to achieve ultrafine ferrite grains in microalloyed low carbon steels. The
y — « phase transformation temperature can be influenced by the prior-austenite grain size,
the microalloyed elements in solution and the deformation temperature, as well as the
deformation strain and strain rate. Manipulating the y — « phase transformation temperature
has become a key subject for investigation to obtain ultrafine ferrite grains in recent years
[27-33]. Few researches have been done on the effect of reheating process between roughing
and finishing deformation on the DIFT.
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1.3.  Objectives

In this project, there are few questions need to be solved for the new type of TMCP, which
are listed below:

1) Rough Rolling: Investigate the rough rolling temperature on the microstructures and
precipitation behaviour, and select a final rough rolling temperature to obtain the highest
volume fraction of precipitates.

2) Heat Treatment: To establish the precipitate dissolution kinetics together with the
austenite grain coarsening kinetics during isothermal holding with different times and clarify
the effect of Ti on the Nb precipitates and dissolution kinetics.

3) Finish Rolling: To refine the final grain size using the DIFT through the new TMCP
rolling process.
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Fig. 1.2 Relevant research questions for this new TMCP.

With these objectives, the thesis has been structured in the following way:

Chapter 2 gives the necessary background in this project, which includes an introduction of
microalloyed steels, TMCP process, and microstructures and precipitation during

deformation and heat treatment.

Chapter 3 gives the experimental techniques and equipment used in this project, such as OM
for microstructure analysis, transmission electron microscopy for precipitation and structure
analysis and electron back scatter diffraction for texture analysis. Moreover, in this research,

two types of Nb and Nb-Ti steels have been selected for comparative reasons.

Chapter 4 describes the determination of the effect of deformation temperatures on
precipitation behaviour and on recrystallization microstructures. Furthermore, the orientation
relationship between precipitates and austenite transformed to ferrite has been analysed,
which suggest that those particles are SIP. The results of this chapter provide a final rough
rolling temperature for obtaining non-recrystallisation structures with highest volume fraction
of SIP.

Chapter 5 investigates the effect of reheating on the steels after rough rolling. The two steels
were rough rolled at 850°C, followed by immediate reheating to 1200°C. At this isothermal
reheating temperature, the state of Nb (Nb in solution or Nb(CN) as precipitates) over a range

of holding times was analysed, so that the precipitate dissolution kinetics could be established,

4



together with the austenite grain coarsening kinetics. Through a comparison of the two steels,

the effect of Ti on the Nb precipitates and dissolution Kinetics can be clarified.

Chapter 6 examines a method to improve the production efficiency and reduce the energy
consumption by increasing the final rolling temperature. A new type of TMCP rolling process
has been applied through adding a reheating process between rough and finish rolling. The
reheating process before finish rolling would lead to the coarsening of grain size combined
with higher supersaturation of microalloyed and carbon elements, which is discussed in
chapter 5. However, there is little research on the effect of a reheating process between
deformation on the microstructure refinement, and the dissolution and precipitation
behaviours of microalloyed elements. Therefore, the effect of dissolution and precipitation
kinetics on refinement of the final grain size was investigated by various methods.
Simultaneously, the DIFT has been observed on and within the prior austenite grains after
finish rolling. To understand the effect of the undercooling, coarsening austenite grain size
and supersaturation of elements on the DIFT behaviour, two isothermal holding times at the
designed reheating temperature were investigated. The kinetic theories and mechanisms of
DIFT formation are discussed, considering about the supersaturation of elements and the

prior austenite grain size before deformation.

Chapter 7 provides a discussion of the experimental data from chapter 4, 5 and 6, to further
understand the combination of microstructures and precipitation on the mechanical properties

using related theories and different modelling equations.
Chapter 8 summarises all the chapters and gives conclusions for this project.

Chapter 9 proves suggestions on this project on the future work that can offset the
deficiencies depending on the experimental data and their discussion from chapter 4 to

chapter 7.



CHAPTER 2: LITERATURE REVIEW

2.1.  Anintroduction to microalloyed steels

Microalloyed steels are one type of alloy steels that have been developed since the 1960s,
where small amounts of alloying elements (0.05 to 0.15 %), such as Nb, Ti and V are added
to the steel [34]. The differences between alloy, low alloy and microalloy steels are listed in
Table 2.1 [35]. Microalloyed steels can be defined as typically containing 0.07 to 0.12 %
carbon, up to 2 % manganese and a small amount of Nb, Ti and V (maximum 0.1 %) [36].
Microalloyed steels are widely used in many areas, such as oil and gas transportation,
because they provide better mechanical properties, such as high strength and toughness, and
greater fatigue life and resistance to corrosion combined with weldability compared to

conventional carbon steels [5,7,37].

Table 2.1

The different of alloy steel, low alloy steel and micro-alloy steel [35]

Alloyed Steels Alloy Steel Low Alloy Steel Microalloy Steel

For different requirement on
Definiti mechanical properties, it The contents of alloying ~ The contents of alloying
efinitions
contents as possible as alloying  elements less than 3.5 %  elements less than 0.15%

elements

To obtain the full strengthening from the microalloy additions microalloyed steels need to
have a soaking temperature prior to forging in order to dissolve all the microalloy elements.
The Nb plays a critical role in delaying recrystallization during finish rolling which results in
an elongated austenite microstructure and therefore produces fine ferrite grains during
transformation [38,39]. The high temperature stable Ti in microalloyed steels has been shown
to enhance the toughness, because the Ti carbides can inhibit the coarsening of austenite
grains [40]. It was also reported that the shape of the Nb carbide was changed by the Ti
additions which led to the formation of cuboid particles that are very stable at high

temperatures [13]. Moreover, the dissolution behaviour of NbC can be influenced by adding



Ti into microalloyed steels, as this is known to delay the solution of the carbides into the

matrix during reheating [6,41,42].

2.2.  Thermo-mechanical Controlled Processing (TMCP)

2.2.1. The development of thermo-mechanical process (TMP)

The concept of thermo-mechanical processing was first proposed by BISRA (British Iron and
Steel Research Association) at the end of the 1950s [43]. Irani, Irvine and others [44,45], [46]
studied the controlled rolling and controlled cooling after hot rolling, which was regarded as
a new thermo-mechanical processing. Their research focused on the static and dynamic
restoration processes of austenite, the equilibrium solubility of microalloyed elements and
precipitation behaviour during deformation and transformation, as well as the mechanical
properties. The excellent advantages brought about by the addition of microalloyed elements
in microalloyed steels was fully exploited by TMP through grain refinement and precipitation
strengthening mechanisms [47,48]. The development process of TMP is listed in Fig. 2.1 [49].
In 1974 the Sumitomo High Toughness (SHT) process was analysed with extremely low slab
reheating temperature followed by reducing the rolling temperature below the austenitic
recrystallization temperature or even lower than A, [50]. It achieved superior low
temperature toughness by refinement of the ferrite grain size. The researchers continually
improved the controlled rolling process and, in 1970s, a Japanese steel company was the first
to present a new TMP with accelerated cooling equipment after hot rolling, which was called
TMCP [49]. In 1980s, the TMCP was widely used in the majority of steel companies around
the world. There are many advantages of TMCP on grain refinement and the transformed
microstructures particularly leading to increased strength and toughness in various steels [50—
55]. TMCP is widely practised in Japan and Europe industries, but the cooling process has
been further improved by changing continuous cooling to interrupted accelerated cooling
(IAC), because IAC has advantages in saving energy and enhancing hardenability [47,56-58].
Later, direct quenching (DQ)-tempering process was developed and correlated with TMCP to
satisfy the increasing production requirement in steel markets and improve the mechanical
properties in line pipe steel, microalloyed steels and austenitic stainless steels [59-63]. The
TMCP and DQ processes can obtain mechanical properties mainly by grain refinement and
precipitation strengthening [64-66]. The new TMCP+DQ rolling process increased the total
manufacturing tonnage by about 85 % with the main applications found in shipbuilding,

bridges and other areas.
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Fig. 2.1 Historical development progress of TMP [49]

2.2.2. The wide use of microalloyed steels processed by TMCP

The microalloyed steels have been widely used for ship-building, construction and pipe-line

as well as automotive applications due to the excellent mechanical properties combined with
weldability, which is produced by TMCP. Microalloyed steels coupled with TMCP have

various advantages, for example superior weldability by reducing the carbon content,

increasing the low temperature toughness and decreasing the production cost [67]. Table 2.2

presents an example of the advantages of TMCP compared with conventional rolling, which

affects the mechanical properties of microalloyed steels.

Table 2.2

The mechanical properties of tensile and V-Charpy in TMCP steels [37].

Plate Chemical composition (%) Tensile prop
Use Type thick . . YP TS
C Si Mn P S Cu Ni Nb Caq Pcm
(mm) MPa  MPa
Hull TMCP 25 0.16  0.19 1.02  0.022 0.011 0.33 0.22 372 515
structure  Conventional 25 0.17 0.43 1.36 0.020 0.006 0.40 0.25 347 514
Off shore TMCP 65 008 015 136 0005 0002 012 039 001 0.34 0.17 422 518

There are numerous advantages of TMCP on the production of microalloyed steels. With
different material property requirements required from microalloyed steels depending on the

conditions of use, the process of TMCP can be tailored to satisfy these different conditions.

8



When considering heavy microalloyed plates for example, TMCP is required to improve the
value of the crack tip opening displacement at low temperature both on the matrix and heat
affected zone (HAZ) by readjusting the material properties [68—71]. By using TMCP to
increase the pass reduction and the volume fraction of ferrite in HAZ islands, the
microalloyed steels with extremely low carbon can be produced with thickness approaching

65 mm with excellent properties for offshore and ship-building environments [72-74].

Microalloyed steels can also be used on oil vessels, which require high tensile strength. By
adding microalloyed elements like Nb and B, the bainite range can be extended during
continuous-cooling over a wide range of cooling rates [75].With a bainite structure TMCP
can produce heavy microalloyed steel plates with excellent low weld cracking parameter (Pcm)
without control of the cooling rate [74,76]. As the production equipment became more
advanced, higher specification microalloyed steels could be made, for example in building
constructions the thickness of the plate could be increased up to 100 mm without decreasing
the strength below 590 MPa, the yield ratio was also reduced below 80% and at the same
time the weldability was improved [77]. A later development for TMCP was to deform in the
y and a region due to the hard and soft phases optimized without needing to reduce the
rolling temperatures any lower than the transformation temperature. Ferrite produced above
the A is called strain-induced ferrite, which can also refine the final grain size though the
Zener pinning mechanism leading to an improvement in both strength and toughness
[33,78,79]. With target strength of 780 MPa, without reducing the plate thickness, TMCP
followed by DQ and tempering is the most efficient processing method for microalloyed
steels. Another approach is to add around 1 % Cu as the addition of Cu allows a reduction in
the carbon content by enhancing the strength through precipitation hardening of e-Cu, giving

a new type of microalloyed steel with a strength of 780 MPa and low P, value [80-82].

In summary, over the years there has been a continuous increase in the required properties of
microalloyed steels with higher strength, toughness and weldability as well as the lower yield
ratio. To achieve this, TMCP followed by DQ has become widely useful in modern steel
production, for applications in shipbuilding or civil engineering. However, TMCP associated
with microalloyed steels also has its own weakness. The high strength means that high mill
loads are required during rolling, which significantly increases the production and weld cost.
The TMCP still has the potential to manufacture microalloyed steels with high integrated

mechanical properties.



2.3.  Deformation Microstructures

2.3.1. Deformation mechanism on the dislocation and deformation band

The body centred cubic metals will primarily deform to create defects as this allows stored
energy to be present within the microstructure and minimises thermodynamic instabilities.
Dislocations may be present individually, but also often aggregate into cells and subgrains in
order to minimise the strain energy. Ewing et al. [83] established the slip system including
slip plane and slip direction. The slip plane has the highest density of atoms, and the slip
direction is also the closest packed direction. Dislocations are located between slipped and
unslipped common boundaries, which was first reported by Polanyi in 1934 [84,85]. The
dislocation can be described by the Burgers vector b, which is constant for a given dislocation.
The Burgers vector is determined by means of a magnitude and direction of the failure of the
circuit. There are two types of dislocation, which are separated by the direction of vector b.
When the dislocation line is perpendicular to the slip direction, it is called a pure edge
dislocation. Then, when the direction is changed to parallel, it is called a pure screw

dislocation. In real materials, there are always mixed dislocations.

When considering the dislocation motion, there are two basic types: slip and climb. Slip is
defined as a shear movement of dislocations in the plane. The dislocation slip requires less
energy to break an atomic bond consecutively than all at once. The other motion is regarded
as cross-slip that the screw dislocation move from one type of {111} planes to another if it
contains the direction of the Burgers vector. In Body Centre Cubic crystals, the screw
dislocation with a Burgers vector ¥%<111> can glide on three {110} planes and three {112}
planes, which leads to the wavy slip lines [83].

The slip planes correspond to the slip system has the different orientation from grain to grain.
The slip is confined in its initiated grain, but the deformation is not always homogeneous.
Therefore, the deformation band has normally been used to describe the different of
orientation in the same grain. The deformation band has been analysed by different
researchers [86-89], because it provided to be influenced on deformation texture and the

subsequent recrystallisation.
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2.3.2. DIFT

In microalloyed steels, the matrix strength is a function of the solid solution strengthening,
the dislocation density and precipitation hardening, which gives a yield strength level of
about 300MPa [90]. However, the maximum tensile strength that can be achieved in these
steels is no more than 1000 MPa. To raise the tensile strength level up to 1500 MPa, a new
technique of TMCP was analysed to obtain ultra-refinement grains. According to the Hall-

Petch relationship [91], yield strength associated with the from grain size:

oy = 0o+ Kd™*/? (2.1)

Where g, is the yield stress, d is the grain size, and g, and K are constant. Using Eq. (2.1),
the relationship between grain size and the yield stress can be established and is shown in Fig.
2.2. There are also other factors which influence the yield strength, such as precipitation
strengthening, dislocation strengthening and solid solution strengthening. Fig. 2.3 shows the
relationship between grain size and yield strength of microalloyed pipeline steel depending
on all these factors [92]. The results show that the yield strength can be doubled by refining
the grain size.

900 r—
Microalloyed steel
goo -2 (€) :0.094%; w(Nb):0.045% 0.92um
& w(S1):0.029%; w(T1):0.008%
-~ w(Mn):1.42%
2 q00p MY )
=
;
600 }-
o 4pm
S sf 0 ° °©
— - .- - - - A J
W5a 05 06 07 08 09 1

Grain size d 212

Fig. 2.2 Relationship of yield strength and grain size for a microalloyed steel [92].
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Fig. 2.3 Schematic of various strengthening effects [92].

In the last two decades, the fine grain size has been achieved by cold rolling and annealing,
due to controlling the austenite to ferrite transformation. For example when combining
controlled rolling and accelerated cooling, the ferrite grain size can be reduced to 5 pm.
However, the final ferrite grain size is about 5 um in conventional controlled rolled steels. If
the final grain size can be refined to below 2 um (which is known as ultrafine grain size),
depending on the Hall-Petch Eq. (2.1), the yield strength can increase to almost 350 MPa, and
refining the grain size is also the only method that can increase both strength and toughness.
There are several methods that can produce the ultrafine grain size, such as severe plastic
deformation and advanced thermomechanical processing. When considering severe plastic
deformation techniques, it produces ultrafine grain size steels through equal-channel angular
pressing, accumulative roll bonding and high-pressure torsion [90,92]. However, the
advanced thermomechanical methods which are utilized by phase transformation and
controlled cooling are much more suitable industrial processes compared to the severe plastic

deformation.

In 1980s, Tamura [93] and Priestner [94] found that the transformation temperature of y to «
could be increased by deformation in low carbon steels. Then, a new advanced
thremomechanical produced dynamically transformed ferrite was found to provide grain
refined microstructures with the rolled temperatures being above A, but below Agz in the
non-recrystallisation region, shown in Fig. 2.4. This kind of transformation was named as

DIFT [92,95-98], which can result in a final grain size of around 1 pm.

There are several factors that can enhance the formation of ultrafine ferrite grains during
strain-induced transformation. First of all, there is a critical strain required for DIFT to occur

depending on the deformation conditions and chemical compositions. Decreasing the
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deformation temperature can decrease the critical strain, because the low temperature rolling
can increase the transformation driving force [99]. Moreover, decreasing the deformation
temperature can enhance the DIFT and reduce the final grain size of ferrite with the rolling
temperature being higher than A3. On the other hand, the increase in the amount of carbon or
niobium in solution can increase the critical strain and reduce the transformation driving
force, which was proved by thermodynamics analysis [100]. Furthermore, with increasing
strain, the mechanisms of DIFT nucleation can be changed from intergranular to intragranular
nucleation. Eventually with various isothermal holding times after deformation, it is believed
that the DIFT fraction increases at the beginning and then decreases with increased holding
time, as shown in Fig. 2.5 [101]. This can be explained by the nucleation of precipitation
which leads to the decreased amount of niobium in solution at the beginning. Then the stored
energy becomes the main factor in influencing the volume fraction of DIFT. With increased
holding time, the recrystallisation begins to appear at grain boundaries which releases the

stored energy in austenite and decrease the fraction of DIFT [102, 103].

Rex 7 gram

Nonex ¥ grain

Fig. 2.4 The different microstructures that can be obtained by various TMCP rolling processes [99].
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Fig. 2.5 Volume fraction of DIF as a function of the holding time [101].

2.4.  Microstructural evolution

During deformation, the free energy stored in the structure is derived from point defects and
dislocations. However, the deformed energy is thermodynamically unstable. Therefore, the
deformed materials reduce the stored energy by two main methods: the first is recovery, in
which only partial rearrangement of the dislocations occur and it does not usually affect the
boundaries between the deformed grains; another restoration mechanism is called
recrystallization, which can form new low dislocation density grains within the deformed or
recovered structure. When the temperature is increased or the strain rate is decreased,
dynamic recovery and dynamic recrystallisation can occur during deformation. The static
recovery and static recrystallisation may occur during annealing after deformation.
Furthermore, continual annealing will result in grain growth, which can reduce the energy at
the grain boundaries. Grain growth mainly occurs after recrystallization. In certain conditions,
uniform grain growth can be replaced by a smaller number of grains growing at a larger rate
compared to other grains. This is known as abnormal grain growth or secondary
recrystallization.

2.4.1. Recovery

Recovery which occurs prior to recrystallization results in changes in the dislocation
arrangement, hardness and electrical conductivity [104,105]. There are various factors that
can affect the occurrence of recovery, such as strain, deformation temperature and annealing
temperature [106-108]. The recovery and the recrystallization processes are both derived
from the stored energy of the deformed state. However, when recrystallisation takes place,

recovery will no longer occur in the material. Because of the lower driving force needed for
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recovery, this process is easier and quicker than recrystallisation [109,110]. Moreover, the
prior recovery also influences the kinetics of recrystallisation. Therefore, recovery is very

important in nucleating recrystallisation.

The measurement of recovery is difficult, because the microstructures does not show too
much change when observed by using OM [111,112]. There are several indirect methods,
such as electrical resistivity and mechanical tests that are used instead to detect the change of
recovery [113]. Furthermore, there are several factors that can affect the extent of recovery.
For example, the prerequisite for recovery in polycrystalline metals is that it is lightly
deformed, especially for the highly strained materials [114]. Then, with the higher annealing
temperatures, there is a much more complete recovery [115]. Moreover, the stacking fault
energy of the material can also influence the recovery process. With low stacking fault
energy, it is difficult to achieve glide, climb and cross-slip of dislocations and little recovery
of the dislocation structure can occur before recrystallisation [116]. On the other hand, if
dislocations with the opposite sign glide on the same slip plane, dynamic recovery can easily
occur during deformation [117]. However, if dislocations with the opposite sign are on
different glide planes, the glide and climb process can only occur at high homologous
temperatures. The gliding and climbing of dislocations can lead to a three dimensional cell
structure with complex tangles. As the dislocation density in these walls evolves, well
defined sub-grains are formed with the decreasing number density of dislocations in the cell
walls [118]. With the changing substructures from recovery, the yield stress is reduced and
the work hardening is enhanced. The stored energy can be further lowered by the coarsening
of sub-grains. Hu [119] suggested that the sub-grains grow by rotating the diffusion
boundaries to similar orientations. In summary, recovery is a homogeneous process that is
driven by stored energy and has no clear beginning or end. Fig. 2.6 shows the various stages

of recovery in deformed materials
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Fig. 2.6 Various stages in the recovery of a plastically deformed material [119].

2.4.2. Recrystallisation

The recrystallisation process involves the formation of new strain-free grains in certain parts
of the specimen and the subsequent growth of these grains to consume the deformed or
recovered microstructure [120,121]. Depending on the composition of materials, the
deformation parameters and the annealing temperature, the recrystallisation process can be
divided into two types: one is called primary recrystallisation which occurs during
deformation; the other is secondary recrystallization which can occur in fully recrystallized
materials [122-124]. There are two stages of primary recrystallisation (Fig. 2.7), nucleation
which is the initial formation of new grains in the microstructure and their growth which
replaces the previous deformed structures [125,126]. To measure the quantitative
recrystallization, the metallography and mechanical properties of the material can be used,
because recrystallization will transform the entire microstructure [127]. The volume fraction
of recrystallisation is a function of holding time and annealing temperature. The definition of
the recrystallisation temperature depends on the stage where 50 % recrystallisation is
achieved in the material with the time always being constant [128-130]. However, the
fundamental measurements of recrystallisation is defined by nucleation and growth processes
[131]. The measurement of nucleation are difficult, because the definition of the nuclei
strongly depends on their observation and its variation with time and temperatures. When
compared with the growth of recrystallisation, it becomes a more mature technique. The grain

growth rate and the driving press for recrystallisation can be provided using various theories.
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Fig. 2.7 The schematic illustration of recrystallisation kinetics [125].

The principles of recrystallization are found from the microstructure, deformation and
annealing parameters along with recrystallisation temperature [132]. First of all, there is a
minimum deformation to initiate recrystallisation, because there needs to be a sufficient
driving force for the nucleation and growth for recrystallisation. The recrystallisation
temperature as defined above decreases with increasing annealing time or deformed strain, as
shown by the Arrhenius equation [133]. The recrystallised grain size is refined by increasing
deformation strain due to higher nuclei per unit and stored energy. A larger starting grain size

and higher deformation temperature leads to a higher recrystallisation temperature.

Recrystallisation influences the final grain size in terms of deformation and annealing
parameters. For instance, a small final grain size can be obtained using high strain or a small
initial grain size, as it leads to a larger fraction of nuclei or more rapid nucleation rate.
However, the grain size is also not constant throughout the specimen, similar to the different
texture components with the different recrystallisation rates [134-136].

There are two important modes of recrystallisation: dynamic and static recrystallisation [137].
In this section, the only focus is on static recrystallisation. When the pre-strain is above the
critical value of static recrystallisation, but lower than that of dynamic recrystallisation, the
classical recrystallisation mechanism occurs after deformation with high temperature
annealing. Moreover, the high stacking fault energy in the material is beneficial for static
recrystallisation, for the dislocation motion becomes easy for climb or glide to take place. In
microalloyed steels, the volume fraction of recrystallisation, X,, can be described using a
Avrami equation [138]:
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Xy = 1= exp[(=In2) "] (2.2)

where ty 5 is the time when 50% of the volume of the material is recrystallised and n is the

Avrami exponent.

However, the recrystallisation process can be retarded though SIP on the austenite grain
boundaries or dislocations. Hansen et al [139] indicated that there are two kinds of driving
forces: one is for recrystallisation Fg. the other is the pinning force from precipitation, Fp. If
the Fp is much larger than the Fg, the recrystallisation was fully retarded by precipitates.
However, if the Fp is much less than the Fg, recrystallisation could occur and further reduce
the dislocation density. Therefore, with a decreasing number of nucleation sites for
precipitation, the precipitation process is retarded during recrystallisation. When considering
the interaction between recrystallisation kinetics and precipitation kinetics, there is a diagram
known as the recrystallisation-precipitation-time-temperature (RPTT) curve as shown in Fig.
2.8. This curve illustrates the relationship between recrystallisation and precipitation and how

precipitation can retard recrystallisation.
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Fig. 2.8 Schematic illustration of recrystallisation-precipitation-time-temperature (RPTT) diagram proposed by
[139].

In Fig. 2.8, Ty is the precipitates dissolution temperature, Ry and Ry are the recrystallisation
start and finish curves and PP and Ps are the precipitation start and stop curves. The
recrystallisation stop temperature can be calculated by the intersection of P? and R curves,
regarded as Tgr. The effect of microalloyed elements in solution on the recrystallisation
temperature is shown in Fig. 2.9, which shows that Tr is increased when increasing the

content of elements in solution [140].
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Fig. 2.9 Increase in recrystallisation temperature with the level of microalloy elements in solution [140].

2.4.3. Grain Growth

The previous section described how the local recovery processes is at the early stages of
annealing and the recrystallization occurs during the later stages. After full recrystallisation,
grain growth may occur in the microstructure in two different ways, known as continuous and
discontinuous processes. With continuous annealing, the uniform coarsening of high or low
angle boundaries may lead to the process of subgrain coarsening and normal grain growth
[141-144]. There are several common characteristics of recrystallised grain growth
microstructures. The grains are approximately equiaxed and free of dislocations and local

misorientation.

Moreover, the inhomogeneous growth results in the discontinuous processes of abnormal
grain growth. The microstructures of abnormal grain growth have the following
characteristics [144,145]; An amount of abnormal grains is surrounded by normal equiaxed
grains. The mechanism of abnormal grain growth is mainly influenced by second phase
particles, texture and surface effects that have been investigated by Holm [146] and simulated
through Monte Carlo techniques [147]. Boundary mobility was established as the most
important effect in the simulation, because it permits a grain to grow at the expense of its

neighbours.

2.5.  Precipitation and dissolution behaviours in microalloyed steels

2.5.1. Thermodynamic driving force for precipitation

Generally, microalloy elements are in solution in the matrix at high temperatures and

precipitate out at lower temperatures. The microstructure and the final properties of
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microalloyed steels have been determined by solid state transformations [148,149]. Therefore,
the analysis of the nucleation of a new phase during transformation and its driving force

becomes valuable in understanding the mechanism.

The basic theory of phase nucleation indicates that there are two kinds of energy that
contribute to the driving force of phase transformation. The first one is the interfacial energy,
which comes from the interface between the new phase and parent phase. Here, the strain
energy is raised because of the elastic misfit between two phases. The total free energy can be
expressed by the Eqg. (2.3) [150,151]:

Where the AGror IS the total increase of free energy; AGs is the elastic strain energy per unit
volume of precipitate; AG, is the free energy per unit volume of precipitate; o is the

interfacial energy.

The interfacial energy can be replaced by : A; g;, when considering about various interfaces
between coherent and incoherent. Nabarro [152] indicated that the elastic strain energy can be

expressed as:

AGs == pu8?Vf (5) (2.4)

Where the § is the square of the volume misfit; V}, is the volume of the unconstrained hole in

the matrix; u is the shear modulus of the matrix; f(g) is a factor of precipitate’s shape.

Moreover, considering Henry’s law, the driving force per unit volume of precipitation can be

given by:

— BTy (o
AGy = = ln(ce (2.5)
Where C, and C, are the composition of the alloy in the initial solid and at the treatment
temperature of T,. Therefore, to obtain the maximum driving force for precipitation, it would

seem from Eqgs. (2.3)-(2.5) that the answer is to increase the undercooling and

supersaturation.

All the equations above were only based on assuming a homogeneous structure. However, in
real materials, there will be existing non-equilibrium defects, such as grain boundaries,

deformation bands, dislocations and free surfaces. These act as further evidence that the
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nucleation system is heterogeneous instead of homogeneous [153,154]. Therefore, the

increase in critical free energy for heterogeneous nucleation [155] can be given by:

AGper = AGhomS(g) (26)

Where S(6) is an orientation or shape factor given by:
S(6)=; (2 + cos8)(1 — cost)? (2.7)

For any given orientation, the free energy for heterogeneous nucleation is lower than
homogeneous nucleation, as shown in Fig. 2.10, since the nucleation at grain boundaries is
much easier than homogeneous nucleation in the grain interior [156,157]. Moreover, Cahn
[158] noticed that nucleation on the grain edge or grain corner is even lower than on the grain
boundaries. This discovery was further shown by Aaronson [159] using different modelling.

AG

*
4G hom
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8Ghom

Fig. 2.10 The excess free energy of solid clusters for homogeneous and heterogeneous nucleation [157].

2.5.2. Kinetics of SIP

SIP is nucleated on the dislocations in austenite by diffusion controlled mechanisms [160].
Dutta et al. [11,161] first showed the concept of the kinetics of SIP and provide an equation

to calculate the SIP start time (5% precipitation) shown by:

(2.8)

— -1.-17-0.5 Qppt B
toos = AIND] &2 exp(52) exp ()

where, t, o5 IS the precipitation start time which defined at 5% of SIP; [Nb] is the weight
percent of niobium in solution during reheating; ¢ is the true strain; Z is the Zener-Hollomon

parameter; k is the solute supersaturation ratio expressed by:
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log[Nb][C+2N]
ks =——0— (2.9)

2.26—T

There are also some experimental methods that can measure the precipitation start and finish
behaviours, such as electron microscopy using thin foils or extraction replicas, decreases in
secondary hardening and electrical resistivity. However, those methods have weaknesses in
detecting the very small precipitates at the early stage. Jonas et al. [162] developed a new
method to detect the SIP using a stress relaxation test. When the SIP occurred during the
relaxation test, the curve became flat, as shown in Fig. 2.11. Then, after precipitation is
finished, the curve starts to decrease again. Therefore, the precipitation start and end time can
be identified though the change in slope on the relaxation curve as shown in Fig. 2.11. This

method has been further used in the niobium microalloyed steels by Sellars et al. [163].

However, Jonas’ method is not direct measurement to calculate the start and end precipitation
times, because the stress relaxation can be detected only after a certain amount of precipitates
are present. Therefore, as with the other methods such as thin foil or electrical resistivity, the

Jonas’s method has a problem in giving the exact start and end time of precipitation.

Mathematical models have been developed to simulate the SIP behaviour during the
deformation and ageing process. Dutta et al. [164] developed their own model to describe the
precipitation kinetics. Initially some researchers believed that precipitates growth occurs prior
to precipitate coarsening. However, depending on the solute depleted zones around the
precipitates, the growth and coarsening can occur at the same time [161]. This theory
explained that the nucleation and growth of precipitates can occur from the bulk diffusion of
solute atoms in the matrix, and the coarsening behaviour of precipitates is caused by the
diffusion of solute atoms from the dislocation cores. In the new model, the precipitation
process was divided into two stages. Initially the nucleation and growth of precipitates occur
and then, in the second stage, the precipitates grow and coarsen at the same time. The new
model has also been used in HSLA steels [165] and a model of a microalloyed steel [166],
which indicated that the precipitates were all sited on the dislocation network. This model
also widely extends into other types of precipitates, such as aluminium or vanadium

carbonitrides.
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Fig. 2.11 Stress relaxation curve for SIP in a 0.25% Ti HSLA steel showing the precipitation start and finish
times [162].
2.5.3. Solubility of microalloyed elements in austenite and its effect on the austenite grain
size during heat treatment

2.5.3.1. Thermodynamic solution behaviour of microalloyed elements and its
solubility product

Generally, the solubility of microalloy elements in the solid metal increases with the
temperature. There is a solubility limit for different elements at a given temperature. When
the given temperature is reached, the solution is said to be saturated. Therefore the solubility
equilibrium and equilibrium constant of microalloy elements in precipitates and the matrix

during reheating is given by [167,168]:

NbC(s)=Nb(s)+C(gr) AG; = 130122 — 1.67T (2.10)
C(gr)=C AG, = 35062 — 33.22T (2.11)
Nb(s)=Nb AG; =27949-29.54T (2.12)

Where AG,, AG,and AGj; are the positive change in free energy for the reaction. NbC (s), Nb
(s) and C (gr) are the pure components at a given temperature. Therefore, when considering

equations from (2.10) to (2.12), the corresponding change in free energy can be expressed by:
AG = 137235 — 64.43T (2.13)

Returning to the thermodynamic solubility of microalloy elements in precipitates, the relative
amounts of products and reactants at a given temperature are determined by the tension

between the tendency toward maximum entropy and the tendency toward minimum energy.
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The free energy change, AG, has a relationship with the equilibrium constant and is

represented as:
AG = —RTInK (2.14)

Where the equilibrium constant is expressed as the solubility product constant and given the
symbol of K; R=8.31J/molK and T is the temperature in Kelvin. Therefore, the free energy
change at a certain temperature can also be determined from the value of K. The amount of
NDbC that dissolves is the same as the amount of Nb and C that enters the solid solution. Thus,

the solubility of NbC can be rewritten to be in equilibrium as:
K=[Nb][C] (2.15)

The content of Nb and C in solution has the stoichiometric relationship, which means that
there is a single variable between [Nb] and [C]. However, it is difficult to measure the
accurate values of K, because of the interaction occurring between elements in solution.
Therefore, in Eq. (2.15), it is assumed that Nb and C are dilute in austenite and the effects of
solute interaction in the equilibrium system are ignored. Hence, combining the equations of
(2.13), (2.14) and (2.15), the solubility product under the theoretical treatment is found to be:

log [Nb][C] = 3.36 — 2~ (2.16)
When considering about the solution of nitrogen in niobium precipitates, the solubility
product equation was modified by Irvine et al [45]:

log [Nb][C + = N] = 2.26 — 2= (2.17)
Therefore, with this solubility equation, the equilibrium of those elements, such as Nb in
solution can also be calculated at any given temperature. Using Eq. (2.17), the equilibrium of

niobium in solution at a certain temperature can be rewritten as:

Nb equilibrium_10 2.26-2279
[Nb] ot
[C+EN]

(2.18)

Fig. 2.12 shows solubility lines of different precipitation systems in steels [169]. It is clear to
note from this image that Ti nitride has the highest equilibrium solution temperature, which is
regarded as the highest temperature stable precipitate [170]. V carbide has the lowest

equilibrium solution temperature when compared with other elements in Fig. 2.12.
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Fig. 2.12 Correlation between the micro-alloying content (M%) and the solubility temperatures for the
precipitates present in the HSLA steel [169].

Furthermore, the increase in solid solution of microalloy elements increases the frictional
stress, which means the driving force to move the boundaries has been increased by the solute
atoms near the boundaries. In other words, there is a drag force that comes from the solute
atoms with regards to the moving boundary, known as the solute drag effect [171,172].
Finally, increasing the content of microalloy elements in solution in austenite increases the

hardness due to the solid solution strengthening [173].

2.5.3.2. The prior austenite grain coarsening during heat treatment

Grain growth is driven by the stored energy of deformation. The driving force energy of grain
growth is less than the primary recrystallisation [123]. However, the boundary movement
velocities of grain growth is slower than that of primary recrystallisation, because of the
effect of pinning force and the solute drag on grain migration is much higher compared to
primary recrystallisation [173,174]. The understanding of the grain growth behaviour during
reheating or ageing has become extremely important, because it further influence the final
grain size after cold working. The grain size is important to determine the mechanical
behaviour [175,176]. For example, a large grain size is beneficial for high temperature creep.
Therefore, a good understanding of grain growth is required for control of the microstructure
and properties of the metal. As discussed before, there are two types of grain growth; one is
normal grain growth regarded as the continuous process, and the other is abnormal grain
growth which is a discontinuous process. When abnormal grain growth occurs initially a few

grains grow and a bimodal grain size distribution appears. Then with the continually
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consumed smaller grains, the microstructure changes to having only large grains and normal

grain growth begins to happen again (shown in Fig. 2.13) [177].
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Fig. 2.13 Schematic representation of the change in grain size distribution during (a) normal grain
growth and (b) abnormal grain growth [177].
There are several factors that can influence the grain growth, such as the heat treatment
temperature, the solute drag effect and the pinning of the second phase particles. Moreover,
the grain growth rate decreases with higher initial grain size. In the following section, the

mechanism and kinetics of grain growth at high temperatures are discussed.

The higher the reheat temperature, the faster the boundary mobility and reduced energy
requirement. Gleiter [178] also found that the high temperature regime needs a low activation
energy for migration, whereas at lower temperatures the activation energy is closer to that for

boundary diffusion.

The grain growth kinetics were analysed by Burke and Turnbull [143]. In their theory, it
assumes that the driving pressure (P) on a boundary only relates to the curvature of the

boundary. The driving pressure can then be expressed by:

P =G (2.19)

R1+R;
Where y,is the energy; R; and R, are the radii of curvature of a boundary in different
direction. If the boundary is a sphere with radius R, then R=R;=R,. The Eq. (2.19) can then

be rewritten as:

_
p=2 (2.20)
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Burke et al further assumed that y,is the same for all boundaries and the radius of curvature
is proportional to the mean radius of an individual grain. Therefore the Eq. (2.20) is changed

to:

_
p=% (2.21)

where « is a small geometric constant. Meanwhile, the grain boundary moves with a velocity

(v) in response to the net pressure on the boundary and is expressed as:

p =R _ 2 (2.22)
dt R
And then integrating the functions of Eq. (2.22) give the equation as:
R? — R3 = 2acyypt = cyt (2.23)

where R is the mean grain size at time t, R, is the initial mean grain size and c, is a constant.

This grain growth law can be written in a more general form:

R™ — R} = c,t (2.24)

R =cyt'/n (2.25)

where n is the grain growth exponent and in this study is equal to 2. The exponent values of n
is defined between 2 and 4, with an average of 2.4 +0.4 um. Depending on multiple
experimental tests, the values of n become lower with increasing reheating temperatures. The
values of the exponent are determined by the boundary mobility variety and the limiting grain

size.

Burke et al. only considered that the grains can influence the migration rate of one boundary
and did not consider the interaction between grains. Smith et al. [179] initially indicated the
interaction between the topological aspects of space-filling and surface tension equilibrium
on grain growth. Fig. 2.14 shows the gradual shrinkage of the 5-sided grain, because the 7-
sided one is the maintained structure. Then, with the grains becoming curved by maintaining

the 120° angels at the vertices, the migration of the grain boundary has been activated.
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Fig. 2.14 Schematic diagram of growth of a 2-dimensional grain structure (a) a grain of less than or more than 6
sides introduces instability into the structure, (b)-(f) shrinking and disappearance of the 5-sided grain [180].
A complete grain growth theory should consider both the topological space-filling
requirements and the boundary migration Kkinetics. Therefore, many researchers have
attempted to improve the grain growth theory and one of the most famous theories are by
Feltham [181] and Hillert [180]. Hillert’s theory takes into account the Ostwald ripening of
the second-phase particles and the relationship between the velocity of grain boundaries and

the radius of curvature. The new grain growth model can be rewritten as:

dR
Py cMyp(

1
Rerie

) (2.26)

where ¢=0.5 is for a 2-D dimensional grain and 1 for a 3-D dimensional. R,;; is the critical
grain size that is expressed as:
Loy Ty (2.27)
dt 4R it
When the Rgit is less than R, the grain will shrink and on the opposite side the grain will grow.
Hillert indicated that the mean grain radius, R,will be equal to R, when considering the
topographic aspects. Then, with equation (2.26) and (2.27), the model of grain growth

equation can be further rewritten as:

dR? R
—==cln(z) (2.28)

where c¢ is constant. Hillert also provided a direct method to separate the normal and

abnormal grain growth. He deduced that when the initial grain size distribution contained no
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grains larger than 1.8R, normal grain growth would occur. On the other hand, if there are

grains larger than 1.8R, then abnormal grain growth would be occurring in the system.
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CHAPTER 3: EXPERIMENTAL PROCEDURE AND TECHNIQUES

3.1 Materials

The materials used in this research are two microalloyed steels for comparative purposes of
the different effect of microalloyed elements: one with 0.03%Nb (Nb steel) and another one
with both 0.03% Nb and 0.01% Ti (Nb-Ti steel). The steels were made by vacuum induction
melting and casting into to 220mmx65mmx28mm square ingots, at ArcelorMittal. The
chemical composition of those steels analysed by Sheffield Testing Laboratories, are listed in
Table 3.1.

Table 3.1
Chemical composition of the experimental steels (wt%)

C Si Mn Cr Ni Nb Ti N P
Nb Steel 0.067 0.11 0.77 0.01 0.02 0.03 <0.01 0.0058 0.016
Nb-Ti Steel 0.065 0.11 0.77 0.01 0.02 0.03 0.02 0.0062 0.016

The ingots were soaked at 1300°C for 2 h and hot-rolled into 12 mm thick plates in a 2-high
experimental rolling mill. After hot-rolling, the plates were quenched in ice water, and then
machined into thermomechanical compression (TMC) specimens with the dimensions of 60
mmx30 mmx10 mm shown in Fig. 3.1.The thermocouple hold was drilled into the centre of

60 mmx10 mm face, with 0.5mm in diameter and 15mm deep.

| GO mm

Rolling Direction

Fig. 3.1 Schematic diagram of the specimen geometry for plane strain compression testing.
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3.2  Thermomechanical processes

The thermomechanical strain compression tests were processed by the thermomechanical
compression simulator in the University of Sheffield [182]. It can simulate the hot rolling and
monitor the temperatures which are controlled by computer, as shown in Fig.3.2. To
understand the effect of each process on the microstructures and properties, in this project,
the processing was separated into three major parts: 1) rough rolling; 2) a reheat treatment
process; 3) finish rolling. In the following sections, the details of each rolling and heating

parameters and schedules are presented.

Fig. 3.2 The photo of servotest thermomechanical compression simulator.

3.2.1. Rough rolling

In the first part of rough rolling process, prior to the deformation using a computer controlled
the TMC, the samples were preheated to 1100 °C for 30 s, and then air cooled to deformation
temperatures ranging from 850 °C to 1100 °C. Deformation tests were conducted at 850 °C,
900 °C, 950 °C, 1000 °C, and 1050 °C as well as 1100 °C with a strain of 0.3 and strain rate
of 10 s followed by water quenching to room temperature. The thermal schedule for each

experiment is shown schematically in Fig. 3.3.
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Fig. 3.3 Schematic illustration of the thermomechanical test schedule for plane strain compression test in the
TMC machine.

3.2.2. Reheat treatment

In this section, the reheating process is described after rough rolling at 850 °C. The samples
were preheated at 1100 °C for 30 s prior to deformation in the TMC and then air cooled to the
deformation temperature at 850 °C. Deformation was undertaken to a strain of 0.3 with a true
strain rate of 10 s™*. Then, the steels were rapidly reheated at a rate of 10 °C/s to a
temperature of 1200 °C after deformation, and held for different times followed by water
quenching to room temperature. The rolling and heat treatment schedule is shown in Fig. 3.4.
The details of the reheating tests on these two Nb and Nb-Ti steels are listed in Table 3.2.

1200 °C /05,105, 20 5,405, 1005, 1000 s

1100 °C/30 s

10°C/s

Temperature /°C

‘Water Quenching

=
>

Time/s

Fig. 3.4 Schematic illustration of the thermomechanical test and heat treatment schedule in the TMC machine.
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Table 3.2

The series of plane strain compression and reheat treatment experimental tests conducted on Nb and Nb-Ti

steels.
Heat treatment
Materials Deformation ) .
Temperature (°C) Holding Time (s)
Nb Steel 850 °C with a strain of 0, 10, 20, 40, 100, 1000
0.3 and strain rate of 1200
Nb-Ti Steel 10s* 0, 10, 40, 100, 1000

3.2.3. Finish rolling

After the rough rolling and reheat treatment investigation, the experimental parameters had
been decided. The steels were first deformed at 850 °C and rapidly reheated at a rate of
10 °C/s to a temperature of 1200 °C, and held for 10 s and 100 s respectively. Then, in the
finish rolling, with air cooling to 850 °C at a rate of 10 °C/s, the deformation was done to a
stain of 0.3 with a true strain rate of 10 s™* on the first pass, followed by water quenching
immediately, regarded as A-10 and A-100. Then, by adding a holding time of 10 s after the
first pass, the schedule was decided as B-10 and B-100. After the 10 s holding, the steels
were then deformed by the second pass with the same rolling parameter as the first pass (C-
10 and C-100). The final schedule was holding for 10 s after the second pass and then water
quenching to room temperature (D-10 and D-100). The rolling and heat treatment schedule is
shown in Table 3.3 and Fig. 3.5.

Table 3.3

The series of rolling schedules with respect to the reheat treatment condition.

Schedule Reheated Process

A-10
B-10

1200 °C for 10 s
C-10

D-10

A-100

B-100

1200 °C for 100 s
C-100

D-100
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Fig. 3.5 Schematic illustration of the thermomechanical tests finish rolling in the TMC machine.

A typical specimen after the rolling or reheating process is shown in Fig. 3.6, with the
orientations defined corresponding rolling direction.

N ND

¥/TD

Fig. 3.6 Schematic illustration of a specimen after plane strain compression and the corresponding orientations
with respect to industrial rolling practice.

3.3  Microscopy techniques

Optical microscopy (OM), scanning electron microscopy and transmission electron
microscopy (TEM) as well as electron backscattered diffraction (EBSD) were used to
investigate the microstructures, the morphology and composition of precipitates on the
central areas of plane strain compression (PSC) specimens. The specimens were cut along the

rolling direction and perpendicular to transverse direction as shown in Fig. 3.7.
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Ohserving surface

Fig. 3.7 Schematic illustration of a deformed specimen showing cut cross sectional area and the area of interest
to observe which denoted by an arrow.

3.3.1. OM and scanning electron microscopy (SEM)
3.3.1.1 Metallographic specimen preparation

After cutting samples from the PSC specimens, they were mounted in Bakelite for automatic
grinding and polishing, with the sample surface exposed on one side of the disc. Therefore,
the grinding and polishing was used to remove the deformed layer left from the coarsening to

the fine stage.

At first, the samples after mounting were ground from 240 to 1200 grade silicon carbide
papers with water to flush away the particles. One of the important cautions of grinding is to
move the scratches that are left from the previous paper. So, in proceeding from one coarser
paper to the next fine paper, the specimen was rotated by an angle of 90°. After grinding, the
specimens were moved to the polishing stage from 6 micros to 1 micron on diamond cloths
under diamond suspension lubricants. Finally, the specimens were polished using colloidal
silica and then cleaned using water. After carefully grinding and polishing, a final scratch free
surface was obtained, but without etching, it is impossible to observe the microstructures
from microscopy. In the traditional method, 2 % nitric acid is useful to etch microstructures,
like martensite, bainite or ferrite. However, to reveal the prior austenite grain boundaries,
picric acid was the best suitable etching solution. After heating the picric acid to 60 °C, the
specimens were boiled in this solution for 30 to 60 seconds, and then cleaned using the
distilled water. The etching time varied from specimen to specimen, because of the different

microstructures after deformation and heat treatment.
3.3.1.2 Grain size measurements

The linear intercept method (ASTM E-112) was used to measure the average prior austenite
grain size. Depending on the linear intercept theory, the distance between each drawn line is

larger than the largest grain size to avoid the double calculation of the same grain. The Nikon
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ECLIPSE LV150 OM was used to observe the microstructures and take the standard images.
Buehler Omnimet 9.5 software was used to measure the grain size from the OM images with

95% confidence limit.
3.3.1.3 Volume fraction of ferrite

The specimens which were etched by 2 % nitric acid have been used to separate the ferrite
structures from the martensite matrix by SEM, and then the volume fraction of ferrite has
been measured from the SEM images by a point counting method. The SEM images were
used in this study which was performed on the JEOL JSM 6400 and FEI Inspect F with the
voltage of 20 kV and at a magnification of 1500 x and 3000 x. The distance between two
grids is larger than the largest grain of ferrite, which make sure that each grain is counted

once.
3.3.2. Transmission electron microscopy (TEM)

TEM is one of the most useful techniques to observe and analyse the nanometer-sized
precipitates and their composition by bright and dark-field images, Energy Dispersive X-ray
Spectroscopy (EDX) and high resolution TEM (HRTEM), as well as energy loss
spectroscopy (EELSs). Because of the nature of the diffraction contrast between precipitates
and the matrix and the dislocations, it is difficult to calculate the nanometer-sized
precipitation using thin foil specimens. Therefore, to avoid the interference of contrast from
the matrix, the carbon extraction replica specimens were used to calculate the volume fraction,
composition and structures of precipitates as well as the size distribution. However, the
carbon extraction replica specimen also has its limitation. For instance, the location and the
orientation relationship of precipitates corresponding to the matrix can only be analysed by
the thin foil samples. Therefore, both the carbon replica and thin foil specimens were used in
this project. The negative film was used in this study to take image from carbon replica and

thin foil specimens.
3.3.2.1 TEM carbon extraction replicas

The composition and the volume fraction of precipitates in these two steels was analysed by
the carbon extraction replicas specimens and there were roughly 200-400 particles examined
depending on the rolling or heat treatment parameters. The specimens were mounted in
Bakelite and ground and polished using the same procedure as used for OM or SEM sample

preparation. Then, the specimens were slightly etched using 2 % nital solution followed by
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isopropanol cleaning in an ultrasonic bath to remove the etchant from the surface. Then an
evaporator operated in a high vacuum carbon coating devise was used to deposit a carbon
layer onto the surface. The carbon coated surfaces were then scratched to produce squares of
around 2 mm X 2 mm in size. The replicas were placed in a 10 % nital solution until the
surface colour of the specimens changed to dark grey. Then the samples were immersed in a
methanol solution to let the carbon replicas lift off from the surface. The replicas were floated
onto 400 mesh copper grids in the final step. The illustration of the carbon extraction replicas

process is shown in Fig. 3.8.

Etched Surface

- ¢ 70 > - & 7
Bulk Sample

Coated Surface == . H_
- ¢ 7 0 .

Bulk removed

Fig. 3.8 Schematic diagram of the carbon extraction replica process [183].

3.3.2.2 TEM thin foils

The TEM thin foil specimens were cut off from longitudinal sections of the PSC specimens
with a thickness about 300 to 500 um, using the Isomet 5000 cutting machine. Then this
specimen was stuck on a flat metal by beeswax and ground from 240 to 1200 grade silicon
carbide paper down to a thickness of 90-150 um. Slices were then punched to the 3 mm
diameter disks and further ground to a thickness of 60 to 90 um. Finally, the discs were
electropolished using the Metalthin twin jet electropolisher. The electrolyte solution
contained 5 % perchloric acid, 35 % butoxyethanol and 60 % methanol for thinning the thin
foil specimens by the electropolisher. The electopolishing conditions have been controlled at

30 to 50 mA with a jet sensitivity of 8 at a temperature of -40 °C.

FEI Tecnai T20 and JEOL 2010 TEMs, both operating at 200 kV, were used in this study to
analyse the morphology and composition of nanometer sized precipitates. The chemical
analysis for the precipitates was conducted using an Oxford instruments energy dispersive X-
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ray spectroscopy (EDX) detector (Oxford Instruments, Oxford, UK) and electron energy loss
spectroscopy (EELS) analysis. The structures of precipitates have been observed by HRTEM
with a CCD camera integrated into a Gatan image filter.

3.3.2.3 Microscopy data analysis

To calculate the size distribution and volume fraction of precipitates, TEM bright-field
images were used which were taken from carbon extraction replicas specimens on random
areas. The Image J software was used to identify the diameter of precipitates, depending on
their shape. Additionally, the measurement of the sample thickness was carried out using
EELS in Gatan GIF. This was estimated from the low energy region of the spectrum, given
by Equation (3.1) [184,185]:

t = AUn(l./1y) (3.1)
where t represents the thickness of material; A is the mean free path of specimen; I is the total
number of electrons in the EEL spectrum and Iy is the number of electrons having lost no
energy.

The volume fraction of particles was calculated in this study as well with the expression by
[186]:

fo = ZNs(%2 + 0%) (3.2)

where x and o are the respective mean and standard deviation of particles. N is the number

density of precipitates per unit area from replica specimens.
3.3.3. Micro-hardness testing

To further investigate the elements in solution, micro-hardness testing was conducted using a
Durascan 70 micro-hardness tester on both Nb and Nb-Ti steels. A Vickers diamond indenter
tip was used 1n this study with load of 1 N and a hold time of 15 s in the micro-hardness tests.
The indentation size was automatically adjusted according to the material surface condition
being tested. The micro-hardness tests were performed 0.5 mm apart with about forty test
measurements on each sample. The sample preparation for micro-hardness is similar to the

microstructure specimens with grinding and polishing until 1 pum without etching
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CHAPTER 4: THE EFFECT OF HOT ROLLING TEMPERATURES ON
THE MICROSTRUCTURES AND PRECIPITATION BEHAVIOURS IN
THE Nb AND Nb-Ti STEELS

4.1. Introduction

In recent years, microalloyed steels have widely been used in various fields, e.g. construction
of hulls for naval warships, submarines and other large engineering machines [5,7,187]. To
produce a desired microstructure combined with excellent strength and impact toughness
properties in microalloyed steels, the thermo-mechanical process has been investigated [17],
[18]. The final deformation step of TMCP is chosen to be below the recrystallisation stop
temperature to obtain a higher volume fraction of SIP. For this reason, in this chapter, the
effect of the rough rolling temperatures on the recrystallisation and precipitation have been
analysed using OM, TEM and micro-hardness, as well as thermo-mechanical modelling. The
full recrystallisation temperature, recrystallisation stop temperature and the precipitation start
time from the precipitation-time-temperature (PTT) curve have been calculated using
different models and found to fit well with the experimental data. Moreover, the nanoscale
precipitates in the Nb and Nb-Ti steels have been determined as SIP depending on the
orientation relationship between these nanoscale sized particles and austenite transformed to

ferrite.
4.2.  Modelling the 5% recrystallization and PTT curves

In this study, the recrystallization behaviour for both Nb and Nb-Ti steels are important,
because the extent of recrystallization determines the volume fraction of SIP and the final
grain size, which are the main factors to be controlled to obtain good mechanical properties.
It is well known that the recrystallization behaviour for Nb and Nb-Ti steels can be
influenced by the microalloy elements, because the recrystallisation is inhibited when the
precipitates pinning force (Fpin) exceed the driving force (Fr) for recrystallisation [166,188].

Therefore, the Dutta and Sellars’s precipitation model [11] was used to predict the
precipitation behaviour by calculating the precipitation start temperature-time diagrams (Eq.

(4.1)).

270000 2.5%1010
RT T3(InKy)?

toos=3 X 1076[Nb]™1e 12705 x exp (4.1)
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where t, o5 IS time for 5% precipitation; [Nb] is the niobium in solution; Z is the Zener-
Hollomon parameter; Ks is the supersaturation ratio which determines the driving force (see
equation (2.9)). The [Nb] was calculated using carbon replica specimens after reheating to
1100 °C for 30 s followed by water quenching. With experimental data from Nb and Nb-Ti
steels, the typical “C” shaped curves were obtained and shown in Fig. 4.1. The nose of the
precipitation start temperature diagram for the SIP is located at 0.3 s and 840 °C in the Nb
steel, and at 0.36 s and 840 °C in the Nb-Ti steel.

There are various definitions of the recrystallization start and complete temperatures. In this
study, the recrystallization start temperature is defined as 5 % recrystallization, and the
recrystallization complete temperature is at 95 % recrystallization [189]. Then, considering
the effect of niobium in solid solution on the recrystallisation kinetics of austenite, Dutta and
Sellars [11] provided another model to calculate the 5 % recrystallization curves for Nb and
Nb-Ti steels using Eq. (4.2).

0000 2.75%10°

toosx = 6.75 X 10720dy*e™* X exp == exp{(*—— — 185)[Nb]}  (4.2)

where t, o, 1S time for 5% recrystallization, d,is original grain size in um, and € is strain.
Finally, the full recrystallization time expressed as a function of the recrystallized volume
fraction (X) has been calculated by Johnson et al. model [190,191] and is given by Eq. (4.3).

X =1 — exp(—=In(0.95)(——)?) (4.3)

to.05x

Full recrystallization is defined as the volume fraction of recrystallization at 95%. Then, with
95% substituted into Eq. (4.3), the recrystallization finish time (tr) can be estimated as:

tr = 7.66 X ty sy (4.4)
Using Equations (4.1), (4.2) and (4.4), the interaction of precipitation and recrystallization
with different rough rolling temperatures were carried out and shown in Fig. 4.1. Then, the
full recrystallization (T,) and the recrystallization stop (Ts) temperatures were calculated
using the time for 5% and 95% recrystallisation equalling to the time for 5% SIP. For the Nb
steel, the Ts is at 917°C and T is at 957°C. The Ts is at 907°C and T, is at 951 °C for Nb-Ti

steel.
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Fig. 4.1 Interaction of recrystallisation and start of SIP as function of niobium content in the Nb and Nb-Ti
steels rolled by 30% reduction; T, shows the lower temperature limit for ‘full” (95%) recrystallisation and T,
shows upper temperature limit for complete stoppage of recrystallisation. A and B [11] are constant, and for

micro-alloyed low carbon steels, they are 1.6x 1076 and 1x 10719, respectively.

Furthermore, the non-recrystallization temperature can also be predicted for the Nb steel by
Fletcher’s equation [19,192]:

T,=849-349C+676,/(Nb) (4.5)

where C, Nb are the elements in wt pct. The predicted Ts value is 941°C. The value is slightly
higher than the predicted value using the Dutta and Sellars' model. When considering the

utilizing strain, Fletcher modified the Eq. (4.5) as given by:
T=203-310C+657,/(Nb)+683¢~0-36¢ (4.6)

where ¢ is the pass strain. The predicted T value in this study is 909°C, which is as close as
the calculated data of 917°C by Dutta’s equation for Nb steel.

To summarise, the recrystallization stop temperature is approximately 900°C, and the full
recrystallization temperature is above 950°C, for both Nb and Nb-Ti steels. A rolling

temperature between 950°C and 900°C should therefore give mixed structures.
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4.3.  Characteristic of the microstructure by OM

4.3.1. Morphology of prior austenite grains

Fig. 4.2 and 4.3 show representative optical images of prior austenite grains at six
deformation temperatures viz. (a) 850 °C, (b) 900 °C, (c) 950 °C, (d) 1000 °C, (e) 1050 °C
and (f) 1100 °C for Nb steel (Fig. 4.2) and Nb-Ti steel (Fig. 4.3). The equiaxed prior-
austenite grain size was stable with the hot rolling temperatures in the range of 1000 °C and
1100 °C for Nb and Nb-Ti steels. With the hot rolling temperature being reduced to 950 °C,
the prior austenite grains became slightly elongated in the rolling direction (RD). Decreasing
the hot rolling temperature from 900 °C down to 850 °C, the prior austenite grains became

fully elongated with size coarsening in RD.

Fig. 4.2 Optical microstructural images of prior austenite grains etched by picric acid for different deformation
temperatures with water quenching immediately in the Nb steel, deformation strain (0.3) and strain rate (10 s™):
(a) 1100 °C; (b) 1050 °C; (c) 1000 °C; (d) 950 °C; (e) 900 °C; (f) 850 °C.
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Fig. 4.3 Optical microstructural images of prior austenite grains for different deformation temperature with
water quenching immediately in Nb-Ti steel, deformation strain (0.3) and strain rate (10 s™): (a) 1100 °C; (b)
1050 °C; (c) 1000 °C; (d) 950 °C; (e) 900 °C; (f) 850 °C.

The optical images in Figs. 4.2 and 4.3 indicate that the recrystallization stop temperature is
higher than 900 °C. Partial recrystallization takes place at 950 °C, which is the temperature
between the recrystallization limit temperature and recrystallization stop temperature. The
prior austenite grains plateau at 1000-1100 °C, which further illustrates that full

recrystallization occurs.
4.3.2. Grain size measurements

The average prior austenite grain size was measured on the Nb and Nb-Ti steels at different
rolling temperatures using the linear intercept method (ASTM E-112). To compute the
dimensions of prior austenite grains in the RD, 8 images at each deformation temperature
were calculated and the mean value of grain size was plotted as a function of temperature
presented in Table 4.1 and Fig. 4.3.
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Table 4.1

The average grain size in RD with different rolling temperatures

Rolling Temperature

Materials
°C) RD (pm)
1100 30.4+4.8
1050 29.5+3.9
Nb Steel 1000 28.844.3
950 31.244.9
900 38.5+4.2
850 59.843.1
1100 23.9+5.8
1050 23.2+3.2
Nb-Ti Steel 1000 23.7+£3.1
950 31.7£1.7
900 44,1455
850 58.9+4.8
m  Nb Steel
® Nb-Ti Steel
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Fig. 4.4 Effect of rough rolling temperature on the prior-austenite grain size in RD

The average dimensions of the prior austenite grains in the RD does not change appreciably
between 1100 °C and 1000 °C, and then gradually grows with the temperature decreasing
until 850 °C. The long axis of the grain increased from 30.4 um at 1100 °C to 59.1 um at
850 °C in the Nb steel, and from 23.9 um at 1100 °C to 58.9 um at 850 °C in the NDb-Ti steel.
The average prior-austenite grain size is slightly larger for the Nb steel with deformation
temperatures in the range of 1100 °C to 1000 °C, and then becomes similar with respect to
the Nb-Ti steel.
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4.4. TEM carbon extraction replicas

4.4.1. Morphology and chemistry of precipitate

The morphology and composition of precipitates was investigated by TEM, TEM-EDX
spectrum and HRTEM from the carbon replica specimens after rough rolling at different
temperatures with water quenching immediately and the results are shown in Figs. 4.5, 4.6
and 4.7. The TEM observation revealed that the number density of precipitates increased as
the rough rolling temperature decreased. As reported by several researchers, the size of SIP
are normally less than 20 nm [193]. For the rolling temperatures from 1100 °C to 1000 °C,
Figs. 4.5 (a-f) and 4.6 (a-f) show that most precipitates had a size larger than 20 nm, but only
a few were smaller than 20 nm. In contrast, between 950 °C and 850 °C, there were large
number of precipitates with a size less than 20 nm at the rolling temperatures, Figs. 4.5 (g-I)
and 4.6 (g-1) for both steels. The composition of these particles show that the content of Nb in
the precipitates depends on the size of precipitates for the Nb steel, with the larger the
precipitate size, the higher content of Nb in the particles. When considering the effect of the
rough rolling temperatures on the content of Nb and Ti in precipitation for Nb-Ti steel, the
ratios of Ti/(Ti+Nb) has been estimated using the EDX spectrum shown in Fig. 4.7. The
mean Ti/(Ti+Nb) value obtained from over 30 precipitates per specimen after rough rolling
and separated into two different groups: the first type with the size less than 20 nm and the
second type with the size larger than 20 nm. Fig. 4.7 showed that the ratio of Ti/(Ti+Nb)
increased with a decreasing rolling temperature to 1000 °C, and then decreased with the
rolling temperature continually decreasing to 850 °C for the first type of precipitates. This is
because the lower rolling temperature between 950 °C and 850 °C is conducive to NbC in
precipitation, with rapid increase in their number density (less than 20 nm). For the
precipitates with a size larger than 20 nm, the ratio of Ti/(Ti+Nb) was much higher and more
stable than for those with a size less than 20 nm, which shows that the different rolling
temperatures have almost no effect on the composition of large precipitates for Nb-Ti steel.
The results also showed that the lower rough rolling temperature increases the proportion of

the niobium in the precipitates.
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Fig. 4.5 TEM images of NbC precipitates and the corresponding EDS spectrum in the Nb steel deformed at (a)
and (b) 1100 °C; (c) and (d) 1050 °C; (e) and (f) 1000 °C; (g) and (h) 950 °C; (i) and (j) 900 °C; (k) and (1)
850 °C.
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Fig. 4.6 TEM images of (Ti, Nb)C precipitates and the corresponding EDS spectrum in the Nb-Ti steel
deformed at (a) and (b) 1100 °C; (c) and (d) 1050 °C; (e) and (f) 1000 °C; (g) and (h) 950 °C; (i) and (j) 900 °C;
(k) and (1) 850 °C.
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Fig. 4.7 The ratios of Ti/(Ti+NDb) as a function of different rough rolling temperatures.

HRTEM was used to analyse the crystal structure of precipitates with a dimension less than
20 nm produced after deformation at 850 °C followed by water quenching, for both Nb and
Nb-Ti steels. The HRTEM observations revealed that the d spacing of the nano-sized particle
in Fig. 4.8 (a) was 0.257 nm and the coherent precipitates had a d spacing of 0.218 nm in Fig.
4.8 (b). The EDX spectrum further demonstrated that the particle in Fig. 4.8 (a) contains Nb
(Fig.4.8 (c)) and the coherent precipitates contain Nb and Ti (Fig. 4.8 (d)). The Nb carbide
with a dg11) equal to 0.258 nm and the Nb and Ti carbide with a dgoz) of 0.211 nm fit well
with the measured data of d spacing from Fig. 4.8 (a) and (b). Therefore, combining the
HRTEM and EDS spectrum, these two particles were shown to be NbC in Fig. 4.8 (a) and (Ti,
Nb)C in Fig. 4.8 (b).
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Fig. 4.8 TEM micrographs showing the typical morphology of the precipitates deformed at 850 °C, (a) a high-
resolution TEM image from Nb carbide in Nb steel; (b) a high-resolution TEM image from (Ti,Nb)C in Nb-Ti
steel; (c) EDS spectra of (a); (d) EDS spectra of (b).

4.4.2. The volume fraction and the content of microalloyed steels in precipitates

The precipitates at each rolling temperature were separated into two groups by the precipitate
size; one group had dimensions larger than 20 nm, believed to the precipitates that had not
dissolved on heating, while the other group was SIP with a size less than 20nm. In order to
identify the effect of the hot rolling temperatures on the precipitation behaviour, the volume
fraction of precipitates were calculated using the TEM replica data shown in Figs. 4.5 and 4.6.
Then, using the volume fraction of precipitates, the amounts of Nb or Nb and Ti in
precipitates can be expressed using Eq. (4.7) [20,194,195] and the results are shown in Table
4.2.

f(t)=[(pr/Pprecipitate X ((Z+1)/Z))/100]x{M} (4.7

where f(t) is volume fraction of precipitates as a function of holding time; p; and pprecipitate are
the densities of austenite and precipitates, respectively; Z is the stoichiometric ratio of the
precipitates; {M} is the Nb or Nb and Ti concentration in the precipitates. From Table 4.2,
the volume fraction of precipitates as a function of rolling temperatures appears to be logical

in these two steels. It can be seen that the volume fraction of precipitates, as well as the
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content of Nb or Nb and Ti in precipitates increased as the roughing temperature decreased

for Nb and Nb-Ti steels, respectively.

Table 4.2

The overview of the experimentally measured data on the precipitation state after deformation at different
rolling temperatures. The number density, volume fraction was measured by TEM and the wt% of the
precipitates calculated from Eq. 4.7.

Rolling Volume Fraction of Precipitated Precipitated
Materials Temperature Category Precipitates Nb (wt%o) in Nb (wt%o),
(°C) (10 Nb steel total
>20 nm 0.065 0.0057
1100 <20 nm 0 (0%) 0 0.0057
>20 nm 0.119 0.0105
1050 <20 nm 0.006(4.8%) 0.00053 0011
>20 nm 0.187 0.0165
Nb Steel 1000 <20 nm 0.0095(4.8%) 0.0008 0.017
950 >20 nm 0.209 0.0184 0.021
<20 nm 0.033(13.8%) 0.0029 '
>20 nm 0.204 0.0179
.021
900 <20 nm 0.035(14.6%) 0.0031 00
>20 nm 0.243 0.0213
850 <20 nm 0.042 (14.8%) 0.0037 0.025
Rolling Volume Fraction of PreC|p|tate_d Precipitated
. .. Nb and Ti .
Materials Temperature Category Precipitates (Wt%) in Nb Nb and Ti
) -3 - 0
(°C) (107) Ti steel (wt%o), total
>20 nm 0.47 0.0343
1100 <20 nm 0.0035 (0.7%0) 0.0003 0.035
>20 nm 0.504 0.0361
1050 <20 nm 0.0104 (2%) 0.0009 0.037
>20 nm 0.54 0.0386
. 1000 <20 nm 0.0131 (2.4%) 0.0012 0.039
Nb-Ti Steel
950 >20 nm 0.525 0.0376 0.040
<20 nm 0.0299 (5.4%0) 0.0026 '
>20 nm 0.534 0.0382
900 <20 nm 0.0401(7%) 0.0035 0.042
>20 nm 0.542 0.0388
.044
850 <20 nm 0.0556 (9.3%) 0.0049 00

No SIP (less than 20 nm) were observed at 1100 °C in the Nb steel, but some did exist in the
Nb-Ti steel. At 1000 °C, the volume fraction of SIP was 6x10°° (4.8 % for total precipitation)
in the Nb steel and 1.3x10™ (2.4 % for total precipitation) in the Nb-Ti steel, which are

smaller amounts than would be expected to stop recrystallisation [193]. At 950 °C, more than

half of the precipitates observed were smaller than 20 nm in the Nb steel and 48% of them in

the Nb-Ti steel. Because the mixed microstructures were observed at 950 °C in both steels

(Fig. 4.2 and 4.3), it is probable that recrystallization initially occurred, but was halted by the
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rapid increase in number density of small precipitates. As the volume fraction and the rate of
evolution of SIP (less than 20 nm) significantly increased due to the rolling temperature
reduced to 850 °C, recrystallization was stopped at this temperature (Fig. 4.2 and 4.3). The
highest volume fraction of SIP was at 850 °C for both steels. For precipitates with the size
larger than 20 nm, the volume fraction continuously increased with the decreasing rolling
temperature (Table 4.2). However, the rate of increase of the larger precipitates was lower
than that for SIP with the deformation temperature lower than 950 °C. The average diameter
of the SIP decreased with a decrease in the rough rolling temperature.

The content of Nb or Nb and Ti in the precipitates as a function of the rolling temperature
was shown in Figs. 4.9 and 4.10 for the Nb and Nb-Ti steels, respectively. The Nb in the
undissolved precipitates in the Nb steel increased as the rolling temperature decreased from
1100 °C to 950 °C, and was then approximately constant as the deformation temperature was
decreased from 950 °C to 850 °C. However, in the Nb-Ti steel, the content of Nb and Ti in
the undissolved precipitates hardly changed with the different rolling temperatures. For the
SIP, the Nb content increased gradually with the decreasing deformation temperature for both
Nb and Nb-Ti steels.

Nb Steel (with total Nb as 0.03 (wt %))

L.~~/] Undissolved Precipitates
| |EZZZ] Strain-induced Precipitates
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Fig. 4.9 The content of Nb in strain-induced and undissolved precipitates in Nb steel
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Nb-Ti Steel (with total Nb and Ti as 0.05 (wt%))
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Fig. 4.10 The content of Nb and Ti in strain-induced and undissolved precipitates in Nb-Ti steel

4.5.  TEM thin foil analysis
4.5.1. Calculation of the orientation relationship between SIP and austenite, subsequently

transformed to ferrite

The SIP formed in austenite could be related to the ferrite by the orientation relationship of
austenite when observed at room temperature. There would be no orientation relationship
(OR) between the SIP, the austenite and the final ferrite matrix, if recrystallisation occurred
in the austenite grains before phase transformation [196]. Therefore, to demonstrate that the
particles extracted by carbon replicas (Figs. 4.4 and 4.5) from the ferritic matrix are SIP
formed in the austenite region, the OR between precipitates and austenite transformed to the
ferrite matrix have been calculated using the corresponding transformation matrix and
Kurdjumov-Sachs (K-S) OR for Nb and Nb-Ti steels.

Davenport et al. [197] indicated that the SIP and austenite have a cube-cube relationship, i.e.:
[010]prec|p|tate//[010]austemte, (100)prec|p|tate//(100)austen|te From the abOVB OR Of SIP (Suggested as

NbC) and austenite, the corresponding coordinate transformation matrix, Mf,’ can be readily

determined as

125 0 0
MP=| 0 125 O (4.8)



Then, an arbitrary pair of parallel directions, r, and 7, will be related by
n, = Mr, (4.9)

With the OR matrix, the pair of conjugate planes and direction of NbC parallel with the pair
of [110] and (111) of austenite can be deduced as

[110]nwc//[110] austenite (4.10a)

(112)nwc//(112) austenite (4.10b)
It is well known that the austenite transforms to ferrite and obeys the Kurdjumov-Sachs (K-S)
OR [198]: [110]austenite//[11L]territes (111)austenite//(110)serrie. The OR between SIP of NbC and
austenite transformation to ferrite can be further indicated as [110]npc//[110]austenite//[111]territes
(112)Nwc/(111) aystenite!/ (1 10)territe, depending on (4.10a), (4.10b) and K-S OR.

The coordinate transformation matrix of NbC and ferrite is shown in table 4.3, which
indicates that the precipitates cannot have the same characteristics as the Bagaryatski OR
(fcc/bec system) [199][6].

Table 4.3
Coordinate transformation matrix for [TlO]Nbc//[lll]femte

0479 —0.431 —0.049
MfPC=| 042 —0.479 —0.108
0.108 0.049  0.636

Face-centered cubic (fcc) precipitates in a body-centered cubic (bcc) ferrite can be indicated
by {111}/[{110}pcc and <110>4//<111>pe. On a given (011) bce plane (two-fold rotation
axis), there are two <111> directions: [111]yec and [111]nee, Which are perpendicular. As there
are six two-fold rotation axes of {110} in bbc matrix, six variants of SIP and ferrite matrix
OR can be derived, which are listed in Table 4.4.

In summary, the variants of SIP and ferrite matrix OR have been deduced via the
corresponding transformation matrix. The results need to be further demonstrated through
experimental test using TEM and HRTEM.
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Table 4.4
Six variants of NbC and Ferrite ORs in FCC/BCC system

Ferrite-NbC Variant Plane BCC//FCC Direction BCC//FCC

Ia [1li]bcc//[110]fcc
(011)pee// (111 ) gec _ _

1b [111]bcc//[110]fcc

2a [Ill] bcc//[IJ-O]fcc
(101) pee// (111 ) ee — _

2b [111]bcc//[110]fcc

3a [Ili] bcc/ / [I]-O]fcc
(llo)bcc//(lll)fcc — —

3b [1121]pec//[110]4cc

4a — [m] bcc//[IJ-O]fcc
(110) e/ /(111 ) gec _

4b [110]bec//[110] e

Sa — [I]-I] bcc/ / [I].O] fcc
(101) e/ /(111 ) gec _ _

Sb [111]pce//[110]ec

6a — [lll]bcc//[Ilo]fcc
(Oll)bcc//(lll)fcc N —

6b [111]bcc//[110]fcc

4.5.2. The observation of strain-induced precipitation during rough rolling using TEM and
HRTEM

The morphology and the OR of precipitated carbides with respect to the ferrite matrix have
been analysed for the deformation temperatures between 950 °C and 850 °C followed by
water quenching. This was not possible at the higher temperature due to the limited SIP
during deformation between 1000 °C and 1100 °C. The location of precipitation has been
analysed using TEM bright- and dark-field from thin foil samples for Nb and Nb-Ti steels
shown in Figs. 4.11 and 4.12. The selected area diffraction patterns have been used to analyse
the orientation relationship between SIP and the ferrite matrix. Following deformation at
850 °C, the carbides in ferrite could be clearly identified by bright and dark-field imaging and
the dark-field image taken from the (111)nnc reflection, shown in Figs. 4.11 (a, b and c) and
Fig. 4.12 (a, b and c). From the dark-field image in Figs. 4.11 (b) and 4.12 (b), these carbides
sit on the dislocations and sub-grain boundaries. The selected area diffraction patterns (SADP)
in Figs. 4.11 (c) and 4.12 (c) reveal that the carbides, which are NbC and (Ti,Nb)C for Nb
and NDb-Ti steels respectively, obey the orientation relationship with ferrite as follows:

[i 10]NbC//[111] Ferrite and (111)NbC//(101)Ferrite (411)
[120] i npyc//[11 1] Ferrite and (112)rinbyc//(011)Ferrite (4.12)
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Increasing the deformation temperature to 900 °C still resulted in an unrecrystallised
structure, but it would be expected that the dislocation density in the austenite was lower than
that with the deformation temperature at 850 °C. The bright and dark-field images in Figs.
4.11 (d, e and f) and 4.12 (d, e and f) showed that carbides were often located on dislocations
and sub-grain boundaries, with the same orientation relationship as observed at 850°C
between SIP and ferrite matrix. The OR between precipitates and ferrite for the deformation
temperature between 900 °C and 850 °C were the same as the deduced OR from the
corresponding coordinate transformation matrix shown in Table 4.2. Therefore, the evidence
indicates that the precipitation for Nb and Nb-Ti steels was SIP after rough rolling at 900 °C
and 850 °C.

When the deformation temperature was increased to 950 °C, the bright- and dark-field
images in Figs. 4.11 (g, h and i) and 4.12 (g, h and i) clearly show that carbides precipitated
on grain boundaries and within grains. The dark-field images were taken from (202)npc for
Nb steel and (202)rinnc for Nb-Ti steel. The SADP in Figs. 4.12 (i) and 4.13 (i) exhibited

the orientation relationship for Nb and Nb-Ti steels as follows:
[111] NbC//[llO] Ferrite and (Zzo)NbC//(OOZ)Fernte (4.13)

(2127 ¢ring)c//[110]Ferrite and (220)rinoyc//(002)gerrite (4.14)
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Fig. 4.11 TEM images of Nb steel deformed from 850°C to 950°C, (a) A bright-field image with the
deformation temperature at 850°C; (b) Centered-dark-field image formed with (111)nsc from the same region of
(a); (c) the corresponding SADP of SIP and ferrite matrix from (a); (d) A bright-field image with the
deformation temperature at 900°C; (e) Centered-dark-field image formed with (111)nyc from the same region of
(d); (f) the corresponding SADP of SIP and ferrite matrix from (d); (g) A bright-field image with the
deformation temperature at 950°C; (h) Centered-dark-field image formed with (202)n,c from the same region of
(9); (i) the corresponding SADP of SIP and ferrite matrix from (g).

The OR between precipitates and ferrite for the deformation temperature at 950 °C was
different from the OR for the temperature between 850 °C and 900 °C (Figs. 4.11 and 4.12).
The OR between SIP and ferrite after rough rolling at 950 °C has been lost through
recrystallization of the austenite, as evidenced by the partial recrystallization structures that

were observed using OM, shown in Figs. 4.2(d) and 4.3 (d).
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Fig. 4.12 TEM images of Nb-Ti steel deformed from 850°C to 950°C, (a) A bright-field image with the
deformation temperature at 850°C; (b) Centered-dark-field image formed with (111)rinyyc from the same region
of (a); (c) The corresponding SADP of SIP and ferrite matrix from (a); (d) A bright-field image with the
deformation temperature at 900°C; () Centered-dark-field image formed with (111) iy from the same region
of (d); (f) The corresponding SADP of SIP and ferrite matrix from (d); (g) A bright-field image with the
deformation temperature at 950°C; (h) Centered-dark-field image formed with (202)7inb)c from the same region
of (g); (i) the corresponding SADP of SIP and ferrite matrix from (g).

As expected, the number density of precipitates was greater at 850°C than at 900 °C and
950 °C, Fig. 4.11 and 4.12, which is in agreement with the carbon replica data. SIP is widely
believed to nucleate on dislocations and grain boundaries [166]. Therefore, with the highest
dislocation density, deformation at 850 °C would be expected to lead to the highest volume
fraction of the carbides, since they nucleated on dislocations and boundaries. However,
relatively little SIP occurred within the grains for the rolling temperature of 950 °C, because

the recovery and recrystallization substantially reduced the dislocation density.

High-resolution TEM (HRTEM) was used to investigate the nanometer-sized carbides in this
program. A lattice image of the ferrite matrix containing carbides is shown in Fig. 4.13 which
was taken from the Nb steel after deformation at 850 °C. The inverse fast Fourier
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transformation (IFFT) was used for the carbide shown in Fig. 4.13 (b). The zone axis of the
ferrite matrix and carbides was identified as [111]senite direction in Fig. 4.13 (b) parallell with
the [110] zone axis of carbides, i.e.: [110]nbc//[111]serrie. Under this condition, the lattice
image of the carbide has been identified with the d(:11) spacing equal to 0.251nm. There are
two carbides, shown in Fig. 4.11(b), which have the cube-cube orientation relationship with
two different growing along directions of g(111) and g(111). The dimensions of each carbide
has been measured directly as 3 nm in thickness and 7.5 nm in length. The orientation
relationship has been identified by the fast Fourier transformed (FFT) diffractogram shown in
Fig. 4.13 (c). The NbC precipitates obey the orientation relationship with ferrite matrix as
shown by:
[110]nbc//T11 2] Ferrite @and (112)npc//(101) errite.

The OR between the precipitates and the matrix shown Fig. 4.13 (c) are the same with the
calculated OR from the corresponding transformation matrix shown in Table 4.3.

Ferrite Matrix

.....

- ‘,."\‘,.‘ s v, Zone Axis:
GOATI MMM LY o o i 9 [110]wc // [111Jparcis

Fig. 4.13 HRTEM image and IFFT lattice image of the nano-meter sized carbide (a)HRTEM image of the
nanometer-sized NbC obtained from the Nb steel after deformation at 850 °C with water quenching immediately;
(b) IFFT lattice image in the range of red line of (a); (c) the corresponding fast Fourier transformed
diffractogram from (b).

4.6. Vickers micro-hardness

The specimens used for Vickers micro-hardness testing in this study were those that had been
rough rolled at different temperatures, and then water quenched to room temperature with the
deformation schedules shown in Fig. 3.3. The Vickers micro-hardness values were measured
and listed in Fig. 4.14 for Nb and Nb-Ti steels. The Vickers micro-hardness slightly
decreased with decreasing the deformation temperature from 1100 °C to 1000 °C, and then
increased as the deformation temperature decreased to 850 °C for both Nb and Nb-Ti steels.

The micro-hardness for Nb steel was much higher than that for Nb-Ti steel at the rough
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rolling temperatures between 1100 °C and 1000 °C. Then the micro-hardness difference
between the Nb and Nb-Ti steels became smaller as the deformation temperature decreased to
850 °C.
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Fig. 4.14 The average Vicker’s Hardness in the Nb and Nb-Ti steels

4.7.  Summary

The prior austenite grains obtained in the rough rolling process had recrystallized at the
rolling temperatures ranging between 1100 °C and 1000 °C in the Nb and Nb-Ti steels (Figs.
4.2 (a-c) and 4.3 (a-c)). When considering the effect of SIP on the recrystallization, the Zener
pinning force from SIP was too low at this temperature to halt the recrystallization, because
of the small volume fraction of the precipitates with the rolling temperatures in the range of
1100 °C-1000 °C. When the rolling temperature was reduced to 950 °C (Figs. 4.2 (d) and 4.3
(d)), the microstructures become mixed with evidence of partial recrystallization. It is
believed that recrystallization started at the beginning of deformation, but with the increase in
SIP, the Zener pinning force became important to retard the recrystallizing driving force.
Reducing the rolling temperatures from 900 °C to 850 °C, largely stopped recrystallization,
resulting in elongated austenite structures between 900 °C and 850 °C(Figs. 4.2 (e, f) and 4.3
(e, f)). This is a consequence of the rapid precipitation of a large volume fraction of
precipitates at the start of deformation that retards the recrystallization.
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The SIP in the Nb and Nb-Ti steels has been examined via analyses of bright/dark field
images, electron diffraction patterns, HRTEM and EDX (Fig. 4.8). The results strongly
suggest that these carbides have the lattice parameters of 0.447 nm identified as NbC in the
Nb steel and 0.437 nm as (Ti, Nb)C in the Nb-Ti steel.

The orientation relationship between SIP and the ferrite matrix has been investigated by
SADP with rolling temperatures from 950 °C to 850 °C. The different orientation
relationships shown in Figs. 4.11 and 4.12 further demonstrated that the recrystallization can
eliminate the orientation relationship between SIP and austenite subsequently transformed to

ferrite.
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CHAPTER 5: THE HEAT TREATMENT AT 1200 °C WITH
DIFFERENT DURATION ON ROUGH ROLLING MICRO-ALLOYED
STEELS

51 Introduction

Thermomechanical controlled processes (TMCP), consisting of controlled hot rolling
followed by controlled cooling, have been developed to improve strength, toughness and
weldability of microalloyed steels [1,2]. The improvement in mechanical properties from
TMCP is due to the refinement of the austenite microstructure, maximising the austenite
boundary area and deformation band density, subsequently increasing the number of
nucleation sites prior to the development of the transformation microstructure. The enhanced
mechanical properties of low-carbon microalloyed steels thereby arises from a combination
of the refined ferrite grain size and the dispersion hardening through the precipitation in
ferrite [3-9].

Microalloy additions play an equally important role with the thermo-mechanical processes on
the evolution of the final microstructure and associated mechanical properties. Microalloyed
elements in steels, such as Nb, facilitate grain refinement through precipitation of
carbides/carbonitrides in austenite thereby inhibiting the static recrystallisation of austenite,
resulting in a fine final microstructure. In addition, titanium has frequently been added to
microalloyed steels to enhance the control of the austenite and transformed ferrite grain sizes
during both the deformation and subsequent heat treatment process [10,11]. Therefore, during
TMCP, these microalloying elements can precipitate as carbides or carbonitrides to increase

the nucleation sites for obtaining a fine ferrite grain size [12,13].

The consequence of a low finishing temperature is high energy consumption through high
mill loads [24]. To improve the production efficiency and reduce energy consumption, a new
rolling process is explored in this work, which involves the addition of a reheating process
between rough and finish rolling. The effect of this reheating on the deformed austenite, and

particularly the precipitate dissolution kinetics, is the focus of this study.

Much of the existing published work is concerned with the type and distribution of
precipitates based on single microalloy additions with idealised solution treatment and ageing
experiments after deformation [8,21,22,24,25,169]. Less work has been directed towards the
effects of multiple microalloy additions during the thermomechanical processing. Therefore,
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in this work, two types of Nb and Nb-Ti steels were selected for comparative reasons. These
two steels were rough rolled at 850 °C, followed by immediate reheating to 1200 °C. This
low roughing temperature of 850 °C was below the recrystallisation-stop temperature (Tso)
for each steel. The state of Nb (Nb in solution or Nb(CN) as a precipitate) was analysed as a
function of holding time at this isothermal reheat temperature of 1200 °C, to establish the
precipitate dissolution and austenite grain coarsening kinetics. Through a comparison of the

two steels, the effect of Ti on the NbC precipitates and dissolution kinetics has been clarified.

5.2  The morphology of prior-austenite grain size

Specimens were examined following rough rolling at 850 °C and reheating at 1200 °C for
various holding times. Optical micrographs, Figs. 5.1-5.3, reveal different prior-austenite
grain morphologies as a function of process conditions and composition in the Nb and Nb-Ti
steels.

5.2.1 Rough rolling microstructures

The average prior austenite grain size was first examined after rough rolling at 850 °C with
the measurement in normal direction (ND) as 18.7 + 1.6 um in the Nb steel and 16.9 + 0.7
pm in the Nb-Ti steel, shown in Fig. 5.1.

Fig. 5.1 Light micrographs illustrating the rough rolling prior-austenite grains: (a) Nb steel; (b) Nb-Ti steel.
(Etched by picric acid)
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5.2.2 Reheating microstructures

The deformed and reheated optical microstructures are presented in Figs. 5.2 and 5.3 for both

the Nb and Nb-Ti steels, respectively.
5.2.2.1 Nb steel

Fig. 5.2 shows the samples reheated to 1200 °C with various isothermal holding times
followed by an immediate quench, which exhibited a fully recrystallised prior-austenite grain
structure in the Nb steel. The prior-austenite grains coarsened with increasing the isothermal

holding times, as shown in Fig. 5.2 (b-f).

Fig. 5.2 Light micrographs illustrating prior-austenite structures with reheating at 1200 °C and holding for
different times in Nb steel, (a) 0s, (b) 10s, (c) 20s, (d) 40s, (€) 100s, (f) 1000s. (Etched by picric acid)

5.2.2.2 Nb-Ti steel

The morphologies of prior-austenite grains for Nb-Ti steel are presented in Fig. 5.3, which
was heat treated in the same way as the Nb steel. Full recrystallisation had occurred giving
equiaxed prior-austenite grains during reheating to 1200 °C for various times followed by
water quenching immediately. The prior-austenite grains coarsened with increasing
isothermal holding times. The prior-austenite grain size in the Nb-Ti steel was smaller than
that of the Nb steel, especially for the longer holding times at 1200 °C.
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Fig. 5.3 Light micrographs illustrating prior-austenite structures with reheating at 1200 °C and holding for
different times in Nb-Ti steel, () 0's, (b) 10s, (c) 40 s, (d) 100 s, (e) 1000 s. (Etched by picric acid)

53 Grain size measurements

The prior-austenite grain size was measured from optical micrograph using 8 images for each
specimen and is shown in Table 5.1. The prior-austenite grain growth as a function of
isothermal holding times was clear for both Nb and Nb-Ti steels. Figs. 5.2 (a) and 5.3 (a)
show the samples reheated to 1200 °C followed by an immediate quench, with an average
size of 73.1+3.9 um in the Nb steel and 47.843.6 um in the Nb-Ti steel. When the steels
were held for 10 s at 1200 °C, the recrystallised structure coarsened slightly (Figs. 5.2 (b) and
5.3 (b)) with 86.44+3.5 um in the Nb steel and 50+5.5 um in the Nb-Ti steel. The prior-
austenite grain size increased to 109.74+2.9 um at 20 s and 120.5+3.9 um at 40 s in the Nb
steel, and 64.5+2.5 um at 40 s in the Nb-Ti steel. More grain growth occurred with an
increase in holding time from 100 s to 1000 s, while the measurement of the average prior-
austenite grain rapidly increased from 141.3+5.3 um to 260.749.8 um in the Nb steel, and
from 91.2+4.7 um to 112.445.4 um in the Nb-Ti steel. Clearly the prior-austenite grain size

of the Nb steel grew more rapidly during the reheating process compared to the Nb-Ti steel.
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Table 5.1
The average prior-austenite grain size as a function of isothermal holding time in the Nb and Nb-Ti steels

Matrials Reheated Process Average Grain Size (um)
1200 °C/0 s 73.1+3.9
1200 °C/10 s 86.4+3.5
1200 °C/20 s 109.7+2.9
Nb Steel 1200 °C/40 s 120.5+3.9
1200 °C/100 s 141.3+5.3
1200 °C/1000 s 260.7+9.8
1200 °C/0 s 47.8+3.6
1200 °C/10 s 50+5.5
Nb-Ti Steel 1200 °C/40 s 64.5+£2.5
1200 °C/100 s 91.2+4.7
1200 °C/1000 s 112+5.4

54  TEM carbon extraction replicas
5.4.1. Rough rolling SIP

The morphologies of SIP have been observed by TEM with roughing at the temperature of
850 °C for Nb and Nb-Ti steels and are shown in Fig. 5.4. With a strain of 0.3 at a constant

strain rate of 10 s™*, nanoscale precipitates were observed in carbon replica samples.

B

400nm

L

Fig. 5.4 TEM images of SIP after rough rolling at 850 °C followed by water quenching immediately, (a) Nb
Steel, (b) Nb-Ti Steel.
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5.4.2. Reheating SIP

After deformation at 850 °C followed by an immediate reheat to 1200 °C for different
durations, the precipitate particle diameter, morphology and number density of precipitates
were observed as a function of isothermal holding by TEM, shown in Figs 5.5-5.14 for both
steels.

5.4.2.1 Nb steel

For the Nb steel, the results of the morphology and precipitate diameter distribution for
different holding times are summarised in Figs. 5.5-5.9. The morphology of precipitates is
shown in Figs. 5.5 (a)-5.9 (a). In Figs. 5.5 (b)-5.9 (b), the distribution of precipitates over the
entire range was bimodal and the number density of precipitates reduced with increasing
holding time, which was calculated from 10 bright field images for each sample. The
precipitates continually dissolved into the austenite matrix during the whole reheating process.
The average diameter of the precipitates initially increased from 20+0.4 nm to 22+1.1 nm at
10 s, followed by a continuous reduction from 20.4+1.2 nm at 20 s to 16.4+1.8 nm at a 100 s
holding.

The fit curve for assumption of log-normal distribution was calculated from Eq. (5.1) [202],
[203]:

1 1 (InD—-InDy,
Y= ogV2en €xp [_5< Inog )] (5.1)

where D is the set of the particles diameters, Dy, is the mode and g, is the geometric standard

deviation. The simulated size distribution of precipitates fits well with the results obtained

from measurement performed on TEM images.
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Fig. 5.5 Precipitates and the corresponding size distribution in specimen of Nb steel with rough rolling at 850 °C
and reheated to 1200 °C followed by water quenching immediately, (a) TEM image showing spherical
precipitates; (b) size distribution of precipitates from the same sample of (a).
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Fig. 5.6 Precipitates and the corresponding size distribution in specimen of Nb steel with rough rolling at 850 °C
and reheated to 1200 °C for 10 s followed by water quenching, (a) TEM image showing spherical precipitates;
(b) size distribution of precipitates from the same sample of (a).
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Fig. 5.7 Precipitates and the corresponding size distribution in specimen of Nb steel with rough rolling at 850 °C

and reheated to 1200 °C for 20 s followed by water quenching, (a) TEM image showing spherical precipitates;
(b) size distribution of precipitates from the same sample of (a).
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Fig. 5.8 Precipitates and the corresponding size distribution in specimen of Nb steel with rough rolling at 850 °C
and reheated to 1200 °C for 40 s followed by water quenching, (a) TEM image showing spherical precipitates;
(b) size distribution of precipitates from the same sample of (a).
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Fig. 5.9 Precipitates and the corresponding size distribution in specimen of Nb steel with rough rolling at 850 °C
and reheated to 1200 °C for 100 s followed by water quenching, (a) TEM image showing spherical precipitates;
(b) size distribution of precipitates from the same sample of (a).

5.4.2.2 Nb-Ti steel

For the Nb-Ti steel, the effect of the reheating process on the morphology and the size
distribution of precipitates was analysed from TEM images shown in Figs. 5.10-5.14. The
precipitates changed to a cubic morphology, believed to be due to the Ti content of these
particles (Figs. 5.10 (a)-5.14 (a)). The average diameter of the particles increased over the
entire period. The average size of precipitates was 31.0+2.5 nm at the beginning, and then
increased to 32.4+2.4 nm after holding for 10 s at 1200 °C. With continually increasing the
isothermal holding time, the mean size of precipitates coarsened to 34.2+3.1 nm at 40 s and
38.946.2 nm at 100 s. Finally, the average size of precipitates was 46.8+3.9 nm for a hold of
1000 s at 1200 °C.
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The precipitate diameter distribution for different holding times are summarised in Figs.
5.10(b)-5.14 (b) for the Nb-Ti steels. In the Nb-Ti steel, the precipitates were divided into
two groups, i.e. precipitates with diameters less than about 30 nm and those with a diameter
greater than about 30 nm. It can be seen that the distribution of particles with the diameter
less than ~30 nm is unimodal with the number of precipitates decreasing with increasing
holding time. For precipitate diameters greater than ~30 nm, the peak value of the distribution
moves from 30 nm after 0 s and 10 s to 50 nm after 40 s, up until 200 nm after holding to 100
s and 1000 s.

(b) >:7Elpﬂ‘hrlll| Data
~— W Mod the Size of Precipi
30
[
| —
. .
- \
Z 201 A\
& I .
3 / \
g .
[y .
10 N D__=31nm
7] - \ | mean
oy
1 [
(]
T T T T T T T

T T
05 510 10-15 1520 2025 25-30 3040 40-50 S50-60 60-80 80-100

Precipitates Size (nm)

Fig. 5.10 Precipitates and the corresponding size distribution in specimen of Nb-Ti steel with rough rolling at
850 °C and reheated to 1200 °C followed by water quenching immediately, (a) TEM image showing cubic-
shaped precipitates; (b) size distribution of precipitates from the same sample of (a)
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Fig. 5.11 Precipitates and the corresponding size distribution in specimen of Nb-Ti steel with rough rolling at
850 °C and reheated to 1200 °C for 10 s, (a) TEM image showing cubic-shaped precipitates; (b) size
distribution of precipitates from the same sample of (a).
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Fig. 5.12 Precipitates and the corresponding size distribution in specimen of Nb-Ti steel with rough rolling at
850 °C and reheated to 1200 °C for 40 s, (a) TEM image showing cubic-shaped precipitates; (b) size distribution
of precipitates from the same sample of (a).
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Fig. 5.13 Precipitates and the corresponding size distribution in specimen of Nb-Ti steel with rough rolling at
850 °C and reheated to 1200 °C for 100 s, (a) TEM image showing cubic-shaped precipitates; (b) size
distribution of precipitates from the same sample of (a).
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Fig. 5.14 Precipitates and the corresponding size distribution in specimen of Nb-Ti steel with rough rolling at
850 °C and reheated to 1200 °C for 1000 s, (a) TEM image showing cubic-shaped precipitates; (b) size
distribution of precipitates from the same sample of (a).
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To summarise, there appeared to be a difference in behaviour of the two steels. In the Nb-Ti
steel, coarsening of the precipitates was dominant. In contrast, in the Nb steel, after initial
coarsening, dissolution of the precipitates occurred during isothermal heat treatment at
1200 °C.

5.5  Precipitate morphology and chemistry

The composition of precipitates was identified by TEM, EDX and EELS spectra and is
presented in Figs. 5.15-5.27 for Nb and Nb-Ti steels. The EDX was good at identifying
higher atomic number elements, such as Nb, while EELS was used to observe the light
elements, such as N and C. To analyse the effect of reheating process on the composition of
precipitates, the particles were separated into two groups. The first group includes the size of
precipitates less than 10 nm and the second group has the size of precipitates larger than 10
nm for both Nb and Nb-Ti steels.

5.5.1. Nb steel

After deformation at 850 °C followed by a rapid reheat to 1200 °C for different times
followed by an immediate water quench, the morphology of the precipitates was examined by
TEM (HRTEM), and the composition of these precipitates was investigated by EDX and
EELS, Figs. 5.15-5.19. The round-shaped precipitates with the size less than 10 nm shown in
Figs. 5.15 and 5.17 were confirmed by TEM, EDX and EELS analysis to be NbC with the
measured spacing equal to 0.253 nm from the fast Fourier transformed diffractogram and

presented the Nb K and L lines from EDX spectrum.

Figs. 5.16 and 5.18 show the precipitates with the size larger than 10 nm, which were shown
to be Nb(CN) by the the C K-, Nb M- and N K-edges in EELS spectra shown in Fig. 5.16 (d)
and 5.18 (d) after subtraction of the background preceding the C K-edge. The EDX spectrum
taken from those particles is shown in Figs. 5.16 (c) and 5.18 (c) with the Nb L and K lines.
Even after holding for 100 s at 1200 °C, there were still NbC present (Fig. 5.19 (a) and (b)).
There were particles with a size larger than 10 nm at 100 s, Fig 5.19 (b), which did not
contain nitrogen due to the long-time holding at 1200 °C.

73



Cu

500 4

Intensity

Fig. 5.15 NbC in the Nb steel isothermally held at 1200 °C followed by water quenching immediately, (a)
HRTEM image of NbC; (b) IFFT image of the precipitate shown in (a); (c) the corresponding fast Fourier
transformed diffractogram of (a); (d) EDX spectra indicated in (a).
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Fig. 5.16 Nb(CN) with the size larger than 20 nm in the Nb steel isothermally held at 1200 °C followed by water
quenching immediately, (a) TEM image of Nb(CN); (b) EELS spectrum indicated in (a); (c) EDX spectra
indicated in (a).
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Fig. 5.17 NbC in the Nb steel isothermally held at 1200 °C for 10 s followed by water quenching, (a) HRTEM
image of NbC; (b) IFFT image of the precipitate shown in (a); (c) the corresponding fast Fourier transformed
diffractogram of (a); (d) EDX spectra indicated in (a).
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Fig. 5.18 Nb(CN) with the size larger than 20 nm in the Nb steel isothermally held at 1200 °C for 10 s followed
by water quenching, (a) TEM image of Nb(CN); (b) EELS spectrum indicated in (a); (¢) EDX spectra indicated
in (a).
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Fig. 5.19 NbC in the Nb steel isothermally held at 1200 °C for 100 s followed by water quenching, (a) TEM
image of NbC with the size less than 10 nm; (b) TEM image of NbC with the size larger than 10 nm; (c) EDX
spectra indicated in (a); (d) EDX spectra indicated in (b).

5.5.2. Nb-Ti steel

For Nb-Ti steel, after deformation at 850 °C followed by a rapid reheat to 1200 °C for
different times, and then an immediate water quench, the morphologies of precipitates were
investigated by TEM (HRTEM), EDX and EELS, Figs. 5.20-5.24. Fig. 5.20 gives a particle
typical of those <10 nm, which was shown to be (Ti,Nb)C, with no N K-edge present in the
EELS spectrum. The second type of precipitates with the size larger than 10 nm shown in
Figs. 5.21-5.24 are detected to be (Ti,Nb)(C,N) by EELS and EDX spectrums. The
background in the EELS spectrum has been subtracted showing the presence of the Ti L- and
N K-edge (Figs. 5.21 (b), 5.22 (b), 5.23 (b) and 5.24 (b)) and the Nb and Ti lines are present
in Figs. 5.21 (c), 5.22 (c), 5.23 (c) and 5.24 (c) in EDX spectra.
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Fig. 5.20 (Nb, Ti)C with the size less than 10 nm in the Nb-Ti steel isothermally held at 1200 °C followed by
water quenching immediately, (a) HRTEM image of (Nb, Ti)C; (b) IFFT image of the precipitate shown in (a);
(c) the corresponding fast Fourier transformed diffractogram of (a); (d) EELS spectrum indicated in (a); (e)
EDX spectra indicated in (a).
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Fig. 5.21 (Nb,Ti)(C,N) with the size larger than 10 nm in the Nb-Ti steel isothermally held at 1200 °C followed
by water quenching immediately, (a) TEM image of (Nb,Ti)(C,N); (b) EELS spectrum indicated in (a); (c) EDX
spectra indicated in (a).

77



(b) 1000 - ©
TiL2
1500
TiL3
10000 o
2 Z 100
§ 8
5000 -
Nkl 800+ .
N Ti g
Nb
0 . . . - 0 L‘—“L—J\“ A : L
300 350 400 450 0 5 10 15 20
Energy Loss (eV) KeV

Fig. 5.22 (Nb,Ti)(C,N) in the Nb-Ti steel isothermally held at 1200 °C for 10 s followed by water quenching, (a)
TEM image of (Nb,Ti)(C,N); (b) EELS spectrum indicated in (a); (c) EDX spectra indicated in (a).
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Fig. 5.23 (Nb,Ti)(C,N) in the Nb-Ti steel isothermally held at 1200 °C for 100 s followed by water quenching,
(a) TEM image of (Nb,Ti)(C,N); (b) EELS spectrum indicated in (a); (c) EDX spectra indicated in (a).
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Fig. 5.24 (Nb,Ti)(C,N) in the Nb-Ti steel isothermally held at 1200 °C for 1000 s followed by water quenching,
(a) TEM image of (Nb,Ti)(C,N); (b) EELS spectrum indicated in (a); (¢) EDX spectra indicated in (a).

5.5  The solid solution of microalloyed elements during isothermal holding

5.5.1 The content of Nb in solid solution

The volume fraction of precipitates determined by TEM replica results are shown in Table
5.2. It is clear that the volume fraction of precipitates decreases with increasing isothermal
holding times at 1200 °C. The amount of Nb in solution can be expressed by incorporating

the experimentally measured volume fraction of precipitates using Eq. (5.2) [20,194,195,204].

Pprecinitare %)
f(t):[ precieae x (W, — [Nb]) (5.2)
Z = {Nb}/{C} (5.3)

where f(t) is volume fraction of precipitates coordinated with holding times; p, and
Pprecipitate are the densities of the austenite and that of the precipitates, respectively; W, is
the total atomic weight of microalloyed elements in each steel; [Nb] is Nb in solution;
{Nb}and {C} are the Nb and C in precipitates as NbC at equilibrium. The data for Nb in

solution is shown in Table 5.2.
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Table 5.2

Data from carbon extraction replicas results for Nb and Nb-Ti steels showing the volume fraction of precipitates
and the amount of [Nb] (Nb in solution) under different holding times at 1200 °C

Volume Fraction

Materials Reheating o Time (s) Diameter of Precipitates [Nb] (wt%)
Temperature (°C) (nm) 5 3
(10° um™)
0 20.0+0.4 13.5+1.6 0.01840.001
10 218411 9.8+14 0.021+0.001
Nb Steel 20 20.4+1.2 7.2+0.7 0.024+0.0006
40 19404 4.84£0.5 0.026+0.0004
100 16.4+1.8 1.0+0.6 0.029+0.0006
1200
0 314+0.8 60.4+2.9 0.007+0.001
10 324412 53.6+1.7 0.012+0.0012
Nb-Ti 40 342418 477431 0.015+0.0028
Steel
100 39+1.2 46.7+4.3 0.016540.003
1000 46.8+1.6 34.6+3.2 0.025+0.0023

For the Nb steel, most of the Nb (0.029 wt%) was dissolved into the matrix after holding for
100 s. However, the amount of Nb in solution was only 0.0165 wt% at the same holding time
for the Nb-Ti steel. From the data shown in Table 5.2, it can be inferred that the presence of
Ti increases the thermodynamic stability of the Nb(CN) at this temperature, thus suppressing

the dissolution kinetics.
5.5.2 Ti/(Ti+NDb) ratio from precipitation in the Nb-Ti steel

For the Nb-Ti steel, the effect of Ti on the dissolution behaviour of Nb based complex
carbonitrides during the reheating process at 1200 °C with different holding times was
investigated using EDX to identify the Ti/(Ti+Nb) ratio with the mean Ti/(Ti+Nb) value
obtained from over 30 precipitates for each specimen. The results are listed in Table 5.3 and
Fig. 5.25, as a function of holding times. It is clear that the ratio of Ti/(Ti+Nb) in the Nb-Ti
steel increased with the increasing holding times at 1200 °C. After rough rolling at 850 °C

and reheating to 1200 °C followed by immediate water quenching, the atomic ratio of
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Ti/(Ti+Nb) was only 0.42 at%, which means that most of the precipitates are Nb-rich
carbonitrides. Then after a hold for 10 s at 1200 °C, the ratio of Ti/(Ti+Nb) rapidly increased
to 0.77 at% and the precipitates therefore became Ti-rich carbonitrides. Increasing the
holding time to 100 s, the ratio of Ti/(Ti+Nb) increased to 0.82 at%. Then, the ratio of
Ti/(Ti+Nb) became constant and only slightly increased to 0.88 at% at 1000 s during the
isothermal holding. Furthermore, the atomic ratio of Ti/(Ti+Nb) was also calculated from the
volume fraction of precipitates using the Eq. (5.2) and is shown in Table 5.3 and Fig. 5.25 as
well. The calculated ratio also increased with increasing isothermal holding times, with 0.63
at% at 0's, 0.68 at% at 10 s and 0.74 at% at 100 s, as well as 0.89 at% at 1000 s. The atomic
ratio of Ti/(Ti+Nb) from calculation using Eg. (5.2) fits well with that of the EDX data.

Table 5.3
The ratio of Ti to (Ti+Nb ) in the precipitates in the Nb-Ti steel

Reheating . Ti/(Ti+Nb) ratio
Methods Temperature (°C) Time (s) (atom %)
0 0.42
EDX 1200 10 0.77
100 0.82
1000 0.88
0 0.63
10
Calculated Data 1200 0.68
100 0.74
1000 0.89
1.0 'y
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Fig. 5.25 The ratio of Ti to (Ti+Nb) in the precipitates in Nb-Ti steel obtaining from EDX and carbon replica
data.
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5.6 Vickers micro-hardness

The Vickers micro-hardness values of rough rolled and reheated steels were measured and
listed in Fig. 5.26. The micro-hardness increased with increasing holding times in both Nb
and Nb-Ti steels. At 0 s, the micro-hardness was 209.5+4.6 Hv in the Nb steel and
196.943.3 Hv in the Nb-Ti steel, which were similar to the rough rolling micro-hardness with
205.742.6 Hv in the Nb steel and 198.24+3.6 Hv in the Nb-Ti steel. The micro-hardness
increased rapidly to 239.9+3.9 Hv at 10 s in the Nb steel. However, the micro-hardness in the
NDb-Ti steel increased only slightly to 210.6+3.3 Hv at the same holding time with Nb steel.
After an initial rapid increase, the rate of increase slowed down for holding time of 100 s for
both steels. For the Nb steel, the micro-hardness slightly increased to 246.5+8.3 Hv, and for
NDb-Ti steel it was 218.949.0 Hv. Finally, after holding for 1000 s at 1200 °C, the micro-
hardness increased to 251.84+6.9 Hv in the Nb steel and 233+4.3 Hv in the Nb-Ti steel.

Isothermal Treatment at 1200 °C
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Fig. 5.26 The average value of Vickers micro-hardness in the Nb and Nb-Ti steels.

5.7  Summary

Following rolling at 850 °C and subsequent isothermal heating at 1200 °C for various times,
the prior-austenite grains, for both Nb and Nb-Ti steels, became equiaxed after the
temperature was rapidly increased to 1200 °C, because full recrystallisation occurred. Then,
grain growth occurred, an inevitable effect of the reduced pinning force of precipitates on the

grain boundaries. The rate of grain growth was less for the Nb-Ti steel than the Nb steel
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because of the higher temperature stability of the (Ti, Nb)C or (Ti, Nb)(C, N) than the NbC or
Nb(C, N).

The average diameter of the Nb precipitates in the Nb steel initially coarsen up to 10 s hold,
but then decreased as they dissolved into the matrix. However, the (Ti, Nb)C and (Ti, Nb)(C,
N) particles in the Nb-Ti steel exhibited continuous coarsening over the duration of the
holding period. The dissolution rate of Nb in the Nb steel was much quicker than that in the
Nb-Ti steel. The Nb continually dissolved into the austenite during reheating in both the Nb
and Nb-Ti steels.

For the NDb-Ti steel, the ratio of Ti/(Ti+Nb) increased during the entire holding period (Fig.
5.25), with the precipitates changing from Nb-rich to Ti-rich. The reheating temperature of
1200 °C is higher than the equilibrium temperature of NbC and Nb(C,N), but there was still
Nb present in the Nb steel after holding for 100 s at 1200 °C and in the Ti carbonitride, even
after holding for 1000 s at 1200 °C.

The Vickers micro-hardness increased with increasing isothermal holding times in both the
Nb and Nb-Ti steels. The effect of solid solution from the microalloyed elements on micro-
hardness was significantly higher than the negative effect of increasing grain size and

dissolution of precipitates.
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CHAPTER 6: FINISH ROLLING IN STEELS MICROALLOYED WITH
NIOBIUM

6.1 Introduction

A new type of thermomechanical control process (TMCP), which consists of rough rolling at
850 °C, reheating at 1200 °C for different durations, and then finish rolling at 850 °C, was
analysed in this study to obtain an ultra-fine microstructure through deformation-induced
ferrite transformation (DIFT). This should yield an excellent combination of strength and
impact toughness properties for microalloyed steels. Moreover, with adding a high
temperature heat treatment between rough and finish rolling, it provides a wide range of the
finish rolling temperatures. The higher the finish rolling temperature is, the lower the load
requirement on the rolling equipment. Therefore, the new type of rolling process conquered
the limitations of thermomechanical control rolling, such as high load requirement and low
productivity. In this chapter, the microstructures and the SIP behaviour have been analysed
after processing by the new TMCP. Then, the effect of the non-equilibrium temperature heat
treatment and finish rolling parameters on the DIFT microstructure has been analysed

through the nucleation and phase transformation kinetics.

6.2  Characterisation of the microstructures by OM and SEM
6.2.1. Morphology of the prior-austenite grains and the DIFT

Optical micrographs revealed the typical prior-austenite grain morphologies when etched by
picric acid after finish rolling at 850 °C for the Nb and Nb-Ti steels. Then, the 2% nitric acid
was used for etching the ferrite second phase. However, OM has its limitation to analyse the
complexity of the multiphase microstructure. Therefore, to capture more details of the
features, SEM was used in this study as well. All the microstructures of the austenite grains
and DIFT are shown in Figs. 6.1-6.16.

6.2.1.1 Nb steel

1) The finish rolling schedules A-10, B-10, C-10 and D-10 corresponding to a heat
treatment at 1200 °C for 10 s

In this section, the specimens from the Nb steel were heat treatment at 1200 °C hold for 10 s.
The finish rolling schedules consisted of A-10, B-10, C-10 and D-10 as shown in Fig. 3.5.
The microstructure of prior-austenite grains and the second phase of DIFT are shown in Figs.
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6.1-6.4. For the Nb steel, the average grain size was refined with increasing strain, and the
isothermal 10 s holding after deformation at 850 °C. DIFT was located mainly on the prior
austenite grain boundaries. The morphology of the DIFT and martensite after finish rolling
for schedule A-10 was similar to the other schedules of B-10, C-10 and D-10.

Fig. 6.1 OM of prior austenite grains in the Nb steel after reheating to 1200 °C for 10 s and finish rolling at
850 °C with 0.3 strain, (a) WQ immediately (A-10); (b) hold for 10 s+WQ (B-10) (Etched by picric acid).

Fig. 6.2 SEM observation of DIFT for Nb steel after finish rolling with the rolling schedule A-10 and B-10, (a)
WQ immediately (A-10); (b) hold for 10 s+WQ (B-10) (Etched by 2% 2 % nitric acid).
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Fig. 6.3 OM of prior austenite grains in the Nb steel after reheating to 1200 °C for 10 s and finish rolling at
850 °C with 0.6 strain, (a) WQ immediately (C-10); (b) hold for 10 s+WQ (D-10) (Etched by picric acid).

Fig. 6.4 SEM observation of DIFT for Nb steel after finish rolling with the rolling schedule C-10 and D-10, (a)
WQ immediately (C-10); (b) hold for 10 s+WQ (D-10) (Etched by 2% 2 % nitric acid).

2) Finish rolling schedules A-100, B-100, C-100 and D-100 corresponding to heat
treatment at 1200 °C for 100 s

The specimens from the Nb steel were heat treated at 1200 °C for 100 s. The finish rolling
schedules A-100, B-100, C-100 and D-100 were shown in Fig. 3.5. The microstructures of
the prior-austenite grains and the second phase of DIFT are shown in Figs. 6.5-6.8. The
average grain size was refined with increasing strain, and the isothermal 10 s holding after
deformation at 850°C. DIFT was located mainly on the prior austenite grain boundaries. The
morphology of DIFT and martensite after finish rolling with other schedules of B-100, C-100
and D-100 are similar to that at A-100.
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Fig. 6.5 OM of prior austenite grains in the Nb steel after reheating to 1200 °C for 100 s and finish rolling at
850 °C with 0.3 strain, (a) WQ immediately (A-100); (b) hold for 10 s +WQ (B-100) (Etched by picric acid).

Fig. 6.6 SEM observation of DIFT for Nb steel after finish rolling with the rolling schedule A-100 and B-100, (a)
WQ immediately (A-100); (b) hold for 10 s+ WQ (B-100) (Etched by 2% 2 % nitric acid).

Fig. 6.7 OM of prior austenite grains in the Nb steel after reheating to 1200 °C for 100 s and finish rolling at
850 °C with 0.6 strain, (a) WQ immediately (C-100); (b) hold for 10 s+WQ (D-100) (Etched by picric acid).
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Fig. 6.8 SEM observation of DIFT for Nb steel after finish rolling with the rolling schedule C-100 and D-100, (a)
WQ immediately (C-100); (b) hold for 10 s+WQ (D-100) (Etched by 2% 2 % nitric acid).

6.2.1.2 Nb-Ti steel

1) Finish rolling schedules A-10, B-10, C-10 and D-10 corresponding to heat treatment
at 1200 °C for 10 s

The finish rolling schedules consisted of A-10, B-10, C-10 and D-10, which are shown in Fig.
3.5. After finish rolling with those schedules, the microstructures of prior-austenite grains and
the second phase of DIFT are shown in Figs. 6.9-6.12 for the Nb-Ti steel. The average prior
austenite grain size decreased with increasing strain, and the isothermal 10 s holding after
deformation at 850 °C. From SEM observation, there was an amount of DIFT which was
located mainly on the prior austenite grain boundaries. The morphology of the DIFT after

finish rolling with other schedules of B-10, C-10 and D-10 was similar to that seen in A-10.

Fig. 6.9 OM of prior austenite grains in the Nb-Ti steel after reheating to 1200 °C for 10 s and finish rolling at
850 °C with 0.3 strain, (a) WQ immediately (A-10); (b) hold for 10 s+WQ (B-10) (Etched by picric acid).
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Fig. 6.10 SEM observation of DIFT for Nb-Ti steel after finish rolling with the rolling schedule A-10 and B-10,
(a) WQ immediately (A-10); (b) hold for 10 s+WQ (B-10) (Etched by 2% 2 % nitric acid).

Fig. 6.11 OM of prior austenite grains in the Nb-Ti steel after reheating to 1200 °C for 100 s and finish rolling
at 850 °C with 0.6 strain, (a) WQ immediately (C-10); (b) hold for 10 s+WQ (D-10) (Etched by picric acid).

Fig. 6.12 SEM observation of DIFT for Nb-Ti steel after finish rolling with the rolling schedule C-10 and D-10,
(a) WQ immediately (C-10); (b) hold for 10 s+WQ (D-10) (Etched by 2% 2 % nitric acid).

89



2) Finish rolling schedules A-100, B-100, C-100 and D-100 corresponding to heat
treatment at 1200 °C for 100 s

After increasing the holding time to 100 s at 1200 °C, the microstructures were observed
using OM and SEM, and presented in Figs. 6.13-6.16. The elongated prior austenite grains in
all four specimens after finish rolling decreased with the increasing strain, and isothermal
holding for 10 s after deformation. SEM images of the DIFT located on the grain boundaries

are shown in Figs. 6.14 and 6.16.
o BT

Fig. 6.13 OM of prior austenite grains in the Nb-Ti steel after reheating to 1200 °C for 100 s and finish rolling
at 850 °C with 0.3 strain, (a) WQ immediately (A-100); (b) hold for 10 s+WQ (B-100) (Etched by picric acid).

Fig. 6.14 SEM observation of DIFT for Nb-Ti steel after finish rolling with the rolling schedule A-100 and B-
100, (a) WQ immediately (A-100); (b) hold for 10 s+WQ (B-100) (Etched by 2% 2 % nitric acid).
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Fig. 6.15 OM of prior austenite grains in the Nb-Ti steel after reheating to 1200 °C for 100 s and finish rolling
at 850 °C with 0.6 strain, (a) WQ immediately (C-100); (b) hold for 10 s+WQ (D-100) (Etched by picric acid).

Fig. 6.16 SEM observation of DIFT for Nb-Ti steel after finish rolling with the rolling schedule of C-100 and C-
100, (a) WQ immediately (C-100); (b) hold for 10 s+WQ (D-100) (Etched by 2% 2 % nitric acid)

In summary, the microstructure for Nb and Nb-Ti steels exhibited dual phase structures:
martensite and ferrite. The DIFT observed in the micrographs had formed by the deformation
and was mainly located on the elongated prior austenite grain boundaries and deformed bands,
as well as within the grains. The mean prior austenite grain size decreased with increasing

strain or isothermal holding for 10 s for both Nb and Nb-Ti steels.
6.2.2. Prior-austenite grain size and volume fraction of second phase ferrite measurements

The mean prior-austenite grain size and volume fraction of DIFT were calculated from OM
and SEM images as shown in Figs. 6.1-6.16, and are presented in Figs. 6.17, 6.18 and Table
6.1. Fig. 6.17 gives the average prior austenite grain size measured as a function of
processing condition and steel composition. The average prior-austenite grain size in the Nb
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steel was larger than that in the Nb-Ti steel for the same rolling schedules. When considering
the effect of the heat treatment on the mean deformed grain size, with longer holding at
1200 °C for 100 s, the deformed grain size is larger than that at 1200 °C for 10 s with the

same rolling parameters.

The volume fraction of DIFT as a function of rolling parameters was calculated from SEM
images and is shown in Fig. 6.18. It can be seen that the volume fraction of DIFT in the Nb-
Ti steel was larger than that in the Nb steel for each process condition. The volume fraction
of DIFT increased with increasing strain for both Nb and Nb-Ti steels. It also increased with
the 10 s isothermal hold after deformation for a given strain. After one pass deformation and
holding for 10 s at 850 °C, there was a much higher volume fraction of DIFT than after the
finish rolling without subsequent hold. The volume fraction of DIFT continually increased
with increasing strain to 0.6, but with a decreasing rate as the strain increased. When
considering the effect of the holding time at 1200 °C on the volume fraction of DIFT, a 100 s
hold at 1200 °C produced slightly more DIFT during finish rolling than a 10 s hold at
1200 °C under the same rolling conditions with the strain at 0.3.
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Fig. 6.17 The average prior austenite grain size as a function of finish rolling schedules, which shown in Fig. 3.5,

A-10, B-10, C-10 and D-10 are heat treatments at 1200 °C for 10 s; A-100, B-100, C-100 and D-100 are heat
treatments at 1200 °C for 100 s.
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Fig. 6.18 The volume fraction of DIFT as a function of rolling parameters in the Nb and Nb-Ti steels, which
shown in Fig. 3.5, A-10, B-10, C-10 and D-10 are heat treatments at 1200 °C for 10 s; A-100, B-100, C-100
and D-100 are heat treatments at 1200 °C for 100 s.

Table 6.1

Summary of the prior-austenite grain sizes and volume fraction of ferrite, as a function of different heat
treatment and finish rolling parameters, as shown in Fig. 3.5.

Rolling Avgrag_e Volume
Materials Grain Size Fraction of
Schedules .

(um) Ferrite

A-10 42.946.4 0.20+0.02

B-10 37.6+4.1 0.254+0.05

C-10 23.7+3.6 0.274+0.04

D-10 18.8+2.5 0.2940.04

Nb Steel A-100 45.6+6.2 0.21+0.03
B-100 41.6+4.9 0.27+0.05

C-100 34.44+6.3 0.28+0.04

D-100 28.846.1 0.30+0.09

A-10 23.7£3.3 0.21+0.01

B-10 20.6+3.1 0.28+0.04

C-10 16.1+1.5 0.29+0.04
. D-10 13.9%+1.5 0.31+0.06
Nb-Ti Steel A-100 28.4+5.2 0.24+0.03
B-100 21.8+3.8 0.29+0.04

C-100 19.4+2.9 0.3040.03

D-100 18.9+1.9 0.33+0.05
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6.3  TEM carbon extraction replicas

In order to analyse the effect of finish rolling on the SIP behaviour for Nb and Nb-Ti steels,
TEM, EDX and HRTEM were used to observe the morphology, composition, size
distribution and the volume fraction of precipitates. The size distribution and the volume
fraction of precipitates were calculated from carbon extraction replica samples using bright
field TEM images. Moreover, the size distribution of the precipitates was also calculated
using Eq. 5.1 and compared with the individual measurement data. The amount of Nb or Nb
and Ti in precipitates was calculated using Eq. 4.7 from the volume fraction of precipitation.
EDX and EELS were used to analyse the composition of SIP as well.

6.3.1 The size distribution of the SIP

Following cooling from the finish deformation at 850 °C, the size distribution and the
average diameter of SIP in the Nb and Nb-Ti steels was determined from TEM carbon
replicas, Figs. 6.19-6.26.

6.3.1.1 Nb steel

1) Finish rolling schedules A-10, B-10, C-10 and D-10 corresponding to heat treatment
at 1200 °C for 10 s

Figs. 6.19 and 6.20 show SIP produced by rolling schedules A-10, B-10, C-10 and D-10 (Fig.
3.5). Most of the precipitates had a spherical shape with a size less than 20 nm. The average
size of precipitates decreased with the increasing strain, and isothermal holding for 10 s. The
average precipitate size was 9+0.2 nm at the beginning (A-10) and then decreased to
8.840.23 nm with isothermal hold for 10 s at a deformation temperature of 850 °C (B-10).
Increasing the strain to 0.6, the mean size of precipitates decreased to 8.440.32 nm (C-10)
and then reduced to 7.44+0.15 nm with isothermal hold for 10 s (D-10).
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Fig. 6.19 Precipitates and the corresponding size distribution in the Nb steel with heat treatment at 1200 °C for
10 s followed by deformation at 850 °C with strain of 0.3, (a) TEM image showing spherical SIP with rolling
schedule A-10; (b) size distribution of SIP calculated from TEM images like image (a); (c) TEM image showing
spherical SIP with rolling schedule of B-10; (d) size distribution of SIP calculated from TEM images like image

(©).

The precipitate diameter distribution for different finish rolling schedules was unimodal over
the entire range, and the number density of precipitates increased with increasing strain or
isothermal holding for 10 s. The peak value of the distribution was between 8 and 10 nm, and
then changed to 6-8 nm with a strain increase to 0.6. The simulated size distribution of
precipitation in Figs. 6.19 (b), (d) and 6.20 (d), (d) fits well with the results from carbon
replica data.
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Fig.6. 20 Precipitates and the corresponding size distribution in the Nb steel with heat treatment at 1200 °C for
10 s followed by deformation at 850 °C with strain of 0.6, (a) TEM image showing spherical SIP with rolling
schedule C-10; (b) size distribution of SIP calculated from TEM images like image (a); (c) TEM image showing
spherical SIP with rolling schedule of D-10; (d) size distribution of SIP calculated from TEM images like image

(©).

2) Finish rolling schedules A-100, B-100, C-100 and D-100 corresponding to heat
treatment at 1200 °C for 100 s

Figs. 6.21 and 6.22 show SIP with rolling schedules A-100, B-100, C-100 and D-100 (Fig.
3.5). The average precipitate size decreased with the increasing strain, and isothermal holding
for 10 s. The average precipitate size was 9.2+0.36 nm at the beginning (A-100) and then
decreased to 9.0+0.51 nm with isothermal hold for 10 s at a deformation temperature of
850 °C (B-100). With increased strain to 0.6, the mean size of precipitates decreased to
8.14+0.24 nm (C-100) and then reduced to 7.6+0.15 nm with isothermal hold for 10 s (D-
100). The precipitate diameter distribution was calculated as a function of the rolling

parameters. The distribution of precipitates over the entire range was unimodal, and the
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number density of precipitates increased with increasing strain or isothermal holding for 10 s.
The peak value of the distribution was between 8 and 10 nm at A-100, and then changed to 6-
8 nm with the finish rolling at B-100, C-100 and D-100. The simulated size distribution of

precipitation in Figs. 6.21 (b), (d) and 6.22 (d), (d) fits well with the calculated results from
carbon replica data.
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Fig. 6.21 Precipitates and the corresponding size distribution in the Nb steel with heat treatment at 1200 °C for

100 s followed by deformation at 850 °C with strain of 0.3, (a) TEM image showing spherical SIP with rolling
schedule A-100; (b) size distribution of SIP calculated from TEM images like image (2); (¢) TEM image
showing spherical SIP with rolling schedule B-100; (d) size distribution of SIP calculated from TEM images
like image (c).
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Fig. 6.22 Precipitates and the corresponding size distribution in the Nb steel with heat treatment at 1200 °C for
100 s followed by deformation at 850 °C with strain of 0.6: (a) TEM image showing spherical SIP with rolling
schedule C-100; (b) size distribution of SIP calculated from TEM images like image (a); (c) TEM image
showing spherical SIP with rolling schedule D-100; (d) size distribution of SIP calculated from TEM images
like image (c).

To summarise, with holding for 100 s at 1200 °C, the number density of particles are higher
than that for 10 s holding at 1200 °C under the same rolling process. The isothermal holding
times after deformation at 850 °C influenced the number density of precipitates. From Figs.
6.21 and 6.22, it is obvious that there are more precipitates with a size between 6 and 8 nm
for a hold of 10 s (B-100 and D-100), compared to water quenched samples (A-100 and C-
100) under the same rolling parameters. There are many more precipitates at the higher strain
of 0.6 compared to a strain of 0.3. The mean size of precipitates decreased with the increasing
strain or isothermal hold for 10 s.
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6.3.1.2 Nb-Ti steel

1) Finish rolling schedules A-10, B-10, C-10 and D-10 corresponding to heat treatment
at 1200 °C for 10 s

The SIP produced by the rolling schedules A-10, B-10, C-10 and D-10 (Fig. 3.5) are shown
in Figs. 6.23 and 6.24. There are two types of precipitates: one has an irregular shape with a
size less than 20 nm; another is cuboid with a size larger than 20 nm. In this study, only the
SIP with the size less than 20 nm was measured. The average size of precipitation decreased
with the increasing strain, and isothermal holding for 10 s at the deformation temperature.
The average precipitate size was 10.1+0.24 nm at the beginning (A-10) and then decreased to
9.240.22 nm with isothermal hold for 10 s at the deformation temperature of 850 °C (B-10).
Increasing the strain to 0.6 resulted in a reduction in the mean precipitate size to 9.02+0.45
nm (C-10), and then this further reduced to 8.03+0.28 nm with isothermal hold for 10 s (D-
10). The precipitate diameter distribution for different finish rolling schedules was studies.
The number density of precipitates increased with increasing strain or isotheral holding for 10
s. The peak value of the distribution was between 8 and 10 nm at the beginning, and then
changed to 6-8 nm as the strain increased to 0.6. The simulated size distributions of
precipitates in Figs. 6.23 (b), (d) and 6.24 (b), (d) have been calculated through Eqg. 5.1 and
fits well with the results from carbon replica samples.
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Fig. 6.23 Precipitates and the corresponding size distribution in the Nb-Ti steel with heat treatment at 1200 °C
for 10 s followed by deformed at 850 °C with strain of 0.3: (2) TEM image showing irregularly shaped
precipitates with rolling schedule A-10; (b) size distribution of SIP calculated from TEM images like image (a);
(c) TEM image showing irregularly shaped precipitates with rolling schedule B-10; (d) size distribution of size
distribution of SIP calculated from TEM images like image (c).
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Fig. 6.24 Precipitates and the corresponding corresponding size distribution in the Nb-Ti steel with heat
treatment at 1200 °C for 10 s followed by deformed at 850 °C with strain of 0.6: (a) TEM image showing
irregularly shaped precipitates with rolling schedule C-10; (b) size distribution of SIP calculated from TEM
images like image (a); (¢c) TEM image showing irregularly shaped precipitates with rolling schedule D-10; (d)
size distribution of size distribution of SIP calculated from TEM images like image (c).

2) The finish rolling schedules of the A-100, B-100, C-100 and D-100 corresponding to
heat treatment at 1200 °C for 100 s

The SIP produced from rolling schedules A-100, B-100, C-100 and D-100 (Fig. 3.5) are
shown in Figs. 6.25 and 6.26. The average size of precipitates decreased with increasing
strain, and isothermal holding for 10 s. The average precipitate size was 9.4+0.44 nm at the
beginning (A-100) and then decreased to 9.05+0.47 nm with isothermal hold for 10 s at the
deformation temperature of 850 °C (B-100). With increasing strain, the mean precipitate size
decreased to 94+0.45 nm for a strain of 0.6 (C-100), and then 8.44+0.48 nm for a strain of 0.6
followed by an isothermal hold for 10 s (D-100). The precipitate diameter distribution for
different finish rolling schedules was calculated from TEM images. The number density of
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precipitates increased with increasing strain or isothermal holding for 10 s. The peak value of
the size distribution was in the range of 8 to 10 nm at the beginning, and then moved to 6-8
nm with the finish rolling of B-100, C-100 and D-100. The simulated size distribution curve
fit well with the results from carbon replica samples shown in Fig. 6.25 (b), (d) and 6.26 (b),
(d).
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Fig. 6.25 Precipitates and the corresponding size distribution in the Nb-Ti steel with heat treatment at 1200 °C
for 100 s followed by deformed at 850 °C with strain of 0.3: (a) TEM image showing irregularly shaped
precipitates with rolling schedule A-100; (b) size distribution of SIP calculated from TEM images like image (a);
(c) TEM image showing irregularly shaped precipitates with rolling schedule B-100; (d) size distribution of size
distribution of SIP calculated from TEM images like image (c).
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Fig. 6.26 Precipitates and the corresponding size distribution in the Nb-Ti steel with heat treatment at 1200 °C
for 100 s followed by deformed at 850 °C with strain of 0.6: (a) TEM image showing irregularly shaped
precipitates with rolling schedule C-100; (b) size distribution of SIP calculated from TEM images like image (a);
(c) TEM image showing irregularly shaped precipitates with rolling schedule D-100; (d) size distribution of size
distribution of SIP calculated from TEM images like image (c).

To summarise, with holding for 100 s at 1200 °C, there were more particles than for 10 s
holding at 1200 °C under the same rolling process. Then, with 10 s holding after deformation
(B-10 and D-10), the number density of SIP was more than in the immediately water
quenched specimens (A-10 and C-10), while the mean size of precipitates was less than the
water quenched specimens. The increasing strain also influenced the number density. With
the increasing strain to 0.6, the precipitate number density continually increased, but the

mean size of precipitates decreased.
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6.3.2 The volume fraction of the SIP and the content of Nb in these precipitates

The volume fraction of precipitation per each rolling schedule was determined from 10 TEM
images and listed in Table 6.2. It is clear that the volume fraction of SIP increased with
increasing strain for both Nb and Nb-Ti steels. It also increases with the 10 s isothermal hold
after deformation at 850 °C when compared with water quenched samples at the same strain
for both steels. The mean size of precipitates decrease with the increasing strain or isothermal

holding for 10 s under the same heat treatment holding time at 1200 °C.

Moreover, with longer holding time at 1200 °C, there are more precipitates after deformation
at 850 °C with different finish rolling parameters. However, the average precipitate size was
similar between 10 s and 100 s holding at 1200 °C under the same rolling parameters. For the
NDb steel, the average size and the volume fraction of precipitates were both smaller than that

for Nb-Ti steel, when compared at the same rolling parameters.

Table 6.2

Data from carbon extraction replica results in the Nb and Nb-Ti steels showing radius, volume fraction of
precipitation, as well as the amount of [Nb] and [Nb+Ti] in precipitates under different rolling parameters.

Volume
. _ Fraction of [Nb] (wt%)
Materials Schedule Radius (nm) Precipitation (Nb in Precipitates)
(10° pm’)
A-10 9.1 5.04 0.0044
B-10 9 5.89 0.0052
C-10 8.4 6.89 0.0061
D-10 7.4 8.55 0.0075
Nb Steel A-100 9.2 5.21 0.0046
B-100 9 5.98 0.0053
C-100 8.1 75 0.0067
D-100 7.6 9.24 0.0081
Volume )
Fraction of [Nb+Ti] (wt%)
Materials Schedule Radius (nm) Precipitation (Nb gn(_j Tiin
(10° u m?) Precipitates)
A-10 10.1 5.68 0.0050
B-10 9.2 5.99 0.0053
C-10 9.02 6.11 0.0054
. D-10 8.03 7.23 0.0064
Nb-Ti Steel A-100 9.4 6.3 0.0055
B-100 9.05 7.12 0.0065
C-100 9 7.79 0.0069
D-100 8.4 10.71 0.0094
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The amounts of Nb in precipitates can be expressed by incorporating the volume fraction of
precipitation using Eq. 4.7 and shown in Table 6.2. The trend of the Nb in precipitates is the
same with the changing of volume fraction of precipitates as a function of the different
rolling parameters.

6.3.3 The chemical composition in SIP

High resolution lattice image and EDX were used to analyse the SIP, taken from typical
specimens after processing with the rolling schedule shown in Fig. 3.5 for both Nb and Nb-Ti
steels. The crystal structure was identified using the inverse fast Fourier transformation
(IFFT).

6.3.3.1 Nb steel

Figs. 6.27-6.30 show HRTEM images of a spherical shaped particle from the Nb steel. The
corresponding inverse fast Fourier transform indicates the lattice spacing. Fig. 6.27 observed
along the zone axis of [100]mc with d about 0.22 nm, which is close to the d(o0 of NbC. Figs.
6.28, 6.29 and 6.30 were imaged along a [110]mc zone axis with the measured d spacing
about 0.25 nm, which is close to published values for the d111) spacing of NbC of 0.258 nm.
The chemical composition of the particle was measured by EDX with the Nb L line. The

structure and EDX results suggest that the nanometer-sized particle was NbC in the Nb steel.
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Fig. 6.27 Precipitation in carbon replica specimen for Nb steel after heat treatment at 1200 °C for 10 s followed
by deformation at 850°C with rolling schedule of A-10, (a) HRTEM image showing a nanoscale precipitates; (b)
IFFT on the particle shown in (a); (c) EDX analysis of the nanoscale particle shown in (a).
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Fig. 6.28 Precipitate in carbon replica specimen for Nb steel after heat treatment at 1200 °C for 10 s followed by
deformation at 850°C with rolling schedule B-10, (a) HRTEM image of a nanoscale precipitate; (b) IFFT on the
particle shown in (a); (c) EDX analysis of the nanoscale particle shown in (a).
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Fig. 6.29 Precipitate in carbon replica specimen for Nb steel after heat treatment at 1200 °C for 10 s followed
by deformed at 850 °C with rolling schedule C-10, (a) HRTEM image of a nanoscale precipitate; (b) IFFT on
the particle shown in (a); (c) EDX analysis of the nanoscale particle shown in (a).
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Fig. 6.30 Precipitate in carbon replica specimen for Nb steel after heat treatment at 1200 °C for 10 s followed by
deformation at 850 °C with the rolling schedule D-10: (a) HRTEM image of a nanoscale precipitate; (b) IFFT
on the particle shown in (a); (c) EDX analysis of the small particle shown in (a).
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The chemical compositions of the SIP after heat treatment at 1200 °C for 100 s followed by
finish rolling was the same as with the heat treatment for 10 s at 1200 °C. The particles after
finish rolling with the schedules of A-100, B-100, C-100 and D-100 were identified as NbC,
which were measured from IFFT image and EDX spectroscopy with the lattice parameter of
0.447 nm.

6.3.3.2 Nb-Ti steel

The HRTEM images of cuboid precipitates are presented in Figs. 6.31-6.35 from the Nb-Ti
steel specimen with the same rolling schedule as for the Nb steel. The structure and the
composition of the SIP were analysed by IFFT images and EDX spectra. The IFFT images of
Figs. 6.32 and 6.33 suggest that those particles have a d spacing about 0.21 nm along the
zone axis of [100]mc. The EDX spectrum shows the Ti M and Nb L lines. The do2) Spacing
of (Nb, Ti)C is about 0.216 nm with the lattice parameter of 0.432 nm [205]. Therefore, the
particles in Figs. 6.31-6.35 are identified as (Nb, Ti)C in the Nb-Ti steel.
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Fig. 6.31 Precipitate in carbon replica specimen for Nb-Ti steel after heat treatment at 1200 °C for 10 s followed
by deformation at 850 °C with rolling schedule A-10, (a) HRTEM image of a small precipitate; (b) IFFT on the
particle shown in (a); (c) EDX analysis of the small particle shown in (a).
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Fig. 6.32 Precipitate in carbon replica specimen for Nb-Ti steel after heat treatment at 1200 °C for 10 s followed
by deformation at 850 °C with rolling schedule B-10, (a) HRTEM image of a small precipitate; (b) IFFT on the
particle shown in (a); (c) EDX analysis of the small particle shown in (a).
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Fig. 6.33 Precipitate in carbon replica specimen for Nb-Ti steel after heat treatment at 1200 °C for 10 s followed

by deformation at 850 °C with rolling schedule C-10, (a) HRTEM image of a small precipitate; (b) IFFT on the

particle shown in (a); (c) EDX analysis of the left smallest particle indicated in (a); (d) EDX analysis of the right
side particle indicated in (a).
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Fig. 6.34 Precipitate in carbon replica specimen for Nb-Ti steel after heat treatment at 1200 °C for 10 s followed
by deformation at 850 °C with rolling schedule D-10, (a) HRTEM image of a small precipitate; (b) IFFT on the
particle shown in (a); (c) EDX analysis of the small particle shown in (a).

After heat treatment at 1200 °C for 100 s followed by finish rolling with the schedules of A-
100, B-100, C-100 and D-100, the microstructure and the composition of SIP were also
analysed by HRTEM, EELS and EDX. The SIP content was the same as with the isothermal
holding for 10 s at 1200 °C, with the Ti and Nb line presented in the EDX spectrum.
Therefore, the precipitation after deformation by the schedules A-100, B-100, C-100 and D-
100 was confirmed as (Ti, Nb) C.

6.4 Nano-scale cementite in the deform-induced ferrite

Nanoscale cementite was observed in the deform-induced ferrite. Typical morphologies of
cementite after finish rolling using the D-10 schedule are shown in Fig. 6.35. Bright field
images, Fig. 6.35 (a) and (b), show nanoscale cementite particles in the ferrite matrix (red
arrow) for both Nb and Nb-Ti steels with few of them sited on sub-grain boundaries. The
diffraction pattern in Fig. 6.35 (c), which corresponds to the image of Fig. 6.35 (b), shows the
orientation relationship of the body-centred cubic ferrite matrix and the orthorhombic
cementite. Fig. 6.35 (d) shows a lattice image of a nanometer-sized cementite particle taken
from the same sample as shown in Fig. 6.35 (a). The two-dimensional inverse fast Fourier

transform (IFFT) (Fig. 6.35 (e)) with corresponding diffractogram (Fig. 6.35 (f)) was used to

110



analyse the lattice spacing and orientation shown in Fig. 6.35 (d). Using the diffraction spots
from the corresponding fast Fourier transformation of the image, the TEM observation is
along the zone axis of [245]re3c With the intersection of (210) and (132) as 120°. The ferrite d
spacing was identified as d o1, ~ 0.202nm. In Fig. 6.36 (f), the diffraction spot marked by
the red arrow was a result of Moiré fringing with the spacing of parallel Moiré fringes about
0.53 nm. The Moiré fringes were produced due to the two interaction vectors from the
cementite (d(132)) and ferrite (d(o17)) With the intersection angle g of 8.5°. Then the spacing

of Moireé fringes can be calculated using the Eq. (6.1) [206]:

L= dferrite X dFe3C/ (61)

((dferrite - dFe3C)2 + dferrite X dFe3C X 32)1/2
where L is the spacing of Moiré fringe with the distance of 0.53 nm, and dgeyrite(017) IS the

spacing of (011) about 0.202 nm. Thus, the d spacing of cementite can be calculated using Eq.

(6.1) to be 0.159 nm, which is close to the d 43,y spacing of FesC as 0.153 nm. This therefore

confirms that the particle was FesC imaged along the zone axis of [245].
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Fig. 6.35 The nanometer-sized Fe;C with the rolling schedule of D-10: (a) Bright-field TEM micrograph of
nanoscale cementite in the Nb steel and (b) Bright-field TEM micrograph of nanoscale cementite in the Nb-Ti
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steel; (c) corresponding electron diffraction patter from (b); (d) HRTEM image of one nanoscale cementite; (€)
IFFT lattice image from (d); (f) the corresponding fast Fourier transformed diffractogram.

6.5 Vickers hardness

The microhardness was measured immediately following: (1) rough rolling and (2) after
subsequent rapid reheating followed by water quenching. For the Nb steel, the microhardness
after condition (1) was 205.7+2.6 Hv and after condition (2) was 239.9+3.9 Hv. The
microhardness for the Nb-Ti steel following condition (1) was 198.2+3.6 Hv and after
condition (2) was 210.6+3.3 Hv.

The Vickers microhardness was measured after finish rolling for the Nb and Nb-Ti steels,
Figs. 6.36 and 6.37, respectively. The microhardness after finish rolling with a strain of 0.3
followed by immediate water quenching (A-10 and A-100) was higher than the hardness after
heat treatment for both Nb and Nb-Ti steels, as shown in Fig. 6.36 and 6.37. The
microhardness for both steel compositions rapidly decreased when the steels were held for
10s after deformation at 850 °C (B-10 and B-100). Beyond this, the hardness slightly
increased with increasing the strain to 0.6 (C-10 and C-100), and increased with isothermal
hold for 10s (D-10 and D-100). However, the microhardness at D-10 and D-100 was still
lower than that at A-10 and A-100 for both Nb and Nb-Ti steels. The variety of
microhardness for Nb and Nb-Ti steels were due to the balance between the significantly
reduced grain size in the normal direction, and the formation of the DIFT. The values of
microhardness were higher for the Nb steel compared to the Nb-Ti steel for each processing

condition.
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Fig. 6.36 Vickers micro-hardness values for Nb steel as a function of different rolling schedules (Fig. 3.5).
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Fig. 6.37 Vickers micro-hardness values for Nb-Ti steel as a function of different rolling schedules (Fig. 3.5).

6.6  The ultrafine grains after a new TMCP rolling schedule

The difference between the new thermomechanical process and the conventional methods for
producing DIFT [31,78,207] was the introduction of an additional heat treatment process
between deformations. To further test the effect of this new TMCP on DIFT and therefore on
the refinement of the final grain size, an additional test program schedule was undertaken, as
shown in Fig. 6.38. The Nb-Ti steel specimen was first rough rolled at 850 °C, and then the

temperature was rapidly increased to 1200 °C and held for 10 s. Following this, the
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temperature was reduced to 850 °C and deformed with three passes, and then, finally, rapidly

air cooled to 500 °C with a cooling rate of 20 °C/s, then at 2 °C/s to room temperature. The

cooling schedule was used to simulate the coiling process. The final average ferrite grain size

from the NDb-Ti steel using this new TMCP route was measured at about 1.404+0.05 um by

EBSD shown in Fig. 6.39 (a). Fig. 6.39 (b) shows a typical misorientation profile across a
few ferrite grains along the line shown in Fig. 6.39 (c). As expected, a high misorientation

angle was observed across adjacent grain boundaries. Therefore, this new TMCP route

produced an ultra-fine ferrite grain size with high angle grain boundaries attributed to DIFT
of austenite to ferrite.

Temperature/°C

10°C/s

1100°C/30s

Strain:0.3, Strain Rate: 10s!(each pass)

1200°C/10s

850°C 850 °C Three Passes

One Pass 10s 10s 20°C/s to 500 °C

Air Cooling
2°C/s

>
>

Time/s

Fig. 6.38 Laboratory rolling schedule for the production of ultrafine grains on the Nb-Ti steel.

114



A
4

PR

B

&

)

G

.
1

1

3
N

1§
m__w.ws.l (

n—E—0N —n

I I |
o o o o
< ™ N

(o) UONBIUILIOSTW UIZLIO0)-)UIO]

—

— N

(pm)

=
<

Distance to or

ion by

teel after deformat

is

T

d by EBSD from Nb-

Ine

boundary with IPF maps obtai

in
19

ine grai

f

the process shown

39 (a) Ultra

Fig. 6.

ies with

boundari

In

(c)gra

les from (a);

tation prof
from (a) (labelled)

isorien

-to-origin m

t
her magn

. 10; (b) Poin

inF

on

t

Ica

19

h

115



6.7  Summary

In this chapter, the effect of different finish rolling schedules shown in Fig. 3.5 on the
microstructures and the SIP for Nb and Nb-Ti steels have been analysed using OM, TEM,
HRTEM, EELS and EDX, as well as Vickers microhardness. The microstructure changed
from single phase after rough rolling to dual-phase of martensite and DIFT after finish rolling
at 850 °C, Figs. 4.1, 4.2 and Figs. 6.1-6.16. The average prior-austenite size and the volume
fraction of DIFT were calculated as a function of different rolling schedules shown in Figs.
6.17 and 6.18. With heat treatment at 1200 °C for 100 s followed by finish rolling, the prior-
austenite grain size was slightly larger than that for 10 s holding at 1200 °C, compared with
the same finish rolling schedule. As expected, the prior austenite grain size decreased in the
normal direction with increased strain for Nb and Nb-Ti steels. When compared with the
water quenched specimens, the grain size also decreased after isothermal holding for 10 s at
the deformation temperature under the same deformation strain, due to the increasing volume
fraction of DIFT.

DIFT occurred on and within the elongated prior-austenite grains during finish rolling as a
result of the introduction of the reheat at 1200 °C. The volume fraction of DIFT increased

with the increasing applied strain and isothermal hold of 10 s after deformation.

The size distribution, volume fraction and the composition of the SIP was analysed by TEM,
EDX and EELS using the carbon replica specimens. The peak of the size distribution of
precipitation is shifted from the range of 8-10 nm to the range of 6-8 nm, when increasing the
deformation strains from 0.3 to 0.6. The average size of precipitates decreased with
increasing the strain or adding 10 s holding after deformation. The compositions were
detected from typical precipitates using EDX. For the Nb steel, the SIP was NbC. For Nb-Ti
steel, they were (Ti, Nb)C. SIP as a function of the finish rolling parameters in the Nb-Ti
steel followed a similar trend to that in the Nb steel. The volume fraction of precipitates in the
NDb steel was slightly less than that in the Nb-Ti steel at the beginning, but after increasing the
strain to 0.6, it became higher than that in the Nb-Ti steel.

The Vickers microhardness was measured as a function of rolling parameters shown in Figs.
6.36 and 6.37 for Nb and Nb-Ti steels, respectively. The microhardness for the Nb steel was
higher than that for Nb-Ti steel. The trend of micro-hardness with different rolling schedules

for Nb and Nb-Ti steels was mainly influenced by the average grain size and the DIFT
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formation [187]. Therefore, after holding for 10 s at 850 °C, the microhardness for both Nb
and Nb-Ti steels rapidly decreased, because of the increased volume fraction of DIFT, and

then slightly increased with increasing the strain, because of the refinement of grain size.

The new TMCP combined with designed cooling rate (shown in Fig. 6.38) finally refined the
ferrite grain size to 1.4 um with HAGBs, which attributed to the DIFT contribution.
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CHAPTER 7: DISCUSSION

7.1 Microstructures

For Nb and Nb-Ti steels, the specimens have been rough rolled, reheated to 1200 °C for
different times and finish rolled using the schedules shown in Figs. 3.3-3.5. For rough rolling,
the purpose was to maximise the number density of SIP without recrystallization. To choose
the rough rolling temperature, the simulated PTT (precipitation-time-temperature) curve, the
5% recrystallization curve and the 95% recrystallization curve obtained by different models
were used to calculate the theoretical values of the fully recrystallization temperature (T,) and
recrystallization stop temperature (Ts) and the nose temperature of precipitation. The
microstructures after rough rolling at different temperatures were also observed by OM,
which deduced that the actual T, and Ts are similar to the calculated recrystallization
temperatures. The volume fraction of the precipitation for both Nb and Nb-Ti steels was also
calculated by TEM after deformation at different temperatures. As a result of this, the final
rough rolling temperature was determined to obtain the non-recrystallization structures and

maximum number density of SIP.

Using the determined rough rolling temperature followed by heat treatment at 1200 °C for
different times, the prior-austenite grain coarsening kinetics could be established as a
function of holding times. Then, the microalloyed Nb in solution during heat treatment and its
effect on grain growth could also be analysed.

Following this, after heat treatment at 1200 °C for 10 s and 100 s, the finish rolling was
investigated with different schedules. The deformation microstructures of DIFT and

martensite have been observed by OM and SEM.

7.1.1 Prior-austenite grain analysis
7.1.1.1 Rough rolling process

The microstructures after rough rolling with different temperatures have been observed using
OM and shown in Figs. 4.1 and 4.2. There were fully equiaxed prior-austenite grains for the
rolling temperatures between 1100 °C and 1000 °C for Nb and Nb-Ti steels, which indicated
that the full recrystallization had occurred (Figs. 4.1 (a-c) and 4.2 (a-c)). The partial
recrystallization structure was obtained with the deformation temperature at 950 °C. With
rough rolling temperatures at 900 °C and 850 °C, the prior-austenite grains were fully
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elongated. The observed microstructures at different rough rolling temperatures fit well with
the simulated full recrystallization and non-recrystallization regions for Nb and Nb-Ti steels

shown in Fig. 4.1.

The average prior-austenite grain size after rough rolling at different temperatures was
measured and is shown in Table 4.1 and Fig. 4.4. The average grain size remained constant
after deformation in the full recrystallization region, and then increased in the rolling
direction (RD) when the rolling temperatures were reduced from 950 °C to 850 °C, shown in
Fig. 4.4. The average prior-austenite grain size in the RD for the Nb steel was larger than that
for Nb-Ti steel at the beginning, and then it gradually became similar as the rolling

temperature decreased to 850 °C.

Normally, the final step of thermomechanical processing (TMP) occurs in the fully austenite
non-recrystallisation region to avoid the partial recrystallization structures and refine the final
grain size. In this study, the rough rolling temperature at 850 °C for both Nb and Nb-Ti steels
resulted in non-recrystallized prior austenite microstructures. Moreover, depending on the
simulated PTT curve (Fig. 4.1), specimens deformed at 850 °C exhibited more rapid
precipitation Kkinetics than at other rolling temperatures. Therefore, the rough rolling

temperature for Nb and Nb-Ti steels was designed at 850 °C.
7.1.1.2 Heat treatment process

After rough rolling at 850 °C, the specimens for Nb and Nb-Ti steels were reheated to
1200 °C for different times (Fig. 3.4). OM microstructures are shown in Figs. 5.2 and 5.3.
The average prior-austenite grain size was measured and presented in Table 5.1. The prior-
austenite grains continually grew with increasing holding times at 1200 °C for the Nb and
Nb-Ti steels. The grain growth rate in the Nb steel was much quicker than that in the Nb-Ti
steel, which can be explained by the following analysis. The reheating temperature of
1200 °C for this investigation was higher than the equilibrium dissolution temperature of
niobium and carbon in the Nb steel, calculated using the modified solubility product which
Palmiere et al. [208] gave as:

log [Nb][C]=2.06-6700/T (7.2)
However, for the Nb-Ti steel, the reheating temperature was lower than the dissolution
temperature of titanium, carbon and nitrogen precipitates using previously published
solubility products for these precipitates [209-211]. With the presence of the more stable

TiNDb carbonitrides in the Nb-Ti steel, there was a much higher pinning force suppressing
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grain coarsening, compared to the Nb steel, resulting in a slower growth rate in the Nb-Ti

steel during the entire reheating period.

To further analyse the grain growth mechanism combined with Zener pinning and solute drag
effects, there are several models to explain that in different systems. The grain growth
behaviour [42,212] of austenite during the isothermal holding period can be understood using
the theory developed by Burke [213], Smith [214] and Beck [215]. Following their theories,
Feltham [181] developed a more rigorous theory by using the grain diameters and grain
boundary curvatures. He further indicated that the variable grain diameter to the time of
isothermal growth can be calculated by Eq. (7.2)

(D)% — (Dy")? = (Wao/h)texp(—H/TK) =K Xt (7.2)
where D,” is the grain size at t=0s; D* is the grain diameter at a certain time; A is the number
constant of order unity; V is the volume per atom; a is lattice spacing; o is the specific grain-
boundary energy; His the activation energy for grain boundary self-diffusion; h is Planck’s
constant. Under isothermal conditions, Eq. (7.2) is equal to Kxt and K is a constant. Using
Eq. (7.2) and the grain diameter data at the holding time of Os and 10 s, the constant of K is
174.9 in the Nb steel and 23.4 in the Nb-Ti steel. The simulation of austenite grain diameters
with the different values of K for the Nb and Nb-Ti steels by Eq. (7.2) was shown in Fig. 7.1.
Using this relationship, the predicted austenite grain diameter in the Nb steel was 94.7 pm at
20s,111.7 ym at 40 s and 151.5 um at 100 s, as well as 423 um at 1000 s (Fig. 7.1 (a)). In
the Nb-Ti steel, they are 56.7 um at 40 s, 95.5 pum at 100 s and 160.3 um at 1000 s (Fig. 7.1
(b)). As shown in Fig. 7.1, the grain sizes predicted for the Nb and Nb-Ti steels by the
Feltham theory gave a very satisfactory description of the experimental data, with the
exception of the simulation data at 1000 s for the Nb steel, where the prediction of grain size

was about 5x larger than the experimentally measured value.

Considering the interaction between second phase particles and a migrating grain boundary,
Zener and Smith [214] proposed an analytical model for the pinning effect of particles on
grain growth. Based on this theory, grain growth can be stopped when the free energy to pull
the boundary away from the particles equals the free energy from retarding boundary motion
through the particles. Therefore, it is predicted that the ratio D/r should be proportional to
1/f,, where D is the average grain diameter, r is the radius of the second phase and f,, is the
volume fraction of the second phase. However, Zener’s theory failed to account for the

pinning forces produced by the relative positions of particles with respect to the boundary. He
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also only accounted for the particle-boundary interactions during normal coarsening, thus
omitting the interaction dynamics during abnormal grain growth. Therefore, the original
model of Zener for the pinning effect of second-phase particles on grain boundaries was
subsequently modified by Hellman and Hillert [216], illustrating that the mean grain size with

volume fraction and diameter of particles can be expressed by:

Dmax/Dp = 4((Dmax/D) = 1) /3, (7.3)
where Dy, is the largest limiting grain diameter; D, is the mean second phase particle
diameter; the D is the mean grain diameter; f,, is the particle volume fraction. Hellman and
Hillert also indicated that the ratio of D,,,,/D should be in the range of 1-2, when the
limiting grain growth occurred. If D,,,,,>2D, the grains would grow without being limited,
called abnormal grain growth. Depending on the experimental data from the present
investigation, the abnormal grain growth was not observed in either the Nb or the Nb-Ti
steels during the isothermal holding at 1200 °C until 1000 s. Considering the experimental
data for a holding time of O s in these steels, the ratio of D,,,, /D is 1.5 for the Nb steel and
1.8 for the Nb-Ti steel. Then, accounting for the given data of precipitates volume fraction (f,)
and the average diameter (D,) in Table 5.2, the limiting prior austenite grain size would be
calculated by Eq. (7.3), shown in Fig. 7.1. For the Nb steel, the predicted grain sizes are 65.8
pmat0s,95.9 umat 10 s, 126.5 um at 20 s, and 176.8 um at 40 s, as well as 770 um at 100
s. The predicted grain sizes using Eq. 7.3 corroborate well with the experimental data, except
at 100 s. The reason for this behaviour will be explained later by taking into account solute
drag. For the Nb-Ti steel, the average prior-austenite grain sizes are 32.4 um at 0 s, 38.2 um
at 10 s, 45.3 um at 40 s, 52.6 um at 100 s and 85.4 um at 1000 s. The predicted data of prior-
austenite grain size are lower than the experimental data over the entire holding period, due to
the data predicted using Eq. (7.3) over-estimating the pinning effect exerted on the
boundaries by second phase particles. The reason for this is that the volume fraction of
precipitates in the Nb-Ti steel includes a number of particles larger than 30 nm, and the larger

the precipitates, the less the Zener pinning effect on grain boundaries.
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Fig. 7.1 Simulated the average prior-austenite grain size in Nb and Nb-Ti steels as a function of isothermal
holding times using Egs. 7.2 and 7.3, compared with experimental data, (a) Nb steel; (b) Nb-Ti steel.

Furthermore, as Hellman and Hillert’s theory only considers the effect of the Zener pinning
effect on boundaries, the predicted data of the austenite grain diameter is larger than the
experimental data when holding for 100 s for the Nb steel. This is because for a longer
isothermal holding time, most of the niobium, carbon and nitrogen rapidly dissolved into the
matrix in the Nb steel, shown in Table 5.2. The Zener pinning effect by precipitates on a
grain boundary becomes weak after holding for 100 s at 1200 °C. However, the grain
diameter does not grow as large as would be predicted. The result indicates that solute drag
represents another force acting to retard the motion of grain boundaries. To study the effect of
solute drag on the migration of a grain boundary, Fan et al. [217] developed the grain power

growth law followed as:

R — RJ* =kt (7.4)
Where R is the initial average grain size, R, is the average grain size at time t, and Kk is the
kinetic coefficient, m is the growth exponent. According to Fan’s theory, if the lattice
diffusion is much slower than grain boundary migration, m is close to 3, with the motion of
the grain boundary controlled by lattice diffusion, regarded as an Ostwald ripening process.
For solute drag, m is between 2 and 3, which depends on the ratio of lattice diffusion and
grain boundary mobility. In the current work, m is assumed to be 2.5 and the constant K is
calculated by the average grain size at 0 s and 10 s and is equal to 1950.5. The predicted grain

size by Eq. (7.4) is much better than Eq. (7.2), when compared with the experimental data.

Cahn and other researchers [158,218-220] also studied the effect of solute drag on migration

of a grain boundary from a different aspect. Cahn suggested that the grain boundary
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migration is affected by the interaction of impurity atmosphere and predicted that, according
to the migration velocity and driving force, the average grain size at time t is equal to VXt,
where V is velocity of a mobile grain boundary. The velocity of a grain boundary can be

expressed by

—Nf *
V: Meﬁ‘F

met

(7.5)
where the M . is the grain boundary mobility and Fie the driving force for grain boundary

migration. It is now necessary to evaluate the Mg and Fy,.. Considering the effect of solute
drag, Mg is calculated by
1/Mgsr=1/My+iCs(1/(1 + w?v?)) (7.6)
where A is the constant, M is solute-free mobility and is expressed by
M,=aD', V 3/(b RT) (7.7)
where o is mobility factor which varies between 0.1 and 0.7 for steel, d is the grain boundary
thickness, b is the Burgers vector, and DIFe is the diffusion coefficient of Fe, V,, is the molar

volume, Cs is solute atomic concentration and is given by
Cs = Co—1,C, (7.8)
where Cy is the content of Nb in steels, and C, is the content of Nb in precipitates. The Mes

can be simplified by assuming that the driving force of grain boundary migration is low:
-1
Mey= M, (1 +MJCs) (7.9)
The driving force for grain boundary migration depends on the interaction between
recrystallization and the Zener pinning
Fnet = F,— P; (7.10)
where F, is the recrystallisation driving force and is given by
2
F,=0.5upb (7.11)
where p is Shear modulus, p is dislocation density, b is Burgers vector. P, is the Zener

pinning force and can be shown to be
y
P. = q)ﬁ,rp (7.12)
where f, is the volume fraction of precipitates, r is the radius of precipitates and ¢ is constant
and is given by
o =(1.5-3)x (1.3115-0.00057) (7.13)

With all the equations from (7.5) to (7.13), the predicted average grain size is shown in

Fig.7.2.
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From Fig. 7.2, the calculated average grain size taking into account both particle pinning and
solute drag effect provides a better fit to the experimental data than from that of Feltham and
Hellman and Hillert’s theories alone. From Fan’s theory, the average grain size is slightly
smaller than the experimental data from 20 s to 100 s. At 1000 s, the simulated average grain
size is 331.2 um, which is a better fit to the experimental data than from that predicted by
Feltham’s theory. In Cahn’s theory, the predicted average grain size is lower at the short
holding times, and then it gradually approaches the experimental data with the increasing
holding times. The comparison of solute drag and Zener pinning can be made by comparing
the predictions from Hellman and Hillert’s and Cahn’s theories. Using Hellman and Hillert’s
theory, without considering the solute drag effect, the simulated grain size for a 100 s hold
was substantially overestimated at 770 um compared to the measured value of 141 um in the
Nb steel. When considering the Zener pinning and solute drag effects at 100 s, the predicted
grain size using Cahn’s theory was much lower at 273 um. This shows that the effect of

solute drag on grain growth could not be neglected for Nb steel at 100 s.
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Fig. 7.2 Simulated the average grain size in Nb steel considering the solute drag theory, compared with
experimental data.
In summary, for the Nb steel, the migration of grain boundaries was suppressed by both
solute drag and Zener pinning for times up to 100 s, but for longer times solute drag was the
main contribution, since the volume fraction of precipitates available at the grain boundaries

to promote Zener pinning was small. The solute drag effect was more significant for the Nb
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steel than it was for the Nb-Ti steel after holding for a longer time, which is a result of most
of the niobium and carbon being dissolved into the austenite in the Nb steel after holding for
100 s at 1200 °C (Table 5.2).

7.1.1.3 Finish rolling process

Figs. 6.1-6.16 show the observations of elongated prior austenite grain structures after finish
rolling at 850 °C with different rolling schedules (Fig. 3.5). The prior-austenite grain size in
the ND was measured and is listed in Table 6.1 and Fig. 6.17. From Fig. 6.17, the mean grain
size gradually reduced with the increasing strain or adding isothermal holding time after
deformation. The reason that the prior-austenite grain size in the ND was refined by
isothermal holding for 10 s at the deformation temperature is due to the rapidly increasing

amount of DIFT on grain boundaries.

The refinement of prior-austenite grains in ND as a function of strain can be simulated by
Sellars’ theory [221] followed by:

d(t)=0.9%xdo %" x 0%’ (7.14)

Where dp is the reheated grain size and ¢ is the true strain of the final rolling deformation.
The predicted data of the grain diameter in the Nb steel are 39.5 um (A-10), 24.9 um (C-10)
and 55.5 um (A-100) as well as 34.9 um (C-100) as shown in Fig. 7.3. In the Nb-Ti steel,
they are 27.7 um at A-10, 17.4 um at C-10 and 38.9 pum at A-100 as well as 24.5 pm at C-
100 (Fig. 7.3). The predicted prior-austenite grain sizes decreased with the increasing strain
and fit well with their corresponding experimental data for Nb and Nb-Ti steel, except at A-
100 for Nb-Ti steel (Fig. 7.3). The predicted data is higher than the experimental data, which
can be explained by the higher volume fraction of DIFT on grain boundaries for A-100 than
A-10 for Nb-Ti steel (Table 6.1).

The kinetics of prior-austenite grain growth during deformation is also related to the SIP. The
Hellman and Hillert [216] model was used to simulate the mean prior-austenite grain size

with volume fraction and diameter of second phase particles. Considering the experimental
data of the maximum and mean grain size at the rolling schedule of A-10, the ratio of % IS

assumed to be 1.3 in Nb steel and 1.2 in Nb-Ti steel. Then, using the data of volume fraction
(f») and the average diameter (D,) of precipitates in Table 6.2, the simulated mean prior-

austenite grain size was calculated by Eq. (7.3) and presented in Fig. 7.3 (a) for the Nb steel
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and Fig. 7.3 (b) for Nb-Ti steel. The predicated grain sizes for Nb and Nb-Ti steels fit well
with the experimental data after holding for 10 s at 1200 °C followed by different finish
rolling schedules. When a holding time of 1200 °C for 100 s was used, the predicted grain
sizes are higher than the experimental data, especially for the Nb-Ti steel. This is because the
DIFT occurred on prior-austenite grain boundaries which reduced the measured grain size.
Since a higher volume fraction of DIFT was measured after holding for 100 s than 10 s at
1200 °C (Table 6.2), the measured prior-austenite grains size was smaller than the calculated
values. Therefore, the predicted data from Hellman and Hillert model is larger at 100 s than
10 sat 1200 °C.

In summary, the prior austenite grain size decreased with the increasing strain or adding 10s
holding after deformation. For the Nb steel, the average grain size in the ND was larger than
that in the Nb-Ti steel, because of the much larger initial prior austenite grain size arising
from heating at 1200 °C for various times before deformation. The longer the holding time at
1200 °C, the larger the average grain size after finish rolling due to the initial larger grains
before deformation. Moreover, most of the predicted average grain sizes from Sellars’ and
Hillert’s theory are higher than the equivalent experimental data. This is because the
predicted data by Sellars’ and Hillert’s theory does not consider the formation of DIFT on the

prior austenite boundaries, which reduced the grain size for both Nb and Nb-Ti steels.
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Fig. 7.3 Simulated average grain size with different rolling parameters shown in Fig. 3.5, compared with
experimental data by Eqs. (7.3) and (7.14): (a) in the Nb steel; (b) in the Nb-Ti steel.
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7.1.2 DIFT Analysis

7.1.2.1 Transformation mechanism of DIFT

The empirical formula is an efficient method to determine A. In the present study, the
experimental materials for Nb steel contains 0.065 wt% carbon and for Nb-Ti steel contains
0.067 wt% carbon. Therefore, the Tamura equation [93] is used in this study to estimate the
A3 for controlled rolled steels with a carbon content between 0.03-0.16 wt% and is expressed

as:

As =910 — 310(%C) — 80(%Mn) — 20(%Cw) — 15(%Cr) — 55(%Ni) —
80(%Mo) (7.15)

where the content of elements in Eq. 7.15 are listed in Table 3.1. The A;; temperature is
calculated as 827 °C in the Nb steel and 826 °C in the Nb-Ti steel, which are lower than the
rough rolling temperature of 850 °C. Therefore, after rough rolling at 850°C followed by
water quenching, the microstructure should be single phase martensite without the second
phase of ferrite. The experimental results shown in Figs. 4.2 (f) and 4.3 (f) further showed
that the microstructures of Nb and Nb-Ti steels after rough rolling consisted of single phase

austenite without any ferrite structures.

Then, after heat treatment at 1200 °C for 10 s and 100 s followed by finish rolling at 850 °C
with different schedules shown in Fig. 3.5, an amount of ferrite was observed formed on the
grain boundaries (Figs. 6.1-6.17). With the same rough rolling and finish rolling parameters,
the heat treatment at 1200 °C was the only difference and is therefore responsible for the
observation of DIFT on the prior austenite grain boundaries. The microstructural observations
therefore demonstrated that the phase transformation temperature (A;3) had increased to
higher than the deformation temperature of 850 °C. The increased phase transformation
temperature due to the heat treatment at 1200 °C could be explained from the free energy and
kinetics of phase transformation.

First of all, it is known that as the austenite is rapidly cooled to the deformation temperature
and deformed, part of the deformation energy will be stored in the austenite in the absence of
any restoration phenomena with large undercooling [222]. Then, the free energy change of
the a/y transformation can be increased by the deformation and undercooling compared with

the equilibrium phase transformation free energy without deformation, which is expressed by:
AG,=V(AGpem+AGp + AGpr—AGs)-Adgy, (7.16)
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where AGpem 1S the chemical driving force; AGp is the deformation stored energy; AGur is
undercooling driving force; AGg is the volume strain energy; and gy, is the boundary energy.
From Eq. (7.16), this accumulated energy due to deformation and undercooling can raise the
y = « transformation temperature [30], regarded as the upper limit transformation
temperature for DIFT, Awgs. The reheat at 1200 °C increased the undercooling at the
deformation temperature of finish rolling [223], which consequently increased the phase
transformation temperature as a consequence of the accumulated energy, when compared
with the rough rolling. This is consistent with the experimental results shown in Figs. 6.1-

6.17 with the ferrite structures located on the grain boundaries and within grains.

Moreover, reheating at 1200 °C would also shorten the incubation time for ferrite phase
transformation during finish rolling. Lange et al. [224] provided an equation to calculate the

nucleation rate, T of new ferrite on a traditional disk-shaped pillbox nucleus, expressed as:
T = 12kgTa%*a,, /DY C ¥v,2AG,° (7.17)

where kg is Boltzmann constant; D! is the diffusivity of carbon in austenite; v, is the volume
of an atom of iron in ferrite; a is the average of the lattice parameters of both phases, ferrite
and austenite; x is the average carbon content in austenite in mole fraction; AG,, is the volume
free energy change associated with the formation of the nucleus; oy, is the interfacial energy;
and T is the isothermal temperature. Eq (7.17), shows that reheating at 1200 °C for 10 s can
increase the carbon content in austenite and also increase the free energy for phase
transformation. Therefore, the incubation time of ferrite transformation was shortened during

finish rolling making nucleation of DIFT more favourable than for rough rolling.

Finally, the prior-austenite grains during heat treatment at 1200 °C coarsened with a mean
grain size of 86.4 um in the Nb steel, and 50 pum in the Nb-Ti steel. However, the initial grain
size before rough rolling was 40 um for the Nb steel and 30 pum for the Nb-Ti steel. It is well
known that the prior austenite grain size can influence the growth kinetics of idiomorphic
ferrite through decomposition of austenite [225,226]. The volume fraction of the idiomorphic

ferrite is directly proportional to the prior austenite grain size, which is expressed as:

E 8w 12d, 5
Eq = SaQ[l - exp(—%mlnagt /2)] (7.18)
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where ng is the equilibrium volume fraction of idiomorphic ferrite; d,. is the prior austenite
grain size; d,, d, and d are the inclusion diameters in a transversal and longitudinal section;
1, is the volume fraction of inclusions in the steels; a5 is the three-dimensional parabolic
thickening constant; t is the deformation time, which relate to the strain rate. Thus, as the
prior austenite grain size increases, idiomorphic ferrite formation is promoted. Beynon et al.
[227] also reported that a coarse austenite grain size appeared to be more favourable for DIFT
under the condition of single pass rolling, because the formation of pro-eutectoid ferrite was

prevented and produces large undercooling due to the extreme coarse austenite grain size.

To summarise, the DIFT from the austenite that occurred during finish rolling is due to the
undercooling in austenite which increase the phase transformation free energy, the shortened
the incubation time for ferrite transformation and the large austenite grains which are

beneficial for the formation of idiomorphic ferrite within grains.

7.1.2.2 The nanoscale cementite in DIFT

Fig. 6.44 shows nanoscale cementite in the DIFT, because the fast strain rate and the large
undercooling limited the carbon diffusion during the phase transformation, which prevented
the formation of pro-eutectoid ferrite. Then, according to the Kaufman-Radcliffe-Cohen
(KRC) thermodynamic model [228], the austenite (y) to ferrite (a) and cementite (FesC)
model can take place. Because the finish rolling was followed by water quenching with a fast
cooling rate, the lamellar pearlite structures were avoided and displaced by an amount of
nanoscale cementite. There are several researchers, such as Enomoto et al. [229] and Hurley
et al. [230] who also detected that the carbon was enriched during transformation in DIFT,
which would accelerate the nucleation of cementite. Moreover, Sun [207] also indicated that
the existing transition zone in front of the y/a boundary or the depleted zone around sub-
grain boundaries and dislocations in the a region lead to the enrichment of cementite on them.
The Fig. 6.35 (a) and (b) shows the high carbon phase of cementite that takes place on the

grain boundaries and dislocations, which further supports Sun’s theory.

7.1.2.3 The effect of prior austenite grain size, deformation strain and SIP on the DIFT

The prior austenite grain size and the strain are the main factors that influence the volume
fraction of DIFT. The volume fraction of DIFT in the Nb-Ti steel is higher than that in the Nb
steel as shown in Fig. 6.18 and Table 6.1. This is because the ferrite mainly nucleates at

deformed prior austenite grain boundaries at lower strains [101] and therefore the smaller
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prior austenite grain size in the Nb-Ti steel (Fig. 6.17) will have promoted more nucleation
sites than that in the Nb steel [231]. In addition, the volume fraction of DIFT continually
increased with the increasing strain as well. This is because the grain size reduced with
increasing strain [101], providing more nucleation site for DIFT at austenite grain boundaries.

The volume fraction of ferrite will also be affected by the isothermal hold at 10 s after
deformation. From Fig. 6.18, the ferrite fraction rapidly increased after holding for 10 s at
850 °C compared with the water quenched samples, especially for the first pass deformation
of B-10 and B-100. It is believed that the increase of ferrite fraction with the holding time is
related to the SIP (Table 6.2), for the DIFT did not only form on the prior austenite grain
boundaries, but also within grains. It can be explained that the precipitation decreases the
content of the dissolved elements, which can provide a depleted zone formed around these
particles. The Nb and carbon depleted zone can improve the driving force for DIFT
nucleation within austenite grains [14,222]. Moreover, those precipitates can also become the
sites for heterogeneous nucleation of ferrite [232]. Therefore, the isothermal holding for 10s

after deformation is indirectly beneficial to increasing the volume fraction of DIFT.

7.2 SIP and the state of Nb in solution or in precipitates

7.2.1. The state of Nb in precipitates after rough rolling

There was no SIP (less than 20 nm) after rough rolling at 1100 °C in the Nb steel, but some
precipitation was observed in the Nb-Ti steel (Table 4.2). At 1000 °C, the percentage of SIP
was 4.8 % in the Nb steel and 2.4 % in the Nb-Ti steel, which was too little to result in a
sufficient Zener pinning force to halt the recrystallization. Down to 950°C, more than 50 %
of the precipitates were smaller than 20 nm in the Nb steel and 48 % of them in the Nb-Ti
steel. The mixed microstructures observed at 950 °C in both steels (Figs. 4.1 (d) and 4.2 (d))
indicated that the recrystallization happened at the beginning and then was halted by the rapid
increase of small precipitates. As the volume fraction of SIP continually increased with
reducing the rolling temperatures to 850 °C, the recrystallization was fully restricted (Figs.
4.1 (e, f) and 4.2 (e, f)). The highest volume fraction of SIP was at 850 °C for both steels,
which fits well to the calculation of the nose precipitated temperature at 840 °C by Eq. (4.1)
(Fig. 4.1). For the large precipitates (=20nm), the percentage volume fraction continuously
decreased (Table 4.2), because the volume fraction of SIP increased with the decreasing

rough rolling temperatures for Nb and Nb-Ti steels.
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When considering the effect of the rolling temperature on the state of titanium and niobium in
the SIP, the ratio of Ti/(Ti+Nb) for Nb-Ti steel was calculated as a function of rolling
temperatures and shown in Fig. 4.7. For large precipitates (=20 nm), the ratio of Ti/(Ti+Nb)
was approximately constant for all rolling temperatures (Fig. 4.7), which showed that the
rolling temperature does not influence the state of Nb and Ti in large precipitates. This is
because most of the large precipitates are undissolved particles, and the equilibrium
dissolution temperature of TiNb carbides is much higher than the rough rolling temperatures
between 1100 °C and 850 °C. Therefore, the large precipitates containing Ti are much more
stable at different rolling temperatures. For SIP with the size less than 20 nm, the ratio of
Ti/(Ti+NDb) slightly increased at the beginning, and then decreased as a function of rolling
temperatures (Fig. 4.7). The results showed that the deformation temperatures lower than
950 °C leads to a higher proportion of niobium in the precipitates, as the ratio of Ti/(Ti+Nb)
increased. From the PTT curve shown in Fig. 4.1, it is obvious that the Nb precipitates need a
shorter time to form than the titanium precipitates, especially at lower deformation
temperatures. So, at the beginning, the Ti content was slightly higher than Nb in the
precipitates, but with the deformation temperature reduced to 950 °C, the Nb in the
precipitates became higher than the Ti.

7.2.2. The state of microalloyed elements in solution after reheating at 1200°C with
different holding times

7.2.2.1 The dissolution behaviour of Ti and Nb during high temperature reheating process

The reheating temperature of 1200 °C for this investigation was higher than the equilibrium
dissolution temperature of niobium and carbon in the Nb steel, calculated using the modified
solubility product which the Irvine’s equation [11] gave as:

log [Nb][C+ 12N/14] = 2.26-6770/T (7.19)

Then, the equilibrium solution temperature of Nb(CN) in the Nb steel can be estimated at
1100 °C. The equilibrium solution temperature of Nb(CN) in the Nb steel was lower than the
heat treatment temperature of 1200 °C. However, there is about 40 % of Nb remaining as
undissolved precipitates after reheating at 1200 °C after rough rolling at 850 °C (Table 5.2).
Moreover, the NbC and Nb(CN) were also observed even after holding for 100 s at 1200 °C
(Fig. 5.19) with a size larger than 10 nm. The small amount of Nb in precipitates is indicated
using the EDX analysis (Figs. 5.19 (c) and (d)) at 100 s compared with the EDX analysis
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(Figs. 5.16 (c) and 5.18 (c)) at 0 s and 10 s, respectively, and this can be attributed to the
rapid diffusion of Nb within the austenite at 1200 °C.

In order to predict the Ti and Nb dissolution Kinetics [233], the volume fraction of
precipitates in the Nb and Nb-Ti steels was calculated first using TEM images shown in Figs.
5.5-5.14. Then, with the experimental measurements for precipitate volume fraction, the
amount of Nb in solution during isothermal heat treatment can be calculated by Egs. (5.2) and
(5.3) and the data presented in Table 5.2. These results indicate that, in the case of continuous
isothermal holding at 1200 °C, precipitates in the Nb steel rapidly dissolved into the matrix
with 96.8 % of the total Nb in solution after 100 s. However, in the Nb-Ti steel, there was
only 55 % of the total Nb in solution after holding for 100 s at 1200 °C, showing that the
addition of Ti significantly retards the dissolution Kinetics of Nb as a result of increasing the
thermodynamic stability of the complex TiNb(CN) [13]. The measurement of average
diameter of precipitates in both the Nb and Nb-Ti steels with different holding time is also
given in Table 5.2. According to the results in Table 5.2, the average dimension of niobium
carbonitrides coarsened slightly when held for 10 s, and then reduced after that point in the
Nb steel. However, the average diameter of (Ti,Nb)(CN) in the Nb-Ti steel continually
coarsened during the entire reheating process. This is because for the Nb-Ti steel, the
reheating temperature was lower than the dissolution temperature of titanium, carbon and
nitrogen precipitates using previously published solubility products for these precipitates
[209-211]. Therefore, the average diameter of (Ti,Nb)(CN) in the Nb-Ti steel can coarsen
during the whole period.

As the Ti effectively restricts the diffusion of Nb during high temperature isothermal
reheating, there is still observed Nb in EDX analysis for holding times as long as 1000 s at
1200 °C (Figs. 5.24). The ratio of Ti/Ti+Nb was calculated using EDX spectra for Nb-Ti
steel after heat treatment for different times and listed in Table 5.3 and Fig. 5.25. The ratio of
Ti/Ti+Nb increased with the increasing holding times in EDX analysis, which further
indicated that the niobium continually dissolved into the matrix (Table 5.2). The ratio of
Ti/Ti+Nb as a function of the isothermal holding times was also calculated from the volume
fraction of precipitates using the Eq. (5.2) and shown in Table 5.3 and Fig. 5.25 as well. From
these two methods of EDX and calculated data, the ratio of Ti/Ti+Nb from Nb-Ti steel have
been compared (Fig. 5.25), and these two data fit well with each other. Therefore, the results
indicate that the amount of niobium in solution for Nb-Ti steel which is calculated using Eq.

(5.2), are acceptable during heat treatment at 1200 °C for different times.
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The TEM observations of the precipitation behaviour and subsequently inferred dissolution
behaviour of precipitates in the Nb steel and the Nb-Ti steel during isothermal reheating at
1200 °C can suggeste two key results: first, it was observed that the dissolution kinetics of Nb
was much more rapid in the Nb steel than in the Nb-Ti steel. It is believed that the presence
of Ti in precipitates of Nb-Ti steel restricts the dissolution behaviour of Nb; secondly, the Ti-
rich precipitates are more stable during heat treatment at 1200 °C, even when held for 1000 s.
These Ti-rich precipitates provided Zener pinning of the grain boundaries, leading to a lower
coarsening rate in the Nb-Ti steel than in the Nb steel (Figs. 5.2 and 5.3).

7.2.2.2 Modelling the Nb in solution in austenite during the reheating process in the Nb and
Nb-Ti steels

Modelling the amount of Nb in solution during reheating in both Nb and Nb-Ti steels can
been simulated by using a modified JIMAK equation to estimate the volume fraction of
precipitate that formed as a function of time [5,187,234]. The form of the IMAK equation is
given by
f(t) =1 - exp(-kt™) (7.20)

where f(t) is the volume fraction of precipitates; t is the isothermal time; k is a factor related
to the nucleation rate and growth rate; and n is factor of nucleation rate. From classical
nucleation theory, the volume fraction of precipitates at the start time is zero. However, in the
present study, at the start, there were a small amount of undissolved precipitates in the Nb
and Nb-Ti steels. Thus, the measurement of this initial volume fraction of precipitates at the
start was added, and the modified JIMAK equation is given by

f(t) =1+ f, - exp(-kt™) (7.21)
where f,is the volume fraction of precipitates at the beginning of the isothermal heat
treatment. In the present case, the amount of Nb contained in the matrix can be analysed by
Eq. (5.2) using the volume fraction of precipitates. Therefore, the modelling of Nb in solution
as a function of holding time was simulated using the Eqgs. (5.2) and (7.21). The values of k
and n in Eq. (7.21) were determined by the experimental data of 10 s and 100 s.

The measurement of Nb in solution in both the Nb and Nb-Ti steels with different holding
time is given in Fig. 7.4 and compared with the calculations using Egs. (5.2) and (7.21).
Additional experimental data was included, namely a 20 s and 40 s hold at 1200 °C for the
Nb steel and one at 40 s in the Nb-Ti steel. It can be seen that the Nb solution model as a
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function of holding time provides a reasonable prediction of the amount of Nb in the

precipitates.

The simulation indicates that the Nb was fully dissolved into the matrix after 115 s in the Nb
steel. However, at the same time, there was only 0.017 wt% of Nb dissolved into the matrix
in the Nb-Ti steel. This is consistent with the observed dimensions of the precipitates.
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Fig.7.4. Simulation of the diversification of equilibrium solubility product of [Nb] in solution in Nb and Nb-Ti
steels with holding times using Egs. (5.2) and (7.21).

7.2.3 The state of Nb in precipitates after finish rolling

The SIP in the Nb and Nb-Ti steels after finish rolling with different rolling schedules,
observed from carbon replica samples, are presented in bright-field TEM images shown in
Figs. 6.19-6.26. The size distribution of precipitates was calculated using the carbon replica
data (Figs. 6.19-6.26) and well represented by simulated distribution with the Eqg. (5.1) and
shown in Figs. 6.19-6.26. The volume fraction of SIP shown in Table 6.2 increased with the
increasing strain or the extended 10 s holding time at a deformation temperature of 850 °C.
The average size of SIP (less than 20 nm) decreased with increasing strain or extended 10s
holding time (Table 6.2). In this section, the SIP behaviour during finish rolling was
discussed from the supersaturation of the matrix before deformation, the deformation strains

and the isothermal holding for 10 s at the deformation temperature.
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At the beginning, the rapid reheating to 1200 °C for 10 s and 100 s after rough rolling at
850 °C would have gradually dissolved the SIP that formed during rough rolling, and the Nb
dissolution rate was faster in the Nb steel than in the Nb-Ti steel [235]. The volume fraction
and average diameter of SIP after finish rolling was analysed by TEM (HRTEM). The
average diameter of the SIP was much smaller and the volume fraction of the SIP higher after
finish rolling than that after rough rolling under the same rolling parameters for both Nb and
NDb-Ti steels. As expected, the increased supersaturation led to a higher driving force for the
nucleation of precipitation for both Nb and Nb-Ti steels [23,236]. It is also because the
increased undercooling between heat treatment and deformation led to higher nucleation rates
during finish rolling than that in rough rolling [223,237]. The volume fraction of SIP with 10
s holding at 1200 °C followed by finish rolling is less than that with 100 s holding at 1200 °C,
compared with the same rolling parameters, especially for the Nb steel. The volume fraction
of SIP was 10 % higher at 1200 °C for 100s followed by finish rolling A-100 than 10 s by A-
10. This is because the longer the holding time at 1200 °C, the more elements such as Nb and
C dissolve into the austenite matrix (Table 5.2). Thus, with higher supersaturation of the
elements for 100 s holding at 1200 °C before deformation, the driving force for nucleation

was increased [23,236].

For the samples that were subject to a 10 s hold at 850 °C after either the first or second pass
of finish deformation, the volume fraction of SIP was also higher than in those samples that
were immediately water quenched. This is in agreement with many publications for
precipitation Kinetics [8,233,238], which shows that the 10 s hold at 850 °C can provide
sufficient incubated time for precipitation. When the strain was increased to 0.6 during finish
rolling, the effect of the 10 s holding at 850 °C on the volume fraction of SIP was higher than
that at the lower strain at 0.3, especially for the Nb steel. In addition, the average diameter of
the SIP was also refined. Therefore, the 10 s hold time combined with the deformation strains
during finish rolling were the main factors to refine the size and increase the volume fraction

of precipitation.

When consider the effect of deformation strain during finish rolling on the SIP for both Nb
and NDb-Ti steels, with increasing the strain from 0.3 to 0.6, the volume fraction of SIP
increased and its average size reduced due to the increased driving force of precipitates from

deformation store energy.
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The composition and the microstructures of SIP have been identified by HRTEM, EDX and
EELS and shown in Figs. 6.27-6.34. There are two different kinds of SIP: the first type is the
spherical shaped precipitates in the Nb steel and they were identified as NbC (Figs. 6.27-
6.30); the second one had a cuboidal shaped regarded as (Ti, Nb)C in the Nb-Ti steel (Fig.
6.31-6.34).

7.3 Vickers micro-hardness

7.3.1 The effect of rough rolling process on the Vickers micro-hardness

After rough rolling at different temperatures (Fig. 3.3), the Vickers micro-hardness was
measured and is shown in Fig. 4.12. Vickers micro-hardness slightly decreased at the
beginning, and then increased with the deformation temperature decreasing for both Nb and
NDb-Ti steels. There are several factors that can influence the micro-hardness, such as
precipitation strengthening, grain size strengthening and the solid solution strengthening. In
this study, before rough rollling, the specimens were reheated to 1100 °C and held for 30 s to
obtain higher solid solution strengthening at the beginning. Then, at the high deformation
temperatures of 1100 °C and 1000 °C, the volume fraction of SIP was much lower than that
at the deformation temperatures between 950 °C and 850 °C (Table. 4.2). The average grain
size at the deformation temperature between 1100 °C and 1000 °C was constant as well (Fig.
4.4). Therefore, the micro-hardness was mainly determined by the solid solution of
microalloyed elements, because of the lower precipitation strengthening and the constant
grain size strengthening. As the solid solution of elements decreased with the decreasing
rough rolling temperatures, the micro-hardness for Nb and Nb-Ti steels decreased with the
rough rolling temperature between 1100 °C and 1000 °C. Because of the higher solid solution
in the Nb steel, the micro-hardness was also higher than in the Nb-Ti steel.

Then, with the rough rolling temperatures continually decreasing from 950 °C to 850 °C, the
micro-hardness gradually increased for both Nb and Nb-Ti steels. This can be explained by
the rapid increase in volume fraction of SIP (Table 4.2) and refining of the prior-austenite
grain size (Fig. 4.4). The precipitate strengthening and grain size strengthening became the
main factors affecting the micro-hardness when compared with the solid solution
strengthening. Moreover, the variation of micro-hardness between Nb and Nb-Ti steels
gradually became smaller for the deformation temperatures between 950 °C and 850 °C
compared to the temperatures between 1100 °C and 1000 °C. This is because the volume

fraction of SIP and the average grain size in both Nb and Nb-Ti steels become similar after
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the deformation at 950 °C and 850 °C (Tables 4.1 and 4.2). The trend of micro-hardness
changing with different rough rolling temperatures fits well with the experimental data of the
volume fraction of precipitation, prior-austenite grain size and the solid solution of
microalloyed elements for Nb and Nb-Ti steels.

7.3.2 The effect of reheating on the Vickers micro-hardness

The Vickers micro-hardness was measured for specimens after rough rolling at 850 °C and
reheating to 1200 °C with different holding times and is shown in Fig. 5.26. In general, the
microalloyed elements in solution result in an increase in the microhardness [188]. However,
the grain growth and the reducing volume fraction of precipitates results in a decrease in the
micro-hardness, as expected [78,239]. In this study, the Vickers hardness (Fig. 5.26)
continually increased with the increasing holding times at 1200 °C, showing that the solid
solution strengthening from microalloyed elements in both steels (Table 5.2) provided a
much greater effect on hardness than the negative effect of grain size coarsening (Figs. 5.2
and 5.3) and precipitation resolution (Table 5.2). The simulation of Nb in solution in both Nb
and Nb-Ti steels is shown in Fig. 7.4 is a better fit with the micro-hardness curves (Fig. 5.26),
which further demonstrated that the Nb elements gradually dissolved into the matrix,
increasing the hardness of the matrix. In summary, with the negative effect of the precipitate
dissolution and grain size growth on micro-hardness, the micro-hardness continually
increased with increasing isothermal holding times due to the significant effect of solid

solution of microalloyed elements and carbon in the Nb and Nb-Ti steels.

7.3.3 The effect of finish rolling on the Vickers micro-hardness

The Vickers micro-hardness was measured as a function of rolling parameters and is shown
in Figs. 6.36 and 6.37. The refined prior austenite grain size and the increased SIP result in an
increase in the micro-hardness [41]. In contrast, the DIFT leads to work softening after
deformation [78,240]. Therefore, the micro-hardness at each finish rolling parameter would
be influenced by the combination of these three factors. With the precipitation strengthening
and fine grain strengthening, the micro-hardness increased after one pass deformation at
850 °C (A-10 and A-100), when compared with hardness from the heat treated samples at
1200 °C for Nb and Nb-Ti steels. The micro-hardness at A-100 was higher than that at A-10,
especially for Nb steel. This is because of the refined grain strengthening at A-100 on the
hardness value are much higher than that at A-10. However, the micro-hardness rapidly
decreased after deformation followed by 10 s holding at 850 °C using the rolling parameters

137



of B-10 and B-100. The value of hardness at B-100 in the Nb-Ti steel was even lower than
the hardness after heat treatment at 1200°C. This is because the prior austenite grain size (Fig.
6.17) and the volume fraction of SIP (Table 6.2) was only slightly changed after holding for
10 s at the deformation temperature (B-10 and B-100), when compared with the increased
rate of DIFT at the same stage (Fig. 6.18 and Table 6.1). Then, after finish rolling with the
schedules of C-10 and C-100, the micro-hardness slightly increased with the increasing strain
(Figs. 6.36 and 6.37). This is because the effect of the volume fraction of precipitates and the
refined grain size on the micro-hardness becomes higher than the opposing effect of DIFT
(Fig. 6.18), due to the low increasing rate of volume fraction of DIFT. Therefore, the total
microhardness increased with the increasing strain (C-10 and C-100). In the end, after finish
rolling with schedules of D-10 and D-100, the micro-hardness continually increased with 10 s
holding at the deformation temperature, because the volume fraction of precipitates increased,
which increase the precipitate strengthening on microhardness. Furthermore, the micro-
hardness in the Nb steel was higher than that in the Nb-Ti steel, because of the higher volume
fraction of DIFT in the Nb-Ti steel reduced hardness. Also, the refinement of austenite grain
size for Nb steel is much more significant than that for Nb-Ti steel, so the effect of fine grain
size strengthening is higher in the Nb steel than in the Nb-Ti steel (Tables 5.1 and 6.1). To
compare with the experimental data, the trend of the total microhardness fits well with the
trend of grain size, volume fraction of precipitates and DIFT as a function of rolling

parameters.

In this study, the precipitation strengthening, grain size strengthening and the second phase of
DIFT strengthening are the main strengthening mechanisms on the mechanical properties in

the Nb and Nb-Ti steels, which can be expressed as:
0y = Aogy + Adggs + Aogg + A0trans + A0y, + Aopis (7.22)

Where g, is the friction of yield stress, Aoy, is the increased yield stress due to solid solute
strengthening, Ao is the increased yield stress due to grain size strengthening, Aciygns IS
from the second phase of ferrite strengthening and Acy,,, is from precipitate strengthening.

Aoy is from the dislocation density.

The base yield strength for both Nb and Nb-Ti steels is determined by the grain size and
microalloyed elements in steels. It can be calculated by Eq. (7.23) for plain low-carbon steel
[43]:
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Opase = Aoy + Aogs + Aogg = 15.4 [3.5 + 2.1(Mnwt%) + 5.4(Siwt%) + 23.4(Cwt%) +
23(Nfwt%) + 1.13D" /2] (7.23)

where Mn, Si and C are the weight percent of microalloyed elements in the Nb and Nb-Ti

steels, and Nf is the free nitrogen content. D is the prior-austenite grain size in ND.

The Aopp,e can be calculated from the Ashby-Orowan equation, which was modified by

Gladman [241] for microalloyed steels and expressed as:

1/2
AGype =S (7.24)

Where K is a constant equal to 0.1836 Gb, G is the shear modulus (MPa), b is the Burgers
vector in the slip direction (m), f is the volume fraction of precipitates and r is the average

radius of the precipitates (m).

The increased yield stress which resulted from increasing dislocation density can be
expressed by:

Aopis = aMGb,/p (7.25)

where a is a constant; M is the Taylor factor and p is the dislocation density. With water
quenched samples, the dislocation contribution would be approximately 120 MPa [41]. The

dislocation density of martensite is assumed to be 10 m™ in the present estimation.

Second phases of ferrite and martensite produced a strengthening effect in Nb and Nb-Ti

steels which can be represented follows by the ferrite structures varying from 0 to 100 %:
A0trans :Xfl/3 (0)f+ (l'Xflls) (0) M (7 2 6)

Where Xs is the volume fraction of ferrite, (o)wm is the yield stress of martensite and (o)s is the
yield stress of ferrite. According to experimental data [242], the Eq. (7.27) can be further

expressed as:
AGprans= X (35+58Mn+17.4d%)+ (1-X{*%)(178+3.85™7) (7.27)

Where d is the ferrite grain size (mm) and s is the average interlamellar spacing of martensite
(mm). Thus, the combined effect of these parameters on the yield stress was calculated by

Egs. (7.22-7.27) and listed in Table 7.3. The second phase strengthening for Nb steel was
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281.1 MPa and 275.4MPa for Nb-Ti steel after rolling with schedule A-10, which correspond
tothe Vickers micro-hardness of 246.8 Hv and 220.7 Hv respectively (Figs. 6.36 and 6.37).
Then, after deformation at 850 °C followed by isothermal holding for 10 s (B-10), the second
phase strengthening decreased to 265.9 MPa and 263.7 MPa in the Nb and Nb-Ti steels,
respectively, with a corresponding micro-hardness of 214.5 Hv for Nb steel and 202.5 Hv for
Nb-Ti steel. After that, the second phase strengthening slightly increased with increasing
strain to 0.6 for both Nb and Nb-Ti steels due to the refined grain size. The trend of the yield
stress produced by the second phase after deformation by A-100, B-100, C-100 and D-100 is
the same with that by A-10, B-10, C-10 and D-10.

Table 7.3
The components of the yield stress after reheating and rolling with the schedules shown in Fig. 3.5 for Nb and
Nb-Ti steels.
Rolling
Martials A-10 B-10 C-10 D-10 A-100 B-100 C-100 D-100
Schedule

Opase(MPa) 1018 192 1928 1932 1917 1919 1922 1925
A, (MPa) 279 304 351 427 301 312 378 436

NbSteel Agpi(MPa) 120 120 120 120 120 120 120 120
AGrans(MPa) 2811 2659 2825 2885 2746 257.6 2791 2812
o,(MPa) 6208 6083 6304 6444 6164 6007 6291 637.3

Opaso(MPa) 1028 193 1935 1039 1925 1929 1932 1932

Ao, (MPa) 28 311 32 372 301 321 344 381
Aopi(MPa) 125 125 125 125 125 125 125 125
AGians(MPa) 2754 2637 2812 287.1 2698 2559 2749  279.9

o,(MPa) 6212 6128 6317 6432 6174 6059 6275  636.2

Nb-Ti
Steel

Therefore, the trend of the second phase yield strength as a function of finish rolling
schedules shown in Fig. 3.5 is consistent with the measurements of Vickers micro-hardness.
The results indicated that the second phase of ferrite and martensite produced strengthening
contributions to the main factors for the total yield stress. Moreover, the yield stress was also
tested after finish rolling, with 610 MPa for D-10 and 600 MPa for D-100 from Nb steel. This
is consistent with the simulated results from Eqs. (7.22-7.27) at the same rolling parameters,
which indicated that the predicted data of the yield stress for Nb and Nb-Ti steel is reasonable
for this study.
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CHAPTER 8: CONCLUSIONS

The work shown in this thesis can be broken down into three main sections. In the first part,
the effect of rough rolling temperatures on microstructures and SIP has been discussed, and,
based on this work, a final rough rolling temperature has been selected at 850°C (chapter 4).
Then, in the second section, the reheating process, with different isothermal holding times
after rough rolling, has been analysed in terms of the microstructure, volume fraction of
precipitates and microalloyed elements solution, as well as the Vickers micro-hardness. Then,
the precipitate dissolution kinetics, together with the austenite grain coarsening kinetics, was
established. Finally, after rough rolling and reheating, the specimens were finish rolled with
different parameters. The prior austenite grain size in this study was measured in the normal
direction in this new thermo-mechanical process route for Nb and Nb-Ti steels. The presence
of DIFT was identified in microstructures obtained from OM and SEM by quenching after
deformation, which provided a martensite matrix (which was austenite at the rolling
temperature) and ferrite, which resulted from the DIFT on grain boundaries and within grains
in the Nb and Nb-Ti steels. The volume fraction of SIP has been analysed by TEM. The
Vickers micro-hardness was measured to explain the effect of precipitation strengthening,

grain size strengthening and the second phase strengthening on total mechanical properties.
8.1.  Rough rolling

1) Recrystallization occurred during rough rolling with the temperatures in the range
from 1100 °C to 1000 °C; At 950 °C, partial recrystallisation occurred. At 900 °C and 850 °C,
recrystallisation of the austenite was prevented.

2) The precipitation start temperature, the recrystallization start and finish temperatures
for Nb and Nb-Ti steels were computed using the PTT diagrams obtained by the Dutta et al.
and Johnson et al. models. From the simulated PPT curves, the precipitation start time for
Nb-Ti steel was delayed compared to the Nb steel. The delay of SIP resulted from the
reduced solution of microalloyed elements in the Nb-Ti steel. The Nb solubility in austenite
was reduced by the stable (Ti,Nb)(CN) precipitates during a heat treatment at 1100 °C for 30

S.

3) When considering the effect of SIP on the microstructures, the Zener pinning force
from SIP was too low to halt the recrystallization in the range of 1100 °C-1000 °C, with full
recrystallization resulting. However, after the rolling temperature was reduced under 950 °C,
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the Zener pinning force was large enough to retard the recrystallizing driving force. This is

consistent with the changing of the volume fraction of precipitates.

4) The micro-hardness for both Nb and Nb-Ti steels decreased with decreasing the
deformation temperatures until 950 °C, because of the decreased solid solution strengthening.
Then, the opposite trend occurred, with hardness increasing with a decrease in the
temperature until 850 °C due to the precipitate strengthening and grain refinement

strengthening.

5) The SIP in the Nb and Nb-Ti steels have been examined via TEM, including image
analysis, electron diffraction patterns, HRTEM and EDX. The results strongly suggest that
these carbides have a NaCl-type crystal structure and lattice parameters of 0.447 nm for NbC
and 0.437 nm for (Ti, Nb)C.

6) The orientation relationship (OR) between the precipitates and matrix was calculated
from electron diffraction patterns. Depending on the Davenport et al. theory and the
coordinated matrix of precipitates and ferrite, the OR between precipitates and austenite
transforming to ferrite was established, which further indicated that those particles formed in
the austenite region related to the ferrite matrix.

8.2.  Reheating

1) After rough rolling with a final temperature of 850 °C, the prior-austenite grains
coarsened during isothermal heating at 1200 °C with various times, because of the reduced
pinning force of precipitates on the grain boundaries. The high temperature stability of (Ti,
Nb)C or (Ti, Nb)(C, N) retards the grain growth rate in the Nb-Ti steel.

2) The Nb continually dissolved into the austenite during reheating in both the Nb and
NDb-Ti steels. Furthermore, the dissolution rate of Nb in the Nb steel was quicker than in the
Nb-Ti steel.

3) The average diameter of the Nb precipitates in the Nb steel initially coarsened up to a
10 s hold, but then the size of most precipitates reduced or they totally dissolved at longer
times. However, the (Ti, Nb)C or (Ti, Nb)(C, N) particles in the Nb-Ti steel continually

coarsened over the entire duration of the holding period.

4) The austenite grain coarsening kinetics has been constructed by Feltham and Fan’s

theory considering the carbon diffusion. Then, with Hillert and Cahn’s theory, the
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combination of average grain size with volume fraction and diameter of precipitates has been
produced. Considering the solute drag effect in the Nb steel, the models by Fan and Cahn’s
theory fitted well with the experimental data.

5) The kinetics of Nb in solution can be characterized using a modified IMAK Equation
by f(t) = 1+ f; — exp(—kt™) . This model provides a quick and accurate method to

predict the amount of Nb in solution with the function of holding time.

6) The effect of solid solution of microalloyed elements on micro-hardness is
significantly higher than the negative effect of coarse grain size and solution of precipitates.
The micro-hardness for Nb steel is higher than that for Nb-Ti steel. The micro-hardness
curves as a function of isothermal holding times fit well with the Nb in solution curves for Nb
and Nb-Ti steels.

8.3.  Finish Rolling

A new thermomechanical controlled process route has been developed to obtain DIFT, which
was determined to be one of the most effective methods to refine the final grain size
combined with reducing the rolling force and improvement of the productivity. The study of
prior-austenite grain size, the precipitation behaviour, and their effects on the DIFT has been

discussed after deformation through the new TMCP, with the following conclusions:

1) As expected, the prior austenite grain size decreased with the increased strain for Nb
and NDb-Ti steels. When compared with the water quenched specimens, the grain size also
decreased after isothermal holding for 10s at the deformation temperature under the same

deformation strain, due to the increasing volume fraction of DIFT.

2) The spherically shaped SIP in the Nb steel were identified as NbC, while the cuboid
shaped precipitates in the Nb-Ti steel were (Nb,Ti)C. The volume fraction of SIP increased
with the increasing strain. The isothermal hold of 10s after deformation at 850 °C produced
more precipitation due to the increased time available for precipitation. In addition, the reheat
to 1200 °C increased the supersaturation of microalloyed elements in the matrix leading to a
slightly higher volume fraction and smaller diameter of SIP after finish rolling compared to

rough rolling with the same rolling parameters.

3) The prior austenite grain size was modelled by Sellars’ theory considering the strains,

which fit well with the experimental data. Hellman and Hillert’s modified Zener pinning
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model also provided a good prediction of the experimental data for volume fraction and
diameter of SIP for the Nb steel. However, the match was less good for the Nb-Ti steel
because of the error introduced by the formation of DIFT at the rolling temperature in this
steel.

4) DIFT occurred during finish rolling as a result of the introduction of the reheat at
1200 °C. The volume fraction of DIFT increased with the increasing applied strain and
isothermal hold of 10 s after deformation. The DIFT nucleated on and within the elongated

prior-austenite grains.

5) The increased volume fraction of DIFT during isothermal holding of 10 s after the one
pass deformation leads to the dynamic softening of microhardness. With increasing strains to
0.6, the effect of the grain size refinement strengthening on hardness became larger than the
opposing effect of DIFT, due to the low increasing rate of volume fraction of DIFT. With this

new TMCP, the final grain size could be refined to 1.4 pm.
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CHAPTER 9: FUTURE WORK

In this chapter, considering the outcomes from the whole project, the proposed further work
consists of three parts, these being the deformation textures after finish rolling, the controlled

cooling and the application in various steels.

9.1 The deformation textures

The present work is only focused on the recrystallization texture and how it rotated during
grain coarsening, but this has not been presented in the thesis. However, the effects of the
different finish rolling parameters on the textures have been neglected during this study.
Indeed, the analysis of the deformation textures in finish rolling section is important due to
the understanding of the recrystallization texture effect on the deformation textures. It is also
because the textures after deformation with the strain of 0.3 are different from the typical
deformation textures after rough rolling. It is not clear that the recrystallization textures delay
or change the orientation of the deformation textures.

9.2  Controlled cooling process

To analyse the microstructures and precipitation behaviour, the majority of the specimens
were water quenched immediately to room temperature after deformation or heat treatment,
to preserve the microstructures and have minimum effect of phase transformation on them.
Moreover, the water quenching is also the favoured option for the rolling parameters to
obtain the refined deformation grain size and maximum volume fraction of precipitates.
However, without controlled cooling combined with TMCP, the mechanical properties, like
elongation and toughness, could not satisfy the requirement of the application in industry.
Therefore, in the next step after optimized TMCP, controlled cooling will be analysed to

obtain a good combination of strength, toughness and weldability of microallyed steels.

9.3  Chemical composition

In this study, we only focused on microallyed steels, like Nb and Nb-Ti steels, to optimize the
microstructures after TMCP. After obtaining the satisfactory controlled cooling with
excellent mechanical properties, in the future, the new TMCP+control cooling could apply

for different steels, like twinning induced plasticity steels and ultra-high strength steels.
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10.1  Publications
P. Gong, E.J. Palmiere and W.M. Rainforth, “Dissolution and precipitation behaviour in
steels microalloyed with niobium during thermomechanical processing”, Acta Materialia 97
(2015) pp 392-403.
P. Gong, E.J. Palmiere and W.M. Rainforth, “Understanding the Precipitation behaviour and
the deformation-induced ferrite transformation in steels microalloyed with niobium during a

new type thermomechanical processing”, In preparation for submission to Acta Materialia,
2015.

10.2  Conference presentation

Peng GONG, Eric Palmiere, Mark Rainforth. MS&T14 International conference in Pittsburgh
(USA) Oct 2014.
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